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Abstract

Localized stress evolution associated with the interaction of slip or twinning with an interface
is treated by means of a superposition of the "internal loading” of a crystalline subsystem by
dynamic dislocation pile-up and the stress relaxation by climb of interfacial dislocations. The
peak value of a stress concentration factor depends on both the angular function that includes
the effect of mode mixity and the ratio of characteristic times for stress relaxation and internal
loading. The available experimental data on orientation and strain-rate dependences of
interfacial fracture mode in polysynthetically twinned TiAl crystals are discussed in view of

the theoretical concepts presented in this paper.
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Introduction

Strength and ductility of two-phase lamellar TiAl alloys depend on deformation
characteristics of the constituent phases and intricate interaction between deformation modes
and various interfaces. Within the past decade, because of the capability of growing the so-
called polysynthetically twinned (PST) crystals [1], there has been a significant advance in
understanding the role of interfaces in yield strength and ductility of two-phase TiAl alloys

with lamellar microstructures. In addition to y-o interfaces, a lamellar microstructure of a

PST crystal consists of three different types of intervariant y/y lamellar interfaces, i.e., (1)
true-twin boundaries, (2) pseudo-twin boundaries, and (3) 120° rotational boundaries. All of
these boundaries, especially when they are in semicoherent form, can act as sites for slip
and/or twin initiation [2]. The role of these lamellar boundaries as dislocation sources may be
partly responsible for the measurable ductility reported in two-phase lamellar TiAl alloys as

compared to single-phase y-TiAl alloys [3,4).

When a dislocation pile-up occurs against such an interface, as well as a high-angle grain
boundary, stress concentration at the interface may reach a level sufficiently high for either an
initiation of a deformation mode into the adjacent grain (or domain) leading to a Hall-Petch
type relationship, or a crack nucleation by the Stroh mechanism. Recently, Hazzledine and
Kad {5] discussed the orientation dependent yield and fracture stresses reported in PST TiAl
crystals {6] in terms of Hall-Petch and Stroh mechanisms. In view of the fact that all the

deformation modes in ¥-TiAl occur on {111} planes and the ideal cleavage (Griffiths) energy
is lowest on these planes, Yoo et al. [7] pointed out the importance of mode-mixity (I-II or I-
IIT) not only in crack-tip plasticity, but also in crack nucleation by stress concentration due to
a dislocation pile-up.

Most of modeling analyses for the stress concentration associated with a pile-up of
dislocations, including the above two cases [5,7], are based on a static equilibrium condition,
and as such these cannot be applied to treat dynamic or quasi-static aspect of a stress
concentration. The objective of this paper is to address time dependence of stress
concentration associated with a dislocation pile-up in the case of two-phase TiAl alloys, and
discuss interfacial structures and properties that control the kinetics of stress relaxation. The
change in fracture mode due to the strain-rate difference reported in the PST crystals of a soft
orientation [8] is also discussed in terms of the present analysis.

Stress Concentration by a Dislocation Pile-up

Static equilibrium distribution of a dislocation pileup was obtained by use of the concept of
continuously distributed dislocations with infinitesimal Burgers vectors [9]. The lattice
Burgers vectors to be considered are 1/2<110] of ordinary slip, <101] of superlattice slip,
1/2<112] of superlattice slip, and 1/6<112] of true-twining. When we consider an effective
barrier for a dislocation pile-up to be any one of the three types of interfaces mentioned above,
a wide variety of critical conditions for localized deformation and microcrack nucleation can
be envisaged, as schematically illustrated in Fig. 1. In Figure 1, the parts (a and b) indicate
that an interface can be a source and a sink of dislocations, (c) a site for slip transfer, (d or e)
for crack nucleation within the grain (or domain) or into the next grain (or domain), and
finally (f, g, and h) for microcracking along the interfaces. When the dislocation initiation,
absorption, and transfer at interfaces of Fig. 1 (a-c) are prevalent, this localized microplasticity

may lead to a relatively large elongation at failure, £¢. On the other hand, when the conditions
for crack nucleation of any one type of Fig. 1 (d-h) is satisfied before the localized
microplasticity sets in, the propensity of microcracking will be enhanced, thus ending up with

a relatively low value of tensile elongation at failure, &f.

The critical shear stress for microcrack nucleation under the static stress concentration due to
a pile-up of either slip or twin dislocations was given carlier {7,10], which includes the effect
of elastic anisotropy on dislocation line energy [11],




T = R (A/DV2{T/H(9)) 172, 1)

where A=Kb/2r, K the energy factor, b the magnitude of Burgers vector b, [ the pile-up
length, and I is the anisotropic surface energy. The dependence of stress concentration on the
angle, 0, as defined in Fig. 1 is given by

H (8) = (pefD)? + (pefm)? + (psfm)? @

where pe = Kesin2B/K, ps = Kscos2B/K, and B is the angle between b and the dislocation line
direction. The subscripts denote edge and screw components. The angular functions (fy, fi,
and fy) are identical to those of the elastic stress field of a crack tip, which have the well-
known analytic forms for the case of elastic isotropy [12). Effects of elastic anisotropy on
these angular functions were discussed earlier for TiAl [7], but these are neglected in this
paper for simplicity. Also neglected is the small tetragonality (~ 2%) of TiAl with the L1g

structure.
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Fig. 1 - Schematic illustrations of dislocation pile-ups agsinst
Y1/72 interfaces.
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Fig. 2 - Angular dependence of the stress concentration
at a (111) twin boundary due to apile-up of
1/2[110] dislocations on the (111) plane.

Figure 2 shows the angular term, H(8), for the case of a pile-up of straight (B =60°) ordinary
dislocations of b=1/2[110] on the (111) slip plane against an (111) interface which can be any
one of the three lamellar boundary types. Using the calculated elastic constants of TiAl [15],
we obtain the relevant energy factors for this case to be K = 79.4, Ke = 95.2, and Ks=59.9

in units of GPa. In Fig. 2, while the solid curve gives an overall angular dependence of H(0),
the two dashed curves show contribution from the edge component, be = 1/4[211], giving the

maximum of mode-I part at 6 = 70.5° and that of mode-II part at 6 = 0°. Contribution from
the screw component (mode-III), bs = 1/4[011), is relatively small as can be discerned from

the difference between the top two curves in Fig. 2. The role of mode-II part in lowering 1 is

very important, particularly at low angles (e.g., & < 60°). This importance of mode mixity in
microcrack nucleation at the head of a dislocation pile-up was discussed earlier {7].

The surface energy, I', in Eq. (1) is dependent upon crystallographic orientation, not as a

continuous function of 0, but diSéontinuously having sharp low-energy cusps along some low
index {hkl} planes, e.g., (111) and (100) in TiAl [16]. Therefore, the critical shear stress for a

pile-up of ordinary dislocations in y; intersecting an (111) interface along the [011] direction

depends on the angular dependence of the ratio, I'/H, within the adjacent 5 domain(or grain)
or along the interface [17]. For example, if the interface under consideration is that of a true-
twin boundary, then the acute angle between the slip plane and the interface is the same (see

Fig. 1), i.e., W1 = W2 = 70.5° which gives 0 =t - 2y = 39.0° (see Fig. 1(e)). This results in
the low (111) surface energy, I' = T'(111) = 2.25 J/m? and H = 1.05 for translamellar
microcracking in y2. In the case of Fig. 1(f) for interlamellar microcracking, T in Eq. (1)
should be replaced by I' = G¢/2, where the cohesive energy of the interface is Ge = 2111y - T

with T'y = 60 mJ/m2 [15]. These give I' = 2.22 J/m2 and H = 1.12 at y = 6 = 70.5°.
Therefore, as far as the energetic criterion for microcracking at a true-twin interface is

concerned, crack nucleation along the interface is slightly more favored (i.e., 1 is lower by
6%) than cleavage initiation on the (111) plane of Yy, domain in twinned orientation.




ffective Barriers for a Dislocation Pile-

When a leading dislocation of the 1/2[110]}(111) ordinary slip system approaches an interface,
it is elastically repelled from, or attracted to, the interface depending on the difference in
elastic moduli between two phases or an elastic anisotropy effect in the case of a single phase
[10,17]. Regardless of the sign of this elastic interaction force, however, the leading
dislocation is eventually incorporated into the interface owing to the repulsive forces exerted

by the trailing dislocations of the same type.

Two possible dislocation reactions for incorporation of an ordinary dislocation into a true-
twin interface are

1/2{110); —> 1/2[110) + 2by, 3)
1/2[110); —> 1/2[101] + by, @

where the subscripts 1 and 2 denote y; (matrix) and y2 (twin), and the resultant partial
dislocations created at the interface are either by = 1/6[112] of true-twinning, or bp = 1/6[211]
for pseudo-twinning. The simple Frank's rule indicates that both reactions are energetically
unfavorable because they require an increase in elastic line energies. In the reaction by Eq.
(3), 2y would decompose spontaneously into two individual true-twinning partials, of which
mobility is expected to be high on the (111) coherent twin boundary. Whereas, in the reaction
by Eq. (4), the resulting superpartial dislocation, 1/2[101], would have to trail an (111)
antiphase boundary (APB) until the subsequent incorporation process of the second ordinary
dislocation takes place. In addition, if the mobility of pseudo-twinning partials on the twin
boundary is lower than that of true-twinning partials, then the first reaction, Eq. (3), is more
likely to occur than the second, Eq. (4).

The example described above, involving a coherent true-twin boundary interface, produces
resultant partial dislocations with Burgers vectors lying in the interface. In general, however,
the interfacial partial dislocations resulting from incorporation process has a Burgers vector
pointing in an inclined direction with respect to the interface as schematically shown in Fig. 1
(c). Consequently, in this general case, the dynamic aspect of the stress concentration by a
dislocation pile-up against an interface is critically controlled by climb mobility of these

interfacial dislocations.
Time-Dependent Stress Concentration

If the stress relaxation by climb of interfacial dislocations is considered as an "interfacial
diffusion process,"” then the earlier solution of an overall evolution of the local normal stress
by a linear elasto-diffusion approach [14] may be applicable. It should be emphasized here
that the climb process of interfacial dislocations is possible not only by long-range diffusion
of constituent Ti and Al atoms at elevated temperatures, but also by localized atomic
rearrangement in the interfacial dislocation core strucure under the influence of stress
concentration even at room temperature. Figure 3 shows a solution obtained earlier [13] with

H=1and o =109. The numerical factors involved are defined as follows: o =t/t;, A =1/d,
and 1 = t/t;, where A is a distance from the barrier normalized to the interspacing (d) of such
barriers, 1 is a time normalized to the characteristic time for internal loading (t;) and t, is the
characteristic time for stress relaxation. The peak stress (c*), the absolute maximum of o(A,
1), is 0%/6oe = 0.79 Ha 1%, which occurs at t* = 2.9. Here, 0. denotes the far-field applied
stress. The peak value of stress concentration factor, 6/G.., will reach 7.9 when it is assumed
thatH=1and a=10%. For 6* > 8 G, the necessary condition is &> 106,

The characteristic time for internal loading, t;, is conceptually easier to assess than that of

stress relaxation. At low temperature, T < 0.4Ty (T, is the melting point), where long-range
diffusion is negligible, § may be assumed to be inversely proportional to the mobility of




lattice dislocations in a pile-up. Unless the localized microplasticity (see Fig. 1 (a-¢)) occurs

readily, a relatively small t; together with a large t; causes an extremely high value of a. In
the meantime, it is physically reasonable to assume that t; is also inversely proportional to the
applied strain rate, €. Therefore, the effect of applied strain rate on the peak value of dynamic
stress concentration is expected to play an important role at room temperature.
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Fig. 3 - Spatial and temporal evolution of the localized normal stress
(from Ref. [13]).

Discussion and Summary

Because of the lack of information on mobilities of lattice and interfacial dislocations,
quantitative analysis of time-dependent stress concentration and its role in microcrack
nucleation in TiAl are difficult to establish. According to the recent atomistic simulation
study [18], the 'ideal’ friction stress for a <101] superdislocation with the planar core structure
is to range from 0.001-0.002p (i is the elastic shear modulus) at 0 K, which depends on the
line orientation. The friction stress for a 1/2<110] ordinary dislocation is consistently higher

than that for a superdislocation. - This difference implies that the & value associated with a
pile-up of superdislocations is expected to be higher than that of ordinary dislocations. As for
mobility of interfacial dislocations, the in situ straining transmission electron microscopy
observation by Couret et al. [19] indicates that, in addition to an apparent friction stress at
room temperature, the mobility of true-twinning partials is controlled also by pinning of the
partials on small ‘extrinsic obstacles,’ such as Frank dislocations resulting from the interaction
between the partial and an ordinary dislocation.

In the remainder of this paper, a discussion of the experimental results by Oh et al. [8] is given
in view of the theoretical concepts developed in the sections above. Figure 4 shows a

schematic drawing of their results in the case of PST TiAl crystals in a soft (¢ = 31°)
orientation under the same environmental condition at room temperature. When the applied

strain rate in tension was € = 2 x 104 571, the fracture mode was an interlamellar type along
the (111) y/y interfaces parallel to the op/y interfaces, as shown by Fig. 4(a), and the tensile

elongation was 16%. When the strain rate was increased to & = 1 x 10-! s-1, the fracture mode
was changed to a translamellar type (Fig. 4(b)), which occured with nearly a factor of two

increase in ductility of &r =30 %.
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Fig. 4 - Schematic illustrations of the change in fracture mode in PST TiAl crystals

of soft orientation (¢ = 31°) with two different strain rates under the same
environmetal condition at room temperature (based on Ref. [8]).

As far as the energetic aspect of cleavage fracture is concerned, the interlamellar cleavage
(Fig. 4(a)) may be related to the reduced interfacial energy by hydrogen segregation and the
mixed-mode (I-II-III) effect. The change in fracture morphology to a translamellar type that
occured by changing the strain rate to a higher value (Fig. 4(b)) can be rationalized in terms of
the kinetic aspect of interfacial crack nucleation and propagation in the following two views:
(a) kinetics of hydrogen embrittlement and (b) dynamics of stress concentration. First, the
case of Fig. 4(a) is considered to occur simply due to hydrogen embrittlement effect, where

segregation and migration of hydrogen atoms along the planar y/y interfaces parallel to the

ofy interfaces was effected under the low strain rate. This suggests that the case of Fig. 4(b)
is the energetically more favorable one, but it did not happen because the applied strain rate
was too high for the kinetics of hydrogen embrittlement become important. Second, the
additional factor pertaining to the dynamic aspect of stress concentrarion is that, in Fig. 4(b),

the increase in strain rate might have raised o (lower t;) and the normal stress (G) to those Yy
interfaces approximately perpendicular to the lamellar boundary, resulting in the translamellar

cleavage. When the strain rate was low (Fig. 4(a)), giving too low an o value leading to an
insufficient peak stress (0*) for the translamellar fracure, the interlamellar cleavage occurs

with the help of the mode-II componet of applied stress (0). The above two viewpoints are
strongly complementary, not competitive.

In summary, with regard to the stress concentration associated with a dislocation pile-up
against an interface, the role of energetic barriers estimated on the basis of linear elasticity is
relatively unimportant as compared to that of kinetics of the dislocation reaction resulting
from the leading dislocation. In other words, how effectively the reaction products move
away from the site of intersection is far more crucial to whether or not the following
dislocations can be incorporated into the interface. Further research is needed to understand
effects of temperature and strain rate on the climb mobility of intrerfacial dislocations that
influence the intrinsic brittle-to-ductile transition behavior.
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