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Abstract

Stress corrosion crack (SCC) growth rate tests and analytical electron microscopy (AEM)
studies were performed over a broad range of environments and heat treatments of Alloy 600.
This effort was conducted to cormelate bulk environmental conditions such as pH and
electrochemical potential (EcP) with the morphology of the SCC crack. Development of a
“library’ of AEM morphologies formed by SCC in different environments is an important step
in identifying the conditions that lead to SCC in components. Additionally, AEM examination
of stress corrosion cracks formed in different environments and microstructures lends insight
into the mechanism(s) of stress corrosion cracking. Testing was conducted on compact tension
specimens in three environments: a mildly acidic oxidizing environment containing sulfate ions,
a caustic environment containing 10% NaOH, and hydrogenated near-neutral buffered water.
Additionally, stress corrosion cracking testing of a smooth specimen was conducted in
hydrogenated steam. The following heat treatments of Alloy 600 were examined: mill annealed
at 980°C (near-neutral water), mill annealed at 1010°C (steam), sensitized (acid and caustic),
and mill annealed + healed to homogenize the grain boundary Cr concentration {caustic).

Crack growth rate (CGR) testing showed that sensitized Alloy 600 tested in the mildly acidic,
oxidizing environment containing sulfate ions produced the fastest cracking (~ 8.8 um/hr at
260°C), and AEM examination revealed evidence of sulfur segregation to the crack tip. The
caustic environment produced slower cracking (~ 0.4 pm/hr at 307°C) in the mill annealed +
healed heat treatment but no observed cracking in the sensitized condition. In the caustic
environment, fully oxidized carbides were present in the crack wake but not ahead of the crack
tip. In near-neutral buffered water at 338°C, the CGR was a function of dissolved hydrogen in
the water and exhibited a maximum (0.17 unvhr) near the transition between Ni and NiO
stability. The cracks in near-neutral hydrogenated water exhibited Cr-rich spinels and NiO-type
oxides but no significant oxidation of grain boundary carbides. No clear effect of dissolved
hydrogen on the crack wake morphology was apparent. In hydrogenated steam testing of a
smooth specimen (CGR estimated as ~ 0.7 pm/hr at 399°C), metallic nickel nodules were
evident in both the crack wake and on the specimen surface. Oxide particles having a similar
size and shape to the microstructural carbides were found in the crack wake, suggesting that
these particles are carbides that were oxidized by contact with the steam. The present results
show that different environments often produce unique crack tip morphologies that can be
identified via AEM.



Introduction .

Stress corrosion cracking (SCC) of Alloy 600 occurs under a variety of environmental
conditions at elevated temperatures (e.g., 260 to 399°C). An excellent review of these SCC-
susceptible environments has been provided by Stachle [1]. As part of this review, Stachle has
organized Alloy 600 SCC in the context of the Pourbaix diagram for nickel, and has identified
eight zones of SCC susceptibility, as shown in Figure 1. The present paper reports data from
SCC tests conducted within three of these eight zones: (i) mild acidic-oxidizing, (i1) alkaline-
slightly oxidizing and reducing, and (iii) broad pH-reducing (also referred to as low potential
stress corrosion cracking, LPSCC). Although some comparison will be made in this paper as to
the SCC propensity between these zones, the primary focus of this effort is to contrast
Analytical Electron Microscopy (AEM) morphologies between the zones. Breummer ef al. [2]
have pointed out the importance of characterizing the AEM morphologies of crack growth rate
specimens from tests with controlled environmental conditions. Development of a ‘library” of
AEM morphologies formed by SCC in different environments is important for interpreting the
results of AEM studies performed on cracks in components exposed to time-varying
environments, such as the steam generator tubing evaluation performed in [2]. A comparison
between the AEM morphology of a cracked component and the ‘library’ of AEM morphologies
from controlled environmental conditions may assist in determining the SCC-inducing
environment(s).
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Table I Composition of Alloy 600 Heats NX5853G11 and E8426 (wt. %)

Heat Ni Cr Fe C P, Mn Si Cu Al Ti B S

TTX5853G11 7540 1554 776 007 0007 025 029 0.11 0.17 035 0003 <0.001

E8426 7634 1542 683 005 0012 024 053 001 023 024 0005 0.006




Table I Heat Treatments of Alloy 600

Avg. grain
Designation Heat Treatment Heat Microstructure diameter Ly
() MY
As-received ~ 0.2 pm carbides (M,Cs)
MA™ Mill annealed (MA) NX5853G11 ~ 200 nm Cr depleted zone 25 314
at 980°C (Cr ~ 10-13 wt%)
MA +980°Cfor7 (x5 ~0,5 wm carbides (M-Cs)
Healed days — water quench 833G11 No Cr depletion near boundaries 25 262
MA + 980°C for 7 ~0.5 pm carbides (M;Cs)
.. days — water quench +~0.05 pm M3 Cq carbides
Sensitized " (rocfor7s oG 150 am Cr depletion zone 25 N/A
hours (air cool) (Cr~7-12 wtls)
1010 1010°C for 1 hour ~0.5 pm carbides (M','Ca)
MA with water quench E8426 low carbide coverage 82 262
Crack Growth Rate Testing

SCCGR tests were conducted in three Pourbaix diagram (EcP-pH) regimes of SCC
susceptibility: (i) mildly acidic pH (~ 5.1) with an oxidizing EcP (~ +140 mV versus the
Standard Hydrogen Electrode (SHE)) containing sulfate ions, (ii) alkaline pH' (~ 10.0) with a
slightly reducing EcP (~ -960 mVsgg), and (iii) near-neutral pH (~ 6.7) at a range of relatively
reducing EcPs (~ -670 to -780 mVsee)®. Note that condition (iii) is analogous to the LPSCC
regime described by Staehle. In the near-neutral pH environment, nine separate tests were
performed, each at a unique dissolved hydrogen concentration between 1 and 120 cc H;
(STP)/kg H,0O (i.e., 0.6 to 68.7 kPa)®. The experimental details of the testing at different
hydrogen levels have been given previously [6]

A summary of the environments and heat treatments used in this study is given in Table OI. It
is noted that all EcPs were produced by controlling dissolved gas concentration.

Table Il Summary of Test Conditions Used in this Study

Environmental T Heat n  EcP¥ Dissolved
Condition (°C)  Treatment pH' (mVsar) Gas CGR (pm/hr)
Mildly acidic . :
oxidizing with SOZ 260 Sensitized 5.1 +140 £ ppm O; 88
Caustic 307 Healed 10.0 -960 N:-deaerated 2041
307 Sensitized 100 -960 N,-deaerated No SCC observed
70 to 110120  0.05¢00.17 (K = 27.5 MPavm)
~ 3 580 _ -6
Near-ncutral 33 MA 67 780  scokgH®  0.17100.46 (K = 66 MPavm)
Hydrogenated steam 399 MA™® 67 -390 S rafh¥ 0.7
steam {(approximate)

Notes: The 399°C steam pH was assumed to be ~ 6.7; the pH of the starting water in the steam test was identical
1o the buffered water used in the near-neutral tests — the actual pH in the steam phase is not known. The EcP for
the steam test was calculated as a hydrogen electrode with the assumed pH and a hydrogen fugacity of 83 kPa.

All SCCGR tests were conducted with air fatigue precracked compact tension (CT) specimens.
Testing in the healed and sensitized heat treatments (i.e., mildly acidic oxidizing and alkaline

! Reported pH values were estimated by MULTEQ for the pH at test temperature.

2 The EcPs for conditions (i) and (iii) were measured using an Fe/Fe;O,4 reference electrode. The EcP for condition
(i) was estimated by assuming a hydrogen electrode with 0.1 cc/kg dissolved hydrogen. '

31 1o 120 cc H (STPY/kg HoO (i.e, scc/kg) corresponds to a hydrogen partial pressure range of 0.6 to 68.7 kPa,
using a Henry’s Law constant [7] of 0.57 kPa/(scc/kg).



tests) was performed with 0.4T CT specimens at an initial stress intensity factor of 27.5
MPavm. Testing in the MA®® heat treatment (i.e., near-neutral pH tests) was performed with 1T
CT specimens at initial stress intensity factors® of either 27.5 or 66 MPavm. The alkaline test
was conducted in a static autoclave with bolt loaded specimens. All other testing was
conducted in high flow rate recirculating facilities [3] with a constant load applied by a servo-
electric actuator. Gentle load cycling (R of 0.7, 0.01 Hz, sinusoidal waveform) was also
utilized in the acidic, mildly oxidizing test.

SCC Testing in 399°C Hydrogenated Steam

Steam testing was conducted with a smooth specimen subjected to manufacturing-induced
residual stress. Due to the uncertainty in the actual level of residual stress present, a
quantitative value of the stress on the specimen is not available. The specimen was exposed to

399°C steam having a hydrogen partial pressure of 83 kPa for 615 days.

AEM Examinations. The AEM specimen preparation process for the cross-sectional
examination of cracks has been described previously [8], and has been used in several other
investigations [4, 8-13]. As shown in Figure 2, sectioning is performed to obtain a piece of the
test specimen containing the SCC crack. After sectioning, mechanical grinding is conducted,
followed by dimpling and ion milling (with argon ions) to form an electron transparent foil.
The surface oxide preparation was performed by grinding an oxide-covered specimen from the
substrate side to reach a depth of 75 to 125 pm. The oxide is then covered with electroplater’s
stop-off lacquer and electropolishing is conducted to remove the remainder of the substrate.
Once the oxide is perforated by the electropolishing, the stop-off lacquer is removed using
acetone; the surface oxide is then examined by AEM and x-ray diffraction. The AEM
examinations were performed using a Philips CM 300 instrument with a LaBs filament,
operated at 300 keV.

* Linear elastic fracture mechanics is non-valid for a 1T CT specimen at the load associated with a pseudo stress
intensity factor of 66 MPavm or for a 0.4T CT specimen at a psendo stress intensity factor of 27.5 MPavm.



Results

Crack Growth Rate Testing

The Alloy 600 crack growth rates observed in this study in each of the environments investigated
are shown in Figure 3 and are summarized in Table IIL

Mildly acidic, oxidizing. Thé mildly acidic, oxidizing environment exhibited the most rapid
SCCGR (8.8 um/hr). This rapid crack growth occurred for Alloy 600 in the sensitized heat
treatment, with significant grain boundary Cr depletion. It is interesting that of all the
environmental and heat treatment conditions tested in this study, the fastest SCCGR occurred at
the lowest test temperature, even though Alloy 600 SCC susceptibility at near-neutral pH and
low potentials increases with temperature following an Arrhenius thermal activation energy of ~
36 kcal/mol [14]. This result underscores the fact that while temperature is an important driving
force, SCC of Alloy 600 is also strongly affected by EcP and pH (as well as material condition),
as implied by the Pourbaix diagram in Figure 1. Another interesting aspect of the mildly acidic
oxidizing test was that under pure constant load, it was difficult to incubate cracking (i.., to start
measurable crack growth) and to maintain cracking once it started. Upon initial heatup to 260°C,
under constant load, crack monitoring via reversing direct current electrical potential drop (EPD)
indicated rapid crack growth (3 pm/hr). However, this rapid SCCGR was sustained for only 15
hours and cracking did not re-start during 35 additional hours of constant load exposure.
However, rapid crack growth at a slightly higher rate (~ 5 pm/hr) was immediately re-started
upon the application of a gentle cyclic load (R of 0.7, 0.01 Hz, expected fatigue CGR
component’ of ~ 0.2 pumv/hr). When the cyclic load was subsequently transitioned to constant
load, this rapid SCCGR was sustained for several days until the load was removed.

Caustic. In the alkaline environment (10 % NaOH, pH of ~ 10.0, EcP of ~ -960 mVgyg), SCC
did not oceur for Ailoy 600 in the sensitized heat treatment. However, the material which was
_ heat treated to homogenize the grain boundary chromium level to bulk values (i.e., the healed
heat treatment) readily cracked in this environment, at a crack growth rate’ of > 0.41 um/hr.

Near-neutral hydrogenated. Details of the CGR tests in the near-neutral buffered environment as
a function of dissolved hydrogen concentration (i.e., conducted over a range of reducing EcPs)
are provided in [6]. Consistent with other studies [15], these tests showed a maximum CGR with
respect to dissolved hydrogen concentration (Figure 3). At 338°C, this maximum CGR (~ 0.5
um/hr at 66 MPavm and 0.17 um/hr at 27.5 MPavm; see inset of Figure 3) occurs at ~ 30 scc/kg
for MA®® Alloy 600. This maximum in susceptibility coincides with the Ni/NiO phase
transition; thus, Reference [6] concluded that the dissolved hydrogen level SCCGR functionality
is fundamentally quantifiable by the extent that the corrosion potential of the metal deviates from
the corrosion potential of the Ni/NiO phase transition.

SCC Testing in 399°C Hydrogenated Steam. A maximum crack depth of approximately 0.89 cm
was measured via post-removal destructive evaluation. Cracking was first detected on the
surface during an interim inspection at 43 days, and the total test time was 615 days. Assuming
the time for crack growth to be 572 days (i.e., subtracting the crack incubation period), an
approximate crack growth rate of ~ 0.65 um/hr was calculated.

® Fatigue CGRs were ¢stimated from EPD measurements at 66°C on the same specimen.
5 Gince this bolt loaded specimen was nof instrumented, the actnal time to incubate crack growth was nnknown.
Thus, the CGR is reported as greater than or equal te and the value was calculated using zero incubation time.



AEM Examinations

Cross-sectional AEM examinations were conducted on specimens from the four environments
tested, predominantly focusing on the SCC crack and the bulk surface oxide. The results are
summarized below.

Mildly Acidic, Oxidizing Condition. As shown in Figures 4 through 7, the crack was found to
preferentially propagate intergranularly along the carbide-matrix interfaces. This finding is
consistent with expectations, since the Cr-depleted zone adjacent to the carbides should be the
preferred crack path in a reduced pH environment’. The carbides were intact, with no significant
carbide oxidation, as shown in Figures 5, 6, and 7. Evidence that the carbides have not been
oxidized is given by the parallel markings in the carbide particles, which are planar faults
commonly observed in Cr7Cs. The presence of non-oxidized carbides is consistent with prior
work under acid sulfate conditions [8]. The oxide in the crack typically exhibited a fine-grained
structure which resulted in a ‘speckled’ appearance (Figures 5 and 6), but certain regions also
exhibited an acicular structure as shown in Figures 6 and 8. Electron diffraction patterns from
the oxide index to NiO-type and to an unidentified textured phase are shown in the inset of

Figure 8.

In this specimen, the oxide in the crack was relatively thick (e.g., Figure 8) compared to
specimens tested in near neutral hydrogenated water or steam, for example. The oxide
completely filled wide portions of the crack. The thick oxide is believed to be further evidence
of appreciable corrosion within the crack. Sulfur was frequently found to be associated with the
oxides within the crack, as shown by the energy dispersive spectroscopy (EDS) spectrum in
Figure 9. However, sulfur was not detected in the oxides on the bulk surface as shown in Figure
10 (note that the electron diffraction pattern from this area indexes to CrOOH, as shown in
Figure 10). This observation is consistent with work by Andresen and Young [16], which
showeg that in an oxidizing environment, anions will concentrate in the crack due to a gradient
in EcP”.

7 In an oxidizing environment with anion contamination the pH in the crack is lower than the bulk pH [16]. This
situation occurs because a gradient in EcP exists from the crack mouth (aerated) to the crack tip {(deaerated).

® In an acrated envi;onment, the crack tip has been shown to be deaerated [16]; the resulting EcP gradient along the
crack concentrates anjons at the tip. Anion concentration has been confirmed by crack tip microsampling [16].



10% Caustic Condition. Figure 11 shows a portion of the IG crack formed in this environment.
This region of the crack propagated around a carbide and a triple point near the upper right of the
photo. The darker portion on the left is CrsC;, while the lighter portion on the right has been
oxidized to form Cr;0s. The oxidized portion of the carbide is enriched in Fe and Ni relative to
the non-oxidized portion of the carbide and shows trace levels of Na. Figure 12 shows a
somewhat similar observation for a different carbide. In this case, the fine-grained, ‘speckled’
region on the left is Cr-rich oxide, while the lighter area with some evidence of parallel planar
faults running right to left is Cr,C; as seen in the electron diffraction pattern to the right of
Figure 12a. Figure 12b shows the EDS signal from the oxidized portion of the carbide showing
a high level of chromium, oxygen and increased Fe relative to a non-oxidized carbide. Note that
there is no Na observed at this location. In this case, the oxidized portion of the carbide exhibits
a spinel structure’, as shown by the diffraction pattem to the left of Figure 12a (note that the
diffraction rings are quite diffuse, however). The oxide in the crack away from the carbides 1s
shown in Figure 13. An array of Cr-rich crystallites containing Ni, Fe, Ti and a small Na signal
are seen. The electron diffraction pattern obtained from the region can be indexed to a spinel
structure. However, the rings are quite diffuse for crystallites 50-100 nm in size.

Carbide oxidation is believed to be caused by contact with the water in the cracks. The extensive
oxidation of carbides in the crack wake is generally consistent with the AEM work performed by
Thomas and Bruemmer [17] on cracked Alloy 600 tubing taken from the Oconee #3 plant.
However, one apparent difference is that the present work in a caustic environment revealed no
evidence of a layered, “onion-skin” morphology that was often present in the oxidized carbides
in the Oconee cracks (Figure 14). This observation implies that perhaps the layered morphology
observed by Thomas and Bruemmer [17] may result from repetitive carbide oxidation during
multiple plant cycles, which are not present in the laboratory testing,

An additional finding in this test is that the specimen surface contains Ni nodules in the metailic
(i.e., non-oxidized) form, as shown in Figure 15. All of the testing in this study was conducted
in stainless steel autoclaves, with the exception of the caustic testing, which was conducted in a
nickel autoclave. Given this difference in vessel materials, it is expected that the environment is
saturated with respect to nickel ions in the caustic testing, but not in the other aqueous test
environments, This fact helps explain the extensive presence of Ni-rich deposits on the surface
of the caustic specimen, but does not explain why the Ni was present in the reduced (i.e.,
metallic) form. This result is unexpected since the test environment was nitrogen-deaerated,
which should produce an EcP slightly electropositive to the Ni/Ni1O phase transition. This result
is not understood at present; however, it is possible that hydrogen buildup occurred during the
test since the caustic testing was conducted in a static nickel autoclave. It is noted that the crack
itself contained oxide, but did not contain the metallic nickel observed on the surface. The
reason for different findings on the surface and within the crack is not understood at present.

‘A spinel structure refers to an oxide.with the general formula Ni,_.Fe,Cr,.,Fe,Q,.



Near-Neutral Hydrogenated Water. The appearance of the SCC crack tips and crack wakes in
the near-neutral buffered water were very similar for samples tested with 35 scc/kg H, (0.23
um/hr) and 120 scc/kg Hy (~ 0.07 pm/hr), even though the crack growth rates differed by a
factor of 3X. In each sample, multiple SCC cracks initiated from the fatigue precrack. In the
near crack-tip region (< 1 pum from the tip) the crack was relatively full of oxides, while the
oxides were intermittent farther in the wake. Tt is unclear whether or not environmental exposure
or sample preparation affected the distribution of the oxide in the crack wake.

The near-neutral hydrogenated water specimens exhibited sharp crack tips with crack tip radii ~
2-3 nm and good registry between matching halves of the fracture surface indicating that very
little general corrosion had occurred (Figure 16). The crack path was truly intergranular with no
evidence of cracking along slip planes or off the grain boundary and proceeded around Cr,Cs-
type carbides. In the crack wake, a thin layer of oxide on the carbide was commonly observed,
both on the surface adjacent to the crack and between the carbide and the substrate (Figure 17),
consistent with prior AEM work [2,4] in near-neutral hydrogenated water. As shown in Figure
17, the oxide layer on the carbides exhibits a thickness up to ~ 20 nm. This thin oxide layer is
Cr-rich, but efforts to obtain a valid diffraction pattern from this phase have been unsuccessful to
date. Note that the thin layer observed between the substrate and the carbide is often associated
with small secondary cracks on the substrate side of the carbide. No oxidation of carbides ahead

of the crack tips was apparent.

The crack tip and crack wake oxides consisted of NiO-structure and spinel-structure oxides. It is
important to note that, consistent with prior AEM findings [4], both iron and chromium were
observed in the NiO-structure oxide (i.e. (Ni, Cr, Fe)O). Both iron-rich spinels (e.g., NiFe;O4)
and chromium-rich spinels (e.g., NiCr,O4) were observed, with the Cr-rich spinel being the most
common spinel form observed. The high resolution AEM image in Figure 18 shows a
chromium-rich, spinel-structure oxide embedded in the NiO-structure oxide near the crack tip of
the specimen tested in 120 scc/kg hydrogen.

No clear evidence of internal oxidation of the microstructure was apparent, either ahead of the
crack tip or on small cracks emanating from the main crack. Additionally, no evidence of voids
ahead of the crack tip was observed.

Although there were no discernible differences in the AEM morphology between the specimens
tested at 35 and 120 scc/kg, it is possible that morphology differences might result if a specimen
tested at a much lower hydrogen concentration, well into the Ni oxide stability regime, were
examined by AEM. Such specimens have not been examined by AEM methods to date.



399°C Hydrogenated Steam Condition. A noteworthy aspect of this specimen, as shown via
scanning electron microscopy (SEM) photographs, is the presence of metallic Ni nodules on the
specimen surface (Figure 19), and along most of the crack wake (Figure 20). The nodules were
verified to consist essentially of Ni via EDS, and the phase identification was performed by
micro-diffraction, as shown in Figure 21. The Ni nodules have not been typically observed on
specimens examined by AEM [4,8-13]. Their presence in this specimen may be due to the
reducing nature of the environment (i.e., Prydrogen Of 83 kPa). Also, the precipitation kinetics may
be affected by the steam and/or aqueous environment. The environment may be saturated with
respect to nickel ions in this case (similar to the caustic case described above), since the nickel
ions cannot diffuse away into the bulk water as they can in an aqueous test environment.
Interestingly, as one moves along the crack wake in the direction of the crack tip, the Ni nodules
are no longer present (Figure 22). The reason for the absence of the Ni nodules in the near crack
tip region is not known. It is possible that the conditions are less reducing near the crack tip. It
is also conceivable that this observation may be related to formation kinetics (i.e., the time
available for precipitation is lower near the crack tip since this is the most recently created
surface), or perhaps to the access of steam and/or condensed water to the crack tip region.
Additionally, it is possible that capillary action affects the condensation of steam, which might
affect the Ni nodule formation within the crack.

The Ni nodules are believed to form via a reprecipitation process, rather than via dealloying.
Key supporting evidence is shown in Figure 21, in which twinning is evident within the metallic
Ni nodules, with no clear orientation relationship to the base metal. In other words, the twins do
not appear to have been formed in the base metal followed by dealloying of Cr and Fe, but
rather, the Ni appears to have reprecipitated on the surface, forming twin boundaries in the
metallic nickel which are independent of the base metal orientation.

The bulk surface oxide (Figure 25) exhibits a spinel structure with faceted crystallites. The large
crystals are NiFe,O4 and the smaller crystals are NiFeq.Cr204 (with Ni metal precipitates also
occasionally observed). These structures are similar to that observed for the bulk oxides in near-
neutral hydrogenated water, though Ni metal was not found on the surface of those samples.

Another unusual aspect of this specimen is the presence of single crystal oxide particles found
along the crack wake, as shown in Figure 23a. These single crystal oxide particles exhibit a
spinel structure. It is believed that these particles represent oxidized carbides, but the evidence is
not definitive. Key evidence supporting this view is that the general size and shape of the oxide
particles is similar to the size and shape of the microstructural carbides (Figure 23b). However,
as shown in Figure 24a, these particles contain apprectable Fe and Ni which 1s not present in the
microstructural chromium carbides, as shown in Figure 24b (note that the EDS spectra for the Ni
metal precipitate and the alloy matrix are included for companson in Figures 24c and 24d,
respectively).

It is not obvious how these oxide particles could have formed via carbide oxidation, given the
significant level of iron and Ni present. However, partially and fully oxidized carbides found in
the caustic environment that contain fine-grained polycrystalline chromium-rich oxides also
show increased Fe compared to the non-oxidized carbide. Note that in the steam test, no
partially oxidized carbides were observed, albeit for only a limited number of grain boundaries
examined (the presence of partially oxidized carbides is believed to represent the most definitive
way of determining whether a given oxide particle was initially a carbide). If the judgement that
these oxide particles represent oxidized carbides is correct, then this observation is generally
consistent with the presence of oxidized carbides in AEM specimens taken from the superheated
region (ie., the steam phase) of Oconee {17]. It is possible that in both cases (i.e., laboratory



steam and the superheated region of Oconee), a steam environment may have promoted the
oxidation of microstructural carbides in Alloy 600. However, there are some differences
between the oxidized carbides in the steam test and in the Oconee cracks. For example, a
layered, ‘onion-skin’ morphology was not observed in the oxidized carbides from the steam test.
Also, the oxidized carbides in Oconee consisted of fine-grained CryO;, while the oxidized
carbides in the steam test consisted of single crystal spinel oxides. Some of these differences
may be related to the higher temperature of the steam test (399°C), which may promote more
rapid carbide oxidation kinetics.



Discussion

Summary of Findings

A key objective of this study was to identify distinguishing characteristics, or ‘signature’ features
in the AEM morphologies developed in different environments. Distinguishing characteristics
and data related to both crack and surface oxides are summarized in Table IV for each

environment-material condition tested.

Table IV Summary of Characteristic Findings for Each Environmental Condition

Test Heat Distinguishin Crack Ozxide Bulk Surface Oxide
. Euising Characteristics and Characteristics and
Environment Treatment Features C e o
omposition Composition
sCarbides not +Oxide more voluminous sAcicular Cr and Cr + Nirich
Acidic, oxidized than for other conditions oxide
mildly Sensitized S associated eSulfur associated with crack  «XRD shows CrOOH
oxidizing with crack oxide {(substituted} + NiO
(260°C) oxidesbutnot  eComparatively higher % Ni  eSulfur not associated with
surface oxides  in oxide compared to canstic  surface oxide
«Fully and *Oxidized carbides are either
Caustic partially CI'QQ} 01.. spinel slmcFure oNi metal on surface (Ni metal
o Healed <1 *Oxide in crack Cr-rich .
(307°C) oxidized . not seen in crack)
carbides eNa sometimes cbserved
associated with crack oxide
Catitenon o o
i 3 L N
Near-neutral, Mili oxidized size, with occasional blocky oCr.nch spinel inner layer
anncaled at  eNo clear effect . * NiFe,0, outer layer —
hydrogenated 980° . 50 nm crystallites .
o 80°C of dissolved H, . blocky, faceted crystallites
(338°C) (MA™)  (between35and *CrTich layer (2-20 nm) occasional Cr,0;
120 scc/kg Hy) between carbide/matrix along
81z crack wake
sNinoduleson  *Single crystal spinels that
. surface and in appear to be oxidized . o
Hydrogenated a:mI:Ialﬂid ot most of crack carbides :g;ncg spmtei 1lnaner Iaﬁr
steam lojoec  *Simglecrystal  eMetallic Ni nodules except o t:z 4 osutaiiteyer ~blocky,
(399°C) (MA!®%)  spinel particles  near the crack tip o tam"ri,, duj
(likely oxidized  eCr-rich oxides away from ctatic NI nodules
carbides) carbides

Note: In ail cases, the crack path was intergranular, and propagated around grain boundary carbides.

To identify distinguishing characteristics for different environmental

conditions, the

environmental parameters were divided into four categories (oxidizing and reducing potentials,
high and low pH). A discussion of each of these categories is provided below.

Oxidizing Potentials. The most apparent ‘signature’ of the mildly acidic, oxidizing test was the

detection of sulfur associated with oxides in the crack, but not on the bulk surface.

This

determination is consistent with crack tip microsampling data [16], in which an aerated
environment was shown to concentrate anionic species in the crack. Thus, if one detected an
element associated with an anionic species (e.g., sulfate) within the crack but not on the bulk
surface, this observation might indicate that the specimen was exposed to an oxidizing
environment. Also, the textured phase present in the crack might represent a characteristic
species since it has not been observed previously; however, its identification is not presently
known.



Reducing Potentials. Metallic Ni nodules were present extensively in the hydrogenated steam
test, which was the most reducing condition tested in this study (83 kPa hydrogen fugacity,
resulting in a calculated EcP of 890 mVsyg). This observation suggests that if one performed
an AEM examination of a cracked specimen exposed to an unknown environment, the presence
of metallic Ni may be an indication of exposure to a reducing environment. However, an
ambiguity exists with respect to the fact that metallic Ni was also detected on the surface of the
caustic exposed specimen, which was not believed to be exposed to a highly reducing
environment (though, as described above, hydrogen buildup may have occurred in the static
autoclave used to test the caustic specimen). In the caustic case, no evidence of Ni metal was

observed within the crack.

High pH. The oxidation of carbides to fine-grained Cr;03 and spinel appears to be a consistent
feature in specimens exposed to 10 wi% caustic (pH calculated as 10.0). Note that evidence of
oxidized carbides due to caustic exposure has been obtained in non-sensitized Alloy 600 (in this
study) and in sensitized Alloy 600 [9]. Fully or partially oxidized carbides have not been found
in environments such as hydrogenated near-neutral water, all-volatile treatment, phosphated
boiler water, and acid sulfate [4, 8-13]. The presence of oxidized carbides may not be a unique
characteristic of a caustic environment, however, given the strong possibility that the single
crystal spinel oxides in the hydrogenated steam test may have formed by carbide oxidation.

Low pH. The oxide within the crack was found to be fairly voluminous in the mildly acidic
oxidizing specimen, which was expected to have a relatively low pH environment in the crack.
Realize, however, that the relatively thick oxide was found for a sensitized heat treatment and
the same amount of oxide production might not be found in a specimen that did not exhibit
extensive Cr depletion. Additionally, the % Ni in the crack oxides tended to be higher in the
mildly acidic, oxidizing specimen than in the caustic specimen.

Implications for Proposed SCC Mechanisms

Internal Oxidation Mechanism. Scott [18] has used the AEM data of Thomas and Bruemmer
[17] to argue that internal oxidation (I0) is the likely SCC mechanism in Oconee, and perhaps
for other instances of Alloy 600 SCC. According to this mechanism, oxygen ingress along
intergranular penetrations (IGPs) degrades the grain boundaries, leading to eventual cracking. A
key piece of Scott’s supporting evidence for the IO mechanism is the absence of impurity ions
associated with the oxide film along IGP regions [18] which he asserts would be present if water
had access to the oxidized region. Others, including Staehle {19] have argued against the 10
mechanism, suggesting that the IGPs are tight cracks that formed oxide as a result of exposure to
the aqueous environment within the crack. The present work indicates that species known to be
present in the aqueous environment are sometimes found associated with the oxide films, and
sometimes are not detected. As an example, for the mildly acidic oxidizing environment which
contained sulfate anions, sulfur was often found associated with the oxides within the crack but
was not found associated with the surface oxide. Therefore, even though it is known for certain
that sulfur (0.5 ppm H,SQ,) was present in the bulk water, one could not have discerned that fact
by analyzing the surface oxide. Similarly, testing in caustic has revealed that sodium is
sometimes detected in the oxide films, and sometimes is not detected. For example, prior work
in 10% caustic [9] showed that sodium ions were not found associated with the crack oxide.
However, in the caustic specimen examined in the present study, sodium was found associated
with the oxide films in some locations, and absent in other locations. Thus, it is not clear that the
presence or absence of species associated with the oxide film provides a consistent determination
of whether the species was present in the environment. These observations suggest that an
absence of water-borne chemical species associated with an oxide is not conclusive evidence that




water did not contact the oxide. Therefore, the absence of chemical species associated with a
particular grain boundary oxide does not appear to provide definitive evidence that the oxide in
question formed by an IO process.

No direct evidence of IO was observed in this study. Evidence of oxidation on grain boundaries
ahead of the crack tip were not observed, and carbide oxidation occurred only in the crack wake,
never ahead of the crack tip. It was typical to find oxide-filled grain boundaries along the crack
wake, though these are judged to represent tight secondary cracks that were formed by exposure
to water rather than grain boundaries degraded by an IO process. The grain boundaries along the
crack wake did not appear to contain metallic Ni ‘sponge’ as reported for the Oconee cracks
[17]. Nickel sponge has been used by Scott to argue for the occurrence of preferential oxidation
of Cr due to IO.

Film Rupture Oxidation Mechanism. The IGSCC crack growth of sensitized stainless steels in
aerated high purity water has been effectively modeled using a film rupture oxidation (FRO)
mechanism, also known as the slip-dissolution mechanism [20]. Ford and Andresen have also
advanced the view that SCC of sensitized nickel-base alloys in aerated high purity water occurs
by the FRO mechanism [21]. At near-neutral pH and low potential conditions (ie., LPSCC),
however, the mechanism of Alloy 600 SCC has been the subject of debate for the last 25 years.

In the present work, it was noted that the AEM crack morphology of the specimen tested in the
mildly acidic, oxidizing (i.e., aerated) environment was reasonably. consistent with the crack
features observed in near-neutral buffered hydrogenated water (i.e., in the LPSCC regime).
Cracks went around grain boundary carbides and the carbides were not appreciably oxidized.
The extent of corrosion, as estimated from crack wake oxide thickness, was greater in the mildly
acidic, oxidizing specimen compared with the LPSCC specimen. In the context of the FRO
mechanism, the observed increased crack flank corrosion and higher CGR of the acidic, mildly
oxidizing specimen is consistent with the higher metal solubility limits assoctated with the
reduced pH crack tip environment of this specimen, and its depletion in grain boundary Cr.

If one accepts the view that IGSCC of sensitized Alloy 600 in an acidic, mildly oxidizing
environment occurs via the FRO mechanism [21], the general similarity between the crack
morphologies of this specimen and the LPSCC specimens suggests that FRO may be a viable
candidate mechanism for LPSCC. However, these microstructural similarities by no means
prove that FRO is the operative LPSCC mechanism. Following this point, with regard to key
material sensitivities (e.g., sensitization, grain boundary carbide coverage) it is interesting that
the LPSCC and caustic exposure dependencies are often more similar than the LPSCC and
aerated water exposure dependencies. For example, LPSCC and caustic Alloy 600 SCC are
minimized by a high degree of grain boundary carbide coverage, while a high degree of
sensitization enhances SCC in the mildly acidic, oxidizing environment. Additionally, there are
several LPSCC characteristics unrelated to AEM studies that are somewhat difficult to explain
via a FRO mechanism, such as the increased IGSCC observed under cathodic polarization [22].

Hydrogen-Assisted Cracking Mechanism. Evidence for a hydrogen embrittlement based
mechanism of SCC of austenitic alloys exposed to primary water comes from experimental
measurements of elevated hydrogen concentrations near stress corrosion cracks in Alloy X-750
[23], Alloy 600 [22, 24], and type 316 stainless steel [22]. Multiple researchers have shown that
hydrogen concentrations near SCC fracture surfaces can contain approximately 10 to 100 wt.
ppm hydrogen or on the order of 5 to 50 times the as-received hydrogen concentrations [22-24].
However, these experiments lack the spatial resolution to determine if hydrogen is the cause of
crack advance or if the increased hydrogen concentrations are from cathodic reactions that




support an anodic dissolution based mechanism. Post test examination of the oxide films in the
crack wake and crack tip region via AEM can help elucidate the conditions under which
hydrogen may contribute to or control the rate of stress corrosion crack advance.

Examination of crack tip oxide films is important, since corrosion reactions can produce high
fugacities (>> 1 atm) of hydrogen. The importance of hydrogen generated by electrochemical
cotrosion processes is highlighted by the work of Magnin et al. [24], who showed that for Alloy
600 in 360°C primary water, increased hydrogen levels are only observed in specimens that are
undergoing stress corrosion cracking. Similarly, in Alloy X-750, Yonezawa ef al. [23] did not
observe maximum hydrogen levels at the largest amount of hydrogen dissolved in the water (40
cc H, (STPYkg H;0). Instead, the maximum hydrogen concentration (43 wt. ppm) was
observed near the Ni/NiO transition of phase stability (20 to 30 cc H; (STPYkg H,O at 360°C)
[23], which is consistent with the location of maximum SCC crack growth rates [6].

Given the importance of electrochemically produced hydrogen, the potential for a corrosion
reaction to increase the hydrogen content in the metal and cause hydrogen damage can be
estimated from the fugacity of hydrogen which the reaction produces at equilibrium. The
fugacity of hydrogen and the temperature set the equilibrium concentration of hydrogen in a

given material via Sievert’s law. The theoretical fugacity of hydrogen ( sy, ) produced during
corrosion is estimated from the Gibbs free energy change of the reaction ( AGZ) as shown in
Equation 1 where ny_are the number of moles of hydrogen gas produced, R is the gas constant
and 7'1s the temperature.

- AG,,
Ju, = exp{mj (1)

Using the thermodynamic data compiled by Ziemniak [25] and taking the activity of water equal
to 1, the equilibrium fugacity of hydrogen produced by corrosion reactions of the major elements
in Alloy 600 is summarized in Figure 26. Additionally, the equivalent fugacities for 10 and 100
scc/kg Hj are included in Figure 26 for comparison. The fugacities of hydrogen gas additions to
the water were calculated from Henry’s law using a coefficient of 0.35 kPa/(scc/kg Hy) [7].
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Figure 26. Comparison of the theoretical hydrogen fugacity produced in selected corrosion
reactions relevant to stress corrosion cracking of Alloy 600 in high temperature water.

The ability of a given corrosion reaction to produce hydrogen concentrations of ~ 10 to 100 wt,
ppm in Alloy 600 and Alloy X-750 can be assessed by considering stress enhanced solubility of
hydrogen. Note that the effects of microstructural traps are ignored based on the weak (<10
kJ/mol) interaction of stress and microstructural traps [26] and lack of significant hydrogen
enrichment in regions that contain traps but are far away from regions of stress corrosion
cracking [22-24, 27]. Using the expression of Wriedt and Oriani [28] and the solubility data of
Symons [29], the stress enhanced solubility, ¢, can be estimated from Equation 2 where Cy is
the Sievert’s law constant, fy, is the fugacity of hydrogen, AHwumion is the heat of solution, 7 is

the partial molar volume of hydrogen in fcc metals (1.75 x 10°® m*/mol) [30], o, is the
maximum tensile stress ahead of a blunted crack tip (3.8 ¢, where oy, represents the material
yield strength) [31], R is the gas constant and T is the temperature. The parameters used to
evaluate Equation 2 are given in Table V.

~-AH,,. +V, o
C; :Co- fHJ .exp[ WR.T H J‘J’J (2)
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Table V Parameters used to calculate the effect of tensile stress on the solubility
of hydrogen in Alloy 600 and Alloy X-750

Alloy wt.ppm rolution y t 360°C —New
—— (J/mol) (°CFF) a cree
Jatm (MPa/ksi) "
A600 10.9 8463 360 / 630 255737 14
X-750 12.1 6990 360 / 680 759 1110 2.6

Analysis of the stress enhanced hydrogen solubility indicates that hydrogen fugacities between 1
and 100 atm are required to produce 10 to 100 wt. ppm hydrogen in Alloy X-750 and 10 to 1000
atm are required for Alloy 600. Inspection of the theoretical hydrogen fugacities produced by
corrosion (Figure 27) shows that the formation of NiO and NiFe,O4 produce relatively low
hydrogen fugacities (< 1 atm) while the formation of Fe;Os, NiCr;Os or Cr03 produce
significant hydrogen fugacities between 10° and 10" atmospheres which can account for the
elevated hydrogen concentrations observed near stress corrosion cracks [22-24].

AEM examination of crack tip oxides produced in primary water revealed both NiO-structure
and NiCr,O4-structure (i.e., spinel) oxides within the crack tip region. Although oxide with the
NiO-type structure is more prevalent than NiCr,O, it appears that either NiO-type or NiCr,04
could be significant sources of hydrogen, according to the following explanation. Inspection of
Figures 26 and 27 shows that while NiCr,O4 can produce high hydrogen fugacities, the
formation of pure NiO produces low hydrogen fugacity (0.62 atm) and low stress-enhanced
hydrogen concentrations (<10 wt. ppm) for both Alloy X-750 and Alloy 600. However,
chemical analysis of the crack tip oxides shows that while the predominant crack tip oxide has
the NiO structure, the actual oxide was consistently found to contain oxidized Cr and Fe
(Ni,Cr,Fe)O, consistent with prior work [4].
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As shown in Figure 27, the oxidation of Fe and Cr to produce Fe;Q4, NiCr;04, and Cri0Os
(reactions £, g, and h in Figure 26} can result in high (>>100 atm) fugacities of hydrogen and can
account for the 10 to 100 wt. ppm of hydrogen observed near stress corrosion cracks [22-24]. Of
the oxidation reactions that can produce high hydrogen fugacities, the Cr-rich spinel is more
commonly observed in near-neutral hydrogenated water (Table IV) than Fe;04 or Cr,04, and is
therefore more likely to influence SCC. It is also possible that oxidation to form a mixed
(N1,Cr,Fe)O oxide results in a significantly higher hydrogen fugacity than pure NiO formation.
The possible influence of an NiO-structure oxide containing Cr and Fe on SCC is consistent with
the findings of Yonezawa et al. [23] and Morton ef al. [6] who observed maximum hydrogen
concentrations and SCCGRs, respectively, near the Ni/NiO phase transition in Alloy X-750.

Hence, for a hydrogen-assisted cracking mechanism to be viable, analysis of literature data and
the AEM examination of the crack tip oxides performed in this study indicates that:

(1) Hydrogen must be generated via corrosion,

(2) The likely source of hydrogen is either corrosion to produce NiCrO4 or an NiO-type
oxide structure with mixed (Ni,Cr,Fe)O composition, and

(3) The fugacity of hydrogen generated by the production of (Ni,Cr,Fe)O at 360°C must be
significantly greater than that of Ni/NiO (0.62 atm); likely >10 atm.

It is also important to note that in addition to the three requirements listed above, it needs to be
demonstrated that locally high hydrogen concentrations exist in the crack tip process zone and
are not simply the result of the cathodic reaction that balance an anodic dissolution based
mechanism of crack advance. Without better understanding of the spatial distribution of
hydrogen (i.e. ahead of the crack tip or in the crack wake), both hydrogen-assisted and anodic
dissolution based mechanisms (e.g., FRO) remain viable mechanisms for SCC in primary water.



Carbide Oxidation/Stability

A Pourbaix diagram for chromium carbides in water at 327°C has been assembled by Staehle
[32]; an excerpt from this diagram is shown in Figure 28. Although this diagram was
constructed for Cr23Ce, it 1s considered to be a reasonable approximation of the diagram for
CrsCs [33]; it is also noted that some degree of approximation in applying this diagram to the
present work arises from the fact that the test temperatures in this study (i.e., 260 to 399°C) are
somewhat different than 327°C. In this diagram, it is clear that, over a relatively large range of
pH and EcP, Cr carbides are not thermodynamically stable in water. In fact, the observation that
Cr carbides can oxidize (e.g., to Cry0;) is consistent with the thermodynamic data in Figure 28.
However, in most environments (e.g., near-neutral water, acidic environments) it is typical to
find only a thin layer of oxide (typically ~ 2 to 5 nm, but up to 20 nm in some cases) around the
carbides, while the rest of the carbide remains intact (Figure 17). Due to the relatively thin
nature of the oxide, diffraction studies have so far been unable to identify its crystal structure.

The common observation of this thin layer of oxide around carbides, in conjunction with Figure
28, suggests that in many environments (e.g., near-neutral hydrogenated and mildly acidic
oxidizing), the oxidation of Cr carbides may be thermodynamically stable but kinetically slow,
likely due to the protective nature of oxide which often forms around the carbide. The fact that
some carbides appear to be oxidized in the steam test may be due to more rapid oxidation
kinetics at the higher temperature (399°C), to the relatively long exposure time (~ 600 days), or
perhaps the oxidation is more favorable in a steam environment than in an aqueous environment.

Unlike in the near-neutral water or acidic environments, the kinetics of carbide oxidation in the
caustic environment appear to be fairly rapid, since relatively large carbides (~ 0.5 pm M5C;
carbides) were completely oxidized in a test which lasted for only ~ 42 days. This observation is
also consistent with Figure 28, as the solubility of Cr in caustic appears to be greater than in
near-neutral or acidic expected crack tip environments. In fact, the caustic test was conducted in
a regime bordering the stability domain of Cr oxyanions (e.g., CrO,>, Cr,0+), indicating higher
solubility in caustic.

Application of AEM: An Example

One practical use of AEM is to establish the environmental conditions under which SCC
occurred. As an example, it was suggested by Staehle [19] that the recent occurrence of Alloy
600 secondary-side SCC at the Oconee plant {34] may have been caused by high oxygen
conditions at startups. This suggestion can be evaluated to some degree by comparing the
oxidizing, mildly acidic test specimen evaluated in the present work to the Oconee AEM work of
Thomas and Bruemmer [17]. In that study, the presence of fully oxidized carbides in the crack
wake was very evident. From the present work, it appears that this morphology is more
consistent with caustic exposure, or perhaps with the steam exposure, than with the aerated,
mildly acidic environment exposure. However, this comparison is not definitive, since it cannot
be ruled out that cracking could have occurred in an aerated environment at startup, with
oxidation of the crack wake carbides occurring during subsequent superheated conditions (i.e.,
steam environment) during steady-state operation. An additional caveat is that oxidation kinetics
could be playing a role. In other words, since the oxidation of carbides appears
thermodynamically favorable but kinetically slow in many environments, it is possible that
carbides in the Oconee tubing, which was in service for ~17 effective full power years [34],
could have been oxidized by long time exposure to any number of possible environments. Most
cracks which have been examined by AEM in the present work, and in prior work [4, 8-13] were
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subjected to exposures of less than a year. A complication to the exposure time issue 1s that
kinetic processes are often accelerated by temperature, such that a 1 year exposure at an elevated
temperature test condition (e.g., 360 or 399°C) may be equivalent to a multi-year exposure at
lower temperatures.

Conclusions

1. AEM of stress corrosion cracks provides critical information into the morphology,
structure, and composition of crack wake and crack tip oxides which helps identify the
environmental conditions under which SCC occurred.

2. Both hydrogen-assisted cracking and film-rupture/oxidation (i.e., slip-dissolution) appear
to be viable mechanisms of stress corrosion crack advance in near-neutral hydrogenated
water, based on AEM. However, hydrogen-assisted cracking requires corrosion to
generate high hydrogen fugacities (> 1 atm). Such conditions can be produced by
corrosion to form NiCr.Os, and possibly a mixed (Ni,Cr,Fe)O oxide with an NiO-type
structure, both of which are observed via AEM in cracks produced in near neutral water.

3. No direct evidence of internal oxidation was observed in this study. Additionaily,
chemical species known to be present in the environment were not always detected i the
analysis of oxide films exposed to the environment. This result indicates that the absence
of water-borne species or impurities in an oxide does not mean that the oxide had to form
via internal oxidation.

4. The mildly acidic, oxidizing test containing sulfate exhibited evidence of sulfur
segregation to the crack tip, and suifur was not detected on the bulk surface. This
observation is consistent with the expected concentration of anionic species within the
crack in an aerated environment.

5. The caustic crack was characterized by oxidized carbides in the crack wake but not ahead
of the crack tip. This observation was shown to be consistent with the increased
solubility of Cr as the pH is raised from near-neutral (pH ~7) to caustic (pH ~10).

6. In near-neutral hydrogenated water, the cracks exhibited Cr-rich spinels and NiO-type
oxides but no significant oxidation of grain boundary carbides. Dissolved hydrogen
affected the CGR, but showed no apparent effect on the AEM morphology of the crack.

7. In hydrogenated steam, metallic nickel nodules were evident in both the crack wake and
on the specimen surface. Single crystal, spinel-structure oxide particles having a similar
size and shape to the microstructural carbides were found in the crack wake. It is likely
that these particles represent carbides that were oxidized by contact with the steam.
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Figure 3:Alloy 600 Crack Growth Rate Imposed upon the 338°C Nickel
Pourbaix Diagram (Stress Intensity Factor of 27 MPaVm)
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Figure 6 AEM bright field image showing cross-section of IGSCC crack SCC crack
propagates around carbide which remains unoxidized. Oxide is visible between carbide and
matrix. (Acid mildly oxidizing, 260°C, sensitized)
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Figure 8. AEM bright field image showing cross-section of wide IGSCC crack away from
carbides. Oxide corrosion product exhibits speckled and acicular morphologies. Electron
diffraction pattern contains some NiO and unidentified textured phase (Acid mildly oxiding,

260°C, sensitized)
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Figure 9. a ) X-ray spectrum from area 1 in Figure 8 showing high Ni,Crand S. b) X-ray
spectrum from area 2 in Figure 8 showing higher Cr than Ni and some Ti. (Acid mildly
oxidizing, 260°C, sensitized)



b s

.00 -10.00 12.00 14.00

16.00

18.00

Figure 9. a ) X-ray spectrum from area 1 in Figure 8 showing high Ni,Cr and S b) X-ray
spectrum from area 2 in Figure 8 showing higher Cr than Ni and some Ti (Acid mildly

oxidizing, 260°C, sensitized)
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Figure 11. AEM bright field image and corresponding x-ray spectrum showing IGSCC crack
propagating around partially oxidized carbide Dislocation structure v isible in matrix. Spectrum
| is from carbide, spectrum 2 is from oxidized portion of carbide.  Oxide i1s enriched in Fe and
Ni relative to carbide. Some Na observed in this region  Electron diffraction pattern indexes to
Cr-0: (caustic. 307°C. healed)
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Figure 13. AEM bright field image showing cross-section of wide IGSCC crack away from
carbides. Oxide corrosion product exhibits array of Cr rich crystallites with some Ni, low Ti and
trace Na. Diffraction pattern is consistent with spinel structure but the lines are diffuse (caustic,
307°C, healed)



Aliered carbide particles along open IG penetration near
primary crack in OTSG whe

10 nm

Layered particle and adjzcent metal matrix in

preceding figure. Insets show crystal lattice images of selectad

[ e,
Diffr:

sction analysis of layered panicle in Fi
dilTr

E. 9 aj

ction pattern from particle area. (b) matching rings for Cr.0

Figure 14. AEM bright field image showing oxidized carbide from tubing from Oconee #3
plant. Oxide reported as Cr rich polycrystalline Cr;0; (Thomas and Breummer, Reference (17 )
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ndexes to Ni. (caustic. 307°C, healed)
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Figure 16. AEM bright field images showing IGSCC crack tip. Note sharpness of crack-tip. X-
ray spectrum from oxide in crack varies from Ni rich to Ni and Cr rich. (near- neutral

hydrogenated water, 338°C, MA™)
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Figure 17. AEM bright field image showing Cr-C; carbide along IGSCC crack Top of image is
main crack. Bottom of image is oxide layer between carbide and substrate. X-ray spectrum

. 9R0
from area 1 indicates a Cr rich oxide. (near- neutral hy drogenated water, 338°C, MA™)



Ni

2.00 4.00 6.00 8.00 10.00

Figure 18 AEM high magnification image near IGSCC crack -tip showing very fine grain
oxide area 1 and larger oxide crystal area 2. X-ray spectrum 1 and 2 from area | and 2 show Ni
rich oxide with elemental ratios similar to the base metal and larger oxide with roughly equal
Fe, Crand Ni. (near- neutral hydrogenated water, 338°C, MA™™)



Figure 19. Secondary electron image showing outside surface of IGSCC specimen. Note Ni rich
precipitates appc:m'n% white on outside surface decorating grain faces in crack (hydrogenated
steam, 399°C, MA'""")

Figure 20. Secondary electron image showing IGSCC grain facet. Note Ni rich precipitates on
the surface of the grain. (hydrogenated steam, 399°C, MA'"%



Figure 21. AEM bright field image showing cross-section of IGSCC crack X

-ray spectrum and

electron diffraction pattern confirm that pure Ni metal is filling the crack Note the twin within
the Ni metal precipitate which does not match mating grains. (hydrogenated steam. 399°C

MA 1%



Figure 22. Secondary electron image showing IGSCC fracture surface near crack-tip. Note that
Ni rich precipitates do not extend all the way to the crack-tip. (hydrogenated steam, 399°C,
1010

MA ™)



Figure 23 AEM bright field images and electron diffraction patterns showing IGSCC crack. a)
wider crack with Ni rich precipitate area | and single crystal oxide spinel area 2. b) narrow
crack near crack-tip intersecting unoxidized area 3 and adjacent to twin area 4. Arrows denote
crack width. (hydrogenated steam, 399°C, MA'"'%
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Figure 24. X-ray spectrum 1-4 from areas 1-4 in Figure 23 Area 1 is Ni metal, area 2 is single

crystal oxide spinel, area 3 is Cr7C; carbide and area 4 is alloy 600 matrix (hydrogenated steam,
]
g

399°C, MA'™
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Figure 25 AEM bright field images showing plan view of bulk surface oxide Electron
diffraction pattern (inset) indexes to oxide spinel. X-ray spectrum land 2 from area land 2 is

NiFe;04 and NiyFe;.4Cry04 respectively. (hydrogenated steam, 399°C, MA™)
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