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Nickel and iron aluminides are two potentially useful ordered intermetallic alloy systems 
that share a problem common to many ordered intermetallics, namely brittle fracture and 
poor ductility at room temperature. However, recent developments have shown that it is pos­
sible to overcome this problem and get significantly improved room-temperature ductilities in 
both these alloy systems by employing a combination of micro- and macro-alloying tech­
niques. Concurrently, our understanding of the underlying causes of brittle fracture in 
ordered intermetallics has improved dramatically. We review here recent results related to 
the ductility and fracture behavior of two nickel aluminides (NisAl and NiAl), and two iron 
aluminides (FeAl and Fe3Al). We will show that the major difference between NisAl and the 
two iron aluminides is the following: in the former, brittle fracture is a result of intrinsically 
weak grain boundaries, whereas in the latter, brittle fracture is a result of an extrinsic factor, 
namely moisture-induced environmental embrittlement. The brittleness of NisAl can be 
overcome by microalloying with boron and carefully controlling the alloy stoichiometry, 
whereas the ductilization of iron aluminides requires modification of their surface composi­
tion (or environment) to minimize the chemical reaction with moisture in air. NiAl also has 
weak grain boundaries (like NisAl), which can be strengthened by the addition of small 
amounts of boron. However, because of its other problems, like poor cleavage strength and in­
sufficient number of deformation modes, the ductility of NiAl is not significantly improved 
even after intergranular fracture is totally suppressed.

1. INTRODUCTION
There is considerable interest in ordered 

intermetallics based on aluminides and sili- 
cides because of their potential for use in 
high-temperature structural applications.1'3 
Among their attractive properties are supe­
rior oxidation and corrosion resistance, good 
high-temperature strength and stiffness, 
and relatively low density (especially if their 
constituent atoms are light elements). 
Unfortunately, most ordered alloys are 
plagued by brittle fracture and poor ductility 
at ambient temperatures. As a result, these 
potentially useful materials have yet to find 
widespread engineering application. It is 
heartening to note, however, that our under-
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standing of brittle fracture in ordered alloys 
is progressing rapidly, and significant 
advances have been made recently in the al­
loy design of ductile intermetallics.

Table 1 lists the various ordered inter­
metallic alloys of current interest, along with 
some of their physical properties and frac­
ture behavior. We will restrict our present 
discussion to two nickel aluminides (NisAl 
and NiAl), and two iron aluminides (FesAl 
and FeAl). The nickel aluminide, N^Al, is 
the so-called Y phase in Ni-base superalloys, 
and is the most extensively studied of the 
ordered intermetallics listed in Table 1. It is 
also a good model material for the study of 
intrinsic grain-boundary brittleness in 
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ordered alloys, and a striking example of the 
successful use of microalloying to produce
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ductile alloys. NiAl has recently received 
considerable attention because of its rela­
tively high melting point and low density. It 
has the potential of replacing the heavier Ni- 
base superalloys if its twin problems of room- 
temperature brittleness and poor high-tem- 
perature strength are overcome. The iron 
aluminides are targeted for slightly lower- 
temperature applications: they possess sev­
eral potentially unique properties for struc­
tural applications at temperatures to 800°C, 
especially in harsh environments. For ex­
ample, they are highly oxidation and sulfida­
tion resistant at elevated temperatures

because of their ability to form protective 
aluminum oxide scales.7'10 In fact, iron 
aluminides can exhibit corrosion rates that 
are dramatically lower than those of even the 
best existing iron-base alloys (including coat­
ing materials) when tested in a severe sul- 
fidizing atmosphere at 800°C.11 In addition, 
iron aluminides containing > 30 at.% A1 are 
very resistant to corrosion in molten nitrate- 
salt environments at 650°C.12 When these 
potentially unique capabilities are coupled 
with the low cost, low density, and good fab- 
ricability of the iron aluminides, it is clear 
that they have considerable development 
potential as new-generation structural ma­
terials.

Table 1. Ordered Intermetallic Alloys of Current Interest

Alloy Crystal Structure Tc/Tm Density (g/cc) Brittleness
NigAl LI2, fee 1400 7.50 GB
NigSi LI2, fee 1140 7.30 GB
TiAlg D022> tetra. 1350 3.20 Cleavage
ZrAlg D02g, tetra. 1580 3.70 Cleavage
NbAlg DO22, tetra. 1605 4.54 Cleavage
FegAl DOg, bcc 1540 6.72 Cleavage
FeAl B2, bcc 1300 5.56 GB and Cleavage
NiAl B2, bcc 1640 5.86 GB and Cleavage
TigAl DO 19, hexag. 1600 4.20 Cleavage
TiAl LIq, tetra. 1460 3.91 Cleavage
NbCr2 Cjg, comp, cubic 1770 7.60 Cleavage
MoSi2 Cub, tetra. 2020 6.24 Cleavage and GB
TisSig D8g, hexag. 2130 4.32 Cleavage

2. GRAIN-BOUNDARY FRACTURE AND 
MICROALLOYING EFFECTS OF 
BORON
2.1. NigAl
Although single crystals of NigAl are quite 

ductile, polycrystalline NigAl fractures inter- 
granularly with very little ductility.4,13,14

Detailed Auger studies5,15,16 have shown 
that the grain boundaries in sufficiently pure 
NigAl are extremely clean and free of impu­
rities, implying that they are intrinsically 
brittle. Takasugi and Izumi17,18 concluded 
that the major factor controlling the propen­
sity for intergranular fracture in LI2 com­



pounds was the valency difference between 
the constituent atoms: those alloys which 
had large valency differences were more 
prone to grain-boundary fracture than those 
with relatively small valency differences. 
Taub et ah,19-21 on the other hand, found that 
better correlation could be obtained if the 
electronegativity difference rather than the 
valency difference was used. King and Yoo22 
attributed the intrinsic intergranular brittle­
ness of NisAl to the considerably fewer dislo­
cation reactions that are permissible at 
strongly ordered grain boundaries than at 
those that are compositionally disordered. 
Vitek et al. ’ found that the atomic struc­
ture of grain boundaries in strongly ordered 
LI2 compounds like NisAl contained 
columns of atomic size cavities, which could 
act as nuclei for intergranular cracks, 
thereby weakening the grain boundaries and 
resulting in intrinsic grain-boundary brittle­
ness.

Researchers attempting to understand and 
overcome the brittleness of ordered inter­
metallics in general and NisAl in particular 
got a big boost when it was discovered4"6 that 
small amounts of boron (on the order of 0.1 
wt.%) not only eliminated intergranular 
fracture in N13AI but also made it extremely 
ductile, with room-temperature tensile elon­
gations as high as 50%, see Fig. 1. As shown 
in this figure, boron is most effective in 24 
at.% Al alloys: with increasing Al content, 
the fracture mode becomes increasingly in­
tergranular and ductility decreases. Both 
Auger microprobe,5 and imaging atom 
probe25"28 studies have shown that boron 
segregates strongly to grain boundaries in 
N13AI. An example of this is shown in Fig. 2 
which is an atom probe image of a high-

angle (Z27) grain boundary in N^Al densely 
covered with boron atoms (bright spots).
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FIGURE 1
The effect of Al concentration on the room- 
temperature ductility and fracture mode of 
NisAl doped with 0.1 at. % B.5

FIGURE 2
Field ion image of a high angle (X27) grain 
boundary in B-doped N13AI showing exten­
sive boron segregation along the boundary 
marked "b-b".27



Considerable effort has gone into under­
standing this remarkable ductilizing effect of 
boron in N13AI, but we are not yet in a posi­
tion to identify a unique mechanism. There 
is evidence in support of both currently fa­
vored theories: the boron-enhanced cohesive 
strength theory as well as the boron-facili­
tated slip transfer theory. Because of space 
limitations we will only briefly discuss these 
two points of view here; the interested reader 
who needs additional information may con­
sult another recent review29 in which we 
have dealt with these subjects in consider­
ably more detail.

The first possibility is that boron improves 
ductility by enhancing the cohesive strength 
of the grain boundaries.5 There is some 
indirect experimental evidence to support 
this argument: unlike the well-known behav­
ior of sulfur and other embrittling impuri­
ties, which tend to segregate much more 
strongly to free surfaces than grain bound­
aries, it was found that boron tended to seg­
regate strongly to grain boundaries but not to 
free surfaces.5,30,31 Additionally, sulfur is 
known to exacerbate grain-boundary frac- 
ture in N^Al, whereas boron suppresses 
it.4,5 These results are consistent with the 
thermodynamic theory of Rice,33 who many 
years ago predicted that those solutes which 
segregate more strongly to grain boundaries 
than free surfaces should enhance grain­
boundary cohesion, whereas those that seg­
regate more strongly to free surfaces than 
grain boundaries should embrittle. There is 
also considerable theoretical evidence, based 
on first-principles cluster calculations,34 
cluster calculations of density of states,35 and 
embedded atom calculations,36 that confirms 
that boron does, in fact, enhance the cohesive

strength of N13AI grain boundaries. 
Whether that is enough to account for the 
dramatic ductilizing effect of boron is still 
unclear, although it is worth remembering 
that embrittling impurities can have simi­
larly large effects on fracture mode and duc­
tility (in the opposite direction) through 
changes principally in the grain-boundary 
energies.

The second possibility is that boron im­
proves ductility by facilitating slip transfer 
across grain boundaries.37'40 There is some 
indirect experimental evidence (based on the 
lowering of the Hall-Petch slope37'38) to sup­
port this point of view, but the exact mecha­
nism by which boron facilitates slip trans­
mission across grain boundaries remains 
unknown. For example, it has been sug­
gested that boron facilitates slip transfer by 
enhancing grain-boundary dislocation mo­
bility.41 However, recent dislocation spread­
ing experiments in the TEM42 have shown 
that the mobilities of grain-boundary disloca­
tions in both boron-doped and undoped N13AI 
are negligibly low at room temperature; at 
higher temperatures (> 300°C), when there is 
a difference, the dislocations in the boron- 
doped alloy actually have lower mobilities 
than those in the undoped alloy.

Another possible mechanism was pro­
posed by King and Yoo22 who suggested that 
the real role of boron might be to disorder 
boundaries in N^Al and thus enable more 
dislocation reactions to take place. 
Unforttmately, it is not easy to directly image 
grain-boundary structures by high-resolu­
tion TEM, and there is evidence both for43 
and against44,45 the existence of a very thin 
(< 20 A) disordered layer at the grain bound­
aries. Clearly, additional experiments are



needed before this question can be satisfacto­
rily resolved.

Because of the difficulty in directly imag­
ing grain boundaries, several attempts have 
been made to obtain indirect evidence of dis­
order. For example, Sieloff et al.28,46 used 
atom probe microanalysis and found that the 
grain boundaries in B-doped N^Al were con­
siderably Ni-enriched (by as much as 7 at. % 
relative to the bulk), whereas those in the 
undoped alloy had the bulk composition, 
suggesting B-induced disorder. However, 
their undoped alloy was rapidly solidified, 
and analyzed in the as-solidified condition 
(without annealing), so that the observed dif­
ferences between the undoped and B-doped 
alloys might primarily be the result of differ­
ences in processing and not really indicative 
of B-Ni cosegregation. Baker et al.47 used 
STEM analysis on undoped and B-doped 
powder-metallurgy N^Al and reported that
the grain boundaries in the latter were 
Ni-enriched (by about 6 at.% relative to the 
bulk), whereas those in the former had the 
bulk composition. However, only three 
boundaries in each sample were analyzed 
and it is not clear that their limited results 
are of a general nature. To overcome some of 
these deficiencies, George et al.48 used 
Auger electron spectroscopy and analyzed a 
large number of grain boundaries in simi­
larly processed (arc melted and well recrys­
tallized) undoped and B-doped Ni3Al. Their
results are summarized in Fig. 3, and indi­
cate that although the grain boundaries in 
Ni-rich Ni3Al are slightly Ni-enriched rela­
tive to the bulk, there was no significant dif­
ference between the undoped and B-doped al­
loys, i.e., there was no indication of strong 
B-Ni cosegregation. However, this does not

rule out B-induced disorder because grain­
boundary chemistry can only indirectly tell 
us about disorder: large B-induced devia­
tions from stoichiometry probably mean that 
there is B-induced disorder, but the opposite 
is not necessarily true.

B-Free

B-Doped

Bulk Composition (at.% Al) 

FIGURE 3
Comparison of grain-boundary and bulk 
compositions in B-free and B-doped Ni3Al. 
(The grain-boundary composition is the 
same as the bulk composition along the dot­
ted line).48

2.2. NiAl
After an early report in 1966 of limited (2%) 

room-temperature tensile ductility in poly­
crystalline NiAl,49 numerous later attempts 
to reproduce this ductility were unsuccess­
ful, until Hahn and Vedula50 recently 
showed that it was possible to obtain room- 
temperature plastic elongation of 2.5% in 
nearly stoichiometric, cast and extruded 
NiAl. Although it is not completely clear 
why the previous attempts were unsuccess­
ful, it is now routinely possible to obtain plas­
tic elongations of 2-3% in cast and extruded 
stoichiometric NiAl [e.g., Refs. 51,52].



Perhaps some of the earlier unsuccessful at­
tempts, especially those using the powder- 
metallurgy approach,53 were plagued by in­
terstitial element problems. For example, 
our recent work51 has shown that as little as 
300 wppm of carbon can embrittle NiAl, 
mainly by dramatically increasing its yield 
strength.

The fracture mode of polycrystalline NiAl 
is predominantly intergranular,50'52 but de­
tailed Auger analyses have shown that the 
grain boundaries in NiAl are extremely 
clean and free of impurities.51 This implies 
that the grain boundaries in NiAl are intrin­
sically brittle, like those in Ni3Al. 
Microalloying with boron is able to almost 
completely suppress this intergranular frac­
ture, and Auger analysis confirmed that the 
beneficial effect of boron is due to its strong 
segregation at the grain boundaries.51,52 
Unlike in N^Al, however, the suppression of 
grain-boundary fracture is not accompanied 
by an increase in ductility.51,52 On the con­
trary, because of its strong solid solution 
strengthening effect in NiAl, addition of too 
much boron can actually cause embrittle­
ment.51 Fig. 4(a) is a plot of yield strength as 
a function of boron concentration showing 
the potent strengthening effect of boron. A 
least-squares fit of the data yields a value of 
-4500 MPa/at.% B for the increase in yield 
strength due to boron addition. Note that if 
greater than about 100 wppm boron (0.04 
at.% B) is added to NiAl, it fractures by 
transgranular cleavage before macroscopic 
yielding takes place,52 and that is why the 
fracture stress is plotted instead of the yield 
strength in the case of the 300 wppm (0.12 
at.%) boron alloy. Associated with this 
strong solid solution strengthening effect is a

concomitant decrease in tensile ductility, as 
shown in Fig. 4(b).

e- 300 -
Fracture Strength

200 -

Yield Strength

D 0.05 0.10 l
Boron Concentration (at.%)

UJ 1.0 -

g 0.5 -

0 0.05 0.10 l
Boron Concentration (at.%)

FIGURE 4
Effect of boron on (a) yield strength, and (b) 
ductility of stoichiometric NiAl at room tern-

KOperature.

Of particular interest is the behavior of the 
alloy doped with 30 wppm (0.012 at.%) boron. 
It has a tensile ductility of 2%, which is about 
the same as that of undoped NiAl. In addi­
tion, this alloy has enough boron on its grain 
boundaries to almost completely suppress in­
tergranular fracture.52 Further additions of 
boron appear to increase slightly the grain- 
boundary concentration of boron, with satu­
ration (-10 at.% B on the grain boundaries) 
apparently occurring at a bulk boron concen­



tration of-100 wppm (0.04 at.%).52 However, 
as we have seen above, further additions of 
boron cause strong solid solution strengthen­
ing, which in turn lowers the ductility. 
Therefore, the optimum boron level seems to 
be on the order of 30 wppm. At this level, 
boron is able to strengthen the grain bound­
aries and prevent intergranular fracture, 
without simultaneously hardening the lat­
tice and thereby causing premature cleavage 
fracture.

Of course, although weak grain bound­
aries are part of the problem in NiAl, they 
are not the only problem (because single 
crystals of NiAl are also brittle54,55). That is 
why even after intergranular fracture is sup­
pressed, the B-doped alloys still have rather 
limited ductilities. The other problem is the 
lack of sufficient deformation modes in NiAl 
(a consequence of <100> slip). Recently, con­
siderable effort has gone into finding suitable 
macroalloying elements that will promote 
additional slip systems in NiAl. It has been 
reported that additions of Cr,54 Mn,54 and 
V55 promote <111> slip in NiAl, which 
should in principle result in the availability 
of more than 5 independent slip systems. 
However, no improvement in ductility was 
observed, indicating the need for additional 
study into the details of dislocation genera­
tion and motion in these alloys. Specifically, 
one needs to address the issue of whether 
macroalloying is able to create sufficient 
numbers of <111> dislocations, and also 
whether these dislocations are sufficiently 
mobile at room temperature. Additionally, 
since single crystals of NiAl are also brittle, 
it is possible that the intrinsic cleavage 
strength of NiAl is quite low, another point 
that needs detailed investigation.

3. ENVIRONMENTAL EMBRITTLEMENT 
IN IRON ALUMINIDES
3.1. FeAl
At room temperature, FeAl alloys exhibit 

poor ductility and brittle fracture. Their 
fracture mode depends on aluminum con­
tent: those alloys containing < 40 at.% Al 
fracturing by transgranular cleavage, while 
those with > 40% Al fracture intergranu- 
larly. The present discussion is limited to 
those alloys that fracture by transgranular 
cleavage (for information on alloys that frac­
ture intergranularly, the reader may consult 
Ref. 56).

Perhaps the most important question con­
cerning FeAl that has puzzled researchers 
for more than 45 years is this: why are they 
so brittle at room temperature when they ap­
parently have all the intrinsic characteris­
tics required for good ductility? For example, 
they deform by {110}<111> slip, i.e. like disor­
dered bcc metals they have more than 5 inde­
pendent slip systems. They are not particu­
larly strong at room temperature, with yield 
strengths on the order of only 345 MPa. And, 
because they do not fracture intergranularly, 
they do not appear to have weak grain 
boundaries (like, for example, N^Al). 
Therefore, until recently, it was thought that 
the poor ductility of FeAl was due to its in­
trinsically low cleavage strength. However, 
Liu et al.57 have recently shown that FeAl is 
intrinsically quite ductile, and the poor duc­
tility usually obtained in air tests is the result 
of an extrinsic factor, namely water vapor, 
which when removed permits extensive plas­
tic deformation prior to fracture.

Fig. 5 and Table 2 show the effect of test en­
vironment on the tensile properties of FeAl 
(36.5% Al). When tested in air the FeAl alloy



has a tensile ductility of 2.2%, which in­
creases to 5.4% when tested in vacuum 
(pressure < 1 x 10'4 Pa). This indicates that 
some gaseous specie(s) in air is causing em­
brittlement, and when its effect is avoided (by 
testing in vacuum), ductility is improved. 
The embrittling agent was identified as wa­
ter vapor, by first evacuating the test cham­
ber to a pressure < 1 x 10’4 Pa, and then indi­
vidually leaking various gaseous species into 
the test chamber (including oxygen, hydro­
gen, and water vapor). As shown in 
Table 2, the water vapor tests reproduced the 
low ductility obtained in the air tests. 
Interestingly, the best ductility (17.6%) is ob­
tained in a dry oxygen environment, indicat­
ing either that the higher oxygen content 
promotes faster oxide formation (which acts 
as a barrier against water vapor), or that 
even the residual moisture in the vacuum 
test is enough to cause some embrittlement 
relative to the dry oxygen test.

FeAl TESTED 
IN OXYGEN 
;6 7 x 104Pa)

cl 500
FeAl (36.5% AH
TESTED IN AIR

TESTED 
IN WATER
(67 Pa)

b- 300

TENSILE STRAIN AT ROOM-TEMPERATURE (%)

FIGURE 5
Effect of test environment on the tensile 
properties of FeAl (36.5 at. % Al).57

The mechanism that has been postulated57 
for this type of environmental embrittlement 
is similar to that which is observed in alu­
minum and its alloys.58,59 In general, alu­
minum alloys are not embrittled by dry hy­

drogen; sometimes, however, they can be 
severely embrittled by moist air. The chemi- 
cal reaction that is thought to cause this em­
brittlement is shown below:58

2AI + 3H20 -*• Al203 + 6H+ + 6e\

It is believed that the high-fugacity atomic 
hydrogen that is produced in this reaction be­
tween the aluminum atoms and moist air, is 
forced into the metal at the crack tips, caus­
ing hydrogen embrittlement. Since FeAl al­
loys contain relatively large concentrations of 
aluminum, it is postulated that a reaction 
similar to the one described above for alu-

r n
minum alloys, takes place also in FeAl. 
Preliminary experiments using nuclear re­
action analysis have shown that FeAl does, 
in fact, react with heavy water (presumably 
in a reaction analogous to the H2O dissocia­
tion shown above), producing deuterium 
which is then absorbed into FeAl.60 In the 
case of aluminum alloys, Speidel58 has con­
cluded that the role of moisture is to produce 
atomic hydrogen, rather than dissolution of 
the metal by condensation at the crack tip. If 
this is true also in FeAl, then the underlying 
mechanism of environmental embrittlement 
in FeAl may be similar to hydrogen 
embrittlement in other ordered inter­
metallics like CosTi, Ni3(Alo.4Mno.6)> 
(Fe,Ni)3V, and B-doped Ni3Al,61'65 with the 
principal difference being the manner in 
which atomic hydrogen is generated and ab­
sorbed in the different studies (e.g., reaction 
with moist air57 vs cathodic hydrogen charg­
ing65). Consistent with this, Table II shows 
that the yield strength of FeAl is insensitive 
to test environment, a common observation 
in other studies of hydrogen embrittle­
ment.61'65 Nevertheless, despite these simi­



larities, it has to be realized that hydrogen 
embrittlement in metals is a complicated 
phenomenon, with many possible mecha- 
nisms. Clearly, additional work needs to 
be done to unravel the details of environmen­
tal embrittlement in FeAl. What is clear

from these recent results, however, is that 
FeAl (36.5 at.% Al) alloys are intrinsically 
quite ductile: the low ductility that is com­
monly observed in air tests is the result of an 
extrinsic factor, namely moisture-induced 
environmental embrittlement.

Table 2. Effect of Test Environments on Room-Temperature Tensile 
Properties of Iron Aluminidesa [57, 67]

Test Environment 
(Gas Pressure)

Elongation
(%)

Yield Strength
(MPa)

Ultimate Strength 
(MPa)

FesAl (28% Al)

Air 4.1 387 559
Vacuum (~1 x 10"4 Pa) 12.8 387 851
Ar + 4% H2 (6.7 x 104 Pa) 8.4 385 731
Oxygen (6.7 x 104 Pa) 12.0 392 867
H2O vapor (1.3 x 10^ Pa) 2.1 387 475

FeAl (36.5% Al)

Air 2.2 360 412
Vacuum (<1 x 10'4 Pa) 5.4 352 501
Ar + 4% H2 (6.7 x 104 Pa) 6.2 379 579
Oxygen (6.7 x 104 Pa) 17.6 360 360
H20 vapor (67 Pa) 2.4 368 430

aAll specimens were annealed 1 h/900°C + 2 h /700°C.

3.2. Fe3Al
As in the case of FeAl, it was only 

recently that moisture was identified as the 
principal cause of poor ductility and brittle 
fracture in FesAl (28 at.% Al). When tested 
in air, the alloy fractured by transgranular 
cleavage with a ductility of only 4%, see Table
2. When tested in vacuum (~10'4 Pa), the 
tensile elongation increased three-fold to 
about 12%. Similarly high values of ductility 
(~12%) were obtained in dry oxygen, and 
somewhat lower values (~8%) in a mixture of 
Ar + 4% H2. The water vapor tests, on the 
other hand, resulted in ductilities even lower 
than those obtained in the air tests, although

the pressure in the water vapor tests was 
comparable to the vapor pressure of moisture 
in the air tests. These results clearly indi­
cate that the Fe3Al alloys are also susceptible 
to moisture-induced environmental embrit­
tlement, just like the FeAl alloys. The postu- 
lated mechanism of embrittlement is the 
same as that presumed to occur in the FeAl 
alloys, namely the generation of atomic hy­
drogen by the reaction of aluminum atoms in 
Fe3Al with moisture in air, which then en­
ters the metal at the crack tip and causes hy­
drogen embrittlement.

Recently, McKamey et al.68,69 have shown 
that the ductility of Fe3Al alloys can be sub­



stantially improved by increasing the alu­
minum content from 25 to 28-30 at.%, and by 
adding 2-6 at.% chromium. The beneficial 
effect of the increased aluminum comes 
from the attendant sharp decrease in yield 
strength. In contrast, the beneficial effect of 
Cr has been shown to be a result mainly of 
Cr modifying the surface composition and 
reducing the reaction with water vapor, 
thereby reducing the susceptibility of the 
alloy to environmental embrittlement.70 
These Cr-modified alloys can be further im­
proved by thermomechanical treatment, and 
by alloying with molybdenum and niobium.71 
Some of these alloys have room-temperature 
tensile ductilities in air in excess of 15%, and 
yield strengths of about 500 MPa at 600°C, 
making them much stronger than conven­
tional austenitic and ferritic steels such as 
304 SS and 9Cr-lMo steel. 4

4. CONCLUSIONS
Ordered intermetallics generally show 

brittle fracture and poor ductility at ambient 
temperatures, and their brittleness is related 
to both grain-boundary and bulk properties. 
During the past ten years, significant 
progress has been made in understanding 
brittle fracture and improving ductility. In 
this review, we have summarized recent 
results on two important classes of ordered 
intermetallics: nickel and iron aluminides.

Grain boundaries in both N^Al and NiAl 
are intrinsically brittle (i.e. not caused by 
impurities), and their brittleness is related to 
the electronic and atomic structures of the 
grain boundaries themselves. Boron segre­
gates strongly to the grain boundaries in both 
alloys, and suppresses intergranular frac­
ture. As a result, ductility increases dra­

matically in N^Al, but not in NiAl. The rea­
son for this is that NiAl has additional prob­
lems such as poor cleavage strength and in­
sufficient number of deformation modes.

The major cause of poor ductility and brit­
tle fracture in iron aluminides is moisture- 
induced environmental embrittlement. The 
mechanism involves the reaction of alu­
minum atoms in the alloy with moisture in 
the air, producing atomic hydrogen which is 
forced into the metal at the crack tips, result­
ing in hydrogen embrittlement. The embrit­
tlement can be avoided by modifying the sur­
face composition so as to minimize the 
reaction of moisture with the alloy.
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