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ROLE OF QUATERNARY ADDITIONS ON DISLOCATKD MARTENSITE,
RETAIN AUSTENITE AND MECHANICAL PROPERTIES OF

Fe/Cr/C STRUCTURAL STEELS

Bangaru Venkata Narasimha Rao

Materials and Molecular Research Division
Lawrence Berkeley Laboratory

and )
Materials Sclence and Mineral Engineering
University of California
Berkeley, California 94720
ABSTRACT
The influence of quaternary alloy additions of Mn and Ni o
Fe/Cr/C steels which have been designed to provide superior mechanical
properties has been investigated. Transmission electron microscopy and
x~ray analysis revealed increasing amounts of retained austenite with
Mn up to 2wf/o and with 5 w/o lii additions after quenching from 1100°C.
This is accompanied by a corresponding improvement in toughness proper-
ties of the quaternary alloys. In additiom, the generally attractive
conbinations of strength and toughness in these quaternary alloys is
attributed to the praduction of dislocated lath martensite from a
homogeneous austenite phase free from undissolved alloy carbides.
Grain-refining rvesulted in a further increase in the amount of retained
austenite.
The phenomenon of Tempered Martensite Embrittlement (TME) has been
studied in detail in the quaternary alloys using a combination of TEM,

fractography and mechanical property testing involving both slow as well
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as high strain rate toughness parameters and it is shown that TME is a
fairly general phenomenon i{n steels containing appreciable amounts of
retained austenite. TME is coincident with rhe decomposition of retained
austenite into interlath coarse carbides and the fracture path is trans-
granular with respect to prior austenite grains but intergrarular with
respect to individual martensite crystals. Addition of Mn did not show
any shift in the TME temperature of the base alloy (300°C) although
5 Ni addition postponed the onset of TME to 400°C. Tt is concluded
that graphitizing elements such as Ni, Al, Si are beneficial in
postponing TME.

Fundamencal studies of lath martensite formation revealed that the
so called "laths" are indeed "small platelets" and that the orientation
of adjacent laths in a pazket is the result of minimization of the overall
shape deformation. This is not normally achieved by a single-step twin
mechanism but most commonly chrough a multistep orientation process in-
volving rotation of adjacent laths along a common axis such that the shear
vector completes a 2N rotation in a group of adjacent laths. The austenite
retention in these alloys is studied in detail and ic¢ 1s shown that carbon
is essential in the stabilization of austenite and that both Kurdjumov-
Sachs (K-S) and Nishiyama-Wasserman (N-W) orientation relations between
retained austenite and martensite can occur within a single martensite

packet.



CENERAL TYNTRODUCTION

The martensitic transformation in ferrous materials is perhaps the
most widely exploited transformation for producing a variety of strengtl-
toughness combinations in structural alloys. Yet, it is the most complex
transformation defying the attempts by various investigators to synthe-
size a clear understanding of the structure-property relations in alloys
transformed to produce martensite., Metallurgically, this transformation
{s of considerable significance as it Is the simplest and yet nost economi-
cal known means of producing a homogeneous distribution of a high densitv
of dislocations in the product phase simply via the solid sctate shear
transformation in the parent phase of suitable composition. 1In spite of
numerous investigations of this important class of transformation, sev-—
eral questions regarding the mechanism of transformation, crystallography,
norphology and substructure in interstitial free ferrous allovs, plain
carbon as well as alloy steels, remain incompletely answered.(l—6) The
nechanism of hardenability and the reasons for the observed variations in
nartensite formation temperatures as well as substructure as a function of
d'(?_,5,7—11)

alloying are not well understoo So also, questions regarding

martensite nucleation remain quite elusive(2'3’12’13). The shear

transformation is characterized by innumerable slip barriers such as
boundaries and interfaces, for e.g., lath, packet, grain boundaries and

several interfaces: carbide/matrix, twin, austenite/martensite. These

various interfaces and boundaries either by ﬁhemselves(lé) or due to

secondary processes such as segregation(ls) and/or precipitation of second

(16,17)

phase particles at these interfaces can control in a signifcant



way the deformation and fracture behavior of steel and it is only re-

cently that a systematic correlarion of structure-property relations in

these alloys has been carried out . (18-20)
It is clear from the brief summary above that both a fundamental

understanding of the martensitic transformation as well as the influence

of microstructure developed on the subsequent mechanical preoperties are

vital for further exploitation of this transformation in ferrous materials.

The present Investigation is concerned with these two important aspects

and is divided into two parts. The first part deals with the structure-

property relations and the control of microstructurz by means of alloying

and heat-treatment to achleve desirable combinations of mechanical prop-

erties. The second part is concerned with a fundamental understanding

of the formation of dislocated (lath) martensite as it is by far the least

understood but most widely utilized transformation in metallurgical

applicaticns.
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PART 1.

DESIGN OF Fe~4Cr-0.3C~X QUATERNARY ALLOVS

FOR IMPROVED TOQUGHNESS-STRENGTH PROPERTIES

I. TINTRODUCTION

(18,21,22)

As part of a continuing program on the systematic

investigation of the influence of alloying on the microstructure and
mechanical properties of experimental steels, the preseunt work is
concerned with the influence of quaternary alloy additions to the
experimental Felcrlc ternary system. From the previous work on the
influence of terrary substitutional solute additions to simple Fe-C
steels, important conclusions regarding the effects of Cr(la), Mo(ZI),
Mn<22), Co(lo) etc. on the substructure and morphology of Fe-C
martensites have emerged which eventually led to the control and design
of alloys to obtain desirable microstructures for optimum combination
of propertie5(18’21’23). However, the commercial steels existing today
have normally a very complex chemistry based on one or several of the
following reasons: (i) elements added in combination give better
(8,24),

hardenability than if added individually (ii) several elements

are added in combination to exploit the benefits of secondary

(8,25) and/or strengthening from intermetallics such as in

(26,27)

hardening
very low carbon maraging steels (iii) some elements are added
to produce grain refinement(s’zs) and (iv) a few elements are added

in nrder to eliminate/defer the onset of various kinds of embrittlement

during tempering of scee1(29'30) while others are added to suppress
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H2 susceptibility.(Jl) Often, however, the influence of the individual
alloying elements in a complex commercial steel on Its microstructure

and properties is unknown and thus, in designing commercial steels,
empiricism has taken the place of a systematic approach. The need for

an understanding of the individual influence of various alloying elements
on the structure and properties of much simpler, impurity free experimental
alloys clearly exists. It is not alweys easy to isolate the fndividual
effects of two alloying elements present in a steel due mainly to the
uncertainty of their mutual interaction behavior. Nevertheless, an attemnt
is made here to study the effects of juaternary additions con the structure
and properties of the experimental Fe!CriC steel. The ternary Fel|Cr|C
steel was chosen mainly because a large volume of information about this
steel is already available and because it can possess superior combinations

i 2
of properties to existing romplex commercial alloys(Lo’IB’J“’JJ).

(18,34) using the sophis-

A significant observation made recently
ticated methods «f high resolution transmissicn electron microscopy is
the identification of thin interlath films of retained austenite in
allovs apparently having their HS and Mf temperatures much above room
temperature. Since its discovery several investigators attributed
improved fracture toughness properties to the presence of retained
austenite(18’23’30’35_38). Although in several instances the improvement
in toughness properties could not be singly attributed to the retained

. 30,35,37 . . X
austenlte,( »35.37) best properties were often associated with micro-

structures containing large quantities of stable retained austenite.(23‘35'37)

36 . . . X :
Kohn observed( ) that excessive earichment of austenite during isothermal

holding above MS temperature may make the retained Y an undesirable
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constituent for plane strain fracture toughness. Almost all the previous
wotk on the influence of austenite on toughness was carried out on
commercial steels wherein the complex chemistry and .mpurities complicate
the interpretation. The chemical and mechanical stabilizations of austeaite
as well as its morphology (whether contin 1s interlath films or discrete
islands) could have important repercussions on its influence on the
toughness of steel. It is thus, one of the important objectives of the
current investigation to try to assess unambiguously the role of retained
austenite on the mechanical behavior by varying its amount and stability
by either heat-treatment cr alloying (or both) of the simple experimenta!
Fe-Cr~C alloys. Secondly, in order to improve the toughness to strergth
ratio (which in turn Increases the critical flaw size) steels are usually
tempered following quenching and the thermal instability of austenite
ensuing .empering could significantly affect the toughness properties.
Tt is thus another objective of the research to study the thermal stability
of austenite as a function of type and amount of gqua-ternary alloving.

In addition, design of quaternary alloys of optimum composition
to further develop the stength and toughness of the base steel from
the above understanding constitutes an irherent part of the research.
For this purpose some selection guidelines discussed in the following

sectlon are used to select the gquaternary alloy additions.
IT. APPROACH FOR IMPROVING TOUGHNESS—-STRENGTH PROFERT_.ES

The approach adopted to obtaining good combinations of strength and
toughness is primarily microstructural control by alloying, heat-treatment

or combinations of both. In what follows, the design guidelines for



improved mechanical properties are outlined and in the subsequent section,

the chnice of quaternary alloying based on these principles is discussed.

A Design Guidelines
1) Carbon Content:
Increasing the carbon content of the steel 1s by far the
most effective and economiral way of raising the strength
of steel. However, depending on the total alloy content

(32), above N.47C, the steel

of the steel, it has been shnwn
is susceptible to intergranulér cracking. Besides, while signi-
ficant gains in strength rouid be cobtained through C addition,
the toughness deteriorates monotonicaliy. From a fracture
mechanics viewpoint, increasing strength without a corresponding
increase in toughness would only result in poor utilization

of the available strength of steel in engineering applications
where resictance to the propagation of =xisting cracks is
important (See Appendix 1). At 200,000 psi yield streugth

172 plane strain fracture toughness

level, a minimum of 80 KSI-in
is nceded for a critical flaw size of 0.1" if 60-80% of available
strength is to be utilized (Appendix 1). Above about 0.35%C,
martensitic st el attains significant contribution to
strengthening from substructural twinning. However, as will

be discussed shortly, this kind of strengthening is undesirable
from a toughness viewpoint. Thus, with a view to designing

tough structural steels at an yield strengti level of 200,000

psi, the carbon content of all the alloys investigated is



maintained at a maximum of 0.3%Z.
11 Martensite Substructure:

The invariant plane strain condition for the martensitic
transformation requires an inhomogenous shear in the product
phase on a fine scale which will not alter the crystal structure
ot the produrt(l). This requirement contrihutes to the sub-
structures observed in martensitic steels and there are only
twe known tvpes of shear which would not alter the original
crystal structure, viz., slip and twinning. The former produces
dislocated substructures while the latter twinned. Several

(18,39) (recently summarized in

investigations in the past
ref. 4) revealed thetL twinned martensites possessed much inferior
toughness properties te dislocated martensites when compared

at the same strength level. Upon tempering the twinned martensite,
extensive twin boundary carbide precipitation cccurs and this

twin boundary carbide may be even more detrimental than twinning
itself. Twinning reduces the available number of active slip
systems(ao) and is detrimenral to the toughness of carbon
containing steels(al) both in as-quenched and tempered conditons

and therefore, should be avoided.

iii) Retained Austenite:

Although the exact mechanisms by which interlath films
of retained austenite promote tcughness of a steel are not
clearly understood, several recent investigations(18’23'35)

suggest that small quantities of interlath austenite are bene-

ficial to toughness properties. By increasing the stability



of retained austenite to transformatinn under mechanical stress/
strain or under thermal energy, its potential for inproved
properties can he vastly increased. One of the simplest

ways of increasing thre stabiliry of austenite would be to

add an austenite (fcc) stabiiizer. The most ecnnomical way of
doing this is to increase carbun content. However, the detri-
mental effects of retatned v in high carbon steels wherein

it transforms to twinned martensite have been recognized for

a long time. Therefore, fce stakilizers which do nnt ircrease
the propensity for twinnicr should be selected for stabilizing

austenitn and preventing premaiuce Lransformation during stressing/

straining or temperinp. The procwerr ot
exploit the austenite for improvea properties by

(1) avoiding excessive carbhon ens - chnent

[}

improving stability with foc stabilizers which do not
markedly turther increase its terdency for twinning
(3) maintairing continuous interlath rflm morphology wherein
the jnaividual martensite crystals are entrapped by austenite
{(4) mairtaining gaod coheren~e at the martensite/austenite
interfaces
(5) increasing the amount of austerite if found beneficial

iv) Coarse Undissolved Carbides:

Coarse undissolved alloy carbides can act as slip barriers

resulting in a stress concentration at the carbide/matrix

(42) (43)

interface This could result in either (i) carbide cracking

or {ii) interface cracking or (iii) crack nucleation in the



matrix due to piled up dislocations. In addition, the
carbide/matrix interfaces can provide an easy crack path if the
interfacial cohasion is poor. Cox and Low(AA) demonstraced
that during piastic fracture, the resistance to fracture decrea:,
with increasing inclusion size which is attributed to the

ease of vold nucleation and growth at coarser particles.
Therefore, coarse undissolved carbldes can jpromote brittle
fracture and also reduce fracturc resistance during plastic
fracture and should be eliminated by proper heat treatment.

The problem of undissolved coarse carbides becomes particularly
acute in alloy steels containing allcving elements which have

a stronger carbide forming tendency than iren.

v) Lowering of Ductile to Brittle Transition Temp (DBTT):

Pbenomenologically DBTT represents a change in mede of
fracture-from low energy brittle (often cleavage) fracture
below DBTT to high energy ductile fracture (dirpled rupture)
above DBTT, While the Fe/4Cr/0.35C base¢ stesls exhibited

(18)

excellent plane strain fracture toughness properties their

impact properties remained rather 1ow(10’33). Relatively high
DBTT in these steels was thought to be the reason and in
fact, it was shown(33) that in Fel4Cr|0.4C bainitic steel,
the DBTT lies above room temperature. In order to further
develop these steels for technological applications, it is
necessary to lower the DBTT through suitable alloying. Again,

the underlying principle in the selection of suitable alloying

elements for this purpose is the achievement of lower DBTT
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without increasing transformation twinning. Toupghening of
alloys by second phases has been known for a long time. The
impact toughness at =196 € of cryogenic 9 Pct Ki .teel was
shown to be enhanced by austerite of uolume fraction (f) = 0,1
and size (r) 0.1 to 0,15 em dinpersed in ferrite, formed

(43,09 ,46)

by intercritical heast-treatrne In the case of

brittle matrices insertiorn ~t » doctile metallic phase renders

. . (43)
a startling Improvement in strength-touphness combinations® .
A suitable dispersion ot a “urti.c metallic phase of sultable
volume fraction, size and sorohology to form microduplex

structure Jdoes seem to impart pood impact toughness to an

otherwice hricttle matrix,

vi) Crain Refini

Fur a given allov compositic-n, tte “HTT can be altered
by suitabic micro-as well as aacro-strucroeral modifications

and one of The most potent wavs ot Jowering DB.J is by grain

(AH))_

Lo . (47 : : : A
cefining (Cottrel 1Y) 4nd Petch Grain reflaing in addition

inparis the ailded berefits to the strurture in decreasing the

severity of sepregation of embrittling cnnslilutents(ag),

h(SU)

increasing

and improving fatigue properties(SI).

the yield strengt
Thus, in order to improve the mechanical properties microstructural
cortrol is the bacic approazh adopted to achieve the follewing features:
(i) Maintain dislocated lath martensite.
(ii) Promote a fine dispersion of carbides in martensite either

through auto-tempering or tempering following quenching.

(1ii) Promote stability and occurrence of retained austenite
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as thin inrerlath filmns, This s also nvcessary to
avoid interlath brittle filns of carbide.

(iv) Eliminate coarse undissolved allov carbides.

{v) Lower DBTT and increase upper shelf cnerpy,

The above design criteria are achieved through a conbination
of non~conventional heat-treatments and qudternary allovinp. “The
choice of non-conventional heat-treatments will he discussed in a
later section but for the present the next scetion deals with the

choice of quaternary alloving.

B. Choice of Quatcrnary Allovirg

Although no syvs*ematic structure-proper'y correlation exists,

5
it is generally dcrpptcd(s“) ihat of all th» cnmmon alloving ele-

ments that are often added to medium and low carhon steels, only Mn

and Ni improve both toughness and strength as measurea by impact and

room temperature tension tests. Additions of up to 27 Mn to a

steel is knnwn‘g) to increase its hardenability substantially. Never-

(22)

theless, excessive additions of Mn are to be avoided for it was shown
that in medium carbon steels, Mn in excess of 3 w/o leads to large
fractions of twinned substructures and secondly, since Mn lowers MS

i
significantly(d), higher Mn contents result in the suppressien of

. - (52,53)
auto-tempering. There are also reports that Mn addition lowers DBTT .

The intluence of Ni is in several respects identical to that of Mn

although higher percentages of Ni can be added to a steel without

promoting substructural twinning(SA) especially in the presence of

carbon(Jg). Importantly, both Mn and Ni are fcc austenite stabilizers
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and one oY the design gaale, viz., Increaced stapflity of vetentite
would be accompllished throngh the addition of Mn and Nif. Mn and Ni

. (8)
are in fact reported to promote retentlon of ¥y In the as-quenched
structures of som- mediur aod Ligh carbon steels,  Besides achiesving

the deslgn criteria with Mn and Ni there are further acadenic interests

in studying the effects of Mn and N{ : ince these two elements are

invariably present in most commerclial allnvs, Mn fs added in commerctal

alloys primarily to combine with residual sulphur in preference to
Fe to produce less damapging Mn G.

Muat ernary allovs centaining Mn up to 2 w/o and Ni of % w/o are

thus designed to meet the specific microstructural criteria.

T1T.  EXPERIMENTAL CFPOCEDURE

A Materials Preparation

The quaternary alloys and ternary ba-» allov were supplied by Daido
Steel Company in Japan in the farm of 2.5" wide t» 1" thirk bars and
1/2" dia. vods. Round tensile specimens were obtained from the 1/27
dia. rods and the KIC plane strain fracture toughness specimens and
the Charpy-V-unotch impact rtoupghness specimens were chtained from the
1" thick bars. The chemical compositions of the vacuum melted alloys

after homogenization at 1200°¢ for 24 hrs furnace cooled) are given

in Table I.

B. Heat-Treatment
All austenitizing treatments were carried out in vertical tube
furnazes under argon atmosphere. Oversized tensile, Charpy and KIC

=pecimens were cut from their respective stock and final machining
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was done under fload coaling after heat-trvatment. Al asotherval
transformatinns were carried out by quenching into . salt pot located
directly underneath the furnace containing agitated salt maintained
it the regquired tenperature, Terrering troatmes s were carried out
by immersing the specimens for one hour in salt pots maintained ar
the required temperature. At the end of tempering treatments all

1

the specimens were quickly quencled tilo water, ot the heat-

treatments emploved in this investivation are wchematically illustrateo

in Fig. 1.

Y-rav analvsis was uscd to senftor the per rent rerained aus—

tenite after varions heat-trear-+ute. For this purpose when avajlable,

ecimens were cut 'rom tracturcd e e inens, otherwise broken

harpy specimens were used,  Aftor repeated nechanical polishing and
etchineg o a calutios corrainipe O mty 0y 4 4 o), UF to ohtain

ie a Picker K-ray dif-

i the wpecimens were e

a shinv »
fractoretar with o Tiwed Torizontal of e veing Cufy radiation.  The

from 409 <0, in0® wni-k includes the promi-

scan angle (79) covered w

nent (171}, (311)7, (2?”\7, and (2",2)T reflections. Careful analysis

Y
of the diffraction data obtained failed to reveal any retained austenite
in any of the samples. “here was considcrsable background noise in the
diffractogram which might have obscured any peaks from retained austenite.
A modified method consisting of a more sophisticated instrument and
tecnnique to suppress the background noise to accentuate the retained

(55,56)

austenite peaks was used by Dr. R. L. Miller at U.S5. Steel
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Corporalion to detect the austenite levels in these specimens.

D. Dilatometry

A commercial dilatometer (Theta Dilatronic 111 R dilatometer) was
used to establish the phase transformation temperatures, viz., Ms’ Mf,

austenite start temperature As and austenite finish temperature Af of

the alloy steels.

E. Mechanical Testing

1. Tensile Testing

The dimensions of the 1.25" gavge round tensile specimen are
shown in Fig. 2{A). Tensile testing was done at room temperature
in a 300 Kip capacity MTS testing iachine at a cross head speed
of 0.G4"/min.

2.  Fracture Toughness Testing

Plane strain fracture tcughness values were obtained by testing
standard compact tension crack-line luaded toughness specimens
shown in Fig. 2(B)., Following heat-treatment at least (.01 in.
was removed from either flat-surface ot the KIC blanks. The
thickness for most of the specimens conformed to the ASTM

s ;. {57) . ; -
specification for plane strain condition, viz., thickness

X1c. 2

2.5 (?T_) . However, for some heat Lreatments of the Mn modified
¥

specimens the thickness was less than that required to satisfy

plane strain condition. In this case, a method based on Chells

criteria and dealt with in detail in Appendix 2 was used to

convert the KQ values into calculated KIC' The 300 Kip MTS

machine was again used for fatigue pre-cracking the specimens
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to a minimum crack length of 0.05 in. which were subseguently
tested in the same machine to obtaln the fracture toughness
data. The orientation of crack propagation with respect to

(57
the long dimension of the bar stock is L—T.‘S')

3. Charpy Impact Testing

Standard Charpy-V-Notch specimens shown in Fig. 2(C) were
obtained from oversized heat-treated blanks. A minimum of 2, and
in most cases, 3 Charpy-V-Notch specimens were tested for each
treatment and the tabulat.d results correspond to the average of
these tests. In some plots the scatterband is also shown.

Some below and above roum temperature impact tests were also
conducted in order tc detemmine the duclLile-brittle transition
temperature. For this purpose, a mixture of methanol and dry
ice were used tn obtain suhzero temperaturas. Ch.rpy specimens
were immersed in these mixti s for sufficiently long times

to attain the temperature of the bath before breaking them,
For above room temperature tests a water bath with thermostat

was used.

F. Metallography

1. Optical Metallography

Specimerns for optical metallography were cut from broken
Charpy bars, mounted in boldmount, abraded on silicon carbide
papers down to 600 grit, and polished on 1 ¥ diamond abrasive
wheel. For revealing the martensite microstructure the speci-

mens were etched in 27 and 5% nital solutions. For revealing
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prior austenite grain houndaries in fine grained specimens,
etching was carried out in an etchant of 5 gm. of plcric acid
in 100 cc of water saturated with dodecylhenzene sulfonate.

Electron Metallography

W-. e avajlable, thin foils for transmission electron
microsc oy were obtained fron hulk, hear-treated fractured KIC
test specimens and in cther situations hroken Charpy specimens
were used. About 25 mil. thick slices were cut from these
specimens and following cleaning to remove anv oxide scale,
these were chemically thinned to iecs than % mils, at room
temperature In a solution «f 4=5% HF in “2”2' Both 2.3 om
and 3.00 mm discs were spark wnt trom the chemicallyv thinned

slices which were then sanded down ta about 2 mils thick.

These thin folls were finally elcctrapriished in a twin jet

electro-polishing apparatus at raom temperature nsing a
chromic-acetic acid soiution made £ 7 . Crﬂj, A0 ml,
ClI,CO0H and 21 ml. distiiied water. [(he colisuisg voltage
varied from 25 to 35 volts for 2.3 mm i+ _s and :rom 35~45

volts for 3 mm discs. Thin foils so obtained were stored

in alcohol and were subsequently examined in Siemens Elmiskop
IA (2.3 mm discs) and Phitips EM 30l (3 mm discs) microscopes
at an operating voltage of 100 KV,

Scanning Electron Microscopy and

Energy Dispersive Analysis of X-rays

Fractography was conducted on both tensile as well as

Charpy specimens, using an AMR-1000 scanning electron microscope
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at 20 KV. The fracture surfaces were preserved by masking with
a tape during cutting and specimen preparation. This tape was
later dissolved in acetone. An energy dispersive analysis of

x~-rays (EDAX) unit, attached to the microscope permitted semi-

quantitative analysils of inclusions and precipitates.

IV. RESULTS

A. Transformation Temperatures and Heat-Treatment

The martensite transformation temperatures Mg and Mf and the austenite
formation temperatures obtained by dilatometry are tabulated in Table I.
The somewhat lower M_ and M temperatures in the base FelCriC steel are
attributed to the somewhat higher carbon content of the base alloy over
the quaternary alloys. In general, bsth the MS and Mf temperatures
decreased with the guaternary alloy additions although their difference
remained approximately constant around 100°C. Mn and Ni both being strong
fce stabilizers, from Table I one could notice a general trend of lowered
As and Ap temperatures as well as narrower austenite formation region
with additions of Mn and Ni. 1t will be clear from the discussion
presented In subsequent sections that while Mg temperatures measured by
dilatometry are fairly precise, the Mg temperatuyres represent only
approximate martensite finish temperatures and they are not true indica-
tion of 100% martensite formation.

It was proposed to characterize initially the influence of various
alloy additions on the morphology and substructure of singly treated
Fel4Cr!0.3C base steel. For this an austenitizing temperature of 1100°¢

and ice water quench were chosen (Fig. 1), This temperature is in the
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single phase austenite region(ss), Fir 1 anc 1 high enough to dissonlve
all the alloy carbides.(la’ss) For the alley modified with 5 Ni (alloy
E), a conventional high temperature austenization failowed by rapid quench
(32)

resulted in quench cracking Thus, it was necessary to modify the

heat-treatment for this alloy and based on earlier research on the
phenomenon of intergranular quench crackingCSZ), the modification consisted
of isothermal holding below MS at 200%¢ for 1~5 min before finally
quenching into water at room temperature {(Fig., 1).

Grain refining double treatments designed with a view to combine
the benefits of high temperature austenitization and fine grain size
consisted of intermediate low temperature (200°C-1 hr) rempering hetween
che initial high temperature austenitization and final low temperature
grain refining austenitizing treatment (Fig. 1) at 870°C. In the case
of bas: and Mn modified alloys, the intermediate tempering treatment
was used to promote a fine dispersion of tempered carbides. This
dicpersinn was hoped to augment the preferential nucleation of austenite
at carbide/matrix intcrfaces(sg‘ﬁo) arnd thus, serve to bring about a
more uniform, fine distribution of austenite crystals during subsequent
austenitization. In the case of Ni modified alloys, the need for

an intermediate tempering cycle is obviated by the interrupted quench

during the initial high temperature austenitization.

B. Microstructural Characterization

(i) Optical Metallography:

Optical metallography was carried out with the intention

of recording any variations in the gross features of micro-
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structure, for e.g., prior austenite grain size, coarse undis-
solved carbides etc. with composition and heat-rreatment. Fig. 4
shows representative optical micrographs for steels D and E.
There were no observable differences in the optical microstructure
between the base and modified alloys. The structure represents
typical lath martensite occurring in packets (Fig. &a) although
in the 5 Ni modi. Loasoos roale cane.dllon ob Ltransits . Liom
lath to plate morphology is discernible (Fig. 4e). However,

as will be shown in a later section, transmission electron
microscopy revealed predcninately lath martensitic structure
even in the 5 Ni modified alluy. There were no undissolved
coarse alloy rarbides present in any of Lhe single high
temperature treated allovs [see for eg. Fig. 4(a) and (c)]

nor could optical metallosraphy resolve anvy undissolved second
phase particles in any of the grain refined steels {Figs.

4(b) and {4))}. These structures also did not -eveal any
Proeutectoid or jsothemal decomposition products.

Fig. 5 shows the plet of measured average prior austenite
grain sizes(él) as a function of alloving for the single and
grain refining double treatments., The grain sizes of 5 Ni
modified alloy closely resembled those of base alloy, viz.,

170 um for the single high temperature treated specimens and
20 um for the grain refined specimens. In every case, double
treatments caused an approximate ten fold refinement in the

grain sice compared to single treatments. For the same length

of holding at llOOOC, there appears to be a significant austenite
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graln coarsening with increasing Mn contenl particularly above
about 0.5 w/o Mn. The 2 wt- Mn alloy had about 60-70% larger
prior austenite grain size compared to the bhase ternary Fe|Cr|C
alloy. In contrast, the Ni modified alloy did not show any
such grain coarsening. BRoth Mn and Ni act similarly in
stabilizing austenite and since both of them Jower A3
temperature, from Fig. 3, 1in0’c is certainly expected to

fall within the single austenite phase fleld, However, Mn

can form MnS with the residual sulphur in the alloy steels
(<0.01 w/o in all steels) in preference to CrS(GZ) 25 the
stabilities of sulphides on the hasis of free energies of
formation can be represented in decreasing order as

(63)

MnS>CrS>FeS>NiS. However, this can not explain the

observed austenite grain growth as the solutinn temperature

(63,64) (65)

for MnS i< higher than that for CrS. Allen et al

and Joliny(sz) ceported that Mn refined grain boundary carbides
whereas Ni did not have any such refining ability. However,

it was pointed out earlier that no undissolved carbides could
be resolved in any of the quaternary alloys after 1100°C
austenitization. Thus, the exact reason for the observed grain

coarsening with Ma remains unclear.

(1i) Transmission Electron Microscopy:

Structural characterization by transmission electron mi-
croscopy was performed on all the single treated quenched
as well as quenched and 200°C tempered conditions of all the

alloys but a detailed characterization of evolution of the



microstructure during tempering was llmited to the 0.5% Mn

and 27 Mn mudified allouys in the single treated condition

and for the 5% Ni modified alloy in the double treated conditian
as 1t was considered that conclusions from these representative
compositions and heat-treatments can be utilized to predict

the behavior of other alluys. In this section nnly the martensite
substructure and the carbide precipitation are covered and

a detriled treatment of retained austenite {s postponed to

a latter section.

a. Structure of as—quenched allioys

The parallel lath morphology of martensite in all the
alloys is evident (from Figs. 8, 9, 19-21, 55). Two points
of significant variation in structure, viz., substructure
of martensite and precipitation of carbides due to auto-tempering
are worth noting. The substructure of Mn modified allays
(up to 2 w/o Mn) remained essentially dislocated (Figs. 6,
7 and 19). However, a small percentage (~ 10% of the
laths examined) of twinning was observed in the 5 Ni modified
alloy as shown in Fig., 8 (c) through (f). These are the
well known {112}0 microtwins(66) and the SAD* pattern.
Fig. 8 (e) obtained from the BF figure B{(d) is analysed
in Fig., B8 (f). The amo.nt of auto-tempering decreased with

increasing Mn content consistent with decreasing MS tempera-

ture(h) (Table 1). In alloys modified with Mn up to 1 w/o

* The abbreviations BF = Bright Field, DF = Dark Field and SAD = Selected
Area Diffraction will be used throughout the text.



-22-

both cementite and e-carhide can be found but in 2 Mn
modified alloy little of any auto-tempered carhides can
be found (Fig. 7). Chararteristic "cross*hatched"<66)
appearance of e¢-carbide was observed in the 0.5%Z Mn madified
alioy. <11ﬂ>u widmanstitten cementite precipitation was
observed in some areas of the 17 Mn modified alioy. 1In

other areas of the specimen, as Fig. b shows, extensive
e-carbide preciplitation was ohserved. Comparisorn of the
micrograph and the diffraction pattern which {s a [lOl}q zone,
Figs. 6 (a) and (c), indicutes that the necedles are growing

in <211> ~directions. The diffraction patteru from the
carhldes is weak due to the =small size of the carbide
particles but it is consistent with two {JEAJE zones with

the e—carbide reflections streaked perpendicular to the
[OITO]E directions. 1In spite of the isothermal hold

between M and Hf in the case of Ni midified alloy, only
e-carhide precipitation was noted in these alloys as shown

in Fig. 9. These carbide particles are about 300 A% wide

and about 0.5 p long. The characteristic "wavy™ incarface(67)
of these particles can be clearly seen in Fig. 9 (b) and the
"cross—hatched" appearance of e-carbide is also evident in the
BF micrograph, Fig. 8 (a).

Structure of tempered alloys

200°¢ Tempering: Tempering at 200°C resulted in well
established <110> widmanstatten cementite platelets in

all the Mn modified alloys. Fine, wavy e-carbide precipilcates
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continued to coexist with cenentite at this temperature.
In the case of Ni modified «lloys, the deninant cartide
is ¢ carbide. Fig, 10 shows the widmanstatten carhides
in the 2 Mn modified allov. These cementite platelets
are about 200 A° wide and 0.5 y long. The influence of
Mn in promoting cementite coarsening can be discerned from
a comparison of 200°¢C tempered structures in the 0.5 Mn
and 2 Mn modified allovs shown in Fig. 48.

EQQOC Tempering: In this sectinn changes occurring
within the martensitic laths will he considered. Structural
changes occurring at the lath boundaries will be dealt
with in the next section in connection with retained austenite.
Figs. 11, 12, and 13 illustrate the intralath carbide
precipitation in 0.5 Mn, 2.00 Mn and 5 Ni modified alloys.
The beginning of spheroidization of intralath cementite
platelets is evident in Figs. 11 and 12 (c) and (d) of
the Mn modified alloys. 1In other areas (110)0 widmanstatten
platelets of cementite still exist as in Fig. 12 (a) and
(b). Fig. 12 (d) clearly shows the ongoing process of
spheroidization wherein one or more spheroids form on
each cementite platelet. 1n the case of grain refined 5 Ni
modified alloy, the intralath precipitation consisted of a fine
distribution of cementite platelets wherein spheroidization can
be considered as in very early stages (Fig. 13). As will be shown
in the next section, the large stringers marked by arrows are

retained austenite (Fig., 13 (b)) and not carbides. However, a
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very fine distributinn of spheroidal particles,presumably
M7C3, nucleated a. dislocations seems to be taking place,
Fig. 13 (b). 1t was not possible to identify this fine
carbide due to insufficient diffraction information.

One significant crystallographic observation made
with cementite preciptitation in these quaternary alloys
is that the majority of diffraction patterns a2nalyzed
(including Figs. 1l (¢) and 13 (c)) did not indicate
the well established Bagaryatskii orientation relationship
hetween ferrite and carhide(éﬁ’ﬁg).

EQQOC Tempering: Figs. 14 through 18 illustrate the
structural changes accompanying 50:0°¢ tempering in the
quaternary alloys. Coarse spheroidized cementite in 0.5 Mn
modified alloy is shown in Fig. 14 (a) and (h) and Fig. l&

(c¢) and (d) show the interlath precipitation of cementite.

The diffraction patterns for this alloy also showed indication
of M7C3 carbides although precipitation of M7C3 carbides

is more intense in the 2 Mn alloy as shown in 15 (a) and

(b). The bright field picture Fig. 15 (a) shows a very fine,
uniform distributien of M7C3 carbides. 1Interestingly enough,
some (110) cementite platelets still exist at this tempera-
ture and the DF picture Fig. 15 (b) obtained from a superposed
cementite and M;Cy reflection shows both these carbides in bright
contrast. Fig. 16 also shows the continued presence of fine
(110)u widmanstatten cementite platelets in the 2 Mn modified

alloy while Fig. 17 reveals the twin boundary cementite precipi-
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tation in the 5 Ni allov. The intralath cermentite precipi-
tation in this alloy is shown in Fig. 18 revealing a

ragged appearance for the carhides indicating that they

may be dissolving. The nccurrence of the carbide M7C3

= (Cr, Fe)7C3 in a'lov steels has heen the subject of

a number of ﬁtudips(:s’lj’hg). Parcicular [nterest attaches
to the question whether this carbide forms in a ferrite
matrix alreadv containing cermientite by ir-situ nucleation

or from completely separate uurlei. The present results
especially the evidence presented In Fig. 15 suggest that a
separate nucleatirn of M7f3 is the favored reaction in these
alloys in agreement with the observations wade by Dyson and

Andrews(ﬁg).

Also, the SAD patterns obtained from the alloys
showing apprecilable amounts of M7C3 precipitation show consider-
able streaking (Figs. 15 (¢, I8 (¢)). Precipitate shape

can not hbe held responsible tov producing this diffraction
effect zs the morphnlogy oi precipiriate as judged from

the BF and DF micrographs {Fig. 15) is spherical. Dyson

and Andrews(ﬁq) alsc obscrved streaky diffraction patterns
associated with M7C3 precipitation and thev artributed

this to the faulting of crystal structure rather than

to the precipitate shape.

C. Behavior of Retained Austenite

i s . 1
One of the significant structural observations made recently( 8)

with the use of transmission electron microscopy is the ideutification
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of small amounts of high temperature austenite phasc retajned at ronm
temperature in alloy steels that were supposed to undergo 1007 transfore..—
tion tn martensite at this temperature. Since this retained austenite

is a metastable phase at this temperature its transformatijon charac-
teristics following the supplyv of thermal or mechanical energy and a
detailed characterization of structural changes o-curring at the austenite/
"martensite interfaces become important. This section therciore deals

with the identification, morphological characterization, transformation
behavior and analysis of volume fracticn of this austenite phase. A

more fundamental study of the orientation relationships, babit plane

and interface coherency etc. are dealt with in the secti-n on formation

of lath martensite.

(i) Electron Metallographic ‘ihsecrvations:

34 . RET I
1 (3 ) and Thomas(® /") have recent!v dealt in

Rao et a
counsiderable detail with the preblenms encounterid an tne
care and sophistication necessary in the unequivocal identifi-
cation of retained austenite, particulariv when it is present
in small quantities. TFurthermore, interference with the carbide
reflections occurs in the selected area diffraction patterns.
The discussion here will be limited to the presentation of
actual results.

Figs. 19 through 21 and Fig. 55 prescnted in connection
with the analysis of the crystallography of retained austenite
illustrate the typical interlath film morphology of the high
temperature phase, The advantages of utilizing (200)Y

reflection for DF imaging of retained austenite have been
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emphasized in the past(BA’ZB) and whenever possible the foil

is tilted such that (ZOO)7 reflections are strongly excited
(Fig. 21 (f)). Of most significance from this study of the
amount and morphology of retained austenite is the concluu..n
that there is a monotonic Increase in the amount of retained
austenite with Mn addition (Figs. 19 and 21) and highest

amounts of retained austenite were found in the 5 Ni modified
alloy interrupted quenched to rcom temperature following single
high temperature austenitization, Fig. 20, Fig. 21 shows this
monotonic increase in the volume fraction of retained austenite
with quaternary alloying in the DF imaging mode. It is important
to emphasize here that the above conclusion is based on examina-
tion of not just one or two micrographs but several micrographs
from several thin foils.

The grain refined ntructures showed a similar behavior in
the occurrence of retained austenite with quaternary alloying.
Moreover, in every alloy there is an increase in the volume
fraction of retained austenite in the grain refined structures
compared to single treated coarse grained structures. Although
the electron metallographic estimation of the volume fraction
of retained austenite has its limitations, an attempt was
made here and it was estimated that the 2 Mn modified alloy
had about 4 to 5% retained austenite while the 5 Ni modified
alloy showed about 6 to €% in the single treated condition.

Thermal Stability The stability of retained austenite was

followed as a function of tempering temperature. At 200°C



tempering, the retained austenite was stable dn all the alloys.
Fig. 22 shows this in 1.0 Mn modified allny and evidently

there was no decrease in the ancunt of austenite following

this tempering. Most interesting behavior occurred following
300%¢ tempering. While the has allov and the ¥Mn modified
quaternary alloys showed no fuaication of anv retained austenite
(Figs. 23, 24), the 5 Ni ailov chowed substantial anounts

of this phase stahle followine this tempering treatment, Flg.
25. As is clear from Five. % and 24, the Jdecomposition

of austenite resulted in the precinitation o0 coarse interlath

stringers of cementite and the thickness of the = interlath
carbide stringers is a tunctic. of initia. retained austenite
content, viz., the 2 Mn alloy <howeed coarser interiat) carbides
compared to the 7.5 Ma allaoy,

In the Ni modified alloy, :5e retained avstenitc present
atter this treatmert is somewhal .. sz 1o90us compared toe an-
quenched morpholagy and attendant »ith this, there {5 some lateral
thirkening of the austerite filrs, o revealed in Fig, 25 wnhich
may he a result of an atterpt to decrease the total o)y surface
area.

The continued presence of interlath cementite particles fol-
lowing 500°C tempering in the 2 Mn and 7.5 Mn modified allovs i«
shown in Figs. 26 and 14, respectively, althouzh these carbides
appear to be somewhat finer than rhose present following 300°C
tempering (Figs. 23 and 24), Tn contrast, in the 5 ¥i allay most

significant structural changes seem to be taking place within the
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martensite laths as already referred to in the earlier section
(Figs. 17 and 18) and neither coarse boundary carbides nor
evidence for significant amounts of retained austenite was
obtained in these alloys following 500°¢ tempering.
(11) x-Ray Analysis

Within the prior austenite grain ohviously a single variant
of retained austenite crystal orientation exists and therefore,
depending on the prior austenite grain size, a monovariant
austenite may be contributing to the x-ray diffraction, a
situation similar to the cases wherein preferred orientation
exists. This and the fact that only small volume fractions
of highly deformed austenite phase are present in these alloy
steels complicate the detection and accurate analysis of the

(SA’7O). Conventional x-ray

volume fraction of this phase
analysis failed to resolve the austenite peaks in all the
qua-ternary alloys. However, sophisticated methods of x-ray
analysis wherein special precautions are taken to suppress
the background to accentuate the austenite peaks(ss’ié) did

reveal retained austenite in these allovs. Figs. 27 through

29 show the volume fraction of this phase as a function of
composition and heat-treatment. While much confidence can not

be laid on the absolute numbers, the trend and relative variations
in the volume fraction of austenite are quite important. The
following important conclusions can be drawn from these plots:

the % retained austenite increases with amount of Mn addition

(Figs. 27 and 28). Highest amounts of retained austenite were



=30~

found In the 5 Ni modified allavs (Fig. 28) particularly wher
held in the MS—Mf reglion, during the quench from austenite
phase field when a 3.4% rcrained austenite wias found.
Crain-refining increases the amount of retained austenite in
the as—-quenched structures ot all the alloys (compare Figs.
27 and 28). Flig. 29 shows the thermal stawlliity of ~his
austenite from which it is cledr that in the 2 “n modified
alloy, the retained austenite undergoes mnre or less cooplete
transformation at 300°C vennering wheroas in the 9 N1 modified
alloy, a major fraction of Lﬂe orieinal anstenite remainsg
stable even after 400°n tempering. Sig.ificantlv, these x-ravy
analysis results are in total nurcement with hose of eleciron
netallographic observations and thus, ea-h ure confircs the
ather.
D. “Yechanical Properties
The mechanical properties of the base andg tuatoyraary slloy steels
are supmuerized in Tables I1 through IV,
(i1 Tensile Properties:
¥ig. 30 shows the variation of Rocrwell hardncess Re,

as a function of tempering temperature. The remarkable temper
resistance of all the alleys in the tempering range 30D0~3500°C
is evident which is also reflected in rhe strength vs. tem-
pering temperature plots of Figs. 3! and 32. The 2 Mn alloy in the
single treated condition exhibits rapid loss of hardness and strength
between as-quenched and 300°¢ tempered conditions. Fig. 33 shows

the strength of quaternary alloys as function of Mn content. The
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high strength levels for the base allov are presumahly due to
somewhat higher carbon content in this alloy. The variation of
tensile ductility with tempering temperature of the single treai«d
and grain refined structures is shown in Figs. 34 (a) and (bh) re-
spectively. The initial retained v volume ¥ from x-ray analvsis

is also indicated on the plots nt Fig. 34 (a).

(11) Fracture Properties:

Plane strain fracture toughness tests were conducted only
for the as—-quenched arnd 200°¢ tempered treatments due to material
limitations as well as lack of practical interest for tempering
treatments at higher than 200°C, However, Charpy impact toughness
tests were conducted for tempering temperatures up to 600°C. The
data from the plane strain fracture toughness testing as well as
impart testing is tabulated in Tables I1 through IV and plotted
in Figs. 35 through 42.

Significant improvement in the plane strain fracture tough-
ness at a given yield strength is obtained with quaternary al-
loying of either Ni or Mnm, althougli 2 Mn modified alloy showed
better toughness values than the 5 Ni modified alloy, especlally
when compared in the quenched and tempered condition, Fig. 35.
The higher Mn allovs are somewhat hrittle in the as-quenched con-
dition (ice water quenching) due to the absence of any auto~tem-
pering but following 200°¢ tempering, these alloys exhibit ex-
cellent toughness properties (Tables II & III and Fig. 35). The

substantial improvements in plane strain fracture toughness
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achleved with quaternary alloying {s also reflected in the plot

of KIC vg X Mn or N1 of the gralin refined structures, Fig. 36.

The improvement in this property shown by the quaternary alloys 1is
particularly significant followlng the 200°C tempering. Again,
the toughness properties of 5.0 N1 modifled alloys are somewhat
Inferior although it should Le noted that the 5 NI atlays have
higher strengths, (Table iV and Fia. 32),

The Charpy-V~Notch impzct toughness properties of the
modified allovs are depictud in »lgs. 37 through 42. Fig. 37
shows the superior impact toushue.s of oo quaternary alloys
at a given strength tevel and *i; . }5 lilustrates the improvement
in impact toughness with wt Z Mn or Ni added ¢ the wrain re-
fined structures, The behavior :t lmpact ~cupnness Is similar
to the behavior of plane strain frociuie touginese and the {m=~
provement iun the tmpact toughness . particelarly sigaificant
fcliowing 200%C tempering (Fig. 38). The behavior of the impact
roughness for rhe entire tempering tempecatnre range, viz., up
to 600°C is illustraree in Figs. 39, 40 and 41 as a ‘'nction of
composition and heat-treatments. The polnts oi significant im-
portance that emerg: from these plots are: (1) while the base
ternary alloy, the .5 Mn aodified alloy and the 5 Ni modified
alloy show only tempered martensite embrirtlement, the 2 Mn
modified alloy show. two kinds of embritclement, viz,, tempered
martensite embrittlement as well as temper embrittlement (Figs.
39, 41). (ii1) The mbrittlement phenomenon (in impact toughness)

occurring in these ~odified alloys can not te avoided by grain
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refining. However, the impact toughness values at all
temperatures can be improved by grain refinement (Figs.

40 and 41). (111) The temperature of occurrence of teupered
martensite embrittlement Is a functlon of composition, Fig. 41.
In the 2 Mn modified alloy, it seems to occur around 300°¢
(Fig. 34 (a)) whereas in the 5 Ni alloy, this temperature

is around 400°C.

In order to study the influence of quaternary alloving on
the ductile brittle transition temperature (DBTT), the plot of
impact energy vs. testing temperature is obtained for various
alloys shown in Fig. 42. It is clear that there is no signifi-
cant variation in the ductile-brittle transition temperature as
a result of Mn addition of up to ? w/o although the 5 ¥i addition
showed a substantial lowering of the DBTT (50% Energyv Criterion)
from about -40°C for the ternary allov to -70°C for the 5 ¥i
quaternary alloy. More significantly, however, all the ternary
alloying resultad in a considerable upward shift in the upper
shelf energies. Since there is no sharp drop off in impact
energy at a particular temperature for any of these alloys, the

DB'TT will depend strongly on the criterion used to determine it.

Fractography and Particle Characterization

Since the Charpy-V-Notch impact energy values showed the most

interesting variations with alloying and heat-treatment particularly

following various tempering treatments, fractography was concentrated

on the broken Charpy bars to study the operative failure modes in these



alloys and to try and correlats the fa*lure modes with the microstructural
changes.

Fig. 43 shows brittle, guasi-cleavage fracture {n as-quenched Mn
modified alloys subjected to single high temperature treatnent.  The
2 Mn alloy does reveal a hiphly brittle fracture with numccens secondary

cracks on the fracture surface ‘¥Fig., «3 (~};. 7The extremeiy fast quench

4

employed together with a high alley content whick suproesed the
temperature to very low values resulted .1 little avco-temperisg (o

these alloys and thus, the residnal

se= resulting Yrom high

transformation strains ran make the rartessite pack -t houndaries extremely

weak(zz). As a resulr, deanhusion ard  usequent v v ondary cracks
can be generated at these boundaries dut . o tast oa e in ourder

to relieve mounting stress concentratic e osripis of wecondary
cracks in high strenpth steele hus been wels sindoed L0 documented in
the literature. In contrast, {ollowing o 0w temperature temparine
whizh :esults in f.tralath precipitation o Carbides | hoth the Mn
-odified z2llovs reeain ductility and Figs. 64 (o, ans (o) show the

fracture node at “rls temperinvy temperature which is mainly highly
ductile dimpi.d rupture. 2leo evident from these 'tactograpbs is that
the average size of dimples in the 2 Mn alloy is smaller than thart of
the 0.5 Mn allov and that most of these dimples in the former are
associated with spherical precipitates the identifcation of which will
be presented later. The most interesting changes in fracture mode took
place following 300°C tempering as shown in Figs. 44 (%) and (d). The
ductile dimpled rupture at 200°C tempering is replaced by brittle quasi-

cleavage fracture with parallel ridges on the fracture surface. These
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are indicative of severe interlath tearing or fracture which is particularly
prominent in the 2 Mn alloy, Fig. 44 (d). The average distance between
these parallel ridges measured on the fractograph is of the same order
as the average lath width (Table VII).

Following 500°C tempering, brittle intergranular fracture dominated
the failure mode in 2 Mn alloy (Fig. 45 (b)) whereas transgranular quasi-
cleavage fracture persisted in the 0.5 Mn alloy (Fig. 45 (a)). The kind
of intergranular embrittlement shown in Fig. 45 (b) is commonly associated
with segregation of certain species to the prior austenite grain boundaries

(15)

which lower the intergranular cohesion rather than with any grain
boundary precipitation. In contrast, Fig. 46 shows the fractographs

of grain refined 5 Ni modified alloy as a function of tempering temperature
and the failure mode throughout the tempering process remains clearly
ductile dimpled rupture. Regions similar in appearance to the intergranular
microvoid colaescence(64) on the fractograph of the as-quenched 5 Ni
alloy, Fig. 46 (a), are replaced by 100% ductile dimpled rupture following
200°¢ tempering, Fig. 46 (b) and the gain in impact toughness is apparent
from Fig. 41.

An x-ray energy dispersive apalysis unit attached to the scanning
electron microscope was used to qualitatively characterize any inclusions
in the experimental alloys and Fig. 47 presents some of the results
in the 2 Mn alloys. The fractographs of this alloy revealed most
inclusions situated at the dimples (Fig. 44 (c) and the analysis of
nearly spherical, about 2u in dia. inclusions in the 200°¢C tempered

alloy (Figs. 47 (a) and (b)) revealed that these are indeed (Mn, Fe)

S particles. These inclusions were also observed near the grain boundaries
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as revcaled by the 560°¢ tempered specimen fractagraph, Fig, 47 ().

The corresponding FDAX analysis again confirmed that tnese are indeed

(Mn, Fe) S particles. Fig. 47 () alwe rlearly <hows tre decohesion

at the particle/matrix interfa-e. Howcver, at Lhis tLempering temperaturs,
as discussed earlier, the prior aveterite prain houndaries are the weakest
and the preferred fracture mode i interpranatar. In roantrest, the St
modified alloys revealed primarile r¥ particles. The 7 Mn alloy showed
the highest amount of inclusions tur thic allay is also caaracterized

by a very high impact energy. Trae £ afluer » of ¥ 5+ sroemoting
matrix toughness due to favorable -:. ros* uctural changes appears ‘o

more thaw compensate the loss in tancinese loe o the nereased amennt
of Jjuelusions which promote casy veid toe.e “hon and prowth as well

as decohesinn at the interrace.

Voo BiSOUsstoh

Lructure

Martencite struciure The morphology and substructure of

ferrous martensites have been subjects of a number of investi-
gations(1'b’10’IA’;H‘ZI’QE'Jg’AO’SA) and therefore, a detailed
discussicn i the factors affecting Lhese tvo important struc-
tural parameters will not be attempted here. In the present

investigation all the quaternary alloys revealed predominantly

"lath" martensitic structure (Figs. 4, 6-9) irrespective of

their composition. This is to be expected since predomilnantly
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plate martensitic structure is found only in high-carbon,

(5“'71'72). What is of

high nickel and high nitrogen alloys
more significance in these structural steels is their sub-
structure, as it is now well established(a’lg) that substructure
plays a paramount role in contrclling the toughness of steel.
The substructure of martensite is a consequence of the lnvariant
plane strain condition for the shear transformation(l) as
alluded to before.

The lattice invariant shear can be either slip {(dislocatred
martensite) or twinning (twinned martensite) and the factors
affecting the rransition from slip to twinning are points of

(3,10,54)

considerable debate and controversy Kelly and

Nutting proposed that low stacking fault energy in austenite

(40) A problem with

favors the formation of lath martensite.
this hypothesils is that manganese lowers the stacking fault
energy of austenite whereas nickel has the opposite effect and
yet both of them favor twinned plate martensire formation when
present in sufficient quantities. Qwen, et. al.(73) advanced

a hypothesis according to which dislocated martensite in iron
alloys is always associated with a cubic phase whereas twinned
martensite is tetragonal. However, this again fails to explain
cubic twinned martensite tnat forms in Fe-Ni, Fe-Pt and Fe-Mn

alloys(54) (3,4,54)

Other investigators pointed out the im-
portance of temperature of formation of martensite in dictating

the substructure of martensite, viz,, as the Ms temperature goes

down, at a critical temperature the transition from dislocated
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substructures to twinned structures occurs. A purely tempera-
ture explanation {s also not satisfactory as Co is shown to
ralse MS temperature but without having any significant effect

(10‘21). Secondly, dis-

on the amount of substructural twinning
located martensite continued to exist in binary Fe-Ni alloys
with MS temeratures much lower than the critical MS temperature

. (16,74) s
in alloys containing C ’ (for example, compare 5 N1 modified
alloy with binary Fe~-20Ni alloy studied in this investigation,
Table VI). 1In order to get around this difficutly, it was first

'
suggested by Johari and Thomas‘75)

that not onlv remperature

but also alloy composition may significantiy influence the evtent
of twinning in the martensite and the important factor is the
relative magnitudes of the critical resolved shear stresses for
twinning and slip at a given temperature for a particuiar alloy

TR RN
composition- "’ ).

Das and Thonas(39) reported that sdditions of up to 12.3 w/o
M1 to a 1.24C steel did not result in any significant twinning.
In the present study the base alloy cortains 4 w/o Cr and ~ 0.3 w/o

(18) to be potential promoters of

C and both Cr and C are shown
twinning. Since Ni itself is not a strong promoter of twinning,
it is concluded that the observed small amount of twinning in
5 Ni modified alloys (Fig. 8) can be considered as a result of
the indirect effect of Ni through lowering of MS (Table 1) which,
in the presence of potential twin promoters, results in twinning.
(22)

In contrast to the behavior of N1 steels, Huang and Thomas

found that an upper limit to the addition of Mn to a 0.25 w/o C
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steel in order to avoid excessive amounts of twinning was
a mere 3 w/o. This implies that in the presence of C, Mn

(18,22) In the

is just as much a promoter of twinning as Cr.
present investigation by limiting the maximum Mn addition

to 2 w/o, twinning 1s avoided. This is probably due to the
overriding influence of the somewhat higher MS temperature
(Table I) in these alloys compared to NI modified alloys

in maintaining the critical resolved shear stress for slip
lower than that for twinning. There were no significant
variations in lath widths with either composition or
heat-treatments designed to change the prior austenite grain
size and the martensite packet size (see Table VII and the

(76) also found a

discussion in a later section). Roberts
similar behavior of lath width variation with martensite

packet size and Mn content and an explanation for this is
proposed in a latter secLion.

Retained Austenitr: High temperature fcc austenite phase
can be stabilized at room temperature by a variety of mechanisms,
some of which are not fully understood. In general, one would
expect that elements which are fcc stabilizers should promote
retalned austenite. However, as would be clear from the evidence
presented in Part 2 in connection with lath martensite for-
mation, in alloys whose bulk M. and M¢ temperatures are above
room temperature austenite can be stabilized at room tempera-
ture only in the presence of interstitial C (perhaps also

N). This is in agreement with the observation made years
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77 .
ago by Yeo( ) who reported that carbon is vital for the
stabilization of the austenite to martensite transformation.

(34) .
Furthermore, Rao et al. were able to resolve small quantities
of retained austenite even in very low € unaitloyed steels.
The fact that presence of © alone is not a sufficient condition
for stabilizing auwstenite in the as~-quenched strucrures is

2
shown by the work of Clark and Thomas<“l) who reported that
no resolvable quantities of retained austenite could be found
in a medium € steel modified with Mo additinns up to 4 w/o.
Clearly, the substittional alloving-interstitial € interactions
must also be playing an important rale in stabilizing austenite.
. o ,(23) N .
However, it was suggested that the atserv.tion of retained
austenite in Fe|Cr|C stcels and the abscnce of this phase in
Fe{Mo|C steels can he partiy reconcilod with the :act that

. ; (r) R
Mo is a more potent alloying element compared to Cr in

limiting the austenite phase field. Interwtitial ¢ can
stabilize austenite in several ways: (i) it can phvsically
segregate from the lath martensite to the surrounding austenite
and this partitioning can lower the local Mg sufficiently below
room temperature whereby austenite is stabilized at room temperature -
. " s : ;oo (74) . . D1
i.e., '"chemical stabilization™. This kind of stabilization
should therefore be particularly effective during slow cooling
(37)

from austenitizing temperature, for e.g., air cooling.

(ii) The second stabilization, known as thermal stabilization.(78—80)

is caused agaln by diffusion of interstitials C & N but this time

not to achieve partition but to form dislocation atmospheres to
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inhibit their motlon. These pinned dislocations can be in the
martensite/austenite interface in which case they would directly
inhibit Interface motion or they can be in either phase, thus,
inhibiting stress relaxation In the martensite or austenite;

(ii1) The third stabilization, known as mechanical stabilization,
1s concerned with the plastic deformation in austenite accompanyving

(81) 1nd Kelly and

32) have

the shear transformation. FEdmondson and Ko
Knutting(bo) studled this phenomenon. Rao and Thomas
considered in detail the question of accommodation of strain
resulting from lath martensite formation and concluded that
increasing C content increases the diletation in the martensite
lattice and the consequent accommodation in austenite.

The direct influence of substitutional alloying elements
alone 1s not sufficient in stabllizing austenite in the directly
quenched structures although strong fcc stabilizers such as Ni
and Mn are primarily vesponsible in reverted austenite formation
for e.g. in quenched and reheated specimens of maraging
steels.(82’26) This is particularly true in the light of
the observations made in Part 2 with binary Fe-Ni alloys where
no retained austenite could be resolved.

Thus, it seems that in the structural steels of interest
C is necessary for stabilizing austenite and the other substi-
tutional alloying elements may affect the amount of retained
austenite through their interaction with C. 1In the present

investigation not one but several of the above factors might

have been responsible for the observed increase in volume



42~

fraction with % Mn or NI addition (Figsa. 27 and %), Increa i
Mn addftfan results in a drop in Mq temperature which thereforse
discourages large scale migration of € durdng and after the

martensitic transformation. Therelore, excessive partitioning

of € and the consequent cherfcal stahilizatinn v not he

the major factor. Similariv, thersal stabilization ran also
be discounted as the primary recason for the presence of vhe
high temperature phase particularly in the Tast quenched (ice
water quench) single treated specimens consistent witi the

observation that liauid N, refrigerati. v dacs ot 10 fves meh

5
2
. . (3%3) .

the volume fraction of austenite, Howe ooy, il tart

nost of the € in Mn modified alloys

exenmplified hy the lack of auro-t.rwereny Jiscussed carlior)
results in an increased dccommodation o «traf. wrich could
mechanicaily wtabilize the austenite. The aadisian v,/
Hi in various respects results in the .ame kind o obasior

with respect Lo retained auastenite an the anomadifoed ailovs

and due Lo rhe [owest MS temperatures e Wy medidied ollovs
showed rhe Yizhest amounts of retained anstenite. [n the single
treated interrupted quenched structures of Ni modiiiea alioys
highest amount of retained austenite was found due to the
promotinon of C partitioning and migratic. tn dislocaticns

during the M_-M¢ hold {i.e., chemical and thermal stabilization)
in addition to the mechanical stabllization. In this connection,

an important factor arising from the alloying element-C

interaction which could significantly affect the mobility of
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C has to be considered. Alloying elements such as Si, Al
and Ni promote graphitization and have carbide forming tendencies
either less than iron (Ni, Al) or negative (Si).(g) In addition
(84)

Ni and Si also raise the activity of C in martensite and

similar behavior is expected of A1(3O) whereas exactly the
reverse behavior is expected with some of the carbide forming
elements such as Mn, Cr, Mo, Ti, etc. which due to the attractive
interaction with C (in the increasing order) lower the activity
coefficient for C. The result is that Ni, Si and Al favor C
partitioning to austenite and thereby increase its volﬁme frac-
tion(24’36) whereas Mn,Cr, Mo, Ti etc. disfavor C partitioning
and this sort of austenite stabilizaticn. The situation with

the present alloys is complicated due to the quaternary alloying
but it appears that in the 5 Ni modified alloys increased amounts
of stabilized austenite can also be expected due to the promotion
of C partitioning. It is clear that a technique capable of
analysing C concentrations in regions which are typically

300-500 X wide is invaluable in pinning down the exact y
stabilization mechanism. It is being attempted to solve this
problem by the use of high resolution lattice imaging at

the y{a boundary. In general, the carbide-forming elements,

while powerful in deep hardening influence, are not so effective
in retaining austenite as are nickel and manganese(a)_ Apart
from composition, one of the important microstructural features
that affects the stability of austenite is the prior austenite

grain size. 1In the present investigation the amount of retained



4 b

austenite In gralo refioned al!l

corresponding coarve gralned structures fooag e Flps, 32 and

33).  These results are In apreerent witlh cariler work hy

B5) .

. P (18 s
and Lecite and Miller !

Brobst and Yruuss( vho estudied

the stabilization of avstenite Hh o loents oced houndarjoe,
Finally, it te Important o eatfoinb Peteecn “he ters .,

"mechanical stabiliza~ion” ard "mechanics) ot hilis

former is already discunced ant the Iotter refoers 1o the

stability of retained s oite o0t foregti o ander app el

stress nr strain.  Thos, tat oWl

need not do scofor the Jatc. sad v seisa. S e

refers to the mechanise of rooaron D s v e 0 tenes

the latter refers tao its cobaocs oot oot pea cHaracterise
. (A7) . . .
tics. ¢ Both Mo oand Nuodinl o e o N AR U R T R
PR
mechanical «raLilitw ! retainee wotenite, CoA srmilar
distinetiva exists hetween "therr ot i sow and Yrhernial

stabiiiry’,

(11) Tempered Steel

ir Marternsit There

are three primary variations within the murtensitic phase of the
tempered structures that need discussicn, viz., coarsening of
cementite with increwsing Mn additions {Figs. !(~12), stabilization
of e—carbide in Ni containing steels (Fize. 8,9) and the obser-
vation of M7C3 carbides in high Mn (2 w/o) and hiph Ni (5 w/o)
alloys even at low tempering temperatures (Figs. 12, 13, 15).

Tempering of alloy steel martensite has been the subject of
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. T 25,2
nume rous xnvostigators( 4,69,75, ).

It is now falrly well
documented that (t {nvolves several stages, viz., clustering
and preprecipitation of Interstitial elements, precipitation
of e~carhide (Stage I tempering), decomposition of retained
austenite (Stage IT tempering), precipitation of cementite
(Stage 111 tempering) and precipitation of alloy carbides
(Stage IV tempering). The complex role of alloying elements
in controlling the kinetics nof tempering reactions, stability
and occurrence of alloy carbides has been the subject of several
papers in the literature(25'30'7a’88’Hg) but unfortunately,
most of them are concerned with either plain C steels or
C steels modifled primarily with one alloving element. The
introduction of a quaternary allaying element in the present
study introduces a further degree of complexity which is absent
in the several studies made using a ternary system.

The kinetics of coarsening and spleroidization of cementite
in the martensite matrix are variously related to the diffusivity

2
of substitutional Solute(z’“S),

alloy content, the disribution
coefficient for the alloying element between cementite and
ferrite(z), the interstitial C activity as influenced by the

o (84) L ) . .
substitutional solute , variations in the interfacial energy
(25)

between the cementite and ferrite matrix as a result of alloying
and in this regard, the degree of lattice coherency(s), etc.

Mn and Ni have important differences as regards their
influence on cementite stability. Both Cr and Mn stabilize

cementite by avercoming the metastability of FeqC existing
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in the plaln carban stecle where o prapbicizing olerente ieh
as Si, Al and '! destabtltze the already mietastahle cementite

although the { rmer is morce purcent than the latter twn In

(9n)

Wwhile rr can replace Fe oy to 15

ary

Mn can totally snbstitnte tar Fef” in the <ame phase.  Jack

[

doing so. w/o in cementit.,

and Nutting
(91)

ongidered the local-equiliprium wode] developed
by Hillert ra eaplain tte rate of cocrsoning of cementite
in quenched ar  tempercd allov steels and showed 5 rate constant
. 2 ; . . ;
dependent on 1. "1-K)™ wicere ¥ 5 b distrine fon rnefiofent
for the alloyl - elermenr betwien comentice tng Jrvirive. The
present result sugypest that forn ¢ darce Smounts o5 Mnocan
(7
y

dissolve it ce ntite the 1o e e sroarimi s lan raefficient

may be the rea- .o for the ohse, vd coargenine . Sritarly,

larpe scdale ror accment of Fooia o I R PI SEU E TO BT

tesult in ¢han s 3o Yattice oot ¢ tte cartide which cenid
atilect the 'at . oo colerency airi, coqowec o tov, lhe interiacial
erevey.  The §:ocreased rondency Tor reragdztion even at low

PR

temperine !'erpy Jtarac (3070) with iacrean it Mnoin the present

etvdv (Fig. 12 points .

increased intct sueray of
the carbide/ns cix interface.

In the ca - of Ni modified qua—ternary allovs, the behavior
appears to be e result of a compromise bewein the oppoasing
tendencies of ¢ and Ni in stabilizing cerwnrite. In many respects,
Ni and Si have jdentical behavior In the teaprring process of the

steel (although the degree may be quite different}, e.g., as

discussed befure, both of them raise the ¢ activity and beoth of
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them destabilize cementite by promoting graphitization. The ex-

panded occurrence of €-carbide (Stage I tempering) in Si modified

steels 1s well documented(30’36’37’gb). Several models were

porposed(ab'gz) to explain the €-carbide stabilization and t. - :u-

hibiton of cementite growth in the presence of Si{ or Ni. Wha :x
not clear 1s whether E-carblde 1s directly stabilized by Si or
indirectly stabilized due to the postponement of the onset of
cementite nucleation. While the proposed models fail to solve
this problem, they, nevertheless, present a convincing argument,

2
(9“), in explaining the inhibition

of cementite growth. According to Owen(gz’,

especially the one by Owen
as cementite
grows, increasing amounts of Si are rejected into the matrix
which creates a Si concentration spike discouraging any C
migration to the carbide due to the repellent interaction between
C and 51(84)_ For further growth of the carbide, this Si concen~
tration spike has to be dissipated which is rather slow a: low
temperatures. A similar explanation may be advanced for carbide
growth in the presence of appreciable amounts of Ni in the alloy.
King and Clover(BA) report that the kinetics of €-carbide
precipitation (Stage I tempering) are also slowed down by the
presence of graphitizing elements such as Ni and Si due to in-
creased activitation energy for this process.

In the present study, t~carbide is the predominant rarbilde
at 200°C tempering in the 5 N1 modified alloy (Figs. 8§, 9) although

cementite precipitation occurred as early as 300°C tempering (Fig.

13). Since NI is not a very strong graphitizer, it 1s suggested
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that the overwhelming influence of Cr in stabilizing cementite
caused it tu nccur at 300°¢ tempering.

Regarding the observation of the alloy carbide H7C3,
unfortunately, there 1s very little information available in
the literature on the Influence of various alloying elements
on the formation and grewth of this carbide. Seal and

(88) and Rao et al.(33) discussed its formation

(88,25)

Honeycombe
in the ternary Fe-Cr~C alloys. It has been shown that
addition of strong carbide fsrming elements such as Mo, Nb,
Ti to the ternary FelCr|C st -els can retard softening and
this effect Is suggested to be the result of these =lements
in restricting the diffusion of Cr in ferrite and thus the
rate at which Cr7C3 coarsens(ts), Therefore, it ts not clear
how and why higher Mn and Ni additions to the ternary alloy
promote the formation of M;Cy (Figs. 12, 13, 15). The absence
any secondary hardening peak ir the hardness vs. tempering
temperature curves (Fig. 30) for all the curves can bhe ex-

plained by the fact that Mn is cnly a very mild carbide former

and Ni is not a carbide former a- all.

B. Thermal Stability of Retained Austenite

Whereas 1dentifcation of retained aust.nite and studies on its
stabllization in medium C, low alloy steels are in the very beginning
stages, its decomposition following tempering [s even much less studied.
Most of the earlier studies on retained austenite decomposition were

conducted with high C steels (>0.55 w/o C) wherein large quantities

of
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of austenite are retained.(a) Even here very little careful metallog-
raphy was carried out. The austenite decomposlition reaction was
variously characterized as lower bainitlec, upper bainitic or even
pEarlitic.(B) More recently, however, Speich and Leslie(76) charac~
terized the decomposition reaction as bainitic. There is practically
no work done 1in the past on the mechanism of decomposition of the
specific type of retained austenite during tempering, viz., the inter-
lath film morpholagy occurring in the structural steels of interest.
Thomas(7o) has pointed out that some of the factors which promote
austenite stabilization in the first place, viz., segregation of C

and accommodation of transformation by plastic deformation in austenite,
will also contribute to its instability during tempering. This is
because the increased supersaturation of C in austenite promotes its
deconmposition to U+M3C due to higher driving force available. So also,
the dislocation substructure generated in austenite can promote hetero-
geneous nucleation of MJC and thereby the decomposition reaction
Y*u+MBC.

In the present studles, the retained austenite is stable to 200°C
tempering in all the alloys (Figs. 20, 22, 29) but in the Mn modified
alloys the austenite undergoes decomposition following 300°C tempering
(Figs 23, 24, 29). This is a temperature which is above the bulk M.
temperatures for 1 Mn and 2 Mn alloys and about the same as the bulk
M, temperature for 0.5 “n modified alloy (Table I). 1If we invoke the
possibllity of some segregation and solute enrichment during tempering

in austenite, then the decomposition temperature could lie in the upper

bainitic transformation region for all the alloys. What is even more
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significant is that the decomposition occurs at a temperature where
significant matrix cementite coarsening 1s also observed (Section A
(ii), Figs. 11, 12). The elongated carbide stringers occurring at

the lath boundaries following the decomposition, Figs. 23, 24, are quite

(4,10,133) Also, the analysed

typical of upper bainitic transformation.
selected area diffraction patterns or Figs. il, 23 and 24 reveal an
orientation relationship between the interlath cementite and matrix
which does not conform to the well established Bagaryatskil orientation
(67,68)

relationship, between the ferrite and cementite. Instead a

new orientation relationship, viz.,

[lzslcementite 5! [1ll]ferrite
(121)cementite I! (Llo)ferrite
(311)cementite li (32;)ferrite

is obtained from Figs. 23 (c) and (d). Previaus cryvstallopraphic
gtudie5(67’68) af the orientation relaticnships hetween bainitic cuarbide
and ferrite have suggested that these carbides precipitate directly

from austenite in upper bainite and therefore, the orientation relaticnship
need not couform to the Pagaryatskii relation which is established for
carbide precipitation from ferrite (for e.g., tempered martensite).

Another observation of significance to the present discussion is that
cementite is generally accepted to be the carbide phase in the upper

(93,67)

bainitic product. In view of these observations, the prescnt
results on the differences in the transformation characteristics of

retained austenite in 5 Ni modified and 2 Mn modified alloys can be

explained as follows. The difficulties involved in the formation and
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growth of cementite in the presence of graphitizing elements such

as Si, Ni, Al has already been dealt with in the previous section.

If the retained austenite were to transform by upper bainitic
transformation, cementite formation and growth are important. The
reason why retained austenite would prefer to transform by an upper
bainitie transformation appears to be the much lowered accommodation
necessary for this type of transformation due to the fact that carbhide
can be precipitated directly from y. Thus, higher temperatures are
necessary in the presence of Ni to transform retained austenite to
isothermal decomposition products. In the present study, untransformed
retained austenite was observed in 5 Ni alloys at as high temperatures
as 400°C, Fig, 29. Wwith the limited metallography carried out with
500°C tempered structures, no retained austenite could be observed in
the 5 N1 alloy (Fig. 18). Further work to characterize the decomposition
products of austenite in specimens tempered between 400°C and 500°C

is necessary in order to understand fully the mechanism of retained

austenite decomposition in this alloy.

C. Tempered Martensite Embrittlement

The occurrence of tempered martensite embrittlement in the quaternarty
alloys has already been referred to in the results section and Figs.
48 and 49 summarize the microstructural evolution, the micromechanisms
of fracture and the correpsonding mechanical properties, of this phenomenon
in two Mn modified alloys. Tempered martensite embrittlement (TME) or,
500°F embrittlement has been recognized for a long time(8’94_96’74)

but the factors contributing to this phenomenon are not clearly
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4.(97-99)

resolve A sudden drop in a bigh strain rate touphness pararetar,

for example Charpy-V-Notch impact energy tested at room tempetature
following tempering in the range 250-450°C 1s penerally regarded as
the manifestation of the embrittiement; although, depending on the severicty
of this embrittlement, it is also shown to manifest itzell ir other

p
low strajn rate toughness paramrters such as tensila dnctiliry(gs'l)o)

(99 ot TuE(98,99)

Both the oriain

(98,99)

and plane straln fracture toughness.

R 100)

as well as the fracture pat and failure wode are peints

of debate. There is widespread coniusion in the literature regarding

these two aspects primarily hecause a wi spectrun of allov compositions
and C contents are emploved with vavving siractures wbich can in a

A . L ) 100y
significan: way affect the fracture patin [n omuiitt.a allov,
Secondliy, a systematic unified approac! wherein wcareful uicrostructural
Investigation is coupled with mechanical vroyerty 4 ‘ractopraphv analyses

(99)

is 'acking. Both transgranular and intergranciar {ailure ac

. . . . . (88,101,102 :
bave lewon associatee with thic embrittlenenc, > D pravigus work

Ca.n be hroadly aiviged 13te two group-, @iv., sne vroup holding

the view ihar sesrvegation of imnarities, vegatvdiess or their origin,

. . . . (-t R .
tg houndaries/interiaces is the primary cause 77 pt TME und the

osther group strongly supporting the view that precipitation of brittle
carbide phases at boundaries/interfaces/dislocatrions is the principal

(96,97,99)

cause of TME. At this moment it is also jimportant te recog-

. , - . (15,29,74)
niza anotiier well established embrittlement

vbserved in certain
quenched and tempered alloy steels and in sceels doped intentionally

with impurities such as Sb, P, As and Sn, i.e., tewper cmbrittlemenct,

. . . : o o. .
This reversible embrittlement occurring between 370 C and 565 °C is
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generally accepted to result from segregation of impurities to the
prior austenite grain boundaries resulting in a loss of cohesion at
these boundaries and the consequent intergranular fracture. In the
foregoing discussion, it will be shown that depending on alloy compcsi.
it is possible to observe both TME and temper embrittlement in the
(166)
same alloy and that the latter is more severe than the former.
It appears that some of the confusion and debate over the mechanism
of TME in the past investigations also stems from the overlapping
influence of temper embrittlement in those steels which were used to
investigate TME.

Concerning the association between microstructure and THME, Lement

(104) : ; : )
et al attributed the toughness degradations to the precipitation

. . (105)

of cementite at the martensite packet boundaries whereas Klinger et al
suggested that the formation of cementite at prior austenite grain
boundaries and the consequent intergranular fracture caused the em-
brittlement. Support for the assocation of TME with carbide precipitation

9% o

can also be derived from the work of Delisle and Galibois
concluded that the aligned carbides that result following embrittling
tempering reduce the mobility of dislocations., The general drawback
of all the above studies is the absence of high resolution electron
metallographic characteriziation of microstructure over a range of
tempering temperatures.

It is interesting that the influence of retained austenite in TME
has been suggested as early as back in 1924 by Crossman(ga) who, from

thermal contraction-tempering temperature studies, envisaged the

possibility of the preservation of austenite during quenching and
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its subsequent transformation during tempering causing the delcterions

(1R)

effect on toughness., More recently, McMahon and Thomas ohserved

a loss in toughness which they showed was correlated with the decom-

position of austenite with the formation of interlath carbide films.
The results obtained in this investigation show a more definitive

indication of the clear associatlon between the retained austenite

instability leading to interlath cementite and the TME. A monotonic

increase was found in the volume fraction of retalned austenite in

the as—quenched structures as a result of quaternary ailay additions

of Mn up to 2 w/o to the ternary Fe~4(r-0.3C alloy (F
27, 28). Similarly, the 5 Ni alloy also showed suhstaantinily increased
quantities of retained austenite (Fips. .0, 28 ars rorpared ta the base
alloy. In the Mn modified alloys as well as the hase fernary allov,

this retained austenite is unstable to 3009C tempering and all of it

is practically decomposed (Figs. 23, 24, 29) leading to the precipitation
of interlath strinpers of carbide (cementire}, the thicknes.. of which
increased with initial amount of retained austenite (Figs. 23, Z4).

The accompanying variaticns in toughness are presented in Figs. 39,

34, 40, It is clear that the 7 reduction in area, a measure of tensile
ductility, shows two minima, viz., one at 300°C (tramsgranular fracture),
for the 2 w/o Mn modified alloy whereas no indication of a minimum

in this property is discernible for the 0.5 Mn modified alley, Fig.

34 (a). However, the Charpy impact toughness, Figs. 39 and 40, clearly
reveals toughness minima at 300%¢ tempering for the base and 0.5 Mn
alloys while for the 2 w/o Mn alloy the minimum occurs only at 500°¢,

although severe toughness degradation occurs in this alloy follecwing
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300°¢ tempering. Fractography (Fig. 44) revealed that the predoni:antiy
dimpled rupture at 200°C, Figs. 44 (a) and (c), in all the Mn modified
alloys 1is replaced by quasi:gfeavage at 300°¢ tempering, Figs. 44 (i
and (d), which indeed reveal parallel ridges indicative of a fract: .
path along interlath boundaries which are weakened by the precipita-
tion of conarse carbides. Interestingly, the inter~ridge spacing measurec
from the fractographs is of the same order as the lath width (Table Vii"
measured from transmission electron micrographs, Figs. 23 and 24. The

2 Mn modified alloy showed increasingly brittle fracture kor tempering
above 300°C and at 500°C, the fracture was completely intergranular
(Figs. 45 (b) and 49) typical of emper embrittled structures. Trans-
mission electron microscopy did not reveal any grain boundary precipi-
tation that could be linked to this embrittlement at 500°C tempering
although some interlath cementite still persisted at this temperature,
Fig. 26. The Charpy impact behavior of the 2 Mn allov appears to

be the result of an overlapping influence of both TME (transgranular
cleavage fracture) and temper embrittlement (intergranular fracture).

In contrast, in the 5 Ni alloy, with only very little retained austenite
having undergone decomposition even at tempering temperatures as high

as 400°C (Figs. 25 and 29), the interlath precipitation of cementite

is minimal, Fig. 25. Concomitant with this, the impact toughness

of the 5 Ni alloy showed only a mild embrittlement and the tensile
ductility vs. tempering temperature did not reveal any embrittlement

at all, Figs. 41, 34 (b). The degree of embrittlement in the 2 Mn

and 5 Ni alloys 1s compared in Fig. 4l. Fractography, Fig. 46, of 5

Ni alloys revealed no significant changes in failure mode as a function
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of tempering temperature and the predominantly duct{le dimrled rupture
failure mode ls evident at all tempering
temperatures.

The present results show that the nature of toughness measurements
in terms of s-rain rate and local stress conditinns can he important to
be able to detect any embrittlement minimum in that property, The 2 Mn
alloy had a higher percentage of retained austenite and, therefore, would
produce a higher volume fraction of interlath carbides (i.e., coarser)
following its decomposition. Thus a m.re severe enbrittliement is eqpectl.d
in the 2 Mn alloy compared to N.5 M alloy whi-n is substantiated by the
oceurrence of toughness minima in both the reductine in area as well asg
the fmpact toughness for the former. The strain rate in a tensile or
KIC test is about a million times smaller (han that in an impact test
and a higher strain rate is knnwn to iuzrease DETT.  r very lnw strain
rates (such as in a tensile test), a toughnoss minfram mav ot he

ed unless the embrittlement is verv s¢vere, :onpare Yigs. 34

{a) and (k). The mechanisms whereby the brittle, coarse particles

cen reduce ductility and toughness are alre: discussrcd in connection

with design guidelines. The failure stress, o, £an be directly related(qq)
to the width of carbide assuming carbide cracking occurs and treating
the propagation of this cracked nucleus as that of a Griffith crack,

2Ey b

e~ | Fahae S¥



~57~-

where the terms have their usual meaning and 'a' in this case is the
half width of the carbide. It 1s apparent from the above equation that
the failure stress and consequently the toughness(l”?) are inversely
related to the square root of the carbide thickness. Furthermore, the
ease of cracking in the cerbide 1itself is related inver«ely toc the size

(43). (106) (7 hare found

of the carbide In addition,Cochrane and others
that the impact transition temperature increases directly with carbide
thickness. TME has been nbserved(70) in several experimental steels hut
not in Fe|Mo|C steels in which nc retained austenite was detected(zl).
- . . . (107)
This is consistent with earlier observations made by Irvine et al
who reported strikingly few carbide films at martensite lath boundaries
in tempered steels containing Mo compared to several other alloy steels.
(70) | .
Thus, TME appears to be a more general pheunomenon in alloys having
appreciable amounts of retained austenite while temper embrittlement is
specific to a few alloy compositions. Whatever the henefits of retained
austenite to toughenss, following its decomposition, the toughness
properties could be worse than not having it in the first place.

; . . NE 1 (99,100)

A major point of debare concerning TME is the fracture path

in the embrittled steels. The present investigation has shown that the
fracture is transgranular with respect to prior austenite but is clearly
intergranular with respect to the individual martensite laths (Figs. 44
and 49). The importance of a proper choice of composition (and hence
microtructures) in arriving at the above conclusions can be understood

l'(99) on the

from a critical analysis of the recent work by King et a
occurrence of TME in a plain C steel. 1In the investigation under

discussion, the authors chose a 0.6 w/o C alloy. Although King et al.
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did not report any transmission electron nicroscopy, others b qhhy~r7'>

that the martensite morphology is mixed in the ahave steel with about

25 percent plate martensite, close to B percent retained austenite and

the rest lath martensite. The evidence t.i substantial amounts of plate
martensite in the structure can also he derived from the above authors’
observation of microcracks. The morphologv of retained austenite accurring
in plate martensite is quite unlike that {n the lath martensiter found

in the quaternary alloys. The expected differences are illustrated in

the schematic diagram of Fig. 5. The island morphaicgy of retained

austenite, Fig. 50 (a), in plate martensite is expected o g¢.ve Tise

to a carbide morphology and distributicr shown in . 50 (h) upnn
tempering. This is quite different from that ocrurvring in lath martensite,
Fig. 50 (d) foliowlng austenite decomposition. In the fermer, the islandg
containing coarse carbides should provide easy crack pathe and thus,
the fru ture surfuace should contain facets of cleavave fraciure which
indred appears to be the case “rom the published Fract: yraph, Fig. 4, o
the above paper. This led the authors to ¢rroneously weneralize a
‘racture path that i{s transverse to individual martensite cryvstals in
a steel sublect to TME. Tt is clear from the abave disenssion that a
detailed microstructural characterization is vital for pianing down
“he origin of TME.

Crain refining is expected to lower the ductile to "“riitle tran-

o (47,48)
sition temperature.

Grain refining also increased the amounts
f retained austenite in the quaternary alloys (Figs. 27 and 28) which

1s shown in the above ditcussion to cause severe embrittlement following

its decomposition. The results of these two mutually opposing tendencies
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is such that embrittiement vanista-d in the slow strain rate tens. -
duer i, Fip. 358 (h), but persisted in the high strain rate {0 o0

touhne-s, Fip, A0,

tie Tarre aticon of Microstructure and Mechanteal Propertie:

the sbesr

Tt s pointed out in the general introduction th,
transformation 18 characterized by nuzerouy structural variations ont
that, even o quajitarice aoderstanding of the strocture-:roperiv ro
rinns is extrenely conplex and inconplete in spite of the nunerous

(1m0

irvestigations in the past. ' Therefore, an attenpt s sade pers

hetween the vechanical hehavio:

te ;s fonons a gqualitative relation

the correspo ng svstemat ic changes in mivrostrucoure in oa drive

to nnanhigzuously assces the rcie of certain nicrestructural featuges

the aricin of superior propertics in the perimental

controlled.

#l)ovs wherein the fepuarity fevels are vareia

arce charactericed v ocorricient

quater

ity to aveoid any isothermal decoempositia products such as

srnmec teetard territe, neariite or hainite as wvidenced by careful

eloctren metaliography (Figs. ¢=9) and rhererore, the effort

af the<e on the microstructure need not he considered here.
In the present investigation coarse alloy carbides are dissolved
inoall the allovs during the initial high temperature austenitization
A o . .
{austenitizing temperatur. 11N07¢). The size of the carbides is an
. . : c . {42-85 17
important parameter in controlling the flow and fracture behavior ’

as already discusv.d in the previous section. Since these coarse carbides

are present {rom previous treatments, thev will probabhly be incoherent
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with the austenite and during the wuheqaent augtlenitsrartensite bear
rransfoarmatiaon, since thewe are hrittle and non-defarrahle particles,
carbide/matriz Interface cracking or rectdual stress Ywild up at rhisg
interface can reoult and these conditons tavor fast, brittle fracture,
reducing the toughness and ductility.  High tomperaturs sustenliizatine

in addition to eliminating undissolved eoarce carbicos alse rewults in

41()ﬁ)

coarse prior austenite prain sizes (Figs, 4 D). Tarlaan st
have investigated the Influcnce of anstenitizing (roagrent on the

merdtfuin O steels et found tlhaz the

mechanical properties of Fe-4(r«

1

strength level remains constant the avhont toe anstenitizine terperatars
whereas Lhe plone strain lrarture tonpghness snews sipeiti.a-r inproverert

up to 1007 above which it shows slight Zcterceration, Thewe investi-

patars attributed the Improvement in ;1 onerties lirwe v 1o fowering

of andissnlved alloy carbide content up to cbour T austenitizatinn

=3

altbtonegh several -woeont dpvestigator nivances many orier

recprn cor this inprovement.  fail et al LLLTiated thia improvement

witi, qu: enitizing temperature to o decrease in the amount of

sunstrustuy ! oiwinning and an {ncrease in the voluore fractiion of re-

(A.L',‘)

ik et al

tained auntenite, O nffered an alternate explanation

for this improvement based vn the praposal that a hipher austenitizing
temperature coupled with a fast quefiching rate to suppress anv segre-
sation ol embrittling constitutents leads to a decrease or elimination

(32)

of quench cracks. However, Rao and Thomas showed that quench

cracking in these alloys has a different origin and in any case the

above explanation fails to account for the absence of continued im—

provement in toughness propertles(’3’58) in these alloys ahove a
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certain temperature which caincides with a sharp decrease in the volume
fractions of undissolved allov carbides. More recentiv, Ritrhie et

(1n8)

al advanced a model according to which the notrh root radius

has an important bearing on the toughness parameter evaluated. Theue

investigators were ahle to shuw L

hat o 4340 steel the jocreased charac—
teristic distance availahle with coarser prior austenite grain sizes
with higher austenitizing temperatures would result in superior Kic
values (sharp crack) hut poor impact enecrgy values (hlunt crack).
However, the generality of this model can be questioned particularly

in the case of the quaternar» alloy steels under investigation since
these alloys contain a larpge amount (4 w/o) of the carbide forming

(109,110)

element Cr. Furthermore, several recent investications shnwed

that fracture toughness (K,.) increases with « decrease in prior austenite
fo et ; . . gt hye Danl - . (110)
grain size. An important observation made by Dahl and Kretzschmann
is that at small plastic zone sizes at the crack tip as are common with
the ultra-high strength structural steels, the fracture toughness is in—
N " e s e e i s (47,48)
dependent of grain size. In contrast it is well established
that the Charpv impact toughness is very sensitive to the prior austenite
grain size. The lowering of ductile to brittle transition temperature

with grain refinement and the consequent improvement in impact toughness

. ; (111) ; :

is quite well known for scme time. Thus, from the above discussion,
it appears that the generally attractive combinations of properties
achieved with the non-conventional austenitizing in the experimental

alloys (Figs. 75 and 37) could be the results of an nverwhelming beneficial

influence of the elimination of undissolved alloy carbides on fracture

toughness and in the case of impact energy (Fig. 37), the behavior
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appears to be a compromise petween the hencfici{al effect of lnwering
of undissolved carbide cuntent and the unfavorahle influenc:- of coarse
y grain size.

Since the quaternary and the base allovs are heat-treated so as
to dissolve all the alloy carhides (i.e., homogenenus austenite phase
before quenching) it will be easier to correlate the mechkanical propertw
variations to the microstructural ciianges. The Mn madified alluys will
be discussed first and later on the effect of 5 M{ addition to the
ternary alloy will be considered. aAs shown in Figs., n and 7 there are
no differences in either the martensite morphology or substructure {which
is essentially dislocated) as a resul: of Mn addition np to 2 w/o. The
most significant structural change as a rveult of inc-easing amounts

of Mn zddition is the increase in the retained austenite voiume fraction

(Figs. 21, 27 and 28) and the starrling imrvoverent {n 1he [mrart toughness
and tlane strain fracture toughness with . 7 Mn ‘. oyilfent {rom the

Fips. 33, 36 and 38. An added advantage of s:irtlnp with a medium O

matrix (0.3 w/s) is that substantial enrichrmert ‘i.e., up to “3000)

in austenite of C is possible before significant amonnts of twinned
martensite car form. Previous work showed(A) that twinning is very
pronounced if C is > 0.4 w/o. 1In a previous section, it was alsc shown
that in the Mn modified alloys substantial C segregation to austenite
is not probable and that the stabilization of austenite is related

to the increased chemical stabilization due to the presence of fec
stabilizer, Mn, and to the increased accommodation in austenite., As
(18,23,30,35-38)

pointed out earlier, several investigators associated

improved mechanical propertles to the presence of retained austenite
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(30,3%,37) the improvement can not be sinpiv

although in most instances,
attributed to the presence of retained austenite. The continuous
interlath film morphology of retained austenite In the alloys under
investigation would prevent propagation of a crack nucleated in the
relatively brittle martensite to the adjacent marteunsite lath, i.e.,
the networks of retained austenite would help to break the continuity
of the brittle phase martensite. Since fracture properties are of r. '
roncern in the present investigation, attention wil' bhe focussed on

the mechanisms whereby retainud austenite could provide resistance to
the initiation and propagation of cracks. Suggested mechanisms of
increased crack propapation resistance in the presence of retained
(112)

austenite include: (i) crack branching, resulting in a more tortuous

crack propagation and the consequent increased energy expended, (ii)

(113) as a result of plastic flow in austenite resulting

crack blunting,
in a decrease in stress concentration requiring higher applied stresses
for unstable fracture and (iii) transformatinn induced plasticity
(TRIP)(llb) in which case, as the name suggests, the transformation
nf retained austenite to martnesite under stress/strain in the plastic
zone ahead of a crack relieves the stress concentration. 1In all the
three cases, the effectiveness of retained austenite in providing for
improved toughness properties increases with its stability to trans-
formation under mechanical stress/strain.

Besides the above direct effects of austenite on toughness,
there are indirect benefits. Petention of austenite at lath boundaries

(88,4)

prevents brittle lath boundary carbide formation in the as—-quenched

as well as quenched and tempered structures if the tempering temperature



—6h—

is below instability temperature for austenite. Another significant
benefit arising from retention of austenite is that, as will be shown
in the next part, the y/a boundary is highly coherent. In contrast,
in the absence of y, two adjacent laths impinge laterally to form
rotation boundary thus creating high ener.v interfaces for crack
propagation and/or segremation and precipitation.

Gerberich(lla)

proposed a fracture concept hased on critical
displacement for treating two phase structures wherein a tough uni-
directional phase is dispersed in a relativelv hrittle natrix, Fig. 51.
The situation is very similar to the one under discussion since within
a martensite packet, the retained austenite films can he congidered

unidirectional {Figs. 19, 22 and 55). In the ahbeve treatment, the

Hahn and Rosenfield fracture criterion rucwing the equivalence of the

v

critical displacement v* tou fracture tousrhness, & ., 7iven Sy
L
= (2% By
ke = (2v*o L
was usd wiere the other terms have their useval —eaning.  other

. Sy (U3 : . .
wGUAT OGNS T availaple'’ ) to determine the diwplacement at the crack

tip, . and at any distacce, v, in front of the «rack tip as shown in
.. . . ) . . * "
Fig. Si. 4s the material is loaded, when Ve > vy the cra.k moves

f rom n 1 to position 2 where it enc ' nters the tough second

phase. If vy 4 < v;z (Fig 51) then the rcrack will be arrested

provided the width of the M, phase (tough phase) is sufficiently large.
This is so because, if M, is very thin, then the displacement at the
distance x, (representing the dimension of the second phase) in front

~f the crack may be larger than the critical displacement for failure
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in the brictle material. If vy > v;l, then failure will proceed in
the brittle material. This model brings out two very important points:
(i) the thicker the austenite films (hence higher the volume fractinn),
higher will be its crack blunting ability and (ii) some degrce of
ductility in martensite is needed in order to prevent brittle failure.
in martensite even in the presence of austenite.

This model very nicely explains the observed improvement in fract
toughness and impact toughness values with Increasing Mn (Figs. 25,
37) particularly after 200°C tempering (Figs. 36, 38 and Tables 11
and III}. This 1s so, because in the higher Mn alloys, auto-tempering
did not take place (Figs. 7 and 55) due to low Hs temperature and a lew
temperature tempering is necessarv in order to induce some plasticityv.
d(30,37)

It has been also reporte that such low temperature tempering

augments the mechanical stability of austenite.

The advantages of grain refining are discussed in the beginning.
In order to combine the *rnefits of high temperature austenitization,
i.e., reduce coarse undissolved alloy carbide volume fraction and maintain
a fine vy grain size, double treatments {(Fig., 1) are necessarv. The
increased volume fraction of y as a result of grain refining is evident
from a comparison of Figs. 27 and 28 and the corresponding improvement
in fracture and impact properties can be seen from a comparison of
Figs. 36 and 38 aud Tables Il through IV. However, the strength
properties are somewhat lower probably due to the increased amount
of retained austenite.(lls)

In the 5 Ni modified alloy, there are two variations in the

microstructure compared to the base allov, viz., some substructural
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twinning (Fig. 8) and increased amount of retained austenite,

(Figs. 28 and 21). The detrimental effects of twinning on toughness
have already been discussed and the somewhat poorer toughness proper-
ties in this alloy compared to some of the Mn modified allnvs (Figs
35 - 38) is attributed to the presence of substructural twinning.
Although the toughness of 5 Ni alloys are somewhat lower than that

of the Mn steels, their toughness and strength combinationns are quite
attractive as shown in Figs. 35 and 37.

The desirable microstructural features for good strength and
toughness cembinations as concluded from this investigation are
schematically illustrated in Fig. 52. Bv adhering to the design
guiaellnes, micrnstructures are developed 10 quaternary ailoys which
have toughness to strength combinations much superior tn the enuivalent

commercial allevs, shown in Figs. 53 (a) and {b).
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PART 2.

MORPHOLOGY, CRYSTALLOGRAPHY AND FORMATION OF

DISLOCATED (LATH) MARTENSITES IN STEELS
I. INTRODUCTION

It is now known that there are two basic morphologies of bulk
martensite in ferrous alloys:(A’ﬁ) dislocated lath martensite and
twinned plate martensite. Although the morphology and crystallograpty
of plate martensites are well understood, the same is not true for

the dislocated lath martensites occurring in the technologically more
important medium and low carbon steels.(z’b’ﬁ’llé) This part of the
investigation is concerned with a detailed electron diffraction and
microscopy examination of dislocated lath martensites in an effort

to characterize the morphology and crystallogrpahv in greater detail
than has heen done previously and to hetter understanding of the
austenite*martensite transformation mechanism. This work has been
partly stimulated hy the fact that small amounts of retained austenite
have bheen detected (Part 1) ii many lath martensites during an extensive
alloy design program on dislocated martensitic steels.(A’Jé) Conse~
quently, the unique orientation relationships can be obtained directly
by utilizing selected area diffraction a- 'lyses of the lath bundles
and their surrounding austenite. Such analysis is more precise at
high voltages due to the reduction of spherical aberration. This

method serves to eliminate controversies that must arise if indirect

methods of habit plane analysis were to be used.(llﬁ-lzb) These
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usually involve the determination of the habit plane in martensite
and converting it back to austenite using either the known traces
of austenite or the presupposed orientation relationships. There
{s a wide scatter in the existing data as can be seen from Table V.

Another important aspect of the debate surrounding the lath
martensite is the mechanism of its formation. Some of the earlier
investigators considered that the packet is a fundamental nucleation
and growth unit and the laths and cell boundaries form after trans-
: , : (76,125)
formation as accommodation relaxation in the martensite.
Others concluded that the laths are fundamental nucleation events and
growth units and some cell structure originates in the austenite
ahead of a prowing martensite lath/plate and is inherited by the

3 . (126) X

subsequently formed martensite. The present study aims to

resolve this conflict.
I'I. EXPERIMENTAL

The steels used for this part of the investigation are given
in Tahle V1. Iron-nickel binary alloys in the form of 5 mil thick
sheets encapsulated in evacuated quartz tube, were austenitized 1 hr.
at 1100°C and quenched into iced water. The carbon steels were aus-—
tenitized in bulk for 1 hr. followed by quenching into iced water.
Different austenitizing temperatures were used to change grain sizes.
Details about the heat-treatment and specimen preparation are described
in Part 1. Thin foils were examined in the Philips EM 301 (100 KV) and

Hitachi HU 650 electron microscopes (500 KV).
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III. RESULTS

A. Morphology and Cell Structure of Martensite

The martensite packet size was found by optical microscopy to
increase with austenitizng temperature and prior austenite grain sice
(Table VII) but did not show the same rate of increase as the prior
austenite grain size when the austenitizing temperature was increased
from 870 to 1200°C. There was no noticeable variation in the average
lath width as a function of prior austenite grain size.

Transmission electron micrographs taken at 100 KV and SO0 KV
revealed that the laths are parallel with reascnably straight boun-
daries and a high dislocation density (Figs. 54 and 55). Although there
were no significant differences in lath morphology or substructure as
a function of carbon content, retained austenite could only be detected
in the carbon containing alloys (cf. Figs. 54 and 535)., in agreement

77

with Yeo. Fig. 55 gives evidence of retained austenite in the

(127) (Figs. 55 (a) through (c)) and quaternary

ternary Fe-4Cr-0.3C alloy
Fe-4Cr-2Mn-0.3C allov (Figs. 55 (d) through (f)). Indexed diffraction
patterns clearly reveal the austenite zones (110) (Fig. 55 (¢)) and

(211) (Fig. 55 (f)). A detailed discussion of the occurrvences of

retained austenite has alreadv been dealt with in part 1.

B. Crystallographv of the Transformation

1. Relative Orientations of Adjacent Laths

Fig. 54 1s an example of a detailed analvsis of parallel
laths. The SAD patterns and regions from where the patterns

are obtained in the bright-field image are identified by 1, 2, 3
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etc. The [110]u crystal direction remains parallel in all the
laths In this packet, indicating that these laths are separated
hy [1101a rotation boundaries. Using sterographlc analysis,
Flg. 56 , it i{s found that the lath 5 1s rotated 180°C with re-
spect to lath 1 indicating that the shear components are opposite
and accommodative. Thus, within the packet, the relative orien-
tations of laths is such as to minimize the overall shape defor-
mation. 1t is possible that adjacent laths can be twin related(le)
in which case a 180° rotation of shear vector is nbtained in a
single step at adjacent laths. Rut twin related laths were found

to occur Infrequently in the carbonless alloys. However, in car-
bon containing alloys twin related or near twin related adjacent
laths is a common occurrence. In addition, the presence of carbon
appears to bring about the 180° rotation of the shear vector with
less number of laths than without carhon. Moreover, the rotation
axis for producing adjacent lath orientations is not unigquely
i1}, since llﬁﬂ]u is also occasionally ohserved.

Austenite/Martensite Qrientation Relationships

The ternary Fe-4Cr—0.3C alloys showed mostly the K-§
(Kurd jumov~Sachs) relation (Fig. 55(c)) while alloys modified with
2% Mn and 5% Ni (alloys 5 and b) frequently revealed the N-W
{Nishiyama-Wasserman) relation (Fig. 55(f)). In Fig. 55(c) there
are two martnesite zones, [lOO]u and [111]u, and vet a single
[IIO]Y zone. Out of the four possihle orientation relationships
(72) v

between fcc austenite and bcc martensite, iz., Bain,

Pitsch, K~5 and N-W, only K-S and N-W relations are widely
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P N
recognized(7“’1’83’11’) to occur in the ferrous systems under
investigation. The K-S and N-W relations are related simply
by a 5.26° rotation around the normal of a close packad plarne

(128,12%) fio 57, In the light

in either crystal structure,
of these comments, the results presented in the SAD pattern
of Fig. 55 (¢) need to be re-examined. Considering only one
martensite crystal variant at a time, the [111]u and illO}T
combination results in K-S relation, but if I](‘O](x and [llf.‘]Y

are considered, the result is the N-W relation, Fig. 58. 1t is
clear, therefore, that this is an ambiguous pattern for orien-—
tation relationship analysis although this is not apparently well
recognized by other workers.(BS’lza’lzg) The particular combi-
nation of orientations {<100>a, <lll>q ard <llO>Y)) was fre-
quently observed in the present investipation as well as several
past investigations.(lzé’lzq) The inability of the previous
investigators to identify retained austerite led them to mis-
interpret the two matrix orientajons as the result of adaptation

of two different variants of K-5 relation in adjacent laths of a
packet. In the absence of retained austenite reflections, the
resulting diffraction pattern corresponding to Fig. 55 (c¢), would
be as depicted in Fig. 58 consisting of onlv martensite reflections.
Quite obviously, these two matrix orientations do not exactly fit
into two variants of the K-5 relation and in an effort to find an
unique, singlie orientation relationship, sorne Russian investiga—

n
tnrs(L‘g) concluded on the bhasis of elaborate matrix computations

that the orientation relationship is exactly intermediate between
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K-S and N-W. This conclusion can not be disproved as long as

only matrix martensite reflections are recorded, Fig. 58. However,
the present investigation using direct evidence of retained
austenite reflections, Fig. 55 (c¢), has shown that what is in

fact haypening 1Is that both K-S and N-W orientation relationships
are alternating within the same packet and that the orieatatian
relationship between a particular martensite crvstal (lath) and
parent austenite is either K-S or N-W but not intcrmediate. In

the present study, evidence for the K-S relation as the dominant
orientation relationship is obtained from several other unambipuous
diffraction patterns., Similerly, the dominant orientation re-
latfon in the quaternary alleoys (alloys 5 and & in Takle VI) is

the N-W, Fig. 55 (f). 1In this figure, although, there are apain
two martensite orientatioms, viz., [1Eﬂ]a ard [Ellln and a single

austenite orientacion, [211]y’ it can e showne that neither of the

satrix orientations belongs to a K-S warjant. The !llﬂ]u and [311],
crystal directicns in this figure are rot exactly twin related but
(1) (146,129)

rotated ~6" about {‘.10]7 direction." 1t was pointed out
that the appearance of twin orientations of martensite crystals is
evidence that the orientation reiationship during y+a transformation
is very close to precise K-S5. Twin orlentations of marten-

site crystals corresponding to the different variants of an

orientation relationship are analytically impossible fur N-W.

Trace Analysis

Fig. 59 (c) shows the trace analysis directly in austenite

from which it can be seen that the habit plane in austenite is
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very closc to the (111)7 within the limits of the accuracy of
the electron metallographic trace amalysis (2°). This habit
plane in the parent phase agrees with several earlier investi-
gators (Table V). A determination of the habit direction of

the laths in austenite indicates that it falls closely along
[ITOIY. Fig. 59 (a) shows the scatter when trace analvsis is
done only in martensite and emphasizes ‘e advantages of de-
tecting and utilizing the retained austenite. Fig. 59 (b) shows
the trace analysis of the long axes of laths; these are always

in <111>  within experimental error.

C. High Resolution lattice Imaging

The advantages of employing high resolution lattice imaging to the
. (130) P ; s s
study of phase transformation is beginning to pain recogniti ..

An attempt is made here to apply this powerful technique to stuc various
interfaces such as, lath, packet boundaries in martensite as al.o the
most important austenite/martensite interface. The difficulties in-
volved in lattice imaging ferrous martensites are alreadv de t with in

(131) and very preliminary results are shown n Fig. h0{a)

the literature
and (b) which is a {110}u lattice image in a martensite region of fine
grained Fe-4Cr-5%1-0.3C alloy (alloy 5). It is seen tha  the martensite
packet boundary extends over a region larger than could be measured from
a conventional bright field micrograph, Fig. 60(a). Tt .- dark contrast
observed at the boundary which can be resolved in th conventional bright

field image is not a true indication of the actual ocation or extent

of the boundary as {110}, fringes can be seen beyond this contrast.
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Also, from the visibility of the fringes, {t can be seen that the
houndary is not straight, but wavy. In Fig. 6U(b) several end-on
uislocations can be seen within the martensite region and the con~
siderable bending of lattice plane around dislocations is evident,

As a next step in this analysis, lattice imaging of the austenite/
martensite interface is artempted. The main difficulty in simultaneonsly
imagling lattice fringes in avstenite amd martensite across the interface
(as Is required to study the luterface depicted in Flg. 62) is that
the austenite ls non~maguetic and the martenslte is magunetic. Thus,
the objective lens astigmatism correction for optimum resolution is
different for lattice 1maging austenite and martensite. However, with
appropriate objective lens defocus and astigmatism corrections, «
compromise conditon can be obtained whereby lattice fringes in both
phases can be formed. Initlal success indicates that the lattice
fringes nn either side of the boundary undergo considerable berding

and some i{nterfacial dislocations were also detected.
IV, DISCUSSION

Because packet slze increases at constant lath width {Table VIT),
the aspect ratio of the laths increases with prior austenite gr.in size.
A constant aspect ratio with increasing packet size would result in a
inlgher volume dependent strain energy.

Regarding relative orientation of adjacent laths, Kelly(IBZ)

showed that those variants that are exactly twin related have shears

which are equal and opposite. The present observations suggest that

the orientatons of the laths are those which result from minimization
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of the overall shape deformation and its accommodation over a group

of laths. Analysis of several adjacent laths in a packet was necessary
to reach this conclusion, see for example Fig, 54, It is also shown
that, in general, a gradual change in orientation to minimize shape
deformation 1s preferred to a twin orientation of the adjacent laths.
Fig. 61 depicts schematically three possible cases of accommodation
within a martensite packet and their corresponding displacement profile.
The situation where a single shear is operative throughout the width

of packet 1s shown in case I (Fig. 6.) where the large accommodation
necessary 1s evident from the displacement profile. This is an ener—
getically very unfavorable situation and the shape deformation can be
minimized considerably by breaking the original packet into sub-units,

or laths, such that several shear vectors operate within a given packet,
In addition, instead of being random, if these shear vectors are arranged
such that over a group of laths, the shear vector completes a 2T rotation
case II, then the corresponuing accomnodation is considerably reduced.
This is what is happening in Fig. 54. Instead of a multi-step orientation
process, this minimizaton of shape deformation can also be obtained in a
two step twinning process wherein, the adjacent laths are twin related,
case I1I. Twinning in this case does not imply physical twinning but
describes a situation where the relative orientuton of adjacent laths
corresponds to a twin relation. The occurrence c¢f twin related adjacent

A
(124) and in the oresent in-

laths is a point of considerable debate
vestigation twin related adjacent laths were observed occasionally in

ail the specimens but their occurrence increased with the presence of

interstitital €. As discussed before, the SAD pattern of Fig. 55 (f)
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reveals two diffraction zones, viz., <110>q and “3il-, corresponding

to a near twin related orientation of adjacert 1tahs shown in the bright-
field micrograph, Fig. 55 (d). The presence of carbon also appea-s tn
reduce the number of laths required to achieve a 180° rotation of the
shear vector, for example, in Ftg. 55 (¢}, the 180° rotation achieved

in a group of three adjacent laths. It thus appears that the increasing
di{latatian component of the strain enerpy with increasing € rcqnires(gz)
complete accommodtation over fewer numper of laths with a tendency for
(h)

ad jacent twin relation. There are a few erimples in the literature of

the ¢ -yerative accommodation In the formation of mactensite [n sume
non-ferrous systems. The presence of mulliple sheare wherein roe
<112 shear oirection alternares among the three variants in the
close packed plane during the fccrhep martensitic transformation in
Co and Co~Ni alloys is thought to be resposible for the much reduced
net shape strain and the consequent strain enerpv.

The habit plane by direct trace analysis is shown to be !lll)y.
Some of the scatter in the habit plane analvsis hv indirect methods
mav he due to the presence of ledges in the austenite-martensite inter-
face as shown in Fig. h2(a). From this figure, the micrescopic habir
plane remains (]11}7 hut the macroscopic babit plane of any (hk?,lY
can be generated by varving ledpe density, ledge morphology, or hoth
as shown in Figs. 62 (b) and (c). The martensite laths would thicken
by propagation of these ledges into the surrounding austenite.

The identification of retained austenite around the lath
toundaries supports the view that these laths are indeed individual

nucleation events. The proponents of the idea that a packet is a
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fundarental growth unit(76’125) derive their support largely from the
observation that surface relief experiments reveal uphecavals over
distances which are often 5 to 6 lath widths. However, as shown

by the present study, adjacent laths may be rotated with respect to

a common axis. Therefore, although all the individual laths underge
shear, they contribute to surface relief only over distances which are

S to & laths in width. From t:.se arguments, {t appears that the

so~-called laths are really small platelets as shown In Fig. 63 with

b > a > ¢ where 'b' 1s the long axis, Fig. 55 {d). In the case of car®.n

sieels, the laths are separated by thin films of austenite which may

be stabilized to some extent due to the segregation of carben from

the ad joining laths as indicated in the diagram. For the first time,
it is ildentified in this study that austenite/martnesite phases can
obey both K-S and N-W orientation relations within the same packet.
There is no a priori reason why this cannot happen. 0On the other hand,
a hypothesis can be advanced to explain this on the basis that the

two orientation relations give better flexibility in terms of increased

variants available during martensite nucleation.



SUNMARy

Both a fundarental etudy of the "Tath’ rartensite forrasion as wel!

as microstructure-property relations have heeo carrivd out fn the preser
Investigation and the following ronclustons are drawn froe thie study,

. Seme alluy desipgn consicerations for opticing Crverpt =tonpt e

combfnati{ons in hipl streneth structural steels were  riticaily
assessed and based on these quaternary atles additions <4 Yo and
Ni were made to the hase Fo 27r' 030 cieel and cprisd ing heat-
treatments were chosen resultiry in the desipn of wnperior experi-

mental steels,

2. From the microstructur,.! <t of thee quatersare gllevs, the

following observations «re made:

(a) The single high remperatare L ererrrizat-n orodared a

homogene s austenite phase frec ‘rom undissolwed covree allov

carhiges In all the allevs,
() rdditions of up to 2 w/o Mo did not alter the sobetracture

fomartensite which {8 mainly dislocated.  However, increasing

Mn osuppressed autostenpering concomitant with cerv low MS tem-
peratures in these allouys.

(¢) Interrupted quenching following hign temperature austeniti-
zation was required in order to avoid quench-cracking inm 5 Ni
rnodified quaterrary alloys. Addition of 5 w/o ¥i to the ternary
alioy resulted in about 10% of the martensite laths containing
twinned substructures. This is concluded to be due to the indirect

influence of N1 in promoting the twinning propensity of C and Cr.
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(d) Froum a study of the retained auctenfte, the follnwic,

conc lusions were made:
(1) There {s a monotanic increase {n the volure tra t]
of retalned austenite with Mn as shown bv both tracai: o
electron metallapraphy as well as varefol x-ray diftroceion
analyslis. The stabilizing mechanisms for austenite arc div-

cussed and it 1s concluded that chemical stabilizatior as

a result of excessive T segregation can not be the Jdos
stabilizing mechanism in Mn modificd allovs.
(ii) The 5 w/o NI addition resulted in the highest amount
of retained austenite particularly following MS—Mf hold.
This is attributed to enbanced roles of thermal and chemical
«C segregation) stabilizations in this treatment.
(iii) The morphology of rctained austenite in all th.. alloys
is of the continuous interlath film tvpe, the thickress of
which increased with its volume f{raction.
3. XNon-conventional double treatments were designed in order to take
advantage of high temperature austenitization and fine grain size and
the following conclusions on structure are arrived at:
(a) There is roughly a ten-fold refinement in grain size following
the double treatments and the substructure of martensite essentially
remained the same as single treated alloys.
(b) The volume fraction of retained austenite increased in all the
alloys compared to their single treatments.
4. The following conclusions were made from the mechanical property

measurements:



L R T T U B P PR L PR B LU L S X T Wt
bl TR K S R A LU NADFA MY SO RS R AEL N PR IR S R .
Sraln-ret oy Parttaer lroreag Pras o KRS S '

Mipoand Lot nod bt G T Wbl b i 0 ey '
fofluenoe ar noreanaedt ol et et Vit ras e,
fth) bror the %N oooadl! e T R e AT LA S S R P

propert fes [o attribmteag o e enp bl bal iy, ot ten
of substractaral twinorr e ol e gl
of retalned auotenite S rT 0 Y e s P e e gt s
for thiv loss in propertieg oo tre b o cre o e

strength-touphness corhinar e,

Ce ) The orppin nb rhe Tegner s s Db e e ret i e
raoattrihated ta thee toil
i) Continuous dnteriath D ile merpt o 0 iy pel e

arourd the comparatively Lriot oo e oot Y rega ey
the caprinuit or rhis brare o e
) Pest~troatmenty te rhackE en e e et e o et

fioanstenite,
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hiiitv.
(1v) Caretul control of austenite (oiposition to avaoid
excessive twinniag If it were to TRIP,
(d) Several possible mechanisms of the bencricial erfect of
retained austenite on toughness propert es have heen considered
but this study could not reveal a single dominant mechanism.
5. ‘tempering betwecn room temperature and 30U°C resulted in a

rapid drop in strength with increasing Mn additions. This is



4

attritot * e ot HEEE . M oot ’ R A ‘
Pvothe rarae A A D
T N PR Cleate ] oot to
L. Hoosr e I S TR R N A Dot v
IS SO HE ST 3 I ~ PR ! : PRI
noiw TME GG e ed tol i AT B . P AT
o Mool H ‘ ottt . Pel, ban 1
fracture et et RETT DT ST S P S D A . .
CIMe tUral fealures gl e et Tty o '
: e Do are s te Ll b
far TME oorcurs Do T . e . Lo
rntposition,
G MR s cndncidernt aith e Cooreriathoretaree

anstenitee Snto Rtrinpers of coarse cerentite at these bognoories

toere cses with o irtial oretalined ansteri

ol e sraction oand the orent o or Die deocnposition,

(0 Thee dractare path dnrioy is intervranuiar ros with

respeet to prior sustenite praing but eleariv with respect to

vidnal ~rtensits crvetals {laths

‘d)  Grac-reftining although ineffective in eliminating TME,

nevertheless reduces its severitv., This is concluded to he

1w oppusing tendencies of fine grain size

due to the
and increased retained austenite following grain refinement.
(e) The decompasition reaction of retained austenite is
concluded to be upper hainitic.

(f) CGraphitizing alloving elements such as Ni, Al and Si which
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(d) Carbon is essential in stabilizing austenite, mnoallovs

with similar Ms_Mf temperatures, retained austenite is found
only in carbon containing alloys.

(e) FEither K-S or N~W orientation relationship between fcc
austenite and bcc martensite was observed to be dominant
depending on composition. Significantly, the present study

revealed that proposed intermediate K-§ and N-W orientation
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Critical Flaw S{ze-Fravinr
Toughness Relat{inns

in Seme Ultra=Hivh Strenptl Stecle

In corder to ensure that a critical part in an assenhlv, machine,

I

any ather structure does not tail in service, eitensive proof testing s

carried ont before that part {s put in service. Plrra=-hiph strength

steels in structural applications cufter from the 0

1itation that they

de not allow their full strength to be realized due to their poor

touel ness to strenpth ratio whicl o tern resalts in cxtremely smal!l

critical tlaw sizes for catastraopbic tallure. Fxperimental linmitations

ake the detectien of such tiny cracks extremely difficult. The following

sakle (Tabhle Al) of critical flaw sizes at certain applied stresses

wives an ides of the utilization factor of the steels' yield strenpths.

Theassam

wield strenpths are 260,000 psi for the ultra-high strength

steel and 2000000 Lsi for the high strength steels and these are computed

for a safetv factor of 1, Assuming catastrophic propagation of existing

flaws in the material under service load as the failure criterion,

ard using the relation between critical flaw size a and applied stress

from fracture mechanics (eq. Al), the critical flaw sizes weie corputed

and plotted in Fig. Al

where ch is the flaw-shape parameter. For an elliptical flaw, ch,


http://sir.es

Tabie Al ritioal tiaw sizes for

varijous applied stresses.

STRESS

APPLIED|
CRITICAL FLAW SIZE, o, (in )
o/ yJ s (o) ex

ULTRAHIGH STRENGTH STEELS

. HIGH STRENGTH STEELS

ICRITICAL FLAW SIZE, ag.(in) |

o (ksi) K1c =40 ksi-in /Zk ch 80 ksi- mw sT K1c =100 ksi- mVZI K1c=200 ksi- V2
[ —
100 {0.385 0042 0168 05 0263 1052
e e e —
120 {0482 0.029 0117 06 0183 0.73]
140 |0538 0021 0086 0~ 0134 0537
D - R
160 |0615]  0.016 0.066 0.8 0.103 0.41]
b e m -~ SR —1;-—--4 . . .
180 0.6925 0013 0.052 0.9 0.08I 0 325
SRS I , ,
200 O.769} 0.011 Co42 o 0.066 0.263

i i

XBL 761-6269
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Kic = 200 ksi-n/2 }
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XBL76I-8627]

Fig. Al. Critical flaw size vs. service stress for two ultra~high

strength and two high strength steels.
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varies as the ratio of minor axis to major axis. For a circular
flaw, ch7§ 2.5. Assuming ch = 1 (conservative) and neglectirgz

plastic zone correction,
= ()
- [ S b :
fer T T2TW \ = b

It {s clear from the above equatinon, at a siven applied stress, g, a.p

i{s dependent only on the KIC value of the steel. The improvenent in
applied stress that can be tolerated by a stee! by an inereac. of
its KIF is apparent from Fig, Al. Avrsurming the detection limit to be

'Rl

1" for a critical crack, the utilization limit of the yield strength

for the altra-high strength steel can be increass! from + nere 207
te abeut SU% by doubling its Koo from 40 to AN ¥si~inl/Z. fn the other

hand, {or the hiph strength steel, as nmuch as 807 5t its vield strength

.an be used at a K, 0f 100 Kei-inl/2 and 1007 vie crilization

can be achieved in triq steel by a small increase an HI('
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Appendix 2.

Method for Obtaining Calculated KIC Values

From Apparent Toughness (KQ)

The ASTM validity criteria(57) for determining fracture toughness
relate the specimen geometTy to the measured toughness KQ and the material
vield stress oy. When the crack length C and the specimen thickness R
both exceed 2.5 (KQ/Uy)z, KQ is said to be a valid estimate of the plane

strain fracture toughness, KIC' KQ 1s calculated from the equation,

P

oo
By u

(/W) (A2)

where f(C/W) is the specimen compliance function for the testing geometry
and W the specimen width and the method to arrive at PQ from the load-

(57)

displacement curve is dealt in detail in the ASTM standards. In the

present investigation, equivalent-energy method described bv Chell et a1(133)
was used to calculate KIC from KQ wherein the invalidity is due to smaller
specimen thicknesses. Fig. A2 reproduced from Ref. 133 shows the normalized
load~displacement curve wherein the displacement can be considered tc be

the external cr«'~ opening displacement § for a compact tension specimen
(see Fig. 2 of main body). Llarge specimens fail on the linear part of

the normalized load-displacement curve, say at & in Fig. A2, where linear
elastic fracture mechanics is applicable. Smaller specimens fail well

irto the non-li -ear part of the curve, at say, B. Considering a fracture

test on a specimen that fails at the point B, according to the equivalent-
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Fig. AZ. Ncrmalized load~displacement curve(uj).
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energy method the toughness, KIC 1s obtained from

K c (calculated) = A& f(C/W)

sf Y

(A3)

where PA is any load which lies on the linear part of the load-displacement
curve, Fig. A2, PB’ the maximum load recorded up to failure and Ug and UA
are the areas under the load-displacement curve up to the points B and A,

respectively.

Sample Calculation: 2 Mn modified quaternary alloy, single

treated, quenched and 200%¢ tempered
condition with KQ = 126 KSI-inl/2,
Table II

Specimen Thi~kness B = 0.846"; W = 2,000"; C/W = 0.500; f (C/W) =

3 1bs. Load chosen in the

from Ref, 57. Maximum load, Py = 17.64 x 10
elastic region, P, = 9.6 x 103 lbs.

Area under A, UA = 318 units.

Area under B, Ug = 1797 units.

Using eqn. (A3) above, the plane strain fracture toughness is calculated

to be 183 KSI-in 1/2.
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ALLOY COMPOSTTIONS AND TRANSFORMATION TEMPERATURES

TABLE 1.

Conposition (wt?)

Measured Temp. (°C)

Alloy
Designation [t Cr Mn Ni Fe MS Mf Ag Af
A 0.29 4.0 —— -—- Bal. 270 170 726 808
B 0.24 4.0 a9 — Ral. 305 190 728 762
C 0.24 40 1.0 ——— Bal. 274 167 700 735
D 0.25 b0 193 - Bal. 253 164 655 685
£ 0.27 1.8 - 5.0 Bal. 210 110 641 656

._66_



TARLE 11.

MECHANICAL PROPERTIES OF SINGLE TREATED, CUARSE GRAINED STEELS

Charpy~
Tempering % % Kic V~-Notch
Temperature Y5 uTs Reduction Elongation Energy
aAllay (°c) (KSI) (KST) in Area Total (Uniform) KSI-~im 1/2 ft—1bs
Fe-4Cr~0.3C as—quenched 195 240 5.4 8.0 (3.0) 71 18
200 189 230 45.5 11.0 14.0) 76.5 0
300 173 208 45.2 10.0 (3.3) ———= 15
400 169 202 48.3 11.0 (3.3) - 15.5
500 15% 175 52.5 13.5 (4.4) ——— 19.5
600 110 129 78.6 17.0 15.2) - 36.5
+ 0.5 Mn as~quenched 132 233 34.0 3.0 (31.5) 92.5 14.0
200 175 214 47.0 11.0 (3.5) 117 (150)=* 35.0
300 i70 204 50.0 10.8 (3.3) —_— 14.0
400 163 195 51.0 11,3 (3.6) - 15.5
500 150 172 60.0 13.5 (4.2) —— 19,5
600 104 125 71.0 16.2 (5.4) ——— 36.5
+ 1.0 Mn as—quenched 198 40 2849 6.4 (3.0) 85.5 11.5
200 185 224 45.7 10.0 (2.7} ———- 48 .0
+ 2.0 Mn as—quenched 207 265 33.0 8.5 (3.5) 59 3.4
200 195 235 36.0 6.5 (2.5) 126 (180)* 40,0
300 177 212 9.0 —meeee ——— 18.5
400 160 195 45.0 11.5 (4.0} —_—— 14,5
500 150 179 24 .0 12.5 (4.0) —— 4.0
600 105 125 64 .0 17.0 (6.0) ———- 10.2

*KQ values enlv, calculated X,

¢

in brackets,
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TABLE I1I.

MFTHANICAL PROPERTIES OF GRAIN REFIWED (DOUBLE TREATED) STEELS

Charpy-
Tempering 4 % KIC V~Notch
Temperature YS uTs Reduction Elongation Energy
Alloy (°c) (K51) (kS 1) in Area Total KSI-in 1/2 fr-1bs
Fe-4Cr-0.3C as~quenched 180 230 24,0 9.4 66.0 20.0
200 187 227 32.0 9.u —— 20.5

+ 0,5 Mn as—quenched 189 | 230 48,2 13.13 24,5 23.5
200 186 222 491 13.7 B2.5 32.9

+ 1.0 Mn as~quenched 177 224 47 4 13.7 85,0 29.1
200 185 223 50.0 13.9 110.0 40.0

+ 2.0 Mn as—quenched 189 242 38.7 11.o a4 .0 30.5
200 184 230 50.8 1544 126 ,0* 4u.5

300 187 215 8.5 14.5 ———- 29.5

400 177 204 59.1 19.4 — 24.5

500 161 1o0 60.3 21.0 —-- 17.0

600 108 127 72.6 23.3 —— 28.0

*K . only
(3 -
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TABLE 1V,

MECHANICAL PROPERTIES OF 5 Ni MODIFIED ALLOYS

CVN
Tempering % A Kre Impact
Temperature YS UTS Reduction Elongation Energy
Treatment o) (KSI) (KSI) in Area Total (Uniform) KSI-in 1/2 ft~lbs
Single as—quenched 195 275 25.0 9.0 (5.5) 89.5 19.5
Treatment
H—Me holding 200 187 234 - 12.0 (5.0) 123.0 43.5
Coarse grained
Structure
Double as—-quenched 200 280 44,5 11.1 75.0 27.0
Treatment 200 193 242 57.5 15.8 102.0 41.9
Fine grained 300 183 218 58.7 53 ———— 41.0
Structure 400 181 215 59.5 16.0 —— 39.0
500 172 195 64.0 18.1 -—— 48 .5
600 114 137 75.0 24.0 ——— 117.0

=201~



TABLE V.

SUMMARY OF CRYSTALLOGRAPHIC STUDIES IN LATH MARTENSITE

Investigator(s) Habit Plane Habit Plane Ref.
in Martensite in Austenite
Mehl et al. ————- {lll)Y 118
Greninger & Trolano = -——~—-- flll)Y 116
Schoen et al. ———m—~ {111)Y 119
Marder & Krauss = —m———- (557)Y 120
Kelly & Nutting <111> * <110>Y* 121
Bell & Owen (110}u —————— 122
Bolton & Petty {IIO}G —————— 123
Chilton et al. (213} —————- 124
Sarma et al. tex,y, s 117
*long direction of the needle/lath
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TARLFE VI,

CHEMISTRY OF THE ALLOYS AND THEIR Ms TEMPERATURES

Alloy # Alloy Comp. (wt%), Nominal Ms (°c)

1) Fe~12 Ni 300*
2) Fe~15 Ni 250%
3) Fe-20 Ni 165*
4) Fe-4Cr—0.30 320
5) Fe-4Cr-5Ni~-0.3C 210
6) Fe-4Cr-2Mn-0.2C 253

*calculated
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\BLE VII.

=

VARIATION OF MARTENSITE S1ZE PARAMETERS W/TH AUSTENIT[ZING TREATMENT

IN Fe/4Cr/0.3C Alloy

Austenitizing Prior austenite Martensite Martensite
Temperature {°C) grain size, um packet size, um lath width, um
870 29 26 0.37
1000 111 31 0.35
1100 202 42 0,39

1200 254 47 0.39
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Figure Captians

Schematie 1lilustration of heat-treatoents erployed in this stodv,

Sketches of round tensfle (A), frarture touphness (B), and impac:
toughness (C) specimens.

Equilibrium pseudn-binary phase diagraa of Fe-5Cr-C system.

Optical micrographs of as-quenched steels: (a) and (b) are for
2 Mn modifled alloy and (c) and (d) are for U NI modified allny.
(a) and {c) are from single high temperaturc treated specimens
whereas (h) and (d) are fruom grain-refined spcecimens.

Prior austenite grain size as a functlon of alloying and heat-
treatment.

Bright field (a), dark-fleld (b) revealing auto-terpered €-carbide
in the single treated as-quenched 1 Mn modified alloy. The SAD
pattern (c) countalning streaked reflectiens from t-carhide 1is
indexrnd In (d).

Bright-field micropraphs (a) and (b) show the dislucated lath
martensite structure devoid of any auto-tempered carbides in
the as~quenched coar.e grained structure of I ¥Mn modified
alloy.

Bright-field micrographs (a) and (b) reveal the dislocated lath
martensite while (c¢) and (d) show the presence of some substruc-
taral twinning in the 5 Mi modified alloy single treated and
interrupted quenched to room temperature. Twinning reflections
from (d) are shown in the SAD of (e) and snitahly Indexed

in (f).

Tempered €-carbide observed in single treated 5 Ni modified
alloy is shown in the BF micrographs (a) and (b).

Bright-fleld (a), dark-field (b), selected area diffraction
pattern (c¢) and the corresponding indexed pattern (d) re-
vealing Widmanstatren cementite in the 200°¢ tempered specimens
of 2 Mn modified alloy.

Bright-field (a), dark-field (b), selected area diffraction (c¢)
and the corresponding indexed pattern (d) revealing cementite
precipitation in 0.5 Mn modified alloy tempered at 300°¢c.

Morphology of cementire precipitation in 300% tempered structures
of 2 Mn modified alloy: bdbright-field (a) and dark-field (b)
micrographs reveal typical widmanstdtten platelers while
bright~field (c) and dark-field (d) micrographs reveal on-going
process of spheroidization of this carbide.
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Bright-field (a), dark-field (b), selected area diffraction
pattern (c) and the corresponding indexed pattern (d) showing
carbide precipitation in 30.%¢ tempered, fine grained 5 Ni
nodified alloy. Retained austenite is {dentified by arrows
in the DF micrograph (b).

Bright-field (a), dark-field (b) revealing spheroidized cementit
in 6.5 Mo modificd alloy tempered at SU0°C. (c) and {d) aic
the bright-field and dark-field micrographs showing interlath
cement{te in the same alloy.

Bright-field (a), dark-field (b) showing presence of widmanstdtten
cementite and M7C precipitation in 2 Mn modified alloy tempered
at 500°C. (d) 1sthe analysis of the selected area diffraction
pattern (c), which contains streaking presumably from M7C3 carbide.

(a) BF, (b) DF, (c) SAD and (d) analysis revealing continued
presence of fine widmanstatten cementite platelets in the
2 Mn alloy tempered at sn0°c.

(a) BF showing twinning, (b} DF showing twin boundary carbide
precipitation and (c) DF revealing twins in bright contrast in
5 Ni alloy tempered at 500°C,

(a) BF, (b) DF revealing both M7C3 and cementite in 5 Ni modified
alloy tempered at 500°C.  The SAD pattern shown in (c) is analysed
in (d).

Retained austenite 1n the as-quenched 1 Mn single treated alloy.
(a) BF and (b) DF micrographs revealing austenite in bright con-
trast. Fxtensive retained austenite in this alloy is also shown
in the BF (c¢) and DF (d) micrographs from a different area.

Fvtensive retained zuctenite in the 5 Ni alley {Loarse grainea)
is revealed in the BF (a) and DF (b) micrographs. (c¢) is the
DF micrograph of retained austenite from a different area of
the specimen.

DF comparison of the amount of retained avstenite in the
aquaternary alloys. (a) base alloy, (b) 0.5 Mn alloy, (c)

1 Mn alloy, (d) 2 Mn alloy, (e) 5 Ni alloy, all coarse grained
structures. The strong austenite reflections observed in

the quaternary alloys can be seen from the indexed SAD pattern
shown in (f).

DF composite revealing continuous interlath films of retained
austenite in the 1 Mn alloy (coarse grained) tempered at 200%¢.

Decomposition of retained austenite into interlath stringers of
cementite in 300°C tempered 0.5 Mn alloy. (a) BF, (b) DF,
(c) SAD and (d) analysis of this carbide,
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Fig. 24. Decomposition of retained austenire into lnterlath stringere
cementite in 300°C tempered 2 Mn alloy. (a) BF, (b) DI, (c) sab
and (d) analysis of this carbide.

Fig. 25. (a) RF, (b) DF of vy, (c) SAD showing austenite reflections analia
in (d) in 300°C tempered 5 Ni alloy (fine grained).

Fig. 26. ({(a) BF and (h) UF reveaiing interlath crementite in ccarse grained
2 Mn alloy tempered at SOOV(,

Flg. 27. Variation in the volume fraction of retalned austenite with Mn {n
single treated alloys.

Filg. 28. Volume fraction of retained y vs. alloying {n grain-refined steels.
Also shows retained vy in 5 Ni alloy interrupted quenched (MS—Ff)

followlng single high temperature austenitjzarion.

Fig. 29. 7 Retalned y vs. temperiny temperature in 2 Mpn and 5 Ni modified
alluys.

Fig. 30. Re hardness vs. tempering temperature.

Fig. 31. Strength vs. tempering temperature of sinple treated alloys.

Fig. 32. Strength ve, tempering temperature for prain-refined alloys.

Fig. 33. Strength vs. %X Mn of the single .reated, as-qvenched slloys.

Fig. 34. % reducrtion in area vs. tempering tomoerature of the {a) single
treated Mn modified alloys and (L) wrain refined Mn and i
modified gquaternary alloys.

Fig. 35. Piane strain fracture toughness vs. vie'd strength.

Fig. 36, KIC vs. w/o quaternary alloying for the prain refined structures.

Fig. 37. Impact energy vs. vield strength of single treated Mn modified
alloys and grain refined N1 modified alicy,

Fig. 38. 1Impact energy vs. quaternary alloying for the grain-refined
structures.

Fig. 39. Impact energy vs. tempering temperature for the single treated,
coarse grained alloys.

Fig. 40. Comparison of impact energy as a function of tempering temperature
for the coarse and fine grained structures of the 2 Mn alloy.

Fig. 41. Impact energy vs. tempering temperature for the grain refined
2 Mo and 5 Ni alloys.
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Fig. 42. Ductile-brittle transition temperature curves foi. the base
and quaternary steele.

Fig. 43, As~quenched CVN fractographs of coarse grained (a) 0.5 Mn (b)
2 Mn alloys.

Fig. 44, Fractographs of Fe-4Cr-0.3C + Mn alloys. (a) and (b) are fron
0.5 Mn alloy at 200 and 300% tempering respectively and (c) and
(d) are from 2 Mn alloy at 200 and 300°C tempering respectively.

Fig. 45. CVN fractographs of coarse grained, 500°¢C temperec (a) 0.5 Mn
and (b) 2 Mn alloys.

Fig. 46. CVN fractographs of grain refined 5 NI modified alloy: (a)
as—guenched, {b) 200°C tempered, (c) 400°¢ tempered and (d)
6007C tempered.

Fig. 47. 1Inclusion identification in coarse grained 2 Mn alloy: (a)
Fractograph and (b) corresponding EDAX analysis of rounded
inclusion (arrowed in (a)) in 200°C tempered structure and
(c) fractograph and (d) EDAX analysis of rounded (arrowed in
{c)) inclusion in 500°C tempered structure.

Fig. 48. Evolution of microsctructure and embrittlement during tempering
of modified ultra-high strenght Fe~4Cr-0.3C steels.

Fig., 49. Fractography of the evolution of embrittlement during tempering
of modified Fe-4Cr-0.3C steels.

Fig. 50. Schematic illustration of the morphology of retained austenite
and martensite in high carbon, high alloy steels (a) and low
carbon, low alloy steels {c). Morphology of fracture due to
decomposition of retained austenite to carbide on tempering
[(b) and (d)] depends on the initial microstructure (see text).

Fig. 51. Schematic of crack, displacements, and plastic zone in a
two~-phase material.

Fig. 52. Schematic showing desired duplex microstructure consisting of
major phase martensite contributing to strength and minor phase
rectained austenite providing improved toughness.

Fig. 53. Comparison of toughness to strength relations in experimental
quaternary alloys and equivalent commercial alloys. (a) Charpy
impact energy vs. tensile strength and (b) plane strain fracture
toughness vs. tensile strength.

Fig. 54. (a) Parallel laths in a packet martensite of binary Fe-12 Ni alloy.
The [110] remains the same in all the laths of the region. BF
micrograp%. (b) Corresponding indexed SAD patterns with the
electron zone axes shown in the top left circles.



Fig. 55.

Flg. 56.

Fig. 57.

Fig. 58.

Fig. 59.

Fig. 60.

Fig., 61.

Fig. 62.

Fig. 63,
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(a), (b) and (c): BF, DF and SAD pattern, respectively, revealing
retained austenite in alloy 4 (Table VI). DF (b) 1s obtained
using (002)7 reflection in (c). (d), (e), (£f): BF, DF and SAl
pattern showing retained austenite in alloy 6 (Table VI). DF

(e) is obtained using (N22)_ reflectian of the [lelT zone,

N-W orilentation relationship is shown in (f).

Stereographic analysis of relative rotatlons amongst the laths
in a packet corresponding to Fig. 54. The axis of rotation,
[110], is also the standard projection of the stereogram.

Plotted composite austenite-martensite diffraction patterns
revealing the relatively simple correspondence between the
K-S and N-W orientation relationships between fcc austenite
and bcc martensite.

Detailed analysis of the diffraction pattern corresponding
to Fig. 55 (¢).

Trace analysis of habit plane/direction for the martensite
transformation, (a) analysis of plane in marteunsite showing
(Oll)u and (133)u habits, (b) analysis of direction in
martensite showing near [lll]u khabit, (c¢) direct analysis
of plane in parent austenite revealing near (lll)T habit.

Lattice image micrographs (a) and (b) are obtained from
Fe-4Cr-0.3C-5Ni allcy (grain refined): (a) shows (101)

lattice fringes near a martensite packet boundary. The
location of packet boundary as judged from contr st variation
in conventional bright-field is indicated by arrows, (b) shows
(lO])a lattice fringes within the martensite region. Several
end-on dislocations can be seen and one of them is marked

on the micrograph.

Schematic representation of accommcdation within a martensite
packet: Case I represents no accommodation, Case II represents
accommodation over a group of laths and Case III shows accommo-
dation in adjacent twin related laths.

(a) Suggested ledge model of the austenite/martensite inter—
face, (b) and {c¢) show different ledge configurations leading
to either different macroscopic and microscopic habit planes
(b) or a single habit plane (c).

Proposed morphology of lath martensite, b > a >> c. Arrows
indicate carbon segregation into austenite (A) from adjoining
martensite (M).
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