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PROGRAM OBJECTIVES AND SﬁMMARY

Little is. known about what controls fatigue cracking near threshold in
BCC materials. Furthermore, although these are écceptable models of plastic
flow induced striation mechanisms, there are no generally accepted models in-
volving intergranular, cléavage, cyclic cleavage, glide band decohesion or
other secondary fracture modes. The Objectivés of the present progrém are
to understand the roles of alloy additions, grain size and yield strength on
fatigue threshold and near-threshold growth rates for selected BCC materials.
Thus far, a predictive model for burst cleavage iﬁ Fe-binary alloys has been .
derived and verified. A fredictive model for cyclic strain hardening exponents
of an HSLA steel at low temperatures has been derived and verified. A pfoposed.
model for cyclic cleavage érack entension in terms of geometrically mecessary
dislocations has been partially investigated. Experimentally, grain sizeA‘
and low temperature effects on thresholds and crack growth of HSLA steels
and Ti-30 Mo have been nearly completed and similar studies on Fe-binary alloys
are.in progress. With such input, models are currently being developed for
predietion of microstrructural effects on threshbld and near-threshold crack

growth .under mixed mode conditionms.
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I. STRAIN—RATE SENSITIVITYbAND DISLOCATION DYNAMICS
As was indicated in the first year's Progress Report,1 there were some
basic needs of understanding the grain éize effect on strain rate seﬁsitivity
if dislocation-dynamics were going to be utilized to model the plastic rate
equation apﬁropriate to the crack tip. These needs were prompted by some
standard thermal activation analysis on HSLA -steel where m* was defined as

usual from

. 0,7'€ m7'€ .
€= ppbv,(5) (1)

Upon differentiating and assuming P is constant, this gives

m* = 3¢né/dLno* (2)

However, the values determined in this manner from change of strain-rate
testing, as recalled from the initial }eport and shown in Figure i, demonstrat-".
ed a grain size dependency. Thesé have been verified with doubie strain-rate
cycling and are known not to be depéndent, -entirely, on solute concentration
differences.? It is more likely that such.changes are.an apparent effect
which may be reflecting actual changes in mobile dislocation density,.as pre-
viously suggested.1’6 In fact, we will show that there could be two sources
of error in current approaches. One is associated with assuming a constant
mobile dislncation density aﬁd the‘ofher has to do with ignoring the time rate
of variation of total dislocation density. Without going into detail, it is

suggested that

- _ BQn(é - ég._éf)
real dt 2p7 _ _B_JL_I‘E{%
d&no* 34no” (3)
Since dp/dt and Pp are iikely to be functions of stress, it follows that
mzeal may be substantially smaller than m" from Eq. (2). All this anélysis

'

TThe amount of Nb or C in solid solution could be slightly different in the
finest grain size material but imperceptibly different in the three coarsest

grain sizes.
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says is.that the more the strain rate is mdde up by dislocation creation
(e.g. emissary dislocations from grain boundaries) during a strain-rate change,
the less need there is for a large m* exponent. In fact, for realistic values

factor of three increase in dp/dt can result in m: a being less than half

eal

o
~

mapparent' Since one would expect dp/dt to increase as the grain size de-
creases, this_qualitative observation is in the right direction and may at
least partially explain the results in Figure 1.

Current progress in this area involves preparation of the Fe-binary alloys
for thermal activation studies, stress-relaxation testing.and internal stress
evaluation of Ti-gettered iron and recovery experiments on both HSLA steel -:.°
and iron. Over the last year, two graduate studnets (James Lucas.and John
Vasatis) have been involved in this pﬁése of the research.

I-1 Consistent stress relaxation, stress recovery-and positive-negative in-
ternal stress determination.

James Lucas, John Vasatis and William Gerberich

In the present dislocation dynamics, low cycle fatigue and fatigue crack
propagation studies at low temperatures., it is necessary tou know how the
internal stress state is changing. That is how does the internal stress
state change with time due to dislocation production and/or annilihation in
conjunction with changes in dislocation velocity? This has caused us con-
siderable concern since we have observed that the internal stress determined
by decremental.unloadiﬁg is a function of the relaxation time in HSLA steels.
Such a result is shown in Figure 2 where a stress-relaxation test was periodi-
cally unloaded to determine the internal stress by decremental unloading. As
is seen by the inserted tabulation, the internal stress decreased by seven
percent in this relatively short time (short considering the temperature of

173K where relaxation is sluggish.) Thus, there is some question as to how
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to assess the internal stress and hence the thermal component of the flow
stress.

Since the primary concern is with threshold stress intensities which will
result inAlong time'cycling at this temperature and above, the time depen-
dence of the internal stress is important. In addition, the stress distribu-
tion at the crack tip is both large near it and small far away so that stress
relaxation and/or recovery under static loads is possible. Of course, it is
the cyclic loads that are of ultimate concern but for this initial study, a
detailed analysis of stress relaxation and recovery under static loads is
appropriate.

Consider first what happens in a stress relaxatioh or unloading type
test. This is shown by the schematic in Figure 3 where the first test is a
normal stress relaxation test, the nexg two represent low stress recovery
experiments and the final two represent low stress recovery experiments. At
high stresses, the force on the dislocatiénsvis sufficient to maintain posi-
tive dislocation motion and creation in excess of annihilation:so that the
specimen continues to lengthen, giving a relaxation under fixed grip conditions.
At low stresses, howéver, a reverse condition of negative:dislocation motion
and/or annihilation causes a specimen shortening with an attendant stress re-
covery. This later conditiun is depicted in the schematic,

To model this, consider fixed grip stress reléxation under low stresses
so that we may ignore mgchine relaxation. - It is known that the displacement
change is zero. Likewise, the total strain’'rate must be a balance betﬁeen

plastic and elastic relaxation rates, i.e.

“totat = Sgt & T 0 (4)

The sign of ¢, and ep depend upon whether the stress is large enough to over-

E

come the instantaneous internal stress so that positive or negative relaxation

occurs. This will be interpreted in terms of dislocation dynamics as others
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2-4 . s . L . . ,
have done. The plastic strain is given in terms of the dislocation density,

p, and the average distance moved, 5, by

€y = pbs (5)

Both time rate of dislocation motion and generation should be considered for
the plastic strain rate giving

&, = 06(E)bS + 4o (t)bs , (6)

where ¢ is an orientation factor.

This is essentially the same equation used by Meyers, et als except that here
p(t) and pp(t) are not taken to be synomynous. This is necessary because the
created or annihilated population may be significantly different than the mobile
population. This did not create a problem for Myers, et al-5 since they only
considered relaxation at high stresses where the velocity term predominates.
However, for generality, Both terms will be képt here. 1In a stress relaxation

or recovery experiment, the.elastic strain rate is given by

€. = 1 do .
I AT: 7)
For s and §, the following are assumed
_ . _ ) X m¥
s = l/ ; s = vi= v (g . (8)
2p72 . ' 0o

These parameters need only slight explanation.since the empirical equation for
dislocation velocity, ¥, is well known with m* = 3%né/d%nc* and o, the ‘'stress

at which the dislocation velocity is v The average distance moved by each

P
dislocation is taken as half the average distance between them since two dislo-
cations may move half way between barriers and annihilate,; a moving dislocation

‘may annihilate a stored dielocation or a created dislocation may be immediately

stored. Combining Eqs. (4), (6), (7) and (8) gives

% m*
1do _ _do(t) _ b - o (£)bve (&) ‘ (9)

E dt dt 2{p(t)}%
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Even with the implicit assumption that the thermal component of the flow stress
is constant, independent of time, this is a very complicated differential equa-
tion. An attempt to simblify it was made by choosing realistic time-dependent
functions for p(t) and pm(t). The time dependent variation in dislocatién
density proposed by Meyers, et al5 can be closely modelled by t \

oy = 2ge7t/to - (10)

where B is a constant having dislocation density units. Not only does this
fit their short timé data but it also gives pp to be zero at infinite time,
i.e. after complete relaxation. An analagous equation for the total disloca-
tion density is |

o = 8[1 + e~t/to] - (11)

This is realistic since it is finite at infinite time and is always greater

than pp. Using Eqs. (9-11) and separating veriables leads to

g9 it L —t/to - . o\t
= Ebg*e o St o
J do Jd tol lre-t/ty I% dt JO 2bBe 0 Vg oo | Edt (12)

Upon integration, this gives

so = EbE 27 - [14e t/T0T7 . 2sto[1~e‘t/t5]bEvo (g-dL)mf (13)

. : o

This appears to have many of the features required to model stress relaxation
and recovery phenomena. A éritical experiment was to-examine the AoR transients
at lower stresses where both terms were important.'&Thié was accomplished by
evaluating stress recovery at short times after decremental uriloading. The
Aop after 90 seconds:of recovery were measured as schematically shown in Fi-
gure 3. As is shown in Figure 4, the Aop values first increased and then de-
creased with increased values of the decrementél unloading stress. The largest

recovery occurred near a stress of 69 MPa which is the reported value of the

internal stress for pure Fe.6 This behavior wae observed for 300 and 233 K

+ There is no reason to expect that Ti-gettered iron or HSLA steels of this study

will have the same exponential dependence as was observed by Meyers, et al?

for Armco Fe.
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tests as'well as for 173 K (not shown here). Although Eq. (13) can model
such behavior for stresses greater than o; it cannot for stresses less than o
That is, there is no parameter which allows Aogp to increase with an increase
of the unloading stress, i.e. the stress at which recovery is initiated.
There are probably several reasons for the physical inadequacy. First, there
is no reason to expect all dislocations to be mobile dislocations immediately
upon unléading, which is what Eqs. (10) and (11) infer. Secondly, there is
good . reason to expect the mobile and total dislocation density densities fo be
some function of stress. There is also a concern about the conservation of
dislocations sincé annihilation, creation and stored dislocations have been in-
adequately -treated. Such a treatment will be discussed in the proposed work

for next year.



-7 -

I-2 Strain-rate and flow sensitive properties of HSLA steels

James Lucas and William W. Gerberich

Besides the strain rate sensitivity, internal stress and stress recovery
data already mentioned, we have been performing some stress relaxation experi-
ments at ambient and low temperatures. These will be reported at a later
date. In addition, all of the static and cyclic strain-hardening flow proper-

ties have been determined for the HSLA steels reported in Table I-1.

Table I-1: Composition of HSLA Steels (wt.Z%)

c Nb Mn Fe -
Heat #1 0.06 0.03 0.35 bal RET"
Heat #2 0.06 0.03 0.35 bal non—-RET

Heat #3 0.06 0.12 1.00 bal non~RET
*Rare-earth treated.
The cyclic strain-hardening properties are fully reported in section 11-1.
References (Section I)
1. W.W. Gerberich, "A Microstructural Approach to Fatigue Crack ‘Processes in
Polycrystalline BCC Materials,'" Annual Technical Progress Report I, Univer-

sity of Minnesota, Minneapolis, April 1, 1980.

2. J.C.M. Li, Can. J. Phys., 45 (1967) p. 493.

3. U.¥. Kocks, in Constitution Equations in Plasticity, p. 81 (ed. by A.S.
Argon), The MIT Press, Cambridge, MA (1975).

4, E.W. Hart, C.Y. Li, H. Yamada and G.L. Wire, .ibid., p. 149.

3. M.A. Meyers, J.R.C. Guimardes and R.R, Avillez, Met. Trans., 10A (January
1979) p. 33. '

6. Y.T. Chen, D.G. Atteridge and W.W. Gerberich, 'Dislocation ‘Dynamics of
Fe-binary Alloys: I. Low Temperature Plastic Flow,'" accepted:for publica-
tion, Acta Metallurgica (1981).
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II.” FATIGUE AND FRACTURE CHARACTERIZATION

For analysis of fatigue propagation models, particularly at low tempera-
tures, cyclic strain-hardening exponents, cyclic cleavage plane; and cleavage
stresses must be determined. The first year's effort was mainly centered on
improviqg the cylic stress-strain technique, usiﬁg the HSLA steels. This
second year's progress has involved the complete characterization of one HSLA
steel -at four teét temperature for four grain sizes. This has allowed a sig-
nificant advahce in the understanding of how loﬁ temperature affects the cyclic

strain hardening exponent, BC,

since we can now model B, in terms of the separate
athermal and thermal components of the flow stress. Ih'addition? we have fi-
nished the work on cleavage characteriéation of Fe-binary systéms which allows

-a determination of how alloying elements affect the specific work qf fracture

and in turn how this affects the ductil;—brittlektransition, Together, these
allow-a major step towards understanding how secondary modes of fracture affect
the low temperature fatigue process in BCC systems. Over the last year, two

graduate students (Rex King and James Lucas) have been involved in this phase

of the research.

©II-1: Cyclic stress-strain of gsLA steels.

James Lucas and William W. Gerberich

Cyclic plastic deformation data for a particular metal or alloy system is
readily available in fhe literature.1 However, fewer studies can be found
which relate cyclic deformation parameters, such as B. to consistent variations
of microstructufe, (e.g., grain size) within an alloy system. One exception
is Yokobori et al2 who have stuﬁied the dependence of B. on the ferrite grain
size in a low alloy steel at room temperatiure only. Ae far as could be ascer-
tained from the'litefature, there have been no simultaneous studies of grain
si;e and low temperature effects on the cyclic fatigue properties of low alloy

steel. Thus, the aim of this ongoing work is ro provide information, from
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which structure-property relationships for BC can be established. The ultimate
g;al is to incorporate these data into a model for low temperature fatigue crack
propégation near and‘at threshold. In this investigation grain size and temp-

erature effects on the cyclic strain hardening, B., were examined. The grain

c
size effect will only be casually mentioned while the temperature effect will
be discussed in more detail.

The material used was an HSLA steel with an as-received yield stress of
414 MPa. The major alloying elements were 0.067%C, 0.03% Nb and 0.357 Mn by
weight. ihe desired grain sizes (10-123 um) were acheived by soaking at 1473K
for various time durations in vacuum at,<10_5 Torr, and then allowing to furnace'
cool. Test temperatures ranging from 123K to 300K were controlled to within
C+1K by using a cold chamber which operates by circulating liquid nitrogen vapor
through baffled-studded construction ov;r heating elements.

Further details of cyclic fatigue testing .and analysis are.given in Ap-
pendix I.3 The main result is that the saturated c¢yclic fatigué stress curves
were essentially parallel for all grain sizes as indicated in Figures 1 (a, b,
c), independent of test temperature. This suggested that cyclic strain-harden-
ing rateé could be interpreted in terms of a.temperature independent athermal
component, 05. The final result is that the cyclic strain hardening exponent
(the log-log slope of the data in Figure 1) at any temperature, B., could be
determined from the temperature independent value, BCi’ through

gt xt 1-8./8c1

o '\ |
: | 1(Oi002) Bq. (4)
6" + 04(0.002) | |. K J Appendix I

-Be

B. (0.002)

Since ¢o* is the thermal component: of the flow stress which may be predicted in
terms of theDormRajnak theory as a function of temperature and alloying ele-
ments4 and since Bci, k1 and 04 are temperature independent, it is now pos-
sible to predict B. for any temperature below room.temperature. Such a pre-

diction from Eq. (4) is shown in Figure 2 to be very good.
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II-2 Burst cleavage in BCC Fe

W.W. Gerberich, Y.T. Chen, D.G. Atteridge and T. Johnson
Althouéh‘not presently working on the project, three former associates,
Dr. David G. Atteridge of Battelle Northwest Laboratories, Dr. Y.T. Chen of
Pitney-Bowes Corporation and Mr. Tom Johnson of Chrysler Corporation have col-
laborated on this project. We now have '‘a working model for those . alloying and
microstructural effects which control the ductile to brittle transition temper-—

ature, T in Fe and Fe-binary systems. Using twin or slip-band nucleated

TDBT
Ti(C,N) fracture as the triggering event for cleavage, the specific work of
fracture for iron alloys was determined. For Fe-Si and Fe-Ni this is shown
in Figure 3. Coupling this fracture mechanism with the previously determined

flow 'model4 enabled a predictive model to be given in terms of fundamental

parameters by

2 %
. . 2 KX F C . Pl
L L% ' . = -1 >
4 or? b2 fo _B g C Op, T kyd R (A 1 ) £
o - Po - ———;5—— o) Yy . b3 kTC pef
ToRIT * > " Eq. (14)
3/2 o 1 &q © 1 og ‘Appendix II
. . - " _ —/2 _ '
m ~k{l_n(eo/€)}{0po - k,d w3 (B' + _ch) * oo

Here, the transition temperature is given by the dislocation line energy, FO,

the burgers vector, b, the misfit parameter, Em, the solute concentration, C,

the Peierls stress for pure Fe,‘Ogo, the Hall-Petch slope, k the cleavage

y!

fracture stress, © *, and the plastic constraint factor, pcf, for a charpy

f
bar. One comparison, as seen in Figure 4 is quite good for both the data of

. . . . . . . 5
. this investigation and several others. Details are given in Appendix II.

References (Section II)

1. R.W. Landgraf, Work Hardening in Tension and Fatigue, ed. A. Thompsun,
TMS-AIME, Warrendale PA, p. 240, (1977).

2. T. Yokobori, H. Ishii and S. Kayama, Scripta Met. 13, p. 515 (1979).

3.. J.P. Lucas and W.W. Gerberich, "Low Temperature and Grain Size Effects on
the Cyclic Strain Hardening Exponent ol an HZLA Steel,' Acccpted for
publication, Scripta Met., (1981). '
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III. FATIGUE CRACK GROWTH

In the second year, emphasis has been in measuring fatigue crack propaga-
tion rates at low AK yalues near threshold. These measurements suggest that
some of the initial’ideas in the original proposal are correct and that some
need revision. For example, Cyclic cleavage does control fatigue crack pro-
pagation rates in HSLA steel an& Ti—-30Mo at intermediate AK. We have made addi-
tional progress in both experimentally defining ‘cyclic cleavage and theoretical
modelling. Nearer threshold, the process seems to be controlled by a more
ductile process. This is still in the definition stage and requires trans-
mission microscopy of the crack-tip.region. In addition, there have been
several possible mechanisms recently proposed for threshold stress intensities
including microcrack zones, crack bifurcation3 crack-closure ‘and crack-tip
wedging phenomena. The complexity of the observations suggest .that additional
tests with environmental control and load-ratio variation are necessary for
precise interpretation. Three students, James Lucas, Kumar Jatavallabhula
and Chyun-Hua Chang, have been involved in this last year's effort.

III-1. Fatigue crack growth in HSLA steels

James Lucas and William W. Gerberich

Fatigue .crack propagation studies covering three decades of growth rate
near threshold have been completed fér three grain sizes (10 um, 65 um, and
123 ym) at four test temperatures (123, 173, 233 and 300K). The results for
the 65 pm grain size material are shown in Figure l. First, it is seen that
the highest temperature has the lowest thresﬁold witk a value of about 10
MPa—m%increasingto 15.5 MPa—ml/2 at 123K. The very .large increase in slope at
about a AK of 17.5 MPa—ml/2 is seen to increase drastically for the lowest temp-
erature butAmore gradually for the highest test temperature. Similar behavior
were observed for both ghe 10 ym and 123 um grain size material.

The reason for the strong slope change in Figure 1 was associated mainly
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with enhanced cyclic cleavage at low test temperatures. An example of this
is shown in Figure 2(a) for a 123 um grain size material tested at a AK of
20 MPa—ml/2 where the macroscopic growth rate was 9.8 x 10_8 m/cycle. On the
other hand, calculation of the growth rates from the finest microcleavége jogs
indicates a value closer .to.1.5 x 10_6 m/cycle or about a factor of fifteec
enhancement. This cyclic cleavage enhancement over a more ductile growth pro-
cess is similar to that'observed‘for Fe-Ni and  Fe-Si alloys.1 The more nearly
ductile process is shown in Figure. 2(b) for the 123 um grain size material at
123 K and was. observed to be more predominant -than the cyclic cleavage process
at threshold. Here, the macroscopic growth rate of 3.2 x 10-10 m/cycle was on
the order of three orders of magnitude slower than the apparent microscopic
growth rate of = 6 x 10_7 m/cycic as obcerved;by‘scanning microscopy. This
suggests. that the trueAductile striation markings were beyond the SEM resolu-
tion or that there were relatively,1arge‘waiting»times'betweeﬁcvarious grains
growing along the crack front. ‘Whatever the situation, it appears as though
the ductile process is controlling near. threshold.T

Data tor other graiu sizea at the same series of test temperatures are
shown in Figure 3. It is scen that for this load ratio, R = 0.1, and a 30
Hz test frequency that there is an orderly progression of increasing thresholds

with either decrease in test temperature or an increase in grain size, Anal-

+ It is feasible that discontinuous growth by a ductile mechanism along the front

arrests at much lower AK values. Here, it might be assumed that the ductile
process can only comnnect together when a fewselected grains fail by cyclic

cleavage. This would be just enough to lower the resistance of the micru-

crack zone to the. point where the rewmaining grains fail by a ductile or brittle

process. In this context, 10 or 20 percent cyclic cleavage may be sufficient

to trigger :the onset of threshold.
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ysis of these.threshold data were accomplished first by using two.analyses as
originally proposed.. The first is a very simple concept in terms of the re-
versed plastic zone size (RPi) és given by

MRy = 6.14 90 Vd : (1)

wherg 0&5 is the yield strength and d is the average grain diameter. The second
is in terms of a semi—cohesivé zone model.2 If a void fraction of fV = (0.3 at
the crack tip is due to cyclic plasticity and cleavage and a reversed, constrain-
ed, strain-hardened yield zonegives gysi = Aoys’ the results in Figure 4 seem

to predict these Qata as a first approximation. A much better prediction model
would be to base the analysis on a cyclically work-hardened flow stréss since

the cyclic hardening exponents, B., vary from 0.06 to 0.22. Since the highest
data points in Figure 4 for a given graén size represent the lowest-test temp-
eratures and hence thg lowest Bc Vélues; the upper point would move little to

the right while the lower ones would move'subétantially by changing the abscissa

to yd. A demonstration of this follows.

“flow
Just as the plastic zone has been interpreted in terms of the ultimate

strength, where there is a large spread between yield and ultimate, so can one

use a flow stress determination under cyclic conditions, giving

8 2
et ¢ AK
o =g e ; R T ——— . (2)
flow ys RVS P+ ﬂ(ZOflOW)

If one then evaluates the flow stress at two percent cyclic strain and assumes
the reversed plastic zone size at threshold is equal to the grain size, the

prediction becomes

- B
BKp. = 354 (10)°C oys/E (3)

where ei/eys = 10. Taking the cyclic strain hardening exponent and the yield
strength for each grain size and test temperature and calculating AKTH from

Eq. (3) gives a slightly better comparisen to the threshold data from
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Figure 3 as seen in Figure 5. Even this needs refinement since nothing has
been proposed with regards to strain rate sensitivity and the strain level
of two percent at threshold is purely arbitr;ry. Since EyS = 0.002, this
implies that the distance inside the grain which is significant is about one-
tenth the grain diameter. Perhapsit is significant that the substructure
of HSLA steel fatigued at 144 K did exhibit sub-cell structures3 on the order
of 1 ym which is abouf one-tenth of the grain diameter.

Further detailed substructural and theoretical analyses are - -in order to
separate the various contributions and attempt to define the controlling mech-
anism(s).

III-2 Fatigue crack growth in model alloy Ti-30 Mo

Kumar Jatavallabhula and William W. Gerberich
In body-centered-cubic Ti-30 Mo, over three decades. of fatigué crack growth
rate have been studied in the threshold and Parié law regimes. For five test
temperatures ranging from 123 to 340 K, threshold regime data are shown in
Figure 6 for vacuum annealed samples with a grain size of 93 um. Compared to
the steel data, where thresholds changea by about 50 percent as the temperature
‘was Jowered by 177 K, the Ti-30 Mo data 0n1§ changed by -about 30 percent with
.an even greater 217 K decrease in temperature. Furthermore, the data are
only orderly to 189 K with thresholds increasing with decreasing test tempera-
ture. Beyond that, there appears'to be a decrease in threshold with a further
decrease in test temperature. This corresponds to a fatigue ductile-brittle
transition temperature with a greater tendency fér cyclic cleavage to occur
at temperatures below this transition temperature. If such behavior can be
extrapolated to the steel data, then it would indicate that the ductile mecha-
nism is controlling in the HSLA steel at all temperatures down to 123 K.
- On the other hand, there are substantial differences in the cyclic clea-

vage appearance of the Ti-30 Mo suggesting that cyclic plasticity modelling
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might be different for the two materials. For example, whereas the cyclic
cleavage at 123 K under a AK of 20 Mpa—-ml/2 was relatively free of obvious plas-
tici;y in the steel, this was not always the case in Ti-30 Mo. The cyclic
cleavage appearance in Figure 7(a) for a AK of 26 MPa—ml/2 suggest little plas-
ticity and gives a growth rate value roughly corresponding to the maeroscopic
observation; however, the "cyclic-cleavage' at a AK of 6 MPa-m? near th;eshold
suggests considerable plasticity as seen in Figure 7(b). Such cyclic plasticity
is clearly shown for the same alloy tested at 123 K (although now containing
1200 ppm hydrogen) in figures 7(c) and (d). Here, there are multiple slip
bands along each cyclic cleavage step with approximately five slip bénds
spaced at 0.4 um along each cleavage advance. Following a previous analysis
of the crack opening displacement assoc?ated with such slip bands, .the mini-
mum'required number of dislocations along np rivers would be

_ MRZ2(1-v2)
¢ T C E -
ys

nRﬁ = nRﬁb ) . 4)

whére N is the number along each river,.b is the burgers vector, AK is the
cyclic stress intensity, Uys is the yield strength and E is the modulus of elas-
Cticity. »These‘ﬁ dislocations may be divided into the number of slip bands

. along a single cleavage advance giving

N =nN (5)

where n, is the number of slip bands per advance and ﬁs is the average number
of dislocations in each“slip band. If the .dislocations can radiate out as
an arrary from a point source, then ﬁé can be given in terms of the maximum
distance the dislocation move, Omax"and the density emitted, pﬁ. The maximum
distance should be half of the spacing between rivers or, from Figure 7(c),
about 2.1 pym. This may be used with

= 2

N =
ns Trrmax pE

(6)
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and Eq. (4) for the 12 rivers observed in Figure 7(c) to find a Pp > 2.1 %
1012/m2. However, this only requires thrée dislocations emitted into each slip
band over the distance of 2.1 pym. The reason this is so small is that the
calculation has ignored the fact that there is a severe twist angle and that
additional step height accomodation is. necessary. 1In turn, this requires a
greater emitted dislocation density. This can be determined recognizing that

(SC' + 611": nRh g , (7)

where Gw is the twist angle displacement accomodation. Since h is on the order
of 0.8 um in height, it follows that the actual accomodation‘(nRﬁ = 9.6 x 10_6m)
is much greater than that required for crack-opening displacement alone

(GC = 4.6 x 10—7m). This revises the dislocation density required to 4.4 x
101§/m2, a realistic value. Furthermore, it now means that tﬁere would be 24
dislocations in the average emitted pile-up. This is more realistic but still
probably not thé best estimate since it is not specific &ith regards to how
many slip systems are operating. If.one examines the slip traces in Fiéure 7,
‘there are probably two main sets of either {110}, {112} or {110}/{121} which
could give intersection angles of 73.2 to 90°, Considering only orﬁhogonal
slip systems, with the~arrafy spaced along the cleavage steﬁ height the same

as it is spaced along the rivers, one obtains 250 dislocations emitted into a
single band. Clearly, before we can do this kind of accounting accurately,
both the dislocation dynamics and thin film TEM observations of cyclically
produced substructures must be assessed.

Finally, in the Paris law regime; the very low slope in Figure 8 for 300 K
data only gives an exponent of 1.5 for 3&n(da/dN)/34nAK. This is a lower 4K
dependence than might be expected for some cyclic plasticity models where a 2
to 4 depgndence is common. Although the mechanism is cyclic plasticity at
300 K, it changes mainly to cyclic cleavage at 123 K. ihis later process gives

rise to the large amount of scatter seen in Figure 8 for the 123 K data.
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Nevertheless, the increase in da/dN over the stress intensity range of 15 to
to MPa-m% is seen to be less than an order of magnitude. This is in striking
contrast to the three order of magnitude increase observed for HSLA steel at
123 K over a much smaller stress intensity range. In fact, the power-law ex-
ponent fqr these two materials changes from about 3.5 for Ti-30 Mo to 25 for
steel even though the mechanism is basically cyclic cleavage in the vicinity
of 10_7 m/cycle growth rate. This says that a basically different dislocation
and/or strain-rate sensitivity response in these two materials exists at 123
K. These different responses lead to a different degree of sensitivity to
cyclic cleavage.

Examination of this premise was possible with existing strain rate sen-
sitivity data. In the previous technical report, we had reported that m*
= i7.5 for HSLA steel at 150 K. This éorresponds to the Fe-Ti-C alloy pre-
viously evaluated which gave m* values of 18 and 28.5 at 173 and 123.K. Ex-
trapolating the HSLA steel data would give an m* value near 22 at 123 K. On
the other hand, the value for Ti-30 Mo at 123 K was reported as 42. This factor
of two difference in m” should actually produce lower slopes of da/dN versus
AK for the steel while, in fact, the opposite is true. This is partly due
to the approximate nature of theoretical model but, more interestingly, due
to an important difference in the internal stress states when comparing
Ti-30 Mo to HSLA steel. It may be recalled that the internal stress state at
low temperatures for HSLA steel did decay and, after long time stress relaxa-
tion, did tend toward the higher temperature internal stress étate. No such
trend was observed for vacuum annealed Ti-30 Mo. Contrary to almost all other
materials evaluated by these techniques, this material demonstrated the same
internal stress after twelve hours of high-stress relaxation as it did after
instantaneous unloadiné. This impiies that the backward extrapolation tech-
nique-for o is in error and hence the previous m* values would be meaningless.

oto
In fact, determination of m” at 173 K from stress relaxation data gave a
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value of eight rather than the value of 32 previously reported. If this factor

of four difference also applies at 123 K, then the relative slopes predicted

by strain-rate sensitivity arguments are much more in line with observation.

Still, it does not explain why the internal stress, rate sensitivity

and concommittant fatigue-crack response in these two. BCC alloys of comparable

grain size and strength behave so differently. This will be a subject of

next year's .proposed work.
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