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ABSTRACT

Iron-aluminum alloys with 28 at.% Al and 5 at.% Cr were shown to be
susceptible to hydrogen embrittlement by exposure to both gaseous hydrogen and water
vapor. This study examined the effect of the addition of zirconium (0.5 at.% and 1 at.%)
and carbon (0.05 at.%) on the moisture-induced hydrogen embrittlement of an Fe3Al,Cr
alloy through the evaluation of tensile properties and fatigue crack growth resistance in
hydrogen gas and moisture-bearing air. Susceptibility to embrittlement was found to
vary with the zirconium content while the carbon addition was found to only affect the
fracture toughness.

Inherent fatigue crack growth resistance and fracture toughness, as measured in
an inert environment, was found to increase with the addition of 0.5 at.% Zr. The
combined addition of 0.5 at.% Zr and carbon only increased the fracture toughness. The
addition of 1 at.% Zr and carbon was found to have no effect on the crack growth rate
when compared to the base alloy.

Susceptibility to embrittlement in moisture-bearing environments was found to
decrease with the addition of 0.5 at.% Zr. In gaseous hydrogen, the threshold value of
the Zr-containing alloys was found to increase above that found in the inert environment
while the crack growth resistance was much lower. Increasing the moisture content in
the test environment, from 21%rH to 81%rH, was found to have a small effect on the
fatigue crack growth resistance of the Zr-containing alloys.

By varying the frequency of fatigue loading, it was shown that the corrosion

fatigue component of the fatigue crack growth rate in an embrittling environment




displays a frequency dependence. Hydrogen transport in iron aluminides was shown to
occur primarily by a dislocation-assisted transport mechanism. This mechanism, in

conjunction with fractography, indicates that the zirconium-containing precipitates act as

traps for the hydrogen that is carried along by the dislocations through the lattice.




1 INTRODUCTION

The interest in iron aluminides began in the 1930's when alloys with more than
18 at.% Al were shown to have excellent corrosion resistance (1, 2). The combination of
excellent oxidation resistance, low density, and low cost compared to compétitive alloys
have rekindled the interest in iron aluminides for applications at temperatures up to
500°C. The principal reason that iron aluminides have not been used to date is the poor
ductility and fracture toughness of these alloys at ambient temperatures. Similar to
many other intermetallics and steels, iron aluminides have been shown to be embrittled
by water vapor and gaseous hydrogen, thereby lowering room temperature ductility (3,
4, 5). The primary embrittling mechanism involves the combination of fresh aluminum
surfaces with water vapor in air. This reaction produces atomic hydrogen which has
been shown to have a potent embrittling effect on many materials, including iron
aluminides. |

Thfough testing in inert atmospheres, it has been shown that Fe3Al is
intrinsically ductile (5). Fe3Al alloys have also been shown to undergo (110) <111> type
slip, which provides for at least 5 slip systems, fracture in a transgranular manner (6),
and exhibit moderate yield and tensile strength. These are all properties associated with
inherently ductile materials. Accompanying an understanding of the environmental
embrittlement improved ductility has been shown to result from control of composition
and microstructure (7, 8, 9). As a result of these findings, iron aluminides are again
being considered for applications where their excellent corrosion resistance can be
utilized.

The purpose of this research was to examine the effect of small amounts ot

zirconium and carbon on the environmental embrittlement of an FezAl.Cr base

intermetallic compound. Principally, the fatigue crack growth resistance and tensile




behavior of alloys with differing zirconium levels was examined in various
environments. The resulting data are used to gain insight on the role of zirconium and

carbon additions in decreasing the embrittlement of iron aluminides.




2 BACKGROUND

2.1 Intermetallics

2.1.1 Intermetallic Compounds

For use as structural materials in the next generation of gas turbines, intermetallic
compounds must possess certain properties which include low density, high temperature
strength, slow diffusion rates and excellent oxidation resistance, but room temperature
properties and cost are also critical. Many intermetallic compounds possess a number of
these properties, and, as such, have received considerable attention in the research and
development community.

The aerospace and power generation industries are in need of materials that can
withstand the higher temperatures necessary to increase the efficiency of turbines,
requiring operating temperatures exceeding 1100°C. Intermetallic alloys, with their
tendency to form ordered lattices, possess very high melting temperatures. The increase
in yield stress with increasing temperature demonstrated in some intermetallics, as well
as their ability to retain strength at temperatures in excess of half their melting
temperature, further enhances their attractiveness for such applications.

Many intermetallics, such as aluminides and silicides, have low densities
compared to steels and superalloys. The densities of various intermetallics range from 4
g/cc for Ti-Al to 7.3 g/cc for Co3Ti which is considerable lower than most nickel-based

superalloys such as Udimet 500 with a density of approximately 8 g/cc and the density

of cobalt-base superalloys with densities in the range of 8-9 g/cc (10). Lower densities

coupled with lower cost and significantly higher corrosion resistance due to alumina

formation exhibited by aluminides makes them ideal for certain structural applications. |




2.1.2 The Ordered Intermetallic Lattice

Intermetallic compounds are solid solution metallic compounds which due to
their widely divergent electrochemical properties have a strong tendency to form ordered
crystal structures upon cooling below a certain critical temperature, Te. Above T the
alloys can either possess a different ordered structure or transform to a disordered state.
Long range ordering occurs at or near specific atomic ratios (i.e., line compounds), for
example, AB, A7B, A3B, AB3, but can exist over a range of solubility.

The driving force for the order-disorder transformation is thermodynamic in
nature. Below T, the interaction energy, W, is much 1arger than the thermal energy, kT,
where k is Boltzmann's constant and T is the absolute temperature. The need 10
minimize W, which in turn will minimize the overall internal energy, drives the atomic
ordering. The minimum internal energy configuration in ordering alloys results in the
periodic alternation of different kinds of atoms.

The degree of order can be expressed by Eq. 1,

=1'A'FA Eg. 1
S TFn g. L.

where S is the order parameter, ra is the fraction of A sites occupied by A atoms, and Fa
is the fraction of A atoms in the alloy (11). When the long range order is perfect, then ra
=1 and S =1. For a completely disordered alloy, S=0 because ra=Fa. Some alloys
possess an ordered state at higher temperatures that can be retained by quenching to
room temperature. In these alloys, such as Fe3zAl in the range of 27% to 35% Al, the
order is rarely complete. '

One common group of crystal structure types found in ordered intermetallics are

BCC derivatives. Fe3Al posses the BCC derivative DO3 structure, while FeAl possess




the B2 structure. The atom configuration of the B2 and DO3 unit cells are shown in Fig.
2.1 (a) and (b), respectively. The B2 unit cell consists of two interpenetrating simple
cubic unit cells of A and B atoms. The DO3 unit cell has four interpenetrating FCC unit

cells with A atoms on the a, b and ¢ sites and B atoms on the d sites.

2.1.3 Dislocations in the Ordered Lattice

When a unit dislocation moves through an ordered lattice it cannot recreate the
order in its wake. Therefore it leaves behind an ordered lattice that is out of phase with
the original lattice. When another unit dislocation of the same sign follows the first, the
order is restored. The region between these two dislocations is called an anti-phase
domain (APD) and two dislocations which make up the boundary between the APD's are
referred to as anti-phase boundaries (APB). An example of a unit dislocation found in a
B2 ordered lattice and the disorder caused by it is shown in Fig. 2.2.. This type of APB
is referred to as a nearest-neighbor APB (NNAPB)

In the B2 lattice, the APD formed by paired dislocations is shown in Fig. 2.3. By
the pairing of dislocations, the only disturbance in the order is a small ribbon between
the dislocations. These pairs of dislocations are referred to as superlattice dislocations
and require only a small energy increase for motion as compared to the energy that
would be necessary to move a unit dislocation through an ordered lattice. The energy
associated with APB's is proportional to the difference in interaction energies of A-B
bonds and the average of A-A and B-B bonds. This APB energy determines the spacing
of the two dislocations, and the energy decreases as the spacing increases.

APB's can also be formed during heat treatment. These thermal APB's separate

regions that are perfectly ordered within themselves, but are out of phase with one




Fig. 2.1 Illustration of the (a) B2 ahd (b) DO3 unit cells.
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another. During annealing, the thermal APB's can grow to a size limited only by the

specimen size.

2.1.4 Effect of Order on Dislocation Mobility

Ordering exerts a large influence on the mechanical properties of intermetallic
compounds due to the resulting superlattice dislocations. The unique characteristics of
superlattice dislocations generally result in a reduction in the number of slip systems and
a restriction of slip .

Superlattice dislocations of the type found in B2 ordered Fe3Al have great
difficulty in undergoing cross-slip. As the leading dislocation in a two-fold superlattice
dislocation encounters the intersection of two slip planes, it may. slip to the second plane.
Once on the second plane, the dislocation may become sessile if the trailing dislocation
does not cross slip onto the same plane. If the first dislocation becomes sessile, then a
pile-up of dislocations can occur and cause a stress concentration which is a site for
premature failure. In ordered alloys, APB energy influences the cross-slipping ability of
superlattice dislocations. Cross-slip can occur more readily if the APD is small as the

partial dislocations will be close together. In ordered alloys the APB energy is affected

by both stoichiometry and composition. For example, in Fe3Al alloys the NNAPB
energy increases from 42 to 79 erg/cm? as the aluminum content changes from 25.5% to
28.3% (12, 13).

Slip may be inhibited by the relatively low diffusion rates in many ordered
alloys. It has been shown that in intermetallic compounds, such as Ni3Pt and Niske
(14), the diffusion rate dropped as the alloy transformed to the ordered state. A
superlattice dislocation which has become sessile on one plane can become mobile if it

undergoes diffusion-assisted climb to the plane containing the trailing dislocation. Due




to the lowered diffusion rate in the ordered alloys, however, the likelihood of climb is
reduced, thus the dislocation remains sessile.

The unique characteristics of superlattice dislocations are also responsible for the
high strain hardening rates found in many ordered intermetallics. Strain hardening
results from the interactions of dislocations with each other and with barriers which
impede their motion through the crystal by requiring increased stress to cause slip.
Fe3Al alloys of high aluminum content have been found to possess high strain hardening
rates (15). The result of high strain hardening rates in ordered intermetallics is that they
exhibit significant ductility while the fracture appearance is typical of brittle failure, such
as transgranular cleavage or intergranular fracture. As the material undergoes plastic
straining, the applied stress increases to the point that grain boundary or cleavage

fracture occurs before ductile fracture takes place.

2.2, FesAl Alloys

The presently accepted Fe-Al phase diagram is shown in Fig. 2.4. The Fe3Al
intermetallic phase exists in the aluminum range from 24% to 32%. The ordered range
of the phase diagram is shown in Fig. 2.5. In the range of 24% - 32% aluminum Fe3Al
can exist in two ordered states, as well as a disordered state. The ordered B2 state is
stable from 560°C to 800°C and above 800°C a disordered a phase forms. Below 560°C,
the DO3 ordered state is stable. A predominantly B2 ordered state can be retained at

room temperature by quenching from above 560°C.

2.2.1 Properties of Fe3Al Alloys

Fe3Al alloys do not possess high room temperature ductility in air. While the

ductility varies with aluminum content and state of order it generally ranges between 2
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and 8%, with the B2 ordered state having higher ductility than the DO3 (5). Due to the
low ductility of Fe3Al alloys it was thought that they were intrinsically brittle. Only in
the last ten years was it found that iron aluminides were susceptible to environmental
embrittlement.

Fe3Al alloys have been shown to possess ductility greater than 10% when tested
in vacuum or gaseous oxygen environments (5, 18, 19). Additionally, it was found that
Fe3Al alloys undergo (110)<111> type slip which provides at least 5 slip systems,
exhibit moderate yield and tensile strength, and fracture in a transgranular manner (6).
All of these behaviors are associated with inherently ductile materials.

The ductility of iron aluminides is very susceptible to changes in the aluminum
content. Ductility in alloys with less than 20% Al is between 15% and 20% in inert
environments. In the 20-27% Al range, the ductility drops to 6% or less (5. 20). In the
range of 28-35% aluminum, ductility again rises to 14%. Above 35% Al, the ductility
again drops to levels below 10%. Studies have shown that the most promising alloys are
those with an aluminum content of 28-30% (18). This sensitivity is due to a
combination of changes in ordered structure, slip mechanisms, and grain boundary

chemistry.

2.2.2 Improving the Properties of Fe3Al

Initially, improved ductility of Fe3Al in air was accomplished through control of
the composition and microstructure. An increase in the ductility of iron aluminides can
be achieved by increasing the purity of the alloy. Kerr (3) showed that decreasing the
carbon content increased ductility. The ductility of an Fe-25.5Al alloy, which contained
500ppm carbon had a ductility of 2.1% which increased to 4.1% after decarborization, to
50 ppm. It was found that the carbon formed a second phase, Fe3AlIC, which

precipitated predominately along grain boundaries. It has also been shown that Fe3Al
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fails in an intergranular or mixed-mode manner if the alloy possesses high levels of
impurities (21).

The type and degree of order has also been shown to have an effect on the
ductility. Liu et al (5) found that the B2 structure had higher ductility than the DO3
structure when tested in air. The minimization of DO3 ordered phase was also found to
reduce environmental sensitivity in tensile and fatigue tests (22, 23, 24).

Thermomechanical treatment presents a means for improving the properties of
iron aluminides. McKamey and Pierce (25) showed that iron aluminides which possess
a partiaily unrecrystallized structure, as well as a pronounced directionality to the grain
orientation, have high ductility. In their study, recrystallization was controlled by
varying the annealing temperature. The peak in ductility occurred at an annealing
temperature of 750°C and resulted in a 10% recrystallized structure. Ductility was less
for both the as-rolled and the completely recrystallized structures. Viswanathan et al
(26) conducted a similar study finding that the room temperature ductility can be
maximized by the presence of elongated, unrecrystallized grains.

Alloying iron aluminides with boron has been attempted to increase ductility.
The practice of micro-alloying nickel aluminides with boron is well-known to
dramatically increase ductility. Ni-24Al, when alloyed with 0.1 wt% B, underwent an
increase in ductility from 1% to 54% (27). In the case of nickel aluminides, the fracture
mode changes from one of intergranular to transgranular with boron additions. This
effect has been shown to be due to the segregation of boron to grain boundaries, thereby
strengthening the grain boundaries.

Similar attempts have been made to increase the ductility of iron aluminides with
boron. A slight ductilizing effect of boron was found in Fe-40Al (28, 29). In both
studies, the ductility was increase a few percent but still remained below 5%. Horton et

al (30) attempted to ductilize Fe-25A1 with 0.24%B. They found no increase in the
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ductility in air nor in the fracture surface appearance. The fact that boron did not
increase ductility in the Fe-25Al whiie it did in the Fe-40Al indicates that the ductilizing
mechanism of boron is related to the availability of aluminum at the grain boundaries.
As the aluminum concentration falls below 37%, the weak points change from grain
boundaries to cleavage planes, thus the boron has no observable effect.

Attempts have also been made to increase the ductility of Fe3Al by alloying with
elements other than B. Gaydosh et al (31) noted an increase in room temperature tensile
strength with additions of 0.1 at.% Hf or Zr to an Fe-40Al alloy; While the room
temperature ductility was found to decrease with both Hf and Zr additions, the ductility
at high temperatures increased significantly when compared to the binary alloy. In
another study, an increase in tensile and creep strength accompanied by a drop in room
temperature ductility was shown to result from the additions of Mo, Nb, Zr, and C to an
Fe-28Al-5Cr alloy (32).

While room temperature ductility is decreased with alloying additions of
elements such as Si, Ta, Ce, Ti, Zr, Hf, or Nb, the high temperature tensile and creep
strengths have been shown to be improved (8, 9, 33, 34, 35,- 36, 37). For example,
additions of Mo or Nb in combination with small amounts of Zr improve the creep-
rupture strength of Fe-28 Al from 2-5 h up to 100-300 h life at 593°C and 207 MPa (38).
The effect of these elements is due to their low solubility in iron aluminides, thus they
will form as either intermetallic precipitates or carbides. These precipitates are potent
strengtheners if they can be formed as fine matrix particles through heat treatments.

Surface condition has been shown to play an important role in the ductility and
resistance to embrittlement. McKamey and Liu (20) found that the surface condition of
an Fe-28A1-4Cr alloy was a major factor in tensile ductility. They investigated the role
of a fine protective oxide layer produced by polishing the surface and annealing in air,

and a coarse oxide scale produced by the thermomechanical processing. The ductility
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increased in the presence of the fine layer compared to the coarse scale. The Cr addition
was crucial to the results as no difference in ductility was found between oxide layers in
the binary Fe-28Al alloy.

A similar result can be produced by simply coating the surface of the iron
aluminide test specimen with oil, or some other protective coating. Liu et al (4) found
that the ductility increased in air from 2.2% to 5.6% when a layer of silicone oil was
applied to the specimen of Fe-36.5Al. While the oil coating improved the ductility, it
was not completely impervious to the embrittling environment as the ductility in an

oxygen environment was 11.3%.

2.2.3 Effect of Chromium Additions

Chromium, when alloyed with Fe3Al in small amounts, has been shown to
improve room temperature ductility. McKamey et al (6) found that additions of 2%
chromium increased the ductility of DO3 ordered Fe3Al in air from 3.7% to 9.4%. The
ductility decreased slightly with 4% and 6% Cr to 8.2% and 8.4%, respectively. The
increase in ductility was also accompanied by a change in fracture mode from
completely transgranular cleavage to mixed transgranular cleavage and intergranular
fracture.

Cr additions also had effects on the yield and tensile strength. The yield strength
decreased from 279 MPa to 247 MPa with a 2% Cr addition. This decrease in yield
strength was attributed to a solid solution softening effect. The tensile strength increased
with the same 2% Cr addition from 514 MPa to 638 MPa. This increase was attributed
to the increase in cleavage stress accompanied by the Cr addition.

The beneficial effect of Cr on iron aluminides has not been fully explained, but
studies so far point to several possible mechanisms. Increased cleavage strength which

partially suppresses cleavage fracture, was initially suggested by McKamey et al (39). A
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more detailed study led to the possibility of reduced APB energy (6). The reduction of
APB increases the separation between the four superdislocations, thereby allowing easier
dissociation and cross slip. Morris et al (40) also investigated the influence of Cr on the
properties of Fe3Al and found no reduction in the APB energy. Another possibility
suggested was the stabilization of the B2 structure with an accompanying reduction in
the DO3 structure (41). More recently, Balasubramaniam (42, 43) proposed that it is an
electrochemical passivation mechanism that is responsible for the beneficial effect of Cr

on the embrittlement of iron aluminides.

2.2.4 Environmental Embrittlement in Fe3Al

Workers at Oak Ridge National Laboratory (5) were the first to find that Fe3Al
was intrinsically ductile. The predominant embrittling mechanism in iron aluminides is
believed to be similar to that of aluminum and its alloys. In these alloys, the chemical

reaction that leads 1o embrittlement in moist air is as follows:

2Al +3Hr0O — Al;03 + 6H* + 6e- Eq.2
6H* + 6e- — 6H

This reaction causes the release of atomic hydrogen at the crack tip, which then migrates
into the metal. This mechanism is possible in iron aluminides due to the large amount of
aluminum present. However, it is not the only embrittling mechanism as it has also been
shown that embrittlernent in gaseous hydrogen can also occur (19).

Zhu et al (44) completed an Auger analysis on surface reactions of Fe3Al with
water vapor and oxygen. They found that the aluminum in Fe3Al reacted with water
vapor, leading to the formation of Al2O3 on fresh surfaces. In an oxygen atmosphere,

the formation of AlpO3 was also found to occur. They also found that the initial
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oxidation of Al by water vapor occurs at approximately the same exposure level as by
oxygen. The fact that AlO3 was found to form in a water vapor environment supports
the embrittlement mechanism mentioned above.

In Fe3Al alloys, embrittlement under monotonic tension is generally most severe
in a moist air environment. It has also been shown that testing in pure oxygen
environment effectively stops embrittlement and can result in ductility greater than that
in vacuum (5, 45, 46). Liu et al (4) found that the lowest ductility for a B2 ordered Fe-
36.5%Al alloy tested in various environments was in water vapor (2.4%) and laboratory
air (2.2%). Somewhat higher ductilities were measured in an argon-hydrogen mixture
(5.5%) and vacuum (5.4%), while the highest ductility was measured in oxygen (11.3%).
Similar results were found in a lower aluminum alloy, FA-129. Castagna (46) found that
for B2 ordered FA-129 tested in tension in laboratory air, vacuum and oxygen gas
atmospheres, the lowest ductility was in air (8.8%). The ductility in vacuum was higher
(13.7%), while the highest was measured in oxygen (16.2%).

An exact threshold concentration of water vapor or hydrogen gas for
embrittlement of Fe3Al alloys has not been determined, but studies have shown that the
amount of moisture necessary to induce embrittlement is very small. McKamey and Lee
(47) found that a partial pressure of 133 Pa caused the ductility.of a Fe3Al alloy to drop
from 24.2% to 9.0%. The ductility in 30% relative humidity (rH) laboratory air was
found to be similar to that of the 133 Pa of water vapor. While the threshold level of
moisture needed for embrittlement appears to be very low, the concentration dependence
on embrittling water vapor is weak above this level.

The kinetics of embrittlement in air in an Fe-35Al alloy were investigated by
Kasul and Heldt (48). They found that baking treatments fully restored ductility in
hydrogen precharged specimens. The kinetics of the recovery were shown to be

consistent with the room temperature diffusion coefficient. Most importantly, they
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showed that this rate is not capable of transporting hydrogen ahead of the crack moving
at stage II velocity, which points to a dislocation-assisted mechanism for the
embrittiement of iron aluminides.

While the environment has been shown to have a considerable effect on the
ductility and fracture toughness of FezAl alloys, it has been shown to have little or no
effect on other mechanical properties such as yield stress and strain hardening rate.
These parameters are effected more by changes in stoichiometry and alloy composition.

An important indicator of the mechanism of embrittlement is the appearance of
the fracture surface. Fracture topography in Fe3Al has been observed to be very
dependent on aluminum concentration, while only slightly dependent on environment.
This relationship between aluminum concentration and fracture appearance in iron
aluminides has been reported in many studies.

Binary Fe3Al alloys with aluminum contents less than 30% tested in tension
exhibit a transgranular (TG) fracture mode (5, 49, 50, 51, 52). For binary alloys with
aluminum concentrations of 30-37%, the fracture mode is mixed transgranular and
intergranular (IG) (47, 49). For binary alloys with more than 37% aluminum, the
fracture mode is IG. The shift to IG failure with increased aluminum content is believed
to be the result of weakened grain boundaries as their composition changes (49, 53).

Changes in fracture mode as the environment changes have only been observed
in binary alloys with aluminum contents between 35% and 36%. Binary Fe-35.5Al was
found to shift from TG in air to mixed TG and IG in vacuum, and, finally, to completely
IG in oxygen (4). In binary Fe-36.5Al, the fracture mode followed the same pattern.
Alloys with aluminum contents above 37% failed intergranularly in air and oxygen. The
comparison of the fracture modes indicates that the grain boundaries in FezAl are strong
enough to resist crack nucleation and propagation. The occurrence of cleavage fracture

in air suggests that the cleavage planes are more susceptible to embrittlement than the
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grain boundaries. When testing is carried out in a moisture-free environment, fracture
occurs along the grain boundaries, which are intrinsically the weakest link in aluminides.
This shift of failure mode indicates that hydrogen acts on the cleavage planes in iron-

aluminum alloys.
2.3 Environmental Embrittlement

Embrittlement is the loss of ductility or fracture toughness in a material due to a
reaction with an element of the external environment. or a reaction with an internal
contaminant that is not an intentional constituent of the material. Embrittlement can be
denoted by a loss of tensile ductility, shortened fatigue life during high or low cycle
fatigue, increased crack growth rates during fatigue crack growth tests, or reduced K¢ in
fracture toughness tests. Figs. 2.6 and 2.7 illustrate the effect of embrittlement on the
mechanical properties of Ni3Fe (54) and FeCo-V (55), respectively. Fig. 2.6 shows the
loss of ductility and decreased tensile strength of ordered and disordered NizFe when
hydrogen is cathodically charged into the test specimen (54); while Fig. 2.7 illustrates
the effect of hydrogen gas on the fatigue crack growth resistance of an ordered and
disordered FeCo-V alloy (55). There are several types of embrittlement which fall under
the heading of environmental embrittlement. They are: oxidation, sulfidation, liquid-
metal embrittlement, and hydrogen embrittlement. In the context of iron aluminide
alloys the most important of the external contaminants is hydrogen.

Embrittlement generally results in a material that is much harder to work with
than a more ductile material. In order for the embrittlement phenomenon to be observed,
a material must possess some degree of intrinsic ductility. A material that does not
possess a sufficient number of slip planes or has weak grain boundaries or weak

cleavage planes, and is therefore inherently brittle, may not show evidence of
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embrittlement even if the requisite mechanical and chemical conditions exist for
embrittlement.

Hydrogen embrittlement has been observed in many materials. It was first
recognized in structural steels, and numerous studies have shown many such steels to be
susceptible. It is widely recognized that many intermetallic compounds also are
susceptible to hydrogen embrittlement.

The intermetallics which are most susceptible to hydrogen embrittlement are
those with highly symmetric crystal structures such as the L17, B2, and DOj9. Llp
alloys which are embrittled include Co3Ti (45, 56, 57), nickel aluminides (58, 59, 60,
61), (FeNi)3V (55, 62), and Ni3Fe (54). The embrittled B2 alloys include FeCo-2V (55),
and Fe3Al (20, 49, 63). DOs3 ordered Fe3Al also has been found to be embrittled by
hydrogen (4, 5, 19, 63).

2.3.1 Hvdrogen Embrittlement

The process by which hydrogen embrittles a material can be broken down into a

sequence of stages which include:

» transport of the hydrogen to an exposed surface

» surface reactions and/or adsorption

+ transport of the hydrogen to the embrittled zone

+ hydrogen-metal interaction

+ fracture at load, stress intensity or deformation levels which are lower than in

inert environments

Each stage is time dependent and this rate may depend on various parameters

such as temperature, concentration, alloy composition. and degree of deformation. The
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alloy in question, the test environment, and the loading situation will determine the rate
at which each stage progresses, and each stage can often be dependent on the previous
one. In some cases, one or more of the stages can be identified as the rate-limiting step
in the embrittling process. The rate-limiting step dictates the rate and degree of

embrittlement because it constrains all subsequent stages in the embrittlement process.

2.3.1.1 Transport to the Surface

The transport of the embrittling épecies to the surface of the material can occur in
one of two ways; by diffusion or by mixing. The method will depend on the embrittling
species and on the media through which it must be transported. In terms of hydrogen
embrittlement, the diffusion of H* ions in H2O occurs approximately 10 to 1000 times
faster than diffusion of hydrogen atoms or molecules in a gaseous media. One reason for
the slower rate in gaseous environments is that transport depends on the temperature, the
partial pressure of the embrittling species, and whether there are any other gaseous
species present. The presence of other species may reduce the transport rate of the
embrittling species as they can compete for the same surface sites. Successful transport
is the complete impingement of the embrittling species on the exposed surface such that
it covers the entire surface, or a critical fraction thereof.

The difference between the chemistry on the surface and that far from the surface
is responsible for the manifestation of the rate limiting phenomenon in the transport
stage. This chemistry difference is especially evident within the crack tip region of a
cracked material. The crack length and geometry of the specimen are also important
factors in a rate limited transport stage as they will influence the distance the embrittling
species must be transported, as well as the distance the chemical by-products must be
transported away. Embrittlement involving a transport rate limited stage will also be

expected to vary with frequency of cyclic loading.
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Gudladt and Petit (64) conducted a study on the rate limiting transport stage in an
aluminum alloy. In it they calculated the time to cover the exposed surface of an Al-Zn-
Mg alloy with H2O vapor in vacuum and nitrogen gas. They found that the rate at
which the surface coverage occurred was decreased by a factor of 10 to 100 in a nitrogen
gas environment due to the competition for active sites between H20 and No. The Al
alloy was also fatigued in HO vapor, moist N2, and vacuum atmospheres. In the moist
environments, the threshold stress intensity was low, and at low stress intensities, the
Paris slope was high compared to those measured in vacuum. At higher stress
intensities, the da/dN vs. AK curve in moist N7 converged with that of the vacuum.

The reason for the convergence is found in the rate limiting transport stage. At
low crack growth rates, the transport of HpO vapor through the nitrogen was rapid
enough to cause embrittlement. As the crack growth rate increased, the time per cycle
was not enough to allow the complete transport to take place and thus transport became

rate limiting.

2.3.1.2 Surface Reactions

Once the embrittling species has reached the surface of the material, it must be
adsorbed or absorbed into the material. It may also have to undergo diffusion to reach
the embrittled zone, and/or undergo various chemical reactions. In terms of hydrogen
embrittlement, the various reactions that can take place at the surface are dependent on
the form of hydrogen, i.e., as H* ions or as molecules.

When a chemical transformation of the embrittling species is necessary, the
surface reaction stage can be rate limiting. In gaseous hydrogen, hydrogen present in the
molecular Hy form must dissociate to atomic H before adsorption can take place. In
aqueous environments, such as moist air, the hydrogen must be evolved through

chemical reactions with a sufficiently reactive element on the material's surface before
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adsorption can take place. These elements include Al, V, Si, and Ti. Once monatomic
hydrogen is formed, it is of high fugacity and can penetrate rapidly into the bulk of the
material. Iron aluminides are very susceptible to this type of embrittlement (49, 51, 53)
due to the significant amount of aluminum in the alloys.

An example of surface reactions being rate limiting is at elevated temperatures.
At high temperatures, the dissociation of molecular Hj to atomic H is less likely and
thereby limits the amount of hydrogen available for transport into the bulk (65).
Elevated temperatures are not necessary for surface reactions to be rate limiting. During
the fatigue of steel in hydrogen gas, the adsorption of hydrogen at the surface has been

shown to be rate limiting (66).

2..3.1.3 Bulk Transport

Bulk transport is the step responsible for conveying the embrittling species to the
affected zone in the material. There are a number of mechanisms by which the
embrittling species can be transported through the bulk, such as dislocation-assisted
transport and diffusion.

An important requirement in hydrogen embrittlement is that the transport of
hydrogen take place while the material is undergoing plastic work. Many studies have
shown that steels and intermetallics are not embrittled by exposure to hydrogen prior to
testing in air, or even exposure during elastic straining prior to testing in air (54, 67),
while they are embrittled when hydrogen and plastic deformation are applied
simultaneously.

Dislocation-assisted transport is one widely accepted theory for the transport of
hydrogen through the bulk (68). In this theory, the motion of the dislocations caused by
plastic deformation enhances hydrogen transport. An atmosphere of hydrogen forms

about a dislocation that intersects the surface where the local hydrogen concentration is

25




high. During further plastic deformation, the dislocation moves away from the surface
dragging the hydrogen atmosphere with it. Through this mechanism, hydrogen atoms-
may "ride" the dislocation further into the bulk and faster than by diffusion. The
hydrogen atmospheres can then be "stripped off" or deposited at microstructural
locations such as grain boundaries, inclusions, and precipitates. These locations may be
critical paths for hydrogen induced fracture.

Support for this mechanism has been seen in several investigations where large
increases in Hy concentrations within steel specimens tested in tension have been found.
The hydrogen was found at a depth of up to 10 times greater than diffusion could carry
the atoms (69). Further proof of this mechanism was found when the same material was
elastically strained in hydrogen, where slip is not operable, no Hj concentration increase
was found.

The role of diffusion is also consequential in the transport of hydrogen. Ricker
and Duquette (70) found the fatigue life of an Al-Zn-Mg alloy to be considerably
shortened by either fatiguing in a moist nitrogen atmosphere or pre-exposing the
material to moist air for at least 30 days prior to fatiguing in a dry nitrogen atmosphere.
While diffusion is not responsible for the shortened life in the moist nitrogen
atmosphere, it is an active mechanism for the bulk transport of hydrogen when sufficient
time is available. The damage incurred during pre-exposure was reversible, as the
restoration of fatigue life was accomplished by exposing the specimen to vacuum,
thereby forcing the hydrogen to diffuse out.

The dependence on the diffusion rate of hydrogen for embrittlement has been
observed in several intermetallic systems that can exist in more than one ordered state.
In these alloys, the bulk diffusivity of hydrogen increases as the degree of order
decreases. Embrittlement is seen in ordered (FeNi)3V (55, 62, 70) and Co3Ti (45) while

little embrittlement is observed in the disordered state of these alloys. While the
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observation that embrittlement increases in the ordered state seems inconsistent with
decreased diffusivity, an explanation may lie in the fact that the ordered lattice is prone
to regions of high hydrogen concentration, such as ship planes. In the ordered state, the
hydrogen is less likely to diffuse away from these regions, as a result of decreased
dislocation motion and reduced ease of cross-slip, while in the disordered state the
hydrogen is able to rapidly diffuse away, or due to increased dislocation mobility is less

likely to build up at highly stressed.

2.3.1.4 Hvdrogen -Metal Interactions

Once the embrittling species is transported to the appropriate area, it reacts with
the material such that the intrinsic strength is reduced. Several theories describing the
hydrogen-metal interaction have been proposed.

One possible explanation of hydrogen-metal interactions is the pressure theory.
In this theory, the driving force for crack propagation is the high pressure of internal
bubbles that result from hydrogen atoms that recombine to form H2 molecules at internal
voids (71, 72). Pressures are suggested to reach thousands of MPa. While this theory is
consistent with both the temperature and strain dependencies found in many studies, it
cannot be the sole mechanism. One problem is that the internal pressure in the bubble
would decrease rapidly in the absence of a continuous source of high fugacity hydrogen.
The observation of severe hydrogen embrittlement by low pressure hydrogen gas, where
high pressure bubbles cannot form (73) , supports this point.

Another theory is that hydrogen reduces the surface energy of the material, which
thereby reduces the energy necessary for crack propagation (74). In this theory,
dislocations could carry the hydrogen to the vicinity of a microcrack and there interact
with the material to lower the surface energy. Inconsistencies of this mechanism with

experimental observations have raised many objections to this theory. For example, in
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gaseous Hp, crack propagation velocities measured at constant stress intensity showed an
increase with test temperature (75), rather than a decrease as would be expected from a
reduced surface energy theory.

A theory that provides for a more substantial contribution to embrittiement is the
"decohesion” mechanism first introduced by Troiano (76), and expanded by Oriani and
Josephic (73, 77)._ This mechanism postulates that brittle fracture occurs when the local
stress exceeds the atomic bond strength and that the presence of hydrogen as a solute
decreases the atomic bond strength. The basic problem associated with this theory is
that evidence to support it, as well as counter evidence, has not been forthcoming. One
aspect of the decohesion mechanism that has been supported by experimental evidence is
the increase in hydrogen solubility in high stress regions, such as a crack tip.

Another hydrogen-metal interaction that has been well documented in titanium
alloys, vanadium, niobium, and hafnium is stress induced formation of hydrides. One
such intermetallic that forms hydrides is TizAl (78). In this mechanism. the chemical
potential of solute hydrogen at stress concentrations, such as crack tips, decreases,
thereby allowing hydrogen to diffuse into these areas. Due to this excess hydrogen,
precipitation of metal hydrides occurs. These hydrides are very brittle and, due to their
large change in volume of formation, are incoherent in the metal lattice. This
incoherency significantly reduces the effective fracture toughness in the region of the
crack, thus allowing rapid crack growth in a transgranular cleavage mode. The kinetics
of hydride formation in some alloys is slow enough that continuous formation ahead of
an advancing crack is not possible. Therefore, when the crack extends beyond the region
of hydride formation it slows.

It should be noted that in a material that is embrittled by hydrogen, more than
one hydrogen-metal mechanism can be active. Fractographic observations often give an

indication of the mechanism that is active, as well as the affected region (i.e., throughout
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the bulk, along crystallographic planes. or along grain boundaries). But, it is not always
possible to completely rule out any other type of hydrogen-metal interaction based solely
on these observations.

For example, the grain boundary embrittlement of some polycrystalline materials
does not imply that the same material in single crystal form is resistant to embrittlement.
While these materials may be prone to embrittlement on particular cleavage planes, or
localized plasticity throughout the bulk, this type of embrittlement may be hidden by a
more severe embrittlement of the grain boundaries in the polycrystalline form. One such
alloy that exhibits this type of behavior is Co3Ti-Ni (45, 56, 57). In inert environments,
Co3Ti-Ni fails in a dimpled transgranular mode, but when tested in an aggressive
hydrogen atmosphere, the failure mode shifts to intergranular. Liu et al (45) have shown
that the single crystal form of Co-23Ti-3Ni was subject to severe embrittlement. The
failure occurred on {100} cleavage facets in hydrogen gas while a dimpled surface was

observed in vacuum.

2.3.2 Characteristics of Hydrogen Embrittlement

For hydrogen embrittlement mechanisms to be active, the loading conditions and
the detrimental species must be applied simultaneously (79). However, hydrogen
embrittlement can occur without the embrittling species present in the environment if the
material has been previously exposed to such an environment and the hydrogen is
retained by the material. Such is the case with cathodic pre-charging.

The dependence of embrittlement on concentration in a gaseous environment is
often weak once a sufficient amount of the embrittling species is present. As the
concentration is increased above this threshold level for embrittlement, no further
increase in the degree of embrittlement is seen. This threshold concentration is often

dependent on the deformation rate (i.e., in cyclic loading it is the frequency. while in
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monotonic tension it is the strain rate). In fatigue crack growth experiments, the crack
growth rate per cycle, da/dN, greatly affects the threshold concentration and
concentration dependence. A material with a propagating crack may exhibit
environmentally enhanced crack growth at low growth rates while the crack growth is
unaffected by environment at high growth rates because the concentration threshold
necessary for embrittlement was increased beyond the existing concentration.

In monotonic tensile testing, the degree of hydrogen embrittlement often
increases as the strain rate decreases. This is due to the fact that one of the transport
phenomena, such as surface chemical reactions or diffusion of the species to the surface,
may be rate limiting. As the strain rate is decreased, the amount of time provided for the
rate limiting step to be completed increases. Thus the trend for increasing ductility with
increasing strain rate is evidence of a material which is environmentally embrittled.

The strain rate effect on the degree of embrittlement has been documented in
numerous studies. For example, in a study on Co-23Ti. it was found that there was no

“change in ductility when the strain rate was decreased from 5.6x10-2/sec to 5.6x10%/sec
while testing in vacuum (57). For the same strain rate decrease for tests performed in
air, the ductility decreased by 85%. In a Ni3zAl alloy an increase in ductility from 4 to
10% was found for a 1000-fold increase in strain rate (80). Fe3Al and Fe3AlCr alloys
have also been shown to display similar results. Scott (81) found that in DO3 ordered
Fe3Al an increase in strain rate from 3x10-8/sec to 1x10-2/sec increased the ductility
from 1 to 8%. In Fe3zAl,Cr, the ductility increased from <2% at a strain rate of 5.5x10-
3/sec to 8.8% at a strain rate of 3.3x10-2/sec (82).

Some mechanical properties of the material can affect embrittlement, such as
yield and ultimate tensile strength (UTS). Yield stress has an effect on the size of the

plastic zone and the magnitude of the triaxial stress ahead of the crack or notch. High
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UTS materials may have faster dislocation velocities during plastic deformation which
could increase embrittlement if a dislocation assisted transport mechanism is active.

Hydrogen embrittlement also exhibits a strong dependence on temperature for
most embrittled alloy systems. In most cases, the maximum embrittlement occurs at
room temperature with little or no embrittlement at 50 to 100°C above and below room
temperature. For example, Cotterill and King (65) investigated the dependence of
fatigue crack growth rates in AISI 4360 steel on temperature and environment. In air,
the Paris slope was between 4.0 and 4.2 for test conducted from 25°C to 80°C. When
testing was performed in hydrogen, the resulting Paris slope was 8.7 at 25°C, but as the
temperature was increased, a steady decrease in the slope was exhibited due to the
diminished embrittling effect. A similar trend was seen in hydrogen pre-charged
martensitic steel (67). Severe embrittlement was observed near room temperature and a
steady drop in embrittlement occurred as the temperature was increased to 200°C. At
this point the behavior of the hydrogen charged steel was similar to that of hydrogen-free
steel. This peak in embrittlement at room temperature is unfortunate as most
engineering structures operate in this range.

A likely explanation of this effect is that as the diffusivity of hydrogén increases
with the increase in temperature. It has been shown that hydrogen embrittlement
requires the development of a critical hydrogen concentration at stress concentrations
and that uniform distribution of solute hydrogen below this critical concentration sill not
cause embrittlement (83). With the increased diffusivity the solute hydrogen is more
likely to be uniformly distributed rather than concentrated at stress concentrations In
hydride forming materials at elevated temperatures, the formation of hydrides is slowed,

therefore ductile failure can occur (78).
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2.4 Fatigue Crack Growth

2.4.1 Crack Growth

The fatigue process can be divided into three phases: crack initiation, crack
growth, and, ultimately, catastrophic failure. Crack nucleation in fatigue is dependent on
plastic deformation and dislocation interaction. The resistance to crack nucleation under
cyclic loading can be increased if the material undergoes limited cross slip and has few
operable slip systems. This is the case in many ordered intermetallic systems.

As previously mentioned in section 2.1.3, ordered alloys possess superlattice
dislocations. Superlattice dislocations are often observed to undergo planar slip which
enhances resistance to crack nucleation by slip reversibility (84). Slip reversibility
occurs when slip steps, which normally form at the surface of a fatigued material and act
as nucleation sites, are annihilated or do not form to the same extent. This happens
because slip which occurs during the tcnsﬂe portion of the loading cycle is reversed
during the unloading or compressive portion. Reversibility is likely when slip is
restricted to a few crystal planes or slip is planar. In ordered alloys, planar slip has been
attributed to a lowered APB energy on planes in which slip does not normally take place.
For example, in CuzAu crystals, the APB energy on {100} planes was found to be much
lower than on {111} planes where slip normally takes place (85). Superdislocations tend
to cross slip but become sessile on the {111} plane.

There are numerous factors that affect crack propagation in metals and alloys.
These factors include, but are not limited to, grain size, dislocation structures,
inclusions/precipitates, sample thickness, mean stress, frequency, temperature, and
environment. The major microstructural variable that changes in an alloy which
undergoes ordering is the dislocation structure. The nature of superlattice dislocations

associated with an ordered lattice has significant effects on the ability to cross slip.
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In a number of studies, a shift to an ordered structure has resulted in increased
resistance to fatigue. Boettner et al (86) found that ordering increased the fatigue limit
of FeCo-V and Ni3zMn by approximately 20%. The increase was ascribed to a decrease
in fatigue-induced surface roughness and crack nudeation site-s as a result of inhibited
cross slip. |

- It has also been shown that there is a correlation between stacking fault energy
(SFE) and resistance to fatigue cracking in disordered Cu and Al alloys (84). Resistance
to crack nucleation and propagation was found to increase with decreasing SFE, due to
its effect on cross slip. Lower SFE, which makes cross slip less likely, also increases the
resistance to subgrain formation. These subgrains can act as paths of enhanced crack

growth.

2.4.2 Environmentally Assisted Crack Growth

It has been proposed that fatigue crack growth in an embrittling environment can
be considered to be the superposition of crack growth in the alloy due to mechanical
fatigue, crack growth due to stress corrosion cracking, and crack growth due to corrosion

fatigue. This superposition can be expressed as:

da/dN = (da/dN)mech + (da/dN)scc + (da/dN)cy Eq. 3.

Fig. 2.8 illustrates the superposition model as described by McEvily and Wei
(87), where purely mechanical crack growth and purely stress corrosion crack growth are
shown in Figs. 2.8a and 2.8b, respectively. It is important to note that stress corrosion
cracking is not cycle dependent. Stress corrosion cracking occurs as a function of time
and results from sustained load cracking at stress intensity levels above the stress

corrosion crack threshold, Kygcc.
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Environmentally enhanced fatigue crack growth can usually be characterized in
terms of one of three generic patterns of behavior illustrated in Fig 2.9. The first case
(Fig. 2.92) represents the system where both the mechanical and corrosion terms in Eq. 3
are active. In this case, there is accelerated crack growth for all stress intensity values.
Fig. 2.9b illustrates the case when both the mechanical and stress corrosion cracking
terms in Eq. 3. are active. The da/dNgc. term will not contribute to the crack growth rate
until Kjgec is reached, at which point the crack growth rate is enhanced above that in an
inert environment. When all terms in Eq. 3 are active, the crack growth is accelerated at
low stress intensity values and then enhanced further once Kjgec s surpassed (Fig. 2.9¢).
It has been shown that many material-environment systems which exhibit corrosion
fatigue behavior are not susceptible to stress corrosion cracking, or, at the stress intensity

levels of interest in fatigue, do not exhibit stress corrosion cracking (88, 89).
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Superposition of mechanical, stress corrosion cracking, and corrosion
fatigue. (a) Mechanical fatigue and corrosion fatigue , (b) mechanical
fatigue and stress corrosion cracking, (c) superposition of mechanical
fatigue, corrosion fatigue, and stress corrosion cracking (87).
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3 EXPERIMENTAL PROCEDURE

3.1 Alloy Composition and Heat Treatment

Four alloys were used in this study, an Fe-28%al-5%Cr alloy designated ternary,
an Fe-28%al-5%Cr-1%Zr alloy designated 1%Zr, and two Fe-28%Al-5%Cr-0.5%Zr
alloys, one with carbon and one without, designated 0.5%ZrC and 0.5%Zr, respectively.
All the alloys are ordered Fe3Al type intermetallics. The compositions of these alloys
are listed in Table 1. All alloys were fabricated at Oak Ridge National Laboratory
(ORNL) by vacuum induction melting, extrusion to 1.27 cm square bar, and hot rolling
to the final thickness. The final plate thickness for all alloys used in this study was 4.75
mm. Fof tensile tests the material was extruded to a 1.08 cm diameter bar.

Due to the texture imparted by the rolling process the normal terms longitudinal,
short transverse, and long transverse will be used to indicate the three perpendicular
planes relative to the rolling direction. These planes are illustrated in Fig. 3.1, where the
longitudinal plane is the rolling direction, and the short and long transverse planes are
the remaining planes.

All alloys used in this study had the same B2 order. The annealing parameters
for the B2 order consisted of a 700°C anneal for 1 hour with a mineral oil quench which
was then repeated. This heat treatment was specified by ORNL in their research. It was
used in this study so that data could be compared to those of other studies conducted by

ORNL.
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TABLE 1

Composition and Grain Size of Iron -Aluminide Alloys

Atomic %
Ternary 1%Zr 0.5%ZrC 0.5%Zr
Fe 67.0 65.95 66.45 66.5
Al 28.0 28.0 28.0 28.0
G 5.0 5.0 5.0 5.0
Zr 1.0 0.5 0.5
C 0.05 0.05
Grain Size 180um partially partially partially
recrystallized recrystallized recrystallized
Long Longitudinal
Rolling Transverse
Direction
Short Transverse
Fig. 3.1 Directional planes of a rolled plate.
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Metallography

Metallography was performed on all alloys to examine the grain structure.
Samples from the plates were sectioned using an abrasive wheel along longitudinal,
short and long transverse directions, and then mounted in epoxy molds. Polishing was
performed by first lapping the samples on a Lapmaster then on a water lubricated
polishing wheel with 600 grit paper. They were then polished on cloth covered wheels
containing 15um and 9um diamond paste, and finished on a felt covered wheel with
0.3um alumina slurry with 10% oxilic acid. The metallographic specimens were then
etched in glycerigia (30 ml glycerin, 30 ml HCI, 10 ml HNO3) until the grain structure
became visible. All photomicrographs were produced on a polarizing metallograph

using Polaroid type 55 film.

3.2 Tensile Test

Tensile tests were performed on the ternary and 0.5%ZrC alloys in laboratory air,
oxygen, and hydrogen, and in laboratory air only for 1%ZrC and 0.5%Zr. Tensile
specimens were machined from rods with a diameter of 1.12 cm, or from plate material
with a thickness of 0.5 mm with the specimen geometry shown in Fig. 3.2. The tension
specimens were polished to a 0.3pm finish and ultra-sonically cleaned in acetone prior to
testing.

The rod specimens were tested in a servo-hydraulic MTS machine fitted with a
vacuum chamber, which allowed for testing in air, vacuum, or any controlled gas
atmosphere. The samples were gripped using a split-type wedge grip shown in Fig. 3.3.
The strain rate used in all tests was 3x10-4/sec. All tests were conducted at room

temperature. One specimen was tested for each environment due to the limited
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Fig. 3.2 Tensile specimen geometry for (a) the ternary and 0.5%2ZrC, and (b) the

0.5%Zr and 1%ZrC alloys.
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availability of material. The plate specimens were tested on a screw-driven Instron 4200
at the same strain rate.

When testing in oxygen or hydrogen gas, the environmental chamber was first
evacuated to < 6.6 x 10-4 Pa using a diffusion pump fitted with a liquid nitrogen cold
trap. The appropriate gas was then admitted to the chamber at a pressure of 2300 Pa
over atmospheric pressure for 1 hour prior to testing. All gases used were of Ultra-High

Purity Grade, with a maximum water vapor concentration of 3 ppm.

3.3 Fatigue Crack Growth Tests

Fatigue crack growth tests were performed on the ternary, 0.5%ZrC, 0.5%Zr, and
1%ZrC alloys in the B2 ordered state. All alloys were tested at room temperature in
hydrogen gas and oxygen gas. The ternary alloy was tested in laboratory air while all
other alloys were tested in constant humidity environments of 21%, 48%, and 81%
relative humidity (rH).

When testing in a gaseous environment, the procedure previously described in
section 3.2 for tensile tests was used. For testing in vacuum, the chamber was evacuated
to < 2x10-3 Pa. For constant humidity tests, compressed air was bubbled through a
closed beaker containing an aqueous solution of potassium acetate, potassium
thiocyanate, or ammonium chloride which produced calculated values of 21%rH, 48%rH
and 81%rH, respectively.

Compact tension specimens were used for all fatigue tests. The specimens were
cut by electro-discharge machining such that the crack growth direction would be
perpendicular to the rolling direction. Fig. 3.4 shows the specimen geometry. All
specimens were polished to a 0.3um finish and ultra-sonically cleaned in acetone prior to

testing.
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Crack length was monitored using the d.c. potential drop method. A Hewlett
Packard power supply provided a 10 amp current to the specimen vvia two current leads
positioned 11.5 mm on either side of the machined notch. The current was monitored by
an IBM PC computer through a Metrabyte 12 bit analog to digital converter via a -
resistive shunt. The potential across the unbroken ligament was measured by two
voltage probes located 2.5 mm on either side of the notch. The leads were connected to
the compact tension specimen by brazing them into shallow holes drilled into the front
face. |

Calibration curves were generated to relate the crack length to the potential drop
by optically measuring the crack length with a tréveling microscope. The system was
able to resolve changes in the crack leﬁgth of 40 um. The optical microscope, which had
an accuracy of 20 um, determined the accuracy of the crack measurements. Calibration
curves were generated for each alloy in every test environment. An example of a
calibration curve obtained for the 0.5%ZrC alloy is shown in Fig. 3.5.

The load frame used was an MTS servo-hydraulic machine with a 22,205 N load

cell. Tests were run in load control using a sawtooth waveform with a frequency of

20Hz and an R ratio (Gnin/Cmax) of 0.5. The effect of frequency was investigated by
fatiguing 0.5%ZrC at 20Hz, 2Hz, 0.2Hz and 0.08Hz.

Software written for a PC allowed a fully automated test procedure. The PC
recorded load applied to the specimen, current, and voltage, and then calculated crack
length, crack growth rate (da/dN), aﬁd stress intensity range (AK). The calculated values
were used to produce the appropriate waveform. This digital waveform was then
converted to analog and sent to the MTS as the load control input for the hydraulic
system.

All parameters of the fatigue crack growth test followed ASTM E-647 (90)

procedures. The fatigue crack growth testing procedure was as follows:
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Fig. 3.5. Calibration curve relating the resistance to the crack length in 0.5%ZrC.
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1) Precracking of the CT specimen by fatiguing in 20,000 cycle increments at
stress intensity levels increasing by 0.5 MPaVm until crack initiation was
observed.

2) A AK-increasing procedure was employed until the crack had grown 1.0 mm
from the 5.5 mm machined notch before data collection began.

3) A load shedding routine was then used to reduce the da/dN values back down
to approximately 5x10-9 m/cycle to measure crack growth rates in the threshold
region. This was the lowest growth rate that could be accurately and
conveniently measured.

4) A AK-increasing routine was then continued until failure. Throughout the
testing procedure, the R-ratio was held at 0.5 and total crack lengths were
measured at crack growth intervals of 0.05 mm. |

In accordance with ASTM E-647, the following equation for calculating stress

intensity range, AK, was used:

AK = 2P (0,886 + 4.640. - 13.32 02 + 14.7203 - 5.640%) Eq. 4

BYW

In Eq. 4, AP is the cyclic load range, B is the specimen thickness, W is the

specimen length from the edge to the center of the load-pin holes, and « is the ratio of
crack length to W. The crack length is always measured from the center of the load-pin

holes to the crack tip.
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3.4 Microscopy

All specimen fracture surfaces were examined in a JOEL-840 scanning electron
microscope (SEM) following failure. The fracture mode (cleavage, intergranular,
dimpled, etc.) was noted. The specimens were mounted in a brass specimen holder
using carbon tape to ensure electrical conductivity. The SEM was used with a working
distance of 39 mm and an accelerating voltage of 20 kV. All SEM micrographs were

taken with Polaroid # 55 film.
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4 RESULTS

4.1 Grain Structure

The 1 hour, 700°C anneal used for all alloys resulted in a partially recrystallized
structure for all the Zr-containing alloys. The anneal resulted in an increase in
recrystallization from 40% in the as received to approximately 70% The grain structure
was intentionally left partially unrecrystallized as it had been found by researchers at Oak
Ridge National Laboratory to result in the highest ductility. In all micrographs, the black
dots are due to preferential etching of sulfur-containing stringers, as well as, pitting of
some dislocations. Figure 4.1a shows the as received 0.5%ZrC, while Fig. 4.1b shows
the longitudinal plane of B2 ordered 0.5%ZrC. Figs. 4.2a and 4.2b show the longitudinal
plane of the as received and B2 ordered 0.5%Zr, while Figs. 4.3a and 4.3b show the as
received and B2 ordered 1%ZrC, also in the longitudinal plane. Large round precipitates
(up to 10 um in diameter) were seen in all Zr-containing alloys as shown in Fig. 4.4a.
Electron dispersive x-ray analysis (EDX) was performed in the Joel 840 SEM on the
precipitates and they were found to be Zr-rich (Fig. 4.4b). The precipitates were found to
be non-homogeneously scattered throughout the material.

In the case of the ternary alloy, the 700°C anneal resulted in a near fully
recrystallized structure with a grain size of 180 um. The ternary grain structure is shown
in Fig. 4.5a in the as received condition and in the B2 ordered structure in Fig. 4.5b.
Notice that while the ternary alloy does retain some of the grain alignment imparted by
the rolling process it does not have as strong a directional aspect as the Zr-containing

alloys.
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Fig. 4.1

(b)

Grain structure of the 0.5%ZxC alloy (a) in the as received condition
and (b) B2 ordered.
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B2 ordered.

Fig. 4.3

51




Fig. 4.4

S e ea I

(b)

(a) Round precipitate found in Zr-containing alloys (b) EDX spectrum
showing the composition of the precipitate.




Grain structure of the ternary alloy (a) in the as received condition and (b)
53

B2 ordered.

Fig. 4.5




4.2 Tensile Experiments

4.2.1 Tensile Properties of the Ternary Alloy

The tensile stress-strain curves for the ternary alloy tested at 25°C in air,
hydrogen gas, and oxygen gas are shown in Fig 4.6. The tensile properties are
summarized in Table 2.

The ductility and UTS were greatly reduced for the ternary alloy when tested in
hydrogen gas as compared to testing in oxygen. The ductility in oxygen (12.0%) was
reduced by 65% when tested in hydrogen (4.2%). Testing in air also resulted in a
decrease of ductility compared to testing in oxygen. The ductility in air decreased from
12% in oxygen to 10.2% in air.

The UTS was significantly reduced in the embrittling environments. A decrease
6f 37% was observed between the oxygen (1180 MPa) and the hydrogen (740 MPa)
environment. The UTS also decreased 17% between the oxygen (1180 MPa) and the air
(980 MPa) environments. In all environments, the yield stress was not significantly
affected.

Fracture topography was found to be relatively insensitive to environment, with
the failure mode being mixed transgranular cleavage and intergranular fracture while the
amount of intergranular facets increased as the environment became more aggressive.
Figs. 4.7a-c show the fractography of the ternary alloy for air, oxygen gas, and hydrogen

gas, respectively.

4.2.2 Tensile Properties of the Zr-Containing Alloys

The tensile stress-strain curves for 0.5%Zr and 1%ZrC tested in air at 25°C are

shown in Fig 4.8, and the curves for the 0.5%ZrC alloy tested in air, hydrogen gas, and
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Fig. 4.6 Stress-strain curves for the ternary alloy tested in tension at 25°C.
TABLE 2
Tensile Properties of the Ternary Alloy
Environment YS (MPa) UTS (MPa) Ductility (%)
Air 500 980 10.2
Oxygen 510 1180 12.0
Hydrogen 500 740 4.2
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(b)

Fig. 4.7 Fracture surface of the ternary alloy tested in tension (a) in air and (b) in
oxygen gas at 25°C.
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Fig. 4.7 Fracture surface of the ternary alloy tested in tension in (¢) hydrogen gas
continued at25°C.
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oxygen gas at 25°C are shown in Fig. 4.9. The tensile data for the Zr-containing alloys
are summarized in Table 3.

The 0.5%ZxC alloy exhibits significant embrittlement in hydrogen gas compared
to testing in oxygen. The ductility in oxygen (13.1%) is reduced by over 50% when
tested in hydrogen gas (6.1%). The 0.5%ZrC alloy does not show any degree of
embrittlement in air, as the ductility is not significantly changed (Table 2).

The UTS was also greatly reduced by testing in hydrogen as compared to testing
in oxygen. The UTS decreased 18% from 1460 MPa in oxygen to 1200 MPa in
hydrogen. It was unaffected by testing in air compared to oxygen.

Increasing the amount of Zr to 1 at.% resulted in a decrease in both the ductility
and the UTS when tested in air. The ductility decreased 61% from 13.8% in 0.5%ZrC to
5.3% in 1%ZrC. The UTS exhibited a decrease of 40% between 0.5%ZrC (1460 MPa)
and 1%ZrC (880 MPa).

The absence of carbon in the 0.5%Zr alloy affected both the ductility and UTS in
air. Without the carbon, there was a 40% drop in ductility compared to 0.5%ZrC. The
UTS was decreased 31% between 0.5%7ZrC (1460 MPa) and 0.5%Zr (1000 MPa).

The fracture surfaces of 0.5%ZrC in air, oxygen gas and hydrogen gas at 25°C are
shown in Fig. 4.10a-c. The fracture mode of 0.5%ZrC was found to be mixed dimpled
rupture and transgranular cleavage and was insensitive to environment, while the amount
of transgranular cleavage increased as the environment became more aggressive. Fig.
4.11 shows that the fracture mode remained mixed dimpled rupture and transgranular
cleavage in 0.5%Zr. The addition of Zr to 1 at.% resulted in a shift of fracture mode to
mixed transgranular cleavage and intergranular fracture for 1%ZrC (Fig. 4.12). Fig. 4.13
shows the macroscopic appearance of a typical tensile tested specimen. The macroscopic

characteristics of the fractured tensile specimens were typical of brittle failures with little
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Fig. 4.8 Stress-strain curves for the 1%ZrC and the 0.5%Zr alloy tested in tension
in air at 25°C.
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Fig. 4.9 Stress-strain curves for the 0.5%ZrC alloy tested in tension at 25°C.
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_ TABLE 3.
Tensile Properties of Zr-Containing Alloys

Air O3 ‘ H»>
Alloy YS UTS Ductility YS UTS Ductility YS UTS  Ductility

(MPa) (MPa) (%) (MPa) (MPa) (%) (MPa) (MPa) (%)
0.5%72r* 670 1000 8.2 - - - - - -
0.5%ZrC 690 1460 13.8 680 1460 13.1 680 1200 6.1
1%ZrC* 510 880 5.3 - - - - - -

* Average of three tests




Fig. 4.10 Fracture surface of the 0.5%ZrC alloy tested in tension in (a) air and (b) in
oxygen gas at 25°C. :

61




(©)

Fig. 4.10 Fracture surface of the 0.5%ZrC alloy tested in tension in (¢) hydrogen gas
continued at 25°C.




Fig. 4.11 Fracture surface of the 0.5%Zr alloy tested in tension in air at 25°C; arrow
indicates dimples.

Fig. 4.12 Fracture surface of the 1%ZrC alloy tested in tension in air at 25°C.




Fig. 4.13 Macroscopic fracture surface of the 0.5%Zr alloy tested in tension in air;
arrow indicates secondary cracking.
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Fig. 4.14 Comparison of tensile ductility in the ternary and 0.5%ZrC alloys at 25°C.
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reduction of area. Also, small secondary cracks were visible in the gauge section of the
tensile specimens.

Fig. 4.14 shows a comparison of the ductility measured in the ternary and the
0.5%7ZxC alloy. 0.5%ZrC exhibits a slightly higher ductility i_n oxygen than the ternary
alloy but, unlike the ternary alloy, 0.5%ZrC is not embrittled by tensile testing in air.
Similar ductilities were measured in oxygen (13.1%) and air (13.8%) for 0.5%ZrC, while
a decrease between oxygen (12.0%) and air (10.2%) was measured in the ternary alloy.

Both alloys were severely embrittled by tensile testing in hydrogen gas.

4.3 Fatigue Crack Growth Experiments

The threshold and critical stress intensities measured for the iron aluminides are
listed in Table 4. The result of a single test is reported for each condition. The threshold
stress intensity (AK) was taken to be the stress intensity range which produced a crack
growth rate of 5x10-2 m/cycle. A linear region of the da/dN vs. AK curves used for the

calculation of the Paris Slope, m, in:
da/dN = C(AK)™ Eq.5

could not consistently be defined. Therefore, the stress intensity necessary to produce a

crack growth rate of 10-7 m/cycle was measured, AK(10-7), and is reported in Table 4.

4.3.1 Effect of Composition on Fatigue Crack Growth

Fatigue crack growth (FCG) curves in oxygen at room temperature for each alloy

are shown in Fig. 4.15a, with duplicate tests for 0.5%ZrC in oxygen shown in Fig. 4.15b
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TABLE 3.
FCG Data for the B2 Iron Aluminides

Alloy Environment AK (1077 AKTH AKc
(MPaVm) ~ (MPavm)  (MPaVm)
Ternary Air (30% rH) 20.3 16.9 26.4
Ternary 103 384 242 42.4
Ternary Vacuum 32.6 29.2 39.1
Ternary H»p : 15.1 14.2 19.9
0.5%7xC Air (21% rH) 29.0 18.0 59.4
0.5%ZrC Air (48% rH) 27.1 18.0 47.4
0.5%ZxC Air (81% rH) 24.3 17.9 37.2
0.5%7Zx1C O2 4273 18.6 68.7
0.5%7ZxC Vacuum 29.0 232 38.0
0.5%Z:C Hop 21.1 19.8 42.8
0.5%Zr Air 21% rH) 28.1 18.7 39.0
0.5%7Zx Air (48% rH) 25.2 18.9 34.3
0.5%Zr Air (81% rH) 23.9 19.2 322
0.5%7Zr 03] 433 20.0 48.9
0.5%Zr Vacuum 32.6 32.5 46.1
0.5%Zr H»s 21.2 20.5 38.9
1%7ZxC Air (21% rH) 22.8 16.2 27.6
1%7ZxC Air (48% rH) 21.2 16.7 27.1
1%ZrC Air (81% rH) 20.2 17.1 23.6
1%ZrC 0)) 359 23.0 36.9
1%ZxC Vacuum 304 26.9 35.1
1%7Z1C Hy 21.2 20.5 332
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68



. i o |
s 0 .
(&) A o ]
g : o 3
£ 7 R w
= 10" ¢ &.oog s ad E
p : e :
0 i ® )
'8 -8 gl&
10 3 o 0.5%ZrC 3
5 o 3
B ® 0.5%ZIC -
1 o-g J 1 1 1 A | i !
10 20 ‘ 50 100
AK (MPavm)

Fig. 4.15 (b) Duplicate FCG tests of 0.5%ZrC in oxygen gas at 25°C. Frequency =
continued 20Hz, R =0.5. :

69




to illustrate the consistency of the FCG measurements. The FCG curves in oxygen are
shown as it is considered to be the inert reference environment.

Fatigue crack growth resistance depends strongly on the alloy composition.
0.5%ZrC exhibited the best FCG resistance, with a AKi, of 18.6 MPaVm and a AK. of
68.7 MPaVm. Increasing the Zr content from 0.5 at.% to 1 at.% had a dramatic effect on
the fatigue response. While the threshold stress intensity increased 24% in 1%ZrC,
compared to 0.5%ZrC, the critical stress intensity was reduced by 46%. The absence of
carbon had less of an effect on the FCG resistance. The threshold stress intensity of
0.5%Zr increased only 7% while the critical stress intensity was reduced 29%. as
compared to 0.5%ZrC.

The lowest fatigue crack growth resistance was exhibited by both the 1%ZrC
alloy and the ternary alloy, as they displayed very similar FCG behavior. The threshold
stress intensity was higher by 30% compared to 0.5%ZrC while AK was reduced by 38%

in these alloys.

4.3.2 Effect of Environment on Fatigue Crack Growth

Fatigue crack growth curves at room temperature in the four environments
(laboratory air, oxygen gas, hydrogen gas, and vacuum) are shown in Fig. 4.17 for the
ternary alloy; Fig. 4.18 for 0.5%ZrC, Fig. 4.19 for 0.5%Zr, and Fig. 4.20 for 1%2ZrC.
Fig. 4.16 show the a vs. N curves for the ternary alloy in the four environments. The data
for the other alloys was not presented in the a vs. N form as it is evident that the same
trend occurs for all alloys.

The higher fatigue life in oxygen as compared to all other environments is clearly
shown in Fig. 4.16. In oxygen the fatigue life is 2.5x105 cycles while it decreased to

1.1x105 cycles in air. The embrittling effect of hydrogen is evident in the decrease in
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fatigue life compared to oxygen, as well as, the low fatigue life (0.4x105 cycles) when
tested in hydrogen gas.

Table 3 and Figs. 4.17-4.20 show that hydrogen is clearly an embrittling
environment for FCG. In all alloys, AK(10-7) and AK_ are lower in hydrogen than in
oxygen. Wﬁile it is obvious that hydrogen gas is extremely embrittling, AKy, for all Zr-
containing alloys is higher in hydrogen gas than in laboratory air. The FCG curves in
hydrogen also display the typical behavior ascribed to the synergistic effects of
mechanical fatigue and corrosion fatigue (Fig. 2.8a).

While testing in vacuum proved to be detrimental to the fatigue crack growth
resistance for all alloys, it resulted in the highest threshold stress intensities. Figs. 4.17-
4.20 clearly show the drastic increase in FCG rates in vacuum compared to oxygen. The
threshold stress intensities of all alloys were higher in vacuum than in oxygen, but the
fatigue crack growth resistance was much lower. In all alloys tested a cross-over was
seen in the FCG curves in oxygen and vacuum. The largest effect of testing in vacuum
was seen in 0.5%ZrC where the reduction in AK(10-7) was 31% and in AK. was 45%.

Testing in laboratory air was found to be embrittling for all alloys as well.
However, the degree of embrittlement in air was less than that in hydrogen. In 0.5%Z:rC,
for example, AK(10-7) and AK are reduced by 31% and 13%, respectively, in air as
compared to oxygen gas. However, testing in hydrogen gas reduced AK(10-7) by 50%
and AK; by 38%.

The Zr-containing alloys exhibited similar degrees of embrittlement in air with a
trend of increasing embrittiement with increased Zr content. AKy was reduced 3% in
0.5%ZrC, 6% in 0.5%Zr and 30% in 1%ZrC, while AK; was reduced 13% in 0.5%7ZrC,
20% in 0.5%Zr, and 25% in 1%ZrC, as compared to oxygen. The ternary alloy was the
most severely embrittled in air with AKy; reduced 30% and AK reduced 38%.
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Figs. 4.21 and 4.22 show a summary of AKy and AK. for each alloy in air,
oxygen gas, vacuum and hydrogen gas at 25°C. A summary of AK(1077) for each alloy in
each test condition is shown in Fig. 4.23. It should be noted that AK ¢, and AK(10-7) were

similar for each environment in both the 0.5 at.% Zr alloys, with the exception vacuum.

4.3.3 Effect of Humidity on Fatigue Crack Growth
The effect of increased humidity on the FCG resistance in 0.5%ZrC, 0.5%Zr and

1%ZrC are shown in Figs. 4.24-4.26. The fatigue tests conducted in oxygen are also
shown in these figures, as it is considered the inert reference environment.

An increase in humidity level had no effect on AKy in 0.5%ZrC (Table 4).
AK(10-7) was reduced 16% from 29.0 MPaVm in 21%rH air to 24.3 MPaVm in 81%rH.
The embrittling effect of increased humidity was evident in 0.5%ZrC as AK was reduced
from 59.4 MPaVm to 37.2 MPaVm (Fig. 4.24).

The absence of C in 0.5%Zr resulted in a decreased degree of embrittlement with
increased humidity (Fig. 4.25). AKy was increased 3% from 21%rH to 81%rH while
both AK(10-7) and AK. were reduced by 16%. AKc. was reduced from 39 MPavVm in
21%rH to 32.2 MPaVm in 81%rH.

The increase in zirconium in 1%ZrC also resulted in less embrittlement as AKe
only decreased 14% with a Achange in humidity from 21%rH (27.6 MPavVm) to 81%rH
(23.6 MPa\/m) (Table 4). 1%ZrC also exhibited an increase in AK¢, of 5% as the
humidity level was increased (Fig. 4.26). AK(10-7) was reduced in 1%ZrC from 22.8
MPaVm to 20.2 MPaV¥m in 21%rH and 81%rH, respectively.

4.3.4 Effect of Frequency on Fatigue Crack Growth

The effect of decreasing the test frequency for the 0.5%ZrC alloy is shown in Fi o

4.27. All tests were run at a constant humidity level of 21%rH. Also shown is the fatigue
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test conducted in oxygen, which is considered the inert environment for determining the
magnitude of crack growth enhancement.

As can be seen in Fig. 4.27, the lower frequencies enhanced fatigue crack growth,
as well as had a significant effect on both the threshold and critical stress intensities. The
largest decrease in FCG resistance was seen between 20Hz and 2Hz with the curves for
2Hz, 0.2Hz and 0.08Hz falling close together. While the FCG resistance and AK;
decreased as the frequency was lowered, AKy, increased.

The lowest AKh, 18.0 MPaVm, was found at the highest frequency, 20Hz, and it
increased to 24.1 MPaVm at 0.08Hz. The largest decrease in AK was from 59.4 MPavm
at 20Hz to 42.5 MPaVm at 2Hz after which a less drastic drop to 35.8 MPaVm at
0.08Hzwas noted. The curves for 2Hz, 0.2Hz and 0.08Hz underwent a cross-over when

the stress intensity range reached 2x10-7 - 3x10-7 m/cycle.
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4.4 Fractography of FCG Specimens

The crack propagation direction in all fracture surfaces shown in this section is
horizontal from left to right.

Fig. 4.28 shows a typical crack path for the iron aluminides tested. The crack
path was found to be transgranular with very little crack branching. In all tests reported
the crack path displayed similar characteristics.

The fracture surface of the fatigued iron aluminides was found to be dependent on
alloy _composition. The fracture mode in the ternary alloy was mixed transgranular
cleavage and intergranular failure in all environments. Fig. 4.29 shows the mixed mode
surface of the ternary alloy in air where intergranular failure represented approximately
30% of the surface. The fracture surface in oxygen gas was shown in Fig. 4.30 and the
amount of intergranular facets increased to roughly 50%. Fig. 4.31 and Fig. 4.32 show
the fracture surface of the ternary alloy in hydrogen gas and vacuum, respectively. In
both environments the amount of intergranular facets were 30%, similar to air. Note that
the fracture surface of the ternary alloy was fairly independent of environment.

The fracture surface of 0.5%ZrC was found to be slightly sensitive to
environment. Fig. 4.33 shows the mixed fibrous tearing and transgranular cleavage
appearance in 21%rH air, where cleavage represented approximately 50% of the surface.
An increase in humidity level had no major influence on the fracture surface. Fig. 4.34a
and 4.34b show the mixed fibrous tearing and transgranular surface of 0.5%ZrC in
48%rH and 81%1H air, 'respectively.

In oxygen, the fracture surface was completely fibrous tearing, as seen in Fig.
4.35a. However, once the critical stress intensity was reached the fracture mode changed.

The fracture mode shifted from complete fibrous tearing to mixed fibrous tearing and
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Fig. 4.28 Typical crack growth path in the iron aluminide FCG specimens.




Fig. 4.29 Fracture surface of the ternary alloy fatigued in air at AK=18 MPaVm
showing cleavage and IG facets.

Fig. 4.30 Fracture surface of the fernary alloy fatigued in oxygen gas at’
AK=26 MPaVm showing cleavage and IG facets.
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Fig. 4.31 Fracture surface of the ternary alloy fatigued in hydrogen gas at
AK=15 MPaVm showing cleavage and IG facets.

Fig. 4.32 Fracture surface of the ternary alloy fatigued in vacuum at
_ AK=30 MPaVm showing cleavage and IG facets.
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Fig. 4.33 Fracture surface of 0.5%ZrC fatigued in 21%rH air at AK=28 MPaVm
showing cleavage and fibrous tearing.




Fig. 4.34

Fracture surface of 0.5%ZrC fatigued (a) in 48%rH air at AK=27 MPaVm
and (b) 81%rH air at AK=24 MPaVm showing cleavage and fibrous
tearing.
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Fig. 4.35 Fracture surface of 0.5%ZrC fatigued (a) in oxygen gas at AK=35 MPaVm
showing fibrous tearing and (b) in the overload region at AK=60 MPaVm
showing fibrous tearing and cleavage.




Fig. 4.36 Fracture surface of 0.5%ZrC fatigued in hydrogeﬁ gas at AK=21 MPavVm
showing cleavage and fibrous tearing.

Fig. 4.37 Fracture surface of 0.5%ZrC fatigued in vacuum at AK=33 MPavm
showing cleavage and fibrous tearing.
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(b
Fig. 4.38 (a) Fracture surface of 0.5%ZrC fatigued in 21%rH air at

frequency=2.0Hz at AK=20 MPaVm and (b) at frequency= 0.2Hz
at AK=23 MPaVm.
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Fig. 4.38 Fracture surface of 0.5%ZrC fatigued in 21%rH air (c) frequency=0.08Hz
continued at AK=25 MPaVm.
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transgranular cleavage where cleavage accounted for 50% of the surface. Fig. 4.35b
shows the fracture surface of the overload region in 0.5%ZrC in oxygen. Fig. 4.36
shows the fracture surface in hydrogen. In hydrogen, the fracture surface was 70%
fibrous tearing and 30% transgranular. The fracture surface in vacuum, Fig. 4.37, was
also characterized by mixed fibrous tearing and transgranular cleavage, with roughly 50%
being cleavage.

Decreasing the fatigue frequency of 0.5%ZrC in 21%rH air had no effect on the
fracture surface. Figs. 4.38a-c show the fracture surface of the tests at 2.0, 0.2, and
0.08Hz, respectively. In all cases, the fracture appearance was mixed fibrous tearing and
transgranular, similar to the 20Hz test.

In 0.5%Z:C, longitudinal cracking was observed in all environments at higher
stress intensities. The crack plane of the compact tension specimens was the short-
transverse plane, which is the plane perpendicular to the elongated direction of the grains.
The longitudinal cracks ran along the longitudinal plane, which is parallel to the
elongated direction of the grains.

0.5%Zr also showed some sensitivity to environment in the fracture mode. In
21%rtH air, the fracture surface was mixed fibrous tearing and intergranular failure, as
seen in Fig. 4.39. The fibrous tearing was predominant while a relatively small amount
of intergranular facets were visible, approximately 20%. As the moisture content was
increased, no corresponding change in the fracture surface was observed. Figs. 4.40a and
4.40b show the mixed fibrous tearing and intergranular failure surface of 0.5%Zr in 48%
and 81%rH air, respectively.

In hydrogen, Fig. 4.41a, the fracture mode was again mixed. The mixed mode in
hydrogen was transgranular cleavage and intergranular failure, as compared to the fibrous

tearing and intergranular in air. The cleavage mechanism was predominant with 10% of
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Fig. 4.39 Fracture surface of 0.5%Zr fatigued in 21%rH air at AK=28 MPaVm
showing IG facets and fibrous tearing.




(b
Fig. 4.40 Fracture surface of 0.5%Zr fatigued in (a) 48%rH air at AK=25 MPaVm

and (b) 81%rH air at AK=22 MPaVm showing IG facets and fibrous
tearing.
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(b)
Fig. 441 Fracture surface of 0.5%Zr fatigued (a) in hydrogen gas at AK=22 MPaVm

showing cleavage and IG facets and (b) arrow showing longitudinal cracks
at AK=26 MPavm. :
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(b)

Fig. 4.42 Fracture surface of 0.5%Zr fatigued (a) in oxygen gas at AK=42 MPaVm
showing fibrous tearing and (b) in the overload region at AK=49 MPaVm
showing cleavage and fibrous tearing.
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Fig. 443 Fracture surface of 0.5%Zr fatigued in vacuum at AK=34 MPaVm

showing IG facets and fibrous tearing.
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the surface intergranular. 0.5%Zr also displayed some longitudinal cracking in hydrogen,
as can be seen in Fig. 4.41b.

In oxygen, the fracture mode shifted to all fibrous tearing. Fig. 4.42a shows the
fracture surface in oxygen gas. As seen in 0.5%ZrC, once the critical stress intensity was
reached the fracture mode changed. The fracture mode shifted from complete fibrous
tearing to mixed fibrous tearing and transgranular cleavage, where cleavage represents
50% of the surface. Fig. 4.42b shows the fracture surface of the overload region in
0.5%Zr in oxygen. Fig. 4.43 shows the fracture surface in vacuum. The fracture surface
was similar to the overload region in oxygen with a mixture of fibrous tearing and
transgranular cleavage. As in oxygen cleavage represents approximately 50% of the
surface.

As in all the Zr-containing alloys, failure of 1%ZrC was found to be slightly
sensitive to environment. Fig. 4.44 shows the fracture surface in 21%rH air. The fracture
mode was seen to be mixed fibrous tearing and intergranular failure. The amount of
intergranular failure was roughly 25% in 1%ZrC. The fracture mode was unchanged by
an increase in humidity level. Fig. 4.45a shows the fracture surface in 48% rH air and
Fig. 4.45b shows the fracture surface in 81%rH air.

In hydrogen, the failure mode was mixed transgranular cleavage and intergranular
failure. Fig. 4.46 shows the fracture surface in hydrogen gas. The amount of
intergranular failure in hydrogen was observed to be about 50%. Longitudinal cracks
were also seen 1%ZrC in hydrogen.

The fracture mode shifted to one of fibrous tearing in oxygen, as can be seen in
Fig. 4.47a. The fracture appearance was very similar in all Zr-containing alloys in
oxygen. Fig. 4.47b shows the fracture surface in the overload region in oxygen. Similar
to the other Zr-containing alloys, the fracture mode shifted but in the case of 1%ZrC it

was mixed fibrous tearing, transgranular and intergranular failure. Fig. 4.48 shows the




fracture surface in vacuum. The fracture mode shifted back to a fibrous tearing with
approximately 10% of intergranular failure.
A summary of the fracture appearance of the fatigue crack growth specimens is

listed in Table 5.
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Fig. 4.44 Fracture surface of 1%ZrC fatigued in 21% rH air at AK=24 MPavm
showing IG facets and fibrous tearing.
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Fig. 4.45 Fracture surface of 1%ZrC fatigued (a) in 48%rH air at AK=26 MPaVm
and (b) in 81%rH air at AK=24 MPaVm showing IG facets and fibrous
tearing.

104




Fig. 4.46 Fracture surface of 1%ZrC fatigued in hydrogen gas at AK=21 MPaVm
showing cleavage and IG facets.
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(b)

Fig. 4.47 Fracture surface of 1%ZrC fatigued in oxygen (a) at AK=35 MPaVm
showing fibrous tearing and (b) in the overload region at AK=36.5 MPavVm
showing cleavage, IG facets, and fibrous tearing; arrow indicates fibrous

tearing.
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Fig. 4.48 Fracture surface of 1%ZrC fatigued in vacuum at AK=31 MPaVm showing
IG facets and fibrous tearing.
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TABLE 5
Appearance of Fatigued Fracture Surface in Iron Aluminides

Alloy Environment Fracture Appearance
Ternary Air (30% rH) TG cleavage + 30% 1G
Ternary 8))] TG cleavage + 50% 1G
Ternary Vacuum TG cleavage + 30% IG
Ternary H»y TG cleavage + 30% 1G
0.5%Zr Air (21% rH) Fibrous tearing + 20% IG
0.5%Zr Air (48% rH) Fibrous tearing + 20% 1G
0.5%Zr Air (81% rH) Fibrous tearing + 20% IG
0.5%Zr 10)) Fibrous tearing
0.5%Zx Vacuum Fibrous tearing + 50% TG
0.5%Zx H»y TG + 10% 1G
0.5%ZxC Air (21% rH) Fibrous tearing + 50% TG
0.5%2xC Air (48% rH) Fibrous tearing + 50% TG
0.5%2xC Air (81% rH) Fibrous tearing + 50% TG
0.5%ZxC 0)) Fibrous tearing
0.5%2xC Vacuum - Fibrous tearing + 50% TG
0.5%ZxC Hy Fibrous tearing + 30% TG
1%ZxC Air (21% rH) Fibrous tearing + 25% 1G
1%ZxC Air (48% rH) Fibrous tearing + 25% 1G
1%Zx1C Air (81% rH) Fibrous tearing + 25% IG
1% C 0)) Fibrous tearing
1%7ZxC Vacuum Fibrous tearing + 10% 1G
1%ZrC Ha TG + 50% IG
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5 DISCUSSION

5.1 Plasticity Effects on Crack Growth

When measuring fracture toughness, the test specimen dimensions should be large
enough that the material is in a state of plane strain. If this condition is not met, then
plasticity effects may alter the measured toughness. ASTM fracture testing standards
specify that to ensure that the specimen is in a predominantly plane strain condition, the
thickness of the specimen, B, should be 50 times the plastic zone radius, Ry. expected for
plane strain. If this condition is met, then plasticity effects are negligible. This condition

can be expressed as:
Ry/B<0.02 to satisfy plane strain conditions Eq. 6

If the plastic zone radius ahead of a fatigue crack under plane strain conditions is taken as

stated by Irwin (91), then it can be expressed by:

Ry=_1 En}iz Eq.7
6m Gys

where G'ys is the cyclic yield stress and can be approximated by twice the monotonic
yield stress. The plasticity effects on crack growth can be determined by inserting Eq. 7
into Eq. 6 and determining if the conditions are satisfied.

The plastic zone size and the R y/B ratio of the iron aluminide specimens fatigued

in air and oxygen gas were calculated for three values of da/dN and are listed in Table 6.
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TABLE 6
Plastic Zone Size Calculations

da/dN=10"8 m/cycle da/dN=10"7 my/cycle da/dN=10-0 m/cycle

Environment Oy Kmax Ry RyB Kmax Ry RyB Kmax Ry Ry/B

ternary

Air 1000 344 627 0015 402 857 0019 47.0 117 0.027
0, 1020 502 128 003 770 302 007 83.6 356 0.8
0.5%ZcC

Air 1380 367 37.5 0.008 560 87.3 0019 92.6 239 0.5
0 1360 380 414 0.009 846 205 004 136 531 0.
0.5%Zr

Air 1340  37.8 422 0.009 542 867 0018 740 162 003
0 1340 410 496 001 866 221 0.05 - - i
1%Z1C |

Air 1020 327 545 0014 448 102 0025 - i
0, 1020 504 129 003 718 263 0.06 - - -

Cys = 20ys; in MPa Ry= %(Kma")z in um from (91)

y
Kmax in MPaVm
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None of the alloys tested completely met the plain strain condition for air or oxygen. In
air, the condition was met, except at high crack growth rates, for all alloys. The plastic
zone size and R /B ratio decreased significantly in air verses oxygen.

Due to the failure to meet ASTM criteria for plane strain, the crack growth rates
measured in this study couldnot be quantitatively compared to those for other alloys.
Since the ASTM criterion is conservative when predicting the onset of plane strain, the
crack growth data can however, be compared among themselves without a large influence

of plane strain.

5.2 Effect of Environment

Different environments often affect the fatigue crack growth behavior of a given
material. An aggressive environment often decreases the threshold stress intensity and
enhances crack nucleation during Stage I crack growth. In Stage II, it can influence crack
growth rates and the Stage II slope, m, of the Paris equation (Eq. 5). In general, Stage 111
is often not affected by enviror_lmeri‘ialﬁchanges. Stage III fatigue crack resistance more
often is influenced by microstructure, mean stress, and specimen thickness.

However, the iron aluminides in this study displayed critical stress intensities that
were slightly sensitive to environment. The critical stress intensities in all alloys tested
were found to be lower in hydrogen, air, and even vacuum than in oxygen. The largest
difference was found in the ternary alloy where AK. decreased 53% when the
environment was changed from oxygen to hydrogen.

This finding is similar to the results of several studies which have found
environmental effects of critical stress intensities in iron aluminides and other ordered
alloys. Castagna (63) found similar results in Fe-35A1 and an Fe3Al alloy where the

critical stress intensity decreased in hydrogen gas and air as compared to oxygen. The
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critical stress intensity of an ordered Fe-Ni-V alloy was found to increase almost 100%
when the environment was changed from oxygen to hydrogen (55). A similar result was
found by Pao et al (92) in ordered NipCr fatigued in air and aqueous NaCl. The critical
stress intensity was found to decrease in NaCl as compared to air.

In all alloys the lowest fatigue crack growth rate was found in oxygen, with
0.5%ZrC having the highest resistance to crack growth of all. Both 0.5 at% Zr alloys had
similar properties but 0.5%ZrC had a critical stress intensity that was 29% higher than
0.5%Zr. This is most likely due to the slightly smaller grain size of 0.5%ZrC which
would result in a higher fracture toughness. It has been shown (37) that small additions
of carbon act as grain refiners in iron aluminides. As can be seen in Figs. 4.1 and 4.2, the
carbon addition did resﬁlt in some grain refinement.

One interesting result of this work was the higher threshold values in vacuum. In
all alloys the threshold stress intensity was found to be the highest in vacuum. This affect
is most probably due to oxide-induced irreversibility of slip. In moisture and oxygen
environments, when the stress cycle is reversed the formation of the Al2O3 layer hinders
the reversal of slip. Thus a small freshly created surface at the crack tip is prevented from
rejoining and the crack advances. This mechanism has been shown to explain the higher
threshold values in vacuum when compared to air for a number of steel alloys (93, 94,
95).

But while the threshold stress intensity was higher in vacuum than in any other
atmosphere, a cross-over of the curves in vacuum and oxygen occurred at crack growth
rates between 7x10-8 to 4x10-8 m/cycle in all alloys studied. This is most likely a result
of insufficient vacuum. It has been shown that a decrease in ductility results from as little
as 1 Pa partial pressure of water vapor (47) and no influence was noted at a vacuum level

of 1.3x10-4 Pa. In this study, the lowest vacuum attained was approximately 1x10-3 Pa.

With a very low moisture content, the crack growth rate could be effected by the




hydrogen embrittlement mechanism attributed to iron aluminides while the threshold may
not due to incomplete AlpO3 layer formation. Further indications that the vacuum level
was insufficient was the similarity between the fracture path in air and vacuum for the Zxr-
containing alloys.

Another interesting result is that the Zr-containing alloys in this study exhibit an
increase in the threshold stress intensity when fatigued in hydrogen as compared to
oxygen. In 0.5%Zr, the threshold increased 9% when the environment was changed from
oxygen to hydrogeh, while in 0.5%ZrC and 1%ZrC AKy increased 12% and 21%,
respectively. It should be noted that the threshold stress intensity in hydrogen was similar
in each Zr-containing alloy with a value of approximately 20 MPaVm. In section 5.4, it is
shown that the rate limiting step in the hydrogen embrittlement during fatigue crack
growth is dislocation-assisted diffusion. In preliminary transmission electron microscopy
(TEM) studies of the Zr-containing alloys, Zr precipitates have been seen along the grain
boundaries where dislocations pile up. Therefore, the precipitates could trap the
hydrogen thereby lowering the hydrogen content on slip planes which could raise the

threshold stress intensity.
5.3 Effect of Zirconium

The only compositional changes in this study were the addition>of Zr and carbon
to the base Fe-28A1-5Cr alloy. All specimens were tested in the same ordered condition,
B2, so there would be no influence associated with different ordered structure. Therefore,
all variations in the fatigue crack growth behavior of these alloys should be considered
with respect to those alloying additions.

Fractographic evidence indicates two mechanisms by which the zirconium

additions affect the crack growth rates in the Fe3Al, Cr alloys. First, all the Zr-containing
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alloys exhibited a fibrous tearing transgranular surface when fatigued in oxygen. This is
typical of ductile materials. Only the ternary alloy exhibited a characteristically brittle
fracture surface in oxygen, which consisted of mixed transgranular and intergranular
failure. The indications from the shift in fracture mode of the Zr-containing alloys when
compared to the ternary alloy is that the addition of zirconium strengthens the grain
boundaries. Previous research (32) has shown that the addition of B and Zr shifted the
fracture path of several iron aluminides from intergranular to transgranular, but it was
believed that the boron addition had caused the grain boundary strengthening. In this
study, the addition of 0.5 at.% Zr resulted in a shift of fracture mode which indicates that
zirconium also strengthens grain boundaries in Fe3Al.

Second was the observation of some intergranular failure in 0.5%Zr and 1%Z:rC
in hydrogen containing environments. These results are interesting as most studies on
iron aluminides have shown no effect on the fracture path in alloys of less than 35% Al.
The results of section 5.4 show that a dislocation-transport mechanism in iron aluminides
is responsible for embrittlement. Such a mechanism would allow for increased hydrogen
contents at the grain boundaries where the dislocations pile-up. Trapping of the hydrogen
by precipitates along the grain boundaries could lead to premature failure, when
compared to the bulk, due to localized embrittlement. The appearance of the
intergranular facets in 0.5%Zr and 1%ZrC in hydrogen bearing environments, as
compared fibrous tearing fracture in an inert environment, indicates that excess hydrogen
is being delivered, or trapped, at the grain boundaries.

An increase in the amount of intergranular facets with increased Zr content was
noticed. This may also be indicative of hydrogen trapping by the zirconium-containing
precipitates. Several studies (96, 97) have noted that increased precipitation of high

binding energy and high saturability traps, with respect to hydrogen, decreases the

resistance to hydrogen embrittlement.




A third explanation for the increased resistance to embrittlement might lie in
affects of zirconium on the oxidation behavior of these alloys. In oxidation studies (98,
99, 100) it has been shown that additionsv of a small amount of reactive elements, such as
Zr, improves the oxidation resistance of the alloys. The amount of reactive elements
needed have been shown to be between 0.1 and 0.2 at% and deterioration of scale
adhesion was noted with additions of over 1 at%. While it has not been shown that this
same effect is operable at room temperature, it is possible that zirconium could influence

the Al203 layer which , in turn, could influence the hydrogen-metal reactions.

5.4 Frequency Effects

Previous research on the fatigue crack growth of iron aluminides has shown that
dislocation-assisted diffusion is the rate limiting process in the hydrogen embrittlement
during fatigue crack growth of iron aluminides (63). This phenomenon has been
observed in a number of materials and is responsible for increased penetration depths of
hydrogen over that of diffusion (68, 101, 102, 103). In this section, the model proposed
by Castagna (63) will be applied to 0.5%ZxC.

In dislocation-assisted diffusion, an atmosphere of hydrogen develops about a
dislocation generated near the crack tip. As the dislocation travels away from the tip, the
hydrogen is dragged with it through the lattice. The penetration depth of hydrogen ahead
of the crack tip is equal to the dislocation velocity times the time available per cycle, that
is V/2f where V is the dislocation velocity and f the test frequency. In the model
proposed by Tien and Richards (68), the predicted maximum dislocation velocity that can
be achieved before the hydrogen atmosphere is stripped away from the dislocation is used

to determine the maximum penetration depth for dislocation assisted transport. Tien and

Richards expressed this maximum penetration, I'max, as:




'max = Vimaxt =% §(-E;"6 % “Eq. 8

where E is the binding energy of hydrogen to the dislocation, and is approximately 0.3¢V,
k is the Boltzman constant, D is the diffusion coefficient, and b is the burgers vector
(taken as 3 A). Table 7 lists the maximum penetration depth due to dislocation transport
calculated from Eq. 8 for 0.5%ZrC for frequencies from 20 to 0.08 Hz. The diffusion
coefficient used was 4x10-12 cm2/sec as reported by Kasul and Heldt (48).

Castagna (63) showed that the corrosion-fatigue interaction term in Eq. 3 contains
a stress intensity and frequency dependence which is:

(%} = A AK™ Eq. 9

In Eq. 9, r is the penetration depth of hydrogen ahead of the crack tip, and A is a constant.
Eq. 9 indicates that there is no émbrittlcment if either the applied stress intensity is zero
or the internal hydrogen concentration is zero and the frequency effect is reflected in the
penetration depth term as the depth will increase over one cycle as the frequency
decreases. If it is assumed that the mechanical component of Eq.3 is independent of
frequency and that the stress corrosion component is zero, the total crack growth rate in
an embrittling environment, (da/dN), can then be expressed as a superposition of the

response in the inert environment, (da/dN);, and the corrosion fatigue term as:
da)_(da) , (da | Eq. 10
()= (sa ); (.dN Lf d

In order to verify the validity of Eq. 9, it can be rearranged as:
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Lo d%%)cf = Log(A) +mLog(AK) +nLog(r)

and a plot of Log(da/dN)¢f vs. Log(rmax) at constant AK should yield a straight line with

a slope of n and an intercept of Log(A) + mLog(AK). In order to create this plot, the

TABLE7
Penetration Depth of Hydrogen Due to Dislocation Transport in 0.5%ZrC

Frequency (Hz) I'max (M)
20 1.29x10-8

2 1.29x10°7

0.2 1.29x106

0.08 3.24x10°6

corrosion-fatigue term must be determined from Eq. 10. This is done assuming that
(da/dN) can be taken as the response in the inert oxygen environment. The crack growth
data for 0.5%ZrC in air have been broken down into the purely mechanical component
and the corrosion-fatigue component, (da/dN)f at the frequencies of 20 to 0.08 Hz and
are shown in Table 8. The plots of Eq. 11 are shown in Fig. 5.1 for AK =27, 29, and 31
MPaVm.

As can be seen in Fig. 5.1, the correlation is excellent, and from the least squares

fit the exponent n in Eq. 9 is 0.74. To find the values of A and m in Eq. 9, the latter is

da
Logl:(dN )Cf
0.74

max

rearranged into:

= Log(A) +mLog(AK) Eq. 12
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TABLE 8

Effect of Frequency on (da/dN)mech and (da/dN) ¢f in 0.5%ZrC

20Hz 2Hz 0.2Hz 0.08Hz
AK =27 MPaVm
(da/dN)mech 9.8x108 3.0x10°7 1.25x10-6 3.05x100
(da/dN)cg 5.0x10-8 2.5x10-7 1.2x10-6 3.0x10°6
AK =29 MPaVm
(da/dN)mech 1.5x10°7 5.6x10-7 2.9x100 6.6x10-6
(da/dN)cs 1.0x10-7 5.0x10-7 2.8x10-6 6.5x10-6
AK =31 MPaVm
(da/dNDmech 3.1x10-7 1.3x10-6 5.9x10°6 1.51x10-3
(da/dN)cf 2.5x10°7 11.25x106 5.8x10-6 1.5x10-5
da/dN in m/cycle
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Fig. 5.1 Log-log plot of (da/dN)& vs. maximum hydrogen penetration depth due
to dislocation transport in 0.5%ZrC fatigued in 21%rH air.
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Plotting Eq. 12 for all values of AK and frequencies (Fig. 5.2) yields a single frequency-
modified curve and from a least squafcs fit the values of A and m are 4.9x10-19 and 11.7,
respectively, and again the correlation is excellent. _

As a final check, a plot of (da/dN)¢f vs. (rmax) 074 should result in a straight line
for each applied stress intensity. Fig. 5.3 shows the result of this plot. Once again the
correlation is excellent and shows that in fatigued 0.5%ZrC hydrogen moves into the
lattice ahead of the crack tip by a dislocation-assisted transport mechanism.

It should be noted that even though the degree of embrittlement increased
dramatically with decreased frequency the exponent, n, was unchanged. This indicates
that the embrittiement does little to change the mobility, ease of generation , or hydrogen
carrying capacity of the dislocations in 0.5%ZrC. Due to this any hydrogen-metal
interaction which involves a change in dislocation mobility, such as hydrogen enhanced
plasticity or inhibited dislocation motion in the presence of hydrogen, can be ruled out.

To gain a better understanding of the physical meanings of the values obtained
with this ﬁlodel, a comparison should be made between the exponents and constants
obtained for 0.5%ZrC with the ones found by Castagna (63) in his study on a similar
Fe3Al alloy, FA-129. The physical meaning of the exponent, n, in Eq. 9 has been
described as either related to the quantity of hydrogen dislocations can carry into the
plastic zone and the concentration of hydrogen required to enhance crack growth, or
related to the distribution of penetration depths of the hydrogen-bearing dislocations (63).
Table 9 lists the values found for the two alloys. 0.5%ZrC is found to have higher
exponents and a lower constant. As shown in section 5.5, 0.5%ZrC also has a higher

fatigue crack growth resistance than does FA-129.
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Fig. 5.2 Log-log plot of ratio of (da/dN)¢f to hydrogen penetration depth vs.

applied stress intensity in 0.5%ZrC fatigued in 21%rH air.
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TABLE 9
Comparison of Values for 0.5%ZrC and FA-129

Values 0.5%7ZxC FA-129
n 0.74 0.52
m 11.7 10.3
A 4.9x10-19  3.8x10-18

8 AK=27, y = 0.036x R®= 0.990
—© - AK=29,y = 0.075x R°= 0.995
— * - AK=31,y = 0.17x R®= 0.999
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Fig. 5.3 (da/dN)cf vs. hydrogen depth raised to the 0.74 power in 0.5%ZrC fatigued

in 21%rH air.




Based on the comparison between the work of Castagna and the work reported in
this study, the physical meaning of the exponent, n, is probably related to the distribution
of penetration depths of the hydrogen-bearing dislocations. It appears that the exponent
relates the maximum theoretical penetration depth to the average actual penetration depth.
The difference in penetration depths arises from the fact that before the hydrogen-bearing
dislocation can reach a depth of rpx the hydrogen atoms can be stripped away at a trap,
or the dislocation may be pinned. The exponent, and the crack growth resistance, for
0.5%ZrC was found to be greater than FA-129 which can be justified if the actual
penetration depth of the hydrogen-bearing dislocations in 0.5%ZrC is lower than that of
FA-129. The fractography and the TEM analysis indicate that the addition of zirconium
results in precipitates which tend to form along the grain boundaries and appear to act as
traps. These observations support the possibility for lower actual penetration depth of
hydrogen-bearing dislocations in zirconium-containing alloys. No such evidence was
found in FA-129.

The transport of hydrogen ahead of the crack tip by dislocation motion depends
on the assumption that crack growth is continuous and does not occur in a step-wise
mode. No indications of discontinuous crack growth were observed in this study, so the
assumption of continuous crack growth is justified. As will be mentioned in the future
work section of chapter 6, continuous crack growth should be confirmed for the alloys

examined in this study.

5.5 Comparison to FCG Resistance in Other Alloys

The iron aluminide alloys in this study all displayed high threshold stress
intensities or good resistance to initiation of fatigue cracks. However, the crack growth

rates quickly increased and the slopes of the da/dN vs. AK curves were generally higher
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than those of other structural iron-based alloys. Normalized fatigue crack growth curves
for a couple of other Fe3Al alloys along with a couple of typical iron alloys are plotted
together with the data from this study in Fig. 5.4. With the exception of the ferritic steel,
the R ratios and frequency are the same as those used in this study (R = 0.5, frequency =
20Hz).

The normalized threshold stress intensity measured in the ternary alloy is similar
to B2 ordered FA-129 and much higher than that of FAP-Y, low alloy ferritic steel, and 9
1/4Cr-1Mo, while the normalized threshold stress intensity of 0.5%ZrC falls between FA -
129, the ternary alloy and FAP-Y. At higher stress intensities, the ternary alloys
performance dropped with only FAP-Y performing worse. While the curve for 0.5%ZrC
had a lower normalized threshold stress intensity than the ternary alloy the curves
crossed-over at a da/dN value of 1x10-7, with 0.5%ZrC having a lower crack growth rate.
0.5%ZrC also performed better than the other Fe3Al alloys and displayed behavior

similar to the ferritic steel.
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Fig. 54

Comparison of fatigue crack growth in the ternary and 0.5%7ZrC with
other Fe3Al and iron-based structural alloys.
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6 CONCLUSIONS

The major conclusions of this work are:

1. The susceptibility to moisture-induced hydrogen embrittlement in Fe3 AL Cr alloys
is reduced by the addition of zirconium. This reduction in embrittlement is |
evidenced by the increased ductility and lowered crack growth rates displayed by

0.5%ZxC.

2. The beneficial effects of zirconium on the ductility and fatigue crack growth
resistance of Fe3AlLCr alloys are limited to below 1 at.%. Zr. Evidence of this is
seen by increased tensile ductility in air in the 0.5 at.% Zr alloys as compared to
the 1 at.% Zr alloy, as well as, increased fatigue crack gréwth resistance in the 0.5

at.% alloys over that exhibited by the 1 at.% Zr alloy.

3. No critical level of humidity was found above which fatigue crack growth
resistance was not influenced. But, fatigue crack growth resistance was seen to

decrease with increased moisture content.

4. The possible mechanisms for increased resistance to moisture-induced hydrogen
embrittlement due to the addition of zirconium are; a) increased grain boundary
strength, b) trapping of hydrogen by zirconium rich precipitates, and c) effects on

the oxidation behavior.
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5. The zirconium to carbon ratio greatly influences the ductility, as proposed by
Sikka (106), and fatigue crack growth behavior in iron aluminides. This was seen
in increased tensile ductility in the 0.5%Zr-0.05%C alloy as compared to the
1%Zx-0.05%C alloy, and lowered fatigue crack growth rates in the 0.5%Zz-
0.05%C alloy while the 1%Zr-0.05%C alloy exhibited behavior  similar to the

base alloy.

6. Dislocation-assisted transport is responsible for the motion of hydrogen atoms
through the lattice of 0.5%ZrC, and this process is the rate limiting step in the

hydrogen embrittlement that occurs during fatigue crack growth.

7. 0.5%ZrC exhibits the highest fatigue crack growth resistance in both inert and
embrittling environments compared to the ternary alloy, 0.5%Zr, 1%ZrC and

to all other Fe3Al alloys previously tested in the laboratory.

Suggested Future Work

+ Determine the optimum zirconium level and zirconium to carbon ratio for high
ductility and crack growth resistance.

+ Determination of the exact mechanisms by which zirconium increases the
susceptibility to embrittlement in Fe3Al, Cr alloys.

« Examine the effect of long range order on the FCG resistance of Zr-containing alloys.

» Confirm that crack growth occurs continuously.
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