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I. Introduction*

The objective of the Fossil Energy Advanced Research and Technology Development
(AR&TD) Materials Program is to conduct research and development on materials for longer-
term fossil energy applications as well as for generic needs of various fossil fuel technologies.
These needs have prompted research aimed toward a better understanding of material behavior in
fossil energy environments and the development of new materials capable of substantial
enhancement of plant operations, reliability, and efficiency.

The research program of the Materials Response Group at Virginia Tech addresses the
need for reliable and durable structural ceramic composites to perform in high temperature
environments. The research effort provides an experimental and analytical basis for the
transition from properties of materials to performance of actual component structures. The
program moves beyond limited characterization of small coupon samples to a more complete
characterization of engineering components such as ceramic composite heat exchanger tubes
subjected to static and cyclic multi-axial loading and elevated temperatures over various time
periods. Characterization of the mechanical performance of ceramic composites includes both
experimental observations and measurements of behavior and predictions of the remaining
strength and life under realistic service conditions.

Phases I and II of the present program focused on the development of test capabilities,
initial studies of component mechanical response under various conditions, and the development
of a life prediction methodology. These efforts have been described in previous reports. This
report summarizes the major tasks completed under Phases ITI and IV of the project. Overall, we
have made significant progress in a broad spectrum of tasks in this program. Our efforts have
encompassed component evaluation, assessment of new SiC-based composites with improved
high-temperature potential, development of oxide coating materials for SiC, and the extension
and development of new models for predicting the durability of composite components under
specific operating conditions for various CMC applications. Each of these areas of work is an
important area for achieving the ultimate goal of usable SiC-based composites in high-
temperature corrosive environments typical of fossil energy applications. A brief synopsis of our
accomplishments in Phases IlI and IV is given below, with more detail provided in the
subsequent sections of this report.

Section II.1 describes work on the mechanical evaluation of composite tubes fabricated at
Oak Ridge National Laboratory, with an emphasis on assessing the variations in mechanical

properties within individual tubes and the dependence of those properties on the processing
and/or microstructure. Significant variations in elastic modulus exist within individual tubes that
can be associated with density/porosity variations. A key performance measure, the onset stress
for non-linear mechanical response, shows similar magnitude of variations from point to point
but is not directly correlated with the elastic modulus. The typical onset stresses are rather low,
and model calculations suggest that the initial cracking events are confined to the regions outside
of the longitudinal fiber tows. Subsequent stress-strain behavior also varies from point to point,
although all regions reach a fiber-dominated response prior to component failure. The measured
failure stress is well-predicted by a theory that incorporates the size-effect in composite failure.

*Research sponsored by the U.S. Department of Energy, Fossil Energy Advanced Research and
Technology Development Materials Program, DOE/FE AA 15 10 10 0, Work Breakdown
Structure Element VPI-1



Section II.2 describes work to assess the mechanical properties of CVI-SiC reinforced
with Hi-Nicalon fibers and having a fiber/matrix coating consisting of multiple layers of SiC and
pyrolitic Carbon in various combinations. The Hi-Nicalon-based materials exhibit higher non-
linear stress and higher failure strengths than comparable Nicalon materials due to greater fiber
strength retention during processing. The variants in interface structure have little effect on the
overall mechanical properties, however, and microscopic evaluation shows that debonding
occurs predominantly at the fiber/first-coating interface. Analysis of the hysteretic deformation
behavior allows for the derivation of the interface sliding stress of about 80 MPa and an interface
toughness of about 2 J/m? both of which are comparable to values obtained for Nicalon
materials with Pyrolitic Carbon interfaces. Post-fracture study of fiber fracture mirrors and fiber
pullout leads to estimates for the in-situ fiber strength and the interfacial sliding resistance. The
latter is estimated as 50-75 MPa, in good agreement with the value obtained independently via
the hysteresis analysis.

Section II.3 presents progress on the development of oxide coatings for SiC/SiC
composites to provide improved elevated temperature oxidation resistance to these systems. The
coating material is Calcium Magnesium Zirconium Phosphate (CMZP), an oxide material
compatible with SiC at elevated temperatures and previously used for exterior component
coatings in other applications. We have developed two processing methods, sol-gel and metal-
organic decomposition, for depositing thin uniform crack-free coatings on Nicalon fibers.
Mechanical evaluation and microscopy of fiber tows first coated with CMZP and then infiltrated
with SiC by CVI indicate that the CMZP coating can provide the weak interface necessary for
fiber/matrix debonding at room temperature. However, behavior of the tows was highly variable
and the necessity of various protective pyrolitic Carbon coatings around the CMZP clouds the
issue of the true efficacy of the CMZP alone. Although the results to date show some potential
for CMZP, additional work to assess the pure SiC/CMZP interface fracture behavior should be
completed prior to any further development of this coating system.

Section III discusses our efforts in Phase IV on the modeling of durability and lifetime of
ceramic composites and components under conditions of creep and degradation of the constituent
matrix and fibers. A Topical Report has previously been issued on a major portion of this effort,
which will not be reproduced here.! Here, we report on progress in developing and using the
MRLife performance simulation code to predict degradation in CMCs in programs with
industrial users.



II. Phase IIT Accomplishments

II.1 Mechanical Evaluation of Composite Tubes
II.1.a Background

Two of the major fossil energy applications for ceramic matrix composites are heat
exchangers and hot-gas filters.? Both of these are tubular components with specific mechanical
and thermal performance requirements. The goal of the present effort is to assess the mechanical
properties of dense SiC/SiC tube components (prototype heat exchangers) so as to guide the
development of advanced processing techniques used to fabricate such CMC components. Here,
we focus on measurements and interpretation of the elastic modulus, onset of non-linear
deformation by microcracking, and tensile failure, and the variations of these properties within a
single large component.

The CMC tubes studied here are composed of Nicalon fibers reinforced by a SiC matrix
deposited by a forced CVI technique. The fiber preform is created by rolling 2d plain-weave
mats woven from fiber tows. One set of fiber tows are aligned along the tube axis ("0° tows")
and the other tows are perpendicular ("90° tows") and wind around the circumference. A thin
carbon coating is deposited on the fibrous preform prior to CVI infiltration to provide the weak
interface required for good composite behavior at low temperatures. The final components are 8
inches in length, with a 1" i.d.'and 1.25" o.d.. The total fiber volume fraction is 32% while the
porosity is between 10% and 25% (see below) and is predominantly in the form of interlaminar
pores between the 0° and 90° tows, as shown in Figure 2.1.1.

Figure 2.1.1 Typical cross-section of a Nicalon/CVI-SiC tube component



IL1.b Experimental results

Tensile testing along the axial direction of the tubes is performed using either an Instron
or MTS servohydraulic testing device. Gripping, and prevention of grip failure, by the use of
tapered end plugs has been discussed previously. Because of the varying porosity observed
qualitatively along the tube length, and the large size of the component, we have investigated the
axial Young's modulus at a number of locations along and around each tube tested. Strain gauge
pairs are equally spaced along the 6" gauge section of each specimen, and pairs at 90° rotation
are also used to assess the angular modulus variation at some points. The modulus
measurements are carried out using strains of less than 10 to avoid non-linearities associated
with microcracking, and 3 load cycles are run to ensure elastic reversibility and repeatability of
the measured strains versus stress. The results for elastic moduli on four different tubes (each
with a varying number of strain gauges) are shown in Figure 2.1.2. The axial modulus exhibits
rather large point-to-point variations along each tube and each tube shows distinct behavior.,
Three of the four tubes exhibit a modulus that is either high or low at one end by as much as
50%. The fourth tube (OR3-C1) has a low modulus at the tube center, however. The modulus
differences at fixed position, but for angular locations differing by 90°, show smaller variations
and so indicate angular homogeneity.
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Figure 2.1.2 Axial Young's modulus versus tube position for four different tubes

The observed modulus variations are generally attributable to variations in the
densification along the tube length, possibly caused by thermal gradients along the tube during
processing. A correlation of modulus and density has been made by Becher et al. on similar



forced-CVI materials, shown in Figure 2.1.3.> The variations in modulus shown in Figure 2.1.2

correspond, using the results of Figure 2.1.3., to porosity variations of between 10% and 25%
along the tube length.
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Figure 2.1.3 Nicalon/CVI-SiC composite modulus versus density (from Ref. #)

Two tubes have been tested beyond the linear range. The stress-strain curves for six pairs
of strain gauges (two pairs at each of three locations) are shown in Figure 2.1.4 for the one
sample that failed in the gauge section at 139 MPa. It is evident that the entire stress-strain
response of the material is influenced by the local property variations. Table 2.1.1 shows the
measured elastic modulus, the proportional limit stress and strains, strain at failure, and tangent
modulus at failure, for each of the six sets of strain ganges. The lower moduli regions exhibit
only a very slight tendency toward lower proportional limit stresses. In all cases, the
proportional limit stress is rather lower than the value of about 90 MPa typically quoted for
Nicalon/CVI-SiC coupon materials. The softest region with the lowest proportional limit also
exhibited the largest strains throughout the loading history. At failure, the local strains vary by
up to 25% from point to point. Near failure the tangent moduli are fairly constant with strain but
again vary by 25% at 29+4.8 GPa. However, there is no correlation between the initial modulus
and the final tangent modulus. This overall behavior suggests that the initial response is
controlled by the matrix modulus and matrix flaws whereas, after extensive cracking and non-
linear response, the tangent modulus is controlled by the 0° fibers and not by the matrix,
porosity, or transverse 90° fibers. Under conditions of completely "saturated" matrix cracking at



higher loads, the tangent modulus is expected to be 0.5VE;= 29.6 GPa and then, just prior to
failure, may decrease toward zero due to fiber damage.
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Figure 2.1.4 Stress-strain curves at various locations along a Nicalon/CVI-SiC tube

Site E (GP2) | o, (MP2) | &y (%) &fail (%) | Etain (GP2)
1-front 205.5 62.7 0.030 0.219 234
-back 214.4 34.5 0.015 0.209 28.3
2-front 164.8 21.4 0.014 0.244 26.9
-back 158.6 43.4 0.029 0.215 29.6
3-front 188.2 47.6 0.026 0.228 25.5
-back 196.4 27.6 0.015 0.187 33.8

Table 2.1.1 Elastic modulus, proportional limit stress, failure stress and strain, and final tangent
modulus for various locations along a single tube.



I1.1.c Onset of matrix cracking

The proportional limit exhibited by all regions of the tubes tested is fairly low. Since
matrix cracking permits the ingress of oxygen directly to exposed fiber interfaces, the
proportional limit should be as high as possible. As noted above, the values found here for the
tube component are perhaps 1/2 of the values typically quoted for similar coupon materials.
Thus, it is worthwhile to attempt to determine what mode of cracking can occur at stresses
around 35 MPa in these materials, and how such cracking is expected to depend on elastic
modulus and therefore porosity.

We first consider matrix cracking in both 90°and 0° fiber tows across the sample. Due to
bridging of the crack by the fibers in the 0° tows, large cracks are inhibited from propagating in
general. Aveston, Cooper, and Kelly showed that there is a minimum stress below which matrix
cracks in a unidirectional composite are unable to grow.* This "matrix cracking stress” Gme
establishes a first estimate of the proportional limit, and is given by

g
. { (- NE

E

2 2 1/3
6Lf EfEcr} gk 211
where f = 0.5V; is the fiber volume fraction in the loading direction, Eg, E., and Ey, are the
Young's moduli of the fiber, composite and matrix, respectively, r is the fiber radius, I" is the
matrix fracture energy, v is the fiber/matrix interfacial sliding resistance after debonding, and q is
the residual tensile stress in the matrix. To utilize the above result in the porous-matrix
composite with 90° fibers, the quantities E, and I' must be considered properties of an effective
homogeneous matrix. We can estimate E, from the known E; and the measured value of E;
using the rule-of-mixtures result

E =fE,+(1-f)E, . (2.12)

The effective matrix fracture energy is the true matrix fracture energy reduced by (i) the porosity
in the matrix, which is related to the true porosity Vy, as Vp/(1-f), and (ii) the surface area of the

90° fibers, which are assumed to be weakly bonded to the matrix because of the Carbon
interface. Hence,

Vot ) 2.1.3)

r =rs:‘c[1— 1-f
where I'sic is the fracture energy of the CVI SiC. Predictions for oy, versus E; can then be made
using Figure 2.1.3 to obtain V. versus E and the values E=207 GPa, ['s;c=10 J/m? (10'8 GPa-m),
and an estimated =25 MPa. The result is 0uc=90 MPa, very nearly independent of matrix
porosity or E.. Residual thermal stresses are expected to be small in this system and will not
lower the predicted proportional limit much. Reducing the value of T by even a factor of 2
changes the above result to about 70 MPa. Including a finite interface debond toughness will
increase the predicted proportional limit, leading to worse agreement with our experimental



results. Although the predicted stress is fairly independent of the composite modulus, as
observed, the magnitude is simply much too large and does not adequately account for the data.
As an alternative to full matrix cracking, we also consider cracking around the entire 0°
fiber tows, with no slip at the tow-matrix interface. This deformation mechanism corresponds to
cracking that could occur at lower stresses, since it does not involve the axial fibers in bridging
the crack. This mechanism is also then very similar to the "tunnel cracking" observed to occur in
the 90° layers in 0/90 cross-ply CMCs. The onset stress can be obtained by considering the no-
slip limit for matrix cracking and applying the formalism to the matrix/tow rather than to the
matrix/fiber entity.> The onset of extensive cracking in the matrix then occurs at a stress

172
O.mc =|:FfTETEcp:| (2.1'4)
E.a

where a is the tow diameter, fr is the 0° tow volume fraction, Et the tow modulus, and E,, and I"
the properties of the effective matrix material outside of the longitudinal tows. p is a calculated

parameter in the theory. Assuming the tows to be 60% fiber (see Figure 2.1.1) and fully
densified with 40% SiC matrix of modulus 390 GPa, we have

E, =0.6F  +0.4E, (2.1.5)
and f1=£/0.6. The remaining "matrix" material has a modulus E, obtained from
Ec =fTET+(1_fT)Em (2'1’6)

and the effective I is

5z ) 2.1.7)

I'=Tg.|1-

The predictions of this model give Gy,.~47 MPa nearly indepednent of E., where again Fig. 2.1.3
is used to obtain matrix porosity and with the parameter p ranging from 1.7-2.2 and a=220pm
(see Figure 2.1.1). This value is rather lower than that predicted for full matrix cracking, and is
only slightly larger than the average value of 40 MPa of the data shown in Table 2.1.1 for the
SiC/SiC tube components.

The reasonable agreement between the data and the above model suggests that the initial
cracking events are external to the longitudinal fiber tows. This cracking is thus similar to that in
a monolithic, being controlled by the intrinsic flaw sizes and porosity in the transverse regions of
the material. The longitudinal fiber tows "bridge" such cracks without any slip and this does
lead to some minimum cracking stress for the growth of large (fully extended) cracks. However,
damage/cracking at a smaller length scale, such as between the longitudinal tows, is not greatly
influenced by these longitudinal tows and is controlled by the matrix flaws. Thus, the varying
porosity in the body, reflected by the varying modulus, creates a broad spectrum of initial flaws
which can grow to some extent at lower stresses, and these flaws probably account for the wide
variability in proportional limits observed along the tube length. To increase the proportional



limit substantially should then require systematic elimination of the larger pore structures in the
transverse regions.

I1.1.d Ultimate tensile strength

The tensile strength of the one tube failing in the gauge section was measured to be 139
MPa. Typical coupon specimens of the same material have strengths closer to 210 MPa. Here
we address one possible source of the difference in strength: pure volume scaling of tensile
strength expected in composites with high interfacial sliding resistance.

The now-standard model of composite tensile strength assumes that broken fibers in the
composite transfer load equally to all other fibers in the composite cross-section ("Global Load
Sharing").6 While clearly an approximation, the resulting model has been successful in
predicting strengths for many CMCs with low fiber/matrix interfacial sliding resistance. The
tensile strength depends on several micromechanical factors: the in-situ fiber strength at a critical
gauage length, o.; the fiber Weibull modulus m; and the fiber volume fraction in the loading
direction, f. The prediction is®

Oys = fac(mﬂ)(——z——)m . (2.1.8)

m+2 / \m+2

For Nicalon fibers in a CVI SiC matrix with pyrolitic Carbon interfaces, the in-situ strengths
have been assessed by fracture mirrors in work by Evans et al.” and Singh and Singh.® Their
results indicate that 6.=1.52-1.76 GPa with m~4. For tubes with £=0.16, the predicted strength
in this model is thus

Cus=165-195 MPa . (2.1.9)

This prediction is in moderate agreement with the measured value but is still 20-40% too large.
Recently, Ibnabdeljalil and Curtin (IC) have presented a new model for tensile strength
which goes beyond the Global Load Sharing model.® In this model, the tensile strength shows a
small but distinct size effect, with larger composites being weaker than smaller composites. The
Global Load Sharing prediction is independent of size and is appropriate only for very small
composites. In the new model, the strength depends on f and o, in the same manner as in Eq.
2.1.8, but the m-dependent factor depends on composite size. The tube components tested here
are very large (a factor of 20 larger than a typical coupon) and so the size effect can be
appreciable. IC present a calculation of the tensile strength for the present tubes which is

Ous=135-160 MPa . (2.1.10)

This result is in much better agreement with the measured strength. The present agreement is
based on only one experimental data point, however, and so the issue of an accurate
understanding of tensile strength in these materials is still not complete. Additional work on tube
components will help firm up the result obtained here.

The important result suggested by the above calculations for strength is that the strength
may depend on composite size or volume. Therefore, scaling up from coupons to components
can lead to a distinct and unavoidable decrease in the component tensile strength. This decrease
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cannot be "engineered" out by improving material processing and/or densification. Only the
absolute strengths of both coupons and components could be improved by protecting the fibers
from degradation during processing. Modified fiber/matrix interfaces to obtain lower interface
sliding would lessen the size dependence on strength and approach the Global Load Sharing
result, but at the expense of an absolute lower tensile strength for both coupons and components.
For the established SiC/SiC materials, the existence of the size-dependent strength has important
consequences for tube component design/use stresses and safety factors.

IL.2 Assessment of New SiC/SiC Composites

I1.2.a Purpose

Here we report on a broad spectrum of experimental measurements and characterization
performed on new (Hi-)Nicalon/CVI-SiC composites with multilayer SiC/C interfaces produced
and supplied by HyperTherm Inc. The purposes of this effort are several. First, we want to
determine the mechanical properties of these new materials, which contain Hi-Nicalon fibers that
should retain strength much better than CG-Nicalon fibers. Second, we want to carefully
characterize the interface sliding and interface toughness in these systems, to correlate these
properties with the multilayer coating structure, and to assess the efficacy of these coatings as
compared to the standard pyrolitic Carbon coatings used in other SiC/SiC materials. Third, we
want to perform Optical and SEM microscopy to examine the crack path selection at the
interface and the crack density in these materials. Fourth, we want to apply existing theories of
composite strength and pullout, validated on a wide variety of other CMC systems, to predict the
tensile strengths and interfacial sliding in these materials. The latter effort also serves to
demonstrate how a complete set of measurements of a variety of composite physical and
mechanical responses must all be related through the underlying micromechanical features of the
constituent fibers, matrix, and interfaces. This approach should be utilized as a standard analysis
for ceramic composite system evaluation and optimization.

I1.2.b Samples tested

The materials consisted of Hi-Nicalon fibers in a CVI-SiC matrix with a variety of
multilayer coatings. Here, both the individual SiC layer thicknesses and the number of such
layers were varied. The layer thicknesses were characterized as "Thin", Medium" and "Thick",
and the number of layers ranged from 2 to 8. Based on electron micrographs, the thin SiC layers
are approximately 0.06-0.10 p in thickness, the medium layers are 0.10 —0.12 p, and the thick
layers are 0.15 p. The carbon layers ranged from 0.01-0.03 p. Two samples of each type were
supplied, and each sample is designated by the number of layers, the thickness, and the sample
number (e.g. ZM-2 is the 2-layer, Medium thickness, 2nd sample).

The samples were all tabbed with 0.020" fully-annealed 1100 series aluminum with a
standard epoxy. There were no problems with sample slippage, although most of the failures
occurred near the tab ends or inside the tabs. "Gauge failure" occurred in specimens 2T-1, 4T-2,
4M-2, 4K-2, 8K-1, but these specimens were not particularly stronger or stiffer than those that
failed at the tab ends. The Thick (K)-layer specimens were all misaligned upon receipt. The 2K
and 4K exhibited about 1/3 - 1/2 of a tow width in misalignment over the length of the specimen
while the 8K specimen had almost 1 full tow width over the length of the specimen. This may
have contributed to some of the poor mechanical results obtained on these materials.
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The test program for all materials was identical and consisted of a loading rate of 22.7
kg/s with unloading and reloading hysteresis loops obtained at 69 MPa, and every 34.5 MPa
thereafter until failure occurred. Testing was performed in a continuous cycle and lasted
typically five to ten minutes. Acoustic emission was measured with a Physical Acoustics
Spartan AE system and a PICO transducer. One edge of the specimens was polished using 1p

diamond paste to facilitate microscopic examination. The tests were run at ambient temperature
(20°C - 23°C).

IL.2.c Macroscopic mechanical property trends

The stress-strain curves for the materials generally exhibit an initial linear response, a
non-linear response due to matrix cracking, and a final failure after extensive non-linear
deformation, all of which are characteristic of "tough" CMCs. The stress-strain response of one
2M sample is shown in Figure 2.2.1. However, because of the Hi-Nicalon fibers used here, the
elastic modulus, onset of non-linear behavior, strength, and failure strain are all greater than for

standard CG-Nicalon fibers with pyrolitic Carbon coatings. Specific details are discussed in
depth below.
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Figure 2.2.1: Stress-strain curve for 2M; acoustic emission events superimposed.

The elastic moduli are nearly constant over all samples, as shown in Table 2.2.1. This is
expected for well-controlled fiber volume fraction and matrix porosity, and is independent of
interface type. The onset of matrix cracking is determined using an 0.005% offset stress and the
measured elastic modulus. The values are typically around 90-105 MPa for all samples, with no
strong dependence on interface type, as shown in Table 2.2.1. The 2M samples show slightly
higher values then most other samples. The hysteresis loop widths are essentially zero for all
speciments at and below 105 MPa indicating no sliding behavior in this range. This suggests
that the longitudinal fiber tows are not cracked/debonded until stresses larger than 105 MPa.
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Elastic Modulus (GPa) 0.005% Offset stress (IVPa)
Interface Type | Specimen #1 | Specimen#2 | Specimen#1 | Specimen #2
2T 261.5 328.5 95.5 88.0
4T 309.2 3143 100.8 104.4
&T 299.3 308.6 80.2 89.3
2M 293.1 287.4 110.9 116.4
4M 265.7 292.8 93.0 96.8
&M 241.7 315.0 127.7 106.3
2K 294.6 284.1 116.7 101.9
4K 282.7 302.8 104.0 99.9
8K 318.5 325.0 99.1 109.7

Damage below 105 MPa is presumably confined to cracking in the transverse tows and matrix-
rich regions of the composite.

Table 2.2.1: Elastic modulus and 0.005% offset stress for multilayer materials

The ultimate tensile strengths and failure strains are shown in Table 2.2.2. There is very
little difference among almost all specimens, except for the 2M material. There is a slight trend
toward decreasing strength with increasing thickness (2M excepted), but the strengths for the 8K
specimens could be low due to the misalignment noted above. The stronger 2M specimen
actually survived 345 MPa and failed on reloading. This suggests that there can be a slight
fatigue effect induced during measurement of the hysteresis loops. The failure strains are rather
larger than CG-Nicalon materials. This implies a particularly good retention of fiber strength
after processing, since the Hi-Nicalon fibers are stiffer than the CG Nicalon by a factor of 50%;
this alone would suggest a lower failure strain if all other properties between CG and Hi Nicalon
were identical.

Tensile Strength (MPa) Failure Strain (%)
Interface Type | Specimen#1 | Specimen#2 | Specimen #1 [ Specimen #2
2T 284.8 260.8 | 0.59 0.49
4T 269.7 253.5 1044 0.42
8T 262.8 279.7 | 0.50 0.60
2M 288.2 344.7 1 0.70 0.78
4M 238.3 252.1 (0.53 0.60
8M 238.5 267.5 | 0.65 0.66
2K 2572 265.4 1 0.71 0.68
4K 228.1 238.0 | 0.62 0.61
8K 230.0 225.510.54 0.50

Table 2.2.2: Strength and failure strain of multilayer materials
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We have also studied the acoustic emission from these materials during loading and
unloading/reloading. There is essentially no acoustic emission during the fatigue cycles,
indicating the absence of additional matrix damage during the fatigue. The level of acoustic
emission activity during loading shows a clear peak in number of events versus stress around
140-175 MPa in all of the materials (see Figure 2.2.1), with some minor variations. The typical
numbers of events are nearly independent of the number or thickness of the interface coatings, as
evidenced by the data in Figure 2.2.2. The data suggests that there is slightly more activity for 2
layer specimens and thin layer specimens, with the thick layer specimens generally having the
lowest numbers of hits. Consistent with the stress-strain behavior, the peak in acoustic emission
events tends to coincide with the regime of strong non-linearity in the stress-strain curves
between 140 and 175 MPa, as shown in Figure 2.2.1. Acoustic emission declines substantially
above 210 MPa. We have examined the acoustic emission data for trends in amplitude, rise
time, duration, and energy versus applied load but have found no strong correlations. Thus, we
are not able to determine if any of the acoustic emission stems from fiber damage, or interface
cracking. The cessation of acoustic activity above about 210 MPa indicates that the activity we
are detecting is due solely to matrix cracking events.
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Figure 2.2.2: Acoustic Emission Hits vs. Stress for Medium Layer Specimens

We next consider the hysteretic behavior at various load levels. The initial unloading
modulus versus peak load, shown in Figure 2.2.3, shows essentially no correlations here among
either different thickness or different numbers of layers. This important observation indicates
that the matrix crack densities are essentially identical in all materials, as discussed further
below.
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The hysteresis loops stem from irreversible sliding, and are dominated by the sliding
resistance t, crack spacing d, and interface debond energy I';. Smaller loop widths correspond to

higher t and larger d. Figure 2.2.4 shows the hysteresis loop widths versus peak applied load.
For fixed number of layers, there is a clear correlation: Thin layer samples definitely have lower
loop widths than Medium, which are lower than those of the Thick. Since the number of layers
is fixed, the amount of carbon is the same and so the thermal stresses should be the about the
same in all materials. For fixed layer thickness, there is still some correlation here, with a
smaller number of layers having a smaller loop width. The correlation is weaker than for fixed
number of layers, however. A more complete analysis of the hysteresis data to derive specific

values for T and I'; will be discussed in Section I1.2.e below.

IL.2.d Microscopy evaluation of the efficacy of multi-layers

We have performed both Optical and SEM microscopy to observe the crack behavior in
these multilayer systems, and to attempt to correlate the physical cracking with the measured
mechanical properties. Both surface and interior regions of selected composites were
investigated by examination of polished cross-sections parallel to the loading direction (referred
to as the 0° direction).

Optical microscopy under polarized light was generally successful for observing the large
scale cracking of matrix rich regions, transverse infiltrated fiber tows, and the impingment of
cracks into the longitudinal 0° infiltrated fiber tows. All samples exhibited transverse cracking
along the entire gauge section. Micrographs of the cracking are not shown here since the
literature is replete with such pictures. It is important to note that the density of transverse cracks
appeared comparable in all the materials, with typical crack spacings of d=150um.

Of great importance to the stress-strain behavior, strength, and failure strain, is the
cracking that occurs within the 0° infiltrated fiber tows. In many cross-ply and woven CMCs,
the following situation is observed. At low applied stresses, cracks initiate in the transverse tows
and propagate into the 0° tows. This cracking saturates at higher loads, and the crack spacing of
these large through-cracks is governed by matrix toughness and by the thickness of the
transverse tows/matrix-rich regions. Under increasing load, matrix cracking within the 0°
infiltrated fiber tows continues and the density of cracks in these regions can be much higher. It
i1s generally this finer-scale cracking that controls the major non-linear behavior of the
composite, and determines the hysteretic behavior since frictional sliding occurs at the interfaces
of the 0° fibers.

To search for additional cracking in the 0° infiltrated fiber tow regions, we have
performed SEM studies, using both secondary and backscattered electron imaging to obtain
optimal contrast between cracks and material. The microscopy is difficult because of the
topography of the woven fiber surface even after careful polishing. Some typical micrographs
showing cracks in the 0° regions are shown in Figure 2.2.5. Generally, we are unable to observe
cracks that are entirely confined to the 0° tows; most of the cracks observed in the longitudinal
tows are connected to larger cracks. Occasionally, however, a fine crack is visible which is only
30 pm or so from a through-crack. The microscopy is thus, at present, inconclusive as to the
presence of finer-scale cracks. We will argue below that such fine-scale cracks must exist, and
we are preparing microscopy samples to investigate the cracking again.
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00600

Figure 2.2.5 Cracks in the longitudinal fiber tows of sample 2M-2; occasional close crack
spacings (30-50 um) are observed.

The images in Figure 2.2.6 also show the efficacy of the multilayer fiber coatings. In the
backscattered images, the thin Carbon interlayers appear as faint dark lines and are clearly
visible along the surfaces of many fibers. The cracks impinging on the fibers in the 0° tows
almost always penetrate through the coatings and terminate at the fiber/inner coating interface.
We have not observed any cracks terminating at the outer layers. These observations are
consistent with separate theoretical predictions which indicate that there should be no preferred
layers for debonding, and that both roughness and thermal residual stress effects favor debonding
at the fiber surface.

17



Pros
A

s A

AL N
?zm w‘;iw.rm

K

o iyt ey

itudinal
Iuding a
f

ating interface suggestive o
18

mc

atings at a long

ilayer co
ck which passess through the fibers tows

g the mult

k approachin

1 on a crac
Ta

ming

hows another ¢

image s

2.2.6 Zoo
between two fibers and a very dark line at the fiber/co

Figure
The final
in

.

Jjog
debonding at that interface.

fiber.



the

ing on
When the crack approaches nearly

behavior depend
tends to decrease the role of

varying

ening

ibit
such op

.
>

22.7.
ed

igure

is req

in F
ar,

the transverse fibers €

, as shown
rather than she

.

ening,

.

1mpmging on

-

Impmgement

Cracks
perpendicular to the interfaces, it penetrates to the fiber surface and then debonds. When the

crack approaches more obliquely, it can debond at one or more of the multilayer interfaces.
Thus, the C layers are "weak" layers which can act to deflect cracks but it appears that some

component of op

angle of
roughness also.

B

A
L ST

¥,

ol 2T

- Ay G
& >

ious debonding
19

WINg various

g on transverse fibers, sho

impingin

t the interfaces.

101IS a

.

Figure 2.2.7 Cracks

behav



Although not all the different materials have been investigated in such detail, we have no
evidence that the interfaces in any of the materials behave differently than discussed here. All
cracks appear to penetrate the multilayer coatings when approaching at high angles. This
conclusion is consistent with the measured mechanical responses showing that all of the
materials have very similar overall deformation behavior and strength.

I1.2.e Interfacial debonding and sliding: trends with multilayer coating geometry
Here we analyze the measured hysteretic behavior in much more detail to elucidate
differences in the interface-specific quantities © and I'j from material to miaterial and to derive

quantitative values for these parameters.

Based on the ‘ductile’ stress-strain response of the material and post-test microscopic
examination, we conclude that we have a material system which has matrix cracks bridged by
intact fibers. When a matrix crack is bridged by a fiber, high shear stresses exist at the fiber
matrix interface that cause debonding between the fiber and the matrix. This debonding is
controlled by the mode II toughness of the interface, I';. The fiber is then free to slide through
the matrix sheath surrounding it over the debonded region, called the slip zone. Associated with
this sliding is a constant frictional stress, T, which acts to transfer stress from the fiber back into
the matrix. These two parameters, <, and I, are sufficient to fully characterize the relevant
properties of the interface for any optimization. The question we must answer is how to
determine these parameters from experiments.

It is possible to obtain these parameters from indentation-type tests, but these methods
have some disadvantages. They test only one fiber at a time (rather than obtaining a value for
the composite as a whole), they cannot be used at high temperatures, and they do not correctly
simulate the stress state of a material in tension. By examining the stress-strain response of the
material, we hope to determine these parameters in a way which solves the three problems just
listed.

We know that this debonding process must affect the stress-strain relation of the material,
but in a standard quasi-static tensile test it is difficult to separate the various effects of the
formation of new cracks, the extension of the fiber/matrix debond, and other damage events from
one other. As a result, analysis of unloading/reloading hysteresis is used. During an
unload/reload curve, no additional damage occurs in the material, and it is possible to directly
relate the non-linearities in the stress-strain response to the interface properties. During initial
tensile loading, damage occurs in the form of fiber breaks, matrix cracks, and debond extension.
At the peak applied load, the slip zone along the fiber extends a small distance from the matrix
crack. Over this region, there is a linear relation between fiber stress and distance from the
matrix crack plane. At the end of the debond tip, the fiber and matrix stresses approach their far-
field values by elastic stress transfer. If we now decrease the globally applied stress (the unload
phase of the hysteresis loop), maintaining equilibrium now requires a ‘reverse slip’ zone, where
the fiber slides back into the matrix, to extend from the matrix crack along the slip length. This
reverse slip causes non-linearities in the stress-strain relationship. Eventually this reverse slip
zone will extend over the entire debonded region. For the remainder of the unloading there is no
further slip and the material responds essentially elastically. Upon reloading slipping again
ensues at the interface, is followed by an elastic region, and upon regaining the initial peak
applied stress, the stress state is identical to the initial stress state before unloading. This is the
basic mechanism by which hysteresis occurs in ceramic matrix composites.
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If we examine a hysteresis loop, as shown in 2.2.8, we can see the two regions. Upon
beginning unloading (or reloading), there is a curved region, where slip occurs. As we progress
along the curve, the slope becomes constant, indicating the elastic region. By examining the
slope of the hysteresis loop, the regions become even more distinct. Figure 2.2.9 shows the
inverse of the slope, the Inverse Tangent Modulus (ITM). For the reloading curve, the two
regions are very distinct. The region of steadily increasing ITM is the regime over which slip
exists. The region of constant ITM indicates that the material is now fully slipped and behaving
elastically. For the unloading loop, the regimes are less distinct, although they are still present.

300 -~
250 .
200

150 4

Stress (MPa)

100

50 4

0 0.1 02 0.3 04 0.5 0.6 0.7
Strain (%)

Figure 2.2.8 A typical hysteresis loop
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Figure 2.2.9 Inverse tangent modulus along the hysteresis loop
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A method of determining I'; and 1 from the ITM for unidirectional materials has
recently been published.!® For cross-ply materials with distinct matrix cracks in both the
90° and 0° plies, the analysis is not well-defined. Here, we will assume either (i) the only
cracks are those observed in the microscopy-or (ii) the existence fine-scale 0° fiber tow
cracks not observed in the microscopy. In both cases, the material can then be treated as
effectively unidirectional; in case (ii) this is so only after the large through cracks have
been formed, which occurs below/around 105 MPa. The constant slope region of the
ITM plot is dependent on many parameters: the elastic properties of the fiber and the
matrix, the crack spacing, and the frictional interface stress, t. The relationship between
slope L and other parameters is'°

p=2ld-al)r 2.2.1)

4dE, f?
where b; and a; are combinations of elastic properties of the fiber and matrix (0.96 and 1 for this
system, respectively), f is the fiber volume fraction, r is the fiber radius, d is the crack spacing,
E is the matrix elastic modulus, 7 is the interface frictional stress, and L is one-half the slope of
the constant modulus region.

In order to evaluate the interface frictional stress, we examined the hysteresis loops in
order to obtain L, and used microscopic examination of the failed specimens to determine d. As
previously mentioned, we were unable to locate enough cracks in the 0° tows to determine a
crack spacing. As a result, we were forced to examine the unloading modulus to calculate the
crack spacing. This procedure is detailed below, and a set of ITM curves for a single sample is
shown 1n Figure 2.2.10.
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Figure 2.2.10 Reloading Inverse Tangent Modulus for specimen 2M-2 vs. peak stress
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From our microscopy, it appears that the crack spacing is d~150p. Let us take the
150pum crack spacing to exist at 207 MPa, above which the acoustic emission (Fig. 2.2. 1) is
decreasing rapidly and the unloading modulus (Fig. 2.2.3) begins to saturate. Then, from the
measured slope of the ITM at the 207 MPa peak load we can derive t for each specimen using
Eq. 2.2.1. The typical values are around 16.5 MPa, which is very low. In fact, we believe this
analysis using the observed crack spacing must be incorrect and that this T value is much too
small. Arguments and analysis supporting this claim are discussed below.

By examining the stress-strain behavior (Figure 2.2.1) and the acoustic emission (Figure
2.2.2), we determine that hysteresis does not exist until the load has reached 138 MPa, and that
significant acoustic emission ceases after 207 MPa. From these two pieces of information we
claim that 0° tow cracking, which causes hysteresis, begins at 105 MPa and has ended at 207
MPa. Now, as the material is unloaded, the reverse slip zone extends outward from the matrix
crack. If we consider the very instant that we begin unloading then the reverse slip zone has zero
length, and since no slip occurs, the measured modulus is dependent only on the elastic
properties of the material and the crack spacing. An equauon whlch relates the unloading
modulus to the crack spacing was derived by He et al., and is given by'!

0 -1
B _ (1 2 ’) (2.2.2)

E, d

where d is the crack spacing, r is the fiber radius, and D,° is a parameter found by a finite
element solution. For 32% fiber volume fraction and the fiber and matrix elastic properties, this
value is 2.36. If we let the 105 MPa unloading modulus be the modulus of the fully cracked 90°
ply, we can then use the initial unloading modulus to firid the crack spacing for each material. At
207 MPa, the crack spacings obtained in this manner ranged from 25 to 35 p for the specimens.
A crack spacing of 30um was measured by Domergue et al. on SiC/SiC materials with a pyrolitic
carbon interface.'® Observations of the fracture surfaces of these materials by Hyper Therm also
suggest the presence of matrix cracks with a spacing around 30pm. Finally, our microscopy
(Figure 2.2.) shows the occasional 30pum spacing, although not regularly. Thus, our derivation of
this final fine crack spacing is remarkably consistent with other related results. In contrast, if one
insists that the only cracks existing are those with d=150um as observed optically, then the
unloading modulus at the end of the test would drop by only about 10%. This is at odds with the
large measured reduction, and suggests there are more cracks than observed by the microscopy.

Using the crack spacings derived from the unloading modulus at 207 MPa, we then
determine the interface frictional stress from the slope of the ITM and Eq. 2.2.1. The results are
listed in Table 2.2.3 and shown in Figure 2.2.11; the interfacial sliding stress is typically around
60-85 MPa, much larger than estimated using the observed crack spacings. There is a slight
trend towards higher frictional stress as the number and thickness of the silicon carbide layers
increase.

The interface toughness I'; controls the growth of the debond crack. It can be determined
from the ITM data as the stress at the constant slope region (sliding) ends and a constant ITM
(elastic reloading) ensues. The relationship is expressed as'®

ro’c’ o ’
I=—2"|1-—= (2.2.3)
E 20'p

m
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Specimen  |#1 #2

Interface Type

2T 59.78

2M 74.26 67.78
2K 82.53 79.36
4T 90.94 86.19
4M 86.19 74.26
iR 91.36 85.43
8T 85.98 69.71
&M 75.50 102.11
8K 83.77 90.74

Table 2.2.2: Calculated Values of Interface Frictional Stress in MPa
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Figure 2.2.11 Interface sliding stress versus multilayer structure
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where o, is the peak applied stress, oy is the transition stress, ¢; is a combination of elastic
constants (2.8 for this system), Ep, is the matrix elastic modulus, and r is the fiber radius. The
values calculated using this equation and the data are listed in Table 2.2.4 and shown Figure
2.2.12.

Specimen #1 #2
Interface Type

2T 2.59 No Data
2M 2.21 2.80
2K 2.57 1.94
4T 2.49 1.88
4M 2.44 2.43
4K 2.40 2.28
8T 2.66 2.67
M 2.73 1.14
8K 2.49 2.01
Average 2.34
Standard Deviation [0.41

Table 2.2.4: Calculated Interface Toughness for Phase II Materials in J/m?
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Figure 2.2.12 Interface toughness versus multilayer structure

We now further examine the properties of the interface for consistency. For example, the
slip length is determined by a straightforward equilibrium argument as
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For the average =80 MPa, this yields a frictional slip length of 22.5 pum at an applied stress of
207 MPa. This is comparable to the derived mean crack spacing of 25 to 35 p, and serves as an
additional check to the consistency of the previous results.

The analysis here deduces that the interfacial sliding resistance in the multilayer materials
is fairly high, 60-85 MPa, with a moderate interfacial toughness. In contrast, use of the observed
(large) crack spacing leads to the estimate of only 16.5 MPa; it also does not provide a
mechanism by which the unloading modulus can decrease as rapidly with applied stress as
measured. High interfacial sliding values are good for benchmark composite properties such as
onset stress and tensile strength. The high values obtained through our analysis are consistent
with the good mechanical properties of these materials, but further corroboration on these results
will be supplied in the next section.

IL.2.f Fracture mirrors, fiber pullout and predicted strength and ©

The fracture surfaces of failed composites can provide a wealth of supplementary data
useful for understanding the origins of the failure and the interfacial behavior. Specifically,
fracture mirrors on the fracture surfaces of the pulled out fibers can be related to the as-processed
fiber strength distribution (characteristic strength 6, and Weibull modulus m) at the critical in-

situ gauge length that controls the tensile strength and failure strain.® The fiber pullout lengths
are governed by a combination of the fiber strength (6, m) and the interfacial sliding resistance

7 by the relationship®

<L>=0.25 Mm) ro/T (2.2.5)

where 1 is the fiber radius (r=7.5um for Hi-Nicalon) and A is a known parameter around unity.
Therefore, measurements of both fracture mirrors and pullout lengths can be combined to
quantitatively estimate t. Moreover, the in-situ fiber strengths can be utilized to predict tensile
strength from the theory of Curtin (see Eq. 2.1.5),

Outs = fo(m)oe (2.2.6)

where ¢(m) is a known parameter. Comparisons of predicted and measured strengths can
provide insight into performance limitations of a particular material and can provide directions
for material optimization.

To obtain useful information, the fracture surface must be from a gauge-section failure.
Many of the straight-edged samples tested by us failed near the gripping or tab regions, and are
not deemed reliable. A micrograph of the pullout from the 4T-1 specimen (gauge failure) is
shown in Figure 2.2.13. The measured pullout length distribution for this material is shown in
Figure 2.2.14 along with the (erroneous) distribution measured on sample 2M-2 which showed
grip failure.

26



U]

Percentage

~o—Sample 4T-2
&~ Sample 2M-2
0 100 200 300 400 500 600 700 800 900
Pullout Length (microns)

Figure 2.2.14 Cumulative pullout length distribution for the 4T-2 and 2M-2 materials;
Only the 4T-2 data is from a gauge section failure.
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Figure 2.2.15 Fiber fracture mirror (outlined) on a Hi-Nicalon fiber (sample 4T-1)

A typical fracture mirror on a fiber from the 4T-1 specimen is shown in Figure 2.2.15.
The radius of the mirror ap, is related to the fiber strength S by the general relation”®

S =K/ap1/2 (2.2.7)

Here, K is the "mirror constant" for the material and it is usually determined by controlled tests
on individual fibers where the strength is measured directly. Collecting a number of fracture
mirrors from fibers on the fracture surface of the composite allows for the creation of the
statistical distribution of fiber strengths {S}. Fitting to a Weibull form yields a characteristic
strength S* and Weibull modulus m* which are related, via the results of Curtin, to the desired
quantities 6 and m describing the true in-situ strength distribution.

In applying the above procedures to the present materials, we find that only about 30% of
the fibers on the fracture surface exhibit measurable mirrors; 42% are too large and 38% are two
small to assess reliably. This can limit the accuracy of the determinations of the fiber strengths
and, in particular, the Weibull modulus m of the fibers. However, we have measured a large
number of mirrors in the 4T-1 system, and converted them to fiber strengths via Eq. 2.2.7. There
1s uncertainty in the value of X for Hi-Nicalon fibers, however, and values from 2.4-3.8 MPa-

m'” have been suggested.'? Figure 2.2.16 shows the mirror-derived strengths using a mirror

constant of K=3.8 MPa-m1/2. We will use the value quoted for Hi-Nicalon in Ref. 12, K=2.5
MPa-m"?, such that the mirror strength distribution is characterized by

S*=177GPa ; m*=l 2.2.8)
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Figure 2.2.16 Cumulative fiber strength distribution from fracture mirrors (K=3.8)

The values S* and m* must be converted to the important values of o and m using the
results given by Curtin, which indicate that S*/c.=0.7. Hence, we obtain the values

oc=2.53 GPa ; m=1 (2.2.9)

as the relevant in-situ strength parameters. These values are much larger than for Nicalon fibers
(see Eq. 2.6), indicating the improved stability of the Hi-Nicalon fibers. The upper value is
rather large even for Hi-Nicalon fibers, but we maintain both values below.

With the measured pullout length of 93 microns and the value A=1.36 at m=1 from Ref.
6, we invert Eq. 2.2.5 to derive a value for the interfacial sliding resistance of

=69 MPa . (2.2.10)

This independent estimate is in remarkably good agreement with the values obtained from the
(independent) hysteresis measurements of Sec. II.3.e. This gives us considerable confidence that
the analysis of the hysteresis loops using the unloading modulus is reasonable. In contrast, recall
that the estimate for T made using the d=150 micron crack spacing was only 16.5 MPa — a factor
of 4 difference. Such a low T value would require pullout lengths of 400 um.

The tensile strength of the composite is now predicted using Eq. 2.2.6 (also 2.1.5). For
m=1, the parameter ¢~0.7. Putting in the appropriate values for fiber strength and volume
fraction, the predicted composite strength is

Gus =283 MPa . (2:2.11)
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The value is also in good agreement with the measured value of 270 MPa. The excellent
quantitive agreement is encouraging but final judgement awaits improved data on the Hi-Nicalon
fracture mirror analysis. Nonetheless, the t value derived here is of the same order as found via
the hysteresis analysis.

I1.2.g Summary

We have carefully studied the mechanical performance of the multilayer SiC/C
composite systems, and utilized state-of-the-art analyses to derive the interface-specific
quantities of interface sliding resistance t and toughness I';. Experimentally, we find that all of

the materials examined show tough composite-like behavior, with large non-linearity and strain-
to-failure. However, there are no significant differences among materials having different
interface layer thicknesses or numbers of layers. SEM studies indicate that matrix cracks
penetrate the multilayers and debond at the fiber surface in most cases; the density of cracks is
comparable in all materials as well. Detailed analysis of the interfacial characteristics show all
the materials to have similar interfacial sliding resistances. We find t~80 MPa, which is rather
high but still allows for good decoupling between fibers and matrix to yield good composite
behavior. Fracture surface studies provide a separate estimate of t that is comparable to the
values derived by hysteresis. Fracture mirror measurements have provided an in-situ fiber
strength, and indicate that the Hi-Nicalon fibers retain strength quite well after processing, in
contrast to CG-Nicalon fibers. Analysis of the fracture mirrors and pullout on one specimen
corroborates the interfacial sliding resistance measured using the hysteretic behavior.

Overall, these new composites significantly out-perform the standard Nicalon/CVI-SiC
materials at room temperature. This is primarily due to the good strength retention of the Hi-
Nicalon fibers during processing. The interface mechanics appears to be controlled by
debonding at the interface between the fiber and the inner carbon layer, making all materials
similar in spite of the outer layer structures and also similar, in this respect, to the standard
Nicalon-based materials. Elevated temperature performance of these materials is thus expected
to be dominated by carbon oxidation, with limited lifetimes. However, performance may be
different than for Nicalon-based materials because of the thin nature of the carbon layers and the
differing stoichiometry of the Hi-Nicalon fiber. For applications in other environments, such as
occur in various nuclear energy applications, the present materials are expected to out-perform
the standard materials by a considerable margin.
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IL.3 Oxide Fiber Coatings for SiC/SiC Composites
IL.3.1 Background

Heat exchangers used in fossil energy applications experience high temperatures and
corrosive/oxidative environments. SiC is an excellent material for these applications and hence
tough composites composed of Nicalon (SiC) fibers and CVI-SiC matrix have been the material
of choice, and the focus of much research within the Fossil Energy AR&TD program and the
Virginia Tech program. However, the toughness in CMCs is really determined by the debonding
capability of the fiber/matrix interface. The pyrolitic Carbon interfaces widely used perform the
necessary function of a weak interface at low temperatures but oxidize readily at even modest
temperatures. The Carbon is replaced by Silica from the oxidized SiC, and Silica does not serve
as a weak interface. This oxidation phenomenon thus leads to a very rapid decrease in composite
lifetime at elevated temperatures for any loads above the matrix cracking stresses where the fiber
interfaces become exposed to the external atmosphere. There has been considerable effort within
the CMC and materials communities to develop new fiber coatings which are oxidation-resistant.
However, little genuine success has been achieved to date. Boron Nitride (BN) has been widely
used, and doped BN systems provide increased protection and slower oxidation than Carbon.
But, BN will ultimately succumb to oxidation as well and is not a solution to long-term oxidation
protection. Progress has been made in developing new oxide coatings for oxide composites, but
these can not be used in SiC-based systems For fossil energy applications, coatings compatible
with SiC are required.

The objective of the present effort has been to evaluate the potential of a new class of
low-modulus, oxide materials for SiC fibers. The material is (CapgMgo4)Zrs(POys)s (CMZP).
The choice of CMZP is dictated by previous work on the material as an external coating on bulk
SiC materials,’® which demonstrated that CMZP is (1) chemically compatible with SiC at
elevated temperatures, (ii) resistant to alkali corrosion (important in certain fossil applications),
and (iii) as generally poor adhesion to SiC. The latter causes problems in development of
macroscopic coatings but is an intrinsic advantage in fiber coatings, which require a weak
interface between either coating and fiber or coating and matrix.

Processes for forming thick coatings on bulk substrates or components are generally
unsuitable for use in coating fibers. The requirements for coating fibers are severe. A thin, fairly
uniform, crack-free coating on all fibers is required; patches of uncoated material are not
acceptable because they become sources of fiber/matrix bonding and brittleness in the
composite. Bridging of fibers by the coating is also unacceptable because such bridges will lead
to spalling of the coating during subsequent handling and forming of the fibers prior to
infiltration. Lastly, the processing must be relatively inexpensive and fast. The previous CMZP
coating process involved very long periods (days) of drying that are unacceptable for a fiber
coating operation. Below, we describe our success in developing two processing methods, sol-
gel and metalorganic decomposition (MOD), that lead to the formation of high quality coatings
on Nicalon fiber tows and cloth specimens.

Mechanical evaluation of mini-composites using these coated fibers are then presented,
showing the capability of the CMZP-based coatings to cause fiber debonding and pullout.
However, the necessity to use additional protective Carbon coatings in some cases clouds the
interpretation of the efficacy of the CMZP coatings themselves. Additional effort in _assessing
the intrinsic adhesion at the CMZP/SiC interface and the elevated-temperature performance of
CMZP-coated fibers in CVI-SiC composites remains to be carried out prior to making a final

assessment of the effectiveness of these materials in actual composites.
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IL.3.b Deposition of CMZP coatings
I1.3.b.i Sol-gel Coatings

Sol-gel coatings are formed from polymeric gels that in turn have been formed through
metalorganic starting solutions. The advantages of sol-gel processing are the purity of the
starting compounds and the homogeneity of the films. In addition, compounds can be formed
which cannot be fabricated by traditional means. Here, the starting materials were CaCl,,
magnesium perchlorate hexahydrate, Mg(ClO,); 6H,0, zirconium propoxide, Zr(CsH;0,), and
triethyl phosphate, (C;Hs0)sP(0O), and hydrochloric acid.

The issue of film formation on fibers starting from the above constituent materials
involves the additional choices of a solvent, which influences drying times needed to obtain
crack free coatings, concentration of the active materials in the sol, and possible use of wetting
agents to obtain uniform films. The best solvent for obtaining good films with comparatively
short drying times was found to be 2-methoxyethanol. The final concentration of materials in the
solvent was 0.025 moles/liter. A wetting agent of 0.07 grams of silicone in 60 ml of CMZP
solution aided uniform film formation. The evolution up to this final processing route is detailed
in Reference 14. A micrograph of a fiber tow coated by this process is shown in Figure 2.3.1 and
the final sol-gel process flow is shown in Figure 2.3.2.

In many cases studied during the process development, the resulting fiber tows appeared
to be embrittled to some extent and were difficult to handle. This was deemed possible due to
Chlorine attack of the Nicalon fibers. To prevent such embrittlement, the Nicalon fibers were
also coated with a thin (30 nm) layer of pyrolitic Carbon prior to coating with CMZP. Finally,
pieces of woven cloth were infiltrated using the same process but with higher solute
concentrations and no Carbon coatings. Good quality films were obtained in contrast to the
results of an identical process applied to single fiber tows alone. We speculate that this is due in
part to the ability of the sol to rapldly drain off of the cloth samples relatlve to the single tows.

S50, mﬁ&w@ya&uﬁmafxlz&mvkhowm 5

Figure 2.3.1 Micrograph of CMZP sol-gel coated Nicalon fibers
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Surface preparation
(dipping for 10 min each in boiling
trichloroethylene, acetone, ethanol and water)
l

Samples coated with 30 nm C (optional)

3

Sol preparation
(calcium chloride & magnesium perchlorate
mixed in ethanol or 2-methoxyethanol)
l
drops of HCl added
(for ethanol only)
l
Above solution added to solution of
zirconium propoxide & triethyl phosphate
l
CMZP sol
(clear, yellow color)
l
Dip coating
(samples dipped and withdrawn at 4 cm/min)
\)
Dried overnight in air &
then at 110C for 24h
d

Some samples fired at 900C for 5h in Ar
l

Samples coated with 30 nm C (optional)
Coated samples infitrated with SiC using CVI
d

Mechanical testing of composites

Figure 2.3.2 Process flow diagram for CMZP sol-gel process
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IL.3.b.ii MOD coatings

The metalorganic decomposition process is a technique for producing inorganic films
without processing in vacuum or going through a gel or powder stage. The processing starts
with metalorganic compounds of the desired elements dissolved in an appropriate solvents and
then mixed in a ratio to provide the desired cation stoichiometry for the final film. The mixture
is a true solution, and is deposited on a substrate by dipping or spin-coating. Heating removes
the solvent and decomposes the metalorganics to produce the inorganic film, which is
accompanied by a significant volume change. An advantage of the MOD technique is that the
initial deposited solution is homogeneous at a microscopic scale, which aids in obtaining dense
and chemically homogeneous films over large areas.

The raw materials used to prepare the CMZP solutions developed here were calcium 2-
ethyl hexanoate dissolved in 2-methoxyethanol, zirconium ethyl hexanoate, magnesium
ethoxide, triethyl phosphate, 2-ethyl hexanoic acid, and xylene. Stochiometric amounts of the
magnesium ethoxide and triethyl phosphate were reacted at 80C with ethyl hexanoic acid to form
the respective ethyl hexanoates. The hexanoates were mixed into a single solution and xylene
added to obtain the CMZP solution at a concentration of 0.025 moles/l. Powder produced by
baking at 200C and firing at 1200C for 24 hours showed evidence of the formation of a CMZP-
like phase when analyzed by x-ray diffraction. The final solution was then used to coat Nicalon
fibers.

A micrograph of a typical tow with MOD fiber coating is shown in Figure 2.3.3. The
final process flow for the MOD deposition is shown in Figure 2.3.4. Details of the evolution in
process development prior to arriving at this flow are again given in Reference 14. As for the
sol-gel coatings, additional 30 nm layers of pyrolitic Carbon were used both on the uncoated
fiber and after coating to protect fibers and coating during various processing steps.

Figure 2.3.3 Micrograph of CMZP MOD coated Nicalon fibers
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Surface preparation

(similar to sol-gel)
d

Samples coated with 30 nm C (optional)
d
Magnesium ethoxide and triethyl phosphate
reacted with 2-ethyl hexanoic acid
l
Xylene added as solvent

d

Zirconium ethyl hexanoate added to this

l

Calcium ethyl hexanoate dissolved in 2-methoxyethanol

added to resulting solution

2

CMZP solution
(cloudy, yellow color)

J
Dip coating
(similar to sol-gel)
2
Samples dried overnight and
then baked at 150C
l
Some samples fired at 900C for Sh in Ar
l
Samples coated with 30 nm C (optional)
i .
Coated samples infitrated with SiC using CVI

l

Mechanical testing of composites

Figure 2.3.4 Process flow diagram for CMZP MOD process
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IL.3.c Mechanical Evaluation

Woven cloth samples coated with CMZP using the sol-gel process were combined with
layers of Nextel Alumina fiber cloth to form a preform large enough for standard F-CVI
infiltration at ORNL. The preforms were coated with 30-50 nm of pyrolitic carbon prior to the
infiltration with SiC from an MTS precursor. Four bend bars of size 45mm x 3mm x 2.5 mm
were cut from the final densified sample such that the Nicalon cloth layers were located on the
tensile surface of the bend specimen. The load-displacement behavior in 3-pt bending was
measured, as shown in Figure 2.3.5. All samples showed non-linear deformation and graceful
failure typical of a tough composite. Microscopy of the fracture surfaces (Figure 2.3.6) revealed
fiber debonding and some fiber pullout, indicative of an effective interface coating. Flakes of
material could be seen adhered to the sides of the fiber, indicating that debonding was probably
at the matrix-carbon interface.

Coated fiber tow samples were also infiltrated with SiC by CVI to form tow
"minicomposites”. Tensile tests were performed at ORNL using gripping techniques developed
there. Load-displacement curves and subsequent fracture surface mICroscopy were again

measured on tows with various types of CMZP or CMZP precursor coatings.

The load-displacement behavior for fiber tows containing sol-gel coatings dried at 110C,
but not fired, are shown in Figure 2.3.7. Two of four samples showed fairly high loads and
extensive non-linear deformation. Micrographs on these two samples revealed extensive pullout
(Figure 2.3.8) and CMZP coating was visible on pulled-out fibers and occasionally on the inner
surfaces of matrix holes. This again indicated debonding predominantly at the matrix/coating
interface. One sample which performed poorly showed an unusual SiC matrix structure,
suggestive of uncontrolled thermal conditions during the CVI deposition. Minicomposites
containing fired sol-gel coated tows exhibited low load bearing capacities (Figure 2.3.9) but
again in some cases the matrix structure looked quite unusual. Nonetheless, some of the
composites showed fiber pullout and debonding.

The load-displacement behaviors for the MOD-coated tows also showed variable
behavior. One sample had high load-bearing capacity and non-linear deformation (Figure
2.3.10) while two others exhibited nearly linear behavior up to failure. Micrographs revealed
some fiber pullout (Figure 2.3.11) although not as much as for the unfired sol-gel coatings.
Coating was visible on the pulled-out fibers and also on the inner surfaces of the matrix holes,
suggesting debonding within the CMZP layer or at both inner and outer carbon layers. The
composites that were linear to failure also showed some fiber pullout and coating remaining on
the fibers.

I1.3.d Discussion and Summary

We have successfully developed two different process methods for the deposition of
CMZP coatings on Nicalon fibers. The process development alone is a major accomplishment.
We have also obtained some good results on minicomposites containing both sol-gel and MOD
CMZP coatings, showing some promise for these systems. Nonetheless, the results are not
uniformly good and questions remain, as discussed below.

The variable results obtained for the CMZP coatings could be attributable to the
difficulties associated with testing minicomposites. First, the 13 cm tows are rarely completely
straight and so bending stresses will be superposed on the nominal tension. Second, the tows are
also non-uniform in cross-section and densification, which can cause some stress concentrations.

Third, in almost all cases, fiber pullout was observed on the fracture surface and this
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demonstrates that debonding is possible in these systems in spite of possible limitations of the
testing method. While a very encouraging sign, the effectiveness of the CMZP coating is still an
open issue because of the presence of the inner and/or outer pyrolitic Carbon layers used
ostensibly to protect the fibers and CMZP coating. As noted previously, pyrolitic Carbon is
widely used as a fiber coating with good success at room temperature. However, the thickness of
the Carbon coating is critical and coatings in the range of 30 nm have not resulted in good
composite behavior in previous experiments. These previous observations would suggest that
the CMZP does play some role in assisting debonding when only a few thin layers of Carbon are
used. On the other hand, the multilayer coatings studied in Section II.2 involved as few as three

30-50 nm layers of pyrolitic Carbon and performed quite well. Thus, it is possible that the
observations of debonding in the CMZP/Carbon coatings developed here are due solely to the
Carbon coating itself.

Further work is clearly necessary to complete an assessment of the CMZP coatings for
Nicalon fiber/CVI-SiC composites. First, the existing coatings and fabricated minicomposites
should be tested at elevated temperature to qualitatively determine the oxidative stability of these
materials relative to Carbon-coated systems. If the CMZP coatings are effective, then oxidation
of the thin Carbon layers will not degrade the composite properties. To make quantitative
comparisons, the coating and minicomposite fabrication processes must produce consistent
materials which in turn requires some additional work on the processing methods. Second, it is
advisable to make thin-film sandwich structures of SiC/CMZP/SiC and then to analyze the
intrinsic fracture behavior at the SiC/CMZP interface by observing the behavior of indentation
cracks. Third, the deposition of thicker CMZP coatings may eliminate the need for one or both
Carbon coatings. Fourth, the use of Hi-Nicalon fibers, which are more stable than the (CG)
Nicalon used here, may also allow for the elimination of the Carbon coatings. All of these
directions represent feasible approaches to a more complete study of CMZP as an oxidatively
resistant fiber coating in SiC composite systems.
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Figure 2.3.6 Fibers on fracture surface of cloth sample after fracture
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Figure 2.3.10 Fibers on the fracture surface of fired sol-gel coated tows.
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Figure 2.3.11 Fiber pullout from MOD coated tows.
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III. Phase IV Accomplishments
II1.1 Phase IV Objectives

In Phase IV of this program, our objective was to further develop micromechanical and
macromechanical models for predicting composite and component life under realistic operating
conditions for ceramic composites. In particular, we aimed to modify and improve the MRLife
performance simulation code to include creep and rupture effects, and to work with industrial
developers of CMCs in using the code for component design. A major part of this effort is
summarized below.

We have developed several micromechanical models for predicting coupon lifetime due
to creep and rupture phenomena at the level of the fibers, matrix, and interface. This work was
the subject of a comprehensive topical report and several journal publications and will not be
discussed here. 18

We also performed some fundamental experimental studies of the "critical element"
concept contained in the MRLife model. Specifically, we studied the fatigue degradation in
unidirectional and cross-ply polymer matrix composites and showed that the failure of the cross-
ply system could be predicted well using the analysis of strength degradation measured only on
unidirectional materials. This work also showed that the specific stiffness history of any one
sample during its life can be used to provide continuous life prediction during service of the
individual specimen. The results of this effort bolster the underlying mechanics of the MRLife
code even though ceramic composites were not explicitly studied. This work is contained in a
journal publication and so will not be reproduced here. '

II1.2 MRLife performance simulation code

Our recent MRLife activities have focused on implementing methods to allow for the
prediction of the remaining strength of ceramic matrix composite materials at elevated
temperature under general loading conditions. In support of GE Aircraft Engines and Pratt and
Whitney (under the Enabling Propulsion Materials program, Government Contract No. NAS3-
26385), we have developed a design tool, based upon damage mechanics, for the analysis of a
ceramic matrix composite combustor liner. This design tool, CClLife, enables users to simulate
complex low cycle fatigue and thermo-mechanical loading.

The postulate employed in developing the design tool is that equivalent damage implies
equivalent remaining strength, and vice-versa. Such a concept is illustrated in Figure 3.2.1.
Suppose that we have a material that has an initial ultimate strength given by S,. If we apply a
constant amplitude fatigue load given by S/, failure of the material occurs when the residual
strength is equal to the applied stress (after N; cycles). If instead of applying the stress level S,
we apply a stress level .7, failure occurs after N, cycles. This process may be repeated for a
number of different applied loads to generate a life curve (an S-N curve).

Now we are ready to address the problem of non-constant applied fatigue loads. As an
illustration, we may consider the case in which a fatigue stress of amplitude S, is applied for n;

cycles (where n, < N,). At this point, the applied fatigue stress is changed to S,°. Using the idea
that equivalent damage implies equivalent remaining strength, we may determine that n; cycles
at S, is equivalent to n, cycles at S, (because the resulting remaining strength is the same). The
remaining number of cycles to failure for this two-step loading is then given by N, —n,. This
procedure may then be generalized to include the effects of multi-step (or spectrum) loading
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conditions. In addition, an analogous procedure may be developed for rupture or any other
condition that involves the development of damage.

Residual Strength

na
Life Curve

Ni Cycles No:
Figure 3.2.1 S-N curve and residual strength curves; concept of equivalent damage

To incorporate the effects of two different damage processes acting together, the concept
of equivalent remaining strength is employed for both processes. As an illustration, we may
consider the loading history shown in Figure 3.2.2. We begin by dividing each step of loading
into time intervals. Within each of the time intervals, we analyze a miniature stress rupture
problem (constant stress and temperature given by the average values over the interval). The
remaining strength is reduced due to time dependent damage accumulation. The number of
intervals is then refined until the remaining strength at the end of the loading step converges to
some specified tolerance (the procedure essentially results in a path integration of the change in
remaining strength over the loading step). Thus we have accounted for the rupture effect. Now
we must also account for the fatigue effect. To do so, we consider each load reversal to be /2 a
fatigue cycle and decrease the remaining strength accordingly. This process is repeated for each
step in the loading history, until failure is predicted to occur (when the remaining strength at
some time is equal to the applied load). It is important to note that because (in general) the
remaining strength equations are non-linear the sequence of the loading effects must be
preserved and is accounted for in the analysis.

In order to attempt to validate this analysis technique, a study was performed on the
performance of a 2-D woven CVD processed Nicalon/Enhanced-Silicon Carbide (E-SiC)
composite (the “model material”) produced by DuPont Lanxide Corporation. The remaining
strength analysis described above was conducted using the critical element concept. The inputs
necessary for the analysis were: stiffness reduction during fatigue, time to failure under stress
rupture conditions (at constant temperature), time to failure versus temperature (at constant
applied stress), and fatigue cycles to failure under constant amplitude fatigue loading at room
temperature. The last information was not available for the model material, but was back-
calculated using the analysis and elevated temperature constant amplitude fatigue data. Once
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these inputs were developed, they were applied to the life prediction of a “mission” loading
profile, illustrated schematically in Figure 3.2.2. The predictions, as well as the experimental
data, for this loading condition are given in Figure 3.2.3. The analysis has been applied to more
standard laboratory characterization tests as well; the life prediction results are summarized in
Figure 3.2.4.
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Figure 3.2.2 Schematic mission load profile for SiC/SiC composite and discretization into
time/load steps.
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Figure 3.2.3 Experimental results and predictions for mission loading profile.
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Figure 3.2.4. Summary of experimental results and predictions.

The ultimate goal in the process was to develop a design tool capable of analyzing
ceramic matrix composite structures. As a result, the CCLife analysis has been integrated into a
finite element code (CSTEM). This integration allows the life prediction of complicated
structures under combined loading conditions while incorporating progressive damage. The
applicability of this CMC design tool will be demonstrated by performing a case study of a notched
plate with a thermal gradient under cyclic loading. This model was chosen for comparison with the
analytic predictions because of the local variation in stresses, the existence of a thermal gradient,
and the availability of experimental data for such a specimen geometry. The specimenisa 3” L x
1.5” W plate with a 0.75” diameter center hole. The plate is made up of 8 plies of the model
material having ply thickness of 0.01175”, giving a total laminate thickness of 0.094”. The finite
element model and boundary conditions are shown in Figure 3.2.5. The specimen tested was held
in “cold grips” and so the temperature distribution within the specimen is also shown in Figure
3.2.5. Remaining strength analysis was performed at fixed percentages of the ultimate strength at
1Hz and R = 0.05.
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Figure 3.2.5. Finite element mesh and boundary conditions for notched plate

Since the case study consists of combined thermal and mechanical loading, the stress
distribution of the two loads acting independently are shown in Figures 3.2.6a and 3.2.6b. The
stresses shown in Figure 3.2.6a are due to an axial load of 35% of the ultimate strength. The tensile
stress concentration at the hole due to the axial load is “balanced” by the compressive stresses
generated in the same region by the thermal gradient shown in Figure 3.2.6a. The effect of the
combined mechanical and thermal stresses is shown in Figure 3.2.7a. The stress distribution
resulting from the damage induced in the plate after 300 cycles of R=0.05 loading at 35% of the
ultimate strength is shown in Figure 3.2.7b.

To show the evolution of remaining strength in the specimen, data from CCLife is post-
processed and presented in Figures 3.2.8a - d. The results shown are for fatigue loading at 28%
and 35% of the ultimate strength, respectively. Two remaining strength plots are shown for each
load level, one just as initial loss in remaining strength is seen and the other just prior to
failure. It is evident from these plots, based on the average strength criterion, that only a little
loss in remaining strength is necessary for catastrophic failure of the component to take place. In
comparing the remaining strength results at the two different load levels in Figure 3.2.8a-d it is
interesting to note that the larger amount of loss in strength can be seen along the hole boundary
at the higher load level than at the lower load. Finally, a summary of the failure times (cycles)
obtained at each siress level were compared with experimental data for the same material is
presented in Figure 3.2.9.

These efforts demonstrate the substantial progress achieved in extending the MRLife
performance simulation code to in-service CMC components under complex and combined loading
conditions. This work also satisfies the Phase IV task of working closely with an industrial
developer to utilize the code in life prediction of such components.
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IV. Summary

We have described the broad spectrum of tasks accomplished under Phases IIT and IV of
this program. These tasks encompass all of the major areas of importance in the development of
ceramic composite components for fossil energy applications.

We have provided mechanical assessment of tube components. We have shown that (i)
tube properties vary with microstructure within a single component; (ii) the initial damage
mechanisms are confined to cracking exterior to longitudinal fiber tows at low stresses, and (iif)
the tensile strength is lower than that of a small coupon due primarily to volume scaling of
strength. These results have specific consequences for material process development and
engineering design/use of these components.

We have analyzed the detailed performance of new SiC/SiC components with multilayer
SiC/C interfaces and Hi-Nicalon fibers. We find these materials to perform well, but to be
controlled by the inner Carbon layer so that performance is independent of multilayer structure.
Interface sliding and debonding parameters were determined from hysteresis data and fiber
pullout and in-situ fiber fracture mirrors. The latter showed the high strength retention of the Hi-
Nicalon fibers. Tensile strengths were predicted in general agreement with the measured values.

New oxide CMZP coatings were developed for protecting SiC (Nicalon) fibers. Two
different processes were devised to provide high quality coatings, and minicomposites were
fabricated from tows of coated fibers. The mechanical performance was highly variable, but
some samples showed non-linear deformation and nearly all showed clear evidence of interface
debonding. However, the presence of thin additional carbon layers precludes assigning the good
performance solely to the CMZP coatings, and further work must be done to assess these coating
materials in high temperature applications.

The MRLife model has been extended to incorporate the simultaneous effects of both
creep rupture and fatigue degradation in CMCs. The model has also been generalized to
accommodate very specific mission profiles of temperature and stress. These efforts were
accomplished within a program with GE, and represent our efforts to work with industrial
partners in the application of MRLife.

The above accomplishments provide the Fossil Energy program, and other industrial
developers of CMCs, with (i) a solid base of knowledge in the mechanics of component
structures and the micromechanics of CMCs, (i) property/performance data, (i) potential
solutions to the nagging problem of coating oxidation, and (iv) accurate life prediction models
for CMC components. All of these advances are important steps in the path from successful
material processing to component design and component performance that are required for the
ultimate development of operating ceramic components in fossil energy applications.
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