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WORKSHOP OVERVIEW

hy
Stanley M. Wolf
Division of Materials Sciences, DOE

Over half of the United States' energy utilization, primarily in the sectors
of electricity production and transportation and to a lesser extent of in-
dustrial usage, is based on systems designed to convert the heat from fossil
fuel combustion or nuclear fission to work. Thus our use of energy involves
operation of materials at elevated temperature, Yet, even with the gains
made in the past thirty years, system thermal efficiencies are restricted

to modest values because of limitations of commercial structural alloys and
the necessarily conservative design practices. For example, new electricity
power generating stations operate at thermal efficiencies of only ~40% (if
using fossil fuel, ~32% if nuclear). The conventional internal combustion
engine converts less of the available energy to propulsion than it dissipates
in either its cooling system or exhaust.!

As fuel becomes more scarce and expensive, more efficient systems will become
increasingly cost effective, and more severe operating temperatures and cor-
rosive environments will be encountered. Trends are already apparent -—-
advanced energy technologies such as topping cycles for electric utilities
and turbine engines for automobiles are considering ceramic components and
time-dependent deformation in design,

The importance of time-dependent structural stability of high temperature

alloys is recognized by several DOE programs which support materials

research and development totalling ~$16 millions annually (Table 1) on:
component structural design and testing methodology, nuclear fuel cladding
and duct and piping alloys for nuclear breeder and advanced gas reactors,
refractory bricks for the firewall in open-cycle MHD air preheaters, ceramic
blades and vanes for vehicular and auxilliary power turbines, receivers for
solar thermal converters, as well as fundamental studies of constitutive
equations, creep rupture, fatigue, and radiation enhanced creep.

Given the interest of DOE technologies in time dependent fracture and the
recent progress in the development of constitutive equations for creep
deformation and of diffusion-controlled void growth models for creep rupture
of metals, a workshop on this subject was felt timely. Its purpose was to
assess directions for basic materials research, viz., for extending our
current understanding of creep deformation and rupture of metals and ceramics
to more complex alloys, loading conditions, and environments relevant to
energy systems. A group of thirty five materials engineers and scientists
representing aspects of the component design, materials engineering and
materials research communities were invited to participate in this assess-
ment (Table 1I).

The workshop was organized in three sessions. The first consisted of
formal presentations on:

- design considerations identifying ranges of stress, temperature, lifetime,
and environments anticipated in solar thermal, nuclear breeder, and
fusion energy concepts, and metal turbines and ceramic heat engines;

- materials engineering reviews of data and life prediction methods, and
discrepancies and assumptions therein, for creep rupture and creep-fatigue
of metals and ceramics; and




- materials science outlines of models and experiments on monotonic creep,
cyclic creep and constitutive equations for metals, diffusion or
plasticity-modified diffusion controlled crack growth, and pertinent
grain boundary structure and properties.

Significant insights were made in the above presentations. It was clear
that time-dependent fracture in energy systems derives from transients
and cycles in loading and temperature, multiaxial stresses, and environ-
ment-enhanced deformation and failure. These topics pose meaningful
challenges to researchers attempting to elucidate mechanisms controlling
materials behavior or to formulate ‘quantitatively their .effects for later
extension into an engineering framework.

In the second session, the participitants separated into four smaller
"subgroups" to discuss unresolved or new issues warranting fundamental
study in the areas of:

Deformation Aspects —--- to emphasize deformation aspects of failure,
including strain localization at boundaries or inclusions, monotonic and
cyclic creep mechanisms, their correlation with constitutive equations,
damage characterization, multiaxial stress, aging, and impurity and environ-
mental effects,

d

High Temperature Rupture --- to focus on cavitation and crfacking under
diffusion and diffusion-plus-plasticity controlled conditions caused
by steady state, transient, and cyclic loading.

Grain Boundary Structure and Properties —-— to evaluate aspects of
boundaries and interfaces important to creep rupture and creep fatigue, such
as boundary structure, chemistry, diffusion,impurity effects, and near-
boundary deformation. har

Engineering Needs --- to suggest the contribution of materials science to
designer needs, such as code requirements, acceleratéd test méthods, non-de-

~

structive evaluation, among others. -

Each subgroup report represents a concensus of its members on high priority
research areas. These reports are substantive and worthy of careful review.
A few of their points are noted below as an introduction to the types of
issues discussed, including controversial ones. Some of these statements
incorporate the views of more than one subgroup.

l. General test conditions and alloys: Information should be compiled
giving representative alloys and service conditions encountered in
energy plants to assist the selection of relevant time—-dépendent frac-
ture research. It appears now that such resear¢h should-emphasize
transient and cyclic effects in metals and steady state for ceramics; it
should take into account that in most high temperature applications,
alloys are used at about one-third to one-half their melting temper-
atures., Materials having microstructures representative of those
of engineering alloys warrant study to "map out' controlling features.
Idealized model systems should be investigated to determine specific
mechanisms and environmental effects thereon.




4,

Cumulative damage: - It is imperative to characterize quantitatively
various types of damage, i.e., voids, cracks, changes in composition
and microstructure in order to assess the role of each in deformation
and fracture,

Heterogeneous deformation: The details of this, principally grain
boundary sliding at elevated temperature but also other modes such
as shear localization, must be established. Careful measurements
of the inelastic strain components are needed to validate the.
kinetics and energetics of various creep models; new measurement
techniques will likely be required. The effects on grain boundary
sliding of its structure, impurity segregation, and second phase
distribution remain largely undocumented; these should be related,
as appropriate, to environment- and radiation-induced changes in
deformation,

Transient and multiaxial deformation: Experimental data on these
is required to assist evaluation of physical mechanisms and develop-
ment of service. life models.

Constitutive equations: An improved mechanistic basis of these is
needed so that their range of applicability can be defined both at

the macrocontinuum level (for structural component behavior) and micro-
continuum level -(at crack tips). At this time equations should be
aimed towards a specific (rather than general) class of materials and
applications, and have a form compatible with efficient numerical
computations, . Corroborating accelerated test methods and bench mark
tests should be devised.

Cavitation: Theoretical analysis of cavity nucleation and growth

should incorporate effects of stress or strain concentrations caused

by grain boundary sliding and by coarse slip bands. Parallel measure-
ments should be-.conducted to delineate where cavitation is controlled by
diffusional flow, or power law creep, or both and to allow statistical
correlation with geometric and strength variability in microstructures.
In ceramics with glassy phases at the boundaries, viscous hole growth
should be considered. Mechanisms accelerating (or retarding) nucleation
and growth of cavities under cyclic loads or irradiation should be
discerned, with particular attention given to cavitation ahead of

the crack tip. '

Macro-crack growth: Both theory and experiment are required to deter-
mine: the mechanisms of creep crack growth, especially intergranular
cracking, the stress and temperature ranges of growth; effects of
statistical aspects of microstructure (particularly in ceramics); the
roles of stress:wave shape and hold times in cyclic loading; and the
effects of environments and irradiation.

Boundary diffusion: Given the several references above to grain

boundary sliding, it is especially important to obtain reliable data on
self and impurity diffusion along grain and interphase boundaries and to
understand the seemingly anomolous diffusion along contaminated boundaries
in ceramics. Diffusion should be correlated with boundary type and
structure and degree of segregation.




9. Boundary structure and cohesive strength: High resolution experimental
probes and computer simulation techniques should be used to investigate
boundary structure, particularly of non-special grain and interphase
boundaries, with solute segregation, and in complex materials. The
structure of defects —-—- vacancies, interstitials, dislocations ---
their dissociation at boundaries, and the effects of solute segregation
warrant study. Measurement of grain and interphase boundary cohesion is
needed, especially as a function of solute segregation; however, techniques
must be developed . e

10. Design methodology and service life prediction: Approaches are being
evaluated based on crack initiation and growth. These should incorpor-
ate probabilistic evaluation of properties rather than deterministic as
now used by the ASME codes. . Accelerated tests should be validated with
respect to physical'mechadiamé'expectéd during the longer-term material
service, and service life models formulated based on these mechanisms.

In the third session of the workshop, the chairman of each subgroup presented
its flndxngs to all workshop participants in order to ga1n their perspectives
and to increase interaction among the design, englneerlng, and science
representatives, This proceedings is being published in the hope that it
will be of value to the materials communlty interested in h1gh ,Ltemperature
behavior of structural materials. .

This Division thanks the workshop attendees for their active %grticipation.
Each speaker's further effort in preparing his presentation and manuscript
is gratefully acknowledged, as is that of each subgroup chair-"and cochair-
person in synthesizing a concise report from the various discussions., Ms,.
Robin Spahr's assistance with the correspondence and this procéedings’is
appreciated. Y ne
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TIME-DEPENDENT FRACTURE OF MATERIALS A1l ELEVATED TEMPERATURE
FOR

SOLAR THERMAL POWER SYSTEMS

By
G. D. Gupta
Foster Wheeler Development Corporation

12 Peach Tree Hill Road
Livingston, New Jersey 07039

-

SUMMARY

Various Solar Thermal Power Systems are briefly described. The components
of solar power systems in which time-dependent fracture problems become impor-
tant are identified. Typical materials of interest, temperature ranges, and
stress states are developed; and the number of cycles during the design life of
these systems are indicated. The ASME Code procedures used by designers to pre-~
dict the life of these components are briefly described. Some of the major
problems assoicated with the use of these ASME procedures in the design of solar
components are indicated. Finally, a number of test and development needs are
identified which would enable.the designers to predict the life of the solar
power system components with a reasonable degree of confidence.




INTRODUCTION

The Central Receiver Solar Thermal Power System (CRSTPS) is one of the sys-
tems which are currently being studied for the development of solar energy as an
alternate to the nonrenewable fossil energy resources. A central receiver solar
power system contains a large number of mirrors which concentrate the solar
radiation on to a receiver placed on the top of a tower. The concentrated solar
radiation provides the energy source for a heat engine which generates the elec-
trical power. ’

The objective of this presentation is to discuss the following quéstions:
e How do the time-dependent fracture problems arise in solar thermal power
systems? oo ’

e What tools does the industry pfesently have to treat these problems?
e What are the problems in using these tools?

e What are the general areas in which further tests and developments are
needed? : '

In order to understand the first question, a further look into various com-
ponents of the receiver is needed. The receiver, located on the tower, absorbs
the concentrated solar radiation and raises the temperatureggf a working fluid.
In general, depending on the heat engine, the working fluid could be all liquid,
all gaseous, or a two-phase mixture. The system which is in the most advanced
state of development uses a Rankine thermodynamic cycle with steam/water as
working fluids. A typical system is. shown in Figure 1 in which a "once-through"
receiver is depicted. - .

The feedwater from the condenser is pumped to the reéézggr tubes. A "once-
through'" receiver is divided into three main sections, namely: preheater, in
which the feedwater is heated to saturation temperature at the operating pres-
sure; boiler, in which water is boiled to saturated ‘steam; and superheater, in
which the steam is superheated to the desired temperature. The superheater
steam is sent down to a steam turbine which runs an electric generator. A ther-
mal storage system can also be interfaced with this system in order to maintain
the steam turbine operation without diurnal interruption. Typical temperature
and pressure conditions occurring in this system are. listed in Table 1. Clearly,
the superheater section of the receiver, parts of the thermal storage subsystem,
and the superheater outlet pipe are the components in which time-dependent frac-
ture is an important consideration. ' oF

A variation of this system uses two fluid loops for steam generation. Li-
quid sodium or molten salt is heated in the primary loop at the receiver. The
heat is transferred to water in the secondary loop.in a steam generator. The

major advantages of this system are: e
R A

® Lower operating pressure in the receiver
e Smaller receiver

e Higher heat fluxes.
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Figure 1 ﬁchematic——Solar Rankine Cycle System (Water/Steam)
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Table 1 Maximum Temperatures and Pressures in Various Systems

SUPERHEATER METAL:
~I200°F r
~1500-3200psi

LIQUID METAL OUTLET:
~1100 - 1300°F
~100 -300 psi

RECEIVER METAL.
~1200-1400°F

~|00 - 300psi

SYSTEMS WITH STEAM TURBINE SYSTEMS WITH GAS TURBINE
WATER/STEAM COOLED{LIQUID METAL COOLED :
STEAM QUTLET: STEAM OUTLET: GAS OUTLET:
~950- I000°F 4 ~950 - 1000°F ~1400-1600°F
~1300- 3000psi ~1300- 3000psi ~100 - 200psi
BOILER METAL: STEAM GENERATOR METAL: | RECEIVER METAL:
<BO0°F ~1100 - 1300°F ~1500 - 1800°F
~I700-3300psi ~1300- 3000 psi ~100-200 psi




However, the receiver must now operate at higher temperatures. There are two
major components (namely, receiver and steam generator) where time-dependent
fracture becomes important. The relevant temperatures and pressures are listed
in Table 1.

Another system which is now being studied uses a Brayton thermodynamic
cycle. A typical example of such a system is shown in Figure 2. The ambient
air is pressurized in a compressor and via a regenerator is sent to the solar
receiver. The air passing through the receiver gets heated to approximately
1500°F and is directed to a gas turbine which in turn runs an electrical genera-
tor as well as the air compressor. The hot exhaust from the gas turbine is
utilized to preheat the incoming air in the regenerator. Typical temperatures
and pressures are also listed in Table 1.

TIME-DEPENDENT FRACTURE PROBLEM

What makes solar power systems different from the fossil and nuclear power
plants is their severe elevated temperature cyclic duty. Over a 30-year design
life of a solar receiver, the diurnal variations produce 10,950 cycles. Flux
variation due to cloud covers further increase the cyclic duty required of the
solar receiver. Assuming an 8-hour per day operation, the total hold-time dur-
ing a 30-year service life would be 87,600 hours. It is this elevated tempera-
ture operation coupled with the cyclic nature of loading which activates the
creep rupture, creep ratcheting, and creep—fatigue interaction mechanisms of
time-dependent fracture.

A wide spectrum of materials are of interest in these systems. A typical
set of temperature ranges and the corresponding materials are listed in Table 2.

The solar heat flux falls only on one side of the receiver tubes. A non-
symmetrical temperature distribution on the cross-section of the receiver tubes
is, therefore, generated. A typical temperature distribution -is shown in
Figure 3. 1In addition to through-the-thickness temperature gradient, a large
front-to-back temperature gradient also occurs. A predominantly biaxial state
of stress exists at the maximum temperature region and may vary from all com-
pressive at the outer wall to tensile-compressive at the inner wall as shown in
Figure 4. The tensile stresses develop in the hoop direction due to pressure;
however, thermal stresses, in both hoop and longitudinal directions, are com-

pressive at the hot surface and tensile at the colder surface ' of the receiver
tube. ‘

CREEP-FATIGUE EVALUATION

W

A designer has to demonstrate that various components of the solar system
would retain their structural integrity under the operating lvads for a design
life of 30 years. A creep-fatigue evaluation must be performed according to
some cumulative damage procedure. One procedure used in industry today is de-
scribed in the ASME Boiler and Pressure Vessel Code in Code Case N-47.% The
procedure calls for evaluating creep damage and fatigue damage separately and

10
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Figure 2 Schematic—4SQlar Brayton Cycle System
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- Table 2 Temperature Ranges and Materials in the Solar Power Systems

TEMPERATURE | °

RANGE (°F) MATERIALS OF INTEREST

800 - 1000 |KCriMo; 24Cr IMo; 304SS -
1000 - 1200 | 304SS; 316SS; I-800H

1200 - 1400 | I-800H; INCONELS (Ni-Cr-Fe)
1400 - 1600 | INCONELS; HAYNES 188 (Co-Cr-Ni)
1600 - 1800 | HAYNES 88; SUPERALLOYS

1800 - UP STRUCTURAL CERAMICS (SizN,,SiC);
REFRACTORY BASED ALLOYS (Ta; Mo, Cb;W)

11
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use a linear (or bilinear) cumulative damage equation:

L

b

+ I
d. d

le

<D (1)

The first term represents the cumulative creep damage in which T, is the creep

rupture time related to the effective stress during a hold time, t, between dny
two consecutive cycles. The second term represents the-cumulative fatigue dam-
age in which N, is the fatigue life related to the effective strain range value
corresponding to n number of cycles. D is the material dependent damage param-
eter, )

PROBLEMS WITH ASME CODE ANALYSIS

There are a nﬁhber of serious problems associated with the use of the ASME
Code Case N-47 for the design of solar components. Some of the major problems
are listed below:
. @ Highly conservative - will result in excessive economic penalties
® Treat tensile and compressive hold identically
e Data available for only limited number of materials
e Most data based on uniaxial tests; multiaxial effects not well charac-

terized.

Because of these problems, an ASME Solar Energy Standards Committee has been
formed which is attempting to develop appropriate code rules for use in the de-
sign of solar components.

TESTS AND DEVELOPMENT NEEDS

Under a contract from the U.S. Department of Energy, Foster Wheeler Devel-
opment Corporation has recently completed a study .in which the design problems
of solar thermal power systems were examined in relation to the currently avail-
able Structural Design Code rules. As a result of this study, an interim
structural design standard was prepared, and a number of test and devélopment
programs needed to generate~new design data and to update the interim design
standard were identified.? Some of the major test and development needs are
listed below: ’

e Validity of accelerated tests to long-time service
e Effect of compressive hold-time (healing?)
e Effect of multiaxial stresses on creep and fatigue damage

e Material variability studies

e C(Creep and thermal ratcheting

13




e Creep-fatigue damage criteria

e Development of simpiified methods for creep-fatigue evaluation.

REFERENCES

1. ASME Boiler and Pressure Vessel Code, Case Interpretatlons, N-47 (earlier
" Code Case 1592), New York, 1977.

2. I. Berman, A. C. Gangadharan, G. D. Gupta, and T. V. Narayanan, "Final Re-
port — -Phases 1 and 2: An Interim Structural Design Standard for Solar
Energy Applications," prepared. for Sandia Laboratorles, Livermore,
California, January 1979.
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DESIGN CONSTNDERATIONS:
GAS TURBINES FOR ELECTRIC POWER GENERATION

David M. Moon
Westinghouse Research & Development Center

ABSTRACT

0f all of the present day power generating equipment the gas turbine
represents one of the most sophisticated designs from the standpoint

of time dependent deformation behavior. The large size of the equipment,
which limits the amount of full scale testing, together with the demanding
performance requirements and high level of reliability desired places a
high degree of emphasis on the high temperature deformation design process.

As an example of the various design considerations used in this equipment,

a brief overview of the turbine will be given, highlighting the materials,
stress, temperatures and load history experienced by the major components.
Particular attention will then be focused on the vane segment design consid-
erations. This component is not only structurally complicated, but experiences
steep temperature gradients imposed by internal cooling and large temperature
transients during cyclic duty operation which have to be addressed in the
design procedure. Based on this discussion the limitations of the current
design procedures will be highlighted and the areas requiring additional
research inputs will be discussed.

15




CERAMIC DESIGN REQUIREMENTS FOR LONG-LIFE HEAT ENGINES
David W. Richerson

AiResearch Manufacturing Company of Arizona

1.0 INTRODUCTION

Heat engines have continually evolved to higher temperature
designs to provide improved cycle performance. In the past this has
been achieved by development of improved alloys and cooled component
designs. Metal alloys are approaching peak operating temperature
capabilities with little further temperature increase likely without
incorporation of complex and/or expensive cooling schemes. Advanced
ceramic materials have the potential for uncooled operation at tem-
peratures significantly higher than metal alloys and are currently
being developed for heat engine applications.

During the past 15 years, over 300 ceramic materials have been
evaluated as candidates for heat engine (especialilly gas turbine)
applications. Most ceramic materials evaluated had inadequate
strength, poor oxidation resistance or could not withstand high
thermal stresses. The best materials defined in these studies were
silicon nitride (Si3Ng4) and silicon carbide (SiC). : Both materials
have high strength, low thermal expansion, high thermal conductivity
and good oxidation resistance. Recent studies irfdicate aluminum
nitride (AlN) and Sialons (Si3Ng - Al,0 solid solution alloys) may
also be good candidates for some heat e%gine components.

Ceramic material technology is evolving rapidly with new mater-
ials being introduced and existing materials being significantly
improved. However, ceramics for heat éngine applications are still
at a relatively early stage of development compared to metals.
Mechanisms of material densification and of resulting properties
such as creep, slow crack growth and stress corrosion are not
adequately understood to allow component design or life prediction.
Basic research is necessary to define the me¢hanisms. and provide the
necessary data base.

The following sections will briefly describe the potential app-
lication of ceramic materials to high temperature power generation
gas turbine engines with emphasis on the conditions to which the
ceramic components will be exposed.

16




2.0 TYPES OF GAS TURBINE APPLICATIONS

Three categories will be discussed:

o) Open Cycle Gas Turbines
o Closed Cycle Gas Turbines
o] Waste Heat Recovery

2.1 Open Cycle Gas Turbines

In an open cycle gas turbine the hot combustion gases pass
through the turbine. 1Interaction of these gases (and any included
particulate matter) with the turbine rotor and stator components
typically limits the operating temperature of the turbine and the
life of the components. This is currently true for metals and is
likely to be a factor for ceramics, although very little data are
available. Impurities in the combustion gases such as sulfur,
sodium and vanadium are particularly deleterious to metals. Studies
are required to determine the effects of these and other impurities
on gfhdidate ceramic materials at temperatures between 2000 and
3000°F.

Much interest is presently focused on coal and coal-derived
fuels. Three approaches have been or are being evaluated:

o Direct co&& burning
o} Coal-deriéed liquid fuels
o} Coal gasification

Direct <coal burning in an open-cycle gas turbine does not
appear feasible. Coal contains a significant percentage of non-
combustible material that would pass through the turbine as slag or
ash. Ash content and composition vary according to the coal source.
Illinois No. 6 coal contains 11.6 weight percent ash compared to
Wyoming coal with 5.7 weight percent. Table I compares the chemical
analysis of the slag of these and other coals sources.
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TABLE I COMPOSITION OF VARIOUS COAL SLAGS

Rank Lignite M.V.B. | H.V.C. Sub.bit
Location Zap, Ehrenfield, Victoria, Hanna,
N.D. Pennsylvania Illinois Wyoming
Seam . Zap ‘L.Freeport Illinois 6 80
Ash : 2t ' ‘ :
Composition %
sio, - 20-23 , 37 . 50 29
Al,04 9-14 23 : 22 19
Fe,0,4 6-=7 34 ' 11 - 10
‘Ti0, 0.5 0.8 0.9 | 0.8
cao 18-20 | 0.8 . 9.0 .. 18.7
Mgo 6~7 0.4 ' 1.1 ~2.9
Na,0 8-11 : 0.2 0.35 - 0.2
v :
K,0 0.3 1.3 2.2 0.7
S0, 21 1.6 1.6 B - 17:78
$ash 7-11 15,1 . 14.3 . 6.6

$sulfur 0.6-0.8 4.04 : 2.6 - co 1.2

All contain significant amounts of sodium compo@ﬁds, sulfur and
other chemical species that could interact with turBine components.

Previous studies have demonstrated that cocal slag adheres to
open cycle turbine components resulting in a rapid decrease in gas
flow and a loss in aerodynamlc efficiency. This slag fouling has
prevented direct coal burning in open cycle gas turbine engines.

Coal-derived liquid fuels produce cleaner combustion products
than direct coal burning, but some ash or slag is still present. As
with direct coal burning, slag fouling limits the application of
coal-derived liquid fuels. :

Coal gasification produces still cleaner fuels, especially if
procedures are added to remove particulates and sulfur. Coal gas-
ification fuels appear viable for use in open cycle gas turbines.
However, energy 1is required to gasify the <coal, <cool the
resulting gas prior to cleaning and remove the particulates and
sulfur. This wasted energy limits the overall plant efficiency and
demands other systems in the plant be operated as efficiently as pos-
sible. Therefore, the gas turbine must be operated at very high
inlet temperatures and bottomed by a conventional steam turbine.
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A current DOE study entitled "Ceramic Technology Readiness Pro-
gram" is evaluating material requirements for a turbine with an
average inlet temperature of 2600°F. Considering typical tempera-
ture distribution in a turbine, some first stage stator vanes will
be exposed to 2900 - 3000°F. Ceramic materials are being considered
for these and other uncooled components exposed to temperatures
above 2000°F. The Ceramic Technology Readiness Program has defined
the following basic technology needs for ceramics for this type app-
lication:

o) Measurement of strength, creep, static fatigue, cyclic
fatigue and other properties in the 2000 - 3000°F range

o] Determination of the mechanisms of slow crack growth and
incorporation into a life prediction methodology

o Determination of the effects of long term exposure to the
gas turbine combustion environment and incorporation into
a life prediction methodology

o Material development to resolve any deficiencies defined
by the above basic property studies

2.2 Closed Cycle Gas Turbine

In a closed cycle gas turbine the combustion gases do not pass
through the turbine, but are instead passed over a heat exchanger
which transfers the heat to an enclosed working fluid. Thus, the
heat exchanger is suybjected to higher temperatures than the turbine
‘and is the only component exposed. to the combustion gases. Figure 1
shows a simple schematic of a combined closed cycle/stemn power
- system. C gy ,

v

o ()'u (’v
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Figure 2 shows the component temperature and cycle efficiency as a
function of turbine inlet temperature.
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The term "heater" refers to the heat source heat exchanger and the
term "refractories" refers to refractory metals.

The heat 'source heat exchanger is operated at higher tempera-
tures than the turbine inlet. Based on current metal properties and
economics, a ceramic heat source heat exchanger is required for any
turbine inlet temperature over 1500°F.

Closed cycle gas turbines have the advantage of using a wide
variety of heat sources including direct coal burning. With the use
of ceramics, very high plant efficiencies can be achieved. Figure 3
summarizes the results of a DOE study conducted by AiResearch.
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Use of ceramics in a closed cycle gas turbine .can achieve high effi-
ciency operation and low cost electricity at much lower temperatures
than required for a coal gasification/open cycle system.

Y

2.3 Waste Heat‘Recovery

.

Many industrial processes release large amounts of hot gases.
Significant energy could be produced by using the waste heat from
these processes to operate a turbine. 1In most cases the key compon-
ent is a ceramic heat exchanger. Examples of two tsystems are shown
in Figures 4 and 5. C - o {‘ '

1D
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3.0 CONCLUSIONS

Ceramic materials provide the potential for large increases in
the efficiency of power generation. However, candidate ceramic
materials are still in the development stage and much basic tech-
nology regarding properties as a function of temperature, slow crack
growth under static and cyclic loading and environmental effects
must be obtained by basic and applied research.

Energy applications are currently materlals llmlted and sig-
nificant progress will not occur until a major, long-range commit-
ment is made to material development and characterization.
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DESIGN CONSIDERATIONS FOR HIGH TEMPERATURE
COMPONENTS IN FUSION ENERGY SYSTEMS *

Bruce A. Cramer
McDonnell Douglas Astronautics Company - 5t. Louis

iy

First wall and blanket structures present one of the most critical design
challenges of fusion reactors. The response and resulting life of these com-
ponents, operating in high temperature and radiation environments, will have
a significant influence on the economy of fusion power. First wall structures
form the vacuum wall of the reactor plasma chamber and contain a circulating
coolant. Even a very small leak of air or coolant into the :.chamber will be
cause for shutdown of the reactor.

Structural analysis studies® have been directed at developing an under-
standing of the response of first wall structures to fusion reactor environ-
ments so that direction can be provided to future research efforts. These
studies have shown the importance of fatigue crack growth and brittle fracture
mechanisms. The growth of flaws to a coolant leak condition have been identi-
fied as a critical life determining failure mode. Neutron wall loading has a
major effect on wall life due to both the increased rate of radiation damage
and higher structural temperatures associated with higher neutron wall loadings.

Inelastic analyses have provided an indication of the very complex nature
of the stress histories in a first wall structure. These studies have includ-
ed effects of irradiation swelling, thermal creep, irradiation creep, and
plasticity on structural response. Results show that residual tensile stres-
ses have a significant impact on first wall life. These residual stresses
result from creep relaxation of stresses during the plasma burn.

Primary materials needs for the design of fusion reactor first wall and
blanket structures include fatigue crack growth rate data, fracture toughness
data, swelling and creep interaction effects, and radiation surface and bulk
damage interaction effects, These must be obtained based on in situ testing
in the appropriate coolant environments for a variety of candidate structural
materials. The wide range of loading conditions and operating environments
suggest the importance of understanding the complete range of effects includ-
ing cyclic frequency, hold times and strain rates.

Presented in the following pages are expanded discussions of the vu-
graphs used at the workshop. These address some of the key issues in fusion
reactors as they relate to the subject of this workshop-time dependent
fracture at elevated temperature.

o

* Work reported has largely been conducted under contract with the Electric
Power Research Institute and DOE contract with General Atomic Company.
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FUSION REACTOR CONCEPTS PROVIDE A WIDE RANGE ...
- OF ENVIRONMENTAL CONDITIONS
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Several concepts for producing fusion powér are presently being studied.
These include magnetic confinement concepts such as a tokamak reactor and
inertial confinement concepts such as the SOLASE laser reactor. The first
wall and blanket structures of these reactors are subjectédd to a wide range
of loading and environmental conditions at elevated temperature. Therefore,
it is difficult, at the present time, to establish specific material require-
ments for fusion reactor first wall and blanket structurest:

: o Co o hy

Shown in the above figure are ‘the major features of conceptual tokamaks
and laser fusion reactors. In the‘'case of a tokamak reactor, conditions
include cyclic thermal loads resulting from the cyclic'plasma burns. Addi-
tionally, plasma disruptions result in a dynamic pulse load in the first
wall, An alternate magnetic confinement fusion réactor concept, the mirror
machine, operates in essentially a steady state mode.. The first wall of a
laser reactor is subjected to rapid pulsed loads:due to x-rays, reflected
laser light, buffer gas blast wave, and charged particles.

Operating environments will affect structural performance. Materials in
fusion reactor first wall and hlanket structures will be subjected to irradia-
tion at elevated temperatures. Operating structural temperatures will be a
function of the capability of the material. In'typical stainless steel first
walls for conceptual tokamak reactors, operatingitemperatures have been over
550°C. In addition to exposure to the plasma or pellet debris on one side
of the first wall, these structures will be in contact with coolants which
may affect properties such as fatigue crack growth. Leading candidate cool-
ants for fusion reactor first wall and blanket structures include helium,
liquid lithium, molten salts, and water.
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Radiation environments and complex loading conditions in a fusion
reactor result in a variety of material phenomena at elevated temperature
which will tend to degrade structural performance. These phenomena include
bulk effects such as irradiation swelling and creep, strength changes due to
matrix hardening, helium embrittlement, and surface effects such as sputter-
ing and blistering, ..These effects, together with high temperature material
effects, must be included in the analysis of fusion reactor first wall and

blanket structures.

Shown in the above figure are examples of some of the radiation effects,
Swelling of 207% cold worked 316 stainless steel is sensitive to temperature
and is time dependent. This phenomena has been shown to increase in the
presence of applied stresses. Perhaps the greatest concern in first wall and
blanket structures are loss of uniform strain to failure and increases in
ductile-brittle transition temperatures. Losses in elongation to less than
0.5% have been shown to result from irradiation as indicated in the figure.
In addition to the bulk damage effects caused by high energy neutrons, the
first wall surface is subjected to damage from charged particles, neutrons,
neutral atoms, and electromagnetic radiation. These cause sputtering of
atoms from the free surface, blistering by implantation, and transmutations °
as indicated schematically in the figure.

ol .

In situ testing will be meeded to adequately assess the response of
first wall structures. This testing will include representative first wall
stress conditions and environmental conditions and include coolants such as
helium, liquid lithium, and molten salts. Also, interactions between surface
and bulk damage will need to be assessed.
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First wall structures in commercial fusion reactors will be subjected
to combined effects of high temperature, stresses due to temperature
gradients and internal constraints, stresses due to applied loads, thermal
creep, irradiation creep, and irradiation swelling. All of“these will be
time dependent. The complex nature of the resulting stress- histories in a
fusion reactor first wall are demonstrated in the figure.""

These results, shown at various levels of neutron wall loading, are '
based on inelastic analysis and include effects of thermal:creep, irradiation
swelling and irradiation creep, The compressive stresses, which occur during
a plasma burn, result from high temperatures at the first wall surface
adjacent to the plasma. The compressive stresses relax toVrelatively low
levels with time and increase again as swelling is initiated. Further
increases in the compressive stresses are prevented as irradiation creep
and swelling offset each other. As a result of relaxation, -significant
residual stresses, both tensile and compressive, occur upon. .reactor shutdown.

Present computer codes provide capability for analyzing complex struc-
tures, including the nonlinear effects of creep and plasticity. However,
the resulting stress and strain histories are functions of ‘the constitutive-
equations used and the assumed relationships describing material behavior.
This capability is limited even without the additional complications of
irradiation effects. Constitutive equations, which adequately represent
material response, must be developed so that the response of first wall .
structures to reactor environments can be better understood. This will
provide a basis for development of structural materials and first wall design
concepts to provide long first wall life.
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Stresses in fusion reactor first wall and blanket structures will vary
significantly throughout a module. Additionally, the response of these
structures will vary with location in the reactor because the neutron wall
loading generally varies, particularly in the poloidal direction. Because
of this it is very difficult to attain what might be called an optimum
geometry for a first wall design. -

Shown in the figure are stress distributions in a 316 stainless steel
canister first wall configuration. Temperatures in this example vary from
approximately 500°C at the tip of the canister to 350°C at the interface
between the hemispherical dome and the cylinder. The peak temperature
gradient through the 0.2 cm wall thickness is 50°C. This occurs at the tip
of the dome (@ = 0). It can be noted that the major stresses in this case
are essentially limited to the hemispherical dome. Both tensile and com-
pressive stresses occur. The effects of change in stress state due to
relaxation have nqﬁwbeen included in this analysis. Additional sources
of stress such as those due to coolant pressure and temperature variations,
which also have not been included here, must be included in the final

analysis.
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Stresses in fusion reactor first wall and blanket st;@étutes will
generally be cyclic. In a tokamak reactor, cyclic stresses result from
changes in temperatures and temperature distributions between plasma burn
and nonburn portions of the cycle. In laser reactors, pellet micro-
explosions cause rapid cyclic temperature and shock waves. @Even in the case
of a steady state mirror reactor, periodic shutdowns will be required. 1In
all of these reactors local coolant pressure fluctuations can be expected
and time dependent variations in the neutron wall loading may occur.

Shown in the figure is a cyclic stress history for an Inconel 625
plasma chamber for the Power Generating Tokamak Fusion Reactor concept of
an Engineering Test Facility (ETF). The structural configuration is a sand-
wich with ribs between inside and outside skins forming channels for the
coolant. The overall wall depth is 4.8 cm. The stress spectrum shown is
for the outside skin where the thermal stresses are tension. The initial
stress is compression due to the one atmosphere external pressure. Tempera-
ture variations between burn and nonburn (30 seconds each) .cause cyclic
tensile thermal stresses in the outside skin. In the study, it was assumed
that a full power plasma disruption occurred each ten burn cycles. The
disruption pulse causes a cyclic dynamic response of the structure. Due to
the relatively short operating time required (approximately 0.2 years) for
this test reactor and the relatively low temperature (v~ 130°C) at the outside
skin, creep and radiation effects such as swelling were not included. Results
will be further complicated in a commercial reactor where stress levels will
be time devpendent.
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Flaw growth to a coolant leak is a critical life determining failure
mode in tokamak first wall structures. Shown in the figure are resulting
life predictions for a stainless steel first wall in a tokamak reactor having
a plasma burn period of ninety minutes and a non burn period of six minutes.
These results are Based on linear elastic fracture mechanics analyses using
the time dependent stress histories shown previously.

The reductionin life with increasing neutron wall load is due to both
the increasing structural temperatures and increasing radiation damage.
Life at low wall loadings tends to be controlled by stresses during the
plasma burn. At higher wall loadings the structural life tends to be con-
trolled by residual tensile stresses present during the non burn period.
Brittle fracture due to high residual stresses will be particularly likely
at high neutron wall loads. These studies resulted in an indication that
wall life using 316 stainless steel as the structural material may be very
short. However, this is based on a design that results in constraints.
Predictions for less constrained structural configurations have resulted in
longer predicted lives.

The interacting mechanisms associated with the fusion environment and
the variety of system operating parameters are veiry complex. Therefore, it
is difficult, at thé present time, to place quantitative scatter bands on
the resulting life predictions based on even the most complex of structural
analyses. It is important to develop cumulative damage concepts, including
effects of creep, crack initiation, ardd crack growth, applicable to fusion
reactor environments, to provide a basis for adequately assessing first
wall and blanket life,
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LIQUID-METAL FAST BREEDER REACTOR STRUCTURAL
MATERIALS DESIGN CONSIDERATIONS*>

R.”L. Huddlestona

Oak Ridge National Laboratory
Oak Ridge, Tennessee 37830

Introduction

The purpose of this paper is to provide DOE workshop participants with'
a brief overview of key structural materials design considerations for fis-—
sion reactors and in particular for the "liquid-metal fast breeder reactor
(LMFBR)" planned for construction on the Clinch River in Oak Ridge, Tennessee.
Although there are some 72 operating power reactors in the United States, the
Clinch River LMFBR, if completed, will be the first large-scale breeder reac-
tor in this country. The light-water reactor (LWR) is the basic power reac-
tor utilized throughout the United States today. This review will cover fis-
sion reactor operating temperatures and pressures to show the trend towards
significantly higher temperature levels, and for the LMFBR, will also cover
basic components, key design problems, high-temperature materials and envi-
ronments, and approximate materials performance bounds.

Temperature and Pressure Levels

Rt
A

Some of the key design parameters for the LMFBR and LWR are compared in
Table 1. Thermal design conditions for the CRBRPb and FFTFC are signifi-
cantly more severe than for a typical LWR with the coolant temperature leav-
ing the core of the LMFBR at approximately 593°C (1100°F) as ‘compared to
343°C (650°F) in a typical LWR.” Two other important thermal design parame-
ters which play a key role in our materials problems are the coolant tempera-
ture rise during passage through the reactor core and the thermal transient
magnitudes which can be introduced by operational events. The design thermal

*Research sponsored by the Division of Reactor Research and Technology,
U.S. Department of Energy under contract W-7405-eng-26 with the Union Car-
bide Corporation.

+Work performed under DOE/RRT 189a OHO48, High-Temperature Structural
Design. o

a3, 7. Blass, ORNL, presented the paper in the absence ‘of the author.

bCRBRP denotes the375 megawatt Clinch River Breeder Reactor Plant to

be constructed in Oak Ridge, Tennessee.

®FFIF denotes the Fast Flux Test Facility under construction at the
Hanford Engineering Development Laboratory. This facility is very similar
to the CRBRP except that the power generating components are omitted.
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increase in coolant temperature in passing through the cure of the breeder
[i.e., 156°C (280°F) in the CRBRP] is approximately 3.5 times that in the
LWR. Furthermore, at the core outlet, coolant stream-to-stream thermal
variations are expected to approach the full thermal increase through the
core. This can result in cyclic thermal variations of 156°C (280°F) in the
CRBRP as compared to 44°C (80°F) in the LWR. Due to operational or duty
cycle events, design thermal transient rates (thermal shocks) of 17 to 19°C/
sec (30 to 35°F/sec) are required in the breeder as compared to rates of
about 3°C/sec (5°F/sec) for the LWR.

Water serves as the primary coolant in the LWR with design pressures of
15.5 MPa (2250 psi) being about ten times that necessary for the liquid-
sodium-cooled breeder.

Design life for both the CRBRP and the LWR is shown as 30 years in
Table 1 although design life for the CRBRP is actually 40 years with 75%
availability.

Looking further into the future, other advanced reactor systems are
under study such as the HTGR (high-temperature gas-cooled reactor) and the
VHTR (very high-temperature reactor for generating both process steam and
power). Both have higher proposed core outlet temperatures than the LMFBR.
A temperature of 85Q°C (1562°F) is under study for the HTGR gas turbine cy-
cle and a temperature of 950°C (1742°F) under consideration for the VHIR.

Basic LMFBR Design

A conceptual drawing of the CRBRP is given in Fig. 1 with a simplified
flow schematic shown in Fig. 2. The basic CRBRP design includes three heat
transport loops consisting of a low pressure primary loop passing sodium
coolant through the;''reactor" and the "intermediate heat exchanger (IHX)," a
slightly higher pressure secondary loop passing sodium coolant through the
"IHX" and the '"steam generator," and a steam-water loop passing through the
"steam generator" and the "turbine-condenser system." Temperatures shown in
Fig. 2 represent operating targets as opposed to the design temperatures
given in Table 1. For safety reasons the sodium pressure in the secondary
loop is higher than in the primary loop to ensure that any leakage will be
toward the primary side.

Key structural -components in the LMFBR include (1) a reactor vessel and
associatéd internal components, (2) an intermediate heat exchanger for trans-
port of heat between the primary and secondary sodium, (3) two evaporators
and a superheater which utilize heat in the secondary sodium to generate
steam, (4) a steam turbine and condenser system to drive power generation
equipment, and (5) large pumps for circulation of the heat transport fluids.

LMFBR Environments

LMFBR components operate in four main environments which are summarized
in Table 2. These include sodium (with the impurities noted), steam, air,
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and irradiation. The neutron radiation fluence shown represents that for non-
replaceable components. Replaceable components in the reactor core area such
as c%adding and ducts will see much higher fluences ranging up to 3 x 1023
n/cm<,

Key Design Problems

LMFBR components are designed to withstand a range of in-service load-
ings, including such loadings as internal pressure, thermal heat-up, thermal
transients, fluid momentum, vibration, and seismic. Design experience with
FFTF and CRBRP components has shown that the most critical design problems
arise from the thermal transient loadings. As a result of the relatively se-
vere thermal transient events included in the design of the LMFBR, materials
are expected to undergo cyclic stress-strain ranges with significant levels
of both short-time plastic and time-dependent creep strain. It has been nec-
essary for LMFBR designers to resort to rather complex and costly inelastic
finite-element analysis methods to solve many of these thermal transient prob-
lems in order to show component compliance with ASME nuclear code rules (Code
Case N-47-13).!

It is impossible in this short paper to cover all the LMFBR components
and structural problems in any detail; what will be done in the balance of
this paper is to review two thermal transient problems arising in two selected
components. These can serve to illustrate the type of high—temperature mate-
rials problems that typically arise. Then, taking a broader view encompassing
most of the key structural problems, an attempt has been made to place "bounds
on required material behavior to meet the range of problems anticipated in
the LMFBR.

The first problem which will be described occurs in the "upper internals
structure" of the reactor as a result of what is termed '"thermal striping
transients.'" A schematic of the CRBRP reactor vessel and internals is given
in Fig. 3 for reference. During steady reactor operation as the sodium cool-
ant flows upward through the many coolant passages in the reactor core, each
sodium stream exits at the top of the core with a different temperature. As
noted earlier in Table 1, the bulk temperature in the exit plenum is approxi-
mately 593°C (1100°F); however, stream-to-stream temperature differences as
they exit from the core can run as high as 156°C (280°F) .in the CRBRP. As
these streams mix, a complex, fluctuating temperature condition is generated.
Transient frequency is estimated to be of the order of 1 cps with the tem-
perature anticipated to fluctuate through the full 156°C stream-to-stream
difference. Some thermal lag will exist between the cyclic fluid and compo-
nent temperatures depending on several factors including component thickness
and surface heat-transfer coefficient. However, over a 30-yr lifetime, ma-
terials of construction can be expected to undergo up to 10°% to 10!0 cycles
at strain ranges up to 0.5% and possibly higher in some areas. These ther-
mal striping transients are expected to generate significant levels of -high-
cycle fatigue damage in critical areas. The current material solution to
this problem will be described subsequently in this paper. Additional
information can be obtained from a recently completed DOE-sponsored study of
the thermal striping problem with recommendations for needed research and
development.2
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The second thermal transient problem selected for review arises at the
"primary inlet nozzle' attachment to the intermediate heat exchanger in the
FFTF. This attachment nozzle is similar to the one shown in Fig. 3 and at-
taches the hot-leg piping to the IHX vessel. Transient events which occur
in a reactor are categorized as arising from Normal, Upset, and Emergency
conditions in accordance with Section III of the ASME Boiler and Pressure
Vessel Code.3 Specific events result in severe changes in temperature, pres-
sure, and flow rate. In critical areas such as nozzle attachments, these
events lead to both cyclic, short-time plastic deformation and time-dependent
creep deformation. In general, most of the major events of this type are
expected to occur <200 times over a 30-yr life span and result in strain
ranges generally <0.5%. There are, however, some transient events such as
small load fluctuations which are expected to occur as many as 40,000 to
50,000 times, but obviously with much lower strain ranges.

Design specifications for the FFTF IHX primary inlet nozzle include
more than ten different kinds of transient events during its design lifetime.
These events vary in both intensity and frequency. There may be as many as
725 Upset and Emergency transient events and 118 Normal heat-ups and cool-
downs. These events occur in random sequences and at unpredictable intervals.
The analyst must therefore make certain assumptions in order to make the anal-
ysis feasible. A technique known as transient replacement or "umbrellaing"
is generally used in solving these types of design problems. Basically this
entails a review of the anticipated transients by the designer, and on the
basis of their frequencies and intensities it is assumed that these transients
can be safely lumped together into only one, two, or at most a few transients
for analysis purposes. Care must be exercised, however, to avoid overconser-
vatism and alsc that all failure modes which may be affected by the umbrel-
laing process are considered.

The umbrellaing technique was utilized by Gangadharan, Pai, and Berman"
in their analysis of the effects of thermal transients on the primary inlet
nozzle to the IHX. Preliminary work led them to the selection of a sequence
of two upset transient events for analysis. The first of these denoted as
"U2" represents a safety or control rod drop accident, while the second de-
noted as ""Ul" represents a reactor scram. Thermal and pressure histograms
representing these two transient events are summarized in Fig. 4. To demon~
strate Code compliance it was necessary to do an inelastic finite-element
analysis. The resulting circumferential stress-strain loops for the most crit-
ical finite element are summarized in Fig. 4.

Significant plastic straining results during the severe U2 thermal down-
shock [points 20-40, downshock of —5.6°C/sec (—10°F/sec)] whereas much less
plastic strain occurs during the less severe Ul downshock [points 63-73,
downshock of —2.2°C/sec (—4°F/sec)]. A total inelastic strain range of
0.289% results. Maximum straining was found to occur in the first U2/U1
load cycle; hence, no strain ratchetting is anticipated and the 0.2897% strain
range obtained represents the maximum range for the component design life.
The component was found to sustain negligible creep damage due to the 156-hr
holds at 566°C (1050°F). Strain levels, creep damage, and fatigue damage all
fall within ASME Code requirements.
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High-Temperature Materials

There are only a limited number of materials currently approved by the
ASME Code for application at temperatures above 427°C (800°F) in nuclear re-
actor components. These materials are summarized in Table 3. The tempera-
ture associated with an allowable stress of 41.4 MPa (6 ksi) was extracted
from ASME Code Case N-47-13 to provide a general indication of the relative
useful maximum temperature for each material. These numbers are summarized
in Table 3 along with operating temperatures for each of the four materials
in the CRBRP components shown. These comparative numbers provide a general
indication of the degree to which the thermal capability of each material is
utilized in the CRBRP.

Inconel 718 also noted in Table 3 is the current choice for solution of
the thermal striping problems in the reactor upper internals. For use in
components undergoing 1 cps thermal cycling transients for 30 years, the
computed maximum coolant temperature fluctuation for use with 316 stainless
steel and Inconel 718 components 1is compared in Fig. 5. For this type of
service analysis indicates that Inconel 718 can operate at a cyclic AT of
238°C (429°F) as compared to only 31°C (56°F) for 316 stainless steel. As
previously mentioned, cyclic AT's of 156°C (280°F) are expected to- exist in
the CRBRP reactor upper internals. Inconel 718 is not without its problems,
however, as it has poor weld integrity, and components must-‘be mechanically
fastened to meet ASME Code rules. Both creep and fatigue data for Inconel
718 also need to be added to ASME Code Case N-47-13. These data are currently
being generated.

Materials Performance Bounds

The two problems described should give some perspective on typical de-
sign problems, how they are solved, and the associated material performance
needed. Although the two problems reviewed resulted primarily in fatigue dam-
age, it should be pointed out that creep damage is the dominant damage compo-
nent in many of the critical design problems. You as material scientists
are interested in the range of conditions a material must encounter in a de-
sign such as the CRBRP encompassing all high-temperature components and load-
ings. Such bounds are difficult to generate; however, a review of available
information led to the approximate bounds summarized in Table 4.

Summary

In summary, this paper has attempted to give a brief overview of the
LMFBR, to describe its key components, to address two key structural prob-
lems, to review high-temperature materials utilized, and finally attempt to
place bounds on expected operating conditions. The current status of mate-
rials utilization in the LMFBR might be summarized as follows:

* With the exception of the reactor upper internals, design needs
for the LMFBR can be met with currently approved Code materials.
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¢ Inconel 718 can potentially solve the thermal striping problems in
. the reactor upper internals.

¢ Temperature, stress-strain levels, and design lifetime of the LMFBR
push currently approved Code materials toward their limits of
usefulness.
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Table 1. Comparison of design condi-
tions for the liquid-metal fast .
breeder reactdr (FFIF and CRBRP) Table 2. Liquid m?tal fast breeder
reactor environments
and the light-water reactor

DESIGN CONDITIONS ® SODIUM (995°F, 175 PSI)

PARAMETER LWR? FFTF®  CRBRP®
TEMPERATURE (OF) 02 <1PPM Cl <30

CORE OUTLET 650 1100 1080 Cc <30 Li<5§

REACTOR OUTLET 650 1050 1015

B <25 K < 1000

PRESSURE (PSIA)

REACTOR OUTLET 2250 15 15 Ca<10 S<10

PUMP DISCHARGE 2370 180 200 U < 0.01
TRANSIENTS

CORE OUTLET AT (°F) 80 350 280 0

et N A o i ® STEAM (905°F, 1450 PSI)
COOLANT WATER SODIUM SODIUM ® AIR (900_9950F 1 ATM)
DESIGN LIFE 30 20 30 :
31 |GHT WATER REACTOR ® |RRADIATION —

BEAST FLUX TEST FACILITY

CCLINCH RIVER BREEDER REACTOR PLANT FLUENCES OF < 1020 NEUTF\‘ONS/CM2
(E < 0.1 MeV OVER COMPONENT LIFETIME)
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Table 3.

ASME Code approved materials

for nuclear reactor components oper-—
ating above 427°C (800°F)

TEMPERATURE FOR
ASME ALLOWABLE STRESS

LMFBR
OPERATING TEMPERATURE

(Syy! OF 6 KSI REACTOR STEAM
MATERIALS (°F) VESSEL | IHX | GENERATOR
21/4 Cr-1 Mo STL ~ 950 — — 936
304 S§ ~1050 995 | 995 —
316 5§ ~1100 — | 995 —
ALLOY BOOH ~1175 — — 936

INCONEL 718 — NEEDED FOR THERMAL STRIPING IN REACTOR UPPER INTERNALS

Table 4. Summary of approximate
thermal loadings and material
stress and strain response
in CRBRP components

® THERMAL TRANSIENT LOADINGS
— MOST < 1000 CYCLES IN 30 YEARS

— USUALLY 20-30 CYCLES IN 30 YEARS WITH SHOCKS
OF -10°F/SEC AND AT OF < 280°F

— BALANCE OF TRANSIENTS ABOUT -4°F/SEC OR
LESS WITH AT < 280°F
e THERMAL STRIPING TRANSIENTS
— -500 TO -B00°F/SEC, 1 CPS, < 10? CYCLES, AT < 280°F

® MATERIAL STRAIN RANGE RESPONSE
— USUALLY <0.2 TO 0.3%
— SELDOM > 0.5%

® MATERIAL STRESS RESPONSE
~ SHORT TERM STRESSES USUALLY < 2 X YIELD

{LONG TERM STRESSES DUE TO PRIMARY LOADINGS
USUALLY <05 X YIELD)

Bites 10,

Clinch River Breeder Reactor Plant
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Fig. 4. Results of a typical thermal transient analysis (FFTF primary
inlet nozzle analysis for U2 and Ul thermal transient events; 304 stainless
steel material)

10.0

[ I T I

REQUIRED CYCLES
FOR 1 CPS STRIPING

MAXIMUM ALLOWED
AT = 429°F FOR —]
INCONEL 718 AT

GRAIN SIZE 5 TO 8

5
I

MAXIMUM ALLOWED
ATg = 56°F FOR 316 —|
STAINLESS STEEL

STRAIN RANGE (%)
o

0.01 % | | | f=,
108 107 108 10° 1010 10"
CYCLES TO FAILURE

Fig. 5. A comparison of the relative resistance of Inconel 718 and 316
stainless steel to 1 cps thermal striping transients.
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TIME DEPENDENT FATIGIIE-PHENOMENOLOGY
AND LIFE PREDICTION

L. F. Coffin
Corporate Research and Development
General Electric Co.
Schenectady, NY

I. INTRODUCTION

Fatigue at elevated temperatures, also called time-dependent fatigue,
may have different meanings to each person who encounters the problem,
depending on their previous training, current interests, and professional
responsibilities. His work may involve him in a narrow part of the problem
for which he seeks highly specific answers, whether it be the understanding
of fatigue crack initiation, or the determination of the design life of
a pressure vessel. To encourage a broader appreciation of the problem and
to attempt to lower the communication barriers, it is appropriate to comsider
the several physical aspects of the problem, and to examine the many
disciplines that are brought to bear either to understand the problem, to
prevent it from occurring, to design around its complexities, or to live
with it. Referring to Fig. 1, we imagine an engineering structure con-
taining a notch. The structure might be a turbine rotor, or a pressure
vessel, loaded centrifugally, or by internal pressure, and it presumably
has some temperature gradient acting in the notch region. The centrifugal,
pressure, or thermal stresses are cycled, most commonly from zero to
tension by start-stop or load-unload operation of the equipment. We then
envisage the fatigue process to occur in three stages: first, nucleation
and early growth of cracks within the plastic zone developed at the notch
root; second, crack propagation of a stable crack through the plastic zone;
third, propagation of the crack through the elastic zone, the crack
generating its own plastic zone, until fracture of the structure results,
either by sudden fracture, leakage, or by excess vibration or deformation.
These stages are shown in Fig. 1.

Also in Fig. 1 we identify some of the many disciplines which must be
brought to bear on the problem. Consider first the plastic zone. Identifi-
cation of the appropriate stresses and strains are required through
analytical tools, such as finite element analyses. This requires the
selection of appropriate material information and constitutive equations, heat
transfer analysis, etc. With the aid of appropriate failure criteria, the
conditions for the occurrence of microcracks or for nucleation and early
growth can be specified. Elastoplastic analysis further aids in the speci-
fication of conditions for crack growth through the plastic zone, again
coupled with an appropriate fracture criterion. Finally, elastic stress
analysis and fracture mechanics concepts allow the determination of crack
growth in the elastic regime.

Along the way we can identify several additional disciplines. Included

are environmental effects on nucleation and growth, manufacturing techniques
for surface preparation in the critical area, choice of material, testing
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methods for developing failure criteria, low-cycle fatigue studies, de-
velopment of high- and low-strain crack growth rules, time dependency,
fractography, etc. Groups of these and other disciplines are lumped
together into such activities as life prediction, design, code develop-
ment, etc. There is also a whole structure of disciplines directed
towards other aspects of the problem such as metal physics, corrosion
and electrochemistry, physical and process metallurgy, statistics, and
others.

To obtain some semblance of order among this confusion of disci-
plines, it is necessary to keep the physical picture of the problem in
mind. Too often, in the interest of obtaining answers, we forget that
fatigue failure is progressive, starting from a single grain or micro-
scopic flaw, gradually growing to a size where it compromises the
integrity of the structure. Our models or criteria should be continually
examined to be sure that, indeed, the physical aspects of the phenomenon
have not been lost sight of, or better yet, are the building blocks for
the model or criterion.

The concept described in Fig. 1 where a test specimen,be it a smooth
uniaxial low cycle fatigue specimen for determining fatigue initiation and
early growth or a compact tension specimen for determining crack growth, is
used to simulate the fatigue processes in the component under consideration,
provides the important comnecting link between life predictior® for the
component on one hand and the material's performance on the other. In the
present discussion we shall consider only the question of initiation and
early growth since this is the basis of most of the codes and design pro-
cedures in use today }n this case the concept is referf&f to as ''smooth
‘specimen simulation"(15 or the "local strain approach."

The local strain concept is an attractive one in that it permits the
. massive body of smooth, uniaxially loaded fatigue data to be transferred to
the design of the structure, but it is not without its problems. The
assumption is made that laboratory specimen failure data are equated to crack
initiation in the actual structure. This may be valid when the plastic zone
is large relative to the specimen size, or when the strain gradient in the
notch is small. Also such factors as biaxiality of stress (plane strain),
or surface roughness represent sources of difficulty with the concept. A
recent paper by Dowling, however, interprets test results from an SAE
round-robin test program with service-simulated loading applied to a notched
compact-tension specimen, using the local strain approach and finds satis-
factory predictive capability. At high temperature the method has been
employed by Mowbray and McConnelee(3) and by Coffin.

The local strain approach when applied to design assumes that fatigue
life is determined by crack initiation. As indicated above, many engineering
structures are designed in this way. An alternative approach which is
finding increasing support with the advent of fracture mechanics concepts
in design is to assume the presence of a pre-existing flaw, which negates any
contribution from crack initiation and assumes that life is a result of the
plastic or elastic crack growth cyclic life. Such procedures are warranted
when the probability of -defects is high in critically strained regions.
Welded structures represent this situation. However, when the number of
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similar parts being manufactured is high, when material quality is carefully
controlled and when appropriate NDT techniques are employed to reduce the
probability of defect initiated fatigue to low levels, then crack initiation
concepts are valid.

An intermediate approach is to combine both of the above philosophies.
Every effort is taken to ensure - that defects are absent from critically-
stressed regions and the structure is basically designed by crack initiation.
However, to avoid the chance situation of a defect slipping through the
inspection process a characteristic defect is assumed and the life so
calculated. This quantity serves as the basis for determining the inspec-
tion frequency for crack detection of the component.

The point of this discussion relative to the more general thesis of the
paper is that we must be concerned with all three of the elements shown in
Figure 1 if we are to develop a technical background from which sound pre-
dictive procedures can be derived for the reliable performance of real
structures subjected to complex loadings and environments.

ITI. PHENOMENOLOGY

~ In this section the rather extensive observations, obtained mostly from
elevated temperature- low-cycle fatigue tests, will be rev1ewed as background
for treating the question of life prediction in the time dependent regime.

A. Strain Rate and Frequency

The effect of frequency and of strain rate on the low-cycle fatigue
behavior of metals at high temperatures has been extensively investigated
using tests with balanced loading (equal ramp rates in tensile going and
compressive going). The earliest work of interest was that by Eckel on
lead who correlated his results with frequency of cycle and failure time.

Berling and Slot( ) studied the effectoftemperature (703 923, and
1133 K) and strain rate (4 x 10~ 3, 4 x lO'A, and 4 x 107 9s ) on AISI 304,
316, and 348 stainless steel, showing the progressive decrease in cyclic-
strain fatigue resistance with increasing temperature and decre?§§ng straln
rate. Coff%n has reported(ig)the frequency effect of Nickel A, A286(8
Udimet 500 and Rene 80 at elevated temperatures on smooth an?
notched (11 bars. From these results and those of Berling and Slot, 6)
Coffin developed phenomenological representations for the frequency effec
by combining the Coffin-Manson equation with the results of Eckel. 23

Weeks et a1(13) give results of extensive testing of AISI 304 and 316
over a wide range of strain rates and metallurgical conditions. The general
conclusion from these test results and many others not cited here is that
progressively decreasing frequency degrades the fatigue resistance of
structural alloys at elevated temperatures under fully reversed cyclic-strain
conditions in air environments. Accompanying this decrease in life is a
change in appearance of the fracture surface from that of transgzgnﬁiﬁr
fracture to intergranular as the frequency of cycling decreases. An
important but unanswered question is whether eventual saturation in loss of
life occurs at even lower frequencies. "
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To give an example of the effect of cyclic frequency, notched bar
fatigue tests of A-286 were investigated with three specific aging heat
treatments designed to alter the y' size and the homog?neity of deforma-
tion. These heat treatments are identified elsewhere. 11)

The results of notched fatigug tests at 593°C on specimens with
K_ = 3 testing at Ac/2 = 414 MN/M® (60,000 psi) at three frequencies are
shown in Figure 2. The dashed line for the standard treatment represents
a regression analysis of results of tests under a variety of notches and
stress levels. A strong frequency dependence of life is apparent below
about 5 cpm for all heat treatments. However, the lives are substantially
different at a given frequency for the different heat treatments. A
double aging treatment (#3) in particular shows much less frequency
sensitivity than the single lower temperature treatments.

Since for A286 failure at low frequencies was intergranular, elimina-
tion of transverse grain boundaries might be expected to increase the
life in the low-cycle regime. Accordingly, two notched specimens with
K¢ = 3.0 were prepared from remelted stock which had been directionally
solidified. Clearly a substantial improvement was obtained as seen in
Figure 2.

If the transverse grain boundaries are retained but the environment
is eliminated_in A286, the high vacuum test point shown on Figure 2 at
v =1.6 x 107° Hz indicates a further improvement. This confirms that most
of the frequency dependence observed in air tests is related to the in-
fluence of oxidation processes at the crack tip. The failure of the
directionally solidified specimens tested in air to last as long as the
vacuum test may be attributed in part to the cast structure in which
transverse dendrite boundaries become preferred crack propagation sites.

r

Tests were also performed at higher frequencies (up to 30cpm). From
the view that, at high frequencies, there would be little time for environ-
mental attack, curves were constructed to indicate a common cgnvergente
point at 1000 cpm. Above this frequency the material can be expected to
be environmentally insensitive and independent of frequency. For frequen-
cies approaching this convergence point the fracture surfaces would be
expected to be largely transgranular. Fractographs of the 30 cpm test
supported this view.

B. Environment ,

Recognition of the important role of eny%zonment on fatig?fsgamage is
evidenced b¥ the early work of Achter et al. ) and of White. McMahon
and Coffin, 16) in examining the fatigue resultsof Udimet 500 in air, found
strong evidence that localized oxidation was critically important to the
failure process and concluded that life degradation was more a result of
"oxidation'" fatigue (analogous to corrosion fatigue) than of creep damage
processes. _This work was followed by investigations of comparative
effects(8,17) in air and in vacuum [1.33 Pa‘(lO_8 torr)] in which testing
was conducted under fully reversed strains and equal ramp rates on a variety
of materials. From these experiments it was concluded that the degrada-
tion processes were mostly environmental, since room temperature (time-
independent) behavior could be produced by testing in vacuum rather than
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in air at elevated temperature. Evidence for this conclusion was seen by
the occurrence of transgranular fracture, and by fatigue lives comparable to
those found at room temperature (based on plastic strain considerations),
and independent of frequency and temperature. Figure 3' is an example of
this behavior for A286. Further work was done on the effect of low frequen-
cies on AISI 304 stainless steel(l7) to show that in high vacuum lives were
unaffected by decreasing frequencies and fracture was still transgranular

at 923 K at frequencies of 166 Hz (0.0l cpm). Other investigators have
reported that inert environments significantly improve the_fatigue life

over that in air, as reported, for example, by Andrews and Kirschler on

2 1/4 Cr - 1 Mo steel in sodium.(18

C. Waveshapes

Laboratory tests can be carried out using a variety of waveshapes and
the findings from these experiments are extremely important to the present
discussion. Some typical waveshapes are shown in Figs. 4 and 5 and include
tensile strain hold [Fig. 4(b)]; stress~hold and strain limit, the so-
called CP cycle .[Fig. 4(e)]; equal-equal slow-fast and fast-slow (Fig. 5).
Over the years, a large amount of testing experience has shown that de-
creasing frequency of the cycle degraded the life,(19s20) and that waveshape
had an important influence on life. Strain-hold time studies on austenitic
stainless steels(?l) and materials of similar strength and ductility reveal
that tensile strain holds are the most damaging mode for equivalent periods.
On the other hand, for the cas% nic%el—based superalloys, compressive strain-
hold tests are most damaging. 22-23) Tests on carbon and 1oy—2}loy steels
show that frequency, but not waveshape, influences the %ife. 2 A dis-
cussion of these waveshape éffects 1s given elsewhere. ,25)

. . . (21,26)
In tensile strain-hold time tests on AISI 304 stainless steel,
significant differences in fracture morphology and in life are found when
‘compared to combined tensile and compressive holds. Fractures for the

former were largely intergranular while additions of compression hold times
of shorter duration cause largely transgranular fracture and increased lif%.
Similar findings have been reported recently for AISI 304 stainless.steel. 27)
Internal cavities have also been noted in 20Cr/25Ni/0.7Nb stainless steel at
1023 K(28) and on a 1 CrMoV steel at 838 K. (29)

Other types of unbalanced loop tests reveal similar degradation on
life and changes in fraczure morphology. These include fully reversed
creep at constant stress 30,3 of AISI 316 stainless steel at 977 K,strain
range partitioning waveshapes such as CP loops, 25) thermal mechanical
tests on A286 (32§ at 868 K. The common feature of all of the above tests
was the significant decrease in life and the appearance of intergranular
cracking and interior cracking and cavity formation when the time for
which tensile stresses were applied exceeded the time spent under com-
pressive stress inagiven cycle.

D. Waveshape - Environment Interactions

An uncertainty would appear to exist between the degrading effects
found for unbalanced loop tests conducted in air and the insensitivity to
time-dependent damage when balanced loop tests are conducted in high
vacuum. For this reason, unequal strain-rate tests were carried out both
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on A286 and AISI 304 stainless steel in high vacuum. Results, shown in

" Fig. 8 for A286, rev?§%)a pronounced waveshape effect on life in this en-.

vironment. Sheffler also noted this behavior, but his results were
somewhat obscured by the thermomechanical nature of his tests. Looking
particularly at the stainless steel results at 923°K in Table I, note that
the slow-fast test carried out in vacuum is nearly as damaging as the
corresponding air test, while for balanced loops (equal times in tensile
and compressive going) the vacuum environment produces a nearly sevenfold
increase in life over that in air. Fractography reveals that both the air
and vacuum slow-fast tests failed by intergranular fracture, and, in
addition, extensive interior grain boundary cracking is observed. This
indicates that interjior damage processes are unaffected by the external
environment, but appear to be strongly influenced by the waveshape. Support
of this position is found in the results of the air vs vacuum equal strain-
rate tests where no interior damage was observed. On the other hand,
fatigue cracks originated at the surface and were transgranular in vacuum
but intergranular in air, showing environmental involvement. Of particular
interest were the fast-slow test results on AISI 304 stainless steel at
both 923 and 1083°K. Failures occurred away from the diametral control
position from a ratchett%n§—instability process. Details of this behavior
are discussed elsewhere. (> )

Unequal strain ra%e testing has also been performed on two copper-
based alloys at 811°K. 34) Alloys were examined, identified as 1/2 hard
AMZIRC and NARloy Z. Rates considered were 10~2/4 x 10-4s~1 (tensile
going/compressive going) 4 x 10-4/1 x 10-2s~1 for the AMZIRC copper, and
10-2/4 x 10~%s~1, 4 x 107%/1 x 1072s-1, 4 x 10-5/1 x 1072, and 7 x 10-6/1 x
10-2s~1 for ‘the NARloy Z alloy. Results obtained for this alloy are re-
produced in Fig. 9 and reveal the striking degradation in fatigue life with
increasing strain rate unbalance in slow-fast testing. Mean,stresses were
noted in the hysteresis loop, a behavior commonly found in unbalanced loop
tests, :

III. PREDICTIVE METHODOLOGY 1

A wide variety of predictive approaches have been developed over the
years, for application to designs for high 2emgerature service. Many of
these have been reviewed from time to time.(l»25) Because of the evolving
physical understanding and phenomenology, the state of predictive metho-
dology is one of change and improvement. Here we will discuss the current
procedure .and five of the newer methods currently under active study and
evaluation.

A. Present ASME Creep-Fatigue Rules and Procedures

The present Code rules established in Case 1592 of the ASME Boiler and
Pressure Vessel -are predicated on a linear damage summation between fatigue
damage and creep. In the case of creep, time for stress to rupture is used.
The procedures are outlined in more detail in Figures 10 and 11. The pre-
dictive criterion used here, namely the linear summation of damage introduced
by fatigue and by monotonic creep, is far removed from the actual damage
processes encountered in time-dependent fatigue, as discussed above. For
this reason, other life prediction approaches have been developed. Some of
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them are described below.

B. Frequency Modified Fatigue Equations and Their Applications

It is difficult in the space allotted to this topic to adequately
describe the complex phenomenology developed for the cyclic stress-strain
and fatigue processes at elevated temperatures. One attempt was to
formalize this complex behavior through the use of the so-called frequency-
modified fatigue equations, which represent the material behavior through
the use of the plastic (inelastic) strain range and the frequency of the
cycle. These equations are:

-8
k-1
Asp = Cz(va ) 0
Lo, n' kg
AEe = E = A Aep \)' (2)
_bo_ g B k]
de, = A'Ng T v (3.)

W
The coefficients for ‘these equations are determined from regression
analysis procedures utilizing available test data from smooth, uniaxially
loaded specimens tested at specific temperatures, strain ranges and
frequencies. Specific features and applicability of these equations are
described elsewhere.(1,%) Examples of material behavior, described in
more detail in referencde [1], can be cited, including the cyclic stress-
strain behavior as a ‘fiinction of temperature for AISI 304 stainless steel,
Figure 12, Note that the frequency is accounted for by transferring it to
the left hand side of equation (2) and plotting this parameter as the
ordinate in Figure 12. Of interest is the decrease in stress range and
cyclic strain hardening exponent with increasing temperature, and the
increasing influence of the frequency of cycling on the resistance to cyclic
deformation. Equation (2) can also be expressed in terms of the strain
rate for cases of equal and constant ramp rates for each leg of the loop.
Here - :

'
n m
1

Lo_ BAe "¢ ' (4)
E p P

Ae =
e

where B = A/2k,, n! =n'-k, and'm = k,. Equation (2) or (4) may be useful in
analytical proceduresifor elasto-plastic cyclic stress-strain solutionms.

The frequency-modified Coffin-Manson equation, equation (1) is useful
in characterizing high temperature low-cycle fatigue behavior. It has been
found convenient again to transfer the frequency term to the left side in
equation (1) and define this parameter as the frequency-modified plastic
strain range. Equation (3), called the frequency-modified Basquin
equation, can be similarly treated. Application of equation (1) and (3) are
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shown in Figure 13 for test data on AISI 304 stainless ?teel continuously
cycled at three strain rates and at three temperatures. 6) '

Several features arising from the effect of increasing temperature on
fatigue phenomenology are observed in this figure. We see the increasingly
negative slope and the decreasing life of the plastic strain-cycles to
failure representation. Increasing temperature and concomitant softening
causes a progressive decrease in the elastic strain (or stress range/elastic
modulus). With increasing temperature the transition fatigue life N_ (the
life where the elastic and plastic strain ranges are equal) shifts t6 lower
values of life. The role of the transition fatigue life in di?tinguishing
between low-cycle and high-cycle fatigue is treated elsewhere. 4) “Also
note that increasing temperature has a small effect on the exponent B'
which defines the slope of the elastic strain-cycle life line. From an
engineering design viewpoint the total strain range A€ is a more commonly
used quantity since from it is derived the pseudo-stress EAe. This can be
found by combining equation (1) and (3). Combining the elastic and plastic
lines of Fi§ure 13 for two specific frequencies, 0.16 and 0.16 x 1072 Hz
(10 and 107°CPM), and the three temperatures Figure 14 results. Note the
increasingly strong frequency effects as the temperature is raised and the
large differences in life as the total strain range is decreased. For
example, at a strain ran§e of 0.003, the life at 0.16 Hz decreases from
5x 10° cycles to 7 x 10° a 70 fold decrease for a change in temperature
from 450 to 816°C. At 0.16 x 10”3Hz on the other hand the‘fives are
5 x 10° cycles and 260, a 1900 fold decrease. At this same strain range,
changing the frequency by a factor of a 1000 causes a 27 fold decrease in
life. It should be pointed out that these comparisons are based on an
extrapolation of the test data to lower frequencies on the assumption that
the frequency exponents of equations (1-3) are independentwgf frequency.

The frequency-modified faiigue equation can be used to predict hold
times. It has been suggested, 20) that holdtime behavior could be pre-
dicted from Eq. 1-3 by assuming that ' )

(5)

where té is the time for strain reversal and t, is the hold period for each
cycle. "Using the appropriate coefficients given in Ref. 1 good agreement
with a format proposed by Conway et al 21 representation of which is

shown in Fig. 15.

C. Strain range partitioning

This approach'42>°1J is built around a series of experiments to
establish inelastic strain-cycle life relationships for a given material
and temperature. Four sets of cyclic life experiments are required
identified as PP, CC, CP and PC tests (Fig. 16) where P symbolizes
plasticity and implies a rapid, constant ramp rate tests, while C sym-
bolizes creep and implies testing at constant load. Thus a PP test is omne
which is fast, balanced and continuously cycled, while a CC test is conducted
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under reversed creep conditions at fixed tensile and compressive loads. It
too, is balanced. The CP and PC tests are mixed, consisting of one leg (C)
of a hysteresis loop at constant load, the reversed leg (P) at a rapid
constant ramp rate. These two loops bring in the element of loop unbalance.

A procedure is involved whereby a given complex hysteresis loop is
broken down into components of the four basic loops. Then using an
approximate linear damage rule, called the interaction damage rule, a
prediction of the life for the complex loop is made from the lives of the
component loops. The procedure is shown in Fig. 17. The method is assumed
to have broader applicability than to isothermal conditions, based on tests
performed at various temperatures in which the CC, CP and PC baseline
failure data show an insensitivity to temperature. The assumption is then
made that the baseline data are temperature independent, such that thermo-
mechanical loading conditions can be included in the predictive scheme.

The method has been used for life prediction in a large number of cases.

D. Method of Ostergren.

Ostergren (35) has recently proposed that hold time and frequency
effects at elevated temperature can be accounted for by a damage function
based on the net tensile hysteresis energy. This damage measure is approxi-
mated by the quantity otAep where oy is the maximum stress in the cycle and
Ae_ is the inelastig strain range. The tensile hysteresis energy is
employed to account for the fact that low cycle fatigue is essentially a
crack growth process, and that crack growth and damage occurs only during
the tensile part of the cycle. The use of the tensile stress quantity in
conjunction with the plastic strain range provides a means for accounting
for loop unbalance, since, for the same inelastic strain, a positive mean
stress gives a greater tensile hysteresis energy than a compressive mean
stress.

In order to determine fatigue life, the method requires the substitution
of o le, in equation (1). Additionally, two cases are treated, one where
time-dependent damage is independent of wave shape, the other where damage
is dependent on wave shape. The cast nickel base superalloys are considered
to be in the former class since in general k = 1 for this class of materials
(48), indicating no frequency effect in equation (1). For most other
materials the criterion becomes

B B(k-1) _
ctAepr v =C (6)
where
v o= l/(To + T - rc) for T, > T, ¢))
and
v =1/t for T ¢ T, (8)
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where t, is the time per cycle of continuous cycling, 74 is the tension hold
time and T, is the compression hold time. Figure 18 shows the correlation
of equation (6) with test data on AISI 304 stainless steel.

The method is quite new and untested for wave shapes such as those pro-
duced by CP or PC procedures or by fast-slow or slow-fast testing.

E. Frequency separation

Frequency separation is another recently developed approach for predicting
high temperature fatigue (36,37). It is an extension of the frequency-modified
fatigue approach described earlier. The frequency-modified fatigue equations have
been used as a basis for life prediction (1) by assuming that the period of the
cycle but not the wave shape influences fatigue life. Sufficient evidence has
been presented here and elsewhere to show that the assumption of wave shape
independence on fatigue behavior is unsatisfactory. Accordingly two procedures
have been introduced to correct for this inadequacy. Each are built around the
concept expressed above that fatigue damage arises from the tension going (i.e.
where € > 0) part of the hysteresis loop, and hence separation of each leg of
the hysgeresis loop into tension going and compression going was required.

The first of these procedures is very simple, requiring only that the
frequency term in equation (1) is replaced by that associated with damage, i.e.
the tension-going frequency. Actually, it is more straightforward to deal
with time quantities rather than frequencies. Thus in equation (1),

T =1/v = Ty + To where 1, and 1. are the tension and compression going times.
Since the coefficients in equations (1-3) have been determined for balanced
loop conditions, then T, = 1.. By definition t_ = 1/v_, T. = 1/v,. Thus for
balanced loop conditions 1/v = 2/v or, equation (1), v = vt/2 For any other

loop, the tension going time T, is found, such that v = 1/(2° Tt) and this is
used in equation (1).

The second procedure is more involved since the first procedure does not
adequately predict severely unbalanced loop shapes. Reference is made to the
loops and nomenclature show in Figure 5. It is assumed that the actual stress
range for loops of unequal but constant ramp rates can be determined from the
mean of the stress range for each leg of the loop. Thus Aoggp = bopg =
(Aog + Aop)/2, where the subscript refers to slow and fast. Applying
- equation (2) of the frequency-modified fatigue equations to obtain the stress
range for each frequency, one gets

bog = Aqg =2 (v) (—) n (9

5.6

()=

It is next assumed that, if the stress range is known the life can be
determined, using equation (3) Substituting equation (9) into equation (3)
to determine the fatigue life, one finds

1/8' v ki/B' '
_ A' t
Ng = (Ac ) (2_) (10)

SF
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Note that the coefficients A', ki and B' are obtained from smooth bar,
equal ramp rate tests as indicated earlier.

The applicability of the method to a variety of experiments on wave shape
effects at high temperature is reported elsewhere (36). Shown in Figure 19
is a comparison of the method with hold time data of Jaske et al.

F. Damage rate equation

Another very recent addition to the growing family of high temperature
fatigue prediction approaches is that of Majumdar and Maiya (39). The
basis for the approach is crack growth and the separation of the growth
processes into two distinct relations, depending on whether the externally
applied stress 1s tension or compression. These relations are:

a, |e_| n | € | k for tensile stress
da T :
de ~ (11

a .Ie | | € | k
C p ) for compression stress
r%

For continuous cycling, equation (ll) is integrated over a given plastic
strain range. When € 1is constant, equation (11) and equation (1) are found
to be identical. ThePmethod has been used to predict fatigue lives for

Type 304 stainless steel under various monotonic and cyclic loading con-
ditions. A refinemenc}bf the method has recently been introduced to include
the additional effects of bulk cavity damage under unbalanced hysteresis
loop cycling.

IV. SUMMARY

In this paper ihe time-dependent fatigue behavior of materials used or consid-
ered for use in present and advanced systems for power generation is outlined. A

picture is first presented to show how basic mechanisms and phenomenological
information relate to the performance of the component under consideration
through the so-called local strain approach. By this means life prediction
criteria and design rules can be formulated utilizing laboratory test infor-
mation which is directly translated to predicting the performance of a
component. The body of phenomenological information relative to time-
dependent fatigue is reviewed. Included are effects of strain range, strain
rate and frequency, ervironment and wave shape, all of which are shown to be
important in developing both an understanding of and design base for time
dependent fatigue. Using this body of information, some of the current methods
being considered for the life prediction of components are review. These
include the current ASME code case, frequency-modified fatigue equatioms,
strain range partitioning, the damage function method, frequency separation
and damage rate equations. From this review, it is hoped that a better
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perspective on future directions for basic material science at high temperature
can be achieved.
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TABLE I

Frequency-separation tests (A286 at 595°C)

v, v, :
ap (cpm) {cpm) Ny Type
Air
0.0} 10 0.101 500 Fastslow
0.01 0.2 0.2 280 Equal
0.01 0.101 10 192 Slow-fast
0.00S 10 0.101 940 Fast-slow
0.005 0.2 0.2 683 Equal
0.00$ 0.101 10 320 Slow-fast
Vacuum
0.01 0.2 0.2 849 - Equal
0.0) 0.1 10 296 Slow-fast
0.0} 0.1 10 284  Slow-fast
0.01 10 0.1 ) 1129 Fast-slow

Frequency-separation tests (A1S] 304 stainless steel)

' ' . N T
(mi'n) (mi‘n) S/ ) ype

Air, dep = 0.02,7=810°C,v=0.132 cpm

0.075 7.5 >3749 - Fast-slow
378 3.7 162 Equal

15 - 0,075 52 Slow-fust

Air, A¢p= 0.02, T=650°C,»=0.1 cpm .

0.1 99 >1989 Fast:slow
$.0 5.0 215 Equal
99 0.1 106 Slow-fast

Vacuum, aep = 0.02, T=650°C

10 0.1 148 Slow-fast
10 10 1407 Equal

%Failed off center.
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Fig. 1 - Schematic view of high-
temperature fatigue problem showing
physical stages in failure process
and relevant disciplines.
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Code Case 1592 equation (5)

where

= total creep-fatigue damage (see Fig. T-1420-2.)
aumber of applied cycles of loading condition,J

E
u

=
o

number of design allowable cycles of loading condition, j,

d from the fatigue curves corresponding to the maximum
metal temperature dering the cycles for the equivalent
strain range.
t = time duration of the load condition, k
1’d = allowable time at a given stress intensity {for elastic analysis)

or at a given effective stress (for inelastic analysis) from .
load, k. Tq values are obtained by entering the stress-to-rupture
curve at a stress value equa)l to the calculated stress {from load k)
dividgd by the factor K' = 9.

Fig. 11 - Linear cumulative creep
and fatigue damage relation used in
Code Case 1592, ASME Boiler and °

Pressure Vessel Code.
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Fig. 10 - Creep-fatigue damage
envelope specified by ASME pressure
vessel code for use in linear
damage creep-fatigue analysis.
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Fig. 12 - Representation of data of
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HIGH TEMPERATURE FRACTURE OF CERAMIC MATERIALS

S. M. Wiederhorn
National Bureau of Standards
Washington, D. C. 20234

Abstract

This report presents a review of fracture mechanisms and methods of
lifetime prediction in ceramic materials. Techniques of lifetime prediction
are based on the science of fracture mechanics. Application of these
techniques t6 structural ceramics is limited by our incomplete understanding
of fracture mechanisms in these materials, and by the occurrence of flaw
generation in these materials at elevated temperatures. Research on
flaw generation and fracture mechanisms is recommended as a way of
improving the reliability of structural ceramics.

60




Introduction

Because of national goals for energy self-sufficiency, ceramic
materials are being considered for high-temperature, structural
applications., Potential uses of ceramic materials include coal conversion
systems where ceramics will be used in high-temperature applications:
linings of reactors, cyclones,and transfer lines; components of gas
turbines; structural meémbers in regenerative and recuperative heat
exchangers; let-down valves in synthetic liquid fuel plants; and lock-
hopper valves in coal gasification plants. Hence an understanding of
the critical factors that determine the mechanical integrity of ceramic
materials at elevated temperatures is important. At somewhat lower
temperatures, an understanding of the mechanical properties of ceramics
is important for safe disposal of nuclear wastes, and for the construction
of reliable ceramic components for fuel cell operation and solar energy
production. By improving our understanding of the mechanical behavior
of ceramics it will be possible both to improve the lifetime of ceramics
in current applications and to introduce ceramics into new applications
that will lead to greater efficiency in energy production.

For greater efficiency, coal conversion facilities will require
long-term operation between scheduled closings for maintenance and
repair, Two to five, year maintenance cycles, which are standard for oil
refineries in the petrochemical industry, will be required as a standard
of performance for the coal conversion industry. To achieve this level
of reliability, techniques of lifetime prediction will be needed for
ceramic materials to assure trouble free operation between maintenance
periods. Even more.stringent requirements are needed for nuclear waste
disposal, for which projected lifetimes of safe operation are of the
order of 103 years.,

2. LifetimeiPrediction Techniques

Current techniques of lifetime prediction for ceramic materials are
deterministic in nature (1-3). Ceramics are believed to fail as the
result of crack propagation from preexisting flaws., Consequently,
techniques for lifetime prediction require information on flaw growth
and on the size of the preexisting flaws, The flaws that act as nuclei
for crack growth are often introduced by machining and grinding during
finishing operations, and by impurities and foreign particles accidently
included in powder batches during manufacturing operations. When ceramics
are subjected to reactive environments at elevated temperatures, flaws
can also nucleate as a consequence of chemical reactions at the surface
of the ceramic. Once introduced into the ceramic, these flaws grow into
cracks when a component is subjected to an applied stress of sufficient
magnitude. Subcritical crack growth continues until the cracks reach a
critical size, at which point failure occurs. Failure can occur a
considerable period.after full load has been applied, so that a time
delay to failure is a typical occurrence for structural ceramics.
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2.1 Initial Flaw Size

Lifetime prediction techniques for ceramic materials are based on
the assumption that the engineering lifetime of a structural component
can be determined from the initial size of the critical flaw and the
time required for this flaw to grow to a critical size. The initial
flaw size in a ceramic component can be established by three techniques:
non-destructive evaluation; proof testing; and statistics. As implied
by their names, each of these techniques measures the initial flaw size
in a different way. Non-destructive evaluation techniques, such as x-
ray radiography or ultrasonics, are used for direct measurement of flaw
size. In the past, non-destructive evaluation techniques were not
capable of resolving the 100 pm flaws that account for strength loss in
ceramics, However recent advances in the field of ultrasonics (4) show
that for dense structural ceramics, this technique is now capable of
resolving flaws as small as 50 um. Because of these advances, ultra-
sonics is being applied to the screening of blades for ceramic turbine
engines. Substantial advances have been made recently with regard to
flaw type characterization and estimation of the errors associated with
the application of ultrasonics techniques (5).

Proof testing is used to estimate the largest flaw present in a
structural ceramic (6,7). To be effective, the proof test load dupli-
cates the actual load on the structural component. Once a component has
been subjected to a proof test, the largest flaw in the component cannot
exceed a maximum size given by the proof test level. From this estimate
of the maximum size flaw, a minimum lifetime can be calculated for the
structural component. Provided that the component is not damaged by
subsequent treatment or by handling, proof testing provides 'a reliable
method of lifetime assurance. A considerable amount of recent research
has been conducted to clarify various aspects of the technique (such as
weakening during the proof test, 2,8,9). Proof testing has been applied
successfully in a number of applications: space craft windows (10, 11),
optical fibers (12), vitreous grinding wheels (13) and ceramic turbine
blades (14). 3

Statistics is probably the oldest technique of characterizing the
strength of ceramic materials. Most often, designers use statistics to
quantify the strength distribution so that safety factors can be estab-
lished for practical application. It is only recently that strength
statistics have been combined with crack growth characteristics to
predict lifetimes as a function of initial flaw size probability (2,6,8,15).
This method of combining statistical information on strength with flaw
growth kinetics was first developed in Great Britain, (15) and is now
widely used in that country as a means of improving structural reliability.

el
2,2 Crack Propagation Rates ' s
Tr .n

The crack growth information needed for prediction of.component
lifetime can be obtained by three experimental techniques: crack growth
techniques; stress rupture techniques; and stressing rate techniques.
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Crack growth techniques are the most direct means of determining crack
growth parameters (16). Fracture mechanics specimens are used to
determine both the applied stress intensity factor, K,, and the crack
velocity, v, associated with K. . For ceramic materials, the velocity is
found to be a strong function of KI’ and for practical purposes, this
relationship is given by a power function,

v = Ak (1)

where A and n are usually determined from a least squares fit to experi-
mental data. Because n is usually greater than 10 for ceramic materials,
other functions can also be used to describe the relation between v and
K (17):

V=V, exp(bKI) . (2)

V=V exp(—c/KI) (3)

Equations 1-3 often fit experimental crack growth data with equal accuracy
over the range of the data. However since lifetime predictions often
require extrapolation of crack growth behavior beyond the range of the
data, the accuracy of long-term lifetime predictions have recently been
questioned and the need for an improved understanding of the process of
crack growth has been stressed.

Data on crack velocities can also be obtained by the use of stress
rupture techniques, in which a load, o, is applied to a component, .and
the time to failure, t, is measured as a function of the applied load. Data
obtained by this technique can be represented by the following simple
equation (18): )

t =B si“‘2 e ' (%)

where n is obtained from a least squares fit of experimental data.
Theoretically; it can be shown that n in equations 1 and 4 is the same
physical parameter, and that B is related to A of the equation 1 and to
the critical stress intensity factor KIC [l/B=(n—2)AY2KiCn'2/2], S. is
the strength of a specimen measured in an inert environment where *
subcritical crack growth does not precede fracture. S, can be calculated
from K . and the flaw size, a: § =K /Y/ a, where Y i§ a geometric
constang for crack shape. For practical application, B can be used
directly in equations for predicting lifetime (2), so that it is not
necessary to evaluate A from B when stress rupture techniques are used

to obtain crack growth data. As in the case of the crack growth techniques,
extrapolation beyond the range of experimental data is often necessary

in many practical applications for lifetime predictions, so that an
understanding of the crack growth mechanism is of paramount importance
for reliable prediction of lifetime. Finally, the close relationship
between equations 1 and 4 should be noted. Equation 4 is, in fact,

based on the assumption that v is-a power function of K (equation 1).
General theories of failure that relate failure time to arbitrary crack
velocity equations, v=f(KI), have not been developed.
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Crack velocity data can alsoc be obtained from strength experiments
in which the strength is measured as a function of stressing rate (18).
Data obtained by this technique can be represented by an equation that
is similar to equation 4:

n-2 ! (5)

(n+l) B S,
i

where t is the time to failure in a constant stressing rate experiment,
and o is the specimen breaking stress. From the form of these two
equations we see that at an equivalent breaking stress, the time-to-
failure in a stressing rate experiment exceeds that for a stress rupture
experiment: t(stressing rate)=(n+l) t(stress rupture) (15). The experi-
mental constants given in equation 5 are used in much the same way as
those given in equation 4. Again, extrapolation of the strength data
beyond the range of experimentation is often necessary for purposes of
long~term lifetime prediction. Consequently, a fundamental understanding
of the failure mechanism is needed for accurate prediction of lifetime.

3.0 Mechanisms of Crack Growth

From the discussion presented above, the need for a basic under-
standing of mechanisms of fracture is apparent. Since the functional
dependence of crack growth rate on stress intensity factor is not known
with sufficient accuracy, long-term failure predictions cannot be made
with confidence at the present time. By studying and understanding the
mechanisms that control fracture, it may be possible to develop schemes
that accurately exrapolate data so that reasonable predictions of life-
time can be made for structural ceramics. In the remainder of this
report, mechanisms of fracture and their application to high temperature
fracture problems will be discussed. The discussion will be organized
in terms of relative complexity of the fracture process: simple materials
such as glasses and single crystals will be discussed first; effects of
environment and microstructure will be discussed next; then problems
arising from flaw generation will be presented and discussed. w1th regard
to modern structural ceramics such as SiC and 813N4

3.1 Fracture of Homogeneous Materials: Inert Conditions

Homogeneous materials such as certain normal glasses and some
single crystal ceramics are known to exhibit subcritical crack growth in
vacuum. In these cases fracture is known to be temperature sensitive
and crack propagation can be fitted to an activated process. For glass,
the activation energy for crack growth ranges from 100 to 200 Kcal/mole,
which is about the same range as that obtained for viscous flow at
elevated temperatures (19). A similar activation energy is observed for
single crystal Al,03 (20). In contrast to the activated crack growth
observed in these materials, slow crack growth does not occur in silicon
(21), magnesium oxide (22), or in high silica glasses that show anomolous
elastic behavior (19). The reasons for this dependence of crack growth
behavior on structure are not understood.
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Several mechanisms of crack growth have been suggested to explain
the fracture behavior of solids in inert environments (23). These mechanisms
may be divided into three broad categories: ductile fracture; diffusion;
and brittle fracture. Ductile fracture involves the generation and propaga-
tion of a plastic zone from the crack tip. In line with this view, the
fracture of glass has been explained by a quantitative theory that
relates the hardness of glass to the crack growth rate as measured by
fracture mechanics techniques (24,25,26). The theory successfully
predicts the stress dependence of the crack growth rate. In contrast to
these results, recent transmission electron microscopy studies of crack
tips have shown that there are no slip dislocations associated with
arrested cracks in brittle crystalline materials (Al,03, Si, Ge, SiC)
within a resolution of 1 nm, suggesting that cracks in these materials
propagate without the benefit of plastic deformation (27). These results
clearly indicate a need for further study of crack tip phenomenon
occurring during crack propagation in inert environments.

Diffusion, as a crack growth mechanism, has been suggested to
explain crack motion at elevated temperatures (28, 29). Here it is
believed that material diffuses from the projected plane of the crack
leaving a plane of vacancies behind that assists crack propagation.
Equations derived for- this mechanism have been shown to fit experimental
data taken on ceramit: materials at elevated temperatures. However, this
mechanism probably cannot be used to explain crack motion at room tempera-
ture where the atoms of most ceramic materials are immobile. Glass
containing alkali ions may be an exception to this generalization,
because alkali ions ‘are mobile at room temperature. . Several authors
have suggested alkali ion diffusjon as a possible cause of stress-
corrosion cracking oﬁﬂglass at room temperature (23).

"With regard to brittle fracture, lattice-trapping has been recently
proposed as a mechanism of crack propagation (30-32). The concept of
lattice trapping takes into account the atomicity of solids to modify
the Griffith Thomson theory of fracture (30-32). When this is done it
can be shown that there is a critical stress intensity factor, for
crack growth, and another, at a much lower value of KI, for cracﬁ healing.
The classical Griffith condition for crack proagation lies between these
two limits. At stresses greater than the Griffith stress, crack growth
can occur by a thermally activation process. Conversely, at stresses less
than the Griffith stress, crack healing can occur by a thermally activated
process. Fuller and Thomson (33) have recently devised analytical
models of crack growth that predict the temperature and stress dependence
of subcritical crack growth in crystalline materials.

Fruitful areas -of research on the fracture of homogeneOus materials
in inert env1ronment§ include:-

o Characterization of critical aspects of the atomic structure of
solids that permits subcritical crack growth.
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o Comparison of crack growth and crack healing data with étomic
models of lattice trapping to evaluate the validity of this fracture
theory. ‘

o Collection of crack growth data in vacuum on a variety of
crystalline materials to serve as a data base for fracture theories.

o Apply high resolution transmission electron microscopy to
further ascertain the structure of cracks in brittle solids.

3.2 Fracture of Homogeneous Materials: Active Environments

First observed in glass and sapphire, subcritical crack growth in
ceramic materials was attributed to water vapor in the environment.
Recent studies indicate that water is a stress-corrosion agent for many

*structural ceramics. Because subcritical crack results from a stress
enhanced chemical reaction, materials that undergo stress corrosion
cracking exhibit a strong dependence on temperature in the low tempera-
ture range <500°C. Chemical attack on ceramic materials is also important
at elevated temperatures for other systems that interact with their
environments. The fracture of nitride and carbide ceramics, for example,
which oxidize at elevated temperatures, >1000°C, is known to be sensitive
to oxygen in the environment (34). €

When external environments are important, subcritical érack growth
can be controlled by a number of important factors: composition of the
ambient environment; rate of transport of the environment to the crack
tip; possibilities of chemical reaction between the environment and the
crack walls as the environment moves to the crack tip; and bond breaking
processes such as chemical reactions or diffusion that occur at the
crack tip (23). At high or low temperature, these considerdtions add .
complexity to the process of fracture that greatly 1ncrease the task of
understanding the basic fracture process., . o

The complexity of the fracture process in the presence of a chemical
environment can be illustrated for glass at room temperature (23).

Glass exhibits subceritical crack growth because of water in the environment.

In nitrogen gas, fracture mechanics studies suggest three distinct
mechanisms that control crack growth. At low crack velocities, fracture
is controlled by the rate at which the water can react with the strained
silicon-oxygen bonds at the tip of the crack. At higher velocities,
transport of water to the crack tip is a critical step limiting the
growth of cracks, while at still higher velocities transport is so slow
that fracture is controlled by an environment free process. In water,
the fracture process in glass can be complicated by cavitation of the
water, and by changes in the chemical composition‘of the'éﬁﬁer as it
moves to the crack tip. At this time, the exact’ mechanlsm

of bond rupture is not fully understood in glass.' Because' of these
complexities in the fracture process, considerable additional work will
be needed to fully understand the fracture of glass.
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Because the base of experimental data is smaller, our understanding
of fracture is less developed for. ceramic materials other than glass.
However, many of the same fundamental considerations that have been
applied to glass will be applicable in formulating an understanding of
fracture in other systems. The importance of viscous flow and cavitation
of glass at grain boundaries in hot-pressed SizNy (35) has been noted.
Important factors that control crack growth in Si3Ny include: the
chemical composition of the glass at the grain boundary; the rate of
transport of oxygen through the glass to the Sij3Ny grains; and the rate
of reaction between oxygen and the Si3N,. As in the case of stress
corrosion cracking of soda-lime-silicate glass, multi-region crack
growth processes have also been observed at elevated temperatures for
hot-pressed silicon nitride (36). Clarification of these processes will
require basic experimental studies on creep and crack propagation in
ceramic materials at elevated temperatures. For greatest effect these
studies should be conducted in conjunction with appropriate theoretical
modeling of high temperature stress-corrosion processes, and studies of
the elementary processes (diffusion, thermodynamics, chemical kinetics,
etc.) that contribute to subcritical crack growth.

In the area of environmental effects on high temperature crack
growth, the following area of research are pertinent to understanding
the fracture process:

o Experimental data is needed on nitride and carbide ceramics in
order to clarify the types of chemical reactions that are important to
crack growth.

o The.importgﬁce of crack tip plastic deformation and diffusion
should be elucidateé\in order to characterize the factors that control
the formation and propagation of the process zone at the crack tip.

o The effect of stress on surface chemistry should be elucidated
for a fundamental understanding of stress corrosion cracking.

o Theoretical work on fluid flow in narrow channels should be
conducted to establish rates of tramsport to crack tips, condltlons for
cavitation and effects of fluid viscosity on KI

3.3 Effects of Microstructufe on Crack Growth

Our understanding of crack growth in ceramic materials is further
complicated by the fact that most ceramics are not homogeneous. At room
temperature, the microstructure (grain size, second phases, iInclusions,
porosity, etc.) of the ceramic interacts with the crack tip, forcing the
crack to follow a tortuous path, so that the crack surface is no longer
flat. As a consequence, the value of the fracture energy for instantaneous
failure is increased by a factor of ~2 (37). Microcracking in front of the
propagating crack increases the surface area even more, and consequently
may also contribute significantly toward increasing the fracture toughness
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of ceramic materials (38). Thermal expansion anisotropy may also play

an important role in increasing fracture toughness, because of the
development of internal stresses when ceramics are cooled from processing
temperatures. Resulting from thermal expansion mismatch between adjacent
grains, these internal stresses retard crack motion and hence increase

~ the fracture energy (39). Finally, a toughening mechanism of great
current interest involves phase transformations that are triggered by

the advancing crack (40,41). This so called "transformation toughening"
has been shown to double the critical stress intensity factor of partially
stabilized zirconia.

At elevated temperature (>1000°C), the fracture of most polycrystalline
ceramics is governed by increased mobility of the microstructure.
Diffusion, plastic deformation, and sliding at grain boundaries cause
the material in the vicinity of the crack tip undergo permament deformation.
In many ceramic materials, creep cracking is a dominant mode of fracture
at elevated temperatures. Crack branching as a consequence of void
formation in front of the crack tip is an important fracture process
(42). Crack propagation in ceramic materials at elevated temperatures
is similar in many ways to that occurring in metals at lower temperatures.
The recent discovery that most polycrystalline ceramic materials have a
thin layer of glass at the grain boundary (43-45) suggests that grain
boundary sliding is the dominant mode of deformation near the crack tip.
‘When structural ceramics are exposed to corrosive environments at elevated
temperatures, the chemical composition of the glass at the grain boundary
can be modified, and deterioration (or enhancement (46)) of mechanical
properties can occur. Thus, the mechanical properties of structural
refractories are observed to deteriorate dramatically in the presence of
low viscosity slag (47).

1

Areas of research that will enhance our understanding of high
temperature fracture of polycrystalline ceramic materials include the
following:

0 Measurement of the energy required to fracture grain boundaries
(grain boundary fracture is one of the elementary process in the fracture
of polycrystalline ceramics, and as such, should be characterized).

0 Development of models of fluid penetration along grain boundaries
in ceramic materials, since intergranular glass appears to be the rule
rather than the exception in’ceramic materials. v

o Development of relations between creep and fracture in polycrystalline
materials.

o Investigate the possibility of transformation toughening as a
method of improving the fracture properties of ceramic materials at
elevated temperatures.
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o Quantify the influence of microstructure on fracture toughness
of brittle ceramics (no creep).

3.4. Effect of Flaw Generation on Fracture

As noted in section 2 of this review, crack growth from pre-existing
flaws is an underlying assumption developed for ceramic materials. If
‘the crack growth rate, and the original crack size can be quantified,.
the lifetime of a structural component can be predicted. Recent studies
on structural nitrides and carbides, however, indicate-that flaw generation
at elevated temperatures may intervene to invalidate failure prediction
schemes that are based on crack growth (48,49). Studies on magnesia
doped, hot-pressed silicon nitride have shown the principle cause of
failure in certain grades of this material to be pits that grow into the
surface of the silicon nitride as a consequence of high temperature
oxidation (48-51). Although it is believed that pit formation depends
on local impurities in the silicon nitride, the identity of the impurities
are at present uncertain. Similar results are obtained in yttria doped,
hot-pressed silicon nitride, which cracks spontaneously at elevated
temperatures (800 to 1000°C) as a result of precipitation at grain
boundaries (52). The cause of the precipitation is not fully understood.

Structural failures of the type reported for hot-pressed silicon
nitride suggest a:need to deepen our understanding of the type of chemical
reactions and phase transformations that occur in these materials at
elevated temperatures. Thermodynamic stability of the structure relative
to the environment and temperature should be established. Since similar
effects may occur in other high temperature ceramic materials, general
. studies of this type are warrented. In this way, flaw generation as a
cause of material failure can be better understood and possibly be
eliminated. If filaw generation, and microstructural changes are not
unavoidable, then.techniques of predicting failure that take these
processes into account will be necessary.

In view of the above discussion the following research is recommended
to improve the high temperature mechanical behavior of ceramic materials:

o Clarify the causes for pit formation and microstructural deteriora-
tion in structural ceramics.

o Investigate the dynamics of crack healing as a way of improving
structural integrity of ceramic materials.

o Develop techniques of failure prediction that can be used to
establish the useful lifetime of structural ceramics when flaw generation
is a problem. - :

4, Summary

In this report a review is presented of failure mechanisms and
methods of lifetime prediction in ceramic materials. Current failure
prediction techniques for ceramic materials are based on the science of
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fracture mechanics. These techniques are limited by our lack of under-
standing of failure mechanisms in ceramic materials, and by ou? inability
to predict failure when flaw generation is a major problem. In a review
of failure mechanisms in ceramic materials a number of topics were
suggested for research to enhance our understanding of fracture of

ceramic materials. Theoretical modeling and experimental investigations
were recommended. Areas of study include: atomic and molecular processes
in homogeneous ceramics; effects of enviromment on fracture; influence

of microstructural effects on fracture toughness; role of high temperature
cavitation and creep on crack growth; and effects of flaw generation on
lifetime prediction schemes. The goal of this research is the development
of ceramic materials for high strength structural applications at elevated
temperatures.
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CREEP MECHANISMS AND CONSTITUTIVE RELATIONS iN PURE METALS

W. D. Nix
Stanford University, Stanford, California 94305

The current status of our understanding of the mechanisms of creep of pure
metals is briefly reviewed. The review is divided into two parts: (I) Steady
state flow mechanisms, and (II) Non-steady state flow mechanisms and constitutive
relations.

Creep by diffusional flow is now reasonably well understood, with theory
and experiment in good agreement. The closely related phenomenon of Harper-Dorn
creep can also be understood in terms of diffusion between grown-in disloca-
tions. These diffusional creep mechanisms are briefly reviewed.

Power law creep almost surely involves the climb of edge dislocations con-
trolled by lattice self diffusion. Theoretical treatments of this process in-
variably give a power law exponent of 3. This natural creep law is compared
with the data for FCC and BCC metals. It is suggested that diffusion controlled
climb is the controlling process in BCC metals at very high temperatures. At
lower temperatures, other processes are also involved. It is also suggested
that stacking fault energy effects may preclude the possibility that creep is
controlled entirely by lattice self diffusion in some FCC metals. The subject
of power law breakdown is presented as a natural consequence of the transition
to low temperature flow phenomena. The role of core diffusion in this transi-
tion is briefly discussed.

The recent activity in the field of constitutive equations centers mainly
on the development of equations to predict non-steady state flow behavior. The
results of load drop and load relaxation experiments are described. The basic
framework for constitutive equations in terms of structure parameters is
reviewed and the particular forms suggested by Hart, Kocks and Miller are
described.

INTRODUCTION

In the present paper we review the mechanisms by which pure metals creep
at elevated temperatures. While most of this review deals with the mechanisms
of steady state flow, some discussion is devoted to creep flow under non-steady
state conditions. This latter topic is discussed in connection with the devel-
opment of constitutive equations for describing plastic flow in metals.

Because of limitations of space, this review will be extremely brief. The
reader is therefore encouraged to refer to the several excellent and extensive
reviews of high temperature creep that have been published during the last few
years. These include the review papers by Sherby and Burke [1], Mukherjee, Bird
and Dorn [2], Mukherjee [3], and Takeuchi and Argon [4]. An excellent treatment
of recent developments in constitutive equations can be found in the book edited
by Argon [5]. The reader is also referred to the original literature on the
grounds that review papers, such as the present one, can be misleading.
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PART I: _STEADY STATE FLOW MECHANISMS

DIFFUSIONAL CREEP

The simplest and best understood mechanism of creep flow is one developed
originally by Nabarro [6] and Herring [7]. In this process, vacancies flow from
grain boundaries under tension to nearby grain boundaries under compression. As
a consequence, individual crystals elongate in the d1rect10n of the tensile axis
as vacancies are created and destroyed at the grain boundaries. At very high
temperatures, vacancies flow mainly through the crystal lattice and lattice self
diffusion is the rate limiting process. The creep rate depends linearly on the
applied stress and inversely on the square of the grain size.

At low temperatures or for very fine grain sizes, the diffusional flow
process can occur along the grain boundaries. Coble [8] was the first to extend
the diffusional creep mechanism to the case of boundary diffusion. In his anal-
ysis the rate of creep is proportional to the grain boundary self diffusion co-
efficient and varies inversely with the cube of grain size. While the lattice
and boundary diffusional creep processes are probably not strictly additive, the
overall rate of diffusional creep can be approximated by:

E?kT
-'S

b
e - 10(—) = {DL + 2.5() ng} . : (1)

In this equation and throughout this paper the terms are defined as follows:

és =. steady state tensile creep rate

kT = wusual Eééning

b = Burgers vector

G = shear modulus .
d = grain diameter

0 = tensile stress

DL = Jlattice self diffusion coefficient

ng = grain boundary self{diffusion coefficient

-

It should be mentioned that some grain boundary sliding (GBS) must accom-
pany diffusional flow. If each crystal in a polycrystalline solid were per-
mitted to change its shape by diffusional flow alone, the crystals would no
longer fit together perfectly. To maintain compatibility it is necessary to
slide the crystals slightly with respect to each other. Thus, one can consider
diffusional flow to be accommodated by GBS. An alternate but equivalent view
is that creep deformation occurs by GBS and is accommodated by diffusional flow.
This 1nterre1at10nsh;p has been discussed in a number of papers [9,10].

Burton [11] has observed that polycrystalline copper containing Al,03 par-
ticles at the grain boundaries creeps more slowly than the diffusional flow
theory predicts. It may be that the particles inhibit the motion of grain
boundary dislocations and thus limit the overall creep rate. Here the kinetics
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of boundary sliding might be important and the process might not be controlled
entirely by diffusion.

HARPER-DORN CREEP

About 20 years ago Harper and Dorn [12] reported that creep of aluminum
becomes linearly viscous at very high temperatures and that the temperature de-
pendence is the same as that for lattice self diffusion. The phenomenon has
been observed in single crystals and cannot be explained in terms of Nabarro-
Herring diffusional creep. It also has been observed in Al-Mg, Pb, Sn and Ag.
It is therefore considered to be a generic creep mechanism [13]. The most
plausible explanation of Harper-Dorm creep is that suggested by Mohamed et al
[13]. They pointed out that Harper-Dorn creep of Al occurs when the stresses
are so low that the grown-in dlslocatlon density exceeds the dislocation density
expected from the relation p = (G/aGb) Indeed, the Harper-Dorn creep rate can
be accurately described by considering creep to occur by vacancy flow between
dislocations. Later in this paper we develop a natural creep equation (see Eq.
(12)) which is based in part on a stress dependent structure. For the special
case of a fixed dislocation density this relation can be written as

e kT
s _ 2 0
D, Gb PP @, (2)

)
where p, is the stress independent grown-in dislocation density. This relation
accurately describes the Harper-Dorn creep process in Al, If this interpreta-
tion is correct, it should be possible to avoid Harper-Dorn creep by testing
crystals having extremely low dislocation densities.

POWER LAW CREEP

The most important but least understood mechanism of high temperature
creep is power law creep. Here the creep rate often varies as the 5th power of
the applied stress. Many experiments clearly show that lattice self diffusion
is the dominant process during high temperature power law creep. In particular
the activation energy for creep often coincides exactly with that for lattice
self diffusion even over temperature ranges where phase changes occur [14]. 1In
addition, the true activation volume for creep corresponds with that for lattice
self diffusion [15], again showing that self diffusion is surely the most impor-
tant process controlling creep at high temperatures. These correlations are
often described empirically with what is now known as the Dorn equation

SS kT o.n ,
b, G =A@ , B (3)

where n = 5 and A is about 107 for FCC metals.

The most widely accepted mechanism of power law creep is edge dislocation
climb controlled by lattice self diffusion. However, it has not been possible
to derive the Dorn equation, with its 5th power stress dependence, on the basis
of diffusion controlled climb alone. As Weertman [16)] has pointed out, all
theoretical treatments of dislocation climb controlled by lattice self diffusion
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lead to the same creep equation, which he calls the natural creep law. It is,
in our notation

S ag.3
. = (—) R ) (4)
L ,G :

Weertman has suggested that it is necessary to fudge to derive the Dorn Equation
with a 5th power stress dependence. It is possible to identify a '"swindle" in
all treatments of creep which do not result in the natural creep law, provided
they are based on diffusion controlled climb or some like process.

While there are many ways to derive the natural creep law, all are essen-
tially equivalent. This is analogous to the situation in the theory of strain
hardening where there are many apparently different ways to derive the Taylor
hardening relation. One popular derivation of the natural creep law was first
developed by Bailey [17] and Orowan [18] and has been used by many authors since.
This treatment will be presented here not only as a derivation of the natural
creep law but also to provide a basis for a discussion of constitutive equations
in the last part of this paper.

The central idea of power law creep is that the creep rate at a given
temperature depends on both the applied stress, 0, and the current value of at
least one strength parameter, T:

& = £(0,1) . (5)

In the present treatment we assume that T depends only on the dislocation density
through

T=aGbvp . . (6)

Under constant stress the creep rate depends on how the strength parameter
changes in the course of creep. Bailey and Orowan have suggested that strain
hardening and recovery serve to increase and decrease T respectively and that
at steady state the rate of increase due to strain hardening is equal to the
rate of decrease due to recovery. This conceépt leads to the following evolu-
tionary law for the structure (or strength parameter) during creep:

dT = (g—;) de + (—g—%) it . | (7)

This particular form of the theory explicitly assumes that we have only
static recovery. Many experiments have indicated that recovery is typically
much faster when deformation is occurring and this suggests that the present
treatment should be extended to include dynamic recovery.

It is common practice to associate 3T/d¢ with the rate of strain hardening
during stage II hardening of FCC crystals. Thus we approximate this as

T _ G
3% - 100 ° (8)
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In writing this we assume implicitly that no recovery occurs during Stage II
hardening, a reasonable assumption in view of the temperature and strain rate
independence of that process.

We assume that recovery involves the diffusion controlled climb and
annihilation of oppositely signed edge dislocations. Following a treatment
given by Friedel [19] this leads to

T, 3 |
a9t _ _ @ - (9

At steady state the competing effects of strain hardening (dislocation multipli-
cation) and recovery (dislocation annihilation) are expected to nullify each
other, with the consequence that the dislocation density, p, or, equivalently,
the shear strength parameter, T, reaches a steady state value. Thus at steady
state we require dt = 0 and from Eqs. (7-9), we write

s oo _r._ 100727 % T3 (10)

s h o kT G

In this simple form of the theory, the applied shear stress must be just equal
to the shear strength of the solid established by the competition between strain
hardening and recovery. Thus, we write

S =f1. -, (11)
and take £ = 1. If f were smaller than 1 then flow could only occur by thermal
activation of dislocations past each other. Indeed, allowing f to be less than
unity may be a way to include the effects of thermally activated slip on creep.
However, in the present treatment we restrict our attention to the case in which
creep flow is controlled entirely by lattice self diffusion. In this limit,
flow would not occur if f were less than 1 and T would have to be decreased by

recovery before flow could occur.

Using the above relations, the natural creep law for diffusion controlled
climb is

€ kT 4
s - gy 3

where A = 1. As noted above, this same result has been derived by a number of
workers in many apparently different ways. Because of its persistence it .may be
concluded that it does represent the creep law of diffusion.controlled climb.

It is widely recognized that the natural creep law does not compare favor-
able with the existing body of experimental evidence. This is shown in Fig. 1
for the case of several FCC metals. It should be noted that the power law expo-
nent for FCC metals is about 5 instead of 3. 1In addition, most of these FCC
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metals creep more slowly than the prediction of the natural law. It is also
evident from the data that Ag creeps much more slowly than Al, with Au, Cu and
Ni showing intermediate creep rates. As shown first by Barrett and Sherby [20],
this variation in creep rate correlates strongly with stacking fault energy,
YsFg- Silver has a particularly low Ygpp, especially compared to Al. A conse-
quence is that Shockley partials in Ag are much more widely separated than in Al.
It is reasonable to expect that this would inhibit the climb process and thus
reduce the creep rate. Following this line of reasoning, Barrett and Sherby
[20] and others have proposed that the Dorn creep equation be written as

e kT
A'

s - _ (_sﬂz_35 0,5
D, Gb Gb_

) @ - (13)

The power exponent of 3.5 is the result of the correlation between creep rate
(properly normalized<with respect to 0, G and DL) and stacking fault energy.

The discrepancy between the natural creep law and the Dorn equation has
been recognized for many years. In general we have assumed that the assumptions
underlying the derivation of the natural creep law are either wrong or incom-
plete, and we have sought to modify the theory to be consistent with the empiri-
cal equation, thus far without success. It may be that we have been misled by
the data correlationsiof Fig. 1. It is possible that power law creep is not con-
trolled entirely by lattice self diffusion,at least for some FCC metals. Let us
consider the extreme case of Ag where the creep rate falls far below the rate
predicted by the natural theory. Here it is reasonable to attribute this low
creep rate to the presence of widely extended dislocations which do not climb
easily. However, it may be possible for the climb rate to be reduced by widely
separated partials and still not controlled entirely by the transport of vacan-
sion. If the climb process were controlled entirely by the transport of vacan-
cies between dislocations, then the process of vacancy absorption or emmission
at the dislocation might be expected to be fast by comparison. Thus, if stack-
ing fault effects dosreduce the climb rate, then they might also affect the rate
controlling process. . Indeed, Weertman's theory [21] of stacking fault energy
effects on creep is based on the idea that flow of vacancies along the climbing
dislocation becomes more difficult as the partials become more widely separated.
Thus in his treatment core diffusion (as modified by the presence of stacking
faults) enters the creep equation and the process is no longer controlled en-

tirely by lattice self diffusion.

The difficulties associated with climb of extended dislocations in FCC
metals suggest that the natural creep law may be more directly applicable to BCC
metals where separation into partials is much less severe and where the assump-
tion that climb is controlled entirely by vacancy transport between dislocations
may be more appropriate. The natural creep law is compared with some creep data
for BCC metals in Fig.. 2., Here it is noted that the experimental creep rates
are almost all faster:than the predictions of the natural theory. The average
power law exponent is again about 5 but the data for Ta suggest that at high
temperatures and low stresses the stress exponent may be nearer 3. It is cer-
tainly well known that at lower temperatures and higher stresses the power law
exponent becomes very much larger than 5. This so-called power law breakdown
regime is not shown in this figure.
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One might argue that the data for BCC metals corresponds favorably with
the natural creep theory at the highest temperatures and lowest stresses. To
test this idea one needs to have creep data at very high temperatures. The
recent work by Stang [22] on Fe - 3% Si and Wray [23] on § Fe provide such a
test. Their data along with other data for Fe or Fe - 3% Si are shown in Fig.
3. Here one sees that the creep data are in excellent agreement with the
natural creep theory at very high temperatures and low stresses. Indeed, the
rest of the creep data appears as a very gradual transition from a power law
exponent of 3 to the very high stress exponents associated with low temperature
flow. In this description the power law exponents of 5 or 6 do not appear as
fundamental exponents but merely as natural consequences of the transition from
high temperature to low temperature deformation.

The remarks in the above paragraphs should be taken as speculative. The
views expressed here are likely to be controversial and may be wrong. In its
simplest form the suggestion is that the natural creep law is valid at least for
BCC metals at very high temperatures. At lower temperatures other thermally
activated processes may come into play to cause the creep rate to exceed this
natural law prediction. For FCC metals the difficulties associated with climb
of extended dislocations may mean that climb and creep are not controlled en-
tirely by lattice self diffusion and that the other processes involved, once
understood, will permit us to rationalize the observed creep behavior of FCC
metals.

To be fair it should be noted that some FCC metals with high stacking
fault energies show a constant stress exponent n > 3 over a wide range of stress
or strain rate. In the case of Al, for example, the power law exponent is 4.5
and there is no indication of curvature in the power law plot. The viewpoint
being expressed here does not provide a natural explanation of that observation.

In the above paragraphs it is suggested that when higﬁ“temperature creep
is controlled entirely by self diffusion the 3rd power natural creep law should
be observed. Support for this concept was given by Stocker and Ashby [24] who
studied the creep properties of various classes of crystalline solids and showed
that the constants A and n in the Dorn equation (Eq. (3)) can be related empiri-
cally as follows

n=3.0+ 0.3 log A . (14)

Thus, when A = 1, n = 3.0, in agreement with the natural creep law. Aside from
certain diffusional creep results, all of the experimental data examined by
Stocker and Ashby falls in the n > 3.0 or A > 1.0 regime. This observation is
consistent with the suggestion above that the natural creep law is a limiting
kind of creep behavior that may only be approached in some materials.

POWER LAW BREAKDOWN

- The creep data in Figs. 1-3 show the so-called power law regime of creep.
At stresses of the order of 0/G = 10~3 and higher, the observed creep rates be-
come much faster than would be predicted by simple extrapolation of the power
law. This deviation at high stress is usually called power law breakdown. The
power law function is often replaced by exponential or hyperbolic sine functions
in this regime [25]. 1In view of the earlier discussion in this paper it should
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be made clear that power law breakdown ordinarily refers to deviations from a
power law exponent of 5. As noted earlier, at least. for BCC metals, a case can
be made for n = 3 being the natural power law exponent, so that any deviation
from that behavior might also be termed power law breakdown. '

The mechanisms responsible for power law breakdown have been debated for
many years. Some authors have suggested that the ''faster creep rates'" arise
from the effects of excess vacancies produced by deformation [1,26], while
others have argued that short circuit diffusion along dislocation cores is the
primary cause {27]. It would appear that neither of these explanations is suf-
ficient to explain the observations. Surely the most basic statement is that
power law breakdown is simply a manifestation of a transition from high tempera-
ture to low temperature flow. It is well known that the flow stress at low
temperatures is relatively insensitive to strain rate. This, of course, is
another way of saying that the flow rate depends very strongly on the stress.
Thus, the high stress exponents associated with power law breakdown are
naturally expected.

While the idea of short circuit diffusion down dislocation cores cannot
fully describe power law breakdown in metals, there is little doubt that diffu-
sion can occur along dislocations. Thus, any model of creep based on disloca-
tion climb should account for the fact that diffusion may occur either in the
lattice or along dislocations. Spingarn, Barnett and Nix [28] have recently
studied models of dislocation climb controlled by core diffusion. In their
treatment the dislocations are not regarded as simple pipes for diffusion as
had been done previously [29-30]. Rather, the dislocation along which diffusion
occurs is allowed to act ds a perfect source or sink for vacancies. 1In spite of
this refinement the creep equation for core diffusion controlled climb is essen-
tially the same as that found by others [29-30]. When allowance is made for
both lattice and dislocation core diffusion the natural creep law becomes

€ KT _ @3 ,
“Gb G {D + 2.5 ( ) Dc} . (15)
Notice that at high stresses or when D, »>D the second term dominates and a

5 power creep law is naturally predicted. ﬁowever, in such limits the activa-
tion energy is that for core diffusion, not lattice diffusion. If one is will-
ing to empirically generalize Eq. (15) to coincide with 5 power lattice diffu-
sion controlled creep, then the following relation would be expected to hold

kT
s

0.5
b —A(){D +25( D} (16)

Here we see a 7 power law can be "predicted" at low temperatures and high
stresses. Generally speaking this relation permits one to rationalize the creep
properties of pure metals at intermediate temperatures. The creep properties of
Ni at high and intermediate temperatures can be made to coincide using this re-
lation. However, close examination of the data for several metals including Ni
shows that the predictions of the core diffusion correlation are sometimes in-
consistent with experiment [28].
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PART II: NON-STEADY STATE FLOW MECHANISMS AND CONSTITUTIVE EQUATIONS

In the first part of this paper our attention was focused on the physical
mechanisms for steady state flow in pure metals. In this second part we address
the problem of non-steady state flow and the closely related subject of consti-
tutive equations. Non-steady state flow is important because structural materi-
als almost never reach steady state in service. The stress continually changes
in service with the result that non-steady state flow is the rule rather than
the exception. Non-steady state flow phenomena are also important because they
provide more stringent tests of deformation models than do steady state data
alone. '

A variety of different kinds of creep transients are exhibited by metals
in the power law creep regime. Primary creep itself is a creep transient that
is caused by changes in structure that occur during creep. Generally the creep
rate decreases during primary creep as the dislocation structure develops and
becomes more refined. For heavily cold worked or pre~strained metals, the dis-
location structure naturally coarsens during creep and an inverted creep curve
(accelerating creep) is observed.

Once steady state is achieved, a new creep transient is produced whenever
the stress is changed. For a stress reduction, the creep rate falls far below '
the steady state rate expected for the reduced stress and then gradually in-
creases until the new steady state is achieved. The opposité occurs when the
stress is increased. Here the creep rate just after the stress change exceeds
the steady state rate at the new stress level and gradually declines in the
course of creep. Again the new steady state is eventually achieved.

Within the past decade a number of new experimental techniques have been
developed for studying the ncon-steady state flow properties*of metals A number
of these techniques are based on the analysis of creep transients associated
with stress reductions. As noted above, the creep rate just after a stress re-
duction is typically much smaller than the steady state creep rate at the re-
duced stress. Some authors report that the creep rate after a small stress drop
is essentially zero [31-33], while others claim that a small but finite creep
rate is observed [34,35]. One source of confusion in the interpretation of
creep transients associated with stress changes arises from the difficulty of
making accurate measurements of very low creep rates. Some recent work by
Gibeling [36] indicates that the foreward creep rates following stress reduc-
tions in copper fall as the 17th power of the remaining stress. For moderate
stress reductions this might appear as a zero creep rate. Another source of
error arises from the anelastic back flow that invariably occurs in metals when
stress reductions are made. 1In order to characterize the so-called “constant
structure" creep rate it is necessary to wait for the back flow effects to dis-
sipate before measuring the forward creep rate at the reducé€d stress level.

For metals such as aluminum the creep rate following a stress reduction
is sufficiently large to b2 easily measurable and one can determine the way in
which the creep rate varies with reduced stress for an ostensibly constant
structure [37]. Such experiments typically show that the_creep rates under
constant structure conditions vary approximately as € v cp This result clearly
suggests that the isostructural stress dependence of the creep rate, OZ, is
quite different from the ordinary (non-isostructural) stress dependence G -3,
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This result provides an important test for creep models and it suggests a basic
. framework for the formulation of a constitutive equation.

Hart, Li and co-workers [38,39] have used the load relaxation test to pro-
vide information about the flow of metals under "constant structure'* conditions.
Most of their experiments have been conducted at relatively low temperatures
compared to the usual steady state creep regime. During load relaxation in an
infinitely hard testing machine the elastic strain in the sample is exchanged
for plastic strain as the stress relaxes. Thus the creep rate-stress relation
can be studied over. many orders of magnitude of strain rate while the sample
undergoes very little plastic deformation. This relation is taken to be that
for a fixed structure. The extent to which static recovery occurs in the course
of the relaxation is the extent to which the structure may not remain constant
during this kind of test. This error would be expected to become important at
high temperatures where climb controlled static recovery is relatively fast.

The constant structure experiments above clearly indicate that the rate
of creep flow of metals at a given temperature depends not only on the applied
stress but also on the structure. The steady state creep laws discussed in
PART I of this paper cannot be used to describe constant structure creep prop-
erties since the structure terms (like T in Eq. (5)) have been assigned their
steady state values and are thus expressed as functions of the stress, strain
rate and temperature., To describe non-steady state flow behavior, it is neces-
sary to clearly distinguish between the applied stress, 0, on the one hand and
one or more structural strength parameters, Tj, Ty, ... . This provides the
following basic framework for constitutive equations

€= f (o, T Tys 13, P (17)

l’
3
The structure parameters Ty, To, T3, ... are presumed to be related to
identifiable and measurable features of the dislocation substructure, such as
the average dislocation density, the cell or subgrain size, or some other fea-
ture of the arrangement of dislocations (pile-ups in the simplest case).

The most universally accepted structure parameter is the average disloca-
tion density, p. In PART I of this paper we assumed the dislocation density to
be the structure parameter when we used T = o Gb /E to characterize the state of
a deforming metal. However, in that treatment our interest was restricted to
the steady state condition and, it was not necessary to write an explicit equa-
tion for the creep rate as a function of both 0 and T. Such a relation would
represent a general constitutive equation and would in principle be applicable
to both steady state and non-steady state behavior. "

In the last few years a number of different constitutive equations have
been developed and used to describe non-steady state flow properties of metals.
The constitutive equation proposed by Hart, Li and their co-workers [38] has
received a great deal of attention. Their equation, in its simplest form, in-
cludes a single structure parameter that they call the hardness and which is
denoted T in this paper. By studying the functional form of the stress~strain
rate relation for load relaxation experiments they concluded that the consti-
tutive relation should take the following form

- ‘
* The term "constant structure,'" as used here, refers to one which remains in-
variant with changes in stress.
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where € is a function of the hardness or state parameter T through the equation

éo = At® . | (19)

The key idea of this development is that the hardness T uniquely characterizes
the current structural state of the solid. It does not change in the course of
the load relaxation experiment, for example, and all samples having the same
hardness would exhibit the very same stress-strain rate relation,

The hardness as conceived by Hart is a scalar state variable. In micro-
scopic terms it is related to the average dislocation den51ty in the usual way.
Such a structure parameter does not depend on the direction of deformation and
is therefore a scalar quantity. The observation of anelastic back flow on un-
loading clearly indicates that a single scalar structure parameter.is not suf-
ficient to describe the non-steady state flow properties. Thus, more recently
Hart [39] has introduced a tensor state variable, a,’ to.account for this kind
of behavior. :

We noted earlier that the constant structure creep experiment provides the
basis for the establishment of constitutive laws. Kocks [40] has suggested that
the form of the constitutive law should reflect the way in which dislocations
surmount obstacles in their slip plane during deformation. " The condition of
fixed structure can be considered as a condition of fixed obstacle structure.

By considering the statistical aspects of dislocation-obstacle interactions
Kocks [41] has shown that the area swept out by a dlslocatlon after being suc-
cessfully activated past an obstacle is a strong function 6f both the applied
shear stress, T,,,, and the shear strength parameter, 7. Following this he sug-
- gested a constitutive relation of the form

€
€ = > o (20)
1 - exp(l - (t/7 }
{ p(. (t/ app’ ) |
where again éo is directly related to the structure parameter T through
e =AT" (21)

In Kocks' development T is determined by an evolutionary law which includes both
strain hardening and recovery. Research along these lines-is continuing.
; Rt .

Pefhaps the most elaborate set of constitutive equations for describing
non-elastic deformation is that developed by Miller [42,43]. His treatment is
one in which the basic forms of the equations are those suggested by physical
mechanisms but the constants and in some cases the detailed forms are adjusted
so that the equations can describe the observed deformation behavior. For pure

metals, two structure parameters are defined and® used in the equations: FDEF’
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an isotropic strength parameter analogous to T in the present paper and R, a
tensor structure parameter included to model back flow effects. The basic form
of the equation is

= BB' {sinh @1112;1&) 1.5y (22)

/beF

Both Fppp and R are assumed to be governed by evolutionary laws of the strain
hardening/recovery type. This System of equations is called MATMOD on the basis
of its use in materials modeling studies. The system of equations being devel-
oped can describe a remarkable variety of different kinds of non-steady. state
flow properties. While the equations and terms are adjusted to fit the experi-
mental data, and thus are not capable of predicting totally new phenomena, the
treatment does keep excellent track of the deformation state during complex
loading histories. The MATMOD equations often show that seemingly unrelated
deformation phenomena can have a comwon cause. In this way the equations,
though empirical, actizlly lead to improvements in our understanding of the
physical mechanisms involved. ' ’
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DEFORMATION MECHANISMS IN CYCLIC
CREEP AND FATIGUE

By
Campbell Laird

Department of Materials Science and Engineering
University of Pennsylvania
Philadelphia, Pennsylvania 19104

ABSTRACT

Service conditions in which static and cyclic loading occur in conjunc-
tion are numerous. It is argued that an understanding of cyclic creep and
cyclic deformation are necessary both for design and for understanding
creep-fatigue fracture. Accordingly a brief, and selective, review of cyclic
creep and cyclic deformation at both low and high strain amplitudes is
provided. Cyclic loading in conjunction with static loading can lead to
creep retardation if cyclic hardening occurs, or creep acceleration if soft-
ening occurs. Low strain amplitude cyclic deformation is understood in terms
of dislocation loop patch and persistent slip band behavior, high strain
deformation in terms of dislocation cell-shuttling models. . While interesting
advances in these fields have been made in the last few years, the deforma-
tion mechanisms are generally poorly understood. v

INTRODUCT ION

Service conditions in which static and cyclic loading occur in conjunc-
tion are quite widespread, so much so that Coffin, in a pioneering paper
dealing with the influence of mean stress on shifts in the mechanical
hysteresis loops of commercially pure aluminum (1), stated that they were
too numerous to mention and refrained from doing so. However, to illustrate
that the problem of creep-fatigue touches many aspects of our' lives, the
following examples, taken from many documented by Miller (2), are cited:

1) High speed aircraft - fluctuating thermal stresses due to speed
variat ions superposed on regular wing loading.

2) Pressure vessels: sustained internal pressure operates in conjunction
with cyclic thermal stresses associated with temperature .changes in the
working fluid.

3) Electrical motors: the conductors are subjected to mechanical and
thermal expansive loads.

4) Pressure piping: bimetallic joints subjected to slow temperature
cycling create fatigue loading in conjunction with the mean load.

5) Two-phase materials: if such a material bears a service stress,
and the coefficients of thermal expansion of the two phases.are different,
then temperature cycling will cause creep-fatigue loading.

6) Turbine blades: centrifugal loading is combined with the fatigue
effects of temperature transients.

In view of these service conditions, it is not surprising that creep-
fatigue fracture processes have been the subject of intense investigation
(3, 4, 5). Creep-fatigue deformation, however, is a relatively neglected
field. While studies of creep deformation and cyclic deformation are
numerous, very little cross fertilization has occurred. The neglect of

88



creep—fatigue deformation is unfortunate because it is difficult to understand
many aspects of fracture without understanding the deformation which precedes
it and often accompanies it. For example, our present inability to understand
crack nucleation in fatigue stems largely from our ’ignorance (now happily
diminishing) of cyclic deformation. Also, it would have been difficult to
have confidence in the existence of a fatigue limit in f.c.c. and other types
of metals (6), without critical developments in understanding cyclic deforma-
tion (for review, see (7)).

One reason for the neglect of creep-fatigue deformation lies in its
complexity. Creep deformation operates in many different mechanistic
variants, e.g., Herring-Nabarro, Coble, and creep plasticity, (3, 8-11)
depending on the conditions, and when these are combined with fatigue, in
itself mechanistically complicated enough, also depending on the external and
microstructural variables, the sum of the two can be daunting. There is the
additional complexity of deciding how the combination should (or does) occur,
either in sequence, as Sidey, for example, has conducted his experiments with
respect to fracture (12), or Kennedy (3) and Shetty and Meshii(13) with
respect to deformation, or simultaneously, as explored by Coffin (1, 14, 15).
It is unlikely that any combination would be trivially different from the
individual creep and fatigue processes separately. For example, cyclic
plasticity can occur at quite low stresses, and Burton has shown that trans-
ient diffusional creep by dislocation c¢limb can be significant (16). Under
an applied stress (not alternating), diffusion between dislocations acting as
vacancy sources and sinks can give rise to a diffusional creep component.
This component is in addition to that occurring by diffusion from grain
boundary sources to grain boundary sinks. The steady state creep due to
climb is usually less than that due to diffusion between boundary sources
and sinks. However, since fatigue at low stresses is ideal for producing
paired dislocation sources and sinks, it is quite possible that low stress
creep-fatigue could lead to creep rates enhanced with respect to those
resulting from static..creep.

Because the problem of creep-fatigue is so large, an ad hoc approach is
probably the most economical. The existing literature emphasizes cyclic
creep (creep-fatigue under pulsating tension), and high temperature cyclic
deformation (reversed creep plasticity). Accordingly these subjects will
be briefly (and selectively) reviewed, along with recent advances in under-
standing cyclic deformation at room temperature, because the methods devel-
oped for them could be useful for understanding cyclic creep, and because
they allow speculation about behavior at higher temperatures where creep
plasticity could occur. No attempt will be made to review creep deformation
(3, 8-11) or cyclic deformation - (Instead, see 7, 26, or the references cited
in 17).

Plastic Deformation Under Repeated Tensile Loading (CYCLIC CREER)

In early investigations, the basic aspects of cyclic creep were
explored by superimposing a vibratory stress on a static stress (18, 19),
and an enhancement of the creep rate was observed when the vibratory stress
was applied. Although such an enhancement might be expected if the vibra-
tory stress raises the maximum applied stress, Kennedy et al (20, 21) and
Meleka et al (22, 23) demonstrated a rather more surprising result, namely,
the creep rate was enhanced when the peak stress of the creep-fatigue
experiment equalled that of the static experiment (3). As Kennedy pointed
out, such a cyclic creep behavior cannot be predicted from an analysis of
the static creep behavior.
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Typical behavior can be illustrated from more recent studies, which have
served to bring out the complexity of the phenomena. As shown in Figure 1,
which applies to Cadmium at 78K studied by Feltner(24), repeated loading
causes an enhancement of the creep strain rate. It will be noted that this
loading produces a cyclic creep curve which has a number of features common
with those of regular static creep curves. Feltner concluded that, in the
low temperature range, cyclic creep is cycle dependent, meaning that cylic
softening can enhance ‘the creep deformation. ' Consistent with this conclusion
is his observation, shown in Figure 2, that increasing the percent unloading
increases the cylic creep rate. The interpretation here is that the greater
the unloading, the greater the strain recovery during the unloading, the
wider the hysteresis loop, and thus thé greater the cyclic softening. The
importance of the unloading behavior can be seen from later work by Feltner
and Laird (25), who conducted the experiment shown in the inset of Figure 3.
Annealed copper polycrystals were strained in tension at 298K to a flow
stress of 24 ksi (165.5 MPa) and then, after unloading, were stress cycled
well into saturation (i.e., until no further flow stress changes could be
detected) by a stress cycle in which the tensile peak was fixed at 15 ksi
(103.5 MPa) and, for different specimens, the compressive peak was varied.
After cycling, carefully limited so that no incipient fracture process
would perturb the results, the specimen was again pulled in tension and the
flow stress measured. It will be noted from Figure 3 that, up to a com-
pressive stress of ~ 7 ksi (48 MPa), no softening occurred, but thereafter,
as the amplitude of the cycle increased, the amount of cyclic softening also
increased. Feltner and Laird (25) measured the plastic strain range (the
width of the loop) as the compressive stress was varied. For stresses lower
than that necessary to cause softening, they were unable to. detect a 'width'
of the loop with their apparatus, but at the lowest stress necessary to
cause softening, they found that the plastic strain range was 8 x 1073, It
is intriguing, and possibly not completely fortuitous, that this strain is
close to the fatigue limit strain for f.c.c. metals (6). It would be
valuable to explore further the unloading strains which occur in cyclic
creep, and also the effects of compressive reversals on cyclic creep.
Coffin's studies (1, 14, 15) do cover the latter, but for a limited range of
stresses and materials. .

The cyclic creep behavior of Cd at 300K, is shown in Figure 4. It will
be noted that, in contrast to the result at 78K, the static creep rate is
higher than the cyclic. Feltner (24) explained the difference by concluding
that the deformation is time-dependent (i.e., not cycle dependent) at
higher temperatures and he claimed that an inérease in the percent unloading
results in lower creep rates in the high temperature range. While the
effect of the percent unloading does increase at lower temperatures (24),
it is noteworthy that the creep rate nevertheless is shown to increase
(Figure 2) as the percent unloading increases. Thus, while Feltner's
interpretation can be regarded as containing more than a grain of truth, the
situation is clearly a great deal more complicated, as stiill more recent
studies, by Shetty and Meshii (13), show. : "

Typical results by these authors, in apparent confligt with those of
Feltner (24), are shown in Figure 5; it appears that cyclic creep is
retarded at low temperatures in this case for single crystals. It is not
intended to suggest that cyclic stress retardation is characteristic of
single crystals only (13), but rather that, in assessing behavior, all
the experimental variables have to be considered very carefully and indeed,
the behaviors of mono or polycrystalline material are qualitatively similar,
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Figure 1

Comparison of the static
and cyclic creep behavior
of cadmium at 78K, under
the same maximum stress,
and 100%Z unloading for

the cyclic experiment.
Courtesy of Feltner (24).

Figure 2

The effect of percent

-unloading, indicated by P,
‘on the cyclic creep of

cadmium at 300K.
of Feltner (24).

Courtesy

Figure 3

The effect of the magnitude
of the compressive stress
on the amount of cyclic
softening, as measured by

. the flow stress observed

in a tensile test following
cycling. The inset shows
the way the experiment was
conducted, as explained in
the text. .Courtesy of
Feltner and Laird (25),

and the editor of Acta
Metallurgica.
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Figure 4

Comparison, similar to that
of Figure 1, of the static
and cyclic creep behavior
of cadmium at 300K,
Courtesy of Feltner (24).

Figure 5

Comparison of the static
and cyclic creep behavior
of aluminum under different
conditionsw The pair of
cyclic and static creep
curves at the top of the
figure were obtained for
polycrystalline aluminum

at 295K and show cyclic
stress acceleration. The
pair of cutves at the
bottom indicate the cylcic
stress retardation behavior
of single crystal aluminum
at 77K. Courtesy of Shetty
and Meshii (13), and the
editors of Met. Trans.

Figure 6

Cyclic and static creep
rates vs time on log-log
scale for aluminum under
various conditions. The
power time law is obeyed in
all cases except the cyclic
creep behavior in the inter-
mediate case, where ''cross-
over" behavior is observed.
Courtesy of Shetty and
Meshii (13) and the editor
of Met. Trams.
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Figure 7

Dislocation arrangements in aluminum
after various amounts of cyclic creep:
a) one cycle of load to a peak stress

of 12 ksi (82.7 MPa) at 78K (10% plastic
strain); b) 500 cycles of repeated
tension, 12 ksi, at 78K; c¢) 100,000
cycles of repeated tension, 2 ksi (13.8
MPa) at 300K. Courtesy of Feltner (24).

at least in wavy slip materials (13). Figure 6, also taken from reference
(13), shows three pairs of creep rate-time plots for mono and polycrystalline
aluminum. It is apparent that the power time law is obeyed in most cases.
The pair of plots at the top of the figure corresponds to cyclic stress
acceleration while the pair at the bottom describes cyclic stress retarda-
tion. An intermediate situation with cross-over behavior is shown in the
plots in the middle. Shetty and Meshii (13) interpret this complex behavior
by pointing out that stress cycling during creep can cause either cyclic
softening or cyclic hardening, and it is possible that their differences from
Feltner can be reconciled on this basis. When cyclic softening is the pre-
dominant effect of stress cycling, the resulting cyclic creep behavior if
cyclic stress acceleration. However, under other conditions, cyclic harden-
ing is caused by stress cycling, and then the cyclic creep behavior is cyclic
stress retardation.

Meshii and his co-workers have also studied the cyclic creep of a bcec
metal, a-Fe, as influenced by the presence of interstitials (27, 28) but
clearly, more work is needed. They have attempted (29, 30) to model cyclic
creep semi-quantitatively, employing a back stress idea for explaining creep
retardat ion, and explaining cyclic creep acceleration by homogenization of
the internal stresses during cycling.

Precise interpretation of cyclic creep will require a detailed knowledge
of the dislocation structures, and to date a very few investigations have
been reported. Feltner's early work appears to be one of the most extensive
(24). Typical results for aluminum are shown in Figure 7. Comparison of 7a
and b shows that the dislocation structures are not typical of those in
fatigue because the cells are larger, more misoriented and have more ragged
walls than those in fatigue, nor do they appear to change significantly
with cycles. Only after many thousands of cycles, 7c, do the walls become
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thinner and the cells more marked. However, even these lack the regularity
of cells produced by push-pull cycling and they appear more similar to those
produced in pure creep deformation. Hcwever, the fact that they are 'softer
than those of pure creep has been demonstrated by Bradley et al (31). It
would be interesting to correlate such observations with cylic creep
retardation and acceleration so that the cyclic hardening and softening in-
interpretat ion could be checked. Turner reports (37) results essentially
similar to those of Feltner, but for stainless steel at elevated tempera-
ture.

1

Cyclic Deformation At Low Strains

The attempts by Meshii and his co-workers (29) to explain cyclic creep
in terms of internal stress, which are still underway, provide a point of
contact with recent developments in cyclic deformation, at low plastic
strains. It appears the present custom is to discriminate low strain
fatigue from high strain fatigue in terms of the '"transition'" life, defined
as the life associated with a plastic strain at which the elastic strain
has an equal magnitude. For strains lower than this, the life is greater
than the transition life and the regime of low strain fatigue is defined.

A corollary definition can be obtained from a consideration of the cyclic
stress-strain curve - the plot of the saturation stress, i.e., when cyclic
hardening is completed, required to enforce a given applied plastic strain,
against that strain. The cyclic stress-strain curve for copper single
crystals is shown in Figure 8, and it is seen to consist of three parts,
namely a parabolic component at very low strains, less than 6 x 10~°,
region A, a plateau up to a strain of 7.5 x 10™°, region B, and a more
familiar hardening region C, at greater strains. Regions A & B correspond
to low straip fatigue because the lives are greater than 10°, and the crack
nucleation mechanism, region B, is typical of low strain fatigue. It will
be noted that data for polycrystalline copper, taken from several different
workers, are also plotted in Figure 8. These data have been compared to
those for single crystals by use of Taylor's orientation factor and it is
extremely interesting that, at the transition life, the plot for poly-
crystals joins that for monocrystals (33). It is tempting to conclude (33)
that the cyclic stress-strain curve for polycrystals also has a plateau and
there is evidence for this (33), but the matter is still controversial and
more research is needed on low strain behavior. Recent advances concerned
with questions of internal stress have emphasized this region, as follows.

The TEM observations of Hancock and Grosskreutz (34) and of Basinski
et al (35) make it clear that, prior to saturation, hardening occurs by
the mutual trapping of edge dislocations, which gather in bundles, and
yield the well known 'veins' in which screw dislocations glide to and fro
in response to the strain reversals. The edge dislocation bundles show
near-zero deviations in crystallographic orientation, suggesting that the
dislocations are accurately paired in sign, and the bundles thus consist
of dipolar loop patches. The deformation is homogeneous in these struc-
tures and the slip is largely reversible in a mechanical sense. Under these
conditions the cyclic plastic strain is not damaging, and the life of the
specimen could effectively be infinite (6).

Kuhlmann-Wilsdorf and Laird (36) have recently obtained measurements
of the dislocation friction stress, interpreted as Peierls effects, point
defect hardening, jog-dragging, etc., and the back stress, associated with
these structures, by analyzing cyclic hysteresis loops through a very simple
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scheme derived from the remote literature. The well-known method, little
used, surprisingly, is illustrated in Figure 9. At the start of the plastic
deformation in the cycle (at T ), the back stress, , which was gencrated
in the preceding half-cycle, agts in the same dlrectgon as the (now reversed)
stress. Therefore, in the presence of a friction stress, T_, acting on the
dislocations, T = T_ - T,. At the end of the forward cycle, when the back
stress has agaiﬁ reached "its maximum value - but now opposed to the defor-
mation - the applied stress is the sum of the friction stress and the back
stress: T+ T The friction stress and back stress calculated from
these equaElons and measured from the hysteresis loops of three different
investigators, obtained for copper, are shown in Figure 10. The most strik-
ing result is that the friction stress and back stress rise is parallel.
From this and related analysis, Kuhlmann-Wilsdorf and Laird separate the
friction stress into two parts, one equal in magnitude to the back stress
(and presumed to have the same physical cause), the other, smaller, part
with a different dependence on the number of cycles and saturating earlier
than the former (36). The latter part is associated with jog-dragging by
the screw dislocations in the channels between the loop patches. The inter-
pretation of the back stress depends critically on whether the loop patches
participate in the plastic strain or instead act as rigid barriers to defor-

mation. After an exhaustive examination of this question (37), it is concluded

that they undergo strain. Thus Kuhlmann-Wilsdorf treats the loop patches as

a Taylor lattice (38), and relates the back stress to that required to flip
rows of similarly signed edge dislocations past their dipolar mates. Up to
the point of flipping, the strain is reversible and the anelastic motion of
the dislocations causes an apparent reduction of the shear modulus. This
reduction is shown in Figure 11 and can be seen as considerable. The
observed apparent shear modulus can be used, as in Figure 11 (38), to es-
tablish the scale and geometry of the dislocation structure in the loop
patches, because it is too fine and too complex to be accessible to TEM.
Close packing of the dislocations is approximated. Once the dislocations

in the rows have '‘flipped past their mates, their motion becomes irreversible
and thus "frictional". This explains the connection between the back stress
and friction stress.

Kuhlmann-Wilsdorf's theory (38) is open to considerable application, of
which an example taken from her paper is shown in Figure 12. The hysteresis
loops observed by Mughrabi (17) are shown on the left, and a set of hyster-
esis loops constructed using her theoretical transformation, for which one
experimental loop (cumulative plastic shear strain = 2) is required as a
basis, on the right. For the theoretical curves only the tensile parts have
been constructed, while the compression parts of the loops have been assumed
to be symmetrical to the strain axis. It is well known that there is a
slight difference between tensile and compressive parts of loops; neverthe-
less the agreement between the theoretical and experimental curves is most
satisfactory. Thus the Taylor lattice approach yields an impressive
constitutive equation.

If the fatigue strain is in the plateau range, the loop patch disloca-
tion mechanisms terminate as saturation is approached, and the general fine
slip gives way to the localized slip that produces the 'persistent slip
band" (PSB). Since this phenomenon causes crack nucleation, PSB's have
long been an object of interest in fatigue (for review, see 26). The dislo-
cat ion mechanism by which loop patches convert to the different dislocation
structure of the PSB is still not known. Considerable TEM studies show that
PSB's lie parallel to the active slip planes and consist, at ambient

95




SHEAR STRESS, T, MPa

©
o
I

o
o
I

F-3
o
T

POLY CRYSTAL {D SAXENA AND ANTOLOVICH

SINGLE CRYSTAL

T T T
X FELTNER AND LAIRD

O LUKAS AND KLESNIL

@ MUGHRABI

& FINNEY AND LAIRD o/
K STAGE A STAGE B - suoy i Figure 8

3)%/ Cyclic stress-strain curves
6/4{0 | for single and polycrystalline
— s copper. The single crystals
show plateau behavior at low
strain amplitudes and it is
possible that polycrystals do

- as well. Data are from ref-
erences 58 to 60 for poly-
2 crystals and from 17 and 39
1:‘ Z; " for single crystals.
] Courtesy of Bhat and Laird
_—4“———‘—--T (33) and the editors of -

Scripta Met.

1074 1073 10°2 10

Figure 9

~ The connect ioni between the
r yield stress, T _, the maxi-
mum cyclic stress, T_, the
- friction stress, T_, and the

10

8 -

€ back stress, T,, derivable as

' explained in “the text.
Courtesy of Kuhlmann-Wilsdorf
and Laird (36) and the editor
of Mat. Sci. Eng.

Figure 10

The values of the friction
stress, T, and back stress,
T,, derived in accordance

with Figure 9 for copper
cycled at a strain typical
of the mid-pldteau region of
the cyclic stress strain
curve. Courtesy of Kuhl-
mann-Wilsdorf and Laird (36)
and the editor of Mat. Sci.
Eng.

- (xPl)tum'——,

T T T T T T

T
0.0 01 02 25 1.0 20 50 10 96




temperature, of narrow hedges of densely packed dislocations, about 1.5 um
apart normal both to the primary Burgers vector and the slip plane, and
separated by clear volumes containing a little debris. The hedges are belicved
to be, primarily, a few layers of dipolar walls, mixed with debris (40), and
the strain is carried in the PSB's by screw dislocations moving to and fro
with the reversed strain between hedges and coordinated between hedge-rows so
as to maintain their dipolar character (40).

A really definitive investigation of time-dependency in connection with
the above behavior has never been made, although the available evidence indi-
cates an insignificant frequency effect at ambient temperature. There have
been few investigations of cyclic deformation in single crystals above 0.25 of
the homologous melting temperature (41), and to this author's knowledge never
in a useful orientation, i.e., for single slip. It is possible, however, to
speculate on the nature of high temperature behavior from studies of recovery
behavior (42, 43). Segall et al (43), having observed loop patches in Cu
and Ni, considered the ways in which loops can anneal out. First, if pipe
diffusion is easy, the loop can change its shape by breaking up into a series
of circular loops, which subsequently anneal out. The second process by which
loops may anneal out is directly by self-diffusion. The ends of the loop will
tend to become curved, but the radius of curvature will always be less than
half the dipole height. Hence vacancies will be emitted preferentially at the
curved ends and the loops anneal by becoming shorter, in agreement with the
TEM hot-stage observations of Segall et al (43). 1In view of this, it is
extremely unlikely that loop patches could long survive at temperatures much
above ambient, even 4n nickel, especially when one considers that loop patches
are neatly paired as vacancy-interstitial loops and self-diffusion sources
and sinks are thus available at short distances apart. Evidence for this can
be obtained from the work of Nine and Wood (44) who compared the lives of
copper single crystals cycled in torsion at + 0.003 either at ambient temper-
ature completely, or,else first at 573K for large numbers of cycles and then
to failure at ambienq‘temperature., Their results are shown in Table I, and
most interestingly, pre-cycling at high temperature is shown to increase the
subsequent lives at ambient temperature beyond reasonable limits of scatter.
The interpretation is as follows. For the torsional strain employed by Nine
and Wood, they were probably within the plateau region of the cyclic stress-
strain curve at ambient temperature, and thus the strain was concentrated in
relatively few PSB's. At high temperature, however, the loop patches would
readily convert to cells, of a structure not radically different from that
of PSB's. Thus, on subsequent cycling at ambient temperature, the applied
strain could be carried by the whole gage section and thus the most damaging
local strain was extenuated. This raises the intriguing possibility that,
environmental effects aside, the fatigue lives of monocrystals are insensitive
to temperature under strain cycling conditions. Unfortunately, this will not
be true of polycrystals because strain homogenization promotes grain bound-
ary cracking (45, 46). It is. important to note that we are very ignorant
of deformation behavior under stress cycling conditions, in spite of some
notable contributions at ambient temperature (47-49).

Gasca-Neri and Nix (50) have studied high temperature creep by compu-
ter simulation, considering the properties of an array of positive and '
negative dislocat ions with a common slip system, and permitting the disloca-
tions to glide and climb. It is unfortunate that this approach has not been
applied to cyclic deformation in assessing high temperature properties
because it appears very promising.
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Cyclic Deformation At High Strains

. At high'cyclic strains, irrespective of temperature, dislocation cells are
commonly formed in saturation. Depending on the temperature and strain ampli-
tude, rapid hardening is associated with debris formation, often in loop patch~
es. However, most investigations have been carried out on polycrystals and
the operation of many slip systems rapidly converts the initial structures into
dislocation cells. Typical behavior is shown in Figure 13. Although minor
substructural variations do occur for a given amount of cumulative strain,
the structures are remarkably regular, and by the time saturation is attained
(about 50 cycles for the stainless steel, strain amplitude and temperature
illustrated in Figure 13) the cell walls have become quite thin as compared
to those in tensile deformation. After saturation is attained, the cell size
remains constant but the average misorientation between cells increases.
Feltner and Laird (25) proposed that the stress needed to bow out the free
mesh length in the wall controls the saturation stress. Nahm et al (51)
associate this length with the sub-boundary misorientation network - an
unnecessary restriction in this writer's opinion, and contrary to the well
substantiated constancy of the saturation stress during life. Thus the
strain is carried by dislocations shuttling between the walls. It is possi-
ble that dislocations can shuttle in the same manner as within PSB's, in
which case the flow:stress would depend on the interjog length on the dislo-
cations. However, on this basis, it would be difficult to explain the stress
dependence on the strain amplitude. Feltner and Laird (25) also proposed that
some of the strain‘Eould be carried by dislocation flipping within walls and
by overall motion of’ the walls. The observation that cells enlarge very
rapidly with reduction in strain amplitude (25) and consequent cyclic
softening supports the latter proposal.. Careful TEM studies in single cry-
stals of copper (52) and nickel (53) support the dislocation cell shuttling
model, but Excell and Warrington (54) and Imura (55) have also shown sub-
boundary migration dyring creep and tensile testing respectively.

The temperatur & dependence of the high-strain cyclic deformation of fce
metals has recently been explored by Bhat and- Laird (56), using nickel as a
vehicle. Figure 14 shows that dependence, compared to the dependence of the
monotonic deformation expressed as the UTS, and to the behavior of DS nickel.
While the temperature variation of the cyclic stress (saturation stress for
plastic strain amplitude = 1%) for nickel has the same general form as the
monotonic behavior, there are important differences in detail. Specifically,
in cyclic deformation, an athermal region of flow is-not observed, and the
cyclic stress decreases linearly with increasing temperature until about 0.65
of the melting temperature, at which point it drops precipitously. No quan-
titative theory has;been proposed for this behaviof. Bhat and Laird suggest,
however, that point defects produced by the cyclic plastic strain, in combi-
nat ion w1th the effects of defect clusters and jog-dragging, lead to the
increased temperature dependence (as compared to monotonic behavior) at
temperatures below 0 5 T (Bhat and Laird observe rather minor variations in
the dislocation structures over this range of temperature) The sharp
decrease in flow stress occurring at 0.65 T, is attributed to recovery
processes, and the reason for its occurrence at a higher temperature than.
observed for monotonic deformation is explained by the observation that
dislocations agglomerate in cyclic deformation with evenly balanced signs.

Of course, the temperature at which the transition to recovery-dominated
behavior occurs is highly strain amplitude dependent increasing with
decrease of amplitude. ~ :
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One of the more surprising observations made by Bhat and Laird (56) is
the inferiority of the cyclic flow stress of DS nickel (associated with 1%
strain amplitude) as compared to nickel, between about 400K and 800K. (See
Figure 14). This result would have been very hard to accept were it not for
Leverant and Sullivan's previous observation that the cyclic stress-strain
curves for nickel and T-D nickel were similar at ambient temperature (57). 1In
Bhat and Laird's DS nickel, the processing' substructures were different from
those of Leverant and Sullivan, and as shown in Figure 14, the DS nickel is
stronger than nickel at ambient temperature. It also asserts its superiority,
of course, at very high temperature. With increase in temperature in the
range 400 - 800K, the rapid fall in the flow stress of DS nickel is extra-
ordinary. Bhat and Laird attributed this behavior to very rapid recovery
processes occurring in the dislocation tangles surrounding thoria particles
due to short circuit diffusion mechanisms (56). It would be interesting to
check these mechanisms by experiments using different strain rates or particle
sizes, but no appropriate results have yet been obtained.

CONCLUSIONS

The phenomena of cyclic creep and cyclic deformation have been briefly,
and selectively, reviewed. On the basis of this review, the following con-
clusions can be drawn: 1) The mechanisms of cyclic creep have not been
extensively explored; somework exists for .stresses giving rise to creep
plasticity. The softening which occurs in cyclic creep is not understood
(the same problem also applies to cyclic deformation) and there is a great
dearth of substructural studies. Bcc metals and alloys are particularly
neglected.

2) In the last few years some interesting advances have been made in
‘understanding cyclic deformation, unfortunately only for quite low strains
and low temperatures. The necessary fundamental experiments using single
crystals are very difficult to do, especially at higher temperatures, and
the emphasis on applied research and "relevant" materials during the seventies
has been quite damaging for fundamental work. It is astounding that the
problems of cyclic creep and fatigue, which have cost the nation and the
world many billions of dollars and many lost lives, receive such modest
support for fundamental research.
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ABSTRACT

The mechanisms of nucleation and growth of cavities in grain boundaries
in metals and ceramics are reviewed. A stress and time condition for nuclea-
tion is derived and it is suggested that the junctions of three interfaces
such as those formed between inclusions and grain boundaries are the most
probable sites for nucleation. Growth of cavities by diffuision also leads to
a stress and time condition for failure. Both grain boundary and surface
diffusion enter into the fracture equation. In metals, cavities can also
grow by power law creep for which a strain and strain rate -condition for
fracture is obtained. In those ceramic materials, which contain a glass phase
in the grain boundaries, the fracture process is dominated by the viscous
flow of the glass and the formation of cavities in the glass phase. There
is considerable opportunity for new micro-mechanical-modékling and experimental
work in ceramic materials which could lead to the design'of new ceramics with
unusual properties such as superplasticity. In metals, the influence of
environment, multiaxial stresses, and notches on cavitation are recommended
as topics for further research.

s

*
Report No: 4092 issued by the Materials Science Center, Cornell University.
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INTRODUCTION

(a) General

Most metals and alloys suffer from a ductility minimum at about half
the melting temperature.(l,2) This is quite surprising because ductile frac-
ture at low temperature bears certain similarities to fracture at elevated
temperature. In both instances fracture occurs by the initiation and growth
of cavities which form at second phase particles;* the main difference being
that at low temperature cavities form at all particles whereas at elevated
temperature they form at only those particles which are present in the grain
boundaries. Still, if the mechanisms of cavity nucleation and growth were
the same one would expect the ductility to increase, not -decrease, as the
temperature is raised. We must therefore, consider effects which operate
only at high temperature, the obvious ones being grain boundary diffusion,
surface diffusion, and grain boundary sliding. The mechanisms of high
temperature fracture in this report are interpreted in terms of these
phenomena. Another important factor is that metal flow becomes strain rate
sensitive at high temperatures; this is reflected in the ductility of metal,
and hence must in some way affect the cavity growth process.

It should be mentioned that there is a vast amount of published work in
this area and many.different effects have been reported which will not be
covered here. For;example: cavitation in Mg is more profuse under high fre-
quency cyclic loading,(3) grain boundaries migrate and assume a preferred
orientation, (4) and boundaries become faceted during stress rupture.(5) The
last point is quite important because it offers an opportunity to relate
cavitation to the structure of the boundaries. The cavities appear to form
at the tip of the asperities in the faceted boundary, and in my view, they
form after the boundary has become faceted. These special effects are more
commonly observed in single phase metals rather than in engineering alloys in
which the grain boundaries are heavily decorated with second phase precipitates.

(b) Fracture modes: metallographic evidence

In a stress rupture test a.dead weight load is applied, and the time to
fracture and the creep curve are measured. The creep curve yields the secon-
dary creep rate, €. A plot of In(l/ég) and In(tf) vs In(o) for a model '
copper-silica alloy is shown in Fig. 1:(6) Essentially three modes of frac-
ture were observed. At low stresses failure occurred due to numerous cavities
(Fig. 2a) which formed preferentiallyon those boundaries which were aligned
normal to the tensile axis. At very high stresses, dynamic recrystallization
(Fig. 2c¢) preempted cavity formation, and one hundred percent ducility was
achieved. There was a transition at intermediate stresses where the failure
process was distinctly different. In this instance wedge shaped 'cracks"
formed as shown in Fig. 2b. In the present experiments(6) the wedge cracks form
predominantly near the surface but they can also form everywhere as shown in
Fig. 3. :

*High temperature fracture is often caused by cavity nucleation at second phase
particles, but not always.
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(c) "r" and "w'" type cavities .

The observations reported in Figs. 1 and 2 apply generally to most
materials i.e. at low stresses failure occurs by the formation of cavities
on grain boundaries which are aligned normal to the tensile axis (''r'' type)
whereas at the higher stresses wedge cracking dominates. The relative re-
gions of strain rate and temperature in which one or the other mechanism
dominates varies from material to material. But generally, in those materials
which contain a small area fraction of second phase particles in the grain
boundary, and in which the grain matrix is quite creep resistant (monel is a
good example), wedge type of cracking is more prevalent. Normally, materials
which show extensive wedge-cracking are also pronc to exhibit notch sensi-
tivity.

There is firm evidence that in r type cavitation, cavities form at
second phase particles as shown in Fig. 4, although suggestions have been
made that they may also form at ledges in the grain bOundary,(3) In single
phase materials they do appear to form at the asperities in boundaries which
have become faceted during the creep process (see Fig. 5). There are sugges-
tions in the literature that obstruction of sliding at particles and ledges
contributes to the nucleation of r type cavities(9) but there is no
metallographic evidence for this, and theoretical analysis does not support
the idea.(10) On the other hand, there is abundant metallographic evidence
that sliding is an important factor in wedge crack formation. The initiation
and growth of wedge cracks is probably promoted by the stress concentration
produced by sliding at triple grain junctions and by the accommodation of
sliding by crack opening rather than by diffusion or power law creep. The
opening of cavities at particles just ahead of the crack tip(11l) may also
play an important part in some materials.(12)

(c) Summary of this report

This report will deal primarily with mechanisms of nucleation and growth
of r type cavities. Nucleation will be described in termsyof formation of
supercritical vacancy clusters at heterogenous nucleation sites. Growth will
be described in terms of grain boundary and surface diffusion and power law
creep coupled with diffusion. Models will be supported by experimental evi-
dence. The details will be omitted because they are available in published
literature. Wedge cracking is included as one of the '"unsolved' problems
since in the author's opinion a satisfactory explanation is not yet available.

NUCLEATION OF CAVITIES AT SECOND PHASE PARTICLES IN GRAIN BOUNDARIES

(a) Essential difference between low temperature and high .
temperaturc nucleation

In low temperature ductile fracture considerable plastic strain must be
exerted before cavities are seen to form at second phase particles. Palmer
and Smith(13) found that they needed about 10% strain in copper silica. Im
and Argon(14) needed more than 20% strain in speriodised steel. In contrast,
in long term creep experiments with a copper-chromium alloy, Fleck et al1. (15)
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determined that cavities nucleated at a stress much lower than the yield

stress provided that an incubation period was allowed. In fact in their ex-
periments cavities nucleated after such a long waiting period that the develop-
ment of stress concentrations at particles due to sliding could be ruled

out. (10,16) A further observation is that whereas cavities initiate at all
particles in low temperature deformation, they nucleate selectively at those
which are present in the grain boundaries at elevated temperature. A reason-
able conclusion in view of the above information is that the mechanism of
cavity nucleation is quite different at high and low temperatures.

(b) Threshold stress for nucleation

In the mechanism being proposed, vacancies condense to form a cavity of
supercritical size under the influence of a tensile stress applied normal to
the grain boundary.(10) By this mechanism nucleation is most probable at a
site where, for a given value of the applied normal traction, o, the volume
of the critical cavity is the minimum. As an example the nucleation of a
cavity, for a fixed value of o, at four different possible sites: within
the grain matrix, at two grain junctions, at a particle matrix interface, and
at the triple junction where grain boundary and particle meet, is shown in
Fig. 6. The radius of curvature of the surface, in each case, is the same:

N

Y 1‘4 »
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The volume of the cavity is determined by the equilibrium between various in-
terface tensions. The fourth case leads to the lowest volume and is there-
fore the most probable. The volume of the critical cavity, in this case, is
defined in terms of r_., and the interface energy angles a, B, and u as shown
in Fig. 7. If y and Yy are the specific surface energies for the free surface
of the matrix and particle, respectively, and ypg and Y-B are the respective
values for the matrix-grain boundary and particle—matrlx interface, then cosg

vg/2y, cosB = (y1g’- v1)/y and cosu = yg/2vyrg. (10)
The steady state rate of nucleation by this mechanism leads to:
3
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where Pma is the maximum density of nucleation sites, Q is the atomic volume,
§ is the goundary width and Dy the boundary diffusion coefficient, and rgFV is
the volume of the critical cavity where FV is function of o, B and pu. Eq. 2
depends very strongly on o, so that when p is plotted against o,, one obtains
an appearance of a threshold stress, otp, Which we assume is that stress at
which Eq. 2 provides a nucleation rate of 1 s-1. The dependence of oth with
Yig is shown in Fig. 8. Note that (Yyg - y-Yg) is a measure of the bonding
between the particle and the matrix; when it goes to zero the matrix does not
wet the particle and the nucleation stress as well as the ideal strength of

the interface reduce to zero. At finite bonding, however, note that nucleation
by the kinetic process can occur at a stress much lower than the ideal strength

of the interface.
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It is difficult to compare this model with quantitative measurements
of nucleation since the interface energies are usually not known, but it is
significant that the site proposed by this model (Fig. 7) has almost always
been the site where cavities have been observed.(15,§7) The model also gives
a reasonable explanation why cavities can form at very low applied stresses
at elevated temperature.

(¢) Incubation time for nucleation

The expression in Eq. 2 gives the steady state rate of nucleation. . It
is more sensitive to stress than to temperature. We expect, though, that
temperature plays a critical role since if the vacancies cannot diffuse rapidly
then the clusters will not grow and the steady state will not be reached in a
reasonable period of time. This leads to the concept of an incubation period
for the formation of clusters of critical size. There is a net growth of
clusters towards the critical size with time, even though the free energy
favors dissociation, simply because at any one instant the concentration of
clusters which are likely to gain one vacancy is much larger than the concen-
tration of clusters which are one vacancy larger. The result is that the
higher probability of dissociation of the larger cluster is more than offset
by the greater concentration of the smaller clusters. Thus, as time progresses,
some clusters grow larger until the critical size is reached. The incubation
time for this process is difficult to calculate but a lower bound can be cal-
culated assuming that the probability is unity for associatich and zero for
dissociation. This leads to the following expression for incubation time:(10)

t. = ‘ - (3)

[PRSAN

Data for comparison with the above equation is almost non-existent. A compari-
son with two data points with the work of Fleck et al., shows that Eq. 3 under-
estimates the incubation time by nearly eight orders of magnitude. This may
appear unreasonable but it is not out of the question in view of the approxi-
mations made. It points toward the need for computer simulation of the atom
by atom events which lead to the growth of clusters in a two dimensional in-
terface. There is also a need for more experimental work aimed at studying
nucleation specifically.

(d) Discussion

If the model described above is a valid one, then it means that a com-
bination of stress and time is needed for cavity nucleation. ~When stress con-
centrations develop in a creeping solid, for example by the obstruction of
grain boundary sliding at particlc and triple grain junctions, or in the re-
gions of crack tips, they are usually transient. Therefore, it may happen
than large stress concentrations arise but do not persist for a long enough
time for nucleation to be completed. Successful nucleation would depend upon
the relative kinetics of nucleation and stress relief.
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CAVITY GROWTH BY DIFFUSIONAL TRANSPORT

(a) Grain boundary diffusion controlled growth

One of the mechanisms by which cavities can grow at elevated temperature
is the transport of atoms from the cavity surface to the adjacent grain bound-
ary. The driving force for this process arises from the gradient in the
normal traction at the interfaces.(18) Diffusion can occur simultaneously
" through the lattice and along the grain boundary, but in most problems of
interest i.e. for cavity spacing of less than 10 um and temperature in the
range 0.4-0.7T,, grain boundary diffusion dominates. The growth of the cavi-
ties was first calculated by Hull and Rimmer and later by Speight and Harris(20)
with the assumption that the cavities are of a spherical shape. In a more
complete approach, shown in Fig. 9, the cavities are assumed to grow in their
equilibrium, lenticular shape. First the volumetric growth rate of the
cavities is calculated in terms of the diffusion, compatability and equilib-
rium equations. This is translated into a growth rate for grain boundary
damage (area fraction of separated boundary) by assuming the cavity to have
an equilibrium shape. The damage function is integrated to yield an expres-
sion for time to fracture:(21,22)

3
_ A KT »
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here o, is the remote tensile stress applied normal to the grain boundary and

XA is the average spacing between-the cavities. Provided that growth (rather
than nucleation)is the rate controlling step in fracture, Eq. 4 provides a
simple answer to failure prediction. In reality the situation seems more com-
plicated, partly because the grain boundary diffusion coefficients in engineer-
ing materials are not well characterized, and partly because of hereto un-
understood problems. This is discussed later.

T

(b) Role of surface diffusion

When cavities are growing by grain boundary diffusion, the atoms are
removed from where the cavity meets the boundary i.e. the triple junction.
Surface diffusion is then responsible for restoring the cavity to its equilib-
rium shape; if it is not fast enough then the cavity will become elongated
along the grain boundary. This would reduce the time to fracture relative to
Eq. 4 because the same volume of cavity will now occupy a larger boundary
area. This problem has been studied in detail by Chuang and Rice(23) et al.(24)
Some of their results are summarized here. The transition from quasi-
equilibrium to crack-like growth of cavities occurs when:

rsv
kT T3
Qy GSDS

> 24 . . (5)

109




where v 1s the radial growth velocity of the cavity in the boundary plane, ¥y
is the surface energy, 8. is the width of the surface diffusion layer and Dg
is the surface diffusion coefficient. In the crack like mode the time to
fracture is given by:

sos Y (1 +C) 1 E
where
‘ .0, A GSDS _
C=0.4 “o 77 5D, (7)

o 2r
Here r_, and X = 2% are shown in Fig. 9. In Eq. 5, H(——EJ is a fourth degree
polynomial and will normally be of order one. There are two interesting
limits to Eq. 6 and 7: a) when C << 1 then the equation depends only upon

Dy and varies inversly as the third power of 0w , and b) when C >> 1, then tg
depends on both Dg and Dy and varies as the 3/2 power of Ox. Chuang et
al.(24) find that in most practical instances case (b) would apply and in this
case the relative magnitudes of fracture ‘time according to Eqs. 6, 7 and 4 is
given by (assuming a nominal value of 0.25 for 2rp/)):

o x &D

o B 1/2
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This factor will be only weakly temperature dependent and more strongly depen-
dent on 0,. As a result it may be more important in hard materials such as
nickel base superalloys and ceramics where diffusion mechan1sms should dominate
up to a higher value of the applied stresses.

It is interesting to study the transition at which a switch to the crack-
like growth is predicted. Approximately, we assume the velocity to be equal tohalf
the cavity spacing divided by the time to fracture for quasi-equilibrium growth
(Eq. 4). We then obtain the following condition in lieu of Eq. 5:

o~/
N BT A
8

, - >0.3 (9)

The interesting point is that when the cavities are small and widely spaced
(small rp and large A) the equilibrium growth is favored. It may be that in
their entire lifetime, the cavities grow in the equilibrium shape when they
are small and in the c¢rack like mode when they are larger.
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(¢) Experimental evidence

In the diffusion controlled models for fracture, the time to failure is
either boundary diffusion controlled or surface diffusion controlled. In the
first case the stress dependence ranges from linear to a power of 1.5, while
in the second it has a power of three. Provided that the diffusion coeffi-
cients are known, quantitative comparison between theory and experiment can be
made. There is good experimental evidence for both cases. 1In the first case,
experiments with bicrystals of copper in which the cavities nucleated at oxide
particles yielded good quantitative agreement with Eq. 4 as shown in Figure
10.(25) When correction is made according to Eq. 8, the agreement is
even better.(24) Agreement with surface diffusion controlled crack like
growth of cavities (Eq. 6 case (a)) was demonstrated nicely by Goods and Ni 26)
in silver in which steam bubbles had been introduced in the grain boundaries.
The agreement was good even though the criterion for crack-like growth (C << 1,
Eqs. 6 and 7) was not satisfied.

There is also some data in creep fracture studies in ceramics in which
the linear stress dependence for time to fracture is obeyed,(32) But in most
of the data on polycrystals in metals, fracture time varies with time and
temperature in the same manner as the secondary creep rate. This has led to
the following expression due to Monkman and Grant:(28)

Estf = constant (10)
The wide applicability of the above equation to experimental data raises the

possibility that cavities grow by the same process by which the matrix creeps -
that is power law creep. This will be discussed further in the next section.

(d) Diffusion controlled growth in metal polycrystals--a dilemma

There are at jleast three examples in the literature where the time to
fracture of face-centered-cubic metal polycrystals is described by power law
creep (Eq. 10) even though the diffusion equation (Eq. 4) predicts a value for
tg which is several orders of magnitude shorter. In all cases, the cavities
were already present so that nucleation was not causing the delay in fracture.
In one case(29) the cavities were introduced by prestraining followed by an-
nealing, in the second(6) the cavities were seen to have formed before the
onset of secondary creep, and in the third case the cavities which consisted
of He bubbles were formed in Ni-8%W by neutron irradiation.(30) The comparison
of the measured and the calculated fracture times for the last case is shown
in Fig. 11; the discrepancy here is the least amongst all three cases. The
grain boundary diffusion data for the calculation of the theoretical curve was
taken from pure nickel; it is possible that in engineering materials the dif-
fusion may be slower which causes the discrepancy but in the author's opinion
this is probably not the case since.the same discrepancy seems to arise in
the copper silica work(6) in‘which the diffusion coefficients are known to
within an order of magnitude “from internal friction(31l) and bicrystal frac-
ture (25) experiments. :

The. inference is that diffusion controlled fracture operates in bicry-
stals(25) but not in fcc metal polycrystals(6) of the same material. Why this
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is so is not clear. In my own view, it stems from the difficulty in trans-
porting matter across the triple junction (it is necessary to do so in order
to redistribute stress and achieve a steady state) because matter can be
transported only by the climb of grain boundary dislocations. Thus there is
a barrier to the dissociation of dislocations at the triple junctions. The
strength of this barrier would vary from material to material. For example,
we find that in polycrystals of Al;0z there is good agreement with diffusion
controlled fracture. (32,33)

If incompatability at triple junctions is the cause of the inhibition
of diffusional cavity growth in fcc metal polycrystals under uniaxial stress,
the problem should not arise under hydrostatic tension since then cavities
can grow equally at all grain boundaries.(25) This aspect of diffusional
cavity growth needs to be studied further since, if true, the diffusional
mechanism may be quite important in the growth of cavities near notches and
crack tips under plane strain conditions.

APPARENT CAVITY GROWTH BY POWER LAW CREEP

In a systematic study of stress rupture in copper-silica alloys in which
the particle content was varied, the applicability of Monkman Grant relation
(Eq. 10) was confirmed over a wide range of stress, temperature, and micro-
structure. A semi-empirical model for growth of an array of cavities by power
law creep (€5 = Aol) was developed which incorporated the cavity spacing and
the strain rate sensitivity, m = 1/n, as the important parameters.

Cavities grow in the boundary plane because they interact with their neighbors
thus creating hydrostatic tension stress in the regions in between. The im-
portance of hydrostatic stress in cavity growth has been well recognized in
ductile fracture.(34,35) Theoretically, the cavities can grow and link purely
by the power law creep mechanism although it is possible to conceive of
mechanisms whereby diffusion can accelerate the process. For example as
strain accumulates, the cavities would tend to become elongated in the strain-
ing direction thus reducing the triaxiality. If surface diffusion continuously
restores the cavities to their equilibrium lenticular shape then it would pro-
mote cavity transverse cavity growth by increasing the grain boundary area
occupied by the cavity for the same cavity volume, and also by increasing the
triaxial stress. Models which couple diffusion and power law creep to explain
cavity growth are currently under development. In the meanwhile the semi-
empirical equation of Pavinich and Raj(6) provides a reasonable estimate of
Monkman Grant ductility in many engineering materials: (6)

Here where A is the cavity spacing (also the particle spac1ng), d is the grain
size and m is the strain-rate-sensitivity (equal to the inverse of the power
law stress exponent).
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UNSOLVED PROBLEMS IN CREEP FRACTURE IN METALS UNDER
MONOTONIC LOADING

Most of this report has dealt with the nucleation and growth of r type
cavities which form predominantly at boundaries which are transverse to the
tensile axis. Wedge cracking is another, and in the author's opinion, a
distinctly different mechanism of intergranular fracture. Williams(36) has
dealt with the initiation of wedge cracks using the Stroh(37) mechanism and
Dimelfi and Nix(11) have dealt with the growth of wedge cracks by secondary
cavitation. In both instances, the stress relaxation which must occur at and
near the triple junctions have not been taken into account. In the approach
of Min and Raj(38,39) 4 strain rate and sliding displacement criteria is
considered in which it is held that the strain rate must be such that the
rate of increase of stress concentration at triple junctions by sliding is
faster than the rate of stress relaxation, and that a certain critical
sliding displacement must accumulate before a wedge crack extends across a
full grain facet. More modelling work is needed which couples sliding,
diffusion and power law creep mechanisms of deformation. In order to obtain
a better comparison with experiment, it may be easier to think in terms of
an applied strain rate rather than an applied stress since some recent experi-
ments on supperalloys have shown that the loading rate can have a significant
effect on the stress rupture life. (40)

Many engineeripg materials, especlially nickel base alloys are very
sensitive to environment. Whether the environment affects nucleation, or
growth, or both is totally unclear. One of .the possibilities is that environ-
ment (e.g. oxygen) influences the trace element concentration in the grain
boundaries which leads to a much faster rate of grain boundary diffusion,
thereby accelerating growth and nucleation.

Evidence is aéeumulating that in monotonic and in cyclic loading inter-
granular fracture can occur by the initiation and propagation of cracks from
the surface (see Fig. 2b). A good start will be to study cavity formation
in the region of well defined stress concentrators such as notches. In fact
it is possible to imagine two extremes: one in which grain boundary damage
forms in the entire cross section before failureoccurs, and the other where
damage is tightly localized at a notch root or a crack tip. Conditions under
which one or the other failure process dominates should be established. It is
suspected that the effect of multiaxial stress field on cavitation will be
significant when damage occurs near notches and cracks.

FRACTURE IN CERAMIC MATERIALS

(a) Fracture by Diffusional Mechanisms in Purely
Crystalline Ceramics

What I have said about the nucleation and growth of cavities by diffu-
sional mechanisms in metals applies equally to ceramics. The temperature at
which diffusion becomes the dominating mechanism, however, is higher in
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ceramics than in metals. This is because in ceramics the atom binding is
either ionic or .covalent, as a result the ductile-brittle transition occurs at
0.4- 0.7 of the melting temperature (as compared to 0,1- 0.3 in b.c.c.
metals). The other difference is that even at high temperatures, ceramics
can cleave at the higheér stresses because the stress required for dislocation-
slip at barriers such as grain boundaries is often comparable to the stress
required to form cracks. In softer materials, however, such as magnesium
oxide and alkali halides, ductile holeigrowth has in fact been observed. The
fracture behavior of Mg0 and Al03 is contrasted in the fracture maps for the
two materials shown in Figures 12 and 13. In these maps cleavage-one refers
to completely brittle fracture, cleavage-two to crystallographic fracture
with some ductility, brittle-intergranular-fracture to fracture without
cavitation, ductile creep fracture to fracture by plastic hole growth, and
intergranular creep fracture to fracture by the growth of cavities in the
grain boundary. Note that ductile creep fracture is not observed in poly-
crystalline alumina. Brittle intergranular fracture is essentially cleavage
which depends on the size of the pre-existing cracks; in '‘perfect' material
the cracks are produced by slip and are effectively as large as the grain
size. This mode of fracture effectively prescribes an upper limit to the
stress that can be imposed on the material during service; also fracture in
this mode is not time dependent.

The principal mode of time dependent fracture in strong, creep resistant
ceramic materials such as alumina, silicon nitride and silicon carbide, is
the nucleation and growth cavities in grain boundaries by diffusional mechan-
isms. Since ceramics are often sintered and hence contain some residual
porosity; the nucleation of cavities should not be the limiting factor in
fracture and in the simplest case, Eq. (4) should provide good prediction of
fracture behavior. Unfortunately, stress rupture data in which the stress,
the cavity spacing and the diffusion coefficients are well specified, are
extremely scarce. We have found one case, in alumina, where we can compare
theory and experiment, (32) which is shown in Fig. 14. For theory a modified
version of Eq. (4) was used since lattice diffusion of the cation rather than
grain boundary diffusion 1is expected to be the rate controlling process in
A1203.(33) The agreement is very encouraging. The transition to a higher
slope in Fig. 14 is probably associated with the development of wedge
cracks in the grain boundaries.

Despite the importance of diffusional mechanisms in high temperature
fracture in ceramic materials, and the fact that the theory of diffusional
fracture is quite well developed, experimental studies of stress rupture in
ceramics have received little attention. There is clearly a :need for ex-
periments, preferably in pure tension, in which parameters such as cavity
spacing and diffusion coefficients are well known. It should be kept in
mind that in ceramics, the environment can influence the defect concentration
and, therefore, the dlffu51v1ty making it necessary to carry out the experi-
ments under spec1f1ed environmental conditions. '

o

~

Even if the material is 99.999% dense it means that the average cavity
spacing will be less than a 0.2 ym if we assume the cavities to be 10 nm
in diameter, which is about the size of a critical nucleus from Eq. (1),
and the grain size to be 1 um .
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(b) Fracture in the Presence of a Glass Phase
in the Grain Boundaries

When ceramics are sintered or hot-pressed in the presence of a liquid
phase, high densities are achieved but a residual glass phase is left behind
in the grain boundaries. The glass is segregated mostly to the triple grain
junctions but if the diahedral angle is equal to zero the glass also penetrates
the two grain junctions, as in the case in hot-pressed silicon nitride(42,43)
as shown in Fig. 15. The glass phase has a profound influence on the high
temperature mechanical behavior. As the temperature is.raised the glass in
the two grain junctions facilitates grain boundary sliding, while at the
triple grain junctions large tensile hydrostatic stresses can be produced due
to the concentration of sliding displacement. It is conceivable that this
results in the nucleation and growth of cavities in the glass pockets at triple
grain junctions.

The simplest mechanisms for time dependent failure in such a microstruc-
ture is shown in Figs. 16 (a § b) due to Lange(44) and Raj and Dang. (45)
Cavities grow in the same manner as penny shaped bubbles will grow in an ad-
hesive layer sandwiched between two plates when the plates are pulled apart.
The time to fracture by this mechanism can be rigorously calculated and is
given by:

2 ,
£ = 1,25 A7y 1 (11)
f 2
h0 o,

where ) is the average spacing of the cavities, hy is the thickness of the
glass layer, p is the viscosity, o_ is the stress normal to the grain boundary.
I is a numerical intégration factor which is equal to 0.18 if the cavities are
already present or 46.5 if the cavities have to be nucleated by means of the
applied stress. At least in hot-pressed silicon nitride, in which extensive
transmission microscopy has been carried out there is no evidence of any
cavities in the virgin material. We must assume, therefore, that nucleation
is necessary. This leads to a threshold stress given by:

9%h = h—g' (12)
o
where y, is the surface energy of the glass phase. When Eqs. (11) and (12)

are app%ied to fracture in hot-pressed silicon nitride then the curve shown
in Fig. 17 is obtained ( A = 1 um, wgjo, = 1010 P, hy = 2 mm, and yg = 0.5 Jn~2;

the viscosity was derived at 1300°C assuming the glass to be pure silica(46)),
Since fracture in HP-SizN, occurs in a time period which is several orders of
magnitude shorter than what we calculate, we assume that this is not the rate
controlling mechanism of failure in this material.

The other mechanism of failure which has been proposed by us is shown
schematically in Fig. 18. The idea is that sliding at boundary AB produces a
stress concentration at the triple junction. A cavity is formed in the glass
pocket in the triple junction which grows and produces a wedge crack BC just
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ahead of the primary crack. Several such cracks may form a ''damage

zone' of many microcracks in the crack tip region. When the damage zone gets
large enough that the stress at the tip of the primary crack exceeds the
fracture stress of the interface, then the crack advances by a distance of
one grain length. This mechanism leads to subcritical crack growth.(47) The
approximate rate of crack growth by this process would then be given by

, = 4
a =7 (13)

where d is the grain diameter and t is the time required for the formation of
a wedge crack. Several rate processes:iact sequentially in producing a wedge
crack. The slowest one of them determines the value for T in Eq. (13). First
the boundary slides to produce a stress concentration at the triple junction;
second, the cavity nucleated in the triple junction grows just as a bubble
grows in a viscous medium; and third the bubble grows and impinges on the' two
grain junction and propagates a wedge crack. We have measured the rate of
grain boundary sliding from internal friction experiments in HP-SizN4 and find
that the substitution of this time constant ‘into Eq. 13 gives a crack propa-
gation rate of nearly 1 ms-1 at a temperature of 1300°C which is nearly six
orders of magnitude faster than the measured value.(47) We then calculated
the time required for the growth of the bubble in the triple grain junction:

T, = = (14)

where P is the hydrostatic tension produced in the triple grain junction by
grain boundary sliding, and u is the viscosity of the glass at the given
temperature. We do not have knowledge of the viscosity of the glass but if
we assume that the glass is pure silica then the maximum possible value of
the viscosity and hence the slowest possible crack growth rate is obtained.
Using this we calculate the crack growth rates to be about, 10-7 ms-1 which is
one to two orders of magnitude lower than the measured value. On this basis
we conclude that the growth of the cavity in the glass pocket at triple
junctions rather than grain boundary sliding is the rate controlling step in
time dependent fracture of HP-Si Ng4. This has some interesting implications.
For example, according to Eqs. (13) and (14), the viscosity of the glass will
directly affect the crack growth rate. The presence of alkaline impurities
will, therefore, lower the viscosity and hence accelerate fracture. The
model also suggests that grain boundary sliding, although necessary for
fracture, is not the rate controlling step. Changing the grain boundary
microstructure so as to impede sliding, for example by -introducing inclusions,
is not likely to affect the fracture kinetics.

There is one important aspect of the above model. We have considered
only those processes which produce stress concentration and fracture. At
high temperature the stress concentration can also be relieved by creep,
specifically by dissolution/precipitation of the ceramic from the glass
phase at the triple junction. The driving force for this would be a finite
difference in the partial molar volume of the ceramic in the glass phase and
its molar volume in the crystalline phase. If the kinetics of the stress
relaxation process is faster than the kinetics of bubble growth then cavities
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will not form and the material will be ductile. Since HP-SizN4 has a fine
grained structure, it is quite likely that it would exhibit superplastic de-
formation if the nucleation and growth of cavities can be suppressed.

{(c) Correlation between Processing Variables
and Fracture Behavior

The fundamental parameters which are so important in the fracture of.
ceramics, such as diffusion, viscosity of the glass, and interaction between
the ceramic and the glass phase, are equally important in the processing and
preparation of ceramic materials. This is because ceramics are often prepared
by sintering which involves diffusion, or by hot-pressing which involves
dissolution/precipitation through a liquid phase. In both fracture and in
processing, control of the chemistry and the vapor pressures of the various
components in the environment is vital since it has a very significant effect
on the diffusion and the properties of the liquid phase. In my opinion,
systematic studies of thermodynamics and kinetics, micromechanical modelling,
and mechanical testing will lead to some very exciting science and may well
lead to a breakthrough in the technology of making ceramic materials with the
desired high temperature mechanical properties through a well thought out
and calculated control of the processing variables.
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3

Wedge type cracking in irradiated

stainless steel.

(7)

4. A scanning micrograph of a
grain boundary fracture
surface.
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5. Cavity formation at asperities in a faceted boundary.(S)
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8.

A comparison of the stress
of kinetic nucleation at
side (d), Fig. 7, and the
stress required to overcome
the ideal strength of the
particle matrix interface.
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A comparison of experimental
data with theory for grain
boundary diffusion controlled
growth of cavities. The
picture on the left is the
fracture surface. Exper-
iments were performed on

bicrystals.(25)

A comparison of fracture
time of polycrystals con-
taining He bubbles (of
spacing ~n0.2um) (30) with
theoretical estimate

(Eq. k).
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Slow crack growth by the formation of wedge cracks.
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PLASTIC CREEP FLOW PROCESSES IN FRACTURE
' AT ELEVATED TEMPERATURES

James R. Rice
Division of Engineering, Brown University, Providence, R.I.

February 1979

Summary

This paper discusses recent theoretical developments on fracture at
elevated temperature.in the presence of overall plastic (dislocation) creep.
Two topics are considered:

1. Stress fields at tips of macroscopic cracks in creeping solids:

Here consideration is given to the transient development of an effectively
steady state of creep in a cracked body, followihg sudden load application
for which the short-time material'response is elastic. At long times
(steady creep state) .the severity of the near-crack-tip deformation rate
field can be characterized in terms of a path-independent integral C* ,
which is #*generalization-for non-linearly viscous materials of the J integral
for rate-independent materials. Based on recent work by Riedel and Rlce,

it is shown that the short time transient field of creep flow has the same
functional form at the crack tip, but that its amplitude parameter C* {is
replaced, approximately, by  G/(l4n)t , where t 1is time since load appli-
cation, n 1is the exponent in a power-law creep relation £ « on , and

G 1is Irwin's elastic energy release rate (calculated in terms of the stress
intensity K, as if the body were elas?ic);» Hence G/(14+n)C* can be
identified as a characteristic time for stress redistribution in attaining
the steady creep state. Macroscopic creep crack growth is discussed in
terms of these concepts and associated analyses.

2. Diffusive growth of microscopic grain boundary cavities in creeping

solids: Previous analyses of this problem are based on an assumption that
grains adjoining the cavitating boundary separate in an effectively rigid
manner. However, important interactions between cavitation, by surface and
grain boundary diffusion, and plastic creep processes are observed to occur

when a state of overall dislocation creep prevails. These arise from two
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effects. First, even in the absence of matter transport-along the grain
boundary (Db very small), the presence of overall creep causes an increase
in volume of the cavity and tends to cause a change in shape. The latter
would, generally, tend to decrease rather’than increase the cavity radius,
but in the presence of sufficieﬂtly'rapid surface diffusion the spherical-
caps shape of the cavity is retained and'the creep-flow-induced volumetric
opening rate of the cavity causes a continuous enlargement of cavity radius.
Second, when grain boundary diffusion is considered, the deformability of
the adjoining grains means that matter diffuéion from the cavity surfaces
can be accommodated'by highly localized relative separation velocities
across the grain boundary. Hence the diffusion.path length is not set by
cavity spacing (as in the rigid-grain Hull~Rimmer model}, but can be much
shorter, resulting in a far more rapid removal of material from the cavity
walls. A precise analysis of the problem has not yet been developed, but

a variational principle governing simultaneous dislocation creep and grain
boundary diffusion has been established, and this should lead to effective
finite-element solution procedures. Also, an approximate model of:the pro-
cess suggests that for pure metals in the range of 0.5 to 0.8 Tm ,:and at .
stress levels. of 10-3u (u = shear modulus)_and 10-4u , respectively,

the resulting cavity growth rate may exceed predictions of the rigid grain

model'by as much as factors of 10 to 100. 3 L

Ak
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Stress fields at tips of macroscopic cracks in creeping solids:

This section is based on recent work of Riedel and Rice [1] on temsile
(Mode I) cracks in elastic?éreeping solids and on earlier work by Riedel [2]
on anti-plane (Mode III) shear cracks. The materials considered are assumed

to follow the stress strain relation
- L] n
£ = g/E + Bo (1

in uniaxial tension. The exponent n is typically in the range 4 to 6,
sometimes higher, for dislocation creep processes. -

A body containing a crack is supposed to be loaded in tension. If the
load is applied suddenly, the instantaneous stress field developed in the
material is elastic. The stress enncentration at the crack tip causes a
zone of rapid creep straining to develop there, effectively to alleviate
the elastic r stress singularity. The early stages of this process
may be described in analogy to analyses for rate-independent plastic
materials.; Accordingly, this (short-time) field, in which elastic strains
are much greater than creep strains everywhere except within a small region
at the crack tip, is referred to as '"small scale yielding." The near tip
solution in this regime is complicated, but the parameter which governs it
is the (far field) elastic stress intensity factor KI . '

On the other hand, at long times after load application there is com~
plete fedistribution of stresses and subsequent response of the material
under fixed,.-load takes place as if the material were purely viscous,
€ = Ba" . In such cases, referred to as “extensive yielding," the near
tip stress and creep rate fields have an intensity characterized by C* ,
where C* is a path-independent integral [3].

In both the ''small scaie" and "extensive' yielding limits, and for
intermediate cases, the r,8 form of the negr tip field is controlled (for
n>1) by the non-linear term in (1). Aeeordingly, the near-tip fields of
stress and strain rate are of the same form as the fields of stress and
strain in a rate-independent material with ¢ « o . Such fields are given
in [4,5], and referred'to as "HRR" fields.

For example,.in the case of extensive yielding the near tip stress
field (in plane strain or in nlane stress) is given by an expression of the

form

f..(8) as r > 0 - (2)

c* 1/ (1+n)
] ij

%13 7 [ﬁ
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where the fij are dimensionless and appropriately normalized functions
of 0 , dependent also on n .

‘By dimensional considerations, and by the requirement that the load-
ing be characterized only by KI , the short time, or small scale yielding,

solution has the form
- - .2 2/ (n-
0y5 = @0 Y 0D w1, 3

at time t after load application. Here .. 1s dimensionless, dependent
glJ 1

also on n and v (Poisson ratio), and gij[p,e] decays aé 0 3 for large
p . This stress field involves a near tip singularity in the same form as
(2) except that C* is replaced by a factor proportional to Ki/Et .
Indeed, Riedel and Rice [1] give an approximate argument showing that, for
small scale yielding,

C* should be replaced by G/(l+n)t (4)

in (2), where G (=(1—v2)K§/E for plane strain) is Irwin's energy releése
rate. Their comparisons with exact nﬁmerical results [2] for the field
analogous to (3) in Mode I1II suggest that the approximation of (4) is accu-
rate to *10% for az4 .

On the basis of (3) and the stress-strain relationship, it is possible

to define a '"creep zone,"

somewhat arbitrarily, as the region whereﬁEfeep
strains exceed elastic strains, both reduced to equivalent tensile strains.
" This zone has a size which increases in proportion to the parameter

Ki (EBt)Z/(n—l) ’

and small scale yielding conditions may be assumed to prevail whenever the
creep zone is small compared to characteristic lengths of the cracked body
(e.g., crack length, uncracked ligament widthi. By (4), a transitioﬁ time
t. between the short-time, small scale yielding and long-time, extensive

1
yielding cases may be defined by

t, = G/ (14n)C* . b (5)
For example, consider a short plane stress crack of length a in a
large body under stress o_ , with associated creep strain rate éir . For

this geometry, G = wcia/E is well known, and we write it as

a
f G da (oi/ZE)[(v/Z)(VE-a)Z] . (6)

o]
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which can be interpreted as the loss of strain energy, 2/2E , on crack
introduction, from an "affected" area consisting of a semi~circ1e of radius

V2 a . A similar interpretation gives, approximately

a
n_ . ccrf|m 21, ~ 2n _ ecr
C*da =~ '|;+1~ ’c-mem‘:l E»(}’»Z a) _l » or q* ol Cwfe "A - (7)

(o]

Thus the characteristic time for transition from small scale to exten-

¢
1 ’
sive yielding is, approximately,

o . '
1l e 1 -(n-1) :
tl.z 2n gecrt = 72nEB ‘» O < : (8

and is shorter at high stress levels than at low.

Correlation of creep crack growth by K. seems appropriate when ad-

1
vance takes place over a time scale much less than t1 , and by Cf for a

time scale much greater than ¢t The analyses just discussed are for a

stationary crack; it is known [é] that there must be a different type of
singularity at a growing crack tip than that described by (2), or by its
short-time version based on (4). In analogy.with growing crack solutiomns
for rate—in&ependentwplastic materials [7], however, it is expected that-
this different singularity, for nhich elastic and creep strains are of the
same order;awill.be important only in a small inner core of the~heayily
crept zone near the crack tip, for the more ductile of materials. ‘Ihe point ,

needs further elaboration.

Kr
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Diffusive growth of microscopic'grain Bcundary cavities in creeping
solids: . _ -

The well known Hull-Rimmer [8] model for diffusive void érowth along
a grain interface is illustrated in fig. 1. First, surface diffusion is
presumed to be rapid enough so that the void retains a qua51—equilibrium
spherical-caps shape (see Chuang et al. [9] for a detailed analysis of
conditions under which this assumptioh is valid, and solutions to a more
general version of the Hull-Rimmer model in cases for which it is not).
Second, the grains are assumed to be effectively rigid, so that the only
way in which the voids can grou (e. g;, by grain boundary diffusion, which
is typically the most rapid matter-transport process) is by diffusion along
the whole grain interface between v01ds, since the grains must separate
uniformly. This diffu31on.is driven by the difference between the poten-

tial, per unit volume, -o_ (on = normallstreSS) on the interface and

-2y k (k= surface curvature) on the void, which is negative- whenever the =~

net stress on the unvoided portlon of interface exceeds the sintering limit

- -
o

of ZYS siny/a . . . ) |
But at applied stresses of the order 10 "u (n = shear modulus)'at
0.5 T or, for example, 10_4u at 0.8 T s plastlc creep "flow of the
grains is generally rapid enough according to the data summarized by
Ashby in [10], that the grains can hardly be considered rigid. Besxdes,
it is knoﬁn on empirical grounds (Monkman-Grant correlation) that the
product of rupture time tr and steady state creep strain rate E;s is
not strongly variable over variations of stress and temperature that cause
changes by several powers of 10 in éss . This suggests a strong coupling
between plastic creep flow and creep rupture, even though diffusive pro-
cesses as envisioned in tﬁe Hull-Rimmer model seem to be active.
There are two major ways in which plastic creep flow can interact with
diffusive matter transport processes, and the net effect seems typically
to be a significant increase of the void growth rate over what is predicted
for the rigid grains model. The first -way is illustrated in fig. 2a where,
for simplicity, it is assumed that there is negligible matter transport -
along the grain boundary. Since the grains flow in creep, the material
points immediately adjacent to the void surface take on a distribution of
velocities which tend to make the void increase in volume and, in general

under uniaxial tension and for widely spaced voids (so that plastic flow is

not concentrated in a voided layer adjoining the grain boundary), to make
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the void radius, a, decrease.A This change in size and shape is- indicated
schematically by the dashed'curve in fig. 2a. But when surface diffusion
1s-rapid, local matter transport along the void surface retains the spheri-
cal caps shape (dash-dot-dash curve in fig. 2a) so that the net effect is
to ingrease the yoid radius. Hence, if V;r” is the rate of void volume
enlargment due to creep flow on the adjoining grains, the contribution to

the growth rate is

4

= [?5 a3h(¢{] = Gcr , or h(ya = ﬁcr/hva2 . (9)

3

Here the bracketed term is the void volume; h(90°) = 1 , h(70°) = 0.61

‘(70° is a typical angle? Y for metals). 0cr may be evaluated from

classical creeping flow solutions for widely spaced spherical voids in a

linear viscous material under uniaxial tension; it is not very different for

a penny shaped crack, suggesting only a mild dependence on ¢ . The result
is
R .
. 1 ,
o4 h(y)la = — €.a . (10)
2/3

For coﬁparison, the rigid-grains model predicts a result which, for

b/axz5 ,vreSuces to approximately [8,9]

¥
-

i :

] D(o°° - 2y siny/a)

h(p)a ~ = , where D =
2a2¢n(b/2.1a)

DbiQ
kT

(11)

and the notation is standard. In fact the ratio a from (10) to that from
(11) is typically of the order a3/L3 where L 1is a stress level and temper-
ature dependent length defined by

L= @i )t3 . (12)

This length will appear subsequently and- some numerical values will be given.
The second process by which plastic creep flow interacts with diffusion
is illustrated in fig. 2b. Now matter transport along the grain boundary,
with matter deposition on the a&joining graips, is considered. One the left
is shown the void at one instant and two straight lines have been inscribed
on the grains parallel to the grain boundary. On the right the void and
inscribed lines are shown after some amount of growth. Obviously, in the

rigid grain model the lines remain straight and matter must be transported
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along the entire grain boundary. But, as remarked first‘by Beere and
Speight [11], with plastic creep flow of the grains the matter can be
accommodated locally, resulting in the strongly non-uniform motion of the
inscribed lines as shown. This means that the diffusive path length can be
much shorter than in the rigid-grains model, depending on how deformable
the grains actually are, and this is expected to result in a more rapid
removal of matter from the cavity walls (i.e., higher a ) than for the
rigid grains model.

The process has not yet been modelled in a convincing way. Beére
and Speight [11] assume that the grains separate in an effectively rigid
way under low stress in some shell of material adjoiﬁing the void, with
plastic creep flow taking place outside of this shell. However,wthe pic-
ture of the inscribed lines in fig. 2b suggests, instead, severe‘creep dis-
tortions near the cavity boundary. Such problems of COmﬁined plastic creep
flow and diffusion are amenable to'finife element analysis, and are being>
studied currently [12].

The fiﬁite element method is formulated according to a variational
principle which leads to the system of equatioms shoﬁn in fig. 3. Here an
axisymmetric problem of a spherical caps void of radius r=a , in a cylinder
or radius r=b (= void half-spacing) is shoﬁn. The priﬁciple is written
in dimensionless form with R=r/a , B=b/a , H=h/a , Z=z/a , Vi = vi/éwa -
and is 6F=0 (F=min.) where F is the following functional of dimensionless

velocities Vi and associated dimensionless strain rates Eij =_s-31j/&.:co :

H (B

0 /2———— (14n) /n
F = Tta [ 3 EIJEIJ] RdRdZ

o} R0 (Z) | 4

+ (13)

-

2Ys siny fB

ag

[+ ]

. R(V,), o 4R

N
w

where it is understood that (VR)R=B = -
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The first two terms of (13) are those which appear in a classical variational

principle for creeping solids; the last two refer to g.b. (grain boundary)
diffusion. When L >> a and b , only the last three terms differ sen-

sibly from zero in the solution field (i.e., the behavior is rigid in this
limit) and the classical Hull-Rimmer result, summarized in (11), is recovered.
On the other hand, when L << a , only the first two terms can differ sen-
sibly from zero,'gréin boundary diffusion is unimportant, and the prediction
of the growth rate reduces to that of (9), or of (10) for a linearly viscous
material. At intermediate values of L , e.g., a/L of order unity, the

coupling between g.b. diffusion and plastic creep flow is important.

To estimate L one may write

D &@ Q
bo b
D= o ew[- %] as

and, following Ashby [10] for dislocation creep,

Y

9 * Dvoub g n .Qv
' €=AT[E] exp-‘ﬁ,—f . (15)

where, in the last expression A 1is a constant, u the shear modulus,

the dislocation slip step and Dvo ’ Qv refer to bulk diffusion. According-

ly, with some rearrangement one may write

T _3 1(n-1)/3 4
w1z 3o exp[—fr—@] [%P—] ~ (16)

where Tm is the melting temperature. Using data for all-materigl
parameteﬁg in (14,15) from the Ashby tabulation [10], values of n , k , and
Lo are shown for sevefgl metals in Table 1. Also shown are values of L

at stress level of 10 "u at 0.5 Tm and 0.8 Tm . A tenfold decrease in
stress, to lO—Au would increase the values of L shown by about a factor
of 20.

What emerges, then, is that a ,-typically growing through a range of
from 1 to 10. ym , will generally be of a size comparable to L at stress
levels of order 10_3u at 0.5 Tm and 10_4u at 0.8 Tm . In such cases
coupling between creep flow and g.b. diffusion must be'considered. At
significantly lower stress leyels, L is much larger than a and b ,

and rigid grains behavior applies, eq. (11). At significantly higher stress

levels, L is much smaller than a , and growth is described by eq. (9)
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which, it may be recalled, predicts a réSult of order (a/L)3 times that
of eq. (11). ‘ , ‘

A highly approximate model in which the continuum of fig. 3 has been
replaced by a "shear plate' has been studied by the writer in unpublished
work. The variational functional F analogous to (13), but now reduced
to a one-dimensional functional, has been minimized on the class of grain

boundary velocity fields

(v,) g = H exp [B—;l]

(i.e., H and n chosen to minimize F ), where na is the decay dis-.
tance and the outer radius b 1is taken as infinite.

Some results of this very approximate analygis are quoted here, in
lieu of accurate finite-element results, unavailéBle at present. Consider
the case where o, is large compared to the sintering level, ZYSsinw/a s
and take n=5 . In this case the predicted growth rate, a , in presence
of simultaneous creep and g.b. diffusion, is about equal to that predicted
'by the rigid grains model (with. h/a = 10) whenjva/L ~ 0.03 . The growth
rate is 3 times higher than the rigid grains prediction when a/L = 0.3,
20 times when a/L = 1 , 70 times when a/L ~ 3-, and 500 times for
a/L ~ 10 . Thus, whenever a/L exceeds, say 0.1, the rigid grains model
must be considered too conservative. When a/L 'is larger than about 10,
eqs. (9). or (10). can be used with reasonable accuracy. As is seen from
Table 1, the intermediate range, 0.1 < a/L < 10 , will be encountered in

many practical cases.

Additional Note: A related study by Edward and Ashby ['"Intergranular Fracture
during Power Law Creep,' Acta Met, in press] comes to similar conclusions on

"the importance of plastic creep flow on diffusi§e~éavitation.
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Figure Captions

Fig. 1.
Fig. 2
Fig. 3

Hull -Rimmer mwdel for grain boundary cavitation by surface
and grain-boundary diffusion. The adjoining grains are assumed
to separate as rigid bodies in this model.

(a) Cavity growth by combination of plastic creep flow (which,
if considered alone, generally tends to decrease cavity radius,
dashed curve) and rapid surface diffusion.

(b) Local accommodation of matter diffused into grain boundary,
by deformation of grains. Note that the inscribed (dashed) 1lines
do not remain straight, as assumed in the rigid-grains model, and
thus the diffusion path length necessary to accommodate a given
amount of matter is shorter. :

Summary of field equations and boundary conditions for axi-
symmetric problem of combined plastic creep flow and grain boun-~
dary diffusion. Outer radius b of cylinder represents half-
spacing between adjacent voids.
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Table 1
- 1/3 KTm/T (=73
Values of L = (Do/e) =Le
o 3
1070
- _ L (um) . L (um)
Material n g Lo(um) at Q.S Tm.w at 0.8 Tm
Ag 5.3 3.08  2.87 x 1072 13.6 : 1,35
Cu 4.8 3.05 1.09 x 1072 4.85 . . .493
Ni 4.6 3.92 511 x 1072 13.0 " .686
Al 4.4 2.57 762 x 1072 1.30 - ©.189
yFe ' 5.75 2.44 .955 x 1072 1.26 .202
zn 6.1 1.79 2.02 x 1072 .724 .189
aFe 6.9 2.20 .213 x 1072 174 .0332
Mo 4.3 . 1.70 .396 x 102 1.18 .330
— —

values are for g = 10-3u ; would
be approximately 20 times larger for

o= 10'4u , if n=5 .
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GRAIN BOUNDARY STRUCTURE AND PROPERTIES

R. W. Balluffi

Department of Materials Science and Englneerlng

' Massachusetts Institute of Technology, Cambridge, MA 02139

ABSTRACT

An attempt is made to distinguish those fundamental aspects of grain bound-
aries which should be relevant to the problem of the time dependent fracture of
high temperature structural materials. These include the basic phenomena which
are thought to be associated with cavitation and cracking at grain boundaries dur-
ing service and with the more general microstructural changes which occur during
both processing and service. A very . brief discussion of the current state of our
knowledge of these fundamentals is given. Included are the following:

s

)

1.

STRUCTURE OF.IDEAL‘PERFECT BOUNDARIES

1.1 Detailed Atomic Structure

1.2 Special Boundaries and Boundary Energy

1.3 Secondary Relaxafions (Collective Relaxations)
1.4 Facet and Ledge Structures

DEFECT STRUCTURE OF GRAIN BOUNDARIES

2.1 Point Defects (Vacancies and Interstitials)
2.2 Line Defects (Grain Boundary Dislocations)

2.3 Solute Atoms

DIFfUSION AT GRAIN BOUNDARIES

GRAIN BOUNDARIES AS SOURCES/SINKS FOR POINT DEFECTS
GRAIN BOUNDARY MIGRATION

DISLOCATION PHENOMENA AT GRAIN BOUNDARIES

6.1 Grain Boundaries as Lattice Dislocation Sinks
6.2 Grain Boundaries as Lattice Dislocation Sources
6.3 Grain Boundary Sliding

ATOMIC BONDING AND COHESION AT GRAIN BOUNDARIES
NON-EQUILIBRIUM PROPERTIES OF GRAIN BOUNDARIES

TECHNIQUES FOR STUDYING GRAIN BOUNDARIES.
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1. STRUCTURE OF IDEAL PERFECT BOUNDARIES

Since many of the properties of grain boundaries which are important to the
problem of time dependent fracture depend intimately upon the boundary structure
and the existence of point, line and planar defects in this structure, we begin
by considering the ideal intrinsic structure of perfect boundaries. (A number of
reviews of this topic are available in [1-7].)

It is helpful to visualize the construction of such a boundary by the follow-
ing process. Place the two misoriented crystals (which will adjoin the boundary)
together along the desired grdain boundary plane rigidly in a standard reference
position (as in Fig. 1) and then let the entire ensemble .relax. In this process
the atoms in the boundary region will relax their positions’'to minimize the total
energy and at the same time Crystal 2 will find a minimum energy position relative
to Crystal 1 by a rigid body translation without rotation, i.e., i in Fig. 1.

In general, eight macroscopic parameters are then required in order to give a
complete macroscopic specification of a given boundary. These include the follow-
ing:

3 parameters to describe the crystal misorientation;
2 parameters to describe the orientation of the boundary plane;

3 parameters to describe the rigid body translation of Crystal 2 with
respect to Crystal 1.

We note that the rigid body translation must be defined in order to avoid ambi-
guities which arise due to structural degeneracy when the boundary possesses
certain symmetry elements [8,9].

, On the other hand, the microscopic structure of the grain boundary can only
be specified by describing the positions of all the atoms in the ensemble, which
of course also serve to specify ﬁ. Of particular interest is the positions of the
atoms in the '"bad material' in the grain boundary core region (Fig. 1).

It is apparent from the above that grain boundaries are highly complicated
many-bodied crystal defects which may exist with a wide variety of structures and
properties depending upon the eight parameters listed previously. In general, no
such thing as a "typical grain boundary'" exists. In any consideration of grain
boundary structure and properties it is therefore necessary to include a wide
variety of boundaries each of which is itself highly complex. This fact, unfor-
tunately, greatly complicates the entire situation!

1.1 Detailed Atomic Structure

So far, essentially all of our information about the detailed structure of
the core has come from computer simulation studies. Only limited information
has been obtained from more direct experimental observations. For example, field
ion microscopy [10] has shown that the core region is relatively narrow (at least
in metals) and is at most only a few atomic distances wide. However, it is not
possible to obtain exact atomic positions in the core by this method. Direct
lattice imaging [11] has been restricted to revealing the projected structure of
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a few simple tilt boundaries along low index directions.

In the computer simulation work the procedure has been to calculate the total
energy as-a sum-of the interaction energies between the individual atoms. The
interaction energies, in turn, are derived from a suitable interatomic potential
function.

The many-bodied system is then adjusted (relaxed) until a minimum energy con-
figuration is found. In a number of cases, efforts have been made to compare cal-
culated reSults characteristic of the boundary, i.e., energy, relative crystal
displacement R [8,12], X-ray structure factor [13], etc., with experimentally meas-
ured results for certain selected boundaries. Reasonable agreement has usually
been obtained lending credence to the computer simulation method.

So far, the results have verified the conclusion that the given boundary core
is relatively narrow. The work [12,14,15] has also revealed the existence of a
limited number of basic structural units in a wide range of boundaries. These
correspond to compact polyhedra of atoms (see Fig. 2) which are similar in many
respects to the close packed polyhedra found in Bernal's [16] model of a liquid.
However, the compact polyhedra are not generally completely close packed but con-
sist of compact clusters arranged so that an additional atom cannot be inserted
into them. The simulation results have also aided our understanding of the "crys-
tallography of grain boundaries" and the significance of such concepts as the
density of c01nc1dence sites (see Section 1.2 below) and the possible degeneracy
of grain boundary structures [8,9].

Despite the very substantial and important contributions which have been made
by computer simulation, a number of problems have persisted. These include the
following:

(1) simplified 2-body central force approximations are generally used;

(ii) interatomic potentials are often used which are strictly empirical
.and which lack a sound theoretical base;
)

(iii) difficulties have arisen in avoiding metastable states and finding
true equilibrium configurations;

(iv) the calculations have usually been made with static models which
neglect the effects of lattice vibrations and entropy;

) the calculations have all been made on special grain boundaries with
structures of short wave length periodicity (see Section 1.2 below)
in order to avoid large ensembles.

1.2 Special Boundaries and Boundary Energy

Both ékperimental work and computer simulation show that many particular
boundaries exist which possess relatively low energy. These low energy boundaries
often, but not always, possess ordered atomic structures (with short wave length
periodicities) due to relatively good atomic matching (i.e., periodic coincidence)
of the lattices across the boundary. Boundaries with significant periodic struc-
ture have usually been called "special' boundaries and can be described locally by
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ordered arrays of the compact polyhedra mentioned in Section 1.1. These boundaries
have also been classified further [17]) according to the type of periodic matching
which is present, i.e.,

(1) CSL -(Coincidence Site Lattice) matching: in this case the two adjoin-.
ing crystals exhibit matching in three dimensions, and a fraction of
their atoms falls on a 3-dimensional coincidence site lattice [18].

(ii) NCSL (Near Coincidence Site Lattice) matching: in this case 2-dimen-
sional lattice matching is achieved across the boundary plane when
suitable atomic nets exist on the crystal faces adjoining the boundary
which almost match in size and shape. Exact coincidence is then ob-
tained by applying stresses which can then be canceled by a network
of suitable grain boundary dislocations (GBDs).

(iii) PM (Plane Matching): in this case l-dimensional matching is obtained
when stacks of identical and relatively low {hkl} planes in each of
the two crystals adjoining the boundary intersect the boundary in sets
of traces which match in spacing and direction. Any mismatch is
forced into narrow lines (GBDs) which bear a close relationship to the
Moiré pattern produced by the unrelaxed planar traces.

As pointed out above, short wave length periodicity is not a;reliable criter-
ion for low boundary energy [17,19], and other particular boundargés in addition
to many special boundaries possess relatively low energy. Evideﬁfly, other fac-
tors such as the electronic energy and further aspects of the atomic arrangement
must frequently be important. In general, at the present time we have no simple
and universal structural rules for predicting low energy boundaries.

7

1.3 Secondary Relaxations (Collective Relaxations)

Many boundaries with crystal misorientations near misorientations correspond-
ing to those of special boundaries of relatively low energy relax into
"fit/misfit" structures consisting of patches of the special boundary plus
arrays of GBDs [2,3,5-7]. The GBD array therefore compensates for the deviation
from the low energy orientation in much the same way as a low angle grain bound-
ary dislocation network compensates for the small crystal misorientation of such
a boundary. These boundaries therefore tend to exist near the curves of E = E(8)
curves where E = grain boundary energy and 6 = misorientation angle. A major
problem at present is the fact.that criteria for the existence of these structures
are not well established and that we have little reliable information about the
range of conditions over which these fit/misfit structures are stable [7].

1.4 Facet and Ledge Structures

In many cases the energy of the boundary depends upon the orientation of the
boundary plane, and there is a tendency for the boundary to break up into a struc=-
‘ture containing facets or ledges. This phenomenon is not understood quantitative-
ly at present, since well established criteria are not available for predicting
the boundary energy as a function of the orientation of the grain boundary plane
[19].
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2. DEFECT STRUCTURE OF GRAIN BOUNDARIES
2.1 Point Defects (Vacancies and Interstitials)

No reliable calculations have been made of the structure and energies
of point defects (vacancies or inteérstitials) in grain boundaries. It is not
known whether such defects remain localized when they are formed in the boundary
or whether they dissociate over a relatively larger volume (particularly in non-
special boundaries).

The binding energy of such defects to the grain boundary is therefore un-
known, as is the rate at which they might diffuse (extended or not). The binding
energies of point defects in grain boundaries of ceramic materials is of
unusual importance and complexity as these defects control the boundary electrical
charge which influences solute segregation, migration and possible other phenomena.

2.2 Line Defects (Grain Boundary Dislocations [GBDs])

GBDs are known to exist in a wide range of special boundaries [2, 3,
5, 6, 7). A 'schematic diagram of such a GBD is shown in Figure 3. Grain boundary
ledges are often associated with such dislocations [20] as may be seen in
Fig. 3. These defects may be either intrinsic (i.e., part of the equilibrium
boundary structure, Section 1.3) or extrinsic (i.e., excess nonequilibrium
defects).

The Burgers vectors of such GBDs tend to decrease in magnitude as the
boundary becomes less special (i.e., less ordered and of longer periodicity).
At some point, as boundaries become less special, the Burgers vectors become
sufficiently small so that the corresponding dislocations become physically in-
significanﬁgﬂand the concept of GBDs is then lost. '

It has also been postulated that the GBD core width increases as the
boundary becomes less special, and the Burgers vector decreases. However, this
point is controversial at present, and is an important unresolved question. In
any case, it is known that GBDs become less well defined as the boundary becomes
less special and that they cannot be detected (by electron microscropy, for
example) in nonspecial boundaries,

2.3 Solute Atoms

From the standpoint of solute atom segregation, grain boundaries are highly
complex defects which possess widely varying structures and a wide variety of
sites which may be attractive to solute atoms.

In a recent review of segregation at grain boundaries, Balluffi [7]
reached the following conclusions: ,
(i)  a wide range of segregation behavior may be expected ranging from
relatively simple situations where the segregating atoms adopt
the basic structure of the host boundary to complex situations
where the segregation produces a new structure in the boundary core;
the latter situation is most likely in the case of non-special
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boundaries in the presence of a high concentration of strongly
interacting solute atoms;

(ii) measurements of the extent of grain boundary segregation confirm
the existence of a wide range of behavior as suggested above;
situations range from highly dilute segregates to the formation of
multi-layered segregates and possible 2-dimensional ordered compounds;

(iii) a number of different types of observations indicate that the degree
of segregation often varies between boundaries and therefore depends
upon the boundary structure. There is experimental evidence that
the degree of segregation to special boundaries tends to be lower
than to non-special boundaries;

(iv) ambiguous results exist regarding the magnitudes of the variations
in the degree of segregation which may occur at different boundaries
in typical polycrystalline materials;

v) no really adequate systematic and quantitative studies have been
made of the relationship between grain boundary structure and
segregation over a range of thermodynamic conditions; also, no
detailed determinations of the atomic structure of grain boundary

segregates have been made. -

3. DIFFUSION AT GRAIN BOUNDARIES

It is well established that atomic diffusion and mass transport‘é;e'
relatively rapid along grain boundaries and that they generally act 4d' diffusion
"short circuits". The diffusivity spectrum for metals [22] is shown in Fig. 4
using a reduced reciprocal temperature scale. The results show ratggr clearly
that ‘ - ;

RE

DS > DGB > DL

where D_, = surface diffusivity, DGB = grain boundary diffusivity, and DL = lattice
diffusivity. , Y

However, measurements of grain boundary diffusivities are generally of
relatively low accuracy as seen, for example, from the large scatter of the data
for metals [23] in Fig. 5 where a reduced reciprocal temperature scale has again
been used.

. 2%

Satisfactory measurements of the '"chemical diffusivities" of solute atoms:;
are particularly lacking. The results are usually not corrected for segregation
effects, and little information is available regarding the diffusion rates of
the individual species involved, i.e., the "intrinsic" chemical diffusivities,
and the compositional dependence of the diffusion.
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Only a few measurements of diffusivity versus type of boundary have been
made [24]. No satisfactory general rules relating the diffusion rate to the
boundary type have been established. Negligible information is available re-
garding the possible anisotropy of diffusion in boundaries.

The atomic mechanism of grain boundary diffusion is not established. The
important relationship between mass transport along grain boundaries (motivated,
say, by stress) and measurements of tracer self-diffusion rates is not clearly
established. '

Grain boundary diffusion rates in a number of important systems-have not
yet been measured. For example, the important question of whether small inter-
stitial atoms (such as carbon atoms in iron) diffuse faster, or slower, in grain
boundaries or the lattice is not yet answered.

Finally, we remark that grain boundary diffusion rates may be strongly
influenced by the presence of impurities and other solute atoms. Recent evi-
dence [25] indicates that diffusive transport is often enhanced by orders of
magnitude by additions of second elements which form low melting eutectics.
The evidence is unclear whether this results from solute enhancement of the
grain boundary diffusivity by several orders of magnitude or from solid
"carrier" phases along the boundaries which have high diffusivities.

S
b

5~
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4. GRAIN BObNDARIES AS SOURCES/SINKS FOR POINT DEFECTS

Grain bphndaries as sources/sinks for point defects have been discussed
recently Qj}palluffi [26] and Gleiter [27].

Non-special boundaries in pure metals appear to act as good vacangy
. - . . =3 -
SOurces/81nk§ at point defect chemical potentials as low as 10 - 10 ev.
There are iﬁgications {281 that boundaries in many ceramic materials may not
be comparably efficient and that, the efficiency may be relatively low at
defect potentials as high as 10 ev.

The sink efficiencies of special boundaries in metals appear to be lower
than those of non-special boundaries particularly at low point defect chemical
potentials. '

Special.boundaries act as point defect sources/sinks by a mechanism in-
volving the climb of GBDs in the boundary plane.

The mechanism by which non-special boundaries act as highly efficient
sources/sinks is not well understood at present, nor are the differences which
make boundaries in ceramics less efficient. It seems possible that point defects
dissociate in non-special boundaries, and that a vacancy entering such a
boundary is eliminated by a general collapse process spread over an appreciable
volume [26]. This process is similar to the dissociation and collapse of a
vacancy in amorphous bulk material which has been demonstrated recently
[29, 30].
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Fine dispersions of hard particles appear to lower the source/sink
efficiency of boundaries and hence inhibit the rate of diffusional
creep [31]. Alchough this behavior has been interpreted in terms of par-
ticle inhibition of GBD climb detailed understanding is lacking.

5. GRAIN BOUNDARY MIGRATION

There is extensive evidence [32] that the rate of grain boundary migration
is often controlled by the rate at which solute atoms, bound to the core, are
able to migrate along with the boundary. The rate of grain boundary migration
in many materials is therefore expected to be a complex function of a number
of variables such as solute atom concentration, solute atom diffusivity,
intrinsic boundary mobility, temperature and driving force. An example of
the effect of solute content on the grain boundary mobility is shown in
Fig. 6 [33].

In a few cases, migration has been studied in ultra pure materials in
the absence of strong impurity effects [32]. Even in this case the mechanism
for migration is not yet determined. A popular atomistic model [34] has in-
volved the loss of atoms from the shrinking crystal to the boundary and the
diffusion of these atoms in the boundary to points where they join the growing
crystal. Evidence has been claimed [34] for the widespread existence of
dissolution/growth GBD spirals as the points where atoms are removed from the
shrinking crystal or . added to the growing crystal. This would seem possible
for special boundaries but unrealistic for non-special boundaries which, as
pointed out above in Section 2.2, cannot support physically significant GBDs.
As usual, our lack of information about the structure (and defect structure)
of non-special boundaries makes it difficult to model and understand d complex
phenomenon such as grain boundary migration.

In general, it has been particularly difficult to measure grain boundary
mobilities for specified boundaries under known driving forces. Thére is
some evidence [32] that the mobilities of special boundaries are greater than
those of non-special boundaries, and it has been suggested that this' may be
due to the fact that special boundaries have a smaller interaction with
impurities than non~special boundaries., However, this point of view is
controversial [35]. It has also been found [35] that boundaries formed by
a 41—420 rotation around [111l])- have an unusually high mobility in aluminum.
This boundary has no obvious special structural features, and the cause of
this high mobility therefore remains unknown.

6. DISLOCATION PHENOMENA AT GRAIN BOUNDARIES " T
6.1 Grain Boundaries as Lattice Dislocation Sinks

When lattice dislocations impinge on grain boundaries they generally
tend to dissociate into GBDs possessing smaller Burgers vectors [36, 37].

When the boundary is a special boundary the product GBDs have sufficiently
large Burgers vectors to remain as physically distinguishable GBDs. However,
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when the boundary becomes less special the Burgers vectors become smaller and
the product GBDs become less well defined. In the limit of vanishingly small
Burgers vectors, the formal model of dissociation into indistinguishable GBDs
becomes formally equivalent to a uniform core—spreadiﬁg,model, since a uniform
spreading can be well represented by a distribution consisting of an infinite
number of GBDs possessing infinitesimal Burgers vectors.

The rate of the dissociation depends upon whether the product GBDs are
glissile or sessile in the boundary plane. When the GBDs are all glissile
the dissociation occurs rapidly without  thermal activation. When climb is
required thermal activation 'is requlred and the process becomes much slower.
No quantitative studies of the kinetics of this process have yet been reported.

6.2 Grain Boundaries as Lattice Dislocation Sources

It has been pointed out that grain boundaries may act as sources of
lattice dislocations under certain circumstances [38, 39]. Rather casual ob-
servation has shown that lattice dislocations are often emitted at regions
of high stress concentration such as at ledges. However, systematic studies of
this phenomenon have not yet been carried out.

6.3 Grain Boundary Sliding

It has,bften been proposed that the important phenomenon of grain boundary
sliding occurs as a result of the movement of GBDs. Models based on the movement
of either intrinsic GBDs or extrinsic GBDs have been suggested [40].

It has also been propoéed that sliding occurs by a mechanism in which
lattice dlslocatlons from the grain interiors are held up at the boundary and
cause sliding by a combination of climb and glide in the boundary plane [41].

Models based on GBD movement appear to be realistic for special boundaries
where GBDshgre well defined entities. However, such models become poorly de-
fined for non-special boundaries because of our inadequate understanding of the
structure of conceivable line defects in such boundaries (see Section 6.1).

In general, we may conclude that present models for sliding are inadequate,
particularly for non-special boundaries.

7. ATOMIC BONDING AND COHESION AT GRAIN BOUNDARIES

It is well known experimentally that preferential brittle fracture often
occurs .along grain boundaries. However, very little is known at the basic
level about the atomistic nature of bonding and cohesion at grain boundaries,
and of the brittle versus ductile behavior of sharp cracks [42] at boundaries.
The problem of dealing with the separation of the two grains at the grain bound-
ary should be intimately connected with the grain boundary structure and energy.
Apparently, no fundamental treatments of this problem exist.

It is also well known that solute atom segregation can play an important
role in this phenomenon. Of special importance, therefore, would be experi-
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mental and theoretical information about the effect of grain boundary segregation
on intergranular cohesion. A theoretical approach to this problem may be feas-
ible using thie grain boundary model consisting of compact polyhedral groups of
atoms (see Section 1.1) in conjunction with self-consistent-field cluster
molecular-orbital model techniques in current use [43]. 1In this approach an
impurity atom can be inserted in the grain boundary polyhedral group (i.e.,
cluster) and a full quantum mechanical calculation of the electronic states can
then be made.

8. NON-EQUILIBRIUM PROPERTIES OF GRAIN BOUNDARIES

It is known that large increases in the density of extrinsic GBDs occur
in special grain boundaries during plastic deformation at low and intermediate
temperatures. There is also evidence that this defect structure anneals out
rather abruptly at more elevated temperatures by a process which might be
called '"grain boundary recrystallization' by analogy with the well known
phenomenon of lattice recrystallization [44]. It seems conceivable that an
extrinsic defect structure of some sort may also build up and anneal out in
plastically deformed and annealed non-special boundaries. No systematic
studies have been made of the energetics or kinetics of such recovery processes.

It has been suggested by at least several workers that non-equilibrated
boundaries may have physical properties which differ appreciably from corres-
ponding properties characteristic of the equilibrated state. PreSumably such
effects would be due to the presence of an extrinsic defect structure.
Specifically, evidence has been claimed that diffusion rates along migrating
boundaries can be orders-of-magnitude greater than along correspondlng station~
ary boundaries in a more equilibrated state [45, 46]. It has also been proposed
that boundaries which have absorbed excess vacancies or lattice dlsldéatlons
behave differently than well equilibrated boundaries [47]. In a number of these
experiments questions of interpretation remain, and further more conclusive
investigations regarding possible non-equilibrium effects would be iﬁsirable?

17
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9. TECHNIQUES FOR STUDYING GRAIN BOUNDARIES

The relatively recent development of powerful high resolution electron
optical microscopic and micro-analytical techniques has produced a renaissance
in the field of grain boundary research. It is now becoming possible to study
details of the atomic structure and local chemistry which were. unobservable

previously. Technlques of value include, for example: e

T, 3,

(i) high resolution electron microscopy; .
: 1i

(ii) scanning transmission electron microscopy;

(iii) scanning Auger spectroscopy.
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It has recently been demonstrated that.electron and X-ray diffraction
patterns can be obtained from the relatively small number of atoms in the grain
boundary core [48]. It therefore seems feasible to carry out grain boundary
structural determinations using standard diffraction methods. The use of high
intensity synchrotron radiation for thls purpose in the near future could lead
to rapid progress.

Modern developments in atom probe —field ion microscopy have produced
instruments [49] which should make possible detailed studies during field
evaporation of the distribution of segregated atoms at grain boundaries. So
far, this technique has not been seriously applied to the problem although it
seems to be a promising possibility.

Large scale computer simulation studies of greater reliability are becoming
increasingly feasible as computer capability becomes cheaper and more convenient.

The use of these techniques, in conjunction with properly designed experi-
ments, should lead to continued progress in the field.

ACKNOWLEDGMENTS

The wrlter would like to thank the various members of the Subgroup on
Grain Boundary Structure and Properties for a number of helpful suggestions
which were useful in preparing the final version of the present, necessarily
brief review. Members of this group include R.M. Cannon, D.R. Clarke, A.H.
Heuer, P.S. ‘Ho, B.H. Kear, V. Vitek, J.R. Weertman, and C.L. White. This
work was supported by the United States Department of Energy under Contract
No. ER-78-5-02-5002.A000.

REFERENCES

(1) H. Gleilter and B. Chalmers, High Angle Grain Boundaries (Pergamon Press,
New York, 1972).

(2) P. Chaudhari 4and J.W. Matthews (eds.), Grain ‘Boundaries and Interfaces
(North-=Holland, Amsterdam, 1972).

(3) H. Huxtéd.), The Nature and Behavior of Grain Boundaries (Plenum Press,
New York, 1972).

(4) Papers collected in Canad. Met. Quarterly 13 No. 1 (1974).
(5) Papers‘bollected in J. de Physique, Supple. to 36, Colloque No. 4 (1975).

(6) G.A. Chadwick and D.A. Smith (eds.), Grain Boundary Structure and Prop-
erties (Academic Press, New York, 1976).

(7) R.W. Balluffi, in Interfacial Segregation, ed. by W.C. Johnson and J.M.
Blakely (American Society for Metals, Metals Park, Ohio, 1979).

156




(8)
(9)

(10)

(11)
(12)
(13)
(14)
(15)
(16)

(17)

(18),

(19),

(20)
(21)

(22)

(23)

(24)

(25)

(26)

(27)

(28)

(29)

R.C. Pond and V. Vitek, Proc. Roy. Soc. London A 357, 453.(1977).

R.C. Pond, Proc. Roy. Soc. London A 357, 471 (1977).

S. Ranganathan, in Field Ion Microscopy, ed. by J.J. Hren aﬁd
S. Ranganathan (Plenum Press, New York, 1968) p. 137.

O.L. Krivanek, S. Isoda & K. Kobayaski, Phil. Mag. 36, 931 (1977).
D.A. Smith, V. Vitek and R.C. Pond, Acta Met. 25, 475'(1977).

P.D. Bristowe and S.L. Sasé, work in progress, private communication.
M.F. Ashby, F. Spaepen and S. Williams, Acta Met. 26, 1647 (1978).
R;C. Pond, D.A. Smith and V. Vitek, Acta Met. 27, 235 (1979).

J.D. Bernal, Proc. Roy. Soc. A 280, 299 (1964).

See, for example, R.W. Balluffi, P.J. Goodhew, T.Y. Tan and W.R. Wagner,
J. de Physique, Supple. to 36, Colloque C4, C4-17 (1975).

W. Bollmann, Crystal. Defects and Crystalline Interfaces (Springer-Verlag,

"New York, 1970).

P.J. Goodhew, T.Y. Tan and R.W. Balluffi, Acta Met. 26, 557 (1978).
J.P. Hirth and.R.W. Balluffi, Acta Met. 21, 929 (1973).
H. Gleiter, Phil Mag. 36, 1109 (1977).

N.A. Gjostein, in Diffusion (American Society for Metals, Metals Park,
Ohio, 1973) p. 241.

J.C.M. Hwang and R.W. Balluffi, Scripta Met. 12, 709 (1978).

G. Martin and B. Perraillon, J. de Physique, Supple. to 36, Colloque C4,
C4-165 (1975).

R.L. Coble and R.M. Cannon, in Processing of Crystalline Ceramics, ed. by
H. Palmour. III, R.F. Davis and T.M. Hare (Plenum Publ. Corp., 1978) p. 151.

R.W. Balluffi, Proc. of the Conference on Fundamental Aspects of Radiation
Damage in Metals (National Technical Info. Service, U.S. Dept. of Commerce,
Springfield, VA 22161, 1975) p. 852. '

H. Gleiter, Acta Met. 27, 187 (1979).

R.M. Cannon, W. H. Rhodes and A. H. Heuer, in press, J Amer. Ceramic Soc:
B. Burton and G.L. Reynolds, Acta Met. 21, 1073 (1973); 21, 1641 (1973).

F. Spaepen, Technical Report No. 4, Office of Naval Research Contract
N00014-77-C-0002 'NR-039-136, Harvard University, May 1978.

157




(30) C.H. Bennett, P. Chaudhari and V. Moruzzi, to be published.

(31) B. Burton, in Vacancies '76, ed. by R.E. Smallman and J.E. Harris (The
Metals Society, London, 1977) p. 156.

(32) C.J. Simpson, W.C. Winegard and K.T. Aust, in Grain Boundary Structure
and Properties, ed. by G.A. Chadwick and D.A. Smith (Academlc Press,
New York, 1976) p. 201.

(33) J.P. Drolet and A. Galibois, Met. Trans. 2, 53 (1971);

(34) H. Gleiter, Acta Met. 17, 565 (1969): 17, 853 (1969).

(35) K. Lucke, Canad. Met. Quarterly 13, No. 1, 261 (1974).

(36) R.C. Pond and D.A. Smith, Phil Mag. 36, 353 (1977).

(37) T.P. Darby, R. Schindler and R.W. Balluffi, Phil. Mag. A }1) 245 (1978).
(38) J.P. Hirth, Met. Trans. 3, 3047 (1972).

(39) T. Malis and K. Tangri, Acta Met. 27, 25 (1979).

(40) See, for example, R.C. Pond, D.A. Smith and P .W.J. Southerden, Phil.
Mag. A 37, 27 (1978).

(41) See, for example, T. Wanatabe and P.W. Davies, Phil. Mag. A 37, 649 (1978).
(42) J.R. Rice and R. Thomson, Phil, Mag. 29, 73 (1974).

(43) J.C. Slater and K.H. Johnson, Phys. Rev. B5, 844 (1972): K.H. Johnson
and F.C. Smith, Jr., Phys. Rev. B5, 831 (1972): J.C. Slater and K.H.

Johnson, Physics Today 27, 34 (1974).
(44) A.R. Jones, P.R. Howell and B. Ralph, Phil Mag. 35, 603 (1977) .
(45) M. Hillert and G.R. Purdy, Acta Met. 26, 333 (1978)
(46) K. Smidéda; W. Gottschalk and H. Gleiter, Acta Met. 26, 1833 (1978).
(47) P.H. Pumphrey and H. Gleitér, Phil. Mag. 32, 881 (1975).
(48). S.L. Sass, Electron Microscopy 1976, Proc. of the Sixth European Congress
on Electron Microscopy, Vol. 1, ed. by D.G. Brandon (Tal International

Publ. Co., Israel, 1976) p. 221.

(49) T.M. Hall, A. Wagner and D.N. Seidman, J. of Phys. E 10, 884 (1977).

158




CRYSTAL |

CRYSTAL 2
(&)
GRAIN
BoUNDARY
CORE
CNSTAL/ REGION
ﬁ/’
CRYSTAL L

(b)

Fig. 1 Construction of grain boundary. (a) Crystals placed
rigidly together in standard reference position.
(b) Bicrystal after relaxation of configuration in (a).
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Fig. 2 Computer simulateg structure of [001] tilt boundary in aluminum.
Tilt angle = 36.9 . Compact polyhedron at C. (from Ref. 12)
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1. INTRODUCTION

For all metallic materials, particularly at elevated temperatures, de-
formation plays an important role in fracture. On the macro-continuum level,
the inelastic deformation behavior of the material determines how stress is
distributed in the body and thus determines the driving force for fracture.
At the micro-continuum level, inelastic deformation alters the elastic stress
singularity at the crack tip and so determines the local environment in which
crack advance takes place. At the microscopic and mechanistic level, there
are many possibilities for the mechanisms of deformation to be related to
those for crack initiation and growth.

At elevated temperatures, inelastic deformation in metallic systems is
time dependent so that the distribution of stress in a body will vary with
time, affecting conditions for crack initiation and propagation. Creep de-
formation can reduce the tendency for fracture by relaxing the stresses at
geometric stress concentrations. It can also, under suitable constraints,
cause a concentration of stresses at specific loading points as a result of
relaxation elsewhere in the body. A combination of deformation and unequal
heating, as in welding, can generate large residual stress which cannot be
predicted from the external loads on the body. On the other hand, accelera-
tion of deformation by raising the temperature can be an effective way to
relieve such residual stresses, for example, by a post-weld heat treatment.
The effectiveness of such treatments depends in part on a knowledge of the
temperature dependence of deformation rates. 1In a nonconstant temperature
environment, deformation accompanying temperature changes:can aggravate
thermal stresses and set up cyclic stresses to produce thermal fatigue.

*Subgroup Chairperson
*%*Subgroup Cochairperson
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Since any analysis of fracture in a part must involve a knowledge of the
stresses acting to cause the fracture, an inelastic- stress analysis of the
part will always be required. This analysis can only give reliable results
to the extent that deformation behavior of the material cam be accurately
described in the temperature range of interest. :

On the microscopic continuum level, on a size scale comparable to the
.crack tip stress field, deformation plays a similar role. Plastic and time
dependent creep deformation, localized in the crack tip region, cause a re-
distribution of the crack tip stresses. In general as the inelastic strains
increase, the peak stresses are reduced, but the influence of the crack tip
is extended to larger distances. Any attempts to establish the local stress
or strain criteria for crack advance will require that the time dependent
stress and strain distributions around the crack tip be established. 1In
many cases of interest, the rate of crack growth may be comparable to that
for stress relaxation by creep. In such a case, the inelastic analysis re-
quired to determine the local stress and strain distributions is complicated
by the fact that the boundary of the body does not remain fixed. An addi-
tional complication arises if voids are growing in the crack tip stress
field ahead of the crack. Clearly this most general problem is very formidable,
but such a problem must eventually be analyzed if correlations of time de-
pendent fracture, with quantities such as the stress intensity factor, Ki,
or the ' J integral are to be justified. Similarly an accurate description
of local crack tip conditions is required before one can determine whether
the criterion for crack advance is more closely related to the crack tip
stress or the crack opening displacement.

At the microscopic and mechanistic level of understanding of fracture,
there are a number of possible connections between deformation and fracture.
Inhomogeneous modes of deformation such as grain boundary sliding or con-
centration of slip into shear bands are often cited as mechanisms for pro-
ducing high local stresses as for example, around grain boundary precipitates
or at the intersection of shear bands with grain boundaries. The high local
stresses are in turn assumed to be responsible for the nucleation of voids
eventually leading to fracture. -It has been suggested that absorption of
slip dislocations by grain boundaries creates a boundary structure which
can nucleate voids without requiring boundary precipitates or a structure
which is a more efficient source of the vacancies required for cavity growth
by diffusion. Generation of excess vacancies within the grains by moving
jogged dislocations has also been suggested as a source of vacancies for
cavity growth, particularly when cyclic deformation is involved. Creation
of new surface by localized shear at the crack tip is certainly one mechanism
of crack growth in fatigue and may be important in static time dependent
fracture. Creation of fresh reactive surfaces and disruption of oxide
coatings by slip bands emerging from surfaces at a crack tip are mechanisms
of crack propagation which are often mentioned for cases where an aggressive
environment is present. Understanding interactions between deformation and
fracture at this microscopic level will require that the microscopic mechanisms
of deformation are also understood. Such an understanding requires knowledge
of deformation on'an entirely different scale than that required for continuum
calculations where only averages over many grains are important.
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Based on the above general considerations, the following four research
areas in deformation are identified as particularly important for basic
research and will be discussed separately. They are:

Deformation Properties
Nature of Damage
Constitutive Equations
Crack Tip Problems

2. DEFORMATION PROPERTIES

Research on deformation properties is required to provide a mechanistic
basis for the development of constitutive equations for the calculation of
the distribution of stress at the continuum level. It is also required to
provide” an understanding of the nucleation and growth of cracks and cavities
at the microscopic level. The following research topics .are considered to
be high priority items.

2.1 Heterogeneous Modes of Deformation

In terms of its importance to high temperature fracture processes,
grain boundary sliding is the most important heterogeneous mode of deforma-
tion and deserves special attention. Grain boundary sliding is known to
play a key role in the nucleation and growth of grain boundary cavities and
cracks. Some theoretical progress has been made in recent years on defining
the mechanisms of grain boundary sliding.ll2 Accurate experimental data
are needed to test the validity of these theoretical concepts and to provide
the basis for extending and improving the theories. Careful experiments are
needed in a number of areas. The basic mechanisms of grain boundary sliding
should be investigated in pure polycrystals. The role of grain boundary
particles must be investigated in a carefully controlled way in order to
provide a basis for the understanding of the behavior of engineering materials.
For example, it is still undetermined whether grain boundary particles are
advantageous because they hinder sliding, or are deleterious because they
cause stress concentrations and nucleate cavities. The importance of particle
coherency, and of segregation of impurities to grain-boundaries and particle
interfaces also remains to be determined.

The nature of the stress and strain concentrations that result from D
heterogeneous modes of deformation and their role in fracture processes are
important areas that. should be emphasized. For example, the build up and
relaxation of stresses at triple points is important not only for crack and
cavity nucleation, but also in controlling growth rates. A clearer under-
standing of the distribution and strength of the stress and strain concen-
trations that result from deformation at elevated temperature is essential
to reaching an understanding of the basic mechanisms of cavitation and fracture.

In spite of the fact that cavitation at grain boundaries has been

recognized as an important mechanism of high temperature rupture for many
years, a theory for nucleation of these cavities which agrees with experiment
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does not exist. Theories for nucleation at particles are often found to be
in error by several orders of magnitude. A possible explanation for these
discrepancies is that local stresses were not properly accounted for. Pro-
gress in this area can probably be achieved by experiments on materials with
well characterized deformation behavior and under conditions where stress
concentrations can be properly taken into account.

Other heterogeneous modes of deformation including shear localization,
anelasticity, and various modes of discontinuous flow also require further
investigation. A quantitative description of the role of shear localization
in crack nucleation at the surface and at grain boundaries is presently
lacking. Similar situations exist in theoretical modeling of various modes
of discontinuous flow.

2.2 Mechanisms of High- and Low-temperature Deformation

Although a mechanistic understanding exists of certain modes of deforma-
tion that operate in some temperature regimes, a unified description of high~
and low-temperature deformation is not available and is urgently needed. In
the homologous temperature range 0.3-0.5 T, (T, = absolute melting tempera-
ture) where many engineering materials are used, a number of mechanisms may
contribute to deformation. These processes include grain boundary sliding
and both dislocation glide and dislocation climb controlled processes. It
is known also that the extent of the mix of these processes will vary with
stress or strain rate and temperature. Present knowledge does not, however,
allow a quantitative measure of the contribution of various deformation pro-
cesses and how they change as a function of temperature and strain rate.

The lack of a unified description of these deformation processes will hinder
the development of accurate constitutive equations, especially for conditions
where experimental data are not easily available.

A major need in both theoretical and experimental efforts is the identi-
fication and independent measurement of the various components of the total
inelastic strain. For example, it is not presently possible to determine
what portion of the strain in a creep test results from grain boundary sliding
and what portion is from matrix deformation. It is not possible with present
experimental methods to separate true plastic strain from recoverable anelastic
strain. The lack of such information makes comparison of experiment with
theory difficult and makes it very difficult to extrapolate experimental
results to different temperatures or strain rates where the relative contri-
butions of various mechanisms may be different.

The importance of understanding transient and cyclic effects in deforma-
tion should be emphasized. In most service conditions, even when stresses
and temperatures are steady, the limitations on allowable strain require
that the material always be in the transient creep regime. Furthermore,
engineering materials are nearly always subjected to changes in stress and
temperature which can introduce repeated transients. These changes can be
monotonic or cyclic, and stress changes and temperature changes frequently
occur in a coordinated way. In spite of their obvious importance, transient
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effects on deformation have not been carefully studied. 1In spite of the
widespread occurrence of creep-fatigue failure in service, fundamental
studies of deformation phenomena in such situations are quite rare compared
to studies on the fracture aspects. Most of. the reported transient deformation
is concerned with primary creep, cyclic creep (repeated tension loading

at low homologous temperatures) and fatigue deformation (tension-compression
loading at both low and high homologous temperatures). Material behavior
under stress reversals where tensile ratcheting is occurring, where com-
pressive excursions happen during creep in tension, etc. are rarely

studied over the whole temperature range. Therefore, many of the consti-
tutlve equations existing today are not adequate under conditions where
various combinations of temperature and stress transients odccur.

2.3 Irradiation Effects

According to present understanding, irradiation creep is not simply an
enhanced thermal creep mechanism. Therefore, it deserves special attention
as a new deformation mechanism of fundamental and practical importance.

A few results reported in the literature3 indicate that irradiation
creep enhances the creep rupture life of materials. This effect ‘counteracts
the adverse effects of radiation hardening and embrittlement on post-
irradiation ductility and post-irradiation creep rupture. Apart +from the
"practical implications of this effect in fission and fusion reactors,
irradiation creep offers an added dimension to investigate the interplay
between bulk deformation in the grain, and grain boundary slldlng -and cavi-
tation as processes involved in high~temperature failure. e

Several mechanisms for irradiation creep have been proposed 1n the
past. They can be categorized into S

a) Climb-only mechanisms [stress induced preferential absorption
(SIPA) on faulted loops and SIPA on dislocations]. .

b) Climb-controlled glide (climb may be either radiation- or stress-
induced or both).

c) Glide-only mechanisms (Cottrell yielding, unfaulting of-loops).

Virtually no work in the basic materials sciences has been done in the ex-=
perimental area to identify or verify any of these proposed mechanisms.
Theoretical modeling of microstructural evolution indicates that the dominant
irradiation creep mechanism depends on the material, the irradiation tempera-
ture, and the fluence. In fact, it appears that there is a transition from

a glide to a SIPA process as a function of fluence.

Three areas of research are deemed to be particularly worthy<éf ‘further
investigation:

“

1) Identification and verification of irradiation creep mechanisms
by experimental methods in conjunction with theoretical support.
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2) Investigations on the effect of irradiation creep and irradiation
induced segregation and phase changes on grain boundary slldlng and
cavitation.

3) Investigations on the effect of irradiation creep on flow locali-
zation and plastic instability.

Among these three areas, the first two rank the highest. The third area,
although no less important, requires that progress in the understanding of
flow localization be made first or in parallel with research on irradiation
creep. )

2.4 Multiaxial Effects

Deformation under multiaxial loading has not been investigated extensively
in the past in materials science, even though an engineering material is
likely to experience this type of loading during service. Deformation
phenomena which are observed only under multiaxial loading have been re-
ported in the literature. For example, it has been shown experimentally
that a thin wall tube will be elongated in the axial direction when it is
deformed 1n the nonelastic range under torsion.4 Extensive experimental
effort is requlred to characterize those phenomena which are known and to
discover new phenomena under conditions which have not been explored.

Some constitutive relations that have already been proposed may account
for some unusual multiaxial behavior. At present, however, there has been
1nsuff1c1ent experlmentatlon or analytical application of the constitutive
equatlons to such cases. It is clear that considerable experimental work
is required for multiaxial loading. This is especially true for the rate
dependent high temperature range.

At pré§ent most constitutive theory for multiaxial behavior is based

on the J; isotropic plasticity theory of the von Mises type. Such theory is
unable to describe the anisotropy associated with multiaxial straining. It
may be that some of the mechanistic ideas from materials science may provide
clues for developing more realistic constitutive equations, perhaps through
the concept of internal stress.

3. NATURE OF DAMAGE

Damage in a material accumulated during service can be measured, for
example, in. terms of the number and size of grain boundary cavities i
and cracks. From a broader viewpoint, changes in the composition and micro-
structure of a material resulting from thermal and mechanical history with
or without the presence of environmental effects can also be viewed as a
form of damage because these changes can lead to the deterioration of the
properties of a material. For both scientific and engineering interests it
would be desirable if the extent and the rate of damage accumulation can be
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correlated with deformation parameters such as stress, strain rate, tempera-
ture, etc., which characterize the service history of a material. This

type of correlation will provide a useful basis for formulating the failure
criteria in order to predict the useful life of a material. 1In the following
the need of characterizing the various forms of damage from the above view-
point will be discussed.

3.1 Nucleation and Growth of Cracks and Grain Boundary Cavities

It should be recognized that, in addition to grain boundary cavities
and cracks, the nucleation and growth of surface cracks in the temperature
range near 0.3 T and below are.of technological interest. At these temp-
eratures, linear fracture mechanics is not expected to be applicable because
of the increased influence of nonelastic deformation at the crack tip while
the structural component itself operates essentially in the elastic range.
The growth of cracks in the pressure vessel of low alloy steels of a light
~ water reactor under thermal stress cycles, the nucleation and growth of

cracks in the heat-affected zone near a weld in the stainless steel pipes
of a boiling water reactor, and the expected crack growth in the first wall
of a tokamak type fusion reactor are examples of this type of time dependent
fracture. It should be recognized also that under static loading and in a
simulated boiling water reactor environment, laboratory tests have shown
that the crack growth in an austenitic stainless will proceed 1n ‘a discon-
tinuous mode. .

Since deformation at the crack tip is expected to play an important role
in crack growth in the temperature range near 0.3 T and below, one would
expect that the crack growth rate will be strongly dependent on’the deforma-
tion parameters both at the macro-continuum level and the micro- fontlnuum

level at the crack tip. -

It has been established that depending on the extent of incompatibility
between grain boundary sliding and grain matrix deformation one can expect
damage in the form of wedge type of grain boundary cracks at higher strain
rates and damage in the form of grain boundary cavities at lower strain *“
rates. Once the cavities and cracks are nucleated, their growth rate will
depend on the magnitude of the local stress at the grain boundary and at
the triple point. The incompatihility between grain boundary sliding and
grain matrix deformation and ‘the related stress concentration and .relaxation
in turn are controlled by the relative contribution of grain boundary sliding
and grain matrix deformation to deformation which varies depending on the
level of applied stress and temperature. Thus one is interested again in
the deformation parameters at the macro-continuum level and at the micro-
continuum level, for example, at the triple point, in order to establish
a correlation between the rate of nucleation and growth of grain”boundary-
cracks and cavities and the service condition of an engineering material.*

] +
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3.2 Changes in Composition and Microstructure Due to Thermal
and Mechanical Effects '

Changes in composition and microstructure involve the grain boundary
as well as the grain matrix. A great deal of different phenomena can occur

in different systems:

a) In some, virtually no change occurs; TD nickel is an example
of this, and there are others containing intermetallics which
"are not greatly affected.

b) Overaging frequently occurs, sometimes involving coarsening,
sometimes the replacement of one metastable precipitate by
another; in some cases, hardening can actually occur, in others,
more usually, softening occurs.

c) Precipitate changes in association with localized shear is a
particularly damaging problem in systems containing ordered
precipitates. These can be disordered in cyclic conditions,
or in association with tensile ratcheting, can be sheared off
and weakened by cutting.

d) Dissolution is also a problem, especially in ferrous systems
generally.

e) The combined effect of deformation and thermal aging can be
important, for example, prior cold work will enhance precipitation
during thermal aging both in the grain boundary and in the
bulk in solution treated austenitic stainless steels.

f) Changes can be concentrated at the grain boundary, for example,
the sensitization phenomena in austentic stainless steels and
temper embrittlement phenomena in ferritic steels.

Many of: the phenomena mentioned above are time dependent and are dependent

also on the particular thermal and mechanical history of interest. They
will in general, influence the deformation properties of a material. A
quantitative .description of the kinetics of many of these phenomena and their
effects on deformation properties remains to be developed.

3.3 Changes in Composition and Microstructure Due to Environmental
Effects '

Chemical and irradiation environments are expected to be able to change
significantly the composition and microstructure of a material. 1In a typical
environment of a coal conversion plant, both decarburization and the forma-
tion of methane bubbles at the grain boundary will occur in a low alloy steel.
The latter phenomena coupled with the influence of an applied stress can
accelerate grain boundary damage. In a liquid metal environment, the decar-
burization of ferrous alloys and the oxidation of refractory metals have
been reported extensively in the literature. In an irradiation environment,
in addition to the well known microstructure changes produced by displacement
damage, one should consider also the effects of irradiation induced segre-
gation and precipitation at the grain boundary, the formation of helium
bubbles at the grain boundary,as well as the effects of transmutation products
which can be appreciable in fusion reactor environments.
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The kinetics of some of the phenomena mentioned above have been re-
ported in the literature. In general, they have not been studied in detail
for the interests of deformation properties and time dependent fracture.

It should be noted that research on the correlation between changes in
microstructure and in mechanical properties are usually time consuming and
costly. Attention should be given to the development of approaches which
will improve the efficiency of the research and will allow the establishment
of the limits of the effect of a given phenomenon for the interest of
engineering design.

4. CONSTITUTIVE EQUATIONS

Constitutive equations are required to calculate the stress distribu-
tion and deformation, for example, at the macro-continuum level, in a
structural component and at the micro-continuum level, at the crack tip
and at grain boundary triple points. The various complexities of the
deformation processes discussed previously suggest that it may be difficult
to develop a unified set of constitutive equations that are applicable
to a variety of materials for a wide range of deformation conditions and
histories (temperature, stress, etc.). In the development of the required
constitutive equations, one should keep in mind that the task will ‘be
easier and more effective if it is aimed at describing the deformation
properties of a specific class of material and a specific range ofitappli-
cation. Since these constitutive equations will be used in numerical
calculations, it is essential that the form of the equations be such that
‘they can be integrated efficiently.

An important part of the work on constitutive equations is the develop-
ment of associated materials testing methods to provide the specific informa-
tion needed in the constitutive -laws. Some of the traditional approaches
such as the creep test and low strain rate tensile test are time consuming.
These traditional tests may not always be capable of providing all «of the .
information necessary to characterize the material. For characterizing v
deformation properties for heat-to-heat variations and for alloy selection
and development, it will be desirable if more efficient approaches are
developed. Once the constitutive equations are developed and the materials
parameters are measured, some meaningful benchmark tests should be devised’
to test their validity in the range of application of interest. Because
. the accuracy of the constitutive equations and their ability in data extra--
polation depend strongly on their mechanistic and scientific basis, it is
envisaged that improvement of the constitutive equations will be made on a
continuous basis as improvements in our understanding of fundamental deforma-
tion processes occur. oy

to =
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5. CRACK TIP PROBLEMS

One of the most critical areas for future research is dealing with the
processes which take place only in the high stress and strain concentrations
that are found at the crack tip. It is well recognized that local deforma-
tion plays a crucial role in determining the conditions that prevail
in the microscopic region at the tip of a crack. Therefore, an improved
ability to deal with the crack tip region in a quantitative fashion will
have substantial impact on increasing our understanding of fracture processes.

One area where substantial progress can be made is in improved calcula-
tions of the stress and strain fields of a crack in various materials. A
great deal of effort has been spent in recent years in improving numerical
methods used to solve problems associated with the crack tip singularity in
nonelastic media. However, very few attempts have been made at applying the
most advanced of the improved constitutive relations in crack tip problems.
This is particularly true of the application of time dependent constitutive
relations. Such calculations should allow improved estimates of local crack
tip deformation, local stresses, and the energy dissipated during crack
advance. These improvements should lead to a better understanding of the
relationships between the driving force for crack extension and the rate of
crack growth.

3

Most theoretical treatments of fracture treat the material as a homo-
geneous continuum. Therefore, they ignore any effects which are caused by
the heterogeneous nature of the material microstructure. The evaluation of
the importance of specific microstructural features such as surface films,
voids, dispersed phases, etc., on the progress of fracture is an important
area of-materials science that needs‘investigation. This type of information
is necessary .in order to improve our understanding of fracture at a mechan-
istic level. It should improve our ability to handle fracture problems in
situations outside the realm of applicability of continuum fracture mechanics.

1a _ .

A crucial step in improving our understanding of fracture processes on
a microscopic and mechanistic level is a better characterization of the de-
formation. environment at a crack tip. No matter how accurate continuum
level constitutive equations become in describing bulk material behavior,
they will not be able to deal with strain localization, and stress and
.strain distributions on a scale that is small compared to important microstructural
size scales., Dealing with such problems will require understanding of de-
formation processes on a microscopic scale where continuum averaging is
meaningless. As microscopic theories of deformation processes are developed,
they should be applied along with improved constitutive relations for
modeling of crack tip behavior.

A b
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6. SUMMARY

We have identified a number of areas in the field of deformation where
basic research can have an impact on our understanding of time dependent
fracture.

In the area of deformation properties, the role of heterogeneous deforma-
tion in nucleating cracks and voids appears to be of primary importance.
Of the various modes of heterogeneous deformation, grain boundary sliding
has the most direct effect on high temperature fracture. However, stress
and strain concentrations that arise from all modes of nonuniform deforma-
tion are important in time dependent fracture.

Other areas where understanding is lacking and where basic research
should have an impact are -the unification of our understanding of deforma-
tion over the entire temperature scale, irradiation effects on deformation,
and deformation under multiaxial states of stress. The lack of a unified
description of deformation forces us to deal with a number of different
modes of deformation separately, and limits our-ability to predict behavior
outside of the regime where experimental data exists. We are particularly
limited in our ability to handle transient deformation. Irradiation intro-
duces new modes of deformation that we are only beginning to understand.
Because of the limited knowledge in the area of irradiation effects on de-
formation, basic research should have a considerable impact.

The area of multiaxial effects is largely unexplored. Because of its
practical importance, the need to accumulate experimental data on multiaxial
behavior in order to begin to identify the scope of multiaxial effects is
recognized. On the other hand, it is also felt that an understanding of
multiaxial behavior at the mechanistic level can only follow an ifiprovement
of our understanding of the basic mechanisms of uniaxial deformation.

In the area of deformation damage which leads to fracture, the most
important need is to identify the various types of damage and to-find ways
of quantifying them. In characterizing damage, we feel that there is a need
to recognize a number of changes in a material as ''damage.'" Important changes
that can lead to material degradation are the formation of cracks and cavities,
changes in composition and microstructure resulting from thermal and mechanical
effects, and changes in composition and microstructure resulting from environ-
mental effects. The aim of research in this area should be to determine .=
what types of damage are important in various materials and under what service
conditions, and to quantitatively relate the accumulation of the damage to

the service history of the material.
0

A continued improvement of constitutive equations for material behavior
should be a goal of deformation research. Of primary importance in this area
should be improvement of the mechanistic basis for constitutive laws so .that
their range of applicability can be clearly defined, and so that they can be
used with confidence within this range.
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Of direct importance to an understanding of fracture processes will
be improved modeling of the crack tip region. The more realistic ‘is the
treatment of the deformation behavior in this critical region, the more
likely we are to understand the basic mechanisms involved. More realistic
treatments of crack tip problems can be achieved by using more accurate
constitutive relations, by recognizing that materials have a heterogeneous
microstructure, and by including the heterogeneous nature of deformation
into crack tip models.
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I. INTRODUCTION AND SUMMARY

This subgroup report outlines specific areas where research is needed in
order to establish a fundamental understanding of the mechanism by which poly-
crystalline materials fracture at elevated temperature. A distinction is
drawn between steady loading and loading varying in time. The report is clas-
sified into six topics based upon a mechanism inspired engineering perspective.
These topics are: 1) materials and microstructure, 2) fracture under steady
and 3) under cyclic loading, 4) irradiation effects, 5) life prediction, and
finally 6) deformation instabilities. The subclassification in each topic is
based upon the specific microstructural observations of the phenomena that
lead up to fracture. In most cases, these observations are quite qualitative
but this reflects the lack of sophistication of the present understanding of
the fundamental mechanisms of fracture at elevated temperatures. The specific
phenomena are briefly outlined and recommendations for the type of research
most appropriate for their elucidation are made.

Before proceeding to outline the specific topics and recommendations, we
wish to enunciate the more general concerns of the committee pertaining to-the
approach in basic research on high temperature fracture:

a) The basic understanding of the mechanisms of fracture at high tempera-

ture is vitally important in life prediction, accelerated testing, and the

development of new engineering materials. This is because high temperature
fracture combines a number of highly complex phenomena which involve sev-
eral mechanisms, any one of which can be rate controlling depending upon
the microstructure, impurity content and segregation, environment, and

the stress history. Empirical characterization of fracture behavior leads

to too many parameters which renders it of little practical value. This

is now widely appreciated.

b) 1In order for basic research to produce maximum technological impact,
we recommend that experimental work be carried out on material systems
that are representative of the microstructures in engineering alloys. It
is recognized, however, that it may sometimes be necessary to conduct ex-
periments on idealized model materials to establish the validity of a
specific mechanism of a fracture process.
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c) The experimental research should generally be designed to test the
validity of specific models and mechanisms rather than providing simple
characterization of the fracture behavior of a material or merely to
collect data., In most cases, this will mean that fracture should be
studied "microstructurally”" from its inception to final separation. When-
ever theoretical models are not available to guide experiments, the latter
should be carried out based on the best available mechanistic models and
reporting as fully as possible ranges of the- characterizing parameters’
that might»guide later theoretical modeling.

d) Modern analytical and high resolution techniques should be used to
study the development of .the early stages of fracture..

e) In this report we do not often distinguish between metallic and cera-
mic materials.. However, when the mechanism of fracture in ceramics is
uniquely different from that in metals, because of a radical difference
in microstructure or atomic binding, then spec1fic recommendations are
made, applicable to ceramics.

f) Quantitative study of fracture is possible only if the fundamental ma-
terial parameters are well known. There is a special need for data on
measurements of: interface energy in all types of single phase and multi-
phase alloys; interface cohesive strength; self-diffusion and impurity
diffusion constants along grain boundaries. ' :

The question of priorities among the recommendations was considered at some
length by the subgroup as well as in the general discussion. A clear set of .
priorities could not be identified for every area of research. In our view,
this caution reflects the lack of fundamental understanding of the micromecha-
nisms of high temperature fracture rather than a division of opinion. Research
in this area has only recently been emphasized. Considerable and flexible sup-
port is necessary in the future if the basic understanding is to reach a level
of maturity where it can contribute toward rapid advancement of high temperature
technology. ~'Nevertheless, we offer the following general priorities:

We are of the opinion that in metallic alloys, research on fracture under
time dependent loading involving cyclic and transient histories.should receive
a higher priority than fracture under purely steady loading; on the argument
that these represent more realistic service histories, the effects of which.
must be better understood. In ceramic materials, on the other hand, linear
viscous and diffusional processes appear to play the major role in elevated
temperature fracture, making it adequate to emphasize research under steady
and monotonic loading for the time being.

i
<- We have listed materials in order of their technological importance and
suggest that research support might follow the same order of emphasis.

II. RECOMMENDATIONS

A. Materials and Microstructures

Fracture of engineering materials at elevated temperatures is extremely
sensitive to microstructure. Basic research, however, should seek to identify
the mechanisms of fracture which are common to most materials, recognizing that
the regime of temperature and stress in which a particular mechanism dominates,
differs from one material to another. Research is needed to study the basic
mechanisms and to establish how the microstructure shifts the transitlons from
one fracture mode to another. .
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We have classified the materials in order of their engineering impor-
tance and according to their distinguishing microstructures. It is hoped that
the basic research will take into account the essential microstructural dif-
ferences in each of these classes. : :

1. Metallic Allqz;

a. Solid solution and precipitate strengthened alloys with a small volume
fraction of second phase particles. Special consideration should be given
to the particles in the grain boundary since the low ductility at elevated
temperature results from separation at the grain boundaries that is ini-
tiated from interfaces of particles. Examples of such alloys include low
and high alloy steels and refractory metals. They have a medium yield
strength and good ductility.

b. Solid solution and precipitate strengthened alloys which contain a

very large volume fraction of a second phase such as the nickel base super-
alloys. The matrix second phase is often coherent and is usually different
from the grain boundary second phase which consists mostly of metallic
carbides. Whereas the creep properties of the material are controlled pri-
marily by the matrix phase, the fracture behavior is strongly influenced

by the second phase present in the boundaries. :

c. Dispersion strengthened alloys with or without additional cold work
such as TD nickel. These-.alloys may be different from those in (a) and (b)
in the sense that the particles may not be very strongly adhered to the ma-
trix since they are introduced into the material often by mechaﬁ&cal mixing
rather than by precipitation.

d. Graphite, directionally solidified multlphase composite alloys, rapldly
quenched and hot isostatically compacted alloys.

Initial emphasis should be put on microstructure classes (a) and (b) Basic
understanding of fracture in these alloys will provide a significant Ydvance in
more reliable high temperature energy systems.

2. Ceramic Materials

4 a5
a. Single phase oxides, silicon nitrides, silicon carbides. ¢

b. Polyphase alloys, glass ceramics and refractories. Ceramlcs in cate-
gories (a) and (b) make up the bulk of the promising structural ‘materials.
They incorporate differences in bonding and may contain addltional glassy
" grain boundary phases.

c. Nuclear fuels (oxides, carbides and nitrides). Their fracture behaVior
is important since the volume change in the fuel due to fracture and frag-
mentation strains the cladding of fuel elements.

d. Silicate glasses incorporating nuclear waste. “

B. Fracture under Quasi-Stationary Loading. AR

The majority of low ductility fractures occurring at elevated temperature
under steady loading are intergranular. -The process consists of nucleation of
cavities in grain boundaries and in their growth and linkage until the boundary
separates. Eventual. fracture may be a result of either extensive and quasi-
homogeneous intergranular cavitation or a more rapid localization of cavitation
into several cracks, one of which may then propagate to separation without much
additional homogeneous cavitation. Selection of one or the other of these
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paths will depend on microstructural variability, specific weakening of
boundaries and the aggressiveness of the enviromment. The exact mechanistic
balance of these phenomena is, however, inadequately understood.

1. Cavity Nucleation

Observations of cavitation in grain boundaries suggest that cavities form
at second phase particles in the boundary, at triple grain junctions, and at
intersections of matrix slip bands and the grain boundary. Stress concentra--
tions which develop due to non-uniform slip and due to grain boundary sliding
are expected to be important in the Jower homologous temperature range, (0.4
Tm), while some evidence exists that cavities form under relaxed stress con-
ditions over long periods of time at the high homologous temperature range
(>0.6 Tp). The cavities may initiate either by overcoming the local cohesive
strength of the interface (or by particle fracturing), or by the formation of
vacancy clusters of supercritical size on stressed interfaces. Modeling of
nucleation by vacancy clustering under a given local stress is fairly complete.
Other possible nucleation models applicable to the low end of the high homo-
logous temperature range (V0.4 Tp) should be investigated. Further theoretical
work is needed to develop the time dependency of the local stress concentrations
due to boundary sliding and shear localization in the matrix. Deformation pro-
cesses which build up the'stress'concentratiqns may be more (sliding of bounda-
ries with particles for example) or less (matrix shear localization) time de-
pendent, while the relaxation of the stress concentrations will depend upon the
creep mechanism that acts to relieve these local stresses. It is also expected
that the magnitude of the stress concentrations that develop will depend upon
whether thé external loading is steady, cyclic, or mixed.

NEEDS: Theoretical work on nucleation involving local stress concentrations by
grain boundary sliding and slip bands needs to be developed. Fundamen-
tal nucleation models other than the vacancy clustering model should be
investigated. There is a strong need for careful experiments to measure
nucleation rates of cavities at high temperatures. Simple density

: change measurements do not provide this data since they do not distin-
guish between the volume increase from a single or from several cavities.
Newjpigh resolution techniques should be utilized to measure nucleation
rates. Special note should be taken of grain shape and grain boundary
orientation in relation to principal stress directions.

All models of nucleation need information about the interface energies
and the cohesive strength of the interfaces. The kinetic nucleation
models involve the grain boundary diffusion coefficients. There is a
pressing need particularly for this information. Since grain boundary
sliding is one of the important mechanisms by which stress concentra-
‘tions are produced, and since boundaries in engineering materials always
contain second phase particles (which are often semicoherent), experi-
ments are needed to determine. the effect of particles on the rate of

The nucleation of cavities and intergranular cracks in ceramics usually
involves stress concentrations produced by anisotropic slip, or by grain
boundary sliding, especially at high strain-rates. Since ductile to
brittle transitions characterize much of the behavior of ceramics, research
should be supported to study the effect of microstructure on ductile-brittle
transition in ceramic alloys.

2. Growth and Linking of Cavities in Grain Boundaries in Quasi-Homogeneous
Stress Fields.

The existing models have considered cavity growth by diffusional transnort,
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when the cavities are of an equilibrium shape or when they deviate slightly
from their equilibrium shape. These models may be considered fairly complete.
There are models under development which consider the growth and linkage of
cavities by power law creep and by a combination of diffusion and power law
creep. However, considerable new effort is needed to establish the role of
grain boundary sliding in growth and linkage of cavities.

NEEDS: There is need for the development of theoretical models which incorporate
the importance of grain boundary sliding into cavity growth and linkage.
This appears to be an important mechanism in the high stress and inter-
mediate temperature regime of fracture in metals, and of even more gene-
ral importance in ceramics.

Experiments are needed to ascertain the extent of the regimes in
‘which growth is dominated by diffusional flow, or by power law creep,
or by the combination of both. The study of the effect of multiaxial
stress state on hole growth can be fruitful in separating the roles of
diffusional flow and power law creep. The sequence of phenomena involv-
ing the growth of cavities from a scale much smaller than the grain size
into micro-cracks, and the growth of these into macro-cracks should be
studied in some detail and should be associated with statistical models
of such processes to understand geometrical and strength variability in
the microstructure.

In ceramic materials which contain a glassy phase in the grain
boundary regions, viscous hole growth in such thin films should be con-
sidered; 1in ceramics which do not contain a glassy boundary phase, the
diffusional growth processes should be applicable; this can be a fruit-
ful area where experiments could be designed to test theoretical models.

~In metals, the study of cavity nucleation and growth in quasi-
homogeneous stress fields should be extended to cavitation in strong
gradient fields of stress and strain rate in front of a notch or a crack.
Such theoretical modeling should be backed up by experimental measure-
ments in the relevant range of loading and temperature. Environmental
effects will be of great importance at such crack tip fracture processes
and must be considered. Models supported by experimental work are need-
ed which incorporate the environment as a parameter in the ‘cavity nu-
cleation and growth process at crack tips, as the growth” *of creep cracks
are likely to have a strong stress-corrosion cracking aspect.

3. Time Dependent Growth of Macro-Cracks

In metals, creep crack growth has been observed in a limited region of
stress and temperature in nickel base alloys. Such behavior is usually very
environment sensitive. There is definite evidence that ceramics which contain
a glassy grain boundary phase exhibit slow crack growth at elevated temperature
under steady state loading.

NEEDS: Damage tolerant design of high temperature systems requires understanding
of processes of growth of macro cracks in creeping alloys. There is a
need to ascertain the range of stress and temperature under which creep
cracks grow. In ceramics, this is a critical area of research since it
is an important mechanism of fracture in engineering applications. Re-
search should be supported to establish a quantitative understanding of
the mechanism of the process from a theoretical and experimental stand-
point. Studies should incorporate the statistical aspects of micro-
structural crack extension processes and their environmental aspects in
high strength structural ceramics, e.g. silicon-nitride exposed to oxi-
dizing environments.
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C. Mixtures of Steady Loading, Cyclic Loading and Transient Loading

This should be a high priority area for research in metals. It is of
critical engineering importance since structuresin energy systems are always
subjected to mixed stresses. Linear damage rules combining stress rupture
and fatigue are often grossly inadequate in predicting life. There are very
significant effects of the microstructure, the environment, and the shape of
the stress cycle. Representative microstructures are those of the low and
high alloy steels and nickel base alloys.

Intergranular cavitation as well as intergranular environmental attack
are important considerations. Whether crack initiation or crack propagation
dominates the life is still controversial. Nevertheless, there is some agree-
ment that crack growth is dominant for lives shorter than the transition fa-
tigue life, and that crack initiation dominates for lives longer than the
transition fatigue life. Different microstructures then may only govern the
magnitude of the transition fatigue life. Whether or not these simple rules
apply to alloys with complex microstructure as well as to solid solution
alloys remains to be established.

The fracture mode can be transgranular, intergranular, or mixed, in both
initiation and in growth. Lowering the frequency, using unsymmetrical stress
cycles (either in strain rate or in hold time), increasing the temperature
and presence of aggressive environments, all promote intergranular fracture.
The environment is important not only in the intergranular but also in the
transgranular mode of fracture. Although the underlying mechanism of these
behavior patterns are not yet fully understood, some simple extrapolations can
be made from the present limited understanding of fracture under steady load-
ing. Difficulties arise because the magnitude of the local stress concentra-
tions is different in steady loading and in mixed loading, but the actual nu-
cleation event which produces a cavity or a crack may be the same. It follows.
that the stress concentrations produced by time dependent processes, such as
grain boundary sliding, should be coupled to the shape of the time dependent
stressing cycle. Here additional micromechanical modeling will be required.

In ceramic materials, there is no data on the effect of cyclic loading on |
fracture at elevated temperature. Exploratory experimental investigations of
the influence of cyclic loads on fracture need to be carried out in order to
establish the existence or absence of genuine cyclic effects. 1In comparison
to the problem of subcritical crack growth under steady loading, crack growth
under cyclic and mixed loading is considered to be of a lower priority for
ceramics. More important than cyclic stressing, however, is fracture result-
ing from thermal shock in polyphase ceramics.

1. Initiation and Early Growth of Cracks

It is expected that environment, grain boundary sliding and intergranular
grooving are important in crack initiation. Cracks may also initiate trans-
granularly*%long crystallographic directions particularly in multi-phase al-
loys by a b%ocess which is similar to the strain localization by persistent
slip bands.” In most instances the early growth of cracks will be by shear
for which little information and understanding exists.

NEEDS: The intergranular mechanisms of crack initiation should be emphasized
rather than the transgranular mechanisms. In the former, the role of
grain boundary sliding in both surface grooving and nucleation of cavi-
ties and their growth should be investigated. The local stress con-
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centrations which will be cycle shape and microstructure dependent
can be expected to play a critical role. Research on mechanisms by
which the environment influences crack initiation is needed. The
crack initiation process should be described in terms of the proper
scaling parameters such as pre-existing flaws (from machining, for ex-
ample), grain size and grain boundary sliding displacement. In many
instances, it will be desirable to study the early growth of cracks
in shear (Stage I crack growth). The role of the cycle shape such as
unsymmetrical cycles and mixtures of steady and cyclic loading should
be an important component of these investigations. The influence of
grain boundary particles on fracture needs to be emphasized.

2. Crack Propapation

Engineering components can be designed either by criteria for crack ini-
tiation or crack propagation. Initiation is usually more time consuming in
high cycle fatigue while propagation is important in high and low cycle fatigue.
The relative importance of initiation versus propagation depends on the micro-
structure and the stress level. Usually, drastic increases in crack propagation
rates result only when the mode of fracture is intergranular. Again environ-
ment, cycle shape, and microstructure are important.

NEEDS:Mechanistic studies are needed to investigate the acceleration of. the
nucleation and growth of grain boundary cavities under cyclic loading at
moderate strain rates. The role of grain boundary sliding must be in-
vestigated. The distribution of second phase particles in the boundary
will be important from two viewpoints: they affect the rateiof grain
boundary sliding and also provide sites for the formation of cavities.
Both must be investigated. Cavitation in the crack tip reglon under cyclic
loading needs to be investigated by theory and experiment. ‘Due attention
should be given to wave shape and environmeént effects.

Crack propagation in ceramic materials under transient loadding produced
by thermal shock needs to be investlgated theoretically as weﬂl as experi-
mentally.

D.  Phenomena Peculiar to Irradiation Environments o

Radiation damages alloys and produces a whole liost of microstructural
damage that includes formation of point defect clusters, séssile dislocations,.
and voids. In some instances, transmutation results in substantial production
and accumulation of helium that precipitates into bubbles. When such damage
congregates along grain boundaries, rapid embrittlement can result. These -
problems will be important in all kinds of reactors ranging from simple conver-
ter units to breeder reactors. They are expected to be most acute in first
wall applications in fusion reactors.

NEEDS: Intergranular'embrittlement due to precipitation of voids or helium
bubbles on grain boundaries, their kinetics of formation and their ef-
fects on the fracture and fatigue behavior in characteristic reactor
alloys need to be studied in detail. Surface fatigue under combined,
irradiation, strain cycling, and flux interruptions must be studied,
particularly in candidate first wall materials.

E. Service Life Predictions

Most present end-of-life predictions are-empirical or intuitive. They
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must be based on mechanistic understanding. Accounting for expired life,

predicting remaining service life, based on continuously monitored service
parameters and utilizing mechanistic models making use of research in the

areas- discussed above are greatly needed.

Combinations of non-gpecific statistical models with mechanistic model
components to improve predictive capability may prove of use.

NEEDS: Use of specific mechanisms of microstructural damage based on better
understanding of phenomena discussed above to formulate incremental
life models are needed. These must be coupled with experiments to
assess validity of models and ascertain importance of transients that
are usually excluded.

F. Deformation Instabilities and Localization

- Localization of shear deformation as a source of localization of cavi-
tational processing, analogous to low temperature ductile fracture void sheets
can occur at elevated temperature and may rapidly lead to terminal fracture.
Localization due to unstable microstructures is of great importance and re-
quires both experimental study and mechanistic modeling.

NEEDS: Experiments should be carried out on specific microstructures to map
out the phenomena and to determine their extent. Such phenomena should
then be mechanistically modeled with the purpose of stating criteria
for premature failure with a goal of final incorporation into life
prediction codes.

yE
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INTRODUCTION

In many high temperature structural applications, the performénce character-
istics of a materials system are largely controlled by the properties of its
grain and interphase boundaries. For example, failure in creep and fatigue
frequently occurs, by cavitation, or cracking along grain boundaries, particularly
boundaries oriented transversely or obliquely to the applied stress. In a few
special cases, this failure problem has been overcome by directional alignment
of grain and interphase boundaries by various types of metallurgical processing
such as directional solidification and directional recrystallization. A good
example is to be found in the application of directionally aligned structures in
high performance gas-turbine airfoils. More generally, however, where fine, equi-
axed grain structures are desirable, other methods of controlling grain boundary
properties have been developed. Important amongst these has been the introduction
of improvements in primary melting practices, which are designed to control impor-
tant impurities.- This is of decisive importance because even traces of certain
impurity elements present in grain boundaries in high temperature materials can
seriously affect properties. 1In many cases impurities are deleterious and need
to be removed. However, in certain cases (e.g., creep fracture) controlled
impurity additions can be beneficial and result in improved properties.

Another development of great significance has been the effective control of
environmental interactions by the application of protective coatings. The future
development of advanced alloy systems now appears to hinge on the ability to design
coatings that are completely compatible with the workpiece. Coatings that are of
special significance are those that are integrally bonded to the workpiece, i.e.,
so-called "overlay coatings'. Furthermore, additional protection by thin ceramic
layers, or thermal barrier coatings also appears to be mandatory in certain ex-
treme environments, e.g., where fine partiéulate erosion is combined with oxidation
and hot corrosion at extremely high temperatures. Thus, it seems clear that a
deeper understanding of boundary phenomena, both intergranular and interphase, will
be necessary to satisfy the materials requirements for advanced energy conversion

185




systems.

The high temperature mechanical properties of structural ceramics are also
crucially dependent on the presence and properties of grain boundaries. In a numt
of the most promising structural ceramics, such as the silicon nitride alloys,
there exists an intergranular glassy phase rather than usual crystalline-
crystalline boundaries. These glassy phases have been demonstrated to control
the creep rates, oxidation resistance, sub-critical crack growth and strengths of
such alloys at elevated temperatures. Elimination of the boundary phase or its
controlled crystallization by both appropriate processing and control of the
interface structures will enable such structural ceramics to exhibit far superior
high temperature mechanical properties. 1In those structural ceramics in which
there is no intergranular phase, a better understanding of the structure and impur-
ity segregation to grain boundaries will undoubtedly lead to the possibility of the
control of the high temperature fracture behavior. It is important to emphasize
that because of a lack of both experimental data and basic understanding, the
development.and processing of structural ceramics lags far behind that of metals.

To summarize the foregoing it may be concluded that the characteristics of
many materials systems are largely controlled by the properties of both grain
boundaries and interphase boundaries. Furthermore, the properties of these inter-
faces are often of importance in both the processing of the material prior to its
use and inr;he performance of the material during its service. For these reasons
the Subgroﬁhtattempted to deal with proposed basic research on those aspects of
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Grain Boundary Properties
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. Interphase Boundary Properties

-
s DS
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_which were “thought to be of fundamental importance in both the

sl

Processing Performance

and

Service Performance

v b

of materials subject to time dependent fracture at temperatures where thermally
activated mechanisms play an important role.

» The array of topics considered to be of importance was found to be essentially
the same as that presented by Balluffi [1] in his review of present knowledge of
grain boundaries given earlier in the present workshop report. These topics
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include the following:

Structure of Ideal Perfect Boundaries
Defect Structure of Boundaries
Diffusion at Boundaries

Boundaries as Sources/Sinks for Point Defects

Dislocation and Sliding Phenomena at Boundaries
Atomic Bonding and -Cohesion at Boundaries

1.
2.
3.
4.
5. Boundary Migration
6.
7.
8. Non-Equilibrium Properties of Boundaries
9.

Techniques for Studying Boundaries.

We discuss proposed research in each of these specific areas in turn in the
following. Further comments relevant to these topics may be found in [1]. Finally,
we conclude with a series of summarizing remarks.

1. STRUCTURE OF IDEAL PERFECT BOUNDARIES

Knowledge of the detailed atomic structure of ideal perfect grain and inter-
phase boundaries and the defects which may exist in these boundaries is' essential
in developing an understanding of their properties. Research in this area is
therefore of central importance.

So far, all of the computer simulation work aimed at this problem has involved
special boundaries of relatively short periods in simple metals where models pos-
sessing relatively small numbers of atoms can be employed. In general, no detailed
and quantitative studies of the atomic structures of non-special grain boundaries
and interphase boundaries have been carried out. There is, therefore, a strong
need for work on the computer simulation of non-special grain boundaries and also
interphase boundaries. It is important to note at the same time that a good deal
of essential work on special boundaries is still unfinished. A logical way to
proceed would therefore involve continued work on special boundaries accompanied
by efforts to extend the calculations to more complex non-special boundaries as the
computing methods become more realistic and powerful. The recent identification
of compact polyhedral units in the cores of special grain boundaries has been
a significant development, and it would be of great interest to see whether they
play an important role in non-special boundaries. It is also essential to under-
stand more about the nature and characteristics of secondary relaxations in bound-
aries as they become less special. What are the core widths of intrinsic grain
boundary dislocations, etc.? '

Continued efforts should be made to improve the computer simulation tech-
niques themselves. Specifically, we need:

(1) construction of more realistic interatomic potentials based on a
more fundamental understanding of the basic physics involved. A
fundamental question which must be answered is -- to what extent
can the interatomic potential approach (whether semi-empirical, or
otherwise) take account of "electronic effects'", particularly in
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metals?

(ii) 4incorporation of lattice vibrations and entropy effects into more
calculations. Such molecular dynamical calculations will be of
importance in answering questions about possible order + disorder
phase changes which are conceivable in boundaries as the temperature
is raised.

Essentially no effort has gone into the quantitative modeling of any of the
grain boundaries or interphase boundaries which may exist in more complex mat-
erials such as ionic solids, covalent solids or in materials such as sintered
silicon nitride where a layer of amorphous material of finite thickness exists
at the grain boundaries. Efforts should be made to model and understand the
structure of these boundaries.

The computer simulation work mentioned above must be accompanied by experi-
mental work which will yield data which can be compared quantitatively with
calculated results derived from the computer modeling. Experimental work which
appears promising in this respect includes, for example:

(1) measurement of the energy of well characterized boundaries. Of
particular interest here would be a search for a possible correlation
between energy and characteristic structural features of the
‘boundaries;

' >
(ii) measurement of the lattice displacement R (see Fig. 1 in [1])
across a boundary;

(iii) measurement of electron and x-ray diffraction effects from the grain
boundary core structure;

(iv) direct observation of details of the core structure by high resolu-
tion lattice imaging in the transmission electron microscope;

(v)  quantitative observation of the diffraction contrast produced in
transmission electron microscope images by intrinsic grain boundary
dislocation structures;

(vi) observation of boundary faceting and the appearance of low energy
boundary segments in microstructures.

2. DEFECT STRUCTURE OF BOUNDARIES

Computer simulation and possibly other calculations of the structure of point
defe¢ts such as vacancies and interstitials should be made in a wide variety of
grain and interphase boundaries. Of particular interest is the question of
whether these '"point'" defects remain localized or dissociate widely, particu-
larly in non-special boundaries. The answer to this question is essential to the
development of our understanding of diffusion processes in boundaries as dis-
cussed further below. Also of interest is the behavior of various clusters and
the possible ways in which voids may nucleate at boundaries. This information is
of critical importance in -dealing with the problem of intergranular cavitation.
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Computer simulation studies of the structure of grain boundary dislocations
should be made on a wide variety of grain and interphase boundaries. Of partic-
ular interest is the question of whether these '"line' defects dissociate widely
particularly in non-special boundaries and to what extent do dislocation or "dis-
location-like" defects, exist in non-special boundaries? The answer to this
question is essential to the development of our understanding of many of the
important grain boundary phenomena discussed below.

Our understanding of the important phenomenon of solute atom segregation at
grain boundaries is presently in a primitive state. There are only a very few
cases where we know quantitatively the extent of segregation as a function of bulk
concentration and temperature. We do not understand the relation between the
" structure of the boundary and segregation, changes in the boundary structure and
properties caused by segregation and, also, no information is available concerning

the structure of the segregate. There is, therefore, a critical need for quanti-
tative studies of the extent of segregation, of the structure of the boundaries
with segregated solutes and of the structure of the segregate at and near the
boundaries under well controlled conditions in well characterized boundaries.
Various powerful experimental techniques are being developed at present [1] which
should be of use in such studies. These include electron and x-ray diffraction
from the core region, electron microscope lattice imaging, atom probe-field ion
microscopy, scanning transmission electron microscopy, EXAFS, and others. A number
of these techniques possess the important advantage that the segregation can be
studied in situ without the necessity of first inducing intragranular fracture-to
expose the boundary. Computer simulation of boundaries with segregated solutes

can also significantly contribute to an understanding of segregation phenomena,
particularly the structural aspects. Practically no study of this type has been
made so.far, and the initiation of atomistic studies in this direction is desirable.
.This will also require new developments in the description of complex interatomic
interactions.

The fundamental theory of segregation is also in an undeveloped state. Certain
empirical rules predicting the degree of segregation and empirically based thermo-
dynamic treatments have been developed, but a satisfactory basic theory is still
lacking. It appears that progress in this direction will requlre the increased
attention of solid state theorists. '

Finally, the effects of segregation on all of the important phenomena at
grain boundaries which concern us should be studied. These include, for example,
cohesion, and migration. It 1s known that trace amounte of solute atoms can
exert large effects on such phenomena and can be responsible for significant heat-
to-heat variations in behavior.

3. DIFFUSION AT BOUNDARIES

Attention should be paid to the gathering of more reliable aﬁﬁlextensive
grain and interphase boundary diffusion data. As pointed out in’ [1], present
grain boundary diffusion data are generally unsatisfactory. Unfortunately,‘t e
data base for interphase boundary diffusion is in an even poorer state. The
establishment of a better .data base for boundary. diffusion would be of considerable
assistance in the understanding of a number of important kinetic processes at
boundaries.
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At present we have little understanding of the way in which the boundary dif-
fusivity varies with boundary type or with the diffusion direction in a grain
boundary. Furthermore, the basic mechanism of boundary diffusion itself is unknor
Coupled computer simulation studies and appropriate boundary diffusivity measure-
ments would be helpful in clarifying this area of ignorance.

A particularly difficult but important area has been the study of seemingly
"anomalous' diffusion rates along impurity contaminated boundaries in practical
ceramic materials. Studies of this type should be continued in order to build up
a practical data base for materials of this type and to gain some insight into
the effects of boundary segregation on diffusion rates.

4. BOUNDARIES AS SOURCES/SINKS FOR POINT DEFECTS

Progress in our understanding of the mechanism of the point defect source/
sink action of non-special boundaries must await progress in understanding the
structure of point defects in these boundaries (see section 2).

Very few experiments aimed at the direct determination of the source/sink
efficiency of grain boundaries, and especially interphase boundaries, have been
carried out. Experiments of this type should be encouraged since the source/
sink character of boundaries is undoubtedly intimately connected with other-
important boundary phenomena. such as chemical diffusion in boundaries and bound-
ary migration (see below).

Work is needed on furthering our understanding of how small second phase
particles affect the source/sink action of boundaries. There is considerable
evidence that such particles slow down the source/sink action. However, the
mechanismsaby which this occurs are undetermined. Progress in this direction
could haveoén important effect on alloy design.

5. BOUNDARY MIGRATION
As pointed out in [1l] our present knowledge of grain boundary migration
mechanisms and mobilities is unsatisfactory. The same conclusion may be stated
even more emphatically for interphase boundaries. ’
Further progress will depend upon:
(1) the performance of more extensive and well controlled mobility
experiments to aid in the establishment of both the quantitative

and qualitative aspects of grain and interphase boundary migration;

(ii) the performance of additional critical experiments to distinguish
migration mechanisms; and

(iii)Jthe establishment of reliable structural models for non-special
boundaries and their defects.
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6. DISLOCATION AND SLIDING PHENOMENA AT BOUNDARIES

Quantitative measurements should be made of the rate at which lattice dis-
locations dissociate in boundaries.

The generation of lattice dislocations at boundaries should be studied sys-
tematically, preferably by direct observation with, for example, high voltage
electron microscopy.

Progress in understanding the basic mechanism by which boundary sliding occurs
in non-special boundaries must await further progress in our understanding of
the nature of grain boundary dislocations (see Section 2 above) and shear mechanisms
in such boundaries. However, since grain boundary sliding plays an
exceedingly important role in grain boundary failure mechanisms,
efforts should be made to understand as many of the overall aspects of sliding as
possible.

7. ATOMIC BONDING AND COHESION AT BOUNDARIES

Methods should be developed to measure for the first time grain and interphase
boundary cohesion. Of particular interest would be experimental determinations of
the effects of solute atom segregation on cohesion.

. Ll
Efforts should be made to calculate boundary cohesion on a fundamental basis
perhaps by the cluster method cited in Section 7 of [1].

8. NON-EQUILIBRIUM PROPERTIES OF BOUNDARIES

€

There is a need for more critical and more decisive experiments’ to decide the
question of whether important non-equilibrium effects of the types cited in Section
" 8 of [1] exist. Such effects are not well-established at present. If they indeed
do exist they would obviously play an important role in the behavior of bound-
aries under time dependent fracture conditions.

9. TECHNIQUES FOR STUDYING BOUNDARIES

The field of boundary studies is in a.rapid and exciting stage of development.
The recent development of a variety of powerful techniques allows detailed studies
of the boundary structure and chemistry at essentially the atomic scale which were.
impossible just a few years ago. Techniques of particular interest include, for
example:

(i) study of boundary diffraction'contrast images by high resolution
electron microscopy;

(ii) study of boundary structure by lattice imaging methods via high
resolution electron microscopy;

(iii) scanning transmission electron microscopy;

(iv) high resolution scanning Auger spectroscopy;
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(v) synchrotron x-ray diffraction from the core regions of boundaries;
(vi) atom probe-field ion microscopy;
(vii) EXAFS studies of atomic environments in grain boundaries.

Progress in the area of boundary studies and the successful completion of
much of the research recommended above will depend in a critical way on the
availability and application of the above techniques. 1In fact, it must be recog-
nized that the study of boundaries is particularly dependent upon these techniques.
We therefore recommend that special attention be givéen to the availability of such
techniques in future boundary research.

SUMMARIZING REMARKS -

(1) Time-dependent fracture in its various forms is, often, directly depen-
dent upon an almost bewildering array of both grain boundary and interphase
boundary phenomena. These include, for example, rapid boundary diffusion, point
defect source/sink action, boundary migration, dislocation creation and annihi-
lation and boundary cohesion. Many of these phenomena also play important roles
in the processing of materials for high temperature structural applications.

(2) These boundary phenomena are related directly to the atomic structure
of the boundaries and the point and line defects which may exist there (includ-
ing solute atoms). Increased understanding of boundary structure is therefore
central to progress in the field as a whole.

(3) Fortunately, research on the structure of grain and interphase bound-
aries is in a rapid and exciting stage of development. For the first time,
powerful high resolution methods are available for probing the detailed structure
and chemistry of boundaries. Also, increasingly powerful computer simulation tech-
niques have been developed for constructing atomic models. Full use of these
techniques should therefore be made in future work to determine and understand
boundary structure. Of particular interest are the structures of non-~special
grain and interphase boundaries, boundaries with defects and solute atoms, and
boundaries in complex materials such as ionic solids.

Special efforts should be made to ensure the availability of these tech-
niques to the relevant research community. Increased equipment funding for
individual research groups, and the establishment and support of large central

facilities would be beneficial.

(4) There is a widespread need for more extensive and- better defined experi-
ments carried out in conjunction with realistic modeling in all of the subfields
cited in the present report. Specific research which is likely to be particularly
rewarding at the present time include:

(i) the gathering of more extensive and reliable boundary diffusivity
and boundary energy data bases;

(ii) the development of techniques to measure boundary cohesion;

(iii) experimental studies under carefully characterized and controlled
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conditions of the effect of solute atoms and boundary '"chemistry" on
wany of the c¢ritical boundary phenomena cited in the present report,
especially diffusion, migration, sliding, and cohesion.

REFERENCE

[1] Balluffi, R. W., earlier paper in present workshop report.
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INTRODUCTRION
sk

The objective of this summary report is to present the various key discus-
sion areas, noting both majority and minority opinions, of the subgroup's views
on designer needs in time-dependent fracture and the contribution of materials
science to these. Six of the eight subgroup members had participated in the
short presentations earlier in the workshop. Some of their individual recommen-
dations are made in the written version of their presentations included else-
where in these proceedings.

SUBGROUP DISCUSSION

There was general agreement in the subgroup regarding the need to bridge
the gap between academic knowledge and industrial application. To achieve this,
the discipline barriers must be broken .down. More interdisciplinary interaction
must be encouraged. One of the members mentioned that, in the pursuit of aca-
demic research, much of the material data generated are at unrealistic stress/
temperature conditions when compared with realistic design considerationms.
Clearly, there is a need for greater interaction between those people generating
data and those who would be using these data. This would be promoted by inter-
active programs among universities, research institutions, and industry. The
subgroup recommends that such programs be considered and initiated, Another
opinion was expressed that generalized pictures should be developed showing the
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relationship of various discipline areas to design problems. This would help
develop multidisciplinary interactive programs of the type indicated above. An
example is shown in the figure on the next page.

There was considerable discussion about whether the subgroup should base
its recommendations on currently operating energy systems or on advanced energy
systems. Subgroup members were divided on this issue. One faction argued that
system availabilities are likely to be improved considerably if the subgroup
recommendations were concentrated on the current systems and their studies pur-
sued. The counter argument was that system availability frequently depends on
factors such as proper maintenance, operation, quality control, etc., and, in
many cases, is not likely to be affected significantly by merely a better mate-
rial understanding. Therefore, the attention of the subgroup should be focused
on advanced energy systems in which system behavior is not well understood be~-
cause of the lack of experience. It was finally decided that the subgroup
should mainly emphasize the advanced energy systems but also should include any
specific problem areas that are relevant to currently operating systems.

All the subgroup members agreed that much of the research and development
work should be performed on service conditions and structural materials that are
relevant. This led, naturally, to a number of questions. What are the relevant
service conditions? What are the relevant structural materials? What are the
various systems of interest? One subgroup member felt strongly that the sub-
group should develop answers to these questions. However, other members felt
that the subgroup could not possibly generate these answers to the extent of de-
tail that is warranted. Therefore, the following recommendation was made:

The relevant conditions for components in specified designs should be
generated including materials, temperature ranges, environments, strain
and stress limits, strain or stress rates, loading paths/histories, etc.
Descriptions of systems of interest should be prepared and made avail-
able to researchers generating the relevant conditions listed above. An
example of a typical condition of 1nterest is the stress levels for
steady-state creep on the order of 10 “E to 10~ E giving strains typi-
cally 1 percent overall to 5 percent locally. : 2

Oak Ridge National Laboratory Report No, ORNL-5073* was mentioned as an
important reference on time-dependent material comsiderations. The section on
specific recommendations is directly relevant to the objectives of this subgroup
and is appended to this report.

RECOMMENDATIONS FOR RESEARCH

Five specific areas were identified by the subgroup as important broad
categories in which future work needs to be performed. All these areas refer

*%],, F. Coffin, et al., "Time-Dependent Fatigue of Structural Alloys - A General
Assessment (1975)," Oak Ridge National Laboratory Report No., ORNL-5073, Janu-
ary 1977.
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to metallic as well as ceramic materials, including coatings. A few major sub-
categories were identified under each major area. They are listed in the order
of priority that was assigned to each category by -the subgroup members.

Cumulative Damage Concepts for Crack Initiation

® Grain boundary fracture and deformation
® Metallurgical and structural changes
e Interaction with environment

® Mechanical and thermal histories, including multiaxial and nonpropor-
tional effects

e Specific materials and service conditions.
From the designer's viewpoint, the final objective is to be able to predict
the service life of relevant structures with a reasonable degree of confidence.

Therefore, the most important area for future study is identified as the develop-
ment of cumulative damage concepts. Such concepts require:

e Understanding of the basic nature of the creep-fatigue-environmental
damage mechanisms

e Method of counting the damage as a function of the accrued history of
loading. ¢

These concepts should be developed for both crack initiation and crack growth.
The subcategories listed above are self-explanatory and need no further

clarification. N

Environmental Studies

e Systematic characterization
o Underlying mechanisms

e Liquid metals, water/steam, air, molten salts, combustion products in-
cluding coal-derived fuels, irradiation.

Environmental studies were considered to be very important by the subgroup.
It was felt that the environmental effects must be systematically characterized.
An example was cited to further clarify this. Some materials show a large de-
crease in fatigue strength with only small traces of an oxygen environment; how-
ever, a further increase in oxygen concentration leads to an increase in fatigue
strength. Such effects can be determined only by systematic environmental stud-
ies. A number of typical environments relevant to energy systems were identified.

Constitutive Equations

e More realistic approaches
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e Cyclic and complex loading paths/histories, including multia%ial and non-
proportional loading effects

e Bench-mark problems

e Computational methods.

A definite need to develop more realistic constitutive equations was identi-
fied. It was indicated that the present approaches do not satisfactorily treat
the thermal transient and cyclic problems. There was unanimous agreement on the
importance of bench-mark problems* in the development of constitutive equations.

. These problems should be simple yet significant enough for practical application
and should serve as significant tests of theories and procedures for predicting
the response of structural components. Furthermore, adequate computational
methods must also be developed so that the constitutive equations can be utilized
to solve practical problems both inexpensively and accurately.

Design Methodology

® Statistical approaches

® Probabilistic evaluation of nondestructive testing and examination
approaches

® Accelerated testing

o ﬁefect—tolerant design.

This category includes application problems related to the fundamental work
identified in the last three categories. Presently, ASME pressure vessel and
piping codes are used in the design of fossil and nuclear power plant components.
The ASME codes are based on deterministic design methodology. Thus, it is diffi-
cult to assess the degree of conservatism involved in the designs. The need to
develop probabilistic design methodology was identified by the subgroup members.
The ASME codes are further limited by the use of crack initiation as the char-
acterization of failure. There is a need to develop design methodology based
on both crack initiation and crack growth. Because of time and economic limi-
tations, most of the material data in the ASME codes are based on accelerated
short—-time tests. There is a need to relate the validity of these accelerated
tests to the long-time material behavior that is expected in practice.

Processing
e Welding

e Casting

° :Eorging

*J; M., Corum, et al., "Interim Guidelines for Detailed Inelastic Analysis of
High-Temperature Reactor System Components,' Oak Ridge National Laboratory
Report No. ORNL-5014, December 1974, pp. 109-118.
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o Machining
e TForming (including explosive forming)
e Coatings

e Powder sintering.

All the problem areas listed in the first four categories need to be ex-
plored not only for structural materials in final form but also for special
areas such as weldments and for structural materials during processing. . For
example, large variations in mechanical properties exist within the weld and
the adjacent heat-affected zone because of the complex thermal and mechanical
history experienced during the welding process. The service conditions (e.g.,
stress and strain limits, temperatures, etc.) involved during processing are
. usually entirely different from those in operating systems. Therefore, there
is a need to identify these in a separate category.

APPENDIX

Recommendations from L. F. Coffin, Jr,, et al., "Time~Dependent Fatigue of
Structural Alloys - A General Assessment (1975)," Oak Ridge Natlonal Laboratory
Report No. ORNL-5073, January 1977, are quoted below:

1. The further development of design technology for treating time-dependent
fatigue. Both crack-initiation and FCG methods are to be addressed. Emphasis
is to be given to proper treatment of cumulative damage, effects &F multiaxial
stress, and other important factors as described in this report.

2, The conduct of long-time tests that will provide conclusive ‘answers to the
effect of time on the creep-fatigue-environment interaction problem. The test
program must be carefully chosen to definitively answer questions' stch as that
concerning the existence of fatigue life saturatuion and should bé designed to
" provide desired data of general utility. The program should involve large as
well as small strains, constant and varying temperatures, and other parameters
- expected in service. 3

.

3. The development of criteria for characterization should include constitu-
tive relations under cyclic and time-dependent loading and information on the
influence of one mode of loading on the properties of material in another mode,
For example, the effect of creep strain on plastic ductility, or fatigue load-
ing, and vice versa should be investigated. Both uniaxial and multiaxial stud-
ies are to be included. N

4. The conduct of a series of tests in several environments of special inter-
est (e.g., vacuum, liquid sodium, and inert gases). These tests should be
designed not only to provide basic information, but also to resolve numerous
questions raised in this report relative to environment when the analy31s is
made according to the major frameworks developed in this report.

5. The development of cumulative damage concepts. Such concepts first require

that we understand the basic nature of the creep-fatigue-environmental damage
mechanism(s) and second that we learn how to count the damage as a function of
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the accrued history of Tloading. It will be important to separate the crack-
initiation phase from the crack-propagation phase in order to treat such damages --
accumulation properly.

6. The study of crack growth in the high-temperature range. Of special impor-
tance are cases involving very small cracks (in their incipient stages) and
large inelastic strains (especially creep-strains).

7. The development of 'information on the effects of multiaxial stress. In
this case, general characteristics of cyclic behavior and the mechanisms of dam-
age are to be studied. Again, it will be important to separate crack-initiation
and crack-propagation phases because of the special differences in response of
materials to these two phases of damage accumulation under multiaxial conditions.

8. Special treatment of wave shapes. Since the major frameworks developed in
this report are specially designed to treat complex variations of stress, strain,
strain rate, and temperature, special tests should be devised to test their capa-
bility of predicting the fatigue life under typical thermomechanical cycles
involving such variations. These are especially pertinent in advanced power-
generation applications.

9. Extension of the time-dependent fatigue data base. From the current design
point of view, emphasis should be given to materials other than type 304 stain-
less steeli [e.g., type 316 stainless steel (both annealed and cold.worked) at
temperatures ranging from 1000 to 1500°F]. Data are needed on parent and weld
material and on weldments. ’

10. . Extension of the data base to include tests on notched elements in order

to examine. material behavior under realistic structural conditions and to evalu-
ate vargjous procedures developed for analyzing structural components.
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