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ABSTRACT

M’e hiive used mechanical alloying (MA) to prepare fine-griiined powders of Al 25 iit.(’i X
(X = Ti, Zr, Hf) having the memstable cubic L12 structure. Hexane (C#14) is added m the
milling media to avoid the agglomeration of the aluminum powder. Carbon from tht
decomposition of the hexane incorportites into the powder to form a fine dispersion of
carbides. These carbides are bencficiiil because they limit grain growth during consolid;ltion
and add stlength to the alloy.

We have consolidated the mechanic:illy alloyed powders using conventional hot-pressing iind
non-conventional dyniimic pressing, We used hot pressing to consolidtite mechani~.:ill!
alloyed L12-A13Ti powder in the presence of excess of Al. The compact has the D()~~
structure. its room-temperature compressive strength is 1,2 GPti (exceeding [hii[ of CMIAll~~
by a fiictf;r of 10). At 400°C, the compressive strength decreases to 1 GPa, The ductiiit>,
which is negligible at room temperature, increases to 6?% at 40WC’, We used dyn~lnli:
pressing to consolidate L12-A15CuZr2 powder, Ile compiict, having the L12 structure, h:l~
fine guins (44 m) id a fine dispersion of ZrC precipitiitcs (? rim), its h~irdncss is in tht’
rilngc of 1030”kg mm-~, Current efforts are to investigilte Iernilry alloys based on fine-gr:iinc’d
tri:il~iminiciss which include ii ductile second ;>hiise,

1. INTRODLJCTION

In term of properties, ordered intermct:illics occupy iin intermcdiiitc position” hctucct~
solution.” anfl precipitiition- strengfhcncd metiil]ic iill~)yson the one extreme, and cer:]mi~.s [)tl
[he other, The most iittrilctivc proj~crty of t)rdercci intermctiillic compounds is their strcngtll,
W’hichis miiintilincd :it elevated tCm~K!riitUr C3. SofTIC Of these Cofll[N)Ulld5, CSIWCiiill~ 1})()>(’

h;i~ing the 1.,12striJcturc, show iin incrc:ising yield strength with increii~irl~ tcmlwr:ltil[~’,
other (jCsiriihlc ChiiriiCtCriStiCS of intcrmctilllics iirc low self-diffu~it)n rutcs ;Illt! hi~!) t’l;(~ti~
nl(di]li, Whl Ctl arc also nl;iintilill~’d iit hi~h !Ctll[)cril ttlrc’s. Ordered conlpount15 of II](*l(~ff])



- . . . . {/1 - LI~IISIIIOnmetal) can have very low densities. The low density combined with the
hi~h strength and modulus give rise to ve~ attractive specific properties (property dividcci bj
density). Ordered intermetallic compounds, however, are generaliy brittle for temperu~ur~’s
heimv a few hundred centigrade and this severeiy limits their use,

Most of the reseiirch on ordered intermetaliics is now directed at understanding the

iack of low-temperatllre ductility. This characteristic has been attributed to intrinsic factf)rs
SUC}las low crystal symmetry (e.g. alloys with tetragonal D022 and D023 structure), i(nj
clea~age strength, and extrinsic factors like grain boundary structure. c~gregaiion of impuriti~’>
LOgrtiin boundaries, and environmental factors affecting primariiy the grain boundaries [1].

In this paper we address trialuminides and related compounds, In equilibrium, nlf)s[
bina~ trialuminides have the tetragonai D023 or D022 structures, Fig. 1, which are ciowij
related to the cubic L12 structure, The DO-23 structure can be derived from the L12 h!
dis~l;{cing ever-y second (001) plane by a vector (}<~~~()),Similarly, the D022 structure cun tw
de~ived from the L12 by displacing every (001) plane by the same vector. Experience h;is
shou!n that the number of slip syst:ms that are activated in the DC)21 and D022 systen]~
before fracture occurs is less than five, the minimum number req’~ir&i by the von fvlisc>
cri~erion for compatibility in the plastic deformation of polycryst:, i.. [2,3]. Consequcnli!,
considerable effort is being made to develop pseudo-binary a]ioys which have the 112
s[ructure, under the assumption that enough equivalent slip systems would result in incre;iscli
duc(iiity. So far, the results of these studies have not been encouraging. The “crystal structure
control” approach has had some success, with a limited number of L12-structure internlct:llii~’~
sh{~~vingsome ductility, but many exhibiting almost no ductile behavior [4,S].

The lack of ductility in L12 mi.iteriais is attributed to the high anti-phase bounci;lr
(APE) energy on both (1 11) and (100) planes. For example, Fu [6] calculates APB e~crgic~
for A13SC,which is stable in the L12 structure, of 670 and 450 mJ m2 for the (1 11) tind ( ]()())
planes, respectively, Such high APB energies (approximately a ftictor of 3 higher than in
ductile Ni3Al) mean thut superdis]octitions havirtg Burgers vector b = <110> are orriy sii~:hti!
dissociated on either plane [7). llu~, during slip, the total superdis!ocation has to bc
nucleated essentially at the same time [6], a process that m;~y require a local ~trcss th;il
excrcds the clciivage stress, Recent theoretical calculations [8] indicate that the API? encrg~
in (metastubie) L12-A13Ti is due to ;i strong hybrid izatiort Ixtwecn Ti-d and Alp ort~i~;iis,
‘1’hisinteraction seems’to also determine the reltitivc stability of the phases in which Ai3\

tili(~ysform, For cxampic, ]Iong et al. [8] claim that A13Ti crystallizes in the 1>022 str~]rturc,.
ruthcr than in the 1.1? structure, because the D022 structure hus more ‘T’i-Alsccond”ne;lrcsf -
neighbor bonds than i.]~, From these thcoreticti] studies it follows that simple cf)nccpts s~l~t~
a$ atomic size and elcc:roncgativity arc not sufficient to giv~ even a quulittitivc picture of [IIcI
rcl:llivc phuse stahiiily of (Jrdcrcd intcrmctitllic c(~nlp(~lln~is;elcctr(~nic bordirlg and hou i( ii

i{ffC(’lt?(lhy alloying rn’lst bc c(}nsiderc(i in (.ict;lil.

The present work is uimcd at understanding the synthesis and ptopertics of bin;lr-y iit}~i

pseudo-bin;lry ;iil(~ysha.wd 011tllc”lormul:l A13X, where X is ;] tr;ir~sition metal. WC hii\LsIIStILi
.

‘llcch:lnicill iii;(~j’ing (!LIA), ti high -er)crgy baii miliillg Icchniquc, to prep; lrc iliio)” l)()\\Li(’f\

whi~’hw consoliddtc” by Cor]vcntioflill”(tl(jt pressing) and dynurnic tcchrliqu(~~. \fA h:i~ vilr ion\



au~’antages over conventional processing techniques such as arc casting. These include: (a)
mechanically alloyed powders have highly homogeneous compositions; (b) MA usually yields
metastable phases which enables us to measure the relative stabilities between phases; (c)
MA enables properties modification t-iythe introduction of a fine, homogeneous dispersions of
precipitates such as carbides; and (d) mechanically alloyed powders usually have extreme])
smtill grain size, with little or no solute segregation to grain boundaries or surfaces.
Reduction in grain size is another technique which may lead to increased ductility [9],

2. METHODS

The starting materials were commercial powders of at least 99,99% purity, with the
exception of the zirconium powder which was 99.9% pure, The MA was done in SPEX 8000
laboratory-size mills. We used vials and milling media made either of tungsten carbide or
burdened steel, When using a tungsten carbide vial, which cannot be effectively seiiled, tlw
milling was done inside a glove box (oxygen and water contenl less than 1 ppm), When using
steel vials, the milling was done in air, with the vial and lid sealed with an elastomer O-ring.
Hexane (C6H 14) was then used as a surfactant to prevent agglomeration of the aluminum
powder on the walls of the container and on the balls during MA. Following the milling, the
hexane was removed by evaporation in vacuum. The addition and removal of the hexime was
done in a well ventilated fume hood because of the toxicity of htxane vapors, Typically, for 20
h of MA between 0,05 and 0,15 g of hexane is retained in the 5 g powder charge. in previi)!)s
work [10], we determined that tl’e hexane decomposes into elementiil carbon and hydrogen
which go into solution, The hydrogen can be removed by annealing the pmvder in vacuum.
The carbon ccmbines with the trartsition metal forming carbides.

With MA there is always the danger th:it erosion of the container and/or b:~lls rn:ij
introduce impurities into the a]ioyed pt)wder. Using hexane as a surfac;ant, it is reltitiicl)
easy to clean the vial and biIIIs at the end of each milling process. The constancy of the v~cigh[
of the vial and balls after a large numhcr of milling opcrittion indictitcs that thi~

conti.imination, if present, is less thtin 0,01 wt%

We used two powder-cons(~lidj~tion” techniques. AI-12.5 iit,vc CU-25 at, ?l Zr poudcr
(henceforth denoted A1-12.5Cu-252.r) having the 1,12 structure was consolidiited by u d!n:lnli,
method. The powder was encapsulated into u stiiinlcss steel tube which was evticuutcd while
being heated. Upon reaching iI temperature ot’ 9(MW’ and ii prc:;surc below 10 mtorr, the
tube was pressed in a Riimpress while rr~uirrt~ining the vucuum, A137i pou’dc r uiis
consolidated by prtming at /KWt)Cin a graphite die, 7%c dic wus heated by eddy currc:l[~ ill
an arg(m atrnosphcre. LJpon rcuchillg the compaction tempcrilture of K3(F)C, the pressure u ;I\

increased to II+()() psi and maintained f{)r 15 mit; . The dic was then furnace c(~olcd. 11~’ft)r~’
Pr !~sing, the A]~’ri powder ~ils (jcg~ls~ctjin viIclJL]fl] tit 4000(’ ior ] h,

.

The structures of the powders and con~pucts were dctcrmincd b: x.ruy diffrautit)n ~l~ing
MIEKI radiation. The powdcr~ were tilw studied by difftgrcntiul sciinning cah)rimctry (I~S(’)
to tllCiiSUrC rt’i~ction t!nthillpic~ ilnd trtillsforlll:ltiorl” tt’lll~lcr[ltllr~’~, “J%esc tests were (it~rl~’ill
the h~ilting ralc of 20 K rein- 1, using iic(mtinuous flt)w of high-purity iirgonii[40tYrl]ir]- 1,



3. RESULTS

3.1 Evolution of the MA Process

Figure 2 shows the change in the lattice partimeter of aluminum as a function of hlA
time during the synthesis of L12-A13Zr. The figure includes data for steel milling mediu (50
hardened steel balls, 1/4” diameter) and tungsten carbide media (1 ball 7/16”diam.), with the
vials made of the same material as the balls. Hexane was added to the steel milling mediti.
For both milling media, the change in lattice parameter with MA shows two distinct regimes.
Initially, As/a increases with increasing MA time, reaching a saturation value of As/a = 1.2$;,
Notice that the same saturation value is obtained for MA with and without hexane. The
processing time at which As/a reaches saturation coincides with the first appearance of L] ~
super] iittice lines on the x-ray diffraction patterns, This time is indicated by the dashed lin(”
for the powders milled in steel media, For the powders milled with WC: media, the
super] a;lice reflections were absent at 20 h of MA but were cleariy visible at 68 h of NIA.
These observations suggest that the large lattice parameter increase is due to the dissolution
of zirconium in aluminum, Notice further that once the Al(Zr) solid solution starts ordering
into the 1-12 structure, the latllce dilation ceases although more Z.r is being incorporated intf,
the alloy.

To estimate the amount of zirconium that triggers the fcc + L12 transformtit)n w:
need to kmwv the partial gram-atomic volume of zirconium in aluminum, VZY, In the ~twencc
of this value (Zr has a very limited volubility in Al at room temperature), we followed thu
suggestion o~ Turnbull [1 1]; he notices that for Al-Fe and A1-Mn alloys, ~~ti is appro~inl:ittl~
the same in the solid solution as in the intermetiillic compounds richest in aluminum. lit
suggests that this result may also apply to other Al-transition rne(:!l alloys. Using dutiJ f(ir
A13Zr (the intermetallic richest in aluminum) we deduced U:r = 12.0 cd g-:!t-l, which i~

larger than UOAI = 10.0 cm3 g-at-l, but significantly smaller Onn UOzr = 14,1 cm3 g-;tt- J

With these values we deduce that the fcc + 1.,12 transforrnii;ion recurs when i.llumin:]ni

contains, on the average, approximately 16.5 at% Z,r in soliition, This value, howcve:, could
be off by as much iJsa factor of two because of the u?]ccrtainty in our estima[e of UZK,

32 Carbide Formution During MA with I{cxanc

As stated before, the MA of aluminum-rich alloys at room iemperaturc requires It:c
use of a surfactant, The high-energy attrition during MA ctiuses some of [he. sl)rf~icti~rltto
incorporate into the powder [ 10], It is iippiirent thtit this is no~ a purc]y mechiiriici.l! pro~.’cs~
(i.e., entrapment of hc~iine) but involves a :hemictil re;icth)n, Table 1 gives the amoulll t)!’
tl~~ilrlc retujnclj jn the powder dllring the synthesis of A137.r sttirtillg from Al + Z! at]d fr(~i~,
Al + Zr112, Thut the amount of hcxiinepick up is sig,nifjc;intly greater wl)cn using elcIIIv II!:Il
‘?.r Itlilrl when l]sing Zr}12 suggesting thilt Zr acts as H CiltillJ’St for (I)c cjec{)mpt)sition of IIlc
he,~::nc, a prftcess thiit must preccck its absorption into the A!lZr lattice. ‘I%L’hydr{~}:cn1A
rcrmwcd bj v;tcntum illlrlc’iiling in the tcmpcrut~rc rungr 30(1-45(1“(’ Th~- ci]rb(~tl col~ll)ir]~’s

wit)) lZJ [() form fil]r uarbidc’s, Whcr] st;lrting from nlix!ures of Al + Z.r powders, 7,r(’ for~i:’,



“Uiiljg Lllcm.mmgprocess, whereas when starting from N + zrH2\ the carbide forms during
the subsequent anneal.

The volume fraction of carbide has an influence on the thermal stability of [l~eL1~
phase. Figure 3 shows DSC Cuwes for A13Zr powder prepared from Al + ZrH2 (curve A)
and Al + Zr (cwwe B) powder mixtures. T’hecarbide content in these alloys is given in T~ble
1, We can see that the increase in carbide content raises the L12 + DO~ transformation
temperature by approximately 50 K We cannot ascertain if this temperature shift is an

inlrinsic effect of the carbides (e.g., carbides becoming obstacles to shear on (001) planes,
which is necessary for the transformation) or the effect of ihe shift in the overall alloy
composition caused by the removal of Zr ‘.vhichforms carbide.

Table 1. Amount of hexane ick up and weight percent carbon incorporated in the MA
!powders. ilnwkr charge of g.

Starling pcwdcr Hexane c Wtvo c Wt$?o Phases detected in
pick up calculated measured(~) as-milled powder

Al i U 0.21 g 3.39 2.51 A13Zr(L12) + ZrC

Al + Zrl-12 0.04 g 0.66 1.18 A13Zr(L12) + ZrH2
.—.. -. ——
(1) comhus~=hemica] analysis using a hco carbon/sulfur analyzer

3.3 Ile.rmal Stabilities of the Trialuminidcs,

in the ~s-rnechanically alloyed condition, A13X(X = Ti, Zr, Hf) have the (metastiddc)
L12 structure. During annealing, these alloys transform into more stable phas~.s. Figure 4
shows the transformation telnperatures of A13Xpowders prepared from mixtures of elemen[ill
powd:rs. We hii~e found [12] that before ‘A13Ti transforms to the stable D022 phase, i[
lri~llsf~)~msto a second rnetwtable D023 phase. The L12+ D023 transforma~ion
lcmp~rtitures increase in gning from Ti 10 Zr m Hf. We have no clear ex”plarmtionfor ~his
liend, I’he chtingcs in transformation temperature could reflect differences in the atomic
volumes of the t.ransi[ion elements since these should correlate with their chemical Uiffusivi[:;
in ~he alloy (13], Hc~wever,this model does not explain the data because Hf has a snmllcr
atomic volume thun Zr, We have also calculated the partia! moltir volumes of Ti, Zr, and 1II
in id~minum using the approximate method suggcsicd by Iurnbull [1l], We obtfiin H,4, 12.
iInd 10.Hcm~ g-at, respectively, again showing thiitIIf hasa smv’,iervolume thun Zr. A more
pl;]usil:.lcexplai~ation for the increase in thermal stabiiity of the L12-A13X phtisc in going
from X = ‘II 10 Zr to }{f can be given in lcrrns of Ihc tou.il energy d~fferencc, A 1:1(1. 1~ -

1)023), between [he 1.12and D02mlphuscs. The electronic structure calculations t}f(’tirlss(j[l
and Mcschtcr [ 14]i}rcdicI th;~tAI;(L.1~ - 11[127) decrcuscs in going frml l-i to z-r tOIlft ~~~Itl:lt
the drivink force for the trunsformiltion drtrc&s in thal order.



We have investigated ternary additions of various transition metals (Lj,Mg,Cr, Fe, Ni,

Cu) to mechanically alloyed AJ3X (X = Ti, Zr, Hf) as a means of increasing the stability of
the L12 structure [13,15]. The highest stability is obtained with copper; A1-12.5Cu-25Zr and
A.1-]2.5Cu-25Tiare stable in the L12 structure to at least 130WC.

3.4 Consolidation of Mechanically Alloyed A1-12.5Cu-25ZrPowder

Although the mechanically alloyed A1-12.5ti-25Zr and Al-12.5Cu-25Ti powders are
stable with respect to structural transformation to at least 130WC, they are metastable u’ith
respect to grain growth. Avoiding grain growth dwing consolidation suggests the use of non-
conventional powder sintering techniques such as dynamic compaction [16]. We used a
modified dynamic vacuum hot-forging technique (see section 2) to consolidate Al-12.5Cu-
25Zr powder [15,17]. This powder was prepared by mechanically alloying the proper amounls
of Al, Cu, and ZrH2 in the presence of hexane. From Table 1 we deduce that this powder had
about 1.2w-t%C. The compacts had the L12 structure and were fully dense. Indentation tesls
were performed with a Vickers diamond pyramidal hardness indenter using SOand 200 g
loads, The lack of material squeezed out at the edges of the indent, and the fine cracks seen
at some of the vertices of the indent suggest that the material has ve~ limi~eclductility. The
hardness deduced from the size of these indents (neglecting possible cracking) is 1033
kg mm-2. These values are about a factor of 3 higher than the hardness of 360 kg mm-~
measured by Virk and Varin [18] in induction-melted samples, This difference may be due to

the carbide dispersion in our alloys. The samples prepared by the dynamic hot forging
technique were too small for performing other mechanical tes~s.

Transmission electron microscopy (TEM) specimens were prepared by mechanical
polishing, followed by ion thinning [19], Figure 5 shows a bright field transmission TEM of
compacted Al-12.5Cu-25Zr, The L12 grains have a very uniform size distribution of
approximately 44 nm. A few large grains (several ~m in size) were sometimes detected
suggesting that the consolidation temperature of 90(PC may have been too high. In addition
to the L12 grains, the TEM micrograph shows a uniform distribution of small dots, Thrc)l@l
higher magnification TEM and selected area diffraction we identified these dots as cubic ZrC
precipitates, 7 nm in size [19], These small and stable prccipimtes are most likely beneficial
to the thermal sttibility and strength of the alloy, especially at high temperatures since they
help limit grain growth during the conso]idiition of the powders [20,21],

3,5 Consolidation of Mechunicalty Alloyed Al,lTi Powder

We consolidated AITTiusing convent ionul hot pressing [1,2], Puwdcr with the iivcriigc
composition AlROTi20°was prepared by mcchtinically alloying the proper amounts of Al and Ti
for 20 h in the presence of hexane. 0.11 g of hcxane was retained in the powder. Assuming
that till the carbon combined with Ti to form TiC, we estim:ite thiit the powder had tib[mt
1,8wt% C. This corresponds approximately 9 wtgi TiC in the fin:ll alloy, The compact, 3.2

“ d an estimated p(m~silyCMin diameter ml 0.6 cm in thickness, hiidiidensiiy of 3,25 g CIII - an
below 4%. The starting powder had excess Al, mos~of which was squeezed out of tlw dic
during consolido:ion. We dcterminc(,l thi\!l(M~tq (I2 VOI%)Al remained in the ctJmll:IcI



by measuring its heat of fusion in the calorimeter. Thus, the “A13Ti”compact is in reality a
three-phase alloy of A13Ti-11 M?%Al -9 WI%TiC.

Figure 6 is a SEM m.icrograph of an etched surface of the “A13Ti”compact. The
selective etching of Al reveals A13Ti regions separated by narrow channels of Al. The Alqll
regions are approximately 1 to 3 AIm in size. Figure 7 is a TEM micrograph of the “Al~Ti”
compact. Three adjacent grains, two of A13Ti and one of Al, have been brought into
diffraction condition by tilting the sam@e. The grains are approximately 0.5Mmin size. Cubic
TiC precipitates are superposed on :he A13Ti grains. A detailed analysis of various
micrographs shows that the TiC precipitates have plate morphology, approximately 30 nm in
diameter, and reside at the grain boundaries. No TiC precipitates are seen on the AI grains.
Because the A!-12.5Cu-25Zr and A13Tipowders had similar initial grain sizes, it is clear from
Figs. 5 and 7 that the longer time at high-temperature during conventional hot pressing
contributes significantly to grain growth in the aluminide. The TEM micrographs reveal that
the Al grains are connected to other Al grains, forming an extended network, as also
suggested by the SEM micrograph of Fig. 6. The A13Ti regions within the AI network are
made up of many grains.

Cylindrical samples, 0.5 cm diameter and 0,6 cm long, were cut from the compact by
spark machining. These samples were deformed in compression at a strain rate of 2x10-4s-1
at temperatures between 300 and 773 K [22], Figure 8 shows temperature depe ~dencesof lhe
yield stress (determined from the intersection of tangents drawn to the elastic and the initial
plastic portions of the stress-strain curves), and the plastic strain to fracture, SEhl
observation of fracture surfaces show that the “A13Ti”deformed at room temperamre fidiled
by a combination of intergranular and transgranular fracture. At the test temperature of
773 K the samples were highly ductile, enabling deformations of more than 80%. Also shown
in the figure are the compression test results of Yamaguchi et al. [2] for vacuum-induction
melted polycrystalline A13Ti having an average grain size of 1 mm. We obseme tha~ the
mechanically alloyed “A13Ti”has a compressive yield strength approximately an order of
magnitude higher than that of convtmtionally-prerared large-grain single-phme A13Ti, The
higher strength is most likely due to the TiC precipitates, The strain to fracture follows a
similar trend, being significantly higher for the MA samples. We attribute this difference to
the presence of Al (second phase) and to the finer grain size. Tle abmpt decrease in the
strength beyond 6S0 K is due to the presence of Al.

40 DISCUSSION

Synthesizing intermetallic alloys by MA has several advantages over conven[it~ll:ll
casting. Some of these are: (a) the possibility of synthesizing metastable phmes such as L12
structure A13Ti,A13Zr and A13Hf; (b) grain refinement to nanocrystalline levels (9 nm in as
mechanically alloyed A1-12.5Cu-25Zr [15]); and (c) the possibility of introducing u
homogeneous clispers’on of fine precipitates (7 nm in consolidated A1-12.5Cu-25Zr [19]). WC
have seen in thi~ work that the volume fraction of carbide precipitates can be contrtdlcd !Iy
Iniliing mixtures of A; + X, or Al + XH2 (X = Ti, Zr, Hf) and thut the temperature und time
of consolidnlion determine the final grain size of thl: compticw.



Comparison of the strength and dllctility of the “A13Ti” alloy prepared by MA and the
A13Ti alloy prepared by conventional casting [2] (Fig. 8) clearly demonstrates the salutut-y
effects of the fine grain and carbide precipitates in the folmer. The carbide precipitates may
also contribute to the increased high-temperature strength in the “AITil” compact (400 hlPti
versus 105 MPa at 800K), in spite of the presence of low-melting aluminum in the “A17TI”
sample. The compositional homogeneity of the MA processed material may also be a fidctor

.

contributing to the improvement in properties.

Although the present improvement in strength is encouraging, the room temperature
ductility is clearly insufficient. Factors such as reduced grain size, a more symmetric structure
(L12 in A1-12.SCu-25Zr), and ductile second phase (Al in “A13Ti”) do not seem to improve the
room temperature ductility. As a whole, except for Ni@, recent research in intermetallics
(NiAl [23], and TiAl [24]) has led to only moderat~ improvements in low-temperature
ductility. Studies of the electronic structure of intermetallics have been enlightening in terms
of identifying the factors responsible for low-temperature brittle behavior [6,8,14,25,26] b t a
solution to the problem appears distant. Most intermetallics are intrinsically brittle, a
consequence of their ordered structure. Ironically, the ordering is also responsible for the
high-temperature strength and stiffness of these alloys. Theoretical considerations suggest
ductility in intermetallics could be enhanced by ternary additions which would (a) decrease
the twin energy [23] and (b) decrease the ordering and thus the APB energies [6]. Most likely,
achieving these goals would result in a lower strength. Another possibili~ which should be
explored is partially ordered intermetallics. Stoloff and Davies [7] have shown th~t
disordering the lattices of CU3AU and Ni3Mn, and other intermetallics, facilitates the
generation and glide of unit dislocations, rather than superdislocations. This results in an
increased ductility and, surprisingly, in an increase in strength because of work hardening.
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FIGURE CAPTlONS

FIG. 1 Schematic of ordered crystal structures for A3B - type alloys.

FIG. 2 Change in the lattice parameter of aluminum in mechanically alloyed Al$Zr
as a function of mechanical alloying time.

FIG. 3 Differential scanning calorimet~ plots for A13Zr prepared (A) from
AI + ZrH2 and (B) from Al + Zr. The second peak, with onset at 660°C, is from
Al melting in the reference cup of the calorimeter. This peak is used for calibration.

FIG 4. I’hermal stabilities of mechanically alloyed A13X (X = Ti, Zr, Hf), The
melting temperatures of the compounds are shown at the right of the figure.

FIG 5 Transmission electron micrograph of consolidated A15CuZr2. The label on
the micrograph is310 nm long.

FIG. 6 SEM micrograph of consolidated “A13Ti”,etched to reveal Al inclusions.

FIG. 7 Transmission electron rnicrograph of consolidated “A13Ti”. The label on
the micrograph is 310 nm long,

FIG, 8 Compressive yield stress (open circles) and strain to failure (open triangles)
of “A13Ti”as a function of temperature. The closed symbols are corresponding dfi(a
for large-grain single-phase A13Ti from ref. 2.
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