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Improving Fatigue Life in Near-Eutectic Sn-Pb Solders

by

Tammy Suzanne Edgecumbe Summers 

Abstract

Due to technical advances in packaging technology, solder joint thermal shear 

fatigue failures pose reliability concerns and limit current packaging designs in the 

electronics industry. Past work has shown that thermal fatigue failures, as well as 

isothermal fatigue and creep failures, in the commonly used near-eutectic Sn-Pb solders are 

preceded by the formation of a band of coarsened material. Examination of crept and 

fatigued eutectic solder joints shows that shear deformation concentrates along relatively 

soft heterogeneities, the eutectic grain and colony boundaries, in the as-cast microstructure 

which happen to line up into long straight bands parallel to the applied shear strain. 

Improvement of the fatigue properties requires an elimination or, at least, a reduction in the 

length of these long straight boundaries. Several methods of doing that are proposed. 

These methods basically fall into two groups: one involving homogenization of the as-cast 

microstructure aimed at eliminating these heterogeneities and the other involved with 

breaking up the as-cast microstructure in such a way that long straight boundaries do not 

form parallel to the direction of shear.

To study the effect of homogenization of the microstructure, room temperature 

aging of solder joints was studied. Softening was found to occur over a period of about 

40-50 weeks levelling off at about 70-75% of the initial strength (31 MPa). Microstructural 

changes noticeable after about 40 weeks increase the elongation to failure during shear 

testing and improve resistance to fatigue.

The effect of breaking up the as-cast microstructure was studied by comparing 

various off-eutectic alloys. The alloys studied consisted of Pb with 40 and 50 wt.% Sn in 

addition to the near-eutectic 63Sn-37Pb alloy. The proeutectic particles in these off-eutectic 

alloys were shown to spread out the deformation sufficiently to prevent the formation of



long straight shear bands. As expected, the fatigue life of these off-eutectic alloys was 

significantly greater than the eutectic even though all three failed by formation of a 

coarsened band when tested at 75°C with strain ranges between about 5 and 10%.

The 40Sn-60Pb alloy, which is further off eutectic and therefore has more of the 

beneficial proeutectic particles than the 50Sn-50Pb alloy, was less resistant to fatigue 

failure. It was concluded that the interdendritic, eutectic regions in the 40Sn-60Pb alloy 

had a structure, for reasons which are proposed, promoting heterogeneous deformation 

than those in the 50Sn-50Pb alloy.

In addition, the Pb-rich 20Sn-80Pb and 5Sn-95Pb alloys were studied in fatigue at 

75°C. Both alloys showed evidence of locallized recrystallization ahead of the fatigue 

crack and failed intergranularly at all strain ranges tested between about 5 and 10%.
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1. INTRODUCTION

1.1. Background

Interest in tin(Sn) - lead(Pb) solder fatigue has come mainly from the electronics 

industry where current trends place increasing demands on solder joints. In the past, the 

plated-through-hole (PTH) technology, where leaded components are soldered through 

holes in the printed wiring board (PWB), was almost exclusively used. In PTH-soldered 

joints, compliant leads absorb any strains present so that the solder is mainly required for 

electrical contact rather than for mechanical support. Also, with PTH components, the lead 

size and spacing is determined by how small and how closely spaced the holes in the PWB 

can be made while still allowing insertion of the component leads without damaging them. 

As a result, PTH solder joints tend to be rather large and mechanical failure of them is 

relatively rare. Fatigue failures have been seen, however, in plated-through-hole joints 

due to, for example, thermal expansion mismatches through the thickness of the PWB 

[1,2] and from a stiff encapsulating material pushing the lead through the PWB hole with 

thermal cycling [3,4].

Although introduced in the 1960's, surface mount technology (SMT), where 

components with or without external leads are mounted to the surface of the PWB, has 

become widely used only within the past 10-15 years. With surface mounted components, 

the leads, when present, are not subject to the same restrictions as PTH components and, 

therefore, can be made much smaller. As a result, the advantages of SMT include: greater 

input/output density due to smaller components and smaller solder joint sizes, cheaper and 

easier manufacture of PWBs without plated through holes, greater suitability for automated 

processes and better electrical properties. The main disadvantage of SMT, then, is that 

smaller solder joint sizes and more severe loading geometries require that solder joints 

provide mechanical support as well as electrical continuity.

1
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Strains in the solder joint come from many sources. For example, temperature 

gradients present when chips are powered on can cause a variety of tensile and/or shear 

strains in nearby joints [5]. Distortion of components and PWBs due to in-plane thermal 

gradients can cause tensile strains in the solder joints, while through-thickness temperature 

gradients and the presence of materials with differing thermal expansion coefficients across 

the solder contacts can cause shearing of the solder joint. Failures, although aggravated by 

the presence of tensile stresses [6-8], are generally observed to initiate in regions where the 

shear strains are highest in the joint [7-11]. Power cycling and cyclic temperature changes 

cause cyclic straining so that the limiting problem with current solders is their lack of 

adequate resistance to thermal fatigue in shear. Thermal shear straining due to thermal 

expansion coefficient mismatches across a surface-mounted solder joint is schematically 

illustrated in Figure 1.1.

Thermal fatigue of solder alloys is one of the most complicated subjects to study. By 

definition, soldering occurs below about 400°C, but alloys with much lower melting points 

are generally used. Room temperature, then, is greater than half the melting point of most 

solder alloys. Because of high service homologous temperatures, recovery and creep 

mechanisms almost certainly operate during fatigue. As a result, microstructural changes 

such as coarsening and recrystallization can be expected to occur in some cases with 

thermal cycling. These changes in addition to the imposed cyclic temperature changes 

cause the mechanical properties of the solder to change with cycling as well as during any 

given cycle. For these reasons, all aspects of solder fatigue are not likely to be well 

understood any time soon. In the meantime, the electronics industry must design around 

the problem of solder fatigue.

Quite often the thermal expansion coefficients of the PWBs are tailored to match that of 

the chip carrier [12-14]. This approach, however, only works if all the components on the 

board are made of the same material. And even if they are, temperature gradients between 

hot components and the cool boards can cause relative displacements across the solder
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joint. Also, some designers resist changing the material their boards are made of because 

of fears that the electrical properties of the assembly will be adversely affected [15]. In 

some cases, tailoring the in-plane expansion of polymer boards increases the thermal 

expansion coefficient in the through thickness direction to a great enough extent that the 

performance of plated-through-hole joints on the board is adversely affected [16,17]. In 

any case, it has been shown [18] that matching the thermal expansion coefficients of the 

bounding materials only postpones failure due to the mismatch between the solder and the 

substrates.

In Figure 1.2, a schematic illustration of a leadless surface-mounted solder joint is 

shown. Cracking usually starts at the comer of these components initially propagating 

under the component where the shear strain is greatest and finally propagating through the 

fillet region [7-11]. Some solutions to the problem of thermal fatigue of these components 

have involved increasing the fillet size of the joint [7,10] in order to increase the crack 

propagation path length. Chilton et al. [8], on the other hand, suggest that removal of the 

fillet region improves fatigue properties by eliminating the stress concentration at the comer 

of the device thus postponing crack initiation in addition to decreasing tensile stresses in the 

joint. Others attempt to decrease the solder joint shear strain by increasing the solder joint 

thickness [19,20]. In any case, chip carriers are usually kept relatively small so that strains 

in the outermost joints do not reach high levels, and in extreme cases, compliant leads 

which take up any strains present are added [15,21]. Thus, only relatively small strains are 

present in the solder joints. Solder joint reliability in these cases requires the ability to 

predict life at small strain amplitudes. As will be discussed in a subsequent section, 

published data are somewhat biased toward solving this aspect of the reliability issue.

In minimizing device sizes, designers attempt to maximize the functions performed per 

unit area of printed circuit board or function density. This density can be increased by 

increasing the chip size or at least the number of input/output contacts within a single 

package. If the chip size or function density increases, however, then the surrounding
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package (or chip carrier) must also increase resulting in larger strains on the outer solder 

joints connecting the chip carrier to the printed circuit board. To optimize the advantages of 

SMT, then, leadless chip carriers of rather large size would be used. Assuming the solder 

is completely compliant, an assumption which generally results in an overestimate of the 

strain, and assuming linear thermal expansion, the strain in a solder joint at the comer of a 

leadless chip carrier is given by:

(AoAT)L
Ay = —-------- (1.1)

(V2h)

where Acc is the difference in thermal expansion coefficient of the materials across the joint, 

AT is the temperature cycle seen at the joint, L is the length of a side of the chip carrier and 

h is the solder joint height. The dimensions in the above equation are illustrated 

schematically in Figure 1.3. For a ceramic chip carrier typically made of AI2O3, the 

thermal expansion coefficient is 6 ppm/°C, and for a typical polyimide/glass board, it is 15 

ppm/°C. Neglecting temperature gradients due to power cycling, joule heating during a 

power on/off cycle is about 50-75°C. For a 3-cm square chip carrier and .2-mm thick 

solder joints under the above conditions, the strain range in the comer joints is about 10%. 

Current solder alloys do not have sufficient fatigue resistance at these strain levels, and it 

has been suggested [7,22] that only minor, if any, improvements can be made by 

substituting other low-melting solders. Another aspect of solder joint reliability, then, is 

the need to improve the fatigue properties of existing solders at relatively high strains so 

that more aggressive SMT designs can be used. It is this approach that is emphasized in

this work.
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1.2. Solder Fatigue Data

The review here is by no means complete and is only meant as a summary to illustrate a 

few points which are relevant to this work. For more extensive reviews see Lau and Rice 

[23] and Fine and Jeannotte [24].

1.2.1. Fatigue Life Prediction

As stated above, most surface mount components used today are leaded. Because the 

leads are very compliant, the solder joints see relatively small strains. Consequently, 

published data have focused more on fatigue life prediction at low strain levels than on 

improving fatigue life at the higher strain levels that would be seen by leadless components. 

Many of these studies have involved thermal cycling [25-30], but most involve isothermal 

fatigue [10,13,14,31-44]. At present, no prediction method has been universally accepted 

[45,46] although many have been proposed [10,12-14,25-44]. It is likely that more 

attention will have to be focused on the initial solder microstructures seen in various 

soldering procedures and on the microstructural changes occurring as a result of 

deformation under various loading conditions before any universal prediction technique can 

be developed.

1.2.2. Near-Eutectic Sn-Pb Solder Fatigue Data

As shown in Figure 1.4, Sn and Pb make up a simple eutectic system. The most 

commonly used solders in the electronics industry are the 60 and 63 wt.% Sn-Pb alloys 

which are near the 61.9 wt.% Sn eutectic composition. The 63Sn-37Pb alloy is commonly 

called the eutectic composition even though, in bulk at least, it is not. After using it to form 

a joint on say copper, however, intermetallic formation at the interface depletes enough of 

the Sn that the remaining joint composition is at least very close to the 61.9Sn eutectic 

composition. This would explain the absence of the primary Sn-rich phase in 63Sn-37Pb 

joints. In this study, no distinction is made between the 63Sn-37Pb and the eutectic alloy
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since most microstructural analyses and all the data taken for the 63Sn-37Pb alloy are done 

for solder joints on copper rather than in bulk. Much data has been published for these two 

alloys both in bulk and as joints.

Because the strength of solder is low and the plastic strains are high, solder fatigue data 

are generally represented by the Coffin-Manson [47-50] low-cycle fatigue relation:

AepNfz = M (1.2)

where Aep is the plastic strain range, Nf is the number cycles to failure, M is a constant 

related to the ductility of the material and z is a constant approximately equal to .5 for many 

materials. When testing in shear, as is typical for solder joints, Ay is simply substituted for 

Ae in equation (1.2). Of course, a different value for the constant M is expected when 

testing in shear.

1.2.2.1. Coffin-Manson Data

Values for the Coffin-Manson constants vary depending on the condition of the solder 

tested as well as on the actual testing procedure. In general, when testing solder joints in 

shear under total strain or stroke control at a constant temperature, the Coffin-Manson 

exponent is approximately .35 [2,51,52], but values as low as .18 [53-55] and as high .85 

[32] have been reported. Solomon [37,56] showed that testing under plastic strain control 

results in an exponent near .5 at least at lower temperatures. At a testing temperature of 

150°C, he reported a value of .37. Taylor and Peddar [57] fit thermal cycling lifetime data 

to a modified Coffin-Manson equation and obtained an exponent of .6. In bulk isothermal 

tension-tension fatigue tests, Cutiongco et al. [58] determined z to be approximately .75.

There is considerably more scatter in the values reported for the Coffin-Manson 

coefficient, M. Since M is related to the ductility of the material tested (a fact easily verified 

by setting Nf in equation (1.2) equal to 1/4 [47-50]) and since ductility is a strong function
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of the microstructure, this scatter may be an indication that the microstructures of the 

solders tested by different investigators varies considerably. Of course, these values also 

depend on the testing conditions such as temperature and strain rate used. Reported solder 

joint values vary from about .14 to 2.4 [2,32,37,51,56].

1.2.2.2. Effect of Testing Parameters

When attempting to design an accelerated fatigue test, the effect of various testing 

parameters such as strain rate, strain amplitude, temperature and temperature cycles, hold 

time intervals, and cycle shape must be known. Many investigators have looked into these 

effects [2,7,33,36,38,58-64]. In general, it is found that decreasing the frequency (i.e. 

strain rate) below a certain value decreases the fatigue life when testing under isothermal 

conditions whether testing bulk solder in tension [58] or solder joints in shear [2,36,60]. 

The same trend is seen with increasing hold time [38,58-60,62]. The effect of strain rate, 

hold time and other testing parameters on the thermal fatigue life of near-eutectic solder 

joints is less well understood. The data of Shine, Fox and Sofia [33,60] suggest that the 

overall life behavior as a function of frequency in thermal fatigue is the same, but the effect 

may be stronger than in isothermal fatigue. The work of Wild [7] and Frear and Jones 

[63,64] suggest that an opposite trend may be seen for thermal fatigue (i.e. an increasing 

life with decreasing testing strain rate). Although these results are preliminary, they are not 

unreasonable at least for the case of rather severe temperature extremes. As will be 

discussed later, shear fatigue failures of near-eutectic solder joints involve recrystallization 

at least under certain loading conditions. When a specimen is cycled between very low and 

very high temperatures (eg., the military specification of -55 to 125°C), part of the time 

spent during cycling occurs below the recrystallization temperature. Therefore, a slower 

strain rate allows more recovery to take place during deformation below the recrystallization 

temperature. This recovery may reasonably be expected to decrease the driving force for 

recrystallization and thus increase the recrystallization temperature so that damage
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accumulated during one cycle is decreased. During isothermal fatigue at temperatures 

above about room temperature, however, deformation occurs above the recrystallization 

temperature throughout any given cycle and a slower strain rate would be expected to 

produce greater damage per cycle. The quantitative as well as mechanistic aspects of these 

differences must be worked out before accelerated tests designed to predict fatigue life can 

be produced.

1.2.3. Fatigue Data for the Pb-Rich Sn-Pb Alloys

In addition to the near-eutectic alloys discussed above, the 5Sn-95Pb and other Pb-rich 

alloys are also used, for example, when a higher melting temperature is needed. A higher 

melting point may be necessary in relatively high-temperature applications such as in 

automobile engines or when a hierarchy of melting points is needed for multistep soldering 

processes.

1.2.3.1. Coffin-Manson Data

There are less high-lead solder joint fatigue data published than exist for the near­

eutectic Sn-Pb alloys. Solomon [65,66] measured Coffin-Manson type fatigue data for Pb- 

rich solder joints containing 2.5 wt.% silver (Ag) as well as 5 wt.% Sn and found that the 

Coffin-Manson exponent was higher than it had been for the 60Sn-40Pb alloy. This result 

suggests that the Pb-rich solders have better fatigue properties than the near-eutectic Sn-Pb 

solders at high strains, but that the reverse is true at low strains. The effect of the Ag 

intermetallics present in this solder is unknown, however, the same trend was seen in bulk 

5Sn-95Pb and 60Sn-40Pb samples tested in torsion fatigue by Kitano et al. [67]. At higher 

strains (20 to 35%) and a lower frequency than that used by Solomon [65,66], McCormack 

et al. [53-55] could not fit their data to an equation of the form of equation 1.2.

In testing bulk 5Sn-95Pb at temperatures between 25 and 80°C, Rathore et al. [68] 

found that the Coffin-Manson exponent, z, was approximately 0.5. Between 5 and 100°C,
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Vaynman et al. [69-73] found a break in the slope of the Coffin-Manson curve. While z 

varied from 0.45 to 0.62 depending on temperature at low strain amplitudes (< ~0.3%), it 

was lower (0.25 to 0.45) at higher strains. They attributed this shift in value to a change in 

the fracture mode from purely intergranular at low strains to mixed intergranular- 

transgranular at higher strains.

A break in the Coffin-Manson curve is not entirely unexpected. Using a simple 

argument first proposed by Shine et al. [33-35], when anelastic deformation during fatigue 

is pure creep, the number of cycles to failure can be approximated by

Nf = Ef/AEp (1.3)

where Efis the creep rupture strain and Aep is the applied plastic strain amplitude. 

Comparison of equations (1.3) and (1.2) shows that the Coffin-Manson exponent in this 

simple case is 1 rather than 0.5 which is seen for fatigue by conventional dislocation glide 

mechanisms.

Stone [74] also proposed a mechanism by which there would be a shift in the strain-life 

behavior. At higher strain amplitudes, deformation occurs by slip resulting in typical 

Coffin-Manson behavior and an exponent, z, of about 0.5. At lower strain amplitudes or 

strain rates, grain boundary sliding increases the amount of creep deformation resulting in a 

value of z closer to 1. His model involves nucleation of cracks at the specimen surface due 

to grain boundary sliding and oxidation of the newly exposed grain boundaries. Once 

oxidized, these boundaries cannot reweld upon reverse straining and eventually cracking 

occurs.

Both of the above arguments are consistent with the observed effects of environment 

on fatigue life [75-78]. In the case of the model of Stone [74], oxidation of the boundaries 

in air would be greater than it would be in vacuum so that the fatigue life, as is observed
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[75-78], decreases. The model of Shine et al. [33-35] differs only in that the amount of 

strain and not the fraction of creep is assumed to change with frequency and hold time.

As can be seen in the phase diagram of Figure 1.4, the tin precipitates present at room 

temperature in a 5Sn-95Pb alloy dissolve at about 100°C. This fact presents an added 

complication when comparing fatigue data. Stone and Raman [79] found that grain 

boundary migration decreased in the presence of cellular Sn precipitates so that the different 

values of z reported may be due to the presence or absence of these precipitates as well. In 

fact, Rathore et al. [68] found that z approached 1 at strains greater than 1% for 

temperatures greater than 120°C and attributed this shift to the dissolution of Sn 

precipitates. Kitano et al. [67] found that the effect of temperature on the fatigue life of 

5Sn-95Pb solder was stronger than it was for 60Sn-40Pb and suggested that the difference 

was due to dissolution of Sn precipitates at the higher temperatures.

1.2.3.2. Effect of Testing Parameters

The effect of frequency on fatigue life appears to be the same as for the near-eutectic 

alloys (i.e. life decreasing with frequency below a certain value of the frequency). This 

conclusion is drawn mostly from bulk data [31,67-73,80] but also from the torsion fatigue 

of solder joints [60].

Applying a hold time [69-73] as well as increasing the testing temperature [65- 

67,70,73] has been found to decrease the fatigue life. At relatively large strains, however, 

temperature seems to have relatively little effect [54,55,67,68] and at higher temperatures, 

the fatigue life becomes relatively insensitive to temperature [68-73]. Rathore et al. [68] 

suggested that at high temperatures, the effect of temperature decreases because the Sn 

precipitates are completely dissolved. Vaynman et al. [69-73] later drew the same 

conclusion from their data. At lower temperatures, life, then, probably decreases as 

temperature increases due to the decreasing volume fraction of the beneficial Sn precipitates 

present.
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The presence of Sn precipitates in Pb-rich solder adds a complication to thermal fatigue 

where the specimen is often cycled between two temperatures one of which is above 100°C 

and the other below. Under these conditions, it is quite possible that Sn precipitates may 

repeatedly dissolve and reprecipitate during thermal cycling. When tested in thermal 

fatigue, 5Sn-95Pb solder joints yield Coffin-Manson exponents from 0.3 [81] to 0.5 [82] 

when fit to modified Coffin-Manson equations. Water-cooled joints were reported [81] to 

have shoner thermal fatigue lives than the normally air-cooled joints and an exponent of 

0.19. Other thermal fatigue studies of 5Sn-95Pb solder joints include those of Levine and 

Ordonez [83], D. Frear et al. [18,84], Goldman et al. [85], and Kang et al. [86].

1.2.3.3. Failure Mechanism

As stated above, loading conditions which tend to shift creep processes from bulk to 

grain boundary mechanisms also appear to shift fatigue failures in the Pb-rich alloys from 

within the grains to the grain boundaries. This change in mechanism resulted in a switch 

from mixed mode intergranular/transgranular fracture to purely intergranular fracture as the 

applied strain amplitude and frequency were decreased or the tensile hold time was 

increased [69-73] and also as the temperature was increased [67,68]. Grain boundary 

cavitation and migration failures have also been reported [75,87-92], but these observations 

were made on specimens fatigued in tension. The deformation behavior in shear may 

actually be different. In some cases, grain boundary migration was reported to lead to the 

formation of a diamond configuration or a mosaic cracking pattern [87,88,93]. This 

mosaic pattern was later observed after thermal fatigue by Frear et al. [18,84] and after 

isothermal fatigue in shear by McCormack et al. [53-55]. One study [90] reported 

recrystallization of a high-Pb alloy during fatigue.
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1.3. Emphasis for this Study

Reliability, especially in more aggressive leadless SMT designs, will require an 

improvement of the solder fatigue properties. Alloy development, in turn, requires an 

understanding of microstructural changes and failure mechanisms occurring during service. 

Even for fatigue life prediction, an understanding of the failure mechanism is necessary to 

insure that the accelerated testing procedures employed reproduce the failure mechanism 

seen in service.

Failure in actual joints made of the near-eutectic alloys by thermal cycling are generally 

observed to be accompanied by the formation of a band of coarsened material along the 

directions of shear straining [11,26,94-96]. Heterogeneous coarsening has also been seen 

in fatigue of experimental solder joints [2,9,61]. Once this coarsened band forms, further 

deformation presumably concentrates within it, and failure ultimately occurs there. It is 

upon this failure mechanism as well as methods of fatigue life improvement inferred from it 

that this study is focused.

2. FATIGUE FAILURE MECHANISM

Before presenting the fatigue failure mechanism, it is first necessary to discuss the 

specimens used for testing under thermal fatigue and other conditions and how they are 

made. Then, because fatigue failure involves microstructure-induced heterogeneous 

deformation and microstructural changes, the eutectic microstructure must be examined. 

First a review of general eutectic microstructures will be given. Then an examination of the 

microstructures seen in our cast joints will be made.
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2.1 Experimental Specimens

2.1.1. Thermal Fatigue Specimen

The specimen used and developed here at LBL [18,53] to reproduce thermal fatigue 

conditions is shown schematically in Figure 2.1. Because aluminum (Al) and Copper (Cu) 

have greatly differing thermal expansion coefficients, as shown, the two solder joints are 

fatigued in shear when the specimen is cycled between two temperature baths. In the past, 

these specimens were made under an argon (Ar) atmosphere. As described elsewhere 

[18,97], two 3.2-mm (1/8-inch) Cu plates and one 6.4-mm (1/4-inch) Al plate were 

polished down to 6pm using standard metallographic procedures. The Al plate was then 

electroplated with a Ni diffusion barrier and Cu so that the interfaces exposed to the solder 

had the same composition on both sides of the joint. The plates were then etched in diluted 

nitric acid, coated with flux, and assembled with wire spacers of appropriate diameter. The 

assembled block was heated in the upper portion of an Ar-filled two-stage furnace while the 

solder, which was contained within a graphite crucible which in turn was held within a 

quartz crucible used to seal the vacuum chamber, was simultaneously melted in the lower 

half. When both reached a temperature of about 50°C above the melting point of the solder 

used, the Cu-Al block was lowered into the molten solder. The entire Cu-Al 

block/solder/graphite crucible/quartz crucible assembly was then quenched in ice water 

while the furnace was still filled with Ar. Because the semi-evacuated space between the 

graphite and quartz crucibles is relatively insulating, the cooling rate seen by these 

specimens was relatively slow. Once cool, the block was removed from the furnace, the 

excess solder was removed by machining, and the block was sliced. Typical solder joint 

microstructures will be discussed in a subsequent section.

The strain in this specimen is zero at the center and increases in moving toward the 

edges. To calculate the strain, an equation similar to equation 1.1 is used:
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where, here, L is the specimen length. For a 100-mm specimen, the strain range at the 

edge of a .5-mm joint for a temperature excursion from -55 to 125°C, which is the military 

specification, is about 16%. Equation 2.1, of course, assumes that no stress builds up in 

the solder and that there is no constraint on the expansion of the Cu and Al. It is therefore 

an overestimate of the strain. Because the stress in the solder and therefore the constraint 

on the expansion of the Cu and Al is nonlinear along the length of the specimen, the strain 

in the solder does not increase linearly from the center of the specimen to the outside. It 

does, however, increase monotonically. Isolated solder joints at varying amounts of strain 

can thus be made by drilling holes along the specimen as shown.

2.1.2. Double Shear Specimen

For testing under conditions which require mechanical application of the shear strain, 

the double shear specimen, which was also designed at LBL [18,97], is used. This 

specimen, which is drawn in Figure 2.2, has a unique design which minimizes the amount 

of tensile strains due to bending seen, for example, in the more common lap joint. The 

method by which the double shear specimen is made produces relatively defect-free solder 

joints. These specimens were made in a manner similar to that discussed above for the 

thermal fatigue specimens. Instead of Cu-plated Al, however, a 6.4-mm (1/4-inch) Cu 

plate was used, and as described elsewhere [97], there were more machining steps 

following quenching of the block. After removing the excess solder from the Cu block, a 

3.2-mm (1/8-inch) hole was drilled through the center of the center 6.4-mm (1/4-inch) Cu 

plate. Notches were also machined using a ball-nosed end mill across the outer Cu plates. 

This hole and these notches were separated by 9.5mm (.375 inch) from center to center, 

and the two were centered along the length of the specimen. After slicing the block to
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produce specimens of about 1.5 to 1.7mm thickness, the holes in the center Cu plate were 

expanded to produce the slot shown in Figure 2.2.

For this work, some modifications to the casting procedure were made. First, since the 

intermetallic layer had been determined to have no effect on the shear properties of solder 

[18], it was decided that a mechanical polish down to 6pm diamond paste was 

unnecessary. Instead, the Cu plates were polished only to 600 grit SiC paper. No trace of 

these scratches was found after etching. It was also found that heating the assembled Cu 

block to remove the flux led to irreproducible results and wetting problems. It is possible 

that degradation of the furnace after several years of use allowed oxygen to leak into the 

chamber causing oxidation of the Cu while both the block and solder were heating. Rather 

than rebuild the vacuum furnace, it was decided that since solder joints in industry are made 

in air with success, that casting in air would be an easier solution. Following etching, the 

Cu blocks were dipped in Johnsons Stainless Flux and then in solder of the desired 

composition prior to assembly. It was found that this "pretinning layer" could be made 

very cleanly by scraping the oxide layer off of the top of the molten solder prior to dipping 

and then removing the Cu plate quickly to prevent any oxide present from depositing on the 

surface of the pretin layer. These pretinned plates were then assembled in the usual way, 

but were dipped in molten solder in air without heating the block prior to insertion. To 

prevent the solder from freezing when the cool Cu block was inserted, a casting 

temperature of 100°C rather 50°C above the melting point of the alloy was used. Final 

machining of the resultant block was performed in the usual way discussed above. This 

modified procedure is illustrated in Figure 2.3.

The shear stress on the two isolated central solder joints when the double shear 

specimen is loaded uniaxially in tension to load P is given by:

1 = P/lt (2.2)
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where 1 is the joint length and t is the specimen thickness. The shear strain is given by:

Y = Al/h (2.3)

where Al is the shear displacement of the joint and h is the joint thickness.

The double shear specimen is used whenever a shear strain is mechanically applied to 

the solder joint. Examples include creep, isothermal fatigue and shear strain to failure 

experiments. All of these methods were used in this study. Isothermal fatigue is used 

rather than thermal fatigue for the following reasons. First, isothermal fatigue tests are 

easier and more quantitative. As discussed above, the actual strain on the thermal fatigue 

solder joint is unknown. Also, the temperature and strain rate and therefore the mechanical 

properties of the solder are continuously changing during a thermal fatigue cycle. 

Additionally, the strain, strain rate and temperature are, to some extent, mutually 

dependent. The stresses on the joint of a thermal fatigue specimen discussed above cannot 

be determined. All of these factors combine to make analysis of thermal fatigue results 

difficult. Second, as will be discussed below, the failure mechanisms seen in thermal and 

isothermal fatigue specimens are at least similar. This similarity is expected especially for 

thermal fatigue cycling between two high homologous temperatures which is a more 

realistic thermal cycle for many electronics industry applications than the rather severe 

military specification of -55 to 125°C. Third, isothermal fatigue testing is often used to 

predict the life of solder joints used under thermal fatigue conditions. An isothermal fatigue 

failure mechanism is therefore in and of itself important. If there are differences from the 

thermal fatigue failure mechanism, it will be important to know what those differences are 

and under what conditions they occur before accurate predictive models can be developed. 

Finally, the goal of this work is to determine methods by which improvements in the 

fatigue properties of near-eutectic solders can be made. As already mentioned, the failure 

mechanisms seen in isothermal fatigue are at least similar to those seen in thermal fatigue.



17

Therefore, any method developed to improve the isothermal fatigue properties of solder are 

also likely to improve the thermal fatigue properties at least under some service conditions.

2.2. Near-Eutectic Microstructures

Before a failure mechanism can be identified, the microstructure must be discussed. 

Because the eutectic or near-eutectic microstructure consists of two phases which arrange 

themselves in many different ways especially under normal casting conditions, it is 

somewhat complex. Most theoretical and microstructural studies of eutectic alloys have 

involved unidirectional solidification under very controlled conditions. Initially, this work 

will be reviewed. Then it will be extended to the more complicated case seen in our cast 

solder joints.

2.2.1. Eutectic Microstructures--General

Eutectic solidification is reviewed extensively elsewhere [98-100]. The resulting 

microstructures range from the normal lamellar microstructure to the irregular, acicular 

microstructure. Generally, eutectic microstructures are broken up into groups based on 

whether the phases are faceting or not. The simplest systems are those in which both 

phases are nonfaceting. Since most metals are nonfaceting, it is these systems which are 

emphasized here. See Elliot [100] or Hunt and Jackson [101] for a discussion of 

anomalous eutectic microstructures in which one of the two phases is faceting.

Among nonfaceting metals, the most common distribution of the two phases is a 

regular lamellar morphology resulting from anisotropic surface energies. Even though the 

surface to volume ratio of a plate is relatively high compared to more equiaxed shapes or 

even to a rod, if the lamellae lie on low-energy planes, then the overall surface energy can 

be reduced. Therefore, rods are sometimes seen in alloys where the surface energy is 

relatively isotropic [102]. Rods are also seen in alloys where the volume fraction of the 

two phases differ greatly [103,104]. More globular microstructures are also seen, but
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these require repeated nucleation and do not result from cooperative growth of the two 

phases and are, thus, referred to as degenerate microstructures. Degenerate morphologies 

will be discussed later.

2.2.1.1. Regular Lamellar Eutectics

Regular lamellar eutectics, of which Sn-Pb eutectic is one, result from the cooperative 

growth of two phases arranged as adjacent plates. As one phase, a, rejects B atoms, the 

other phase, P, takes in the B atoms while simultaneously rejecting A atoms. It is generally 

believed [100,105-109] that one of the two phases nucleates at heterogeneous sites such as 

impurities or at the mold wall and the other nucleates heterogeneously on the first. In the 

case of Sn-Pb, Sn has been reported [100,105,106] to nucleate Pb. This fact is evident in 

off-eutectic alloys, as pointed out by Davies [106] and Mondolfo [107]. Figure 2.4 shows 

the microstructure a Pb-rich and of a Sn-rich, bulk, off-eutectic alloy. On the Pb-rich side, 

the primary Pb has not nucleated the eutectic material. Instead, "halos" of Sn form around 

the proeutectic particles before a normal eutectic reaction begins. These Sn-rich "halos" 

have been attributed [106,107] to the continued growth of the primary Pb particles near the 

eutectic temperature until there is sufficient undercooling to nucleate Sn. When such 

undercooling exists, the liquid surrounding the Pb islands is rich in Sn so that Sn nucleates 

and grows depleting Sn before the eutectic reaction can take place. On the Sn-rich side, 

eutectic lamellae grow out perpendicular to the Sn proeutectic suggesting that Sn does 

nucleate the eutectic while Pb does not

It is also generally accepted that lamellae in a normal eutectic material lie on 

characteristic planes [110-114], This makes sense if the anisotropic surface energy 

argument for the existence of lamellae holds. In Sn-Pb eutectic, however, there is some 

controversy over what the orientation relationship between Sn and Pb lamellae actually is 

[112-114]. The different values obtained are most likely due to different specimen
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preparation procedures and to experimental error in attempting to obtain crystal structure 

data from the small lamellar regions [114].

During lamellar growth there exists, for each solidification condition, a preferred 

lamellar spacing. This spacing is determined by a balance between creating the shonest 

diffusion path and decreasing the surface energy while increasing the concentration gradient 

between lamellae [98,100]. Many theories exist [99,103,104,106,115-117] which 

quantitatively specify the lamellar spacing in terms of growth rate or undercooling. 

Generally, the spacing is found to be proportional to the undercooling or to the square root 

of the growth rate.

Even when grown under fairly ideal conditions, lamellar eutectic grains have a faulted 

structure due to extra or missing lamellae [118]. The presence of these faults has been 

attributed to local changes in the solidification conditions [118,119] and also to imperfect 

lattice matching on lamellar planes [103]. It has been suggested that the two phases within 

a lamellar eutectic grain make up two interpenetrating single crystals in that the lamellae of 

each phase within a grain differ in orientation by only a few degrees [116]. Verhoeven et 

al. [114] subsequently reported that the lamellae within a single grain were within ±5° of 

each other. This regularity is expected to decrease with an increase in the fault density and 

under less ideal solidification conditions.

2.2.1.2. Degenerate Eutectic Microstructures

The term degenerate has been used to describe divorced eutectic [107], where one 

phase grows prior to nucleation of the other, and wavy lamellar [114,120] as well as to 

globular morphologies. Here, degenerate is used to describe any nonlamellar morphology 

which forms in a normally lamellar eutectic. Most eutectic microstructural studies were 

done using unidirectional solidification so that the microstructure that forms is usually 

given in terms of the growth rate, R, and the temperature gradient, G.
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Degenerate microstructures are seen at very slow growth rates [103,104]. Cooksey et 

al. [103] suggested that at the slower growth rates temperature fluctuations become more 

significant. Also, as the lamellar spacing increases, the surface energy decreases to the 

point that the surface energy differences between a lamellar and a rod-like or globular 

morphology become insignificant and ease of diffusion (i.e. kinetics) controls which 

morphology forms. At very fast growth rates, the microstructure also becomes degenerate 

due to independent nucleation of the two phases ahead of a solid-liquid interface which is 

concave towards the liquid and, when the temperature gradient is high, due to anisotropic 

heat conduction in the Sn [114]. It has also been proposed that degenerate structures result 

at fast growth rates from insufficient time to develop a preferred growth direction 

[121,122] and to forcing the lamellae to grow in unfavorable directions [103,112].

When impurities are present, degenerate material is sometimes seen in regions 

throughout the microstructure. Weart and Mack [123] first described this microstructure, 

called it a colony microstructure and suggested that it formed due to the cellular break down 

of the interface during solidification. Subsequent work [103,104,116,124] verified that a 

colony structure results from simultaneous rejection of an impurity from both eutectic solid 

phases during solidification. A schematic illustration of the formation of a colony structure 

is shown in Figure 2.5. During solidification, impurities are either rejected to the liquid or 

preferentially absorbed in the solid. Eventually, this process can result in a cellular 

breakdown of the interface due to constitutional supercooling [98,125]. As the solid-liquid 

interface curves, the lamellae are forced to curve as well. Because a curved lamella will 

have a higher surface energy than a straight one and because lamellae form in preference to 

degenerate structures only because the a-fi interface lies on a low surface energy plane, the 

microstructure will often become degenerate in the intercellular or colony boundaries. 

Following Weart and Mack [123], then, there exists a hierarchy of microstructural features 

in an impure eutectic alloy. The largest unit is the eutectic grain which is defined as a 

region of the microstructure which grew from the same two-phased nucleus. A colony is a
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subset of the eutectic grain which resulted from the cellular breakdown of the solid-liquid 

interface during growth of that grain. Within the colony are the two phase regions, and 

within the phase regions, there can exist single phase grains which are present in faulted 

lamellar microstructures as well as in most degenerate microstructures.

A similar type of breakdown, although not as dramatic, is seen in the eutectic grain 

boundaries. Kraft and Albright [126] attributed this effect to impurity rejection at slow 

growth rates (which inhibit constitutional supercooling). As the eutectic grain boundaries 

approach each other, they proposed that the solubility limit is reached so that the impurity 

precipitates and nucleates grains ahead of the interface. It is also possible that impurities 

perturb the interfaces as it builds up in the last liquid to solidify or that increased heat of 

fusion from the approaching interfaces locally perturbs the solidification conditions causing 

lamellae to broaden and break down into degenerate structures.

2.2.2. Solder Joint Microstructures

Solder joints are not prepared using well-controlled, unidirectional solidification 

techniques. Instead, temperature gradients vary throughout the joint both spatially and with 

time during solidification. As pointed out by Tribula [127,128], the faster cooling rates 

and the likelihood of there not being a seed crystal of preferred orientation present leads to 

microstructures containing both lamellar and degenerate structures. These more 

complicated cast microstructures are discussed below.

2.2.2.1. Eutectic Solder

As shown in Figure 2.6., the eutectic solder joint microstructure in specimens used in 

this study consist of a typical colony microstructure. This microstructure is similar for the 

older vacuum-casting procedure as well as the newer air-casting procedure. As shown, the 

microstructure consists of many globular degenerate regions as well as the more lamellar 

colony regions. These are not rods shown end on. As stated above, rods are not seen in
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near-eutectic Sn-Pb alloys. Also, if rods were present, the chance that random sectioning 

always cut the rods either axially or perpendicular to the axis is negligible. In the case of 

rods, random sectioning should generally produce elongated phase shapes. Since 

elongated phase regions are never seen and only lamellar or more-or-less equiaxed 

morphologies are seen, it is concluded that the microstructural features may be described as 

lamellar or globular.

In looking optically at a solidified cross section, it is sometimes difficult to distinguish 

between colonies and eutectic grains. Both have relatively regular arrangements of phases 

within and are surrounded by somewhat irregular boundary regions. Because the 

mechanical properties as well as the appearance of colonies and eutectic grains are generally 

the same, no distinction is made here between them. Also, because a colony is a subset of 

a grain, all regions of the microstructure where the Pb and Sn phase morphology is the 

same are referred to as colonies. The boundary regions surrounding these regions are 

referred to as colony boundaries.

A typical colony boundary region is shown in Figure 2.7. As discussed above, it is 

not a planar feature as grain boundaries are in single-phase alloys but has a finite thickness. 

The Sn and Pb phases within the colony boundary are fairly uniformly distributed and 

made up of equiaxed grains. These equiaxed grains are expected to be much more 

deformable than the lamellar material where deformation must occur by a cooperative 

mechanism [129-131]. Uniformly distributed, equiaxed grains can deform much more 

independently and, as illustrated by the case of recrystallized and quenched eutectic 

microstructures, both of which consist of equiaxed grains, are much softer [132]. This 

was also illustrated by Tribula et al. [127,128] who performed microhardness 

measurements on lamellar regions of the microstructure and showed that they were about 

50% harder than the more degenerate diffuse boundaries in 60/40 solder with ternary 

additions.
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2.2.2.2. Near-Eutectic Pb-Rich Solders

Some of the earlier fatigue failure mechanism studies [6,18,53-55, 84,127,128,133- 

139] used the near-eutectic 60Sn-40Pb solder. A typical microstructure in those cases is 

shown in Figure 2.8. As shown, the amount of proeutectic is relatively small and, 

therefore, has little effect on the surrounding eutectic microstructure. Very near the primary 

Pb, however, the eutectic microstructure is somewhat degenerate. This is most likely due 

to lead’s inability to nucleate the eutectic material [106,107]. As discussed above, the 

primary Pb will continue to grow enriching the neighboring liquid in Sn. Once Sn 

nucleation is possible, Sn then grows from the Sn-rich liquid surrounding the Pb particles 

until the eutectic concentration is again obtained. Only then can eutectic material be 

nucleated, and unless a preferred Sn seed is present, it will be degenerate until a preferred 

orientation develops.

2.2.2.3. Intermetallics

Cu-Sn intermetallics are present both at the interface and throughout the bulk of the 

solder. Examination of the interface shows that the intermetallic layer consists of a layer of 

CusSn adjacent to the Cu and a layer of CugSns whiskers adjacent to the solder consistent 

with previous studies [18,97,140,141], These whiskers are believed to grow along a 

screw dislocation in the intermetallic [18,142] and sometimes break off into the solder melt 

during casting. Examples of CugSns whiskers in the bulk solder can be seen in Figure 

2.6(a). A previous study [18] has shown that these intermetallics have no effect on the 

mechanical properties of the solder joint under normal testing conditions.

2.2.2.4. Microstructures in Actual Near-Eutectic Solder Joints

Here, what is meant by an actual solder joint is a joint made by standard industrial 

processes. As discussed by Tribula et al.[127,128], the microstructures seen in thermal 

fatigue and double shear specimens are similar to those seen in industry for at least some
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processing conditions. Tribula et al. [127,128] showed the microstructure of a solder joint 

made by a wave soldering process in industry. That microstructure was very similar to 

those seen above.

2.2.3. Eutectic Microstructural Stability

It has been shown that the lamellar microstructure is very stable even with relatively 

high-temperature aging treatments [114,143-147]. Coarsening and spheroidization begin 

discontinuously at lamellar faults, at the somewhat globular eutectic grain and colony 

boundaries and in degenerate regions of the microstructure. Therefore, the more faulted 

and irregular the as-cast microstructure, the less stable it will be.

2.3. Near-Eutectic Solder Fatigue Failure Mechanism

2.3.1. Background

As discussed above, heterogeneous coarsening during fatigue of near-eutectic solders 

had been widely reported [2,9,11,26,61,94-96]. Frear et al. [6,18,133], however, were 

the first to clearly illustrate this phenomenon and to describe several conditions under 

which it occurs. Frear et al. [6,18] suggested that this heterogeneous coarsening was due 

to localized deformation along microstructural heterogeneities which resulted in localized 

recrystallization and strain-assisted coarsening. Tribula et al. [127,128,134-137] further 

showed that deformation in these alloys is heterogeneous by polishing a double shear 

specimen prior to creep and looking at the deformed surface following creep. An in depth 

microstructural study [127,128] showed that the deformation was concentrating along 

colony or eutectic grain boundaries which, due to their structure, were expected to be softer 

than the surrounding material within the eutectic colony/grains. Tribula et al. also 

illustrated that once the coarsened band (as the band of heterogeneously coarsened material 

came to be called) formed, deformation concentrated within that band.
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Further microstructural studies [135,136], showed that the coarsened band cut through 

colonies under some testing conditions and was not confined to the colony boundaries. 

This result could not be explained using the simple model proposed by Frear et al. [18,133] 

which was then modified. It was proposed [127,128,134,135] that nonuniform 

deformation caused a localized region of the microstructure to deform near the largest stress 

concentration in the joint. Because this recrystallized material is confined to the narrow 

boundary region and because it is softer than the surrounding as-cast material, it would 

then act as a virtual mode II crack propagating along the joint in the direction of shear. At 

high strain rates, the coarsened band was seen to propagate straight across the joint, and at 

slower strain rates, it followed a more tortuous path along colony boundaries [135]. This 

phenomenon was explained in terms of the greater strain rate sensitivity of the more 

equiaxed grains within the boundary regions. In this work many relatively straight 

coarsened bands were seen to follow colony boundaries. It was the intention here, then, to 

reproduce the loading conditions giving colony-cutting coarsened bands and stop testing 

before a coarsened band forms to show whether deformation is localized in long straight 

bands before the coarsened band forms or only once it has formed.

2.3.2. Experimental

Some of the micrographs presented in the following will be of isothermally fatigued 

63Sn-37Pb specimens. These specimens were fatigued by mechanically applying a shear 

strain between 5 and 10% to the joints of double shear specimens. The details of the 

fatigue testing will be described later when the fatigue data are presented.

The rest of the micrographs are from interrupted creep tests. Following Tribula et al. 

[127,128,134-137], 63Sn-37Pb double shear specimens were polished using standard 

polishing techniques down to 0.05 pm. These specimens were then examined optically 

and tested in creep using loads between 20 and 30 kg. From previous work [135,137], it 

was known that the stresses generated from these load levels produced relatively straight
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coarsened bands. After creep, the surface of the deformed joints were examined to 

determine the deformation pattern. Then, they were lightly repolished to examine the 

surface directly beneath the deformation pattern and repolished again to verify that the 

microstructure revealed by the light repolish was not a surface effect. All creep and 

isothermal fatigue tests were done at 75°C.

2.3.3. Results and Discussion

The microstructure resulting from interrupting a creep test in the secondary, steady- 

state creep range is shown in Figure 2.9. In the as-deformed specimen, a long, straight 

shear band can be seen running along the joint parallel to the direction of the applied shear 

strain. Repolishing, however, shows that no coarsened band has yet formed suggesting 

that the deformation concentrates into shear bands before the coarsened band initiates. Just 

how much deformation concentrates within these bands and in the colony boundaries can 

be seen in Figure 2.10. These shear bands, however, do not run entirely along the length 

of the joint. In some regions, an example of which can be seen in Figure 2.11, the 

deformation is more obviously along colony boundaries which are at various angles to the 

applied shear strain and do not line up into long straight easy-deformation paths.

It is interesting to note that in regions where the long straight shear bands exist (Figures 

2.9 and 2.10), the deformation throughout the rest of the joint in that region does not 

concentrate significantly into bands parallel to the direction of shear. While in other regions 

of the joint where no boundaries line up parallel to the applied shear strain (Figure 2.11), 

deformation occurs along many more boundaries at various angles to the joint. This 

observation can be explained by assuming that when long straight paths of deformable 

material (i.e. colony boundaries which line up to form long straight bands) exist, then most 

of the deformation in that region can concentrate within that band. In those regions, then, 

all that is needed is the shear deformation along planes perpendicular to the applied shear 

strain resulting from the constraint which keeps the sample from rotating. In many of the
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micrographs presented by Tribula et al. [135,137], this same pattern is shown for 

specimens containing a coarsened band. This fact is further evidence that the shear banding 

occurs before the coarsened band initiates. If deformation had been concentrated along 

random colony boundaries prior to the formation of the coarsened band which propagated 

across these boundaries in a straight path, then that earlier deformation pattern would still 

be present in the as-deformed specimens. The fact that it is not and that the pattern seen 

simply consisted of the one band parallel and several bands perpendicular to the direction of 

shear suggests that that deformation pattern was present to a great extent before the 

coarsened band formed.

Once these shear bands develop, what likely happens is that localized recrystallization 

occurs within the shear band near the largest stress concentration in the joint as suggested 

by Tribula et al. [127,128,134,135]. This softer recrystallized material will further 

concentrate the deformation ahead of it in the direction of the applied shear strain as would 

a mode II crack. But the fact that a sharp mode 11 crack, anyway, has a very narrow plastic 

zone elongated in the direction of shear is no longer necessary to explain the coarsened 

band's propagation along the shear band. Because the shear band already concentrates the 

strain, the deformation ahead of the coarsened band will be concentrated into a narrow 

region of about the same thickness as the coarsened band itself.

The conclusion that the coarsened band consists of recrystallized rather than coarsened 

boundary material is drawn from two observations as first proposed by Tribula et al. [136]. 

First, the distribution of Pb- and Sn-rich phases within the coarsened band is similar in 

appearance to a recrystallized microstructure. Second, the coarsened band has clearly been 

observed [136] to cut through colonies. Since the evolution of the coarsened band 

microstructure from a lamellar colony microstructure by a simple coarsening process is 

virtually impossible to imagine, it is assumed that the microstructure of the coarsened band, 

at least where it cuts through colonies, is a recrystallized microstructure. Because the
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microstructure of the coarsened band is everywhere similar, it is assumed that it is 

everywhere recrystallized.

Given the above description, how is it possible that coarsened bands cut through 

colonies? As discussed above and shown in Figure 2.11, some regions of the solder joint 

microstructure do not have colony boundaries which line up to form long straight bands. 

For simplicity, these regions are referred to as "obstacles" since they are obstacles to the 

concentration of the deformation into long straight shear bands. In these obstacle regions, 

it is likely that the coarsened band must propagate through the colonies. It can do that by 

one of the two mechanisms shown in Figure 2.12.

For the case where two shear bands are approximately parallel but are separated by an 

obstacle region, the strain would localize through that region simply by the geometry of the 

deformation. This geometric strain localization would probably eventually cut the obstacle 

region shown in Figure 2.11. In Figure 2.13, a coarsened band, which formed during 

isothermal fatigue of a eutectic solder joint, has propagated around one of these obstacle 

regions. If fatigue had been continued, the deformation would have concentrated into a 

band across this obstacle because of the bands on either side of it. Recrystallization would 

eventually take place and the coarsened band would cut through the colonies of the obstacle 

region.

In cases where another shear band does not exist, the coarsened band can still 

propagate across the obstacle by the mechanism suggested by Tribula et al. 

[127,128,134,135]. In this case, the plastic zone shape ahead of the coarsened band 

becomes important. For a sharp mode II crack, the plastic zone is elongated in the direction 

of shear [135,148]. The coarsened band, though, is more directly analogous to a blunt 

mode II crack for which the plastic zone shape has not been calculated. Assuming the 

region receiving enough deformation to cause recrystallization ahead of the coarsened band 

is approximately as wide as the coarsened band, then the coarsened band can propagate 

across the obstacle regions as would a crack. Figure 2.14 suggests that this assumption is
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valid. The crack shown formed in a shear strain to failure test which was stopped just past 

the ultimate load. As shown, the crack which forms is very blunt. Ahead of this mode II 

crack, Sn-Sn grain boundaries can be seen. Experience has shown that these grain 

boundaries are only seen after polishing in highly degenerate or recrystallized material (eg. 

in the coarsened band). Grain boundaries are seldom seen following polishing in the as- 

cast condition. Given that deformation concentrates ahead of the crack, the area where 

these boundaries can be seen likely represents a recrystallized zone. As shown, this 

recrystallized zone is of a thickness on the order of the blunt crack thickness suggesting that 

propagation of the coarsened band by a mode II crack-like propagation mechanism is at 

least possible.

The more tortuous path taken by coarsened bands in near-eutectic solder joints tested in 

creep at slow strain rates [135] may have been due to propagation of the coarsened band 

along the boundaries in the "obstacle" regions that are at an angle to the applied shear 

strain. Because the boundaries consist of more-or-less equiaxed Sn and Pb grains, they are 

much softer at slower strain rates than at higher rates [132]. The intracolony regions, on 

the other hand, are not as sensitive to strain rate and remain relatively hard as the strain rate 

decreases. The decrease in shear loading on off-angle boundaries, then, can be offset by 

the decrease in strength of these boundaries at slow strain rates.

One question which comes out of this work is why the colony boundaries tend to line 

up in the as-cast microstructure along the joint. The answer becomes clear when the 

solidification conditions are considered. During solidification, at least some of the colonies 

are nucleated heterogeneously at the surface of the Cu (actually intermetallic) plates. These 

nucleated colonies will grow out into the solder and stop when they impinge on other 

colonies nucleated within the bulk on some other heterogeneous site. As shown in Figure 

2.15, this heterogeneous nucleation can result in boundaries that more or less run in a band 

along the length of the joint. These boundaries generally result in the shear bands 

discussed above and most likely explain why the coarsened band is often seen near the
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Cu/solder interface. The stress concentration at either end of the double shear solder joint, 

as discussed by Tribula et al. [127,128,134,135], likely determines at which Cu interface it 

forms.

A coarsened band forming during isothermal fatigue of a eutectic double shear solder 

joint is shown in Figure 2.16. This particular sample was fatigued with a 10% strain 

amplitude at 75°C. This coarsened band is similar in appearance to those seen in creep 

[127,128,134-137] and in previous isothermal fatigue studies [18„135,136] of near- 

eutectic alloys. As first pointed out by Frear [18], however, it is much narrower than those 

typically shown after thermal cycling. The thermal fatigue studies mentioned above have 

generally involved the rather severe military specification of cycling between -55 and 

125°C. Broadening of the coarsened band under these thermal fatigue conditions probably 

occurs due to work hardening of the solder and a resultant spreading of the deformation at 

the lower temperatures with recrystallization occurring at the higher temperatures. Failures 

under the two testing conditions are expected to be much more similar when the 

temperature extremes in thermal fatigue are closer to the temperature used in isothermal 

fatigue. In fact, the microstructure resulting from thermal fatigue between 35 and 125°C 

[18] is much more similar to that shown in Figure 2.16, at least in the early stages of 

cycling, than those of the more severely cycled thermal fatigue specimens. This suggests, 

as expected, that isothermal fatigue may be appropriate for modelling thermal fatigue 

behavior provided the service temperature extremes are similar to the temperature at which 

isothermal fatigue testing is done.

In any case, both thermal fatigue and isothermal fatigue failures in near-eutectic solder 

joints involve strain localization and localized recrystallization. Methods by which the 

isothermal fatigue resistance is improved are, then, also likely to improve the thermal 

fatigue resistance. Since this study is concerned with fatigue life improvement rather than 

fatigue life prediction and because isothermal fatigue, as discussed above, is easier to
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perform and is more quantitative than thermal fatigue, isothermal fatigue testing is used 

throughout this work.

2.4. Summary

In the near-eutectic Sn-Pb alloys, the eutectic solder joint microstructure is 

heterogeneous with relatively hard two-phase colonies surrounded by relatively soft 

boundary regions. Plastic shear deformation is seen to concentrate within these boundaries 

as much as possible parallel to the direction of shear. The weak link in near-eutectic solder 

shear deformation is the presence of boundaries which line up and form relatively long 

straight paths parallel to the direction of shear. The longer and straighter the shear band 

which results along these boundaries, the more strain which will be able to concentrate 

there. Recrystallization occurs within this band beginning near the largest stress 

concentration of the joint and propagating along it

Once recrystallization occurs within the shear band, it softens and even more 

deformation can concentrate within it. Further strain concentration allows the coarsened 

band to propagate through regions where straight shear bands parallel to the direction of 

shear were unable to form (obstacle regions) either by geometric strain localization or by 

mode II crack-like propagation. In exact analogy to the mode II crack, the longer the 

original shear band, the longer the coarsened band initiated, and the easier these obstacle 

regions can be bypassed. When enough deformation concentrates within the coarsened 

band to induce cracking, failure begins.

2.5. Expected Effect of Testing Parameters

All published data for near-eutectic solder joints, reviewed above, are consistent with 

this failure mechanism. Most of the effects of strain, strain rate, temperature and hold 

times have been studied using isothermal fatigue where as strain and temperature increase, 

the isothermal fatigue life decreases. From the above mechanism, this effect is expected in
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that higher strains and temperatures promote recrystallization which accelerates failure. As 

strain rate decreases below a critical value, life decreases. Again, this is expected since 

recrystallization takes time and the more time per cycle, the more damage that can occur. At 

very fast strain rates, there is insufficient time for recrystallization and other creep 

processes so that further increases in strain rate have no effect on life. The same effect on 

life is seen with hold time in isothermal fatigue and can therefore be explained the same 

way in terms of the above mechanism. Published data, then, are consistent with the failure 

mechanism discussed above. That does not mean, however, that the specimens in those 

fatigue studies failed by the failure mechanism presented here. The exact details of failure 

are expected to vary depending on initial joint microstructure as well as testing conditions, 

and it would not be surprising if other creep-related failure mechanisms were seen.

There are less data published showing the effect of testing parameters on thermal 

fatigue life. The work of Wild [7] and Frear et al. [63,64] suggests that they may be quite 

different. As discussed in the previous section, however, even these preliminary results 

are consistent with the mechanism proposed above.

3. IMPROVING FATIGUE LIFE IN NEAR-EUTECTIC Sn-Pb ALLOYS

3.1. General Approaches

Given the above failure mechanism, there are three main approaches possible for 

improving the fatigue life of near-eutectic Sn-Pb alloys. The most obvious approaches 

involve prevention of the formation of the long straight shear bands which form. The other 

two approaches involve removal of any stress concentrations in the joint and inhibition of 

recrystallization and coarsening.

As discussed in the previous section, the stress concentrations in the joint determine 

which colony boundaries make up the principal shear band. Once this shear band 

develops, the stress concentration also initiates recrystallization within it and allows it to
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start earlier than would otherwise be possible. Removal of these stress concentrations, 

however, may not always be practical and may only postpone failure by a similar 

mechanism. It is likely that removal of the stress concentrations in a joint will only change 

the colony boundaries which make up the principal shear band rather than prevent it from 

developing. And, within the shear band, it is likely that in the absence of any stress 

concentration it will only require more time to accumulate enough deformation to trigger 

recrystallization in the entire shear band rather than starting at one end and propagating 

along it. Removal of the stress concentrations in a joint should improve fatigue resistance 

of these alloys, but the potential exists for even greater improvements as discussed below.

Because failure is preceded by formation of a coarsened band and because the 

coarsened band develops through recrystallization and strain-assisted coarsening, anything 

which inhibits recrystallization and coarsening should improve the fatigue resistance of 

these alloys. Inhibition of recrystallization is most often accomplished by the additions of 

second-phase particles which pin grain boundaries. In the two-phase near-eutectic Sn-Pb 

microstructures, dispersoids would have to be added to both the Sn- and the Pb-rich 

phases. This approach, although not impossible, would be relatively difficult and may 

even be relatively ineffective. Because deformation is concentrated within a narrow band, 

the strains within that band are very high. In addition, even room temperature is 0.6 of the 

melting temperature of eutectic Sn-Pb solder. It therefore, may'not be possible to inhibit 

recrystallization within these bands under normal operating conditions.

The best approaches involve preventing the long straight shear bands from forming in 

the first place. There are two main ways of doing that. The first is to change the 

microstructure in such a way that it can deform more uniformly. In cases where that is not 

possible, obstacles can be added to break up the microstructure and shorten the length of 

the shear bands that can form. Both of these approaches were investigated here.
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3.2. Producing More Uniform Eutectic Microstructures

There are many ways in which as-cast near-eutectic Sn-Pb solder can be manipulated to 

produce a more uniformly deformable microstructure. One way of doing that is to work 

and recrystallize the material. As pointed out recendy by Tribula et al. [127,128,135], the 

recrystallized microstructure consists of a uniform dispersion of equiaxed Pb and Sn 

grains. Because the microstructure is uniform, it can be expected to deform much more 

uniformly than normal as-cast eutectic structures. In fact, under certain conditions, it is 

even superplastic [132]. This uniform microstructure should have better fatigue resistance 

than as-cast microstructures which fail by formation of a coarsened band. No fatigue data 

exists for recrystallized solder joints. Preliminary bulk fatigue results [132], however, 

suggest that the recrystallized microstructure provides better fatigue resistance than the as- 

cast microstructure. The fatigue failure mechanism in bulk near-eutectic solder may differ 

from that seen above in solder joints. Also, it may be difficult to produce solder joints with 

a uniformly recrystallized microstructure.

An easier way to create a uniform dispersion of equiaxed Pb and Sn grains is to quench 

the alloy after casting. A typical quenched microstructure is shown in Figure 3.1. Again, 

this relatively uniform microstructure is expected to deform more homogeneously than 

more slowly cooled alloys, and preliminary results [132] suggest that quenched solder 

joints do have better fatigue resistance than air-cooled solder joints. Quenching as a 

solution has been proposed before [7], but it is often not possible. Steep temperature 

gradients caused by quenching can result in failures due to thermal shock elsewhere in the 

system.

To create a uniform dispersion of Pb and Sn grains without quenching, grain nucleants 

could be added. This approach would be difficult, however, in that both Sn and Pb 

nucleants would have to be added and that may involve the precipitation of two phases 

simultaneously in the melt. In addition, the volume fraction of these dispersoids may be
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high enough to adversely affect other soldering parameters such as viscosity and 

wettability.

More recently, the effect of small additions of third elements on the microstructure and 

fatigue properties of 60Sn-40Pb solder were studied [127,128,137-139]. Due to 

segregation of a third element during solidification and subsequent cellular breakdown of 

the solidifying interface, a much more degenerate microstructure can result in ternary alloys 

depending on the third element. According to the work of Tribula et al. 

[127,128,137,138], the improvement in fatigue life scaled with the degree to which the 

third element broke up the as-cast microstructure. In that study, In and Cd had the greatest 

effect while Sb and Bi had relatively little effect.

All of the above existing data are consistent with the proposed failure mechanism. 

Here, the effect of homogenizing the microstructure was studied by aging 63Sn-37Pb 

double shear specimens.

3.2.1. Past Aging Studies

One area of interest to the electronics industry has been the effect of long time, room 

temperature storage on the mechanical properties of solder joints. In addition, the effect of 

aging on the results obtained by testing the specimens used here at different times following 

casting was of interest. For these reasons, the effects of aging at room temperature were 

investigated.

One of the first Sn-Pb aging studies was done in 1939 by Baker [149]. He found that 

at room temperature, Sn-Pb alloys soften to a value which stabilized after 100 to 150 days. 

Because the original strength could be restored by annealing and the actual magnitude of the 

strength after annealing depended on the annealing temperature. Baker concluded that the 

amount of Sn retained in solid solution in the Pb-rich regions determined the hardness of 

Sn-Pb alloys. Aging, he reasoned, causes Sn to precipitate thus softening the alloy while 

annealing forces the Sn back into solid solution. Of course, an annealed specimen would
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begin softening again upon returning it to room temperature. More recently, others [150- 

152] have attributed this softening to the precipitation of Sn in the Pb-rich phase regions as 

well. None of these studies, however, were carried out for periods longer than about 5-6 

months. Also, the initial microstructures were much more degenerate than our 

microstructures so that coarsening could be expected to occur much more rapidly than in 

our specimens.

Lampe [151] showed the shear strength of 63Sn-37Pb solder joints to level off after 

about 30 days. Because he saw no Sn precipitates in the Pb-rich regions of the eutectic 

microstructure and because coarsening of the microstructure stabilized at about the same 

time as softening levelled off, he attributed softening to a plating of the Sn in supersaturated 

solid solution in the Pb-rich phase onto adjacent Sn-rich grains in the 63Sn-37Pb alloy. 

He, however, showed quite a bit of coarsening in that time due to the relatively degenerate 

structures in his alloys. In the off-eutectic, 50Sn-50Pb alloy where he did see Sn 

precipitates in the Pb-rich proeutectic particles, Lampe attributed softening to Sn 

precipitation, and annealing at a temperature near the eutectic temperature restored the 

strength of this alloy. It would have been interesting to see how much of the strength of 

the aged 63Sn-37Pb specimens could have been restored by a similar anneal.

Aging is expected to cause the as-cast microstructure to become more uniformly 

deformable through softening. In fact, short-time (10-30 days) aging at room temperature 

was shown [8] to improve fatigue strength.

3.2.2. Experimental

Double shear specimens were made as described above. From each block, three 

specimens were used to measure the shear strength one week after the block was cast. This 

initial strength was later compared to the strength of aged specimens from the same block. 

Most of the aging was done at room temperature, but one block was aged at 110°C.
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Double shear specimens used for the aged and unaged fatigue tests came from different 

blocks.

One batch of specimens, identified in the following as block 4, were cast directly into a 

quartz crucible. The cooling rate for these specimens was higher than those cast in both 

graphite and quartz crucibles, and the microstructure was thus more degenerate. The shear 

strength of these solder joints was measured 9 days after casting and after 48 and 73 weeks 

at room temperature to compare effects of aging on solders with differing initial 

microstructures.

3.2.2.1. Shear Strength Measurements

Initially, older grips described elsewhere [18] and shown in Figure 3.2 were used to 

measure shear strength. The space between the screws of these grips, however, was too 

small for the specimens used here. This required that the edges of the specimens be milled 

before testing. To eliminate this problem, the friction grips shown in Figure 3.3 were 

designed and made. A plate the width of the grips with a notch the width of the specimen 

machined down its center was used to center the specimen within the grips as shown. 

Thus, these newer grips also provided more centered loading and less bending of the 

specimen during testing.

Both sets of grips were pin loaded on a screw-driven Instron load frame. Testing was 

done at room temperature with a displacement rate of 0.05 mm/min. Neglecting machine 

compliance, the strain rate on the specimen is given by:

Y= (0.05 mm/min)(l/0.51mm)(lmin/60s) = 1.6 x 10'V1 
since the joint thickness is 0.51mm (.02 inch). Unfortunately, the machine compliance 

does not turn out to be negligible. Because any displacement in the machine is attributed to 

a 0.51-mm (.02-inch) joint when the load frame compliance is neglected, even very small 

machine displacements produce a large error in the calculated strain. As an example, say 

the load frame displaces by 0.025 mm (.001 inch). If that displacement is assumed to
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occur in the solder, then the strain will be off by 0.025/0.51 or 5%. Even fairly stiff 

machines, can displace by 0.025 mm at about 50-kg loads. In measuring bulk tensile 

strengths, this load frame displacement can easily be neglected because the solder is so soft 

and the gage length is generally long. In testing solder joints in shear, however, because 

the gage length (i.e. joint thickness) is very short, load frame displacements must be 

subtracted out.

To calculate the displacement occurring outside of the solder joints, Cu with the same 

dimensions as the double shear specimens (i.e. 13x1.8x100 mm) was pulled in tension 

and the total elongation (Cu plus machine elongations) measured as a function of the load. 

Since two sets of grips each with different compliances were used, this measurement had to 

be done for both. Using the Young's modulus for Cu, 120 GPa (18 x 106 psi), the 

elongation in the Cu between the grips was measured and subtracted from the total 

elongation. After testing a double shear specimen, the machine compliance for the ultimate 

load plus the Cu displacement for the dimensions of the specimen tested was subtracted 

from the total elongation to yield the shear displacement in the solder joint.

Prior to testing, the double shear specimens were polished to 0.05pm, the 

microstructure examined and the solder joint thickness and length measured using a 

travelling optical microscope with an accuracy of about ±.005 mm. The solder joints in the 

double shear specimen have an odd shape as shown in Figure 2.2. The length of the joint 

was taken as the average of the length of the two Cu/solder interfaces on either side of the 

joint. These values and equations (2.2) and (2.3) were used to calculate the stresses and 

strains. The shear strengths reported here are the ultimate values. Because testing of the 

solder joints is done in shear, these ultimate strengths do not represent the onset of 

necking. Instead, the load drop is due to the onset of cracking in the solder.
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Fatigue testing was done on a load frame originally designed by Fultz et al. [153,154] 

to be portable and for tensile testing in a magnetic field. Later it was modified by 

McCormack [54] for fatigue testing. Here, some minor modifications were done, but for 

the most part the same setup as used by McCormack was used here. One major change 

was in the grip design where concern over off-centered loading and displacements 

associated with pin-loading through zero load led to the design shown in Figure 3.4. 

These grips are made of annealed stainless steel and were machined to within .05 mm of 

the dimensions shown. Because grooves could not be machined into the gripping plates, a 

#100 mesh 304 stainless steel screen of about .3-mm thickness was used between the 

specimen and the grips to increase friction. No slipping of the specimen was observed 

during testing, and because the upper grip screws into the pull rod and the lower grip is 

clamped onto the compression frame base, no discontinuous displacements were seen in 

testing through zero load.

For ease of specimen alignment, the double shear specimen preparation was modified 

slightly. Prior to polishing, aligning holes of 3.2mm (1/8 inch) diameter were drilled 

through the center of the 6.4mm (1/4 inch) Cu plate at each end spaced 83mm apart as 

shown in Figure 3.5. The block was then assembled, dunked and machined as discussed 

above. After slicing and widening of the slots in the center plate of each specimen, part of 

the solder which filled these aligning holes during casting was drilled out with a 1.6mm 

(1/16 inch) drill bit, smaller than the original hole to prevent widening it. The remaining 

solder in each aligning hole was carefully removed by filing with a round 3.2mm (1/8 inch) 

file. Prior to clamping the specimen into the grips, pins were inserted through the aligning 

holes and a small (usually about 3 kg) preload was placed on the specimen. With the 

specimen under this preload, it was assumed to be aligned and the grips were then 

tightened. Prior to fatigue testing, the aligning pins were removed.

39
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All fatigue testing was done in Houghton type K quench oil at 75 ± 2°C. Strain 

cycling was always centered about zero with amplitudes between about 5 and 10%. The 

shear displacement in the joints was measured using an extensometer positioned as shown 

in Figure 3.5. The strain was calculated using equation (2.3) and the joint thicknesses 

measured as discussed above. The strain rate was calculated by dividing strain range by 

half the cycle time and was usually about 1.5 x lO^s*1. The stress ranges were calculated 

from the load ranges as were the shear strengths above.

3.2.3. Aging Results

Normalized shear strength as a function of time at room temperature is plotted in Figure

3.6. The shear strength is normalized by dividing the actual average strength by the 

average strength of the initial specimens from the same block. The average initial strength 

from all the blocks tested was 31 MPa ± IMPa. The elongations are plotted in Figure 3.7 

and 3.8, and the results of aging at 110°C are shown in Figure 3.9. The microstructures of 

the aged specimens are shown in Figures 3.10 to 3.13.

The fatigue data is shown in Figure 3.14. In Figure 3.15, the microstructure of a 

fatigued 6-month old specimen is shown. In Figures 3.16 and 3.17, the same is shown for 

a 1.5-year old specimen.

3.2.4. Discussion

The shear strength data of Figure 3.6 shows that the strength decreases at room 

temperature by about 20-25% and does not begin to level off for about 40-50 weeks. The 

micrographs in Figure 3.10 show that for the first few months, there is relatively little 

change in the microstructure. There is more variation along any given joint than there is 

with aging. At about 9 months, some discontinuous coarsening at colony boundaries and 

some overall coarsening is evident, but there is no real dramatic change in the 

microstructure. After 15 months at room temperature, the overall microstructure looks
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coarser and lamellar regions have begun to break up and disappear, but the initial colony 

structure is still discernible.

The elongations in Figure 3.7 show quite a bit more scatter than do the strengths. This 

scatter probably comes to a great extent from variations in the grip and load frame 

compliances from test to test. As stated above, very little error in the displacement can 

cause, a larger error in the calculated strain. In addition, it seems that the elongation is much 

more sensitive to the microstructure than is the strength and that variations in the 

microstructure from specimen to specimen are likely to be at least in part responsible for 

some of the scatter.

The elongations normalized by dividing by the average initial elongation for each block 

are shown in Figure 3.8. The elongation remains fairly constant up to about 40-50 weeks. 

The fact that no significant microstructural changes were seen over that time period further 

suggests that elongation is more sensitive to the overall eutectic microstructure than is the 

strength.

Beyond about 50 weeks aging, the elongation increases in block 3 but remains constant 

in block 4. Figure 3.7 shows that the block 4 elongation is relatively high from the outset 

probably due to the more globular as-cast microstructure shown in Figure 3.11. After 

aging, the microstructure coarsens, but there is no gross change in the morphology and no 

resultant change in elongation.

In blocks 1-3, the initial microstructure is less degenerate, and thus, the initial 

elongation is lower. After about 50 weeks at room temperature, however, discontinuous 

coarsening at the colony boundaries increases the degeneracy of these specimens so that the 

elongations increase with further aging until they approach values similar to the originally 

more degenerate material.

Comparison of Figures 3.6 and 3.8 shows that the strength levels off at about the same 

time that the elongations begin to increase. If discontinuous microstructural coarsening is 

responsible for the increase in elongation, as is suggested by comparison of the
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microstructures with aging and the elongations and also by comparison of block 3 and 4 

elongations, then it cannot be responsible for the decrease in strength which occurs over 

shorter time periods. It is likely that removal of supersaturated Sn in the Pb-rich regions, 

as suggested by Lampe [151], is responsible for softening. Further evidence for this 

conclusion is that both block 3 and 4 age to the same fraction of their initial strengths even 

though the initial overall eutectic microstructure and thus the degree of coarsening is 

different.

A reasonable approximation for the time required for Sn to diffuse through the Pb-rich 

regions to the Sn-rich regions is given by the square of the diffusion distance divided by 

the diffusivity. Using the value of the diffusivity for the lattice diffusion of Sn in Pb-rich 

alloys measured by Oberschmidt et al. [155], at room temperature, Sn diffuses about .1 pm 

through the Pb-rich regions in about 70 weeks. The assumption that the softening 

occurring over.a period of about 50 weeks is due to the removal of supersaturated Sn from 

the Pb-rich regions, then, seems reasonable. However, little evidence of Sn precipitation 

was seen; the precipitates that were seen were always near the boundary regions as shown, 

for example, in the bulk microstructure of Figure 2.7. In the lamellar regions, where the 

phase diameter (perpendicular to the lamellae) is small, Lampe's suggestion that Sn diffuse 

through the Pb to the Sn-rich regions is probably valid. Near the boundaries, however, the 

phase diameter sometimes increases. In those regions, because diffusion is slow at room 

temperature, precipitation is more likely. It is, of course, possible that precipitates are 

present but too small to be seen optically. In that case the strength decrease would be due 

to precipitate coarsening, and the return of the strength after annealing would be due to a 

return of a fine dispersion of Sn precipitates.

From the phase diagram in Figure 1.4, very little Pb is soluble in Sn even at the eutectic 

temperature, and no Pb-rich precipitates were ever seen within the Sn-rich regions. 

Softening of the Sn-rich regions, therefore, cannot be responsible for the overall softening. 

These results are somewhat surprising. By the lever rule, eutectic solder is about 2/3 Sn.
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The microstructure then must consist of a matrix of the relatively hard Sn-rich phase, and it 

is unclear why microstructural changes within the Pb-rich phase should affect the strength. 

It could be that in the regions of the microstructure that are deforming the most, the Sn- and 

Pb-rich grains are somewhat equiaxed and can deform more or less independently. In that 

case, the softer Pb-rich regions would determine the strength. It would be interesting to 

anneal an aged eutectic specimen and test their strength to determine how much of their 

strength is recoverable and therefore not due to overall microstructural coarsening.

Figure 3.14 shows that the fatigue life of eutectic solder can be approximately doubled 

by aging for long times at room temperature. Comparing Figures 3.15 to Figures 3.16 and 

3.17 shows that while a coarsened band does appear to form in the aged specimens, it is 

not as distinct and does not extend as far ahead of the fatigue crack as does the coarsened 

band in the younger specimens. In Figure 3.16 there is no obvious coarsening along the 

fatigue crack in the aged specimen. Revealing the coarsened band required extra final 

polishing to reveal grain boundaries before the localized recrystallization could be seen as it 

is in Figure 3.17. The difference is consistent with the idea that an increase in the 

degeneracy of the microstructure, suggested by the microstructural changes shown in 

Figure 3.10 and the elongation data of Figure 3.8 to occur after about 9 months at room 

temperature, should spread out the deformation and at least postpone formation of a 

coarsened band. Here, if the coarsened band does not extend excessively beyond the 

crack, then less deformation will concentrate within it and it will not be able to propagate as 

quickly as the coarsened band in unaged specimens.

Chilton et al. [8] also saw an initial increase in the fatigue life of 60Sn-40Pb solder 

with room temperature aging. After about 60 days, however, they saw a decrease in life 

due to what they said was the dissolution of the disruptive Pb-rich proeutectic. Here, 

eutectic was used so no primary Pb was present. But because the change in the eutectic 

microstructure with room temperature aging was not very dramatic, it is not expected that 

aging of 60Sn-40Pb joints made by the same procedure as was used here would be drastic
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enough to cause a dissolution of the proeutectic phase. The fact that dissolution occurred in 

the alloy of Chilton et al. [8] is probably due to their processing resulting in a more 

degenerate and therefore less stable as-cast microstructure. This, in turn, suggests that 

before the effect of aging of a solder alloy can be evaluated, the as-cast microstructure of 

the particular joint must be carefully considered.

In Figure 3.9, the results of aging at 110°C show that softening levels off sooner than 

seen at room temperature, but at a much higher fraction of the initial strength. At room 

temperature, as shown in Figure 3.6, the strength drops by about 25% while at 110°C, as 

shown in Figure 3.9, it drops by only about 15%. Again, this result is consistent with the 

idea that softening is due to Sn precipitation and its resultant removal from solid solution in 

the Pb-rich regions. At 110°C, kinetic reactions are faster resulting in an earlier plateau, 

but more Sn is soluble so that the strength plateaus (when tested at room temperature) at a 

higher value. From the phase diagram of Figure 1.4, the concentration of Sn soluble in Pb 

at room temperature is about 2% while at 110°C, it is about 6%. The difference in the 

amount of Sn left in solid solution after aging at room temperature and at 110°C could 

easily account for the differences in strength plateaus. The micrographs of Figures 3.12 

and 3.13 show that much more global spheroidization and coarsening has occurred than 

was seen at room temperature. After a week at 110°C, some lamellar regions still exist as 

shown in Figure 3.13, but there is evidence of discontinuous coarsening around these 

regions. After a month, there are fewer, smaller lamellar regions with greater coarsening 

between them. The fact that little difference in the strength resulted from the dramatically 

different microstructures of Figures 3.10 and 3.12 suggests that the precipitation of Sn has 

a much more dramatic effect on the overall strength than does the spheroidization of the 

microstructure. Unfortunately, there was too much scatter in the elongations measured 

here due to different unspecified grips used during testing and consequent different 

machine displacements, but the microstructure of Figure 3.12 is expected to deform much 

more uniformly than the room temperature aged specimens. For this reason, the fatigue life
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of specimens aged at elevated temperatures is expected to be even better than those aged at 

room temperature.

3.2.5. Conclusions

Softening during aging at room temperature appears to be due to the removal of Sn 

from the Pb-rich regions of the eutectic Sn-Pb microstructure. When the phase diameter is 

small, as it is in lamellar regions, no Sn precipitates are seen, at least optically, with aging. 

It was concluded that Sn diffuses through the Pb-rich regions to the adjacent Sn-rich 

regions. In coarser regions such as near colony and grain boundaries where Sn precipitates 

were sometimes seen, removal of Sn from solid solution in the Pb-rich regions occurs by 

precipitation as well as diffusion to the Sn-rich regions. The resultant removal of 

supersaturated Sn from solid solution causes softening of the material with aging.

Some discontinuous coarsening at the colony and grain boundaries and the consequent 

decrease in volume fraction of the lamellar regions was seen with aging at room 

temperature but only after 40-50 weeks. This increase in the globular, degenerate material 

was accompanied by an increase in the elongation seen with aging. It was concluded that 

the elongation is more sensitive to the overall microstructural morphology (i.e. the amount 

of globular material) while the overall strength depends on the strength of the individual 

phase regions.

At 110°C, softening occurs more quickly than it does at room temperature due to the 

faster diffusion of Sn in the Pb-rich regions. The degree of softening, however, is not as 

great due to the greater solubility of Sn in Pb at higher temperatures. The strength after 

aging at 110°C levelled off at a greater value than it did after aging at room temperature 

despite the fact that the microstructure was much more spheroidized and coarsened after 

aging at the higher temperature.

The fatigue data above suggest that room temperature storage of soldered devices will

not adversely affect the fatigue properties of the eutectic solder joints. In fact, the contrary
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is true; the fatigue life of eutectic Sn-Pb solder increases with aging. Microstructural 

changes which increase the total elongation of the specimen are likely to be responsible for 

the increase in fatigue life due to an increase in the degeneracy of the microstructure. These 

changes, however, do not occur until about 40-50 weeks at room temperature at least for 

the initial microstructures seen in this study. For our specimen design, then, it would 

appear that the microstructure, in so far as the fatigue properties are concerned, is stable for 

about 9 months.

Because a greater degree of spheroidization of the microstructure is obtained in less 

time at higher temperatures, a high-temperature aging treatment is expected to more than 

double the fatigue life of near-eutectic Sn-Pb solder joints which fail by the formation of a 

coarsened band. This conclusion is, of course, only valid if it is possible to age the solder 

at elevated temperatures without damaging chips or other components on the completed 

board or without adversely affecting the solder/Cu interface strength. At higher 

temperatures, more Sn is soluble in the Pb-rich regions so that aging results in softening to 

a greater strength than seen at room temperature initially, but storage at room temperature 

after a high-temperature anneal should result in a decrease in strength approaching that seen 

with aging at room temperature.

3.3 Addition of Obstacles

All of the methods discussed above for improving fatigue life by homogenizing the 

microstructure also decrease the strength of the solder. In some applications, solder 

strength might be an important consideration. In addition, decreasing the strength increases 

the plastic strain applied to the solder in a thermal fatigue situation. The above methods, 

therefore, would likely have an even greater effect if they could be achieved without 

decreasing the strength of the alloy. The addition of obstacles to solder can potentially 

increase the strength. Therefore, these methods may have an even greater effect than those 

above. To determine the effect of the addition of obstacles on fatigue life, off-eutectic
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alloys, where particles (i.e. the primary phase) are simply introduced during standard 

casting procedures, were studied. The results of Chilton et al. [8] who saw an increase in 

fatigue strength with aging until aging resulted in a dissolution of the Pb-rich proeutectic 

after about 60 days at room temperature suggest that the proeutectic are beneficial to the 

fatigue life. However, since off-eutectic alloys are known to have lower strengths as well 

as a broader melting range and a higher melting temperature than the eutectic, the addition 

of a particle with a third phase, different from both Pb and Sn, was also investigated.

3.3.1. Fatigue of the Off-Eutectic Alloys

3.3.1.1. Background

Relatively little research has been done on Sn-Pb solders with compositions 

intermediate between the near-eutectic and the high-Pb solid solution alloys. What data 

exist, however, does suggest that off-eutectic compositions have better fatigue resistance 

than either of the above groups [61,94,156,157] at least under some testing conditions. 

These off-eutectic alloys are probably not widely used because of the rather large pastey or 

solid-liquid two-phase region associated with them.

Published fatigue life data [61,94,156,157] suggests that the fatigue life does not 

simply increase in moving away from the eutectic composition. Instead, it peaks at a 

composition around 50 wt.% Sn. In fact, other mechanical properties, notably the bulk 

tensile and shear strengths and the solder joint shear strengths [156-162], sometimes show 

this trend with composition usually showing a local maximum, if not a global maximum, at 

40 to 50 wt.% Sn. The following experimental work was geared toward explaining this 

off-eutectic peak in properties as well as to evaluate the effect of the proeutectic particles on 

the fatigue failure mechanism.
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3.3.1.2. Experimental

Five Sn-Pb compositions were made by combining 99.9% pure Pb with commercial 

63Sn-37Pb bar solder. Ingots were made by combining the appropriate amounts of each 

material and heating them to 375°C, about 50°C above the melting point of Pb.

Preparation of the double shear specimens, the fatigue testing apparatus and procedure, 

and the metallography of the near-eutectic alloys were all described in the previous section. 

The only difference here is with the Pb-rich alloys (5Sn-95Pb and 20Sn-80Pb). These 

alloys were polished in the way described above for the eutectic alloy, but the Pb-rich 

regions required etching as well. This etching was done in one of the two following ways. 

First, it was found that polishing on the silica colloidal solution, which is alkaline, for long 

times (30 min to 1 hr) etched the Pb-rich regions. Alternatively, a procedure similar to that 

used by Gifkins [163] and Slepian and Blann [164] was used. After final polish, the Pb- 

rich solder joint was chemically polished using a solution of 2 parts acetic acid, 3 parts 

H2O2 and 5 parts methanol. The joint was then repolished on the silica colloidal solution 

and chemically repolished until a smooth surface was obtained. Etching was done using a 

solution of lOg ammonium molybdate and lOg of citric acid in 100ml distilled water for 

about 45-50 seconds at room temperature.

3.3.1.3. Results and Discussion 

Fatigue Data:

Typical load vs. cycle plots for each of the alloys at both strains tested are shown in 

Figure 3.18. As seen previously [37,40,56,165], the load drops continuously during 

cycling. As suggested by Solomon [37,40,56], this load drop appears to be due to 

cracking which starts very early with cycling at least at the higher 10% strain range used 

here. If softening occurred initially prior to cracking, then an increase in slope of the load 

vs. cycle curves would be expected upon crack initiation. Since no break was observed in 

the load vs. cycle at 10% strain range curves of Figure 3.18, it was concluded that
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softening was due to cracking early in fatigue. Because testing was done under stroke 

control, the strain amplitude and, thus, the cracking rate increased with cycling. Therefore, 

the stress amplitude vs. cycle plots are not linear as they were for Solomon who used 

plastic strain control. The rate of increase in cracking rate would be greater for specimens 

with shorter lives since life was defined as a percentage load drop and the load drop is due 

to cracking, and as seen in Figure 3.18, the curvature increases as the life decreases. At 

5% strain, there are more distinct slope changes in the load vs. cycle curves of Figure 3.18. 

The early stages of softening in these cases may be due to microstructural changes, and the 

increase in cyclic softening later during cycling may be due to the onset of cracking. 

Interrupted fatigue tests, however, would be necessary to confirm this supposition.

The fatigue data are plotted as life, defined as number of cycles to a 30% load drop, vs. 

applied strain in Figure 3.19. Because testing was done under stroke control and because 

the load dropped continuously with cycling, the applied strain increased during testing. 

The strain used in Figure 3.19 was taken as the initial strain amplitude measured using an 

extensometer as discussed in the previous section. Because the initial loads and strains are 

similar for each of the above tests and because the machine compliance is the same for all 

the fatigue tests, it is believed that the relative fatigue lives measured are accurate even if the 

absolute number of cycles to failure data are unsuitable for general fatigue life prediction. 

Solomon [40] showed that the Coffin-Manson coefficients calculated from best linear fit 

techniques could depend on whether life was plotted on the vertical or horizontal axis 

especially when the correlation to the best fit line was low. Because life is the dependent 

variable, the results shown in Figure 3.19 are plotted as life vs. strain rather than the more 

usual strain vs. life plot. As shown, 50Sn-50Pb showed the best fatigue resistance for all 

applied strains tested although the difference decreases at lower strains.

The Coffin-Manson constants are shown in Table I. The values for 5Sn-95Pb and 

63Sn-37Pb are similar to those published for these alloys and discussed above. While 

5Sn-95Pb has better fatigue resistance than 63Sn-37Pb at all strains tested here, this
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difference decreases as strain decreases to the point that at applied total strain amplitudes 

below about 5%, 5Sn-95Pb is expected to have better fatigue resistance than 63Sn-37Pb. 

This trend is similar to that seen previously by Kitano et al. [67] who found that 5Sn-95Pb 

had better fatigue resistance than 63Sn-37Pb only at small strains. Solomon [65,66] also 

reported a greater Coffin-Manson exponent for a Pb-rich alloy containing Ag as well as Sn 

than for 60Sn-40Pb solder.

TABLE I

Coffin-Manson coefficient, M, and and exponent, z, as defined in Equation (1.2) for the
Sn-Pb alloys tested

Alloy 2 M

5Sn-95Pb 0.61 1.12
20Sn-80Pb 0.46 0.58
40Sn-60Pb 0.33 0.35
50Sn-50Pb 0.43 0.71
63Sn-37Pb 0.27 0.19

The quarter-cycle stress as a function of strain amplitude and composition is plotted in 

Figure 3.20. As seen in previous published strength data [156-161], the strength does not 

decrease monotonically with decreasing Sn concentration; the 40Sn-60Pb alloy is stronger 

than the 50Sn-50Pb alloy at both strain amplitudes tested. Consistent with this result, the 

Coffin-Manson coefficients shown in Table I do not increase monotonically in moving 

away from the eutectic composition; the value for the 40Sn-60Pb alloy is lower than it is 

for the 50Sn-50Pb alloy. These data then suggest that the 40Sn-60Pb alloy is stronger and 

less ductile than the 50Sn-50Pb alloy even though it has more of the presumably softer and 

more ductile Pb-rich proeutectic phase. Microstructural explanations for this phenomenon 

are given below.



Initial Microstructures;

Proeutectic Regions

The initial microstructures are shown in Figures 3.21 and 3.22. With increasing Pb, 

the eutectic microstructure is increasingly replaced by Pb-rich proeutectic particles. As 

shown in Figure 3.23, these primary Pb-rich particles in the 50Sn-50Pb alloy are still 

rather small and somewhat equiaxed. In the 40Sn-60Pb alloy, the Pb-rich dendrites grow 

to rather large sizes and have a well-developed dendritic structure with obvious side arms. 

Also shown in Figure 3.23, these dendrites tend to line up at an angle across the solder 

joint probably in the direction of the predominant temperature gradient present during 

casting. Of course, not all of the Pb-rich dendrites are parallel in the 40Sn-60Pb alloy. 

This is probably due to local variations in the temperature gradient as well as to movement 

of the dendrites during solidification through the solid + liquid two-phase region.

In the 20Sn-80Pb alloy, the microstructure consists mostly of the primary Pb-rich 

dendrites. These Pb-rich islands, however, are surrounded by a film of eutectic material 

which formed in the final stages of solidification. The 5Sn-95Pb alloy consists, as 

expected, almost entirely of the Pb-rich a phase. Precipitation of Sn within the Pb-rich 

regions of both these Pb-rich alloys occurred uniformly throughout the bulk of the Pb with 

the broken lamellar, plate-shaped morphology reported by Frear [18] for cast 5Sn-95Pb 

alloys. The grain size in the 5Sn-95Pb alloy was about 25-50 pm and the Pb-rich phase 

size in the 20Sn-80Pb alloy was 50-100 pm.

Precipitation of Sn in the Pb-rich proeutectic regions was also seen in the eutectic rich 

alloys as shown in Figure 3.24. Although precipitation was never seen in well defined, 

planar lamellae, it was seen in faulted, less well defined lamellae and near colony 

boundaries (see, for example. Figure 2.7). Within the proeutectic of the 40Sn-60Pb and 

the 50Sn-50Pb, the precipitate sizes did not appear to vary continuously; they were either 

very coarse or very fine. Proeutectic with both these precipitate distributions are shown in 

Figure 3.24 and occur in all the off-eutectic alloys as seen in Figures 2.4, 2.8 and 3.21.

51
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This distribution of size ranges is similar to that seen in two-step age-hardened alloys. The 

results of microprobe analysis showed that the regions with coarse precipitates are 

consistently a few percent higher in Sn than the regions with fine precipitation.

One method by which a two-step aging treatment could occur has to do with the 

undercooling required to nucleate eutectic solid during solidification. As reasoned above, 

Pb will continue to grow while the melt cools below the eutectic temperature. This layer of 

Pb will have the range of compositions shown in Figure 3.25 obtained by extrapolating the 

solidus below the eutectic temperature. Once the eutectic is nucleated, the temperature will 

increase toward the eutectic temperature. Only the Pb-rich layers formed during the 

undercooling will be rich in Sn at the eutectic temperature. Hence, only the outer layers of 

the Pb-rich proeutectic can precipitate Sn during the eutectic solidification. Because the 

eutectic temperature is high, coarse precipitates will form and continue to grow as the ingot 

cools to room temperature. At room temperature, Sn will be able to precipitate throughout 

the proeutectic, but because room temperature is relatively low, a fine dispersion forms 

instead. The precipitates seen in a cross section will therefore depend on where the primary 

Pb-rich particle is cut. Microprobe analysis of Pb-rich proeutectic particles containing 

coarse Sn precipitates consistently showed a few percent more Sn than those containing a 

fine dispersion toward the center of the proeutectic.

Eutectic Regions:

The effect of the proeutectic in the off-eutectic, eutectic-rich alloys appears to be an 

increase, at least locally, in the degeneracy of the eutectic surrounding the Pb-rich particle. 

Examples of this local degeneracy can be seen near the proeutectic particles in Figures 2.4a, 

2.8, 3.21 and 3.23. It is probably due to the inability of Pb to nucleate the eutectic without 

an undercooling and the consequent lack of time in finding a preferred growth direction 

once the eutectic is nucleated and while the melt heats back to the eutectic temperature.

In moving away from the eutectic composition, then, the fraction of the softer Pb-rich 

phase increases and the degeneracy of the eutectic at least near the proeutectic increases.
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Since both of these effects should soften the cast alloy, a monotonic decrease in strength is 

expected as the composition moves from the eutectic to the Pb-rich compositions. As 

discussed above, however, a peak in strength is sometimes seen at about 40-50 wt.% Sn. 

Here, as shown in Figure 3.20, the stress amplitude of the 40Sn-60Pb alloy was 

consistently higher than that of the 50Sn-50Pb but lower than that of the eutectic. 

Microhardness measurements, the results of which are given in Table II, showed that the 

strength of the eutectic regions in the 40Sn-60Pb alloy was higher than those of the 50Sn- 

50Pb alloy suggesting that they were more lamellar rather than more degenerate in the 

40Sn-60Pb alloy. The indent used in the microhardness tests was on the order of the size 

of the proeutectic. Contributions to the hardness measurement in the eutectic regions are 

therefore expected from the proeutectic regions. Because the 40Sn-60Pb alloy has more of 

the softer proeutectic, the actual strength difference in the eutectic regions is probably even 

greater than measured. Also, in microhardness testing, the strain rate is relatively fast. At 

slower, more reasonable strain rates, the difference between the lamellar and degenerate 

eutectic will again be even greater. Micrographs, such as those shown in Figures 3.21 and 

3.23 and at higher magnification in Figure 3.26 also suggest that the eutectic of the 40Sn- 

60Pb alloy is less degenerate with a better defined colony structure than the eutectic regions 

of the 50Sn-50Pb alloy. The effect, therefore, seems to be real.

TABLE H

Vickers microhardness measurements made using 10-g load. Values in parentheses 
indicate the number of measurements included in the averages shown.

Region 63Sn-37Pb 50Sn-50Pb 40Sn-60Pb

Eutectic 12.5±.7 (14) 14.3+7 (18)
Lamellar Eut. 14.5±.4 (5) — —

Degenerate Eut. 13.4+3 (4) — —
Proeutectic-
Fine ppt. N/A 13.9±.8 (6) 14.3±1.2 (5)

Proeutectic-
Coarse ppt. N/A 9.9±.4 (6) 9.3±.5 (7)
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One explanation for this phenomenon involves the difference in shape of the proeutectic 

in the two alloys. The Pb-rich dendrites in the 40Sn-60Pb alloy are much larger with well 

developed side arms than those of the 50Sn-50Pb alloy which are much more equiaxed 

with more planar surfaces. It is possible that the more convoluted surface on the 

proeutectic in the 40Sn-60Pb alloy allows heterogeneous nucleation of Sn at a smaller 

undercooling than in the 50Sn-50Pb alloy. It would thus require less eutectic to form in 

order to raise the temperature back to the eutectic temperature. The liquid remaining at the 

eutectic temperature would have more time for solidification and, thus, for developing 

favorable lamellar growth directions than would that of the 50Sn-50Pb alloy. This effect 

would only be seen with solidification conditions allowing lamellar growth and 

development of a colony structure in the cast eutectic material. For very fast cooling rates, 

the microstructure will be more degenerate anyway, and such a subtle difference is not 

expected. Also, at fast testing strain rates, the difference in strength between the degenerate 

and colony eutectic microstructures decreases [132] so again the effect would be less. 

These reasons could explain why a peak in the strength of Sn-Pb solders is sometimes seen 

at the eutectic composition rather than at an off-eutectic composition. In fatigue, the less- 

degenerate structure of the 40Sn-60Pb alloy is expected to decrease the life (as was seen 

here) when-failure occurs by formation of a coarsened band.

In the Pb-rich alloys, there is very little eutectic material. The fact that there is any at all 

in the 5Sn-95Pb alloy as seen in Figure 3.22 and at higher magnification in Figure 3.27, 

however, suggests that solidification occurred at a nonequilibrium rate causing coring of 

the Pb-rich proeutectic particles. If solidification occurs at a rate that is too fast to allow 

significant diffusion in the solid, then the liquid can reach the eutectic composition before 

the overall solid composition reaches the maximum solubility of 19.2 wt.% Sn shown in 

Figure 1.4. If this happens, eutectic can form in alloys even when it would not normally
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based on the equilibrium phase diagram. This appears to be what happened in the case of 

the 5Sn-95Pb alloy.

Intermetallic Layers

As seen previously [18,97,140,141], the intermetallics which form on the Cu/63Sn- 

37Pb interface are the CusSn, e, phase adjacent to the Cu and the CueSns, r|, phase nearest 

the solder. This double intermetallic layer, shown in Figure 3.28 for two of the alloys 

studied, was also seen in all the other alloys except the 5Sn-95Pb alloy. Again, as seen 

before [18,166], only the CusSn intermetallic formed at the Cu/5Sn-95Pb interface. 

Deformation Patterns in Fatigued Solder Joints;

Double shear specimens made with the five compositions tested were polished to 

0.05(im prior to testing. Examination of the surface of the joint after fatigue without any 

further surface preparation resulted in the deformation patterns shown in Figures 3.29 to 

3.31. As expected, the Pb-rich proeutectic in the off-eutectic, eutectic-rich 40Sn-60Pb and 

50Sn-50Pb alloys broke up the microstructure to the point that the long straight shear bands 

seen in the eutectic alloy did not form. The deformation is much more uniform and spread 

out in these off-eutectic alloys.

In the 5Sn-95Pb alloy, a mosaic deformation pattern (Figure 3.30) similar to those 

reported previously was seen at the higher strain ranges near 10%. This pattern, however, 

was not the result of cracking. Figure 3.32 shows a 5Sn-95Pb solder joint repolished 

following fatigue at about 13% strain amplitude. The mosaic pattern has been erased, and 

only one main crack growing in from each stress concentration in the joint is seen. The 

mosaic pattern seen in these joints following fatigue at 75°C with a 13% strain amplitude is 

therefore the result of strain concentration rather than cracking.

At 5% strain amplitude, this mosaic deformation pattern was not seen (Figure 3.31). 

Instead, deformation appears to be concentrated along grain boundaries. This deformation 

pattern is similar to that reported by Frear [18] in the early stages of thermal fatigue cycling 

between -55 and 125°C. Both grain boundary migration and grain boundary sliding have
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been reported [87-92] during fatigue of this alloy and could account for the observed 

deformation pattern of Figure 3.32. Also, these deformation modes would be expected to 

be dominant over slip mechanisms at lower strain amplitudes.

Fatigue Failure Mechanisms;

Pb-Rich Alloys

Microstructures of fatigued Pb-rich alloys are shown in Figure 3.33 where it is evident 

that fatigue failure in the 20Sn-80Pb alloy involves localized microstructural changes 

similar to near-eutectic alloys. Cracking was always observed to begin at the stress 

concentration in the joint and propagate along the joint through regions of the 

microstructure which had recrystallized. This recrystallization is evident in Figure 3.33 by 

the broken up eutectic regions near the crack. The more equiaxed Sn and Pb grains in these 

regions were not present in the as-cast microstructure. These recrystallized regions did not 

extend very far ahead of the crack and could simply be due to strain localization ahead of 

the fatigue crack. The fact that there are no major deformation bands near the interface in 

the as-fatigued specimen of Figure 3.30 further suggests that this locallized recrystallization 

is due to the propagating crack and not to strain localization prior to cracking. There is 

evidence of local recrystallization ahead of the fatigue crack in the 5Sn-95Pb alloy as well. 

For example, the small grains surrounding the large grains ahead of the cracks in Figure 

3.33 suggest that recrystallization has occurred at least locally ahead of the crack. In both 

of the Pb-rich alloys at all strain amplitudes tested, failure occurred intergranularly as 

shown in Figure 3.32 for the 5Sn-95Pb alloy and in Figure 3.34 for the 20Sn-80Pb alloy. 

This is in apparent conflict with the observed deformation pattern seen for the higher strain 

amplitudes in the 5Sn-95Pb alloy (Figure 3.30) which appeared to be due to planar slip. 

Probably at the higher strains, the mosaic pattern was due to grain boundary processes 

occurring with preference for the grain boundaries parallel and perpendicular to the applied 

shear strain, but it is also possible that local recrystallization ahead of the propagating 

fatigue crack allowed the material ahead of the crack to deform by grain boundary sliding
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resulting in grain boundary failures even though the bulk of the material was deforming 

intragranularly. Transgranular cracking seen by other investigators [67-73] under similar 

testing conditions is probably due to the higher strain rates that are generally used than were 

used here.

Eutectic-Rich Alloys

As shown in Figure 3.35, all three eutectic-rich alloys failed by the formation of a 

coarsened band. Figure 3.36 shows a coarsened band in a 40Sn-60Pb alloy at higher 

magnification. Cracking within the coarsened band followed Sn-Sn grain boundaries and 

Pb-Sn phase boundaries and appeared to begin, as shown in Figure 3.37, at the Sn-Sn 

grain boundaries as suggested previously by Frear et al. [18,53,133].

In the off-eutectic alloys, the coarsened band often stopped at proeutectic particles such 

as shown in Figure 3.38 suggesting, as expected, that the primary Pb-rich phase regions 

have a beneficial effect on the fatigue resistance of these alloys. Obviously, the effect of 

these particles on the deformation patterns discussed above inhibits failure by the formation 

of a coarsened band. The shorter the shear band that forms in the alloy, the less strain that 

will be able to concentrate within it and the longer it will take for the material within the 

band to recrystallize. This result is evident in the fatigue data presented in Figure 3.19 

where both the 50Sn-50Pb and 40Sn-60Pb alloys have longer fatigue lives than the 63Sn- 

37Pb alloy at all strains tested. At lower strains, however, the difference decreases. It is 

likely that the driving force for recrystallization at these lower strains becomes insufficient 

to overcome recovery in the deforming regions so that failure occurs by a different 

mechanism. When failure occurs by a mechanism which does not involve the formation of 

a coarsened band, it is reasonable to expect the fatigue life to scale with the strength of the 

alloy under total-strain-controlled conditions. If the lines shown in Figure 3.19 are 

extrapolated, this is indeed what is seen. The strongest alloy, 63Sn-37Pb, would have the 

greatest fatigue resistance and the weakest alloy, 50Sn-50Pb, would have the least 

resistance. Further effects of these particles on the failure mechanism can be better
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understood by determining why the fatigue resistance of the 40Sn-60Pb alloy is lower than 

the 50Sn-50Pb alloy even though it has a higher fraction of the Pb-rich particles.

Although the coarsened band is observed to stop at proeutectic particles (Figure 3.38), 

it is more often observed to cut through them as seen, for example, in Figures 3.35 and 

3.36. This is not entirely unexpected. The Pb-rich proeutectic are much softer than the 

surrounding eutectic regions and are thus relatively deformable. When the deformation 

concentrates into bands around the proeutectic particle, it will eventually be cut by the 

geometric strain localization mechanism discussed above for the bypassing of obstacle 

regions in the near-eutectic alloys. Once the deformation in the proeutectic concentrates, it 

too will recrystallize, soften and allow further strain concentration. The difference in the 

fatigue resistance of 40Sn-60Pb and 50Sn-50Pb must have something to do with the ability 

of the proeutectic in these alloys to withstand bypassing by the above mechanism.

As stated above, the eutectic regions of the 40Sn-60Pb alloy are more lamellar with, the 

typical colony structure seen in near-eutectic alloys than those of the 50Sn-50Pb alloy. 

These less degenerate eutectic regions in the 40Sn-60Pb alloy will better concentrate the 

deformation within colony boundaries than the more degenerate eutectic of the 50Sn-50Pb 

alloy. Thus, in the 40Sn-60Pb alloy, even though there are more obstacles, the 

deformation will be more concentrated and able to cut through them.

Coring in the proeutectic during nonequilibrium solidification will cause the proeutectic 

in the 50Sn-50Pb alloy to have more overall Sn and potentially greater strength than that of 

the 40Sn-60Pb alloy. If it is assumed that no diffusion occurs in the solid and if an average 

partition coefficient is used, then only a few percent difference between the 40Sn-60Pb and 

the 50Sn-50Pb proeutectic particles is expected. Because some diffusion is expected, 

however, this difference is expected to be even less. Also, the aging data in the previous 

section suggest that the Sn in solution in the Pb contributes more to the strength of the alloy 

than the Sn precipitated. Since the proeutectic in the 40Sn-60Pb and 50Sn-50Pb alloys
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have the same Sn solubility at the same temperature, the effect of these small concentration 

differences on the strength is not likely to be great

The results of microhardness testing in the proeutectic of the 40Sn-60Pb and 50Sn- 

50Pb alloys are given in Table II above. As shown, the strengths of the proeutectic are 

similar so long as particles with similar precipitate distributions are compared. The size of 

the indents, however, were on the order of the size of the proeutectic so the strength was 

averaged over the entire particle. Also, the 40Sn-60Pb eutectic regions are harder than 

those of the 50Sn-50Pb alloy which may increase the apparent hardness of the Pb-rich 

regions in the 40Sn-60Pb alloy.

One interesting result of the microhardness tests is that the hardest proeutectic in the 

50Sn-50Pb alloy were harder than the eutectic regions of that alloy. In that case, the 

proeutectic would be much less bypassable obstacles than the softer ones. Published data 

[157-161] suggest that while Pb is softer than near-eutectic alloys at room temperature, it 

becomes stronger at higher temperatures. This reversal is most likely due to the difference 

in the melting points of the two different alloys and suggests that the difference in strength 

of the hard proeutectic and eutectic regions of the 50Sn-50Pb alloy may be even greater at 

the higher fatigue testing temperature of 75°C. So again, the fact that the eutectic regions in 

the 50Sn-50Pb alloy are softer and more degenerate than those of the 40Sn-60Pb alloy 

seems to be of more importance than the difference in Sn concentration within the 

proeutectic.

In addition to its effect on the surrounding eutectic morphology, the shape of the 

proeutectic particles is liable to have an additional effect on fatigue failure. As discussed 

above, the proeutectic in the 40Sn-60Pb alloy are elongated and tend to line up across the 

solder joint. As shown in Figure 3.23, the more equiaxed shape of the proeutectic in the 

50Sn-50Pb alloy will provide more strain concentration than the 40Sn-60Pb particles 

which are lined up almost perpendicular to the applied shear strain. The 50Sn-50Pb
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proeutectic, then, will cause the deformation around it to spread out into the surrounding 

eutectic material and thus postpone strain localization through the proeutectic.

3.3.1.4. Conclusions

Fatigue failures at 75°C with strain ranges between about 5 and 10% in the Pb-rich 

20Sn-80Pb and 5Sn-95Pb alloys occurs by localized recrystallization ahead of the 

propagating fatigue crack. Cracking through this recrystallized region occurs 

intergranularly at all strain ranges tested.

In the off-eutectic but eutectic-rich alloys, the presence of the Pb-rich proeutectic 

particles prevents the formation of long straight shear bands seen in the shear deformation 

of near-eutectic solder joints. The proeutectic, however, also affects the morphology of the 

surrounding eutectic material. In both the 50Sn-50Pb and 40Sn-60Pb alloys, the Pb-rich 

proeutectic caused the nearby eutectic to be more degenerate than regions removed from the 

proeutectic. In the 40Sn-60Pb alloy, however, the more convoluted surface of the 

proeutectic particles allows nucleation of Sn and therefore eutectic at a smaller undercooling 

than the more equiaxed proeutectic of the 50Sn-50Pb alloy. Formation of eutectic at a 

smaller undercooling, in turn, allows slower growth of the eutectic and more time for the 

developing of a preferred growth direction. The resultant eutectic microstructure is more 

lamellar and less uniform than it would be with greater undercooling. The more 

heterogeneous eutectic microstructure in the 40Sn-60Pb alloy allows more concentration of 

the strain and easier bypassing of the proeutectic even though there are more of them than 

in the 50Sn-50Pb alloy. Also, the more degenerate eutectic in the 50Sn-50Pb alloy is 

softer to the point that some of the proeutectic in the 50Sn-50Pb alloy, although not 

significantly stronger than the proeutectic of the 40Sn-60Pb alloy, are stronger than the 

surrounding eutectic material which increases the effective resistance of the proeutectic to 

strain concentration. Other likely effects include added strength at the center of the 

proeutectic in the 50Sn-50Pb alloy due to greater Sn concentration from nonequilibrium
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cooling and greater strain concentration around the more equiaxed 50Sn-50Pb proeutectic 

particles.

Everything that makes 40Sn-60Pb less resistant to fatigue failures by the formation of a 

coarsened band is a result of the fact that the Pb-rich proeutectic particles are deformable 

and therefore can be "cut" by the coarsened band. Once strain localizes within a proeutectic 

particle, the effective length of the coarsened band increases, and more strain can be 

concentrated within it. It then has greater ability to bypass other proeutectic particles. For 

this reason, even greater improvements are expected with less deformable particles.

3.3.2. Addition of Hard Particles of a Third Phase

3.3.2.1. Background

The idea of adding particles to solder is not a new one although the reasoning behind it 

has generally been different from that proposed here. Any problems encountered in adding 

particles usually involve flux entrapment and a consequent increase in the void density or 

segregation problems upon reflow (remelting) due to density differences between the 

particle and the solder. Below, a method is developed for the addition of particles with a 

density similar to solder without the use of fluxes.

There are several requirements for third-phase particles if they are to be successfully 

introduced uniformly to a solder joint. First, they must have a density similar to solder to 

prevent segregation upon reflow of the joint Second, they must be wet by liquid solder to 

prevent rejection of the particle upon reflow. Third, they must be stable at typical soldering 

temperatures to prevent their dissolving or melting during soldering or reflow.

The particles introduced can be either elemental or compound. The advantages of an 

elemental powder is that wetting can be predicted fairly accurately with a phase diagram by 

requiring that the element form a compound with Sn or Pb. Also, the particle size and 

distribution of a powder is easily controlled. One potential problem with an elemental
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powder is that if the element involved has a strong affinity for Sn or Pb, then it might 

dissolve even below its melting point. This dissolution is known to occur with gold and 

silver in Sn-Pb solders [167,168]. Compound powders, on the other hand, are difficult to 

introduce to solder without the use of fluxes. Theoretically, one way of doing that would 

be to precipitate the compound from the melt. That procedure, however, would require the 

identification of two elements which when present together in the solder melt are insoluble 

in the melt and precipitate a compound with a density similar to the melt Even if two such 

elements were identified, control of the particle size would be more difficult in a 

precipitation process than with introducing powders. For these reasons, it was decided that 

elemental powders would be the best initial approach.

In deciding which elemental powders would be investigated, the following restrictions 

were made. The element was required to have a melting point above 500°C to prevent 

melting during soldering. Because Sn and Pb proeutectic do not show significant 

segregation during soldering, the density was required to be between Sn and Pb. To 

further restrict the density range, the density of liquid Pb rather than solid Pb was used as 

an upper limit The element was required to have an existing phase diagram with Sn or Pb 

which showed that intermetallic formation occurred with either Sn or Pb. Elements 

forming low-melting intermetallics (melting point less than about 500°C) were eliminated to 

minimize the chance of the powders dissolving into the solder melt. And, finally, to 

narrow down the choices, all dangerous, toxic, expensive and rare elements were 

eliminated.

3.3.2.2. Results and Discussion

The above restrictions led to the choice of niobium (Nb) as the elemental powder to be 

added. The density of Nb is 8.55 g/cm3, well within the set limits (7.30 g/cm3 for Sn and 

10.7 g/cm3 for liquid Pb). The density of eutectic Sn-Pb solder can be approximated using 

the law of mixtures since the eutectic microstructure breaks up into approximately pure Sn 

and Pb regions. The weight fraction of each phase is given by the lever rule and the phase
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diagram in Figure 1.4 and is .55 for Sn and .45 for Pb. The density, then, is given 

approximately by:

(0.45 gPb/gtot) (0.55gSn/gtot)
P'1 = ------------------- + -------------------

(11.4 gpb/ccpb) (7.3 gSn/ccsn)

p = 8.7 g/cc.

The density of liquid eutectic solder is likely to be lower, but in any case, it should be close 

to the value for Nb.

To grind Nb, which is a fairly ductile metal, into a fine powder form, NbH, which is 

brittle, was used. NbH was ball milled for several hours to obtain powders ranging in size 

from a few to lOpm in diameter. It was reasoned that due to the reduced surface area of 

larger powder sizes, if Nb powders of this size could be introduced, then larger ones could 

as well. The ground NbH powders were then reduced to Nb in a hydrogen furnace. The 

hydrogen (H) in NbH sits on ordered interstitial sites [169] so that when, under vacuum at 

high temperatures, the H is driven off, Nb metal is left. The dehydriding, in this case, was 

done at 1100°C.

The Nb-Sn phase diagram is shown in Figure 3.39. At all temperatures and 

compositions, Nb and Pb are completely miscible [170]. At reasonable soldering 

temperatures, the intermetallic which will form on the Nb powders in the presence of Sn is 

NbSn2. To prevent oxidation of the clean Nb powders, Sn was melted within the vacuum 

furnace at 400°C under Ar and the Nb introduced prior to removal from the furnace. Once 

cool, the Sn-coated powders were added to solder with enough extra Pb to balance the Sn 

coating the Nb powders, leaving a nearly eutectic composition. Unfortunately, as shown 

in Figure 3.40, the pretin layer was completely reacted and what was left of the original Nb 

powders was present as small Nb particles embedded in large intermetallic particles.
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Energy Dispersive X-ray (EDX) analysis showed the intermetallic to be approximately 33% 

Sn and verified that the particles within the intermetallic were relatively pure Nb. It was 

concluded that the intermetallic was NbSn2. Following pretinning, the powders were 

slowly cooled in the vacuum furnace. It is likely that the excessive amount of NbSn2 

formed during this slow cool. Because the furnace could not be made to cool down any 

faster, another approach had to be devised.

Following dehydriding of the NbH powders, the clean Nb powders were wrapped 

under Ar in Sn foil. Because the furnace opened from the top and because Ar is heavier 

than air, the powders could be wrapped without excessive exposure to air. These Sn 

wrapped powders were then immediately encapsulated in a quartz tube with solder of the 

appropriate composition which was backfilled with Ar. The quartz tube was placed in a 

furnace at 400°C until the Sn foil melted. It was then removed, shaken vigorously and 

quenched in water. Micrographs showing particles in this quenched ingot are presented in 

Figure 3.41. Chemical analysis by EDX confirmed that these particles were still Nb.

A small piece of this quenched ingot was then added to eutectic solder at 230°C and air 

cooled. A particle in this ingot is shown in Figure 3.42. Lamellae in this micrograph can 

be seen to grow out from the particle at a 90° angle. Since lamellae always grow 

perpendicular to the solidifying interface, this observation indicates that the Nb particle, as 

expected, is wet by the solder. This wetting occurred without the use of fluxes, and no 

void formation was seen in this bulk ingot

3.3.2.3. Conclusions

By reasoning given in the previous section, the addition of relatively undeformable 

particles of sizes on the order of the sizes of the proeutectic in 50Sn-50Pb solder to near­

eutectic solders is expected to greatly improve the low-cycle fatigue life of these alloys. 

Potential problems with added particles are segregation due to density mismatches and void
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nucleation due to flux entrapment. Both of these problems can be avoided by using Nb 

powders. A method of introducing these powders to Sn-Pb solders was presented.

4. CONCLUSIONS

Fatigue failures in the slowly cooled near-eutectic solder joints studied here are 

accompanied by the formation of a band of coarsened material running parallel to the 

direction of the applied shear strain. This coarsened band results from the concentration of 

the deformation into long, straight shear bands which form along the relatively soft colony 

boundaries which happen to line up parallel to the applied shear strain. The longer and 

straighter the shear band, the more deformation that can concentrate within it. Localized 

recrystallization within the band begins near the largest stress concentration and is followed 

by strain-assisted coarsening. These localized microstructural changes result in localized 

softening and further deformation concentration in the recrystallized material of the band 

and, analogous to a crack, in adjacent unrecrystallized material within the band. In regions 

of the joint where no shear band parallel to the applied shear strain forms ("obstacles"), the 

coarsened band can cut across by geometric strain localization, where strain localizes 

because the region is surrounded by approximately coplanar bands, or by mode II crack­

like propagation of the relatively soft coarsened band. As the length of the coarsened band 

increases, the amount of deformation within it increases until eventually cracking, which 

was seen to occur along Sn-Sn grain boundaries and Sn-Pb phase boundaries, begins. The 

longer the initial band, the easier the "obstacles" will be bypassed and the less resistant the 

solder will be to fatigue. Hence, the best methods of improving fatigue life in these alloys 

involve the elimination of the long, straight shear bands which form during deformation. 

Two general ways for doing that were proposed. The first involves homogenization of the 

microstructure, and the second involves particle additions.

Homogenization of the microstructure was shown to improve fatigue life by aging 

eutectic solder at room temperature for about a year and a half. It was concluded that
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discontinuous coarsening at colony boundaries which increased the degeneracy of the 

microstructure beginning after about 9 months at room temperature spread out the 

deformation sufficiently during fatigue to inhibit failure by formation of a coarsened band. 

Localized recrystallization was seen ahead of the fatigue crack in aged solder, but it was not 

as distinct and did not extend as far ahead of the crack as did the band in the unaged joints.

Softening to about 70-75% of the initial shear strength occurred with room temperature 

aging levelling off after about 40-50 weeks. Since the microstructural changes mentioned 

above did not occur until after the strength levelled off, it was concluded that softening 

occurred through a mechanism other than discontinuous microstructural coarsening. It has 

been proposed before that room temperature aging causes softening of Sn-Pb alloys by 

precipitation of Sn in the Pb-rich regions and the resultant decrease in solid solution 

strengthening. Using published diffusion data, it was shown that Sn diffusion in bulk Pb 

could occur over a distance of about 0.1pm in about 70 weeks suggesting that the above 

mechanism is possible. Since no precipitation was seen within lamellar or otherwise fine 

regions of the microstructure, it was concluded that when the interphase separation is 

small, supersaturated Sn in the Pb-rich regions diffuses to adjacent Sn-rich regions; 

otherwise, it precipitates. In either case, Sn is removed from solid solution and results in 

softening.

At 110°C, softening occurs more rapidly than at room temperature but only decreases 

the strength by about 15%. The greater strength after the higher temperature aging 

treatment is due to the greater solubility of Sn in Pb at higher temperatures. Aging at this 

higher temperature resulted in more coarsening and a more degenerate microstructure than 

at room temperature and these microstructural changes are expected to be more beneficial to 

fatigue resistance than those seen after aging at room temperature for much longer times.

The addition of particles was shown to improve the fatigue life of near-eutectic solders 

by studying fatigue of the off-eutectic alloys which are essentially eutectic alloys with 

varying amounts of added particles (the proeutectic). All eutectic-rich alloys tested with
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strain ranges between 5 and 10% at 75°C with strain rates on the order of lO^s-1 failed by 

formation of a coarsened band as seen in the near-eutectic alloys, but the fatigue lives were 

as much as 5 times better in the proeutectic-containing alloys than in the eutectic. As 

expected, the proeutectic particles break up the microstructure and prevent the long, straight 

shear bands seen to accelerate failure in the near-eutectic alloys from forming.

The 40Sn-60Pb alloy is stronger than the 50Sn-50Pb alloy under the conditions used 

here, but has a lower fatigue resistance even though it is further off the eutectic composition 

and, thus, has more of the Pb-rich proeutectic. It was found that the eutectic regions of the 

40Sn-60Pb alloy were less degenerate and had a better defined colony structure than did 

those of the 50Sn-50Pb alloy. These less degenerate regions in the 40Sn-60Pb alloy are 

harder but, due to the colony structure, concentrate deformation more than those of the 

50Sn-50Pb alloy. Hence, even though there is more of the proeutectic, they are more 

easily bypassed in the 40Sn-60Pb alloy.

The difference in the microstructure of the eutectic regions in the two off-eutectic but 

eutectic rich alloys studied was proposed due to the difference in shape of the proeutectic 

which forms in these alloys. In the 50Sn-50Pb alloy, the proeutectic are relatively small 

and equiaxed while in the 40Sn-60Pb alloy, they are dendritic with well-developed side 

arms. It was proposed that the more convoluted surface of the proeutectic in the 40Sn- 

60Pb alloy allowed nucleation of the eutectic at a smaller undercooling thus, allowing more 

time for growth of the eutectic and development of a preferred lamellar growth direction.

The 40Sn-60Pb alloy showed less resistance to fatigue than the 50Sn-50Pb alloy 

because the proeutectic particles were deformable and thus, bypassable by the coarsened 

band. For this reason, relatively undeformable particles are expected to have an even 

greater effect on the fatigue resistance than the Pb-rich proeutectic. A procedure for the 

addition of Nb powders, which have a density similar to eutectic Sn-Pb solder, to solder 

without the use of fluxes, which can cause porosity problems in solder joints, was 

developed and discussed.
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Fatigue failures in 5Sn-95Pb and 20Sn-80Pb solder joints also involved localized 

recrystallization, but this recrystallization was only seen near the tip of the fatigue crack. 

Cracking occurred intergranularly in both alloys at the strain ranges between 5 and 10% 

tested.
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Figure 1.1. Schematic diagram illustrating the origin of thermal fatigue in surface-mounted 
components. For simplicity, a leadless chip carrier is drawn. The thermal 
expansion coefficients for one of the more severe cases of a ceramic chip 
carrier bonded to a polymer circuit board are given as examples.
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Figure 1.2. Schematic illustration of a leadless ceramic chip carrier cross section showing 
the typical crack initiation site and the fillet region through which final crack 
propagation generally occurs.
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b) V2L

Figure 1.3. Schematic illustration of a leadless surface-mounted component. In (a), the 
entire chip carrier is shown while, in (b), a cross section through the package 
diagonal is shown. The dimensions used in equation 1.1 are labelled.
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Figure 1.4. The Pb-Sn binary phase diagram. Sn and Pb make up a simple eutectic system 
with a eutectic composition of 61.9 wL% Sn and a eutectic temperature of 
183°C. [Adapted from the Pb-Sn phase diagram published in Binary Alloy 
Phase Diagrams. Vol. 2, ed. by T.B. Massalski, ASM, Ohio (1986)]
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Figure 2.1. Thermal fatigue specimen. Due to the difference in the thermal expansion 
coefficients of Cu and Al, the two solder joints are sheared with zero strain in 
the center and a maximum strain at the ends of the specimen when cycled 
between two temperature baths.
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Figure 2.2. Double shear specimen. The specimen is about 1.6 mm thick and is machined 
so that the two central solder joints are sheared when the entire specimen is 
placed in tension.
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Figure 2.3. Schematic illustration of the modified casting procedure, a) Polished and 
etched Cu plates are dipped in flux and then in solder at 50°C above the 
melting point of the solder and, b), allowed to air cool, c) This pretinned block 
is assembled with .5-mm (20-mil) wire spacers and, d), dunked in solder at 
100°C above its melting point, e) Finally, the block within the solder within 
the two crucibles is quenched in ice water.
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Figure 2.4. Eutectic regions surrounding proeutectic particles in a) Pb-rich (50Sn-50Pb) 
and b) Sn-rich (63Sn-37Pb) off-eutectic alloys. "Sn halos" can be seen 
surrounding the Pb-rich regions in a). In b), the Sn-rich proeutectic are much 
more effective at nucleating the lamellar eutectic material.

XBB 912-987A
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c) /. .V- .\

*0

Figure 2.5. Diagram illustrating the development of a colony structure. In a), lamellae 
grow out of a substrate from which it nucleated. During solidification, 
impurities are rejected to the liquid (partition coefficient less than 1, the usual 
case) from both solidifying phases. Eventually, this impurity segregation can 
lead to a cellular breakdown of the solidifying interface as in b). Due to the 
curvature of the interface, the lamellae, which always grow perpendicular to 
the interface, must bend, c) Growing on higher energy planes, these curved 
lamellae in the cell or colony boundaries sometimes break down into a more 
globular structure with a lower overall surface area.

4
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Figure 2.6. a) As-cast eutectic joint microstructure. The micrographs in b) and c) were 
taken on a scanning electron microscope and thus have contrast reversed to that 
in the optical micrograph of a). In b), a more lamellar region is shown. The 
parallel lamellae separated by globular regions are evidence of cellular 
solidification. In c), a more globular region is shown.

XBB 914-2863
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Figure 2.7. Eutectic grain/colony boundary region. This picture was taken from a bulk, 
air-cooled 63Sn-37Pb ingot and illustrates the microstructure within a 
boundary. In a eutectic microstructure, the boundaries are not planar as they 
are in a single-phase alloy. They consist of two phases and have a thickness 
associated with them due to the irregularities in the structure caused by 
solidification as two interfaces approach one another (eutectic grain boundary) 
or as the interface becomes curved during cellular solidification (colony 
boundary). XBB 912_961A
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Figure 2.8. As-cast 60Sn-40Pb solder joint in a double shear specimen made of copper.

XBB 912-979A
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a)

b;

Figure 2.9. Eutectic double shear specimen polished and crept at 75°C with a 20-kg load 
into the secondary, steady-state creep regime. Nonuniform deformation 
results in the surface relief shown in a). Long straight shear bands exist in 
part of the joint. Repolishing of the specimen in b) shows that these long 
shear bands do not correspond to a coarsened band but must be present due 
to inhomogeneities in the as-cast microstructure.

XBB 911-434A



93

Figure 2.10. Eutectic double shear specimen polished and crept at 75°C with a 20-kg load 
into the secondary, steady-state creep regime. Nonuniform deformation 
results in the surface relief shown. In a), the colonies appear to move as 
blocks. The fact that the entire colony is in focus and that there are large 
steps on the surface at the boundaries indicates that most of the deformation 
occurs in the boundaries. In b), a step at the surface of the solder joint 
indicates how much deformation can concentrate within the shear bands 
when they are relatively long and straight. In c), the step in b) is shown at 
higher magnification.

XBB 913-1895A
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Figure 2.11. Surface relief showing nonuniform deformation following creep of a 63Sn- 
37Pb solder joint. In some regions of the joint (A), long straight shear bands 
form allowing a great amount of deformation to concentrate there. In other 
regions (B), no colony boundaries line up to form fairly straight paths 
parallel to the direction of the applied shear strain.

XBB 913-1893A
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Figure 2.12. Methods by which an "obstacle" region can be cut by a shear band or 
coarsened band, a) If two shear bands line up parallel to the applied shear 
strain but separated by a less-deformable "obstacle" region, then deformation 
will concentrate within the "obstacle" region simply due to the geometry of 
the loading locally (i.e. geometric strain localization), b) If only one shear 
band is present, then a coarsened band can cross the obstacle by mode II 
crack-like propagation.
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180 pm

Figure 2.13. Coarsened band in a 63Sn-37Pb solder joint isothermally fatigued with 6% 
strain amplitude at 75°C. The coarsened band propagated along colony 
boundaries which lined up approximately parallel to the applied shear strain, 
but propagated around the "obstacle" region denoted by arrows where no 
colony boundaries lined up with the shear band. The deformation pattern 
following fatigue of this joint probably looked similar to that in Figure 2.11. 
If fatigue had been continued, this "obstacle" would eventually have been cut 
by one of the mechanisms shown in Figure 2.12.

XBB 912-972A
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Figure 2.14. Crack in sheared 63Sn-37Pb solder joint. In the as-polished condition, Sn- 
Sn grain boundaries are seen ahead of the blunt crack. Because grain 
boundaries are not generally revealed during polishing in the as-cast 
condition, these visible grains are likely the product of recrystallization ahead 
of the crack. If so, the recrystallization zone ahead of the crack is on the 
order of the crack tip opening displacement.

XBB 912-966A
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Figure 2.15. Two examples of Sn-Pb eutectic colonies nucleated at the 
Cu(intermetallic)/solder interface. This heterogeneous nucleation results in a 
colony boundary which runs along the joint. Sometimes the colonies are 
very distinct as in a), but at other times, they are somewhat degenerate and 
less clear as in b). In both cases, however, the boundaries are relatively soft 
and approximately parallel to any applied shear strain.

XBB 912-981A
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Figure 2.16. Coarsened band which formed along colony boundaries in a eutectic Sn-Pb 
solder joint isothermally fatigued with a 10% strain range at 75°C.

XBB 913-1892A
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Figure 3.1. Water-quenched bulk 63Sn-37Pb ingot. Quenching results in a fairly 
uniform dispersion of Pb grains within a Sn matrix.

XBB 912-985A
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Figure 3.2. One set of grips used to measure solder joint shear strengths. Grooves cut at 
a 45° angle 0.1 mm deep were cut into the inside of each of the gripping 
plates. The screws used had 4/40 thread.
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a)

b) “I 14 mm

Figure 3.3. a) Specimen grips used for solder joint shear strength measurements. This 
design allowed room for wider specimens and less bending of the specimen 
during testing than the grips of Figure 3.2. b) This plate, machined as 
shown, was used for centering the double shear specimen within the grips.
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Figure 3.4. Grips designed and made to allow centered loading of a specimen during 
stroke-controlled fatigue. Stainless #100 mesh screens were used between 
the specimen and the gripping plates to increase the friction there. The upper 
grip was attached to the pull rod with a threaded junction, and the bottom grip 
was attached to the compression frame with a clamp to minimize through- 
zero load displacements.
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Figure 3.5. Double shear specimen modification for specimen alignment in isothermal 
fatigue grips. Aligning holes were centered in the 6.4-mm (1/4-inch) Cu 
plate prior to assembling and dunking the block. Solder within the holes was 
later removed by carefully filing without increasing the size of the hole. An 
extensometer was placed between pins positioned as shown on either side of 
the deforming solder joints.
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Time at Room Temperature (weeks)

Figure 3.6. Normalized shear strengths (shear strength of aged specimens divided by 
initial strength of specimens from the same batch) of 63Sn-37Pb solder joints 
aged at room temperature. The average initial shear strength tested 9 days 
after casting was 31 ± 1 MPa.
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Figure 3.7. Elongation to maximum load of 63Sn-37Pb solder joints as a function of 
room temperature aging time.
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Figure 3.8. Average elongations of aged 63Sn-37Pb solder joints divided by the average 
initial elongation for each block, or batch, of specimens.
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Aging Time at 110°C (weeks)

Figure 3.9. Normalized shear strengths of 63Sn-37Pb solder joints aged at 110°C. Each 
point represents the average of two specimens except the intial strength which 
was 31 MPa for one specimen.
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Figure 3.10. Double shear specimen 63Sn-37Pb solder joint microstructures typical of a) 
the initial condition and after aging at room temperature for b) 3 months, c) 6 
months, d) 9 months and e) 15 months.
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Figure 3.11. Typical Block 4 63Sn-37Pb solder joint microstructures for the a) initial
condition and b) after aging 15 months at room temperature.

XBB 912-1891A
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Figure 3.12. Typical 63Sn-37Pb solder joint microstructures a) 9 days after casting and blafter 1 month at 110°C. ’

XBB 911-431A
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Figure 3.13. Typical 63Sn-37Pb solder joint microstructures after a) 1 week and b) 1
month at 110°C.

XBB 912-1889A
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Aged and Unaged 63/37 Joint Fatigue Data

• As-Cast 63/37

□ 63/37 Aged 1.5 yr

Strain

Figure 3.14. Fatigue life (cycles to 30% drop in load) as a function of strain range for 6- 
and 18-month old 63Sn-37Pb double shear specimens.
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Figure 3.15. Coarsened band running along a 6-month old 63Sn-37Pb solder joint 
fatigued at 75°C with a 10% strain range to 30% load drop. XBB 398_6545B
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Figure 3.16. Fatigue crack running through a 1.5-year old 63Sn-37Pb solder joint fatigued 
at 75°C with a 10% strain range to 30% load drop.

XBB 911-432A
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Figure 3.17. Microstructure near a crack in a 1.5-year old 63Sn-37Pb solder joint fatigued 
at 75°C with a 10% strain range to 30% load drop polished to reveal Sn-Sn 
grain boundaries.

XBB 912-968A
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Figure 3.18. Typical stress amplitude vs. cycle curves for isothermal fatigue of the Sn-Pb 
solders shown at 75°C with a strain range near a) 10% and b) 5%.
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Strain

b)

+ 5/95

Strain

Figure 3.19. Isothermal fatigue life, defined as the number of cycles to a 30% drop in 
stress amplitude, as a function of applied strain range for the a) eutectic-rich 
and b) Pb-rich Sn-Pb solders shown tested at 75°C under stroke control.
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Figure 3.20. Stress reached after the first peak strain (1/4-cycle stress) as a function of 
composition for 5 and 10% strain ranges.
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Figure 3.21. As-cast microstructures of the eutectic-rich a) 63Sn-37Pb, b) 50Sn-50Pb and 
c) 40Sn-60Pb alloys xbb 898-6545C
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a)

b)

Figure 3.22. As-cast microstructures of the Pb-rich a) 20Sn-80Pb and b) 5Sn-95Pb 
alloys.

XBB 898-6546B
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Figure 3.23. Cross sectional micrographs of the as-cast a) 50Sn-50Pb and b) 40Sn-60Pb 
joint microstructures. Cross sections are oriented as is the specimen 
schematic.

XBB 913-1894A
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Figure 3.24. Proeutectic particles from a 40Sn-60Pb double shear solder joint. Taken in 
the SEM, the contrast of this micrograph is opposite to that of optical 
micrographs: the lighter regions are the Pb-rich phase and the darker regions 
correspond to the Sn-rich phase. Both very fine (A regions) and very coarse 
(B regions) Sn precipitate morphologies can be seen in regions of these 
proeutectic panicles. XBB 912_974A
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Composition

Figure 3.25. Schematic illustration of the Pb-rich region of the Sn-Pb eutectic phase 
diagram showing phase compositions during undercooling. The liquid and 
the Pb-rich solid phases will follow the dashed lines shown during 
undercooling of a hypoeutectic alloy. When sufficient undercooling for the 
nucleation of Sn is reached, Sn will nucleate in the Sn-rich regions of the 
liquid surrounding the primary Pb-rich particles (A). When the liquid 
surrounding these Sn-rich regions reaches the eutectic composition, eutectic 
will be nucleated with a resultant rise in temperature (B).
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Figure 3.26. As-cast a) 50Sn-50Pb and b) 40Sn-60Pb double shear solder joint 
microstructures. The eutectic regions removed from the proeutectic particles 
in the 40Sn-60Pb alloy appear finer, more lamellar and less degenerate than 
those of the 50Sn-50Pb alloy. XBB 912-969A
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Figure 3.27. A eutectic region (white) in the as-cast 5Sn-95Pb double shear specimen 
solder joint. The presence of eutectic islands suggests that solidification 
occurred at a nonequilibrium rate.

XBB 912-965A
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Figure 3.28. Double Cu6Sn5 (r|) and Cu3Sn (e) intermetallic layers in a) 40Sn-60Pb and 
b) 20Sn-80Pb double shear specimen solder joint interfaces. The dark, thin 
layer more easily seen in (a) adjacent to the Cu is e while the elongated 
whiskers growing into the solder are ri.

XBB 912-973A
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Figure 3.29. Deformation patterns formed in the eutectic-rich a) 63Sn-37Pb, b) 50Sn- 
50Pb and c) 40Sn-60Pb alloys. The double shear specimens were polished 
to O.OSpm, fatigued with approximately a 10% strain range at 75°C and 
observed optically with no post-fatigue surface preparation.

XBB 898-6766B
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a)

b)

Figure 3.30. Deformation patterns formed in the Pb-rich a) 20Sn-80Pb and b) 5Sn-95Pb 
alloys. The double shear specimens were polished to 0.05pm, fatigued with 
approximately a 10% strain range at 75°C and observed optically with no 
post-fatigue surface preparation.

XBB 898-6766A
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Figure 3.31. Deformation pattern formed in the Pb-rich 5Sn-95Pb alloy. The double sheai 
specimen was polished to 0.05pm, fatigued with approximately a 5% strain 
range at 75°C and observed optically with no post-fatigue surface 
preparation.F ^ XBB 913-1886A



Figure 3.32. Fatigue cracks in a 5Sn-95Pb solder joint fatigued with approximately a 10% 
strain range at 75°C. Often, several cracks grew from each stress 
concentration, but usually only one crack oriented along the direction of shear 
continued to grow during fatigue. No cracking was seen throughout the 
solder joint away from the stress concentration or the principle cracks. 
Cracking is seen to occur along grain boundaries.

XBB 913-1896A



132

a)

b)

Figure 3.33. Pb-rich a) 20Sn-80Pb and b) 5Sn-95Pb solder microstructures following 
fatigue with between 5 and 10% strain range at 75°C.

XBB 898-6545D



133

Figure 3.34. Intergranular cracking in the Pb-rich 20Sn-80Pb alloy due to fatigue at 75°C 
with between 5 and 10% shear strain ranges.

XBB 913-1885A
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a)

-■

Figure 3.35. Eutectic-rich a) 63Sn-37Pb, b) 50Sn-50Pb and c) 40Sn-60Pb solder 
microstructures following fatigue with between 5 and 10% strain ranges at 
75°C.

XBB 898-6545E
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Figure 3.36. Coarsened band in a 40Sn-60Pb solder joint fatigued at 75°C with a 10% 
shear strain range.

XBB 898-6768A
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Figure 3.37. Cracking within the coarsened band of a solder joint fatigued at 75°C with a 
10% strain range.

XBB 912-986A
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Figure 3.38. Coarsened band in a 40Sn-60Pb solder joint fatigued at 75°C with a 10% 
shear strain range. Coarsened bands were often observed to end at Pb-rich 
proeutectic particles.

XBB 913-1884A
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Figure 3.39. The Nb-Sn phase diagram. [Adapted from the Nb-Sn phase diagram 
published in Binary Alloy Phase Diagrams. Vol. 2, ed. by T.B. Massalski, 
ASM, Ohio (1986)]
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Figure 3.40. Microstructure from early attempt at adding Nb powders to eutectic Sn-Pb 
solder. The large particles are of NbSn2 reacted between the Nb powders 
and the molten Sn during cooling following the pretinning operation. The 
residual Nb powders (white spots) are embedded within these large particles. 
The large NbSn2 particles are surrounded by the eutectic solder to which they 
were later introduced. XBB 908-7094B
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Figure 3.41. Nb powders successfully introduced to eutectic solder followed by a water 
quench. xbb 909-7481A



141

Figure 3.42. Nb powders from the same ingot as in Figure 3.41 but remelted and air 
cooled. The fact that lamellae grow perpendicular to the Nb powders 
suggests that the Nb powders nucleate the eutectic phase and are therefore 
wet by the solder melt.

XBB 900-8681A


