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Abstract : While sub- and grain-boundaries are the primary dislocation sources in L1,
alloys, yield and flow stresses are strongly influenced by the multiplication and exhaustion of
mobile dislocations from the secondary sources. The concept of enhanced microplasticity at
grain boundaries due to chemical disordering is well supported by theoretical modeling, but no
conclusive direct evidence exist for Ni;Al bicrystals. The strong plastic anisotropy reported in
TiAl PST crystals is attributed in part to the localized slip along lamellar interfaces, thus lowering
the yield stress for soft orientations. Calculations of work of adhesion suggest that, intrinsically,
interfacial cracking is more likely to initiate on y/y-type interfaces than on the ¢,/y boundary.

As compared to fcc metals and alloys, ordered intermetallic compounds of the L1, structure are
generally known to possess high strength at elevated temperatures due to the relatively low
atomic diffusivity and dislocation mobility. The anomalous (positive) temperature dependence of
yield stress observed in certain ordered intermetallics of relatively high ordering energy, e.g.,
Ni;Al [1,2], has been the subject of active research in recent years [3-7]. The role of interfaces
in creating the mobile dislocations that are responsible for the yield stress anomaly in L1, alloys
has not been adequately addressed, however, and is one of the objectives of this overview paper.

L. Introduction

In addition to this intrinsic thermal strengthening there is also the phenomenon of what
has been often assumed to be the “intrinsic” brittleness of grain boundaries (GBs) in ordered
intermetallics [8]. This assumption is based on the low value of grain-boundary cohesive
energy, which leads to an explanation that the dramatic improvement in room temperature
ductility of NizAl by small boron addition and hypostoichiometric deviation [9,10] is due directly
to the strengthening of GBs by boron segregation there. An alternative theory based on
enhanced slip transfer across GBs has also been proposed, leading to the correlation between the
degree of chemical disordering at GBs and localized plasticity at the GBs instead of crack
initiation. Experimental and theoretical studies carried out to resolve this controversial issue
between the two theories were critically reviewed in the nine papers of a Viewpoint Set [11-19]
following the introduction [8]. As a prerequisite to explaining this boron ductilizing effect, it is
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important to understand nucleation and growth mechanisms of intergranular fracture in L1,
alloys, without extrinsic effects such as micro- and macroalloying and/or test environment, by
examining the cohesive strength of a GB, localized plasticity near the boundary, and the internal
stress state. Another objective of this paper is to summarize the crystallographic and physical
bases for intergranular fracture, emphasizing the intrinsic interfacial structure and properties.

In the case of Ti-rich two-phase TiAl/Ti3Al alloys, significant advances have been made
recently in understanding the role of interfaces in the deformation and fracture behavior of fully
lamellar microstructures, due largely to the controlled experimental investigations using the so-
called polysynthetically twinned (PST) crystals [20,21] and the theoretical calculations of bulk
and defect properties of the two constituent phases [22-28]. Still another objective of this paper
is to interpret available experimental data on the role of interfaces in deformation and fracture of
PST TiAl crystals in terms of the calculated results of surface and interfacial energies of various

homo- and heterophase interfaces [29].

There arise some difficulties when one makes a direct comparison between theoretical
concepts and experimental results. In theory, while any variation in properties due to a change
in the binary alloy composition is considered intrinsic to the alloy system, all other changes due
to micro- and macroalloying as well as environmental effects are regarded as extrinsic factors.
In practice, however, the so-called intrinsic properties are seldom measurable in intermetallic
alloys owing to residual trace elements in an alloy system and environmental impurities in a test
chamber. High solubility of interstitial oxygen in titanium aluminides and environmental
embrittiement effects in Ni;Al are two outstanding examples. According to a recent review [30],
the poor ductility of polycrystalline Ni;Al tensile tested in ambient air is due mainly to
environmental embrittlement, without which these Ni;Al alloys are now known to be quite
ductile. Scarce though the available experimental data may be, we will try to concentrate our
discussion on dislocations and interfaces in L1, alloys and TiAl-based alloys on the basis’ of

their “intrinsic” physical and mechanical properties.

II. Plastic Deformation by Slip

In order to assess the effect of long-range ordering on plastic deformation, a comparative
analysis based on the ordered and disordered structures is possible for an alloy in which the
order-disorder transition temperature is below its melting point (T, < T;,). Two good examples
are the L1,-fcc transition of CusAu at T, = 0.5 Ty, and the DO,y-hcp transition of Ti;Al at T, = 0.7
T On the other hand, the ordering energies for the L1, and L1, phases, respectively, in Ni;Al




and TiAl are so high that T, is above their peritectic and eutectic temperatures [31]. In the case of
Ni;Al a comparison analysis with Ni and Ni-Al alloys of the fcc structure may be attempted.

I1.1. Interfaces as Dislocation Sources

Dislocation sources and sinks and multiplication and annihilation mechanisms in metals and
alloys were summarized in two excellent review articles [32,33]. In “perfect” crystals with an
initial dislocation density of po<106 cm” and no sub-boundaries, the multiplication starts
generally from surface sources, and the dislocations traverse paths of the order of the crystal
diameter. The critical resolved shear stress (CRSS) is smaller than the Frank-Read (F-R) stress
calculated for dislocation segments between grown-in dislocations, since surface sources can be
activated more easily. In imperfect crystals with po>106 cm?, on the other hand, dislocation
multiplication starts first at sub-boundaries of minimum misorientation. The CRSS of these
crystals is of the order of the F-R stress calculated for the sub-boundary sources, and the glide
paths are of the order of a few times the subgrain diameters. In polycrystals each grain behaves

similarly to an imperfect crystal.

An overview of the current understanding of dislocation sources and multiplication
mechanisms for ordered intermetallic alloys of the L1,, B2, and DOy structures was made
recently [34]. The highlights of this overview relating to L1, alloys are summarized below.

IL.1.1 L1, Alloys

Using in situ straining electron and optical microscopic observations, Takeuchi et al. [35]
observed in NisGa single crystals multiplication process of superdislocations (dislocations,
hereon) starting from sub-boundaries, as shown schematically in Fig. 1. Dislocation motion of
the (111)[101] slip system at low temperatures (S500 K) was so quick and jerky that a direct
recording of the slip process was not possible with the available resolution of 0.03 s. Once
dislocations were multiplied on the {111} plane, they seldom moved again on the same plane
when they were oriented along the <101> screw direction. Essentially, the same features were
observed also in Ni3Al single crystals by Nemoto et al. [36]. More recent work of in situ
straining weak-beam transmission electron microscopy (TEM) investigation on NizAl [4]
revealed the so-called “locking-unlocking” behavior of screw dislocations when they moved at

300 K.

Curved configuration of {111}<101> dislocations in L1, alloys has been investigated in

details by post-mortem TEM [3,7]. The schematic drawing of Fig. 2(a) illustrates that either the
3




cross-slip pinning (CSP) of the outer superpartials [5] (the top half) or the immobilization by a
Kear-Wilsdorf (K-W) lock (the bottom half) causes the elongated shape of a glide loop
containing a distribution of macro-kinks or the so-called super-kinks. A high propensity for the
formation of long cross-slipped segments terminated by super-kinks was predicted by a
dynamical simulation of the motion of {111}<101> dislocations [6]. Between the two adjacent
long screw segments, secondary dislocation sources may be activated from super-kinks, as
illustrated schematically in Fig. 2(b), provided that the local stress is sufficiently high for the F-R

stress.

On the basis of the in-situ high-voltage electron microscopy (HVEM) observations
[35,36], it may be concluded that the macroscopic yield stress (0.2% proof stress) in Ni;Ga or
NizAl is determined by the activation of slip band sources (i.e., sub-boundaries as the primary
dislocation sources) rather than the mobility of multiplied dislocations. On the other hand, the
major conclusion from the recent post-mortem TEM [3,7] and dislocation dynamical analyses [6]
is that the principal role of cross-slip of screw dislocations is not in the reduction of dislocation
velocity, but rather in the exhaustion of the density of mobile dislocations by raising the back
stress exerted on the secondary dislocation sources. While these conclusions both emphasize the
importance of multiplication of slip dislocations rather than their mobility, there are some
important differences between the two insofar as the macroscopic yield and flow behavior is

concerned.

First, there are geometrical difficulties associated with expansion of the elongated primary
glide loops. When the loops expand primarily along one direction, in the direction of Burgers
vector by the motion of mobile edge dislocations, as shown in Figs. 1 and 2(a), the critical stage
for first revolution of F-R source anchored around the nodes located at a sub-boundary with the
spacing of I, would be extremely difficult to reach. On the contrary, the critical stage of a
secondary source, Fig. 2(b), can be overcome by the aid of dipole formation on a super-kink
when the long screw segments cross slip into the cube plane [3,7]. Therefore, while the primary
sources of mobile dislocations at sub-boundaries may make a significant contribution to the yield
stress, presumably in the early micro-yielding regime, it is the secondary sources at the super-
kinks that may be responsible for the yield and flow stresses, and hence the yield stress anomaly
in certain L1, alloys.

I1.1.2 TiAl Alloys

For the ordinary slip with the <110]/2 vector in y-phase TiAl alloys, a single-ended F-R source

developed from a jogged screw dislocation has been observed at room temperature, and different
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variants of the classical Bardeen-Herring dislocation climb sources at elevated temperatures [37].
In two-phase PST crystals, on the other hand, all the variants of y/y and the a,,/y semicoherent
interfaces are the primary multiplication sites for dislocations [37]. The internal stresses that will
effect these interfaces as dislocation sources are induced by the misfit strain due to the lattice

mismatch and the thermoelastic mismatch.

After relaxation by the creation of van der Merwe misfit dislocations, diffusion across the
interfaces, and cracking along the interfaces, these stresses are estimated to be of the order of 100
MPa according to the measurements of lattice parameters by Convergent Beam Electron
Diffraction (CBED) technique [38]. The residual coherency stresses were determined to be in the
range of 20-220 MPa by analyzing the curvature of dislocation loops which were emitted from
the network of interfacial dislocations [39]. In situ heating cycle of 300-994-300 K was found to
generate dislocations at lameilar interfaces, which gives an estimate of 70 MPa as the incremental
thermoelastic stress [40]. In contrast, the additional induced stress in Ti;Al of a PST crystal due
to the elastic incompatibility between TiAl and Ti;Al was estimated to be relatively small, viz., -9
% of an applied stress normal to the interface and +4 % in the parallel direction [27].

I1.2. Interaction of Slip with Interfaces

Figure 3 shows schematically slip-interface interactions which may lead to slip transfer and/or
initiation (top half) and cleavage or interfacial crack nucleation (bottom half). The latter will be
referred to in Sec. III. While the dislocations initiating from sub-boundaries or semicoherent
lamellar interfaces discussed above are the special cases of the upper-right of Fig. 3, GBs in
general may be also included in the present discussion.

A lattice dislocation can be absorbed into a GB as shown in the upper left of Fig. 3.
According to the coincident-site-lattice (CSL) theory of GBs, the Burgers vector of each lattice
dislocation may be decomposed into an integer multiple of displacement shift complete (DSC)
vectors. Also, for the case of slip transfer or transmission, an extrinsic GB dislocation (EGBD)
[41] resulting from the process must have a total Burgers vector strength equal to an integer
multiple of DSC vectors in order for the conservation of Burgers vectors to be maintained. Other
indirect transmission or reflection, such as absorption of lattice dislocations at a GB site causing
emission of dislocations at another site, across the interface or within the same grain, is merely a

combination of the two basic processes, absorption (or initiation) and transmission.




I1.2.1 Dislocation Reactions in L1, Alloys

Numbers of allowable dislocation reactions at GBs between the L1, and fcc crystal structures
were carried out earlier [42] by considering a total of 30 independent Burgers vectors of
superpartials, <101>/2, Shockley partials, <112>/6, and super-Shockley partials, <112>/3. The
results shown in Table 1 indicate that many of the possible dislocation reactions at GBs become
energetically unfavorable if chemical coordination must be maintained in the structure of the GB.
For those boundaries with Z=3N (Z is the volume ratio of the coincident unit to the crystal unit,
and N is an integer) the number of permissible dislocation reactions is reduced by a factor of four
as the crystal structure is changed from fully disordered (fcc) to ordered (pc). When £#3N, on
the other hand, the number of permissible transmission reactions is reduced by a factor of three,
but no absorption (or initiation) reaction is allowed when the GB region is fully ordered. This
result suggests that localized compositional disordering (hypostoichiometric, or Ni-rich NizAl) at
the vicinity of GBs may facilitate dislocation emissions from high-angle GBs, thus enhancing
generalized plasticity of a polycrystalline alloy.

There are several possible mechanisms by which GB disordering may contribute to
improved interfacial ductility: (a) for a given X value the DSC lattice of the fcc structure is finer
than that of the L1, structure, (b) the smaller the Burgers vector of product dislocations, the
lower the elastic energy of a dislocation reaction, (c) the relatively lower elastic constants at the
GB region, (d) the smaller back-stress on following dislocations in a pile-up, and (e) the easier -
motion of EGBDs by a mixed glide-climb motion, which is the most important means of

relieving the back stress.

While experimental evidence for localized disordering at a coherent twin boundary in
CusAu exist [43], no conclusive evidence for compositional disordering is available for GBs of
NisAl alloys [13-19]. In general, TEM observations of dislocation pile-ups and cracks in NizAl
polycrystals were made without performing GB character analyses. A few exceptions are cited
below. A high resolution TEM study on a £=5 (130) “tilt” boundary showed no detectable
region of compositional disorder [19]. Several different large-angle GBs, with misorientation
close to £=39b, =15 and X=3, in a boron-doped alloy did not show any degree of disordering
[44]. Small-angle twist, mixed, and tilt boundaries (8 < 7°), and large-angle twist boundaries
(near Z=5) were ordered up to the vicinity of the interface, but a disordered region of =1.5 nm

thickness was present at a large-angle GB doped with boron [18].




In general, the concept of localized disordering at GBs has been supported by theoretical
modeling analyses. For example, the cohesive energies of GBs (2=13 twist and tilt, and X=15
tilt) determined by the embedded atom method (EAM)-Monte Carlo (MC) simulation were found
to be comparable for Ni and NizAl [11]. This result points out the importance of localized
plasticity in explaining the degree of GB brittleness. Another MC simulation study showed that
only partial disordering of the planes immediately adjacent to the £=5 (130) boundary occurred
in Ni-rich Ni;Al alloys both with and without boron [19]. An atomic simulation using the
Finnis-Sinclair type potential showed that the “intrinsic” brittleness of a £=5 (130) GB is related
to the formation of atomic size cavities, as a part of the structural unit, in an L1, alloy of high
ordering energy such as stoichiometric Ni;Al [11].

11.2.2 Plastic Anisotropy in TiAl Crystals

Yield strength and tensile elongation of PST TiAl crystals are strongly orientation dependent
[45]. While in the hard orientation of @ = 90° (® is the angle between the lamellar plane and the
uniaxial loading direction) the yield stress is in excess of 500 MPa and tensile elongation is
essentially zero , the yield stress of about 100 MPa associated with 20 % ductility is obtained at a
soft orientation (@ = 30°). This strong plastic anisotropy is attributed, in part, to the marked
difference in yield strength between Ti;Al and TiAl [44]. Since the yield stresses at the soft
orientations (® = 30°-51°) are lower than those of single-phase y-TiAl alloys at some orientations
[46,47], the role of both a,/y and y/y interfaces in slip and twinning behavior in PST crystals

needs to be examined more in detail.

Table 2 summarizes our recent first-principles calculations of interfacial energies and fault
energies, including atomic relaxation [29,48]. The pseudo-twin boundary energy is highest, I'p
=270 mJ/m>, and the true-twin boundary energy is lowest, I'r = 60 mJ/m®. Planar fault energies
at pseudo-twin and 120°-rotational interfaces are markedly different from those in the bulk y-
phase. That is, the anti-phase boundary (APB) and complex stacking fault (CSF) energies, Expp
and Ecsr, decrease by about half and the superlattice intrinsic stacking fault (SISF) energy, Esisrs

increases approximately threefold.

A comparison analysis of the shear fault energies in the bulk (o,-phase) _and at the two-

phase interface was made earlier [28], and the results are shown in Table 3. The shear fault
energies at the 0,,/y interface are found to be lower than those on the crystallographic habit

planes, (0001) and (111), in the bulk o,-phase and y-phase, respectively.

An ordinary dislocation of Burgers vector, [110}/2, is dissociated into a pair of Shockley
partials on either the (111) or (I11)slip plane by,
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[110)/2--> [211}/6+ CSF + [121]/6, (1)

where Ecgr = 530 mJ/m’ in the v-bulk gives the equilibrium width of d = 0.23 nm at the screw
orientation. This is schematically illustrated in the y; matrix in the middle of Fig. 4. Due to the
lower values of Ecsr at the y/y-type interfaces (the last column of Table 2) and at the 0/y
interface (the bottom row of Table 3), relatively wider dissociations at the interfaces are expected,
the widest being at the /Y interface with d = 0.55 nm (if the same elastic interaction between
the partials as in y-bulk is assumed). According to the classical Peierls concept (the wider the
dissociation configuration of a dislocation, the more mobile the dislocation is), the mobility of
[110)/2screw dislocation is expected to be slightly reduced along a true-twin boundary, but
significantly enhanced along all other types of interface when its glide plane is confined along the
interface (i.e., “soft” mode dislocations). On the other hand, for shear deformation proceeding
on the (111) plane intersecting the lamellar interfaces, the interfaces can act as an effective barrier,

thus impeding propagation of slip across the interfaces (i.e., “hard” mode dislocations).

Because of more complex dissociation configuration, involving all three types of the
planar faults, the role of interfaces in the relative mobility of superdislocations of <101] Burgers
vector is more complicated than of ordinary dislocations. As far as ordinary dislocations are
involved, the enhanced mobility along these lamellar interfaces supports the notion of “channeled
dislocation motion” [49] or “supersoft deformation mode” [50] in lamellar TiAl. A recent
experimental investigation by Kad and Asaro [51] provides a direct evidence of y/y interface

sliding in PST-TiAl deformed in compression at room temperature.

III. Twinning and Microcrack Nucleation

The top-half of Fig. 3 represents the onset of plastic deformation of one grain (right) under the
influence of slip-interface interaction from the adjacent grain (left), which may give rise to a Hall-
Petch type relationship for the yield stress. Alternatively, a situation may favor the nucleation of
microcrack of either cleavage or interfacial type, as shown in the bottom-half of Fig. 3, which
may be controlled by Stroh’s mechanism.

In general, nucleation of microcracks at a GB depends on the cohesive energy, G,

localized plasticity near the GB, and the internal stress state. The cohesive energy related to a
cleavage crack is G, = 27,, where 7; is the surface energy. Whereas, the cohesive energy of a
specific GB, Gp = 2Y; - I, (I'p is the GB energy), depends on the GB character and structure and
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its chemical state of long-range order (intrinsic effect) and solute segregation (extrinsic effect).
The energy dissipation by localized plastic deformation is directly controlled by the stability and
mobility of lattice dislocations and EGBDs. In addition, twin nucleation may intervene as a
competitive process against the microcrack nucleation, depending on appropriate material
properties. For instance, while deformation twinning of the {111}<112>/6 system is inherently
difficult in the L1, structure because of the necessary interchange shuffling on every other twin
plane [52], it becomes an important deformation mode in the L1, structure [53], particularly in y-
TiAl with the low true-twin boundary energy of I't = 60 mJ/m’ (Table 2).

II1.1 Grain Boundaries

On the basis of the theory of dislocation pile-ups [54], the critical shear stress necessary for
microcrack nucleation was expressed earlier [55], for a special two-dimensional case, as

Te =1 (A2D)12 [G()/H($)]2, )

where [ is the length of a dislocation pile-up, A = Kb/2x, K is the energy factor and b is the
magnitude of Burgers vector of a dislocation, and H is the orientation-dependent stress-
concentration factor in terms of the angle, ¢, defined as in Fig. 3. The higher the ratio of two
orientation-dependent factors, H/G, the easier the crack nucleation would be. The orientation
dependence of H with respect to ¢ is shown in Fig. 5. When dislocations in the primary slip
system, (111)[101] are parallel to the [110] tilt axis, they have the mixed character (§ = 60°). The -
ratio of the energy factor for edge component to that of screw is K/K = 1.8. Nucleation of the
most general mixed mode (I-II-II) crack is much more likely than of the pure mode-I crack,
particularly at low angles (¢ < 70.5°%), as far as the stress concentration is concerned.

Surface energies of the {111}, {100}, and {110} potential cleavage planes were
calculated by atomistic simulations using the EAM for several fcc metals [56,57] and NisAl [58]
(Table 4). Since the {100} and {110} planes in Ni3Al are composed of alternating mixed Ni-Al
planes and pure Ni planes, the cohesive energies for these two cleavage planes are the sums of
the two values of surface energy listed in Table 4. The GB cohesive energy listed in Table 4,
<Gyp>, is the average value of Gy's for eleven [001] symmetric tilt boundaries [56]. The ratios
of the calculated H's and these cohesive energies, viz., 2H/G, and 2H/Gy, are listed in Table 5

for nine different [110] symmetric tilt boundaries.

The most important conclusion of this calculation was the prediction of cleavage crack
initiation in Ni3Al rather than intergranular cracking [55]. In all cases, but for Z=17b, (111)

cleavage crack nucleation was predicted. When a symmetric double pile-up happens to occur, in
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which case the magnitude of H can be doubled, intergranular fracture is possible in most cases
considered in Table 5. There are still exceptions, i.e., £=19a and Z=33a. Experimental
information on how intergranular fracture depends on the GB character is scarce and limited to
only a few materials [59], e.g., Ni3Al [60], and controlled experiments using bicrystals samples
of Ni3Al have not been performed.

II1.2 Heterophase Interfaces

Using the ideal cleavage energies, G, calculated earlier [27] and the interfacial energies, I,

obtained recently [29], one can evaluate interfacial fracture energy, the work of adhesion, by
Gi=G¢-T;-Enp, (3)

where E, is the misfit energy estimated using the Frank and van der Merwe method [61]. The
calculated results are summarized in Table 6. Because of the approximations involved in
determining the interfacial and misfit energies, the final interfacial fracture energies are only
estimates. Nevertheless, these results enable us to set a relative measure of interfacial fracture

mode.

According to the calculated interfacial fracture energies (Table 6), cleavage cracking is
least likely to occur on true-twin boundaries and most likely on ol,/y boundaries. While this is
consistent with the recent experimental findings of three-point bending tests of Chevron-
notched PST crystals of TiAl [62], a more recent work shows (0001) cleavage within the o,
phase [63]. In the fracture tests using microcompact tension specimens of TiAl PST crystals
[21], it was found that a microcrack was initiated on the o, plate and easily developed into a
main crack on the (0001) plane, finally leading to failure because of the hydrogen embrittlement
of the o, phase. Though the intrinsic cleavage energy of the (0001) plane in the o, phase is,
G, =438 Jm? [27], higher than those of any other interfaces listed in Table 6, it could be
reduced appreciably, below the value of 3.8 Jfm’, due probably to the relatively high solubility
of interstitials (hydrogen, in this case) in the o, phase.

Deformation twinning by {111}<112)/6 and ordinary slip by {111}<110)/2 are the two
primary modes of plastic deformation in two-phase TiAl/Ti;Al alloys at room temperature.
Just as for the ordinary slip dislocations, both y/y and o/y interfaces are predominantly the
sites for twin nucleation. Across Yy domain boundaries of pseudo-twin or 120°-rotational
type, slip-twin (or twin-slip) transfer often takes place during the soft-mode deformation [45].

The essence of interfacial sites for nucleation of deformation twins is further reinforced by the
10




recent experimental results on single-phase Y-Ti-56%Al single crystals showing that twinning

is much more difficult in the absence of lamellar interfaces [46,47].

Once a cleavage crack is nucleated in TiAl, a coplanar process zone consisting of
ordinary slip dislocations and true-twinning partial dislocations may form at the crack tip. This
is because of the fact that a {111} plane is not only of the lowest cleavage energy [27], but also
the slip and twinning plane. Therefore, a (111) cleavage crack may propagate across a series
of y/y interfaces under the influence of mode-I and mode-III components of external loading
applied to the coplanar (111)[112]twinning (edge) and (111)[110] ordinary slip (screw),
leading to translamellar fracture. This egfect of mode mixity was illustrated in terms of crack-
tip stress fields [27] and directly observed in a TEM investigation [64].

IV. Discussion

In polycrystalline single-phase intermetallic alloys, grain boundaries are the most important
interfaces because they offer the sites not only for dislocation emission and absorption, but also
for microcrack initiation. Yield strengths of polycrystalline L1, alloys generally exhibit the Hall-
Petch relation, i.e., the strength dependence on the reciprocal square root of -grain size. In L1,
alloys that exhibit yield stress anomaly such as Ni;Al, Ni;Si, and Ni3Ga, etc., the peak stress in
a yield stress vs. temperature plot from a polycrystalline sample may be obscured due to this
additional GB hardening effect at low temperatures.

As far as the yield stress of PST TiAl crystals is concerned, the apparent Hall-Petch
relation was first observed with respect to the /v interfacial spacing in the samples at the hard
orientation of @ = 90° [65], and this was discussed as a contributing factor to the orientation
dependent yield and fracture observed in the PST crystals {49, 66]. According to the model
based on the Hall-Petch theory applied to both cases of the soft and hard modes [67], the most
important, but the least understood, material parameter was recognized to be the so-called 7*, the
shear stress needed to push a dislocation across the interfaces. More recently, an exceptionally
high yield strength, together with relatively high fracture toughness, has been obtained in fully
lamellar Ti-47Al-2Cr-2Nb (in atom %) alloys with fine grain size and lamellar spacing [68]. The
yield strength at room and elevated temperatures was shown to be sensitive to interlamellar
spacing, increasing in strength with decreasing colony size (PST crystalline sub-grain size). In
this case of fully lamellar polycrystalline microstructure, where three different length scales
(lamellar spacing, colony size, and grain size) are involved, the Hall-Petch relation will not

necessarily apply and a more extended series of dislocation pile-up modeling is needed [69].

11




So far, the interaction of slip with interfaces has been discussed in terms of a dislocation
pile-up model under a static equilibrium condition. This model cannot be applied to treat
dynamic or quasi-static aspect of a stress concentration, which may strongly influence the effect
of temperature and strain rate on yield stress and fracture strain of polycrystalline or muitilayered
materials. A preliminary analysis indicated that kinetics of dislocation reactions at an interface
resulting from the leading dislocation of a pile-up is far more important than any energetic factors
involved [70]. In other words, how effectively the reaction products move away from the site of
intersection (Fig. 3) seems to be crucial to whether or not the following dislocations can be

incorporated into the interface.

V. Summary

In this review paper, the role of interfaces in deformation and fracture behavior in ordered
intermetallic alloys was discussed by taking L1, alloys and titanjum aluminides as example

cases. The major findings are summarized as follow:

1. In L1, single crystals, sub-boundaries are the primary sources for dislocations, and the
macroscopic flow stress is controlled by the multiplication and exhaustion mechanisms for

mobile dislocations.

2. While the role of chemical ordering in localized plasticity at grain boundaries is well
established theoretically for the L1, structure and confirmed experimentally for CusAu, no

conclusive direct evidence exist for Ni;Al bicrystals and polycrystals.

3. In Ti-rich two-phase TiAl PST crystals, semicoherent interfaces are the main dislocation
sources, and the localized deformation by ordinary slip, preferentially along the two y/y-type
and the o,/y lamellar boundaries, lowers the yield stresses at soft orientations, contributing to

the plastic anisotropy.

4. The effect of mode mixity in TiAl (i.e., mode-III and mode-II loading components on a
mode-I crack) is to induce coplanar slip and twinning, leading to translamellar fracture on
{111} planes across 7Y,/¥, interfaces.

5. According to the calculated work of adhesion, in two-phase TiAl alloys, interfacial cracking
is intrinsically more likely to be initiated on y/y-type interfaces than on /Y boundaries.
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Figure Captions

Fig. 1 Schematic view of self-trapping process of source dislocations bowing out from sub-
boundary (from [35]).

Fig. 2 Frank-Read loop formation from (a) a primary source with the anchor points of
separation /y and (b) the secondary source from a macro-kink with the kink height of h.

Fig. 3 Interaction of dislocations with a grain boundary.

Fig. 4 CSF energies and dissociation of screw [110]/2dislocations in PST crystals.

Fig. 5 Angular dependence of the stress concentration at an interface of [110] symmetric tilt-
boundaries due to (111)[101] or (111)[011] dislocation pile-up.

DISCLAIMER

This report was prepared as an account of work sponsored by an agency of the United States
Government. Neither the United States Government nor any agency thereof, nor any of their
employees, makes any warranty, express or implied, or assumes any legal liability or responsi-
bility for the accuracy, completeness, or usefulness of any information, apparatus, product, or
process disclosed, or represents that its use would not infringe privately owned rights. Refer-
ence herein to any specific commercial product, process, or service by trade name, trademark,
manufacturer, or otherwise does not necessarily constitute or imply its endorsement, recom-
mendation, or favoring by the United States Government or any agency thereof. The views
and opinions of authors expressed herein do not necessarily state or reflect those of the
United States Government or any agency thereof.
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Table 1. Number of Allowable Reactions at Gbs

in the L1, Structure
Absorption Transmission
Z=3N Z # 3N Z=3N 2 # 3N
Disordered 12 6 288 216
Ordered 3 0 72 72

[Possible 30] [Possible 1800]




Table 3. Calculated Shear Fault Energies at the TiAl/Ti,Al Interface (in Units of mJ/m?)

Plane APB SISF CSF
(111) TiAl 560 90 530
(0001) Ti,Al 300 320
TiAUTi,Al 280 20 220

Table 2. Interfacial Energies of y/y Lamellar Boundaries in TiAl (in Units of mJ/m?)

hgge“e 6 £=0 %<101] -é—[l 12] %<§1 1]
T, APB SISF CSF
Bulk 0° 0 560 90 530
Pseudo-twin 60° 270 270 270 270
Rotational 120° 250 250 280 280
True-twin 180° 60 550 60 550

Table 6. Interfacial Fracture Energies in Two-Phase TiAl

(in Units of J/m?)
Interface G, T E, G,
Y
PT (60°%) 4.5 0.27 ~4.2
RB (120°) - 4.5 0.25 0.03 4.2
TT (180°) 4.5 0.06 ~4.4
oLy 4.65 0.10 0.07 4.5




Table 4. Surface Energies and GB Cohesive Energies
Calculated Using the EAM (in Units of J/m?)

Y, G,
111) (001) (110) (HKL)/[001]
Cu 1.17 1.28 1.40 2.0
Al 0.82 0.82 0.96 1.7
Ni 1.45 1.58 1.73 2.9
Ni,Al 1.65 1.62¢ 1.73 3.0
1.89” 1.92°

aMixed composition planes.
bPure nickel planes.




Table 5. Orientation Factors for Crack Initiation at [110] Symmetric
Tilt Boundaries in Ni,Al (in Units of m*/J)

2H/G, 2H

T (HKL) —

(111) (001) (110) G,

3 (1) 0.56 0.48 0.55 0.49

9 (221 0.61 0.48 0.43 0.35

11 (332) 0.61 0.47 0.50 0.40
17 (339) 0.52 0.51 0.55 0.55
19° (331) 0.59 0.50 0.34 0.29
27° (552) 0.60 0.49 0.38 0.31
33 (437) 0.56 0.52 0.29 0.26
33 (554) 0.59 0.47 0.53 0.44

41° (443) 0.59. 0.47 0.52 0.43




