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1 Abstract

In multicomponent Al-Ce alloys, and especially after additive manufacturing (AM), complex and 
metastable solidification microstructures are frequently observed. In this research, the relationship 
between solidification conditions and phase selection are explored for an Al-10Ce-8Mn (wt.%) alloy 
using a systematic study of laser melting conditions. Three solidification modes were observed: primary 
Al10Mn2Ce; primary Al20Mn2Ce; and eutectic FCC Al + Al20Mn2Ce. These solidification modes were 
correlated to specific solidification velocities using a simple thermal model, showing the change in 
primary solidification phase for low (<6.8x10-4 m/s), moderate (between 8.2x10-4 and 5.9x10-2 m/s) and 
high solidification velocities (>6.2x10-2 m/s) for the above three solidification microstructures, 
respectively. These results were rationalized by using interface response function (IRF) theory to 
describe the solidification undercooling for the possible primary intermetallic phases. The implication of 
the local phase selection from differing solidification conditions is summarized by a comparison of 
hardness which demonstrates the potential variance of Vickers hardness from 101 to 242 (VHV) by 
changing the laser velocity from 1 to 83 mm/s. Interestingly, on heat treatment at 400°C, the 
decomposition pathways of the solidification microstructure and hardness were also found to be 
different, thereby opening multiple pathways for spatial microstructure and property control within AM 
components. 

2 Introduction

Metal additive manufacturing (AM) processes produce unique microstructures by overlapping weld 
tracks in the same plane and stacking weld tracks on top of each other to produce a part [1]. The 
microstructures produced by these processes are the result of rapid solidification conditions in each 
weld track, where high solidification (liquid/solid interface) velocities (R) and thermal gradients (G) are 
present. The controlled solidification conditions can enable localized tailoring of microstructures [2–4] 
and properties [please refer to Sumit’s paper]. This is achieved by manipulating the processing 
parameters of the AM machine spatially and temporally in a given layer, which modifies the weld pool 



dynamics and can lead to variation in G and V spanning several orders of magnitude. Several examples 
in nickel super alloys took advantage of different processing conditions to achieve spatial control of 
columnar and equiaxed grain morphologies and associated textures [2,5–7]. 

Despite the advantages of AM, high strength age-hardening aluminum alloys are prone to processing 
defects such as solidification cracking and gas-induced porosity, which result from local weld track 
conditions [8,9]. Although the extent of porosity can be reduced, the reduction of solidification cracking 
has been elusive due to large changes in thermomechanical conditions during rapid solidification, and 
large freezing ranges with dilute compositions. Therefore, extensive efforts are underway to develop a 
new generation of Al-alloys that are resistant to solidification cracking either by reducing the 
solidification range or by adding inoculating agents to refine the grain size [10,11]. The Al-10Si-0.5Mg 
alloy (wt.%), for example, has reduced solidification cracking tendency due to its small freezing range 
[12–16].  However, there is a challenge in adopting the Al-10Si-0.5Mg (wt.%) alloy due to the 
degradation of tensile strength at elevated temperatures. Takata et al. [17] showed that the tensile 
strength of this alloy decreased by 190 MPa after annealing at 300°C for 2 hours. As a result, the Al-10Si-
0.5Mg alloy has become unsuitable for elevated temperature applications [9]. Another challenge for 
high strength aluminum alloys (e.g., 2XXX, 6XXX, 7XXX series) which commonly include Mg and Zn, is the 
vaporization of secondary elements. The  vaporization can occur during AM because of the low boiling 
points and high vapor pressures of Mg and Zn (1091 and 907°C respectively) compared to the high 
boiling point (2470°C) and low vapor pressure of Al [18–20], which can result in changes to the alloy 
composition. Another effect of excessive evaporation is also to the formation of keyholes and associated 
pores. While it is possible to select processing parameters that avoid solidification cracking and keyhole 
porosity, to do so limits the available process parameter window to achieve dense parts [18]. Therefore, 
new Al alloys are being examined that can take advantages of the unique processing of AM while 
minimizing processing related defects.

In the literature, the Al-Ce binary system is of interest because it has been shown to be resistant to 
solidification cracking [21] during casting. This alloy solidifies with a fine eutectic microstructure 
between FCC Al and Al11Ce3 (Immm) [21], and is resistant to coarsening of secondary phases during 
subsequent exposure to elevated temperatures [22–25]. For example, an Al-10Ce (wt.%) alloy showed 
an increase in yield strength (50 MPa Cast, 222.1 MPa AM at 23°C) and ultimate tensile strength after 
AM, in comparison to casting (152 MPa Cast, 319.3 MPa AM at 23°C) [21,26]. Similar improvements in 
mechanical properties were also observed as we transition from casting to AM in an Al-Cu-Mn-Zr alloy 
[27]. A second study on the same alloy concluded that the increase in strength was a result of the 
refinement of the Al2Cu (𝜃) intermetallic particles, the 𝜃 particles had increased lattice strain states 
during tensile testing in the AM samples compared to casting, determined by high energy x-ray 
diffraction [28]. In addition to binary Al-Ce alloys, higher order Al-Ce-X alloys have been investigated 
[29–32]. One of these alloys is Al-Ce-Mg alloy and AM conditions lead to the formation of a metastable 
phase, specifically, Al13CeMg6 [30]. Similar results of metastable phase formation resulting from changes 
in local solidification conditions have been observed during AM processing of Al-Cu-Ce, Al-Ce-Ni-Mn, and 
Al-Ce-Mn alloys [29,33,34]. The challenge with the formation of metastable phases is that they can 
decrease the stability of a microstructure during high temperature service leading to early failure of 
components made by AM. Therefore, it is important to understand why and when metastable phases 
form so that it is possible to manipulate local mechanical properties for improved performance in 



future. The manipulation of local properties has previously been shown in an Al-Cu-Ce-Zr eutectic alloy 
by Bahl et. al. [35], where the local hardness was controlled by manipulating the laser velocity.

The current work focuses on microstructure evolution during solidification in an Al-Ce-Mn alloy. The Al-
Ce-Mn system was used because the primary phase selection during solidification can vary due to local 
changes in G and R. In a study by Yang et al. [36], the primary solidification phase was observed to be 
Al10Mn2Ce, followed by a combination of Al20Mn2Ce, FCC Al and Al11Ce3 in samples made by arc melting 
and solidification in a copper mold of an Al-9.0Ce-6.2Mn (wt.%) alloy. In an another example, Gordillo et 
al. [37] observed primary solidification of Al20Mn2Ce, followed by FCC Al, Al6Mn, and Al11Ce3 in gas 
atomized powder of an Al-9Ce-9Mn (wt.%) alloy.  It is well known that the gas atomization conditions 
may lead to large changes in cooling rate (104 to 105 K/s) as a function of particle diameter [38,39]. 
Plotkowski et al. [32] also observed the primary Al20Mn2Ce intermetallic compound at the weld-pool 
boundaries followed by FCC Al and Al11Ce3 in a weld track produced using L-PBF. However, as the 
solidification velocity increased towards the center of the weld track, the primary Al20Mn2Ce was 
suppressed and a eutectic between FCC Al and Al20Mn2Ce emerged. This transition was attributed to 
spatial changes in G and R within the melt pool.  These three studies demonstrated that the initial phase 
selection is very sensitive to local solidification conditions. However, the above published works are 
qualitative. Therefore, in this research, we attempted to quantify the transition between phase selection 
and demonstrate the consequences on mechanical behavior.

The effect of solidification conditions on phase selection has been previously explored in Al-Cu [40,41], 
Fe-Cr-Ni systems [42,43] and other alloys in the welding metallurgy literature. The prediction of phase 
selection based on solidification conditions is possible using interface response function (IRF) models 
[40–42,44–50]. The IRF models predicts the undercooling of a phase growth during solidification in 
response to local G and R. Furthermore, the IRF models have been extended to describe planar, 
dendritic, and eutectic solidification modes. 

It is also well known that the solid-state phase decomposition of the as-solidified microstructure is 
sensitive to the composition of pre-existing phases and their respective morphologies. Yang et al. [36] 
showed that on heat treatment at 350°C, the primary Al10Mn2Ce did not decompose, but the primary 
Al20Mn2Ce decomposed into Al10Mn2Ce. Gordillo et al. [37] showed that these decomposition pathways 
are sensitive to thermomechanical history. For example, he performed heat treatment on samples at 
350°Cm where the samples were obtained by extruding the atomized powder from a canned billet 
preheated to 310°C using a preheated 4500-ton press. In these samples, the primary Al20Mn2Ce phase 
decomposed fully into a combination of FCC Al, Al11Ce3 and Al12Mn after heat treatment at 400°C for 96 
hours. In the case by Plotkowski et al. [32] and further work by Sisco et al. [51], the primary Al20Mn2Ce 
produced by AM decomposed into a combination of FCC Al, Al11Ce3, Al6Mn, and Al12Mn on heat 
treatment at a temperature range of 350 to 450°C. Furthermore, the eutectic between FCC Al and 
Al20Mn2Ce, decomposed into an Al51Mn7Ce4 phase. The above work suggests that the site-specific 
microstructure of the Al-Ce-Mn system can be achieved by changing local solidification conditions, 
similar to what is observed in AM of Ni super alloys [2,5–7].

In this study, the goal is to quantify the link between processing conditions, local solidification 
conditions and the resultant solidification microstructure and solid-state decomposition pathways. A 
generalized IRF model is used to predict the phase selection as a function of local solidification 



conditions (G and R) using laser weld tracks by manipulating in an Al-10Ce-8Mn (wt.%) alloy. The 
changes in solidification phase selection will be rationalized by reexamining the dendritic interface 
response function [40,41,45–47,52] and modifying the IRF for intermetallic compounds that exhibit non-
linear thermodynamic liquidus slopes. The analysis focuses on the transition from primary Al10Mn2Ce to 
primary Al20Mn2Ce and then to a eutectic microstructure consisting of FCC Al and Al20Mn2Ce. These 
transitions are experimentally determined with weld tracks performed under controlled conditions, and 
the dendritic IRF will be fit to experimental observations. To evaluate the reproducibility of the solid-
state decomposition of metastable solidification microstructure, the samples were also characterized 
after heat treatments at 400°C for 96 hours and the results are compared with existing literature.

3 Methods

3.1 Modeling Thermal Conditions in Weld Tracks

The Rosenthal model [54] for quasi-static heat conduction around a moving point source was used to 
estimate the thermal conditions within each melt pool. The thermophysical properties used in the 
Rosenthal model were approximated from a few assumptions. The first is that the thermal conductivity 
is largely controlled by the amount of Mn in solid solution. In the AM base material, the Mn content 
varies from 0.228 (at.%) to 1.688 (at.%) [51], here we use a thermal conductivity corresponding to a Mn 
content of 0.49 (at.%) from Zhang et al. [55]. The specific heat was taken from an Al-10Si-Mg alloy [55]. 
The density was calculated based on the alloy composition. The edge of the melt pool boundary is 
expected to be at the melting point of the Al20Mn2Ce phase, 1177 K, for the bulk composition Al-10Ce-
8Mn (wt.%). This temperature was calculated using PANDAT [56,57] software.

Table 1 Thermophysical properties used in the Rosenthal model.

Thermophysical Properties Source

Specific Heat (J/kg-K) 920 Al-10Si-Mg [58]

Thermal Conductivity (W/K-m) 120.17 Zhang et al. [55]

Density (kg/m3) 3034 Calculated

Tisotherm (K) 1177 PANDAT [36,56,57]

The absorption efficiencies for each model were calibrated by matching the predicted depth to the 
measured depth. The depth of each weld track was determined by measuring the SEM-BSE data from 
the top of the weld track to the base of the weld track. This measurement included both the partially 
melted zone (PMZ) and the melt pool boundary (MPB). The PMZ and MPB were characterized using the 
predicted temperature distribution from the Rosenthal equation [54]. An example of the separation of 
PMZ and MPB is shown in Figure 1. The temperature at the edge of the partially melted zone was 



assumed to be the eutectic temperature for FCC Al and Al20Mn2Ce at 927 K. The laser absorptivity 
(shown in Table 4) was fit to the depth of the 927 K isotherm, and then the 1177 K isotherm (the 
liquidus temperature of Al20Mn2Ce) was extracted at the same laser absorptivity. The width of the PMZ 
was approximated by the distance between the two isotherms. The solidification conditions in the weld 
tracks were calculated at the 1177 K isotherm.

Figure 1 shows an example of the deduction of weld track depth for the 54 mm/s weld track. (A) shows 
the predicted weld pool depth and partially melted zone width for a fit laser absorptivity, and (B) is a 

projection of the temperature distribution of the Rosenthal model on the y, z plane that is plotted 
between the 927 and 1177 K isotherms (the freezing range of the bulk composition).

3.2 Modification of Interface Response Function for Non-Linear Liquidus Slopes

Interface response functions (IRFs) have been used to understand the selection of a particular growth 
mode during solidification [40–42,44–50] as a function of solidification condition (i.e., solidification 
velocity, thermal gradient, and composition). Furthermore, the IRF models can also describe the 
transitions between planar, dendritic, and eutectic growth during solidification. In the current work, only 
the dendritic solidification model is explored because of its relevance to the selection of the relevant 
intermetallic phases. The eutectic growth model is relevant, but current theories do not have extensions 
from binary to higher order systems. Therefore, the eutectic growth was assumed to occur at the 
eutectic temperature, 927 K where the liquid transforms into the solid Al20Mn2Ce and FCC Al phases.

The premise of the dendritic IRF is to calculate the dendrite tip undercooling, Δ𝑇𝑡𝑜𝑡, for dendritic growth 
of a phase with five key contributions:

Δ𝑇𝑡𝑜𝑡 = Δ𝑇𝑇 +  Δ𝑇𝑅 + Δ𝑇𝐶 + Δ𝑇𝐾 + 𝛥𝑇𝐶𝑒𝑙𝑙 (1)

where Δ𝑇𝑅 the undercooling due to the Gibbs-Thomson Effect (curvature), Δ𝑇𝐶 the constitutional 
(solutal) undercooling, Δ𝑇𝐾 the undercooling for attachment kinetics from the liquid to the solid, Δ𝑇𝐶𝑒𝑙𝑙 
is the cellular undercooling at low interface velocities, and Δ𝑇𝑇 is the thermal undercooling. Δ𝑇𝑇, the 



undercooling required to transport the latent heat of fusion away from the dendrite tip, is ignored as 
the large thermal gradients in the solid phase are assumed to conduct latent heat away from the 
solid/liquid interface quickly into the solid phase, minimizing the impact of the latent heat on total 
undercooling.

The dendritic IRF is commonly solved using a linear phase diagram approximation. More information 
about the dendritic IRF approximation is given in Appendix 8.2.

In the current research, the linear approximation of the IRF was determined to be inadequate due to the 
large curvature of the liquidus slopes in the Al-Ce-Mn system. Preliminary calculations using the linear 
approximation significantly under- or over-predicted the undercooling of a phase based on initial 
conditions. Therefore, instead of the linearized approximation of the liquidus slope and constant 
partition coefficient, the liquidus slope and partition coefficients are determined using PANDAT at the 
composition of the dendrite tip during each iteration. A similar approach was attempted for the Ag-Cu 
system by others [48]. In this publication, coefficients of polynomial equations were fit to the liquidus 
line and partition coefficient. However, we propose that direct coupling of the IRF to PANDAT is 
preferred for a more generalized and consistent solutions for calculating the liquidus slope, 𝑚𝑖,  and 
partition coefficient, 𝑘𝑖

0, of each element at the composition of the dendrite tip for wide range of alloy 
compositions. The above methodology for calculating constitutional undercooling, Δ𝑇𝑐 was 
implemented using the PANDAT SDK [56,57]. PANDAT, a CALPHAD solver, calculated the equilibrium 
condition consistent with the composition in the liquid at the dendrite tip. Then, the  Δ𝑇𝑐 was defined to 
be the difference in liquidus temperatures predicted at the bulk composition and that is calculated at 
the composition of the dendrite tip.

Δ𝑇𝐶 = 𝑓(𝐶0,𝑀𝑛,𝐶0,𝐶𝑒) ― 𝑓(𝐶𝑡,𝑀𝑛,𝐶𝑡,𝐶𝑒) (2)

Where 𝑓(𝐶0,𝑀𝑛,𝐶0,𝐶𝑒) is the liquidus temperature at the bulk composition, and 𝑓(𝐶𝑡,𝑀𝑛,𝐶𝑡,𝐶𝑒) is the 
liquidus temperature at the composition of the dendrite tip. A list of inputs used for the dendritic IRF 
calculation of various phases is given in Table 2. More information about how the interface response 
function is coupled with PANDAT is described in Appendix 8.3.

Table 2 Parameters used in the IRF Calculations for Al10Mn2Ce and Al20Mn2Ce

Parameters Al20Mn2Ce Al10Mn2Ce Sources

Initial Ce Composition, 𝐶0,𝐶𝑒 (at. %) 2.18 2.18 Given

Initial Mn Composition, 𝐶0,𝑀𝑛 (at. %) 4.48 4.48 Given

Gibbs-Thomson Coefficient (m-k) 1.x10-6
 (Fit) 1.57x10-6 (Fit) Fit to Experimental Data

Liquid Diffusivity of Mn, 𝐷𝑀𝑛
𝐿  (m2/s) 3.34 x 10-9 3.34 x 10-9 Du et al. [59]

Liquid Diffusivity of Ce, 𝐷𝐶𝑒
𝐿  (m2/s) 2.5 x 10-9 2.5 x 10-9 Assumed

Dendrite Tip Selection Parameter 𝜎 0.025 0.025 Dantzig and Rappaz [50]

Thermal Gradient (K/m) 1x106 1x106 Assumed

Speed of Sound in FCC Al, 𝑉0 (m/s) 5100 5100 Assumed as FCC



3.3 Sample Production
Samples were produced in two stages. Initially, a cylindrical (15 mm diameter and 115 mm height) 
sample was produced in laser powder bed fusion (L-PBF) using the procedure described by Plotkowski et 
al. [32]. The composition of the L-PBF sample was measured using inductively coupled plasma technique 
and found to be Al-10Ce-8Mn (wt.%). This cylinder was sectioned into 5 mm disks perpendicular to the 
build direction. The surface of the sample was scoured with eight hundred grit grinding paper to achieve 
a consistent surface finish. Then, single-track laser welding experiments were performed on this surface 
using an Okuma MU-8000V-L LASER EX machine. The process parameters are summarized in Table 3. 
These parameters were chosen to transition from high (200 J/mm) to low (6 J/mm) heat input 
conditions, which in turn affects the cooling rate [53]. Welding was performed with Argon shielding. 
After remelting, the samples were cross-sectioned perpendicular to the direction of the laser track. One 
half of the track was characterized in the as solidified state, and the other half was characterized after 
heat treatment at 400°C for 96 hours.

Table 3 Laser track processing parameters

Sample I.D. Power (W) Laser Velocity (mm/s) Spot Size (mm) Heat Input (J/mm)
1 200 1 1.5 200.00
2 500 10 1.5 50.00
3 500 15 1.5 33.33
4 500 23 1.5 21.74
5 500 35 1.5 14.29
6 500 54 1.5 9.26
7 500 83 1.5 6.02

3.4 Material Characterization
Samples were characterized by scanning electron microscopy (SEM) using backscatter electron detector 
(BSE) detector in a Zeiss Gemini Crossbeam instrument.  The Images were collected at an accelerating 
voltage of 5 kV and a current of 3000 nA. The use of a BSE detector allows for the differentiation of 
various phases based on the z-contrast which strongly depends on elemental concentration such as 
cerium. 

Vickers hardness measurements were preformed using a LECO AMH 55 Automatic Hardness tester. 
Local hardness measurements were taken using a 50-gram load and a 10 second dwell time. The spacing 
between measurements was adjusted to compensate for the differences in depth of each weld track.

4 Results
4.1 Thermal Modeling
Using the method described in Figure 1, the laser absorption efficiencies for the Rosenthal model was 
calibrated to the depth of each weld track. The results are summarized in. The absorption efficiency is 
not constant across samples and tends to decrease with a decrease in heat input. Note that the 
absorption efficiency is dependent on a variety of effects such as the melt pool shape, internal 
reflections, radiation, and vaporization losses, which are not accounted for in the Rosenthal model 



[54,60]. Additionally, the increase in laser absorption tends to increase with power density because of 
deepening of the possible formation of a vapor cavity, which increases internal reflections [61].

Table 4 Measurement of the weld track depth for each laser velocity.

Weld Track Laser Velocity (mm/s) Weld Track Depth (
𝝁𝒎)

Calibrated Laser 
Absorption

PMZ Width (𝝁𝒎)

1 1 271 0.712 82

2 10 540 0.551 142

3 15 518 0.545 134

4 23 461 0.502 116

5 35 425 0.487 104

6 54 378 0.467 90

7 83 326 0.44 73

Using the calibrated absorption efficiencies, the solidification velocity and thermal gradient were 
calculated for each weld track (Figure 2). Based on previous work, the absorption efficiency of the AM 
sample with parameters taken from [32] was assumed to be 0.33. The results from the Rosenthal model 
give a range of thermal gradients (~1x106 to ~1x107

 K/m) and solidification velocities (~1x10-5 to ~0.1 
m/s) from the weld track experiments. From the range of thermal characteristics predicted by the 
Rosenthal model, the 1, 10 and 83 mm/s laser velocity weld tracks were selected for further 
characterization because of the coverage over the solidification conditions of interest. In the weld track 
calculations, the highest thermal gradient and lowest solidification velocity will exist at the edge of the 
weld track. The lowest thermal gradient and highest solidification velocity will exist at the centerline of 
the weld track [62]. More information about the Rosenthal model is described in Appendix 8.4.



Figure 2 plots the output of solidification velocity and thermal gradient from the point source Rosenthal 
model for each weld track parameter and the AM parameter from Plotkowski et al. [32]. The model 

parameters are outlined in Table 3 and Solidification Phase Selection

SEM BSE micrographs of the as-printed weld track 1 (see Table 3) are shown in Figure 3. Figure 3A is an 
overview image from the base of the weld track, including the partially melted zone (PMZ), the weld 
pool boundary (WPB), and the top of the weld track (TWT). In the SEM-BSE images, in which z-contrast is 
dominant, phases appear in the order of brightest to darkest: Al11Ce3, Al10Mn2Ce, Al20Mn2Ce, and FCC Al, 
respectively. Figure 3B shows an example microstructure near the WPB. Near the WPB, the primary 
Al10Mn2Ce phase was observed. Surrounding the Al10Mn2Ce was FCC Al, Al20Mn2Ce and Al11Ce3. (See 
appendix 8.1 for phase identification using Kikuchi diffraction.) At distances further from the edge of the 
weld pool, which correspond with higher solidification velocity from the Rosenthal model, the Al20Mn2Ce 
phase was observed and Al10Mn2Ce was no longer present. The primary Al20Mn2Ce phase was observed 
to be present until the top of the weld track as seen in Figure 3D. In between the primary Al20Mn2Ce 
phase is FCC Al and Al11Ce3.



Figure 3 SEM BSE of the 1 mm/s weld track. Where (A) is the overview of the weld track, (B) is a 
microstructure near the WPB, (C) is an example microstructure away from the WPB, and (D) is a 

microstructure near the top of the weld track.

SEM BSE micrographs of weld track 2 are shown in Figure 4. Figure 4A is an overview image from the 
base of the weld track, including the PMZ, the WPB, and TWT. The Al10Mn2Ce was observed sparsely 
near the weld pool boundary. Slightly away from the WPB, the Al10Mn2Ce was suppressed in favor of the 
formation of primary Al20Mn2Ce. Figure 4C shows an example microstructure away from the WPB that 
shows a primary Al20Mn2Ce phase surrounded by FCC Al and Al11Ce3. Figure 4D shows an example 
microstructure near the top of the weld track, where the primary solidification phase was observed to 
be Al20Mn2Ce.



Figure 4 SEM BSE of the 10 mm/s weld track. Where (A) is an overview of the microstructure, (B) is a 
representative microstructure near the WPB, (C) is a representative microstructure near the middle of the 
weld track, and (D) is a representative mcirostructure near the top of the weld track. Each region above 

the weld track is observed to contain FCC Al, Al20Mn2Ce, and Al11Ce3 identifed using SEM BSE.

Figure 5 is an overview of the microstructure from the lowest heat input weld track 7, including the 
PMZ, the WPB, and the TWT. Figure 5B shows an example microstructure near the WPB, which contains 
primary Al20Mn2Ce, FCC Al, and Al11Ce3. Figure 5C shows an example microstructure away from the WPB, 
where the primary Al20Mn2Ce was suppressed, forming instead a lamellar eutectic microstructure 
containing FCC Al and Al20Mn2Ce. Figure 5D shows an example microstructure near the TWT which 
demonstrates the eutectic transitioning back into the primary Al20Mn2Ce. The transitions in phase 
selection are a result of complex heat transfer and fluid flow conditions that can locally change the 
solidification conditions and transport of un-melted particles, which is not discussed in the current work.



Figure 5 SEM BSE of the 83 mm/s weld track. Where (A) is an overview of the microstructure, (B) is a 
representative microstructure near the WPB, (C) is a representative microstructure near the middle of the 
weld track, and (D) is a represnetative mcirostructure near the top of the weld track. Each region above 

the weld track is observed to contain FCC Al, Al20Mn2Ce, and Al11Ce3 identifed using SEM BSE.

4.2 Solid State Decomposition

The SEM micrographs of weld track 1 after heat treatment at 400°C for 96 hours are shown in Figure 6. 
Figure 6B shows an example microstructure near the WPB, in which the presence of Al10Mn2Ce is 
confirmed. This phase has a similar morphology as the one see in the as-solidified region. Figure 6C 
shows an example microstructure away from the WPB, in which the regions surrounding Al20Mn2Ce 
were partially decomposed. Figure 6D shows an example microstructure near the middle of the weld 
track in which the edges of the primary Al20Mn2Ce were observed to decompose into Al11Ce3 and an 
unidentified phase. In a comparison with literature [32,37,51,63] and based on the contrast from SEM-
BSE, the newly formed phases in this region are likely to be Al11Ce3 and an Al-Mn binary phase, such as 
Al6Mn or Al12Mn. 



Figure 6 SEM BSE of the 1 mm/s weld track heat treated at 400°C for 96 Hours. Where (A) is an overview 
of the microstructure, (B) is a representative microstructure near the WPB, (C) is a representative 

microstructure near the middle of the weld track, and (D) is a high resolution region of the middle of the 
weld track. 

SEM micrographs of the weld track 7 heat treated at 400°C for 96 hours shows dramatic changes (see 
Figure 7) compared to earlier results.  We used the same convention as before to describe the 
microstructures, i.e., an overview image (Figure 7A) outlining the PMZ, the WPB, and the TWT. Above 
the WPB (Figure 7B), the Al20Mn2Ce was partially decomposed into Al11Ce3 and Al-Mn binary phases, 
similar to the decomposition path observed in weld track 1. The prior eutectic region is shown in Figure 
7C, shows the formation of a phase with plate morphology, similar to the one published in literature 
[32,64]. In the literature this plate like phase is identified as Al51Mn7Ce4. At the top of the weld track, the 
eutectic microstructure transitioned back into primary Al20Mn2Ce. This result is similar to the as-
deposited sample. In the heat-treated sample, the decomposition of the primary Al20Mn2Ce appears to 
follow the previously observed decomposition pathway into Al11Ce3 and Al-Mn binary phases. However, 
intermixed throughout the decomposition of the primary Al20Mn2Ce in the welds made with velocity 
ranging from 10 to 83 mm/s samples, we observed the plate phase. These results suggest that the 
solidification velocity and thermal gradient are playing a role in the decomposition pathway of the 
primary Al20Mn2Ce phase.



Figure 7 SEM BSE of the 83 mm/s weld track heat treated at 400°C for 96 Hours. Where (A) is an 
overview of the microstructure, (B) is a representative of the WPB decomposition pathways, (C) 

represents the eutecitc solidification decomposition pathway, and (D) represents the decomposition 
occuring at the top of the weld track. 

5 Discussion

5.1 Solidification Phase Selection

In literature, the phase selection phenomena in the Al-Ce-Mn system have been observed as a function 
of solidification conditions during casting, powder making and AM. In microstructures from casting, Yang 
et al. [36] observed the formation of primary Al10Mn2Ce. In AM, Plotkowski et al. [32] observed the 
suppression of Al10Mn2Ce, and the formation of primary Al20Mn2Ce and a eutectic between FCC Al and 
Al20Mn2Ce. In this work, the goal is to understand the transition between the primary phases and 
eutectic solidification. Therefore, the average distances from the weld pool boundary (WPB) to the 
transition regions at which the transitions from the (a) primary Al10Mn2Ce to primary Al20Mn2Ce phase 
and then from the (b) Al20Mn2Ce phase to the eutectic microstructures were measured. These 
measurements will be correlated back to the quantitative calculation of localized solidification 
conditions. The distances were measured at ten different locations on the same weld track. The results 
from these measurements are summarized in Table 5. In this section, we will discuss only the results 
from two extreme conditions: from weld track 1 (Figure 3) made with 1 mm/s and weld track 7 (Figure 
5) made with welding speed of 83 mm/s. The solidification velocity and thermal gradient were 



calculated at these distances along the center of the weld track moving from WPB to the top of the 
weld, using Rosenthal model outlined in appendix 8.4. The measurements relevant to the eutectic 
transition focused only on the distance between WPB to the region at which the first observation of 
eutectic microstructure. The measurements ignored the complexity of the microstructures at the top 
and center of the weld track which may be affected by the weld pool curvature along the welding 
direction.

Table 5 Average distance from the WPB to the observed phase transition, as well as the calculated 
solidification velocity and thermal gradient range across the error.

Transition Average Distance 
(𝜇𝑚)

Standard 
Deviation (

𝜇𝑚)

Mapped Solidification 
Velocity (m/s)

Mapped Thermal 
Gradient (K/m)

Al10Mn2Ce to 
Al20Mn2Ce 71.65 17.87 6.77x10-4-8.22x10-4 4.14x106-4.15x106

Al20Mn2Ce to 
Eutectic 73.85 4.92 5.89x10-2-6.18x10-2 5.23x106-5.29x106

The model predictions for the solidification velocity and thermal gradients were used to calibrate the 
IRFs for primary solidification of Al10Mn2Ce and Al20Mn2Ce. The calibration was performed by tuning the 
Gibbs-Tomson coefficients of the Al10Mn2Ce and Al20Mn2Ce (1.14x10-6 and 1.57x10-6 m-k) respectively. 
The calibrations continued until the interface temperature for the primary phases was the same as that 
of the temperature isotherm at which the transition of Al10Mn2Ce to Al20Mn2Ce occurred. Similarly, 
calibrations continued until the interface temperature of Al20Mn2Ce was the same as that of the 
isotherm at which eutectic microstructure was observed. The fitted Gibbs-Thomson coefficients are 
within the same order of magnitude as those previous used for Al-Cu and Al-Cu-1Si-1Fe systems 
(1.08x10-6 m-k) [65,66]. Figure 8 shows the results of the fitted IRFs where the transitions between 
dominant solidification modes match with experimental observations.



Figure 8 The undercooling predicted from the Dendritic IRF for Al20Mn2Ce and Al10Mn2Ce is shown for a 
Gibbs-Thomson Coefficient of 1.57x10-6 and 1.14x10-6 (m/k) respectively.

Our above mentioned IRF calculations for the Al-Ce-Mn system need to be compared against other 
calculations of solidification behaviors in the same alloy system. In previous research, Yang et al. [36] 
showed that the nucleation of the primary Al20Mn2Ce phase was preferred over the primary Al10Mn2Ce 
phase at low undercoolings.  However, the model developed by Yang et al. did not consider the 
undercooling based on solidification conditions (solidification velocity, thermal gradient, and 
composition), thereby removing the link between processing and microstructure. Now that a 
relationship between solidification conditions and phase selection has been developed, it is possible to 
investigate additional compositions to provide insight into how the solidification pathways will change. 

The effect of changing composition on the primary phase selection for the Al-Ce-Mn system was 
evaluated by varying both Ce and Mn between 0.5 and 6.5 at%. The dendritic IRF was calculated for 
each composition at set solidification velocities (10-4, 10-2, and 10-1 m/s) and thermal gradients (106 
K/m), and the selected phase was plotted over the given composition range in the Al-rich corner of the 
ternary system (Figure 9). The Al6Mn and Al11Ce3 phases were neglected because they were not 
observed in our results. In Figure 9A, the liquidus projection of the Al-Ce-Mn system shows the location 
of the bulk composition with respect to the expected equilibrium phases. Figure 9B-C show the results 
of the dendritic IRF primary phase selection calculations for the given composition range and increasing 
solidification velocities. In Figure 9B, with the bulk composition, the calculations predicted primary 
Al10Mn2Ce formation.  With slight changes to the composition of our bulk material, we found that the 
results of our calculations are insensitive to the selected primary phase.  However, if we change the 
solidification velocity to 10-2 (m/s), as shown in Figure 9C, the primary Al10Mn2Ce is no longer the 
expected primary solidification phase.  The benefit of such ability to predict the primary phase selection 
is that it allows for the tailoring of the as-built microstructure by choosing processing conditions.  As 
expected, as the solidification velocity increased, the alloy favors the formation of metastable primary 
phases, eventually culminating in a eutectic between FCC Al and Al20Mn2Ce. Additionally, as the 
solidification velocity increases the length scale between phases decreases, which likely contribute to a 
variety of changes in hardness, as discussed in Section 5.3.



Figure 9 shows the (A) Liquidus projection of the Al-Ce-Mn system. (B) shows the expected solidification 
phase at a solidification velocity of 1x10-4 (m/s). (C) shows the expected solidification phase at a 

solidification velocity of 1x10-2 (m/s). (D) shows the expected solidification phase at a solidification 
velocity of 1x10-1 (m/s). The simulations have a set thermal gradient of 1x106 (K/m)

5.2 Solid-State Decomposition

The solid-state decomposition of the Al-Ce-Mn weld tracks was found to be sensitive to the solidification 
microstructure. Figure 10 summarizes the observed decomposition pathways. Weld track 1 (Figure 3) 
contains two primary solidification phases, Al10Mn2Ce and Al20Mn2Ce. The primary Al10Mn2Ce phase 
(Figure 10A) did not decompose during heat treatment (Figure 10E). In contrast, the primary Al20Mn2Ce 
(Figure 10B) decomposed into Al11Ce3 and an Al-Mn binary phases (Figure 10F), consistent with previous 
literature [32,37,51]. As the laser velocity increased in weld track 7 (Figure 5), the primary Al10Mn2Ce 
was suppressed and the primary Al20Mn2Ce and a eutectic between FCC Al and Al20Mn2Ce was 
promoted. The primary Al20Mn2Ce phase (Figure 10C) followed two decomposition pathways. Pathway 1 
is where the Al20Mn2Ce phase decomposed into the Al11Ce3 and Al-Mn binary phases similar to weld 
track 1 (bottom of Figure 10G). In pathway 2, the primary Al20Mn2Ce phase decomposed into a plate 



phase (top of Figure 10G). The plate phase is observed in all weld tracks except weld track 1 (Figure 3). 
The eutectic between FCC Al and Al20Mn2Ce (Figure 10D) was observed to decompose plate phase 
(Figure 10H). The eutectic appears to have the same decomposition pathway that was observed in a 
previous work [51], where a similar plate morphology was identified as Al51Mn7Ce4. 

    

Figure 10 shows SEM BSE demonstrating the different phase selection and decomposition. (A) weld track 
1 with primary Al10Mn2Ce with small Al20Mn2Ce, Al11Ce3 and FCC Al. (B) weld track 1 with Primary 

Al20Mn2Ce surrounded by FCC Al and Al11Ce3. (C) weld track 7 with Primary Al20Mn2Ce surrounded by FCC 
Al and Al11Ce3. (D) weld track 7 with Eutectic between FCC Al and Al20Mn2Ce. (E) weld track 1 showing 

Al10Mn2Ce stability. (F) weld track 1 showing Al20Mn2Ce decomposing into Al11Ce3 and Al-Mn binary. (G) 
weld track 7 showing Al20Mn2Ce decomposing into two different pathways: (1) Al11Ce3 + Al-Mn Binary, (2) 

plate phase. (H) weld track 7 eutectic decomposing into a plate phase.

In previous work [51], it was demonstrated that the change in phase selection during decomposition of 
the Al20Mn2Ce phase was linked to the local composition of FCC Al and Al20Mn2Ce. This implies that the 
driving forces of the product phases are affected by the local composition, as well as possible 
orientation relationships of the parent phases, governing the nucleation of new phases. It is likely that 
the composition of FCC Al and Al20Mn2Ce vary as the local solidification conditions change [67–69]. For 
example, in previous work [51], a key difference was the amount of Ce in the Al20Mn2Ce phase which 
varies from 2.84 to 5.62 (at.%). It is shown in the manipulating of the bulk composition and solidification 
velocity results in changes in the primary phase selection. in summary, the local solidification condition 
influences the decomposition pathways of the primary phases at high temperature, and thereby the 
final microstructural distributions after heat treatment. 

5.3 Implications of Modifying Solidification Microstructure
The implication of the primary phase selection, solid-state phase transformations, and microstructure 
refinement can be seen in Figure 11. Figure 11, shows the hardness of the 1, 10, and 83 mm/s weld 
tracks. The indent numbers start at the edge of the PMZ and the WPB (indent 1) and move inward to the 
top of the weld track (indent 7). The spacing between indents is changed to account for the difference in 
weld pool depth. The first observation is that as the laser velocity increased, the average hardness in 



each weld track increased, as seen in Figure 11D. The increase is likely caused by the refinement in 
spacing between particles, which can be observed in Figure 3-5. The heat-treated hardness in weld track 
1 and weld track 2 (Figure 11 A, B) retain similar hardness values after heat treatment. It is notable that 
hardness indents in both weld track 1 (Figure 3)  and weld track 2 (Figure 4) was influenced by the 
primary Al20Mn2Ce phase, except for indent 2 in weld track 1 which is primary Al10Mn2Ce, the softest 
region. In weld track 7 (Figure 5), the hardness-variation is large. In the primary Al20Mn2Ce region 
sampled by indents 2-4, the hardness is similar before and after heat treatment. In the eutectic region, 
denoted by indent 5, the hardness is measured to a peak of 242 Vickers hardness value (VHV) in the as 
fabricated case. After heat treatment, the eutectic region decomposed, and the microstructure length 
scale increased to a similar size to other regions. The TWT (top of weld track) is the region that 
transitioned from eutectic back to primary Al20Mn2Ce, as mentioned before, likely caused by complex 
solidification conditions and showed softening. The increase in hardness values as a function of 
increasing laser velocity confirms the role of primary solidification of intermetallic phase in the Al-Ce-Mn 
system. These results point to the conclusion that locally tailorable hardness assuming that the 
solidification conditions can locally be controlled using the IRF models developed in this research.

Figure 11 shows the hardness of three weld tracks in the as-fabricated and heat-treated cases. (A) shows 
weld track 1 (1 mm/s) where the hardness is largely consistent across the weld pool. (B) shows weld 

track 2 (10 mm/s) where the hardness is increased compared to weld track 1. (C) shows weld track 7 (83 
mm/s) which demonstrates changes in hardness with different microstructure selection from primary 

Al20Mn2Ce to eutectic. (D) shows the average hardness of each weld track with the standard deviation of 
the measured hardness.

6 Conclusions
The solidification phase selection of an Al-10Ce-8Mn (wt.%) alloy was examined by varying the velocity 
of laser tracks over an AM substrate with the same composition. The results revealed three solidification 
regions: primary Al10Mn2Ce, primary Al20Mn2Ce, and a eutectic between FCC Al and Al20Mn2Ce. In the 
experiments, the primary Al10Mn2Ce was calculated to form at solidification velocities below 7.79x10-4 
(m/s) and was suppressed with more rapid solidification conditions. The formation of primary Al20Mn2Ce 
was calculated to occur at a solidification velocity between 5.84x10-4 and 7.79x10-4

 (m/s) and with 
thermal gradient range of 4.56x106 to 4.57x106 (K/m) . The primary Al20Mn2Ce was suppressed, and the 



formation of a eutectic microstructure was promoted at a solidification velocity above 5.69x10-2-
6.01x10-2 (m/s) and thermal gradient of 5.16x106-5.22x106 (K/m).

Previously published dendritic interface response function models, based on a linearized liquidus slope, 
were unable to describe the experimentally observed phase selection even with fitting. Therefore, the 
interface response function model was extended for non-linear slopes calculated with direct interface to 
a comprehensive thermodynamic model. With this modified approach and by fitting the Gibbs-Thomson 
coefficients to observations in solidification microstructure selection, the modified IRF model was able 
to describe the experimentally observed phase selection. 

The solid-state decomposition pathways for the Al-Ce-Mn weld tracks were evaluated and compared 
with published results. The primary Al10Mn2Ce did not decompose due to its higher stability compared 
to other potential phases. The primary Al20Mn2Ce followed two different decomposition pathways. First, 
the primary Al20Mn2Ce phase decomposed into Al11Ce3 and an Al-Mn binary phase. Second, the primary 
Al20Mn2Ce decomposed into a plate phase. Similarly, the eutectic microstructure containing the FCC Al 
and Al20Mn2Ce phases decomposed into a plate phase.
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8 Appendix

8.1 EBSD Phase Identification for the 1 mm/s weld track

EBSD was used to locally identify phases in weld track 1. The results of the EBSD mapping are seen in 
Figure A1. The EBSD was collected on a Bruker detector using a Ziess Gemni 450. The EBSD patterns 
collected are all within the expected range for positive identification provided by Bruker. The specified 
range is that the N value (the number of identified bands) is at least seven out of twelve and the band 
mismatch value (BMM) is below 1.7°, as described in the Bruker EBSD manual. 



Figure A1 shows the EBSD patterns correlated to localized phase selection, where (A) is an overview of 
the region where the Al10Mn2Ce (B) and FCC Al (C). (D) shows the locations for the EBSD patterns of 

Al20Mn2Ce (E) and Al11Ce3 (F).

8.2 Linear Interface Response Function Approximation

The goal of this section is to expand of the linear interface response described for Eq. (1). Therefore, we 
must first describe the equations that make up the total undercooling the system. The first term, Δ𝑇𝑅, is 
an undercooling resulting from the capillary effect and is described in the following equation. 

Δ𝑇𝑅 =
2Γ
𝑅

(3)

Where R is the dendrite tip radius, and Γ is the Gibbs Thomson coefficient described by,

Γ =
𝛾𝑉𝑚

Δ𝑆𝑚

(4)

where 𝛾 is the interfacial energy between the solid and the liquid phases, 𝑉𝑚 is the molar volume of the 
phase, and Δ𝑆𝑚 is the entropy of fusion per mole for the solid phase forming from the liquid. The 



capillary effect is simply a result of the predicted radius and does not influence the iterative solution on 
the system. The cellular undercooling at low interface velocities is defined by,

Δ𝑇𝐶𝑒𝑙𝑙 =
𝐺𝐷
𝑉

(5)

where G is the thermal gradient, V is the solidification velocity, and D is the liquid diffusivity of the 
solute. The Δ𝑇𝑘 undercooling has been described by Kurz et al. [52] for a dilute linear system with the 
equation.

ΔTk =
𝑉𝑚𝑖

𝑉0 1 ― 𝑘𝑖
0

(6)

where, 𝑚𝑖 is the liquidus slope for each element 𝑖, 𝑉0 is on the order of the velocity of sound in a solid 
solution matrix. For intermetallic compounds, 𝑉0 is controlled by bulk liquid diffusion [70], 𝐷𝑙 and speed 
of interface diffusion, 𝑉𝐷𝐼. 𝑉 is the input solidification velocity, and 𝑘𝑖

0 is the equilibrium partition 
coefficient for the element of interest (i = Ce, Mn). 

The next undercooling terms, Δ𝑇𝐶, has been previously derived by Kurz and Trivedi [52] for an assumed 
linear phase diagram. In the derivation of the IRF by Kurz and Trivedi, the Ivantsov [71] solution is used 
to describe concentration profile across a parabolic dendrite tip, assuming both the diffusion and shape 
preservation equations are satisfied [52]. The Ivantsov solution describes the tip of a dendrite by 
defining it as a fixed shape parabola for a set solutal Peclet number growing into the liquid at a steady 
state. The Peclet number describes the transport of a substance by bulk motion of a fluid (advection) to 
the rate of the diffusion transport. The differential equation governing the steady state solute diffusion 
is defined by,

∂2𝐶
∂𝑧2 +

𝑉
𝐷

∂𝐶
∂𝑧 = 0

(7)

where 𝐶 is concentration, 𝑉 is the solidification velocity, 𝐷 is solute diffusivity in the liquid, and z is the 
distance away from the dendrite tip. To solve the steady state solute diffusion relationship, Ivantsov 
derived a coordinate transformation from a parabolic axis to determine the composition of the liquid at 
a dendrite tip. The solution to Eq. (7)  is shown in Eq. (8).

𝐶𝑡,𝑖 =
𝐶0,𝑖

1 ― 1 ― 𝑘𝑖
0 𝐼𝑣(𝑃𝑒𝑖)

(8)

where Ct,i is the composition in the liquid at the dendrite tip (for each element, 𝑖), C0.i is the bulk 
composition of the liquid (for each element, 𝑖), 𝑘𝑖

0 is the equilibrium partition coefficient. (for each 
element, 𝑖), and 𝑃𝑒𝑖 is the Peclet number (for each element, 𝑖), which is a dimensionless number defined 
by Eq. (9).



𝑃𝑒𝑖 =
𝑅𝑉
2𝐷𝑖

(9)

where 𝑅 is the dendrite tip radius, 𝑉 is the solidification velocity, and 𝐷𝑖 is the liquid diffusivity of 
element 𝑖. Iv is the Ivantsov function defined for a parabolic geometry is defined by,

𝐼𝑣(𝑃𝑒𝑖) = 𝑃𝑒𝑖 ∗ 𝑒𝑃𝑒𝑖 ∗ 𝐸1(𝑃𝑒𝑖) (10)

Where 𝐸1(𝑃𝑒) is the exponential integral function of the Peclet number. In the current application, the 
solidification velocity (𝑉) and thermal gradient (𝐺) are fixed, and an iterative solution is used for 
determining the radius, which subsequently determines the Peclet number. The radius solution used is 
estimated from the linear stability analysis of a planar front [50], defined by, 

𝑅 =
Γ

𝜎∗( ∑𝑖
0 𝑚𝑖𝐺𝑐,𝑖𝜉𝑖 ― 𝐺)

1
2 (11)

where, 𝜎∗ is the dendrite tip selection parameter determined by Kurz and Trivedi as 0.025 [52], 𝑚𝑖 is the 
liquidus slope (for each element, 𝑖), for the linear approximation, the liquidus slope is defined at the 
initial liquidus composition, G is the thermal gradient of the material into the solid, 𝜉𝑖 is the deviation 
from equilibrium also known as the variation for solute as a function of the Peclet number (for each 
element, 𝑖), defined by,

𝜉𝑖 =
2𝑘𝑖

0

1 + 1
𝑃𝑒2

𝑖 𝜎∗ ― 1 + 2𝑘𝑖
0

(12)

and 𝐺𝑐,𝑖 is the concentration gradient in the liquid ahead of the dendrite tip for each element 𝑖,

𝐺𝐶,𝑖 =
(𝐶𝑡,𝑖 ― 𝐶0,𝑖)𝑉

𝐷𝑖 𝐼𝑣(𝑃𝑒𝑑)
(13)

These equations are used by Kurz and Trivedi as well as other authors [52,72]. Once a solution is found 
that converges on a dendrite tip radius, the undercooling of the system can be determined. In the 
current example, the solution is defined by the linear approximation from Kurz and Trivedi [52]. The 
linear approximation defines the liquidus line using the equation 𝑇𝑡 = 𝑇𝑀 +𝑚𝐶𝑡, where 𝑇𝑡 is the 
dendrite tip temperature, 𝑇𝑚 is the pure melt temperature, 𝑚 is the linear liquidus slope, and 𝐶𝑡 is the 



composition of the liquid at the dendrite tip interface.  Using the direct example given by Kurz and 
Trivedi, the undercooling of a dendrite tip is defined by,

Δ𝑇𝑢𝑛𝑑𝑒𝑟𝑐𝑜𝑜𝑙𝑖𝑛𝑔 =
𝑖

𝑘𝑖
0Δ𝑇0𝐼𝑣(𝑃𝑒𝑖)

1 ― 1 ― 𝑘𝑖
0 𝐼𝑣(𝑃𝑒𝑖)

+
𝑉𝑚𝑖

𝑉0 1 ― 𝑘𝑖
0

+
2Γ
𝑅 +

𝐺𝐷
𝑉

(14)

Where the Δ𝑇𝐶 term is replaced as a function of linear approximation described by Kurz et al. [52]. Using 
the solution to undercooling, the dendrite tip temperature can be calculated using the relationship,

𝑇𝐷𝑒𝑛𝑑𝑟𝑖𝑡𝑒 = 𝑇𝑙𝑖𝑞𝑢𝑖𝑑 ― Δ𝑇𝑢𝑛𝑑𝑒𝑟𝑐𝑜𝑜𝑙𝑖𝑛𝑔 (15)

Where 𝑇𝑙𝑖𝑞𝑢𝑖𝑑 is the liquidus temperature of the phase of interest at the bulk composition, and Δ
𝑇𝐷𝑒𝑛𝑑𝑟𝑖𝑡𝑒 is the dendrite tip temperature.

The initial derivation shown above assumes that there is no deviation from thermodynamic equilibrium 
between liquid and solid phases. However, it is well understood that during solidification non-
equilibrium effects occur. Kurz and Trivedi acknowledge three non-equilibrium effects (1) the effect of 
attachment kinetics, (2) the variation in solute partitioning as a function of velocity, and (3) the change 
in interface compositions due to thermodynamic constraints. The three non-equilibrium effects will play 
a role together to determine a non-equilibrium composition of the liquid at the dendrite tip and 
dendrite tip. However, the deviation to a non-equilibrium state will not be explored in the current work 
because of the fixed composition of the intermetallic compounds of interest in the CALPHAD description 
provided by Yang et al. [36]. The fixed composition removes the ability to effectively model the phase 
descriptions with Aziz’s solute trapping model [68] because the solid composition is fixed. More 
information about the non-equilibrium solidification can be found by a variety of authors [52,67,73].

To evaluate this linearized phase diagram assumption, it will be initially applied to the Al-Ce-Mn system. 
The values used for this calculation are shown in Table 2. The diffusivity of Ce in liquid aluminum is not 
well described in literature and is assumed at 2.5x10-9 m2/s. For a comparison of the primary 
solidification undercooling to the undercooling in the eutectic, a constant eutectic temperature (at 927 
K), determined by PANDAT for the bulk composition (Al-10Ce-8Mn (wt.%)), was adopted to approximate 
the expected transition point.

Using these values, the dendritic IRF was calculated as shown in Figure A2 for a linearized phase 
diagram.  Figure A2 A shows the dendritic tip temperature calculated for all three phases, i.e., FCC Al, 
Al10Mn2Ce and Al20Mn2Ce.  The Al20Mn2Ce phase was assumed to have a Gibbs-Thomson Coefficient of 
1.35x10-7

 (m-K) and the dendrite tip temperature vs. solidification velocity was calculated at a given 
thermal gradient.  The calculated transition from the preferential growth of primary Al10Mn2Ce to the 
preferential growth of primary Al20Mn2Ce occurred at a solidification velocity of ~1.38x10-3

 (m/s). Based 
on the experimental results, the transition between primary Al10Mn2Ce and primary Al20Mn2Ce is 
expected to occur between solidification velocities 5.84x10-4 and 7.79x10-4

 (m/s). In addition, the 
undercooling of the primary Al20Mn2Ce phase never decreases below the expected eutectic temperature 
at 927 K. This implies that the IRF model is able to predict the phase selection of Al20Mn2Ce above the 
1.38x10-3 (m/s) liquid-solid interface velocity, until the calculation becomes unstable.  It is well known 
that this critical velocity leading to unstable calculation corresponds to the transition from dendrite to 
planar growth. However, this result does not agree with our experimental result, where the primary 
Al20Mn2Ce is observed to transition to eutectic solidification between 5.69x10-2 and 6.01x10-2 (m/s), with 



similar thermal gradient. Therefore, in attempt to fit the model to the experimental results, the Gibbs-
Thomson Coefficient was increased to 1x10-5 (m-K).  This is indeed an unreasonable value for the Gibbs-
Thomson coefficient. The result (see Figure A2 B) does increase the undercooling of the system, but it no 
longer predicts a transition from primary Al10Mn2Ce to primary Al20Mn2Ce.  Furthermore, it does not 
predict eutectic solidification. Therefore, in this work we focused on eliminating the assumption of the 
linearized liquidus slope with direct calculation of the non-linear liquidus slope from thermodynamic 
models.

Figure A2 The undercooling predicted from the Dendritic IRF for FCC Al, Al20Mn2Ce and Al10Mn2Ce is 
shown in (A) for a Gibbs-Thomson Coefficient of Al20Mn2Ce of 1.35x10-7(m/k) that does not match the 

experimental results in Section 4.2. In (B) the Gibbs-Thomson Coefficient is increased to 1x10-5 (m/k) to 
attempt to fit the system to the experimental results, however it is still unable to match experimental 

results.

8.3 Non-linear implementation

In order to couple the IRF with CALPHAD software, it is important to have a workflow that minimizes the 
interactions with the external calculation because the computational time is the most expensive. To 
attempt to ease the burden, a template for the calculation of the undercooling of intermetallic phases is 
provided in Figure A3. The layout only calculates the thermodynamic equilibrium once per iteration with 
fixed composition intermetallic compounds. It should be noted that if solute trapping is implemented 
using attachment kinetics described by Trivedi et al. [52], the solution because more expensive as the 
partition coefficients must be solved iteratively allowing for a driving force for the liquid to transform to 
solid.



Figure A3 Layout of solution to IRF Model.

The reason for implementing the direct calculation of the phase diagram for the dendritic IRF are linked 
to the rapid increase in partition coefficient and liquidus slope as a function of the dendrite tip 
composition. In Figure A4, the dendrite tip composition, liquidus slopes, and partition coefficients of Ce 
and Mn as a function of solidification velocity are plotted for the context. In the figure, it is notable as 
the velocity increases, the rate at which the liquidus slope and partition coefficients change increases 
causing the undercooling to decrease rapidly.



Figure A4 (A) at.% Mn in liquid at dendrite tip. (B) at.% Ce in liquid at dendrite tip, (C) Liquidus Slope, (D) 
partition coefficient. 

8.4 Rosenthal Model

To model the thermal conditions in the weld tracks, i.e., liquid/solid interface velocity, thermal gradient 
and subsequent cooling conditions, the Rosenthal model [54,60] was used.  It is well known that this 
model is only applicable for point heat source and a plate geometry with infinite dimensions. The model 
assumes conduction is the only heat transfer mechanism and ignores the radiation and convection, in 
response to a heat source moving along the x-axis with constant velocity, 𝑣. In the current case 𝑣 is a 
vector represented by the 𝑣 = [𝑣, 0 ,0]. The temperature at a given point is described by,

𝑇(𝑥,𝑦,𝑧) = 𝑇0 +
𝜂𝑃

2𝜋𝑘
1
𝑅 exp ―

𝑣
2𝑎(𝑅 + 𝑥) ,

(16)

where, 𝑇0 is the initial temperature of the substrate, 𝜂 is the laser absorption efficiency of the material, 
𝑃 is the input power, 𝑘 is the thermal conductivity, 𝛼 is the thermal diffusivity. The distance to the heat 
source, 𝑅, is.

𝑅 = 𝑥2 + 𝑦2 + 𝑧2, (17)



where, x, y, and z coordinates relative to the heat source. The magnitude of the thermal gradient at the 
liquid/solid interface was determined by the derivative at the temperature isotherm of interest, 
described by

𝐺 = | ∂𝑇
∂𝑥

2

+
∂𝑇
∂𝑦

2

+
∂𝑇
∂𝑧

2|
𝑇=𝑇𝐿

(18)

where 𝑇𝐿 is the liquidus temperature. Using the thermal gradient, the solidification velocity is 
determined through a geometric relationship with the laser trajectory [53,74],

𝑉𝑠 = 𝑣 ∙ 𝑛 (19)

where 𝑉𝑠 is the solidification velocity, 𝑣 is the direction of the laser, and 𝑛 is the unit vector normal to 
the weld track surface determined by the thermal gradient. It is important to note that in the Rosenthal 
model, the steady-state solidification velocity is limited to the laser velocity, as the maximum surface 
normal is one.
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