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SUMMARY

Additively-manufactured (AM) materials have attracted increasing attention in
recent years as a new method to make novel and customized components. While
AM and conventionally produced materials are compositionally similar, they do
possess different microstructures, necessitating assessment of materials produced
via AM for their behavior in reactor environments. Some microstructures unique
to AM materials, such as compositional micro-inhomogeneity and dislocation
cell structures, are of particular importance since they may lead to different
radiation performance. The performance of AM materials for advanced nuclear
reactor applications is of interest to the Advanced Materials and Manufacturing
Technologies (AMMT) program under the Department of Energy Office of Nuclear
Energy.

Ion irradiation is a critical tool for understanding the irradiation responses of AM
materials. The range of conditions that materials will experience in advanced
reactors, such as neutron spectrum, flux, and temperature, are much greater than
that of traditional light water reactors. Combined with the incredible range of
microstructures achievable with additive manufacturing, quantifying materials’
radiation responses with only neutron irradiation is time- and cost-prohibitive.
Ion irradiation can induce damage up to a few displacements per atom in hours
with ions rather than in years with neutrons, enabling a much shorter irradiation-
characterization cycle. Nonetheless, the high damage rate with ions can also have
a profound impact on damage production and evolution, leading to different
microstructures between the ion- and neutron-irradiated specimens.

To predict neutron irradiation performance of a new material on an accelerated
time line, ion irradiation testing must be paired with modeling and simulation and
a limited amount of neutron irradiation testing. Irradiation phenomena may be
accelerated, altered, or even absent during ion irradiation and must be analyzed
with modeling to utilize the ion irradiation results to predict material performance
in reactor service. The ultimate goal is to use a combination of ion irradiation
and modeling combined with a limited set of neutron irradiation results from test
reactor conditions to predict the behavior of materials in a variety of prototypical
advanced reactor conditions on an accelerated timeline.

The AMMT program aims to demonstrate its new accelerated development
and qualification methods via laser powder bed fusion (LPBF) 316 stainless
steel (SS). Focusing on material bearing both 316L and 316H specifications,
we integrate ion irradiation and modeling. This year, we focus on answering
foundational questions related to process variability, alloy chemistry variation,
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and microchemical segregation. Experimental results provide information and
motivate questions to the modeling effort, which aims to develop the ability to
model radiation-driven microstructural evolution in additively-manufactured 316
stainless steel under a variety of advanced reactor conditions, including different
temperatures, neutron spectra, and fluxes, in a sort of “virtual experiment”. We
perform in-situ and ex-situ ion irradiations and microstructural characterizations
to support the development of AM materials for reactor applications, develop a
phase field model of radiation-induced segregation in additively manufactured
material with high angle grain boundaries and dislocation cells, and investigate
the effect of carbon and chromium content on point defect behavior.

We find that processing conditions do not significantly impact the as-built
microstructure or compositional micro-heterogeneity. We do find that AM
microstructures have characteristic differences from conventional wrought
material, including dispersed populations of nanoscale oxides and dislocation
cells with microsegregation. We find that radiation-induced segregation behavior
is much stronger for high-angle grain boundaries versus for the dislocation
cell walls, and this difference is driven by the much higher sink strength and
the much narrower width of a high angle grain boundary versus a dislocation
cell wall. In addition, we find that temperature has a significant impact on the
microstructure evolution; irradiation at 300 °C results in a large population of
small, uniformly distributed dislocation loops that ultimately merge into network
dislocations, while irradiation at 600 °C results in a smaller population of larger
dislocation loops that form within the dislocation cells (that also eventually form
network dislocations). Further characterization is required to quantify the effect of
composition on microstructure evolution under irradiation at each temperature;
however, atomistic studies indicate that any effect of carbon content on radiation
damage behavior would likely arise not from direct alteration of collision cascade
behavior but rather its impact on diffusive processes and properties. However,
chromium content does appear to be directly proportional to the collision cascade
size and the number of defects that survive the initial recombination phase, which
may feed back into RIS behavior.

Further experimental characterization and modeling will shed light on the
effect of temperature on radiation-driven microstructure evolution in additively
manufactured materials and further explain the sensitivity of this microstructure
evolution on process and compositional variability. This work positions the
AMMT program strongly to integrate neutron irradiation data and to achieve the
goal of using combined ion and neutron irradiation for accelerated qualification of
materials for deployment in nuclear reactors.
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1. INTRODUCTION

The development of metal additive manufacturing (AM) has provided new opportunities
to advancing material technologies. Components with limited fabrication runs and complex
geometries can be manufactured rapidly and cost effectively with AM, leading to a wide
range of material and design innovations. As such, AM materials have attracted increasing
attention in recent years as a new method to make novel and customized components. While
AM and conventionally produced materials are compositionally similar, they do possess
different microstructures. Porosity, anisotropic grains, inclusions, dislocation cell structures, and
microchemical inhomogeneity resulting from the printing process are often observed in AM
materials. These microstructures and their behavior under service conditions must be evaluated
carefully before AM materials can be widely adopted in the nuclear industry. The service
performance of AM materials for nuclear applications is of interest to the Advanced Materials
and Manufacturing Technologies (AMMT) program under the Department of Energy Office
of Nuclear Energy (DOE NE) with the objective of accelerating the development of advanced
materials and manufacturing technologies. The response of AM materials to irradiation in reactor
service environments is crucial for the reliability and safety of nuclear reactor components. Every
new material to be used in reactor environments must be assessed for its irradiation response,
and AM materials are no exception. Some microstructures unique to AM materials, such as
compositional micro-inhomogeneity and dislocation cell structure, are of particular importance
since they may lead to different radiation performance.

Ion irradiation can be a critical tool for understanding the irradiation responses of AM
materials. The range of conditions that materials will experience in advanced reactors, such
as neutron spectrum, flux, and temperature, are much greater than that of traditional light
water reactors. Combined with the incredible range of microstructures achievable with additive
manufacturing, quantifying materials’ radiation responses with only neutron irradiation is time-
and cost-prohibitive. Compared with neutron irradiation, ion irradiation is more accessible,
produces no or very low radioactivity, and radiation environments (e.g., temperature) can be
much more carefully controlled. More importantly, ion irradiation in a typical beam line facility
can cause much more rapid displacement damage than neutron irradiation in a test reactor,
decreasing the time needed for achieving high damage levels. Specimens can be irradiated to a
few displacements per atom (dpa) in hours with ions rather than in years with neutrons, enabling
a much shorter irradiation-characterization cycle. Nonetheless, the high damage rate with ions
can also have a profound impact on damage production and evolution, leading to different
microstructures between the ion- and neutron-irradiated specimens.

Under irradiation, highly energetic particles cause collision and displacement cascades in
structural stainless steel (SS) during which lattice atoms are knocked out of their positions.
The radiation damage event can be classified into the collisional phase, which leads to the
production of displaced atoms; the thermal spike phase, characterized by the collisional energy
of the displaced atoms being spread across neighboring atoms; and the quenching phase, where
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the majority of defects created in the previous phases migrate and recombine, leaving some
population of defects including interstitials, vacancies, and defect clusters [1]. The relaxation
phase may last from a few picoseconds to infinitely long times [1, 2]. While most of the generated
point defects) recombine, the remaining point defects result in supersaturation beyond their
thermal equilibrium concentrations. Those defects eventually diffuse, migrate, and aggregate
to form larger defect clusters, such as stacking fault tetrahedra, interstitial clusters, dislocation
loops, and voids [3, 4]. However, at extended defects such as grain boundary (GB)s and
dislocation cell walls (in cold-worked or AM microstructures), point defects can be absorbed
or annihilated, resulting in local concentrations closer to equilibrium. Therefore, point defect
fluxes and concentration gradients are established near GBs and cell walls. This influences
atomic fluxes and concentration gradients since diffusion of atomic components is coupled to
point defect migration. While atoms diffuse along the direction of self-interstitial atoms (SIA)
via dumbbell motion, they generally diffuse in a direction opposite to that of vacancies via the
vacancy-atom exchange mechanism. More importantly, for a given diffusion mechanism, each
atomic component diffuses at a different rate. Over time, the sustained flux of point defects
towards the sink and the associated diffusion of atomic components with different diffusivities
results in atomic redistribution or radiation-induced segregation (RIS). The evolution of the
microstructure due to radiation damage can cause serious deterioration of material properties,
including radiation embrittlement, void swelling, hardening, creep, and eventually the failure
of the material system [1]. Changes in chemical microsegregation can also affect the corrosion
performance by altering the local chemical potential and stability of any protective (passivating)
film.

To predict neutron irradiation performance of a new material on an accelerated time line,
ion irradiation testing must be paired with modeling and simulation and a limited amount of
neutron irradiation testing. Irradiation phenomena may be accelerated, altered, or even absent
in ion irradiations and must be analyzed with modeling to utilize the ion irradiation results
for prediction of the material’s performance in reactor service. The ultimate goal is to use a
combination of ion irradiation and modeling combined with a limited set of neutron irradiation
results from test reactor conditions to predict the behavior of materials in a variety of prototypical
advanced reactor conditions.

The AMMT program aims to demonstrate its new accelerated development and qualification
methods via laser powder bed fusion (LPBF) 316 SS. Thus, we focus on LPBF 316 SS (both 316L
and 316H compositions) for study and analysis. We integrate the ion irradiation results to guide
our modeling investigation and provide feedback for experimental studies as part of our effort
to understand the impact of microstructure and microchemical variability on radiation-driven
microstructure evolution. We perform in-situ and ex-situ ion irradiations and microstructural
characterizations to support the development of AM materials for reactor applications, allowing
us to quickly explore the irradiation responses of different AM materials to identify the influential
factors contributing to the performance of AM materials under irradiation and to provide
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high-fidelity data in support of the development of irradiation damage models for AM materials.
We lay the foundation of accurate predictions of microstructure evolution with a novel mesoscale
phase-field (PF) model using the Multiphysics Object-Oriented Simulation Environment
(MOOSE) framework [5–7] to study defect migration and RIS in the unique dislocation cell
structure present in AM 316 SS. To inform mesoscale simulations, we perform atomistic studies
with molecular dynamics. We predict the partial diffusivity of vacancies and interstitial atoms
in 316 stainless steel at a range of temperatures, which underpins the mesoscale phenomenon of
radiation-induced segregation. We also examine the effect of carbon and chromium on collision
cascade behavior to shed light on whether they impact radiation-driven microstructure evolution
from the initial damage event.
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2. Experimental investigations

The experimental effort focuses on AM 316L and 316H SS specimens printed via laser power
bed fusion. AM 316L SS is one of the most popular materials being produced with LPBF and
some preliminary irradiation data are available in literature [8–11]. Conversely, AM 316H SS
is relatively new and no prior study on its irradiation performance exists to our knowledge.
The experimental data collected in this study can be compared with wrought 316 SS data
in the literature to understand the difference between AM and wrought 316 SS. This section
discusses the experimental method, including the material fabrication, preparation of in-situ
and ex-situ irradiation specimens, irradiation experiments, microstructural examinations, and
nanoindentation tests.

2.1 Materials and specimen preparation

Three AM builds were investigated in this study, designated as LPBF 316L-1, LPBF 316L-2, and
LPBF 316H, with their compositions given in Table 1. These AM prints were produced via LPBF
at two laboratories: the LPBF 316L-1 specimen was printed at Oak Ridge National Laboratory
(ORNL) in the form of plates using a Concept Laser M2 system by GE. The same build was
also neutron-irradiated and tested at ORNL [9]. The LPBF 316L-2 and LPBF 316H prints were
produced at Argonne National Laboratory (ANL) in the form of small rectangular blocks using
a Renishaw AM400 system. The printing parameters of these materials can be found in previous
reports [12]. The composition of LPBF 316L-1 shown in Table 1 is the nominal composition of the
powder provided by the vendor. The compositions of LPBF 316L-2 and LPBF 316H were measured
by cutting a small piece from the build and analyzed with combustion infrared detection for
carbon, inert gas fusion for hydrogen, oxygen and nitrogen, and direct current plasma emission
spectroscopy for other elements.

The printed materials were machined into 3-mm-diameter rods with an electrical discharge
machine (EDM) along their build directions. The rods were then cut into 550 µm-thick disks
with EDM. For in-situ ion irradiations, the disks were mechanically polished on both sides with
sandpaper to a thickness of approximately 100 µm, and then electropolished between -30 °C
and -40 °C until perforation. The electrolyte used was composed of 5% perchloric acid and 95%
methanol. For ex-situ ion irradiations, only one side of each disk was polished. The polishing was
performed with sandpaper to P4000 grit, polycrystalline diamond suspension to 1 µm, vibratory
polishing using 50 nm colloidal silica polishing suspension, and finally electropolishing at -30 °C
to -40 °C using the same electrolyte for 20-30 seconds.

2.2 In-situ and ex-situ ion irradiations

In-situ ion irradiations were performed in the Intermediate Voltage Electron Microscope
(IVEM)-Tandem Facility at ANL using a NEC implanter and a Hitachi-9000 TEM [13]. A Gatan
double-tilt heating holder was used. The irradiation parameters are given in Table 2. For each
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Table 1: Composition (wt%) of the LPBF 316 stainless steels assessed

Build identifier

Element LPBF 316L-1 LPBF 316L-2 LPBF 316H

Oxygen 0.05 0.037 0.046

Nitrogen 0.01 0.095 0.015

Carbon 0.006 0.017 0.04

Sulfur - 0.009 0.005

Iron Bal. Bal. Bal.

Chromium 17.1 16.55 17.04

Manganese 1.19 0.57 1.09

Silicon 0.46 0.59 0.45

Nickel 12.1 12.33 12.22

Copper 0.01 0.12 0.007

Molybdenum 2.41 2.26 2.57

Vanadium - 0.057 0.01

Phosphorus <0.005 0.013 0.018

Cobalt 0.1 0.058 0.028

Tungsten - <0.002 <0.002
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Table 2: Irradiation parameters of in-situ ion irradiation

Build Identifier Ion Temperature (°C) Dose Rate (dpa/s) End Dose (dpa)

LPBF 316L-1

1 MeV Kr2+

300

10−3 5

600

LPBF 316L-2
300

600

LPBF 316H
300

600

in-situ irradiation experiment, bright-field (BF) mages, dark-field (DF) images and diffraction
patterns were taken at 0.3 dpa, 0.6 dpa, 1 dpa, 3 dpa and 5 dpa to show the defect evolution
as a function of dose. The vacuum of the TEM chamber was maintained below 3 × 10−7 torr
throughout the in-situ irradiation experiments.

Ex-situ ion irradiations were performed with a tandem accelerator. The irradiation parameters
are given in Table 3. The specimens were heated with an electric filament, and a thermocouple
was attached to the specimen holder for temperature control. The vacuum of specimen chamber
was maintained on the order of 10−7 torr during irradiation.

2.3 Post-irradiation examination

The as-printed LPBF 316H and LPBF 316H in-situ irradiated at 600 °C were examined with
EDS mapping on a Thermal Fisher Talos transmission electron microscope (TEM) in the Center
for Nanoscale Materials at Argonne National Laboratory, with a focus on the dislocation cell
structures, grain boundaries, and precipitates. Nanoindentation using a Bruker TI Premier was
performed on as-printed and ex-situ irradiated specimens. The load pattern used 5 seconds to
ramp the load, 2 seconds to hold the load, and 5 seconds to ramp down the load. For each
specimen, 100 indents were performed under load control. Using these conditions, hardness for a
contact depth ranging from approximately 100 nm to 220 nm was accessed.

2.4 Results of TEM examinations of as-printed microstructures

Figure 1 presents the TEM results obtained from the as-printed LPBF 316L-1 SS. Figures 1a and
1b show the dislocation cell structure resulting from the printing process. The average size of the
cells, as measured from the short axis of the elliptical-shaped cells, is 505± 38 nm. Figure 1c shows
the diffraction pattern taken under a two-beam condition near the ⟨001⟩ zone axis. Figure 1d
and Figure 1e are the magnified under-focused BF images showing small particles decorating the
dislocation cell walls. Their average size is 18.5 nm, but some of the largest particles are almost
100 nm, as shown in the size distribution plot in Figure 1f. These particles are reported as (Si, Mn)
oxides previously in the literature [9, 10]. Besides the silicon oxides, large inclusions with a size of
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Table 3: Irradiation parameters of ex-situ ion irradiation

Build Identifier Ion Temperature (°C) Dose Rate (dpa/s) Dose (dpa) Nanoindentation

LPBF 316L-1 4 MeV Ni2+

300

10−3

0.2

2

5

10

10−4 0.2

2

10−5 0.2

600

10−3

0.2 yes

2 yes

5 yes

10 yes

10−4 0.2

2

10−5 0.2

1-2 µm were observed occasionally in the TEM foil as shown in Figure 1g. The corresponding EDS
spectrum in Figure 1h indicates that the inclusion contains Mn, Cr, Si, Al, and O. The tantalum
signal is from the specimen holder.

Figure 2 shows the TEM analysis of as-printed LPBF 316L-2. Figure 2a shows the dislocation
cell structure, where the average cell size is 509 ± 51 nm. Figures 2b and 2c show the BF and
DF images of a dislocation cell. Figure 3 shows the TEM analysis of as-received LPBF 316H.
Figure 3a is the low-magnification BF image showing the dislocation cell structures in the as-
printed LPBF 316H SS. The cell size is 531 ± 75 nm. Similar to LPBF 316L-1, silicon oxides were
observed decorating the dislocation cell walls in LPBF 316L-2 and LPBF 316H. Inclusions like
those in LPBF 316L-1 were also observed in LPBF 316L-2 and LPBF 316H.

The elemental maps of as-printed LPBF 316H are shown in Figure 4. The dislocation cell wall
is enriched in Cr, Mo and, marginally, Si, while Fe is depleted at the cell wall. The nanoparticles
decorating the dislocation cell wall are enriched in Si, Mn, and O, and no carbides are observed.
The elemental distribution observed in LPBF 316H is consistent with that of LPBF 316L reported
previously [10, 14]. Overall, the as-printed LPBF 316L-1, LPBF 316L-2, and LPBF 316H show
similar microstructures, featuring dislocation cells in the order of 500 nm, small silicon oxide
nanoparticles decorating the cell walls, and chemical inhomogeneity primarily along the cell
walls.
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Figure 1: TEM results of as-printed LPBF 316L-1: (a) low-magnification BF TEM image. (b) high-
magnification BF TEM image. (c) diffraction pattern taken at a two-beam condition of g = 200
near the ⟨001⟩ zone axis. (d)(e) under-focused TEM images with a defocus of 5 µm. The red
arrows indicate the oxide particles. (f) the size distribution of the oxide particles. (g) TEM image
of an inclusion. (h) EDS spectrum of the inclusion.
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Figure 2: TEM images of as-printed LPBF 316L-2: (a) low-magnification BF TEM image. The
inset is the diffraction pattern taken at the ⟨011⟩ zone axis. (b) BF TEM image of a dislocation
cell. (c) the corresponding DF TEM image of the dislocation cell. The imaging condition for (b)
and (c) is a two-beam condition with g = 200 near the ⟨011⟩ zone axis.

Figure 3: TEM images of as-printed LPBF 316H SS: (a) Low-magnification BF TEM image.
(b) and (c) Higher-magnification BF and DF TEM images of a dislocation cell. The inset is the
corresponding diffraction condition for the images (g = 200 near the ⟨011⟩ zone axis).
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Figure 4: EDS composition maps of as-printed LPBF 316H.
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2.5 Defect evolution under in-situ ion irradiation

2.5.1 Defect evolution in LPBF 316H SS

The microstructure of LPBF 316H SS continuously evolved under in-situ ion irradiation.
Figure 5 and Figure 6 are two sets of TEM images taken during the 600 °C and 300 °C in-situ
irradiations, respectively. For the irradiation at 600 °C, the irradiation-induced dislocation loops
formed first near the center of the dislocation cells, which was defect-free prior to the irradiation.
The preexisting cell walls tend to become narrower under irradiation, but no dislocation loops
can be resolved inside the cell walls. The different responses to irradiation between the cell
interior and cell walls indicate an effect of the dislocation cell structure on the loop formation.
Both 1

3 ⟨111⟩ faulted loops and 1
2 ⟨110⟩ perfect loops were observed at 600 °C, and there was

no obvious difference between the two types of dislocation loops in their location relative to
the cell structure. With increasing irradiation dose, the loop size increased and more loops
formed, occupying the previously loop-free area within the as-printed cell structure. At 3 dpa
(Figure 5d), irradiation-induced dislocation loops occupied the entire cell interior. As the loop
density and size increased, the frequency of the loop-loop interaction increased and eventually
led to the formation of a dislocation network, as observed at 5 dpa (Figure 5e). The as-printed
heterogeneous dislocation cell structure was replaced by a uniform dislocation network at
damage greater than 5 dpa, and the prior cell walls were barely visible at high doses. It should be
noted that, however, the observed defect evolution as a function of dose can be affected by foil
thickness. At a different foil thickness, the exact doses for the different stages of the evolution
may be different, although the general trend of defect evolution should remain the same.

In contrast to the results of 600 °C irradiation, the formation of irradiation-induced dislocation
loops was less affected by the dislocation cell structure in the 300 °C irradiation. As shown in
Figure 6a, even at the lowest dose of 0.3 dpa, a high density of dislocation loops was observed
to be uniformly distributed within the preexisting dislocation cells. The dislocation walls became
less organized under irradiation and quickly vanished with increasing dose. Up to 1 dpa, the
majority of the irradiation-induced dislocation loops were small and difficult to characterize for
their Burgers vectors. However, as shown in Figure 6f, some of the irradiation-induced dislocation
loops can be determined as 1

3 ⟨111⟩ faulted loops based on their edge-on appearance under the
corresponding crystallographic orientation. With increasing irradiation dose, extended defects,
such as large dislocation loops and dislocation segments, were observed at 3 and 5 dpa, and
the density of dislocation loops decreased, which indicates the coalescence between irradiation-
induced dislocation loops at high doses. No voids were observed at either irradiation temperature.

2.5.2 Defect evolution in LPBF 316L SS

Similar to LPBF 316H SS, the microstructure of LPBF 316L SS evolved with increasing dose
under in-situ ion irradiations performed at 600 °C and 300 °C. The observations made in these in-
situ experiments were consistent with a previous study reported on a different LPBF 316H build
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Figure 5: A set of same area BF TEM images of LPBF 316H in-situ irradiated with 1 MeV Kr
ions at 600 °C to (a) 0.3 dpa, (b) 0.6 dpa, (c) 1 dpa, (d) 3 dpa and (e) 5 dpa. (f) The corresponding
diffraction pattern of the two-beam condition (g = 200 near the ⟨011⟩ zone axis) used for the set.
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Figure 6: A set of same area BF TEM images of LPBF 316H in-situ irradiated with 1 MeV Kr
ions at 300 °C to (a) 0.3 dpa, (b) 0.6 dpa, (c) 1 dpa, (d) 3 dpa and (e) 5 dpa. The inset is the
diffraction pattern indicating the two-beam condition of g = 200 near the ⟨011⟩ zone axis. (f)
A high-magnification image of the 1 dpa sample. The red arrows indicate the edge-on faulted
dislocation loops.
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Figure 7: BF TEM image of LPBF 316L-1 in-situ irradiated with 1 MeV Kr ions at 600 °C to 1 dpa.
The inset is the imaging condition – a two-beam condition with g = 111̄ near the ⟨011⟩ zone axis.

[10]. Figure 7 and Figure 8 show the TEM images of LPBF 316L-1 and LPBF 316L-2, respectively,
irradiated at 600 °C to 1 dpa. Like the LPBF 316H, large 1

3 ⟨111⟩ faulted loops and 1
2 ⟨110⟩ perfect

loops were produced by irradiation preferentially at the interior of dislocation cells. Figure 9 and
Figure 10 show the TEM images of LPBF 316L-1 and LPBF 316L-2, respectively, irradiated at 300
°C to 1 dpa. Again, a high density of small dislocation loops was observed uniformly within the
cell structure. The loop size and density were different among LPBF 316L-1, LPBF 316L-2, and
LPBF 316H, making it possible to study the effect of composition (e.g. carbon content differences
between 316L vs 316H) on irradiation damage. However, because TEM foil surfaces are defect
sinks that could strongly affect the defect evolution [15, 16], a careful analysis of foil thickness is
essential to make quantitative comparisons among different samples.

2.5.3 RIS in LPBF 316H SS

Figure 11 shows the elemental maps of LPBF 316H in-situ irradiated at 600 °C to 5 dpa.
Irradiation-induced segregation (RIS) at grain boundaries was observed. Cr and Mn were
depleted, while Si, Ni and some trace amounts of O were enriched. No carbides were observed
after irradiation. Instead, a high density of small Cr-rich oxide rods with a length of 50-100 nm
and a width of 10-20 nm were observed. The presence of such a high density of nanoparticles can
have an impact on mechanical properties and therefore merit further investigation. To address
whether irradiation induced the Cr-rich oxide formation or whether it is purely a thermal effect, a
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Figure 8: BF TEM image of LPBF 316L-2 in-situ irradiated with 1 MeV Kr ions at 600°C to 1 dpa.
The inset diffraction pattern is the imaging condition – a two-beam condition with g = 200 near
the ⟨011⟩ zone axis.
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Figure 9: BF TEM image of LPBF 316L-1 in-situ irradiated with 1 MeV Kr ions at 300°C to 1 dpa.
The inset diffraction pattern is the imaging condition – a two-beam condition with g = 200 near
the ⟨001⟩ zone axis.

LPBF 316H TEM specimen was annealed at 600 °C inside the TEM for 90 minutes; the temperature
and duration of the annealing are identical to the in-situ irradiation performed at 600 °C to 5
dpa. Figure 12 presents the elemental maps. Without irradiation, no Cr-rich oxides formed in the
annealed sample, indicating that the formation of Cr-rich oxide in the irradiated LPBF 316H was
an effect of irradiation. Oxygen enrichment at grain boundaries, however, were similar between
the annealed and irradiated specimens. Conversely, a previous study on an LPBF 316L sample
solution annealed at 1050 °C for 30 minutes also showed the formation of Cr-rich oxides [17].
Further investigation on the effects of irradiation and the thermal stability of the Cr-rich oxides is
required.

The Cr and O maps in Figure 11 exhibit a denuded zone with a width of approximately 200
nm in the vicinity of the grain boundary. Along another grain boundary, however, the oxide-free
denuded zone is less evident (Fig. 13). In addition, the density of oxide particles appears to be
nonuniform among different grains. In Fig. 11, the number of Cr oxides appears to be greater in
the upper-left grain than in the lower-right grain. Similar observations can also be made for the
grains in Fig. 13.

Regarding the initial chemical inhomogeneity resulting from printing process, the depletion
of Fe and the enrichment of Ni and Mo at cell walls largely continued after irradiation. The
enrichment of Cr at the cell walls after irradiation, however, requires further investigation. Finally,
the preexisting (Si, Mn) oxide nanoparticles inside the AM specimens remained after irradiation.
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Figure 10: BF TEM image of LPBF 316L-2 in-situ irradiated with 1 MeV Kr ions at 300°C to 1 dpa.
The inset diffraction pattern shows the imaging condition – a two-beam condition with g = 200
near the ⟨011⟩ zone axis.
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Figure 11: EDS maps of LPBF 316H in-situ irradiated at 600°C with 1 MeV Kr ions to 5 dpa. The
red dashed curves highlight the boundary of a denuded zone of chromium oxides in the vicinity
of the grain boundary. All the EDS maps are characteristic x-ray intensity maps, except for iron,
which is a compositional map.
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Figure 12: EDS maps of LPBF 316H annealed at 600°C inside a TEM for 90 minutes. All maps are
intensity maps.
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Figure 13: EDS maps of LPBF 316H in-situ irradiated at 600°C with 1 MeV Kr ions to 5 dpa. All
elemental maps are characteristic x-ray intensity maps.
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Figure 14: Load-controlled nanoindentation measurements on LPBF 316L-1 irradiated with 4
MeV Ni ions at 600°C.

2.5.4 Nanoindentation tests on ex-situ irradiated specimens

The ex-situ ion irradiations on LPBF 316L-1 shown in Table 3 have been completed.
Nanoindentation tests were performed on the as-printed and 600 °C-irradiated specimens. The
tests were carried out in a load-controlled mode with a maximum load of 4000 µN and a loading
rate of 800 µN/s. Figure 14 shows the hardness as a function of contact depth. A general trend
of decreasing hardness with increasing contact depth can be seen for all samples regardless
their irradiation conditions. For all specimens, a considerable scattering of hardness data was
observed. Therefore, sufficient data points must be collected to reveal any effect of irradiation
dose. In the figure, the results from different doses are color coded. Each dot represents one
indentation measurement. The lines are the linear regressions of the data at the given doses, and
the shaded areas indicate the 95% confidence level around the regression line [18]. At 0.2 dpa,
irradiation does not appear to affect the nanohardness. At 2 dpa, the hardness decreases slightly
from the unirradiated state, indicating irradiation softening. At 5 and 10 dpa, the the hardness
increased with irradiation dose over the unirradiated state. As compared with the as-printed
specimen, the extent of hardening was about 11-14% for the range of contact depth explored. This
complex dose dependence of nanohardness results is consistent with the recent tensile tests on
neutron-irradiated AM samples [9].
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3. Computational investigations

We integrate the ion irradiation results to guide our modeling investigation and provide
feedback for experimental studies as part of our effort to understand the impact of microstructure
and microchemical variability on radiation-driven microstructure evolution. We lay the
foundation of accurate predictions of microstructure evolution with a novel mesoscale PF
model using the MOOSE framework [5–7] to study defect migration and RIS in the unique
dislocation cell structure present in AM 316 SS. To inform mesoscale simulations, we perform
atomistic studies with molecular dynamics. We predict the partial diffusivity of vacancies and
interstitial atoms in 316 stainless steel at a range of temperatures, which underpins the mesoscale
phenomenon of radiation-induced segregation. We also examine the effect of carbon and
chromium on collision cascade behavior to shed light on whether they impact radiation-driven
microstructure evolution from the initial damage event.

3.1 Mesoscale phase field modeling of RIS in AM 316 SS

3.1.1 Model formulation for radiation-induced segregation

Following linear irreversible thermodynamics, the atomic and point defect transport can be
described in terms of their chemical potential gradients ∇µi. We define the concentrations as
lattice site fractions, c, in the lattice frame of reference and choose Fe as the dependent species. We
can thus reduce the number of components needed to be tracked to Ni, Cr, vacancy (V) and SIA
(I) with cFe = 1 − cNi − cCr − cV + cI , and formulate the fluxes in terms of the diffusion potential
µ̃i = µi − µFe gradients as

JNi = −
(

L̃NiNi∇µ̃Ni + L̃NiCr∇µ̃Cr + LNiV∇µV
)

, (1a)

JCr = −
(

L̃CrNi∇µ̃Ni + L̃CrCr∇µ̃Cr + LCrV∇µV
)

, (1b)

JV = −
(

L̃VNi∇µ̃Ni + L̃VCr∇µ̃Cr + LVV∇µV
)

, (1c)

JI = −
(

L̃INi∇µ̃Ni + L̃ICr∇µ̃Cr + LI I∇µI
)

, (1d)

where JFe + JCr + JNi + JV − JI = 0. The above form of force-flux relations are consistent with
Cahn-Hilliard type equations proposed for RIS in a binary body centered cubic (BCC) Fe–Cr alloy
[19].

L̃ or L(Fe) are the relative transport coefficients given by L̃kl = LV
kl + LI

kl − cl(LkV + LkI), L̃Vl =

−∑k LV
kl + cl LVV and L̃Il = ∑k LI

kl − cl LVV . From Onsager’s reciprocity, Lkl = Llk, LVl = LlV =

−∑k LV
kl , LIl = ∑k LI

kl and L̃νν = ∑k ∑l Lν
kl . The Onsager coefficients Ld

kl are expressed using
Manning’s relation as [20]

Lν
kl = ckcνdkν

(
δkl +

2cldlν

Mo ∑i cidiν

)
, (2)

where dkν is the partial diffusion coefficient, δkl is the Kronecker delta and M◦ = 2 f◦/(1 − f◦),

22



with f◦ being geometric correlation factor for fcc structures. In the present work, we describe the
vacancy partial diffusion coefficient from experimentally-fit tracer diffusion or atomic mobility
data as

dkV = M◦
k exp

(
−Qk + E f

V
kBT

)
, (3)

where M◦
k = exp (Θk) is the frequency factor, Qk is the activation energy and E f

V is the vacancy
formation energy. The Redlich-Kister coefficients in the expressions for Θk and Qk are obtained
from Ref. [21]. The self-interstitial partial diffusion coefficients are given by the Arrhenius-type
dependence as

dkI =
1
6

λ2
I z f Iω

◦
kI exp

(
− Em

I
kBT

)
β̃kI (4)

where λI is the jump distance of I, zI is the site coordination number, ω◦
kI is the prefactor for jump

frequency, Em
I is the interstitial migration energy (assumed to be same for all atomic elements)

and β̃kI = exp ((EkI − EFeI)/kBT))/ {cFe + ∑k ck exp ((EkI − EFeI)/kBT)} is the interstitial binding
factor for k as per Ref. [22].

The concentration evolutions are given by the mean-field reaction-rate-theory as

∂cNi

∂t
= −∇.JNi, (5a)

∂cCr

∂t
= −∇.JCr, (5b)

∂cV

∂t
= −∇.JV + ṖV − ṠV(cV − ce

v)− ṘVIcVcI , (5c)

∂cI

∂t
= −∇.JI + ṖI − ṠI(cI − ce

I)− ṘVIcVcI , (5d)

where ṖV = ṖI = ϵṖ◦ is the defect production rate, ϵ is the displacement efficiency and Ṗ◦ is
the irradiation damage rate in dpa [23]. ṘVI = 4πr◦(DVV + DI I)/v◦ is the vacancy-interstitial
recombination rate with r◦ being the recombination radius. The point defect absorption rate Ṡν

of a symmetric tilt GB consisting of an array of parallel dislocations with spacing ddisl is given by
[24, 25]

Ṡgb
ν =

2πDνν

d2
disl log (ddisl/2b)

, (6)

where ddisl = b/(2 sin (∆α/2)). ∆α is difference in misorientation angle from zero degree or the
angle of a Σ-boundary and b = a◦/

√
Σ. The sink absorption rate of dislocations are given by

Ṡdisl
ν =

4πrc
ν

d◦
ρdislDνν, (7)
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where ρdisl is the dislocation number density. rc
ν the sink capture radius, and d◦ the interplanar

spacing [26, 27]. The vacancy and interstitial diffusivities are given by Dνν = cNidNiν + cCrdCrν +

cFedFeν.
A multi-order phase field model is employed to describe the AM microstructure consisting

of multiple dislocation cells. A system of p dislocation cells is represented by the set of order
parameters fields η1, η2, . . . , ηp, with the characteristic order parameter for cell i denoted by ηmi.
The region in cell i is defined by ηi = 1 and ηj = 0 (∀j ̸= i). The total free energy of the system is
written as

F =
∫

V

[
falloy+defect(c) + fdisl(η) + wg(η) +

κ

2
|∇η|2

]
dV, (8)

Here, falloy+defect(c) ≈ falloy(cNi, cCr) + fdefect(cV , cI) is the free energy of the Fe–Ni–Cr solid
solution with irradiation-induced vacancies (V) and self-interstitials (I), given by

falloy ≈ f ◦FeNiCr + µ̃◦
Ni(cNi − c◦Ni) + µ̃◦

Cr(cCr − c◦Cr) (9a)

+
θ̃◦NiNi

2
(cNi − c◦Ni)

2 +
θ̃◦CrCr

2
(cCr − c◦Cr)

2 + θ̃◦NiCr(cNi − c◦Ni)(cCr − c◦Cr),

fdefect ≈E f
VcV + E f

I cI +
RT
vm

(cV ln cV + cI ln cI) . (9b)

falloy has been approximated using the second-order Taylor expansion of the CALPHAD-based
Fe–Ni–Cr free energy ( fTC) about the nominal alloy composition c◦ = {c◦Ni, c◦Cr}. The fitting
parameters are f ◦FeNiCr = fTC(c◦), µ̃◦

k = ∂ fTC/∂ck|c◦ and θ̃◦kl = ∂2 fTC/∂ck∂cl
∣∣
c◦ . fdefect has been

approximated in the dilute limit. The thermal equilibrium concentration of a point defect is given
by ce

ν ≈ exp (−E f
ν /kBT), and E f

ν is the formation energy of defect ν in face centered cubic (FCC)
Fe–Ni–Cr.

The free energy contribution from the dislocation distribution in the microstructure fdisl is
expressed as

fdisl =
1
2

Gb2 [(1 − g◦)ρbulk + g◦ρwall] , (10)

where ρbulk is the loop dislocation density within the bulk of cells and ρwall is the network
dislocation density at the cell wall. To distinguish the dislocation densities within individual cells,
ρi, the former is expressed as ρbulk = ∑ ρihi/∑ hi, where hi(η) = η2

i [6]. g◦ = 8g(η) is employed
as a normalized interpolation function to represent the network dislocation or cell wall structure.
g(η), as defined here and in Eq. 8, is a multi-well potential defined for symmetric interfaces (i.e.
ηi = 1 − ηj) in the multi-order-parameter model [28] as

g =
1
4
+

p

∑
i=1

(
η4

i
4

−
η2

i
2

)
+ 1.5

p

∑
i=1

p

∑
j=1,j ̸=i

η2
i η2

j . (11)
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The diffusion potentials in the flux relations (Eqs. 1) can derived from the free energy
functional (Eq. 8) using variational principles as µ̃k = δF/δck and µ̃ν = δF/δcν. Using the
transport fluxes and the free energy function, the evolution equations for concentrations in the
diffusion form and the order parameters in Allen-Cahn form can be derived as

∂cNi

∂t
= ∇.

(
D̃NiNi∇cNi + D̃NiCr∇cCr + DNiV∇cV + DNiI∇cI

)
, (12a)

∂cCr

∂t
= −∇.

(
D̃CrNi∇cNi + D̃CrCr∇cCr + DCrV∇cV + DCrI∇cI

)
, (12b)

∂ cV

∂t
= −∇.

(
D̃VNi∇cNi + D̃VCr∇cCr + DVV∇cV

)
+ ṖV − ṠV(cV − ce

V)g(η)− ṘVIcVcI , (12c)

∂ cI

∂t
= −∇.

(
D̃INi∇cNi + D̃ICr∇cCr + DI I∇cI

)
+ ṖI − ṠI(cI − ce

I)g(η)− ṘVIcVcI , (12d)

∂ η

∂t
= −Lη

(
d fdisl

dηi
+ w

dg
dηi

− κ∇2ηi

)
. (12e)

The diffusivities are given in terms of the Onsager coefficients and thermodynamic factors as
D̃kl = ∑m=Ni,Cr L̃km θ̃ml , for k, l = {Ni, Cr, V, I} and Dkν = Lkνθνν, for ν = {V, I}. By definition,
the atomic thermodynamic factors θ̃ml are equivalent to the nominal values θ̃◦ml of the Taylor free
energy, Eq. 9a. However, to prevent concentrations from taking unphysical values, such as during
RIS at high-angle GB in large-grained systems, we introduce concentration dependence based
on an ideal thermodynamic model as θ̃NiCr = θ̃CrNi = θ̃∗NiCr/cFe, θ̃NiNi = θ̃∗NiNi(1 − cCr)/cFe

and θ̃CrCr = θ̃∗CrCr(1 − cNi)/cFe. Here, θ̃∗ are the normalized factors calculated at nominal alloy
composition as θ̃∗NiCr = θ̃∗CrNi = θ̃◦NiCrc◦Fe, θ̃∗NiNi = θ̃◦NiNic

◦
Fe/(1 − c◦Cr) and θ̃∗CrCr = θ̃◦CrCrc◦Fe/(1 −

c◦Ni). The thermodynamic factor for a point defect species is given by θ̃νν = (RT/vm)/cν. The
derivatives in Eq. (12e), governing the driving force for microstructure evolution, are given by

d fdisl

dηi
=

Gb2

2

[
(1 − g◦)

∂hi

∂ηi

(ρi − ρbulk)

∑j hj
+ (ρwall − ρbulk)

∂g◦
∂ηi

]
, (13a)

dg
dηi

= η3
i − ηi + 3ηi ∑

j
η2

j , (13b)

dh
dηi

= 2ηi. (13c)
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3.1.2 Radiation-induced segregation model parameterization

For an planar interface in equilibrium, the dislocation wall energy σwall and width 2∆wall can
be derived following the general method in Ref. [29] as

σwall =
4
3

√(
1
2

Gb2ρwall + wwall

)
κwall, (14a)

2∆wall =

√
8κwall

(4Gb2ρwall + wwall)
. (14b)

Considering all the energetic contribution of the cell wall is due to the dislocation energy density,
we set w = 0. This allows the model parameter κ to be determined from Eq. 14b and gives σwall =

(2/3)Gb2ρwall∆wall from Eq. 14a. Within the phase field formulation, ρwall is the (maximum)
dislocation density at the center of the cell wall. The GB energy σgb and width 2∆gb are expressed
in terms of model parameters as [29]

σgb =
4
3
√

wgbκgb, (15a)

2∆gb =

√
8κgb

wgb
. (15b)

Here, we use a physically-based value for σgb and set 2∆gb to a numerically feasible value to
determine wgb and κgb in Table 4.

The RIS model was parameterized for FCC Fe–12Ni–17Cr by adapting and re-tuning the
parameters of Yang et al. [21] to the current composition and non-ideal PF model. The optimized
functions for the composition-dependence of the activation energy Qi and the pre-factor exponent
Θi under thermal conditions are obtained from Ref. [21]. The vacancy migration energy is
given by the difference Em

Vi = Qi − E f
V , where E f

V is an uncertain parameter that needs to be
parameterized based on atomistic calculations. Qi falls in the range 2.84–2.97 eV; E f

V = 1.8 eV is
chosen based on the first principles study of Ref. [30]; and S f

V = 2kB is assumed. This yields an
effective migration free energy in the range 1.2–1.25 at 873 K. The vacancy diffusion coefficients at
873 K are obtained as DVV ≈ 2.2× 106 nm2/s, dCrV/dNiV = 2.63 and dFeV/dNiV = 1.64. The ratios
of vacancy partial diffusion coefficients agree well with the general range reported in Ref. [21],
and describe the faster Cr and slower Ni transport in FCC Fe via the vacancy-atom exchange
mechanism.

The migration energies for all atomic species via the interstitial mechanism is assumed to be
equal with Em

I = 0.6 eV. A higher value of Em
I = 0.9 eV was used for Fe-rich alloys in Ref. [21],

which resulted in a lower diffusivity for SIAs compared to vacancies. Setting Em
I = 0.6 eV in

the present work yields DI I ≈ 2.8 × 107 nm2/s at 873 K, which is an order of magnitude faster
than DVV . First principles studies of SIA formation in dilute [30] and concentrated [31] FCC
Fe–Ni–Cr indicate attractive interaction with Cr, repulsive interaction with Ni and a near-ideal
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interaction with Fe. The positive value of Eb
CrI − Eb

FeI = 0.025 eV models favorable transport via
Cr interstitials whereas the negative value of Eb

NiI − Eb
FeI ≈ −0.008 models unfavorable transport

via Ni interstitials. These values were slightly modified from those in Ref. [21] to better capture
the RIS-temperature trends for the current composition of interest. The resulting binding factors
for the SIA partial diffusivities are βCrI = 1.31, βNiI = 0.85 and βFeI = 0.94. The ratios of SIA
partial diffusion coefficients are obtained as dCrI/dNiI = 1.54 and dFeI/dNiI = 1.1, which describe
favorable transport of Cr interstitials and an unfavorable transport of Ni interstitials. While there
are uncertainties in the SIA parameters, the vacancy-mediated transport is expected to dominate
the RIS behavior, except at lower temperatures.

Table 4: Default parameter values used in phase field radiation-induced segregation model.

Property Value Ref. Property Value Ref.

c◦Ni 0.12 a◦ 0.35 nm [32]
c◦Cr 0.17 vm NAa3

◦/4 cm3/mol [1]
T 773 K λI 0.25 nm [1]

E f
V 1.8 eV [21] z 12 [33]

S f
V 2 kB [1] f I 0.44 [33]

E f
I 3.6 eV [33] ω◦

kI 1.5 × 1012 s−1 [33]
Em

I 0.6 eV [21] Ṗ◦ 7 × 10−6 s−1 [23]
Eb

CrI − Eb
FeI 0.025 eV [21] f◦ 0.78 [34]

Eb
NiI − Eb

FeI −0.0075 eV [21] v◦ a3
◦/4 Å3 [1]

θ̃◦NiNi 0.95 × (RT/vm) [35] G 73 GPa [36]
θ̃◦CrCr 1.04 × (RT/vm) [35] b 0.5 nm
θ̃◦NiCr 1.42 × (RT/vm) [35] 2∆gb 5 nm

d◦ a◦ σgb 1 J/m2

r◦ 2a◦ 2∆wall 100, 200 nm [11]
rc

ν 2d◦ κwall 1.3, 5.4 × 10−8 J/m
ρbulk 10−4 nm−2 [33] κgb 3.8×10−9 J/m3

ρwall 10−3 nm−2 [37] wgb 1.2×109 J/m3

Lη 1 × 10−11 m3/(Js)

3.1.3 Results of scaling dislocation cell wall widths on simulated RIS

The diffuse order parameters representing the GB and dislocation cell wall in the PF simulation
are shown for a one-dimensional (1D) system in Fig. 15. Widths on the order of a few nm and
100 nm were employed for the GB and cell wall, respectively, with the dislocation cell wall width
informed by the experimental investigations in Section 2. RIS results using four different PF
widths are compared and verified against the conventional sharp interface RIS model in Fig. 16.
While the PF model describes the sink via a local defect absorption rate term, Ṡν(cV − ce

V)g(η),
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Figure 15: Diffuse interface representation of a GB and a dislocation cell wall with order
parameters of widths 5 nm and 100 nm, respectively.

the sharp interface model assumes an ideal sink and imposes the equilibrium point defect
concentration at the GB location via a Dirichlet boundary condition, cν = ce

ν. RIS profiles for 5 nm
wide interface matched well with the results from the sharp-interface simulation. While smaller
widths require a finer mesh, making the simulation more expensive, larger widths with the same
sink absorption rate resulted in wider RIS profiles.

The dislocation density distribution across the PF cell wall is shown in Fig. 17. The total
dislocation density ρtot is the integrated value across the PF cell wall. Based on experimental
characterization, the physical width of the cell wall is 100 nm. If the PF width is set to 2∆wall =

100 nm and the peak dislocation density ρwall is set to a physical value of ρphys = 10−3 nm−2, we
obtain ρtot = 0.05 nm−1, which is half the physical total dislocation density 100 ρphys = 0.1 nm−1.
To realize ρtot = 100 ρphys, we can either fix 2∆wall = 100 nm and determine ρwall or set ρwall =

ρphys and determine 2∆wall. Steady-state RIS profiles for all these cases are shown in Fig. 17b.
The first case with ρtot < 0.1 nm−1 clearly shows lower RIS. Among the other two cases, the
former with ρwall > ρphys shows greater RIS. We choose the case where ρwall = ρphys and 2∆wall ≈
200 nm. RIS at the dislocation cell wall in Fig. 17b is found to be be lower in peak value and wider
in profile compared to that of a general high angle grain boundary (HAGB). A more detailed
study is warranted to determine effective parameters for ρwall and 2∆wall that yield physically
representative RIS peak concentration or excess.

3.1.4 Results of sink strength dependence of RIS at grain boundaries

To effectively model RIS at GBs, it is necessary to describe the GB sink behavior physically.
The sink strength Ṡgb

ν /Dν of a geometrically simple symmetric tilt GB is modeled as a function
of line dislocation spacing using Eq. 6, where the dislocations are assumed to be perfect sinks.
RIS profiles and peak GB concentrations for a range of misorientation angles α = 0 − 21◦ are
plotted in Figs. 18a and b, respectively. With an increase in α, the dislocation spacing decreases,
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(a) (b)

Figure 16: Steady-state concentration profiles for (a) point defects and (b) atomic components in
a periodic 1D system with a general HAGB at −200, 0 and 200 nm. “DBC” refers to the Dirichlet
boundary condition used for a sharp-interface solution. Default RIS model parameters in Table 4
were used.

(a) (b)

Figure 17: (a) Dislocation network density variation across the cell wall in the PF model realized
for different parameters: total dislocation density ρtot across cell wall, maximum dislocation
density ρwall and cell wall width 2∆wall. (b) RIS at cell wall for parameters in (a) compared
against RIS at a general HAGB.
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leading to greater sink strengths, and therefore, greater RIS. Symmetric HAGBs are expected to
behave similar to ideal sinks with Ṡgb

ν /Dν > 25 nm−2 for α > 21◦. Indeed for these GBs, the
point defect concentrations at the GB center are maintained at their equilibrium value ce

ν (akin to
conventional RIS models with a Dirichlet boundary condition), and the RIS peak concentrations
or their excess attain a constant maximum value. For lower α, the GBs behave as imperfect sinks
and exhibit little RIS; for instance, θ = 3.7◦ exhibits a low sink strength of Ṡgb

ν /Dν ≈ 0.1 nm−2,
in agreement with Ref. [38]. We note here that the sink strength Ṡν/Dν has been defined in the
PF model as a local value at the spatially resolved sink. In contrast, some diffusion or rate theory
models tend to define mean-field sink strengths assuming a geometric distribution for the GBs. In
Fig. 17b, the mean-field sink strength Ṡdisl

ν /Dν of dislocations with a density of ρwall = 10−4 nm−2

is 0.0025 nm−2 and that for 10−3 nm−2 is 0.025 nm−2.

(a) (b)

Figure 18: (a) Steady-state atomic concentration profiles for different symmetric tilt GBs in a 1D
system. (b) Peak RIS concentrations as a function of the GB misorientation angle. Default RIS
model parameters in Table 4 were used.

3.1.5 Results of effect of temperature and dose rate on RIS

The time evolution of RIS at the GB is shown in Fig. 20a for different dose rates. With an
increase in dose rate, the time to reach steady state decreases. Indeed, irradiations using ions take
considerably less time (several hours) to reach the same damage rate or extent of RIS compared
to neutrons (several years). Steady-state RIS at the GB is shown as a function of temperature for
different dose rates in Fig. 20b. For a given dose rate, RIS reaches a maximum at some intermediate
temperature. The low RIS at low temperatures can be attributed to the dominant effect of defect
recombination and at high temperatures to the thermal back diffusion. The temperature to reach
maximum RIS is seen to shift to higher temperatures for higher dose rates; this is consistent with
theory [1] and modeling results [39], and can been attributed to the trade-off between athermal
dose rate and thermal kinetic effects. While the dose (dpa) to reach steady state is similar if
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(a) (b)

Figure 19: Effect of temperature on the steady-state concentration profiles of (a) point defects and
(b) atomic components in a periodic 1D system (see Fig. 16 with a general HAGB. Default RIS
model parameters of Table 4 were used.

the same displacement efficiency is assumed, each irradiation particle type is expected to have
a different displacement efficiency, and the nominal dose rate will need to be corrected in future
work to an efficiency-corrected value.

(a) (b)

Figure 20: Effect of irradiation dose rate or particle type on RIS. (a) Time to reach steady state
concentration at 673 K. (b) Combined effect of temperature and dose rate on the steady-state GB
concentration. Default values from Table 4 were used for other model parameters.

3.1.6 Results of RIS at evolving cell walls

Under irradiation, the dislocation loop density within the interior of the dislocation cell
and the network dislocation density at the cell walls of the AM microstructure co-evolve
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(a) (b)

Figure 21: (a) Time evolution of total dislocation density across cell wall ρtot realized using
different functional forms for ρwall. (b) Cr concentration evolution at the center of cell wall for
different dislocation density evolution in (a).

(Section 2, Refs. [10, 11, 40]). While quantitative data on dislocation evolution in the AM
microstructure must be characterized in FY2024, the evolution of dislocation structures in
cold-worked SS under irradiation has been a subject of extensive research [37, 41, 42]. To capture
the various evolution trends, we employ mathematical functions based on exponentials and their
distributions. We simulate ρtot across the cell wall using different functional forms, shown in
Fig. 21a. Corresponding results of RIS evolution for Cr at the GB are shown in Fig. 21b. For
the non-monotonically evolving ρtot, the Cr concentration decreases and then increases to a
steady-state value. For both the constant and decreasing ρtot, the Cr concentration decreases, but
to different steady-state values.

3.1.7 Results of RIS in AM microstructures

To simulate RIS in AM SS, we employ a representative 2D microstructure with hexagonal
dislocation cells of 0.5 µm width within a square grain of 1 × 1 µm2, as shown in Fig. 22b. The
hexagonal cell structure in PF is stable against boundary movement and prevents evolution of the
cells. Dirichlet boundary conditions cν = ce

ν are applied on the point defect concentrations along
the edges of the square grain to describe the sink action of general HAGBs. For comparison, RIS
simulations are also performed on an identical square grain GB system without dislocation cells
as shown in Fig. 22a. The steady-state concentrations for point defects and atomic components
are shown in Fig. 22c and d, respectively. The concentration of point defects at the cell walls are
orders of magnitude greater than the ideal value of ce

ν at GB and at least an order of magnitude
lower that that in the center of the dislocation cell. Lower RIS concentrations are observed at
the cell walls compared to the GB due to their non-ideal point defect absorption characteristics.
Moreover, RIS at GB in the AM microstructure is lower that that in the reference microstructure
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due to the presence of the higher dislocation sink density within the grains in the former.

(a) (b)

(c) (d)

Figure 22: PF simulation of RIS in 2D. (a) Square grain of 1 × 1 µm2 size with general HAGB at
the edges (dark region) of the square domain. (b) Hexagonal dislocation cells walls (dark region)
to form dislocation cells of 0.5 µm width within the square grain shown in (a). Line profiles of (c)
point defect and (d) atomic concentrations at steady state are taken horizontally from the center
of 2D domains in (a) and (b).

3.2 Molecular dynamics studies of radiation damage in 316 SS

3.2.1 Assessment of available interatomic potentials

Molecular dynamics (MD) is a technique for modeling the behavior of a system consisting
of an ensemble of atomic particles using the classical Newtonian equations of motion. The
motion of each atom in the simulation is tracked through time by determining the forces acting
upon it using an interatomic potential and then numerically integrating in time to obtain its
position at the next time step of the simulation. In this work, MD simulations were performed
using the LAMMPS (Large scale Atomistic/Molecular Massively Parallel Simulator) software, an
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open source package developed by Sandia National Laboratories [43] that is highly optimized
for running MD simulations across many Central processing unit (CPU) and or Graphical
processing unit (GPU) cores. To model the high energy collisions involved in collision cascades,
these simulations need to account for the forces arising from a variety of physical phenomena,
requiring the combination of several models to accurately represent the forces in the system.

The forces between two interacting particles are considered to be the most fundamental
aspect of radiation damage, without which it is impossible to define microstructural properties
and defect energetics. These forces are described by interatomic potentials, which are typically
empirical functions created from fitting either density functional theory or experimental data. The
accuracy of interatomic potentials is vital for the accuracy of simulation outcomes. Development
of accurate interatomic potentials in extremely time-consuming and is generally focused on
describing specific phenomena (e.g., melting, phase transitions, or radiation damage), and
becomes more complicated as the number of elements in the potential increase. As a result, we
cannot build an interatomic potential for radiation damage in 316 SS; instead, we must first assess
the available interatomic potentials for fitness to the needs of this investigation while making
reasonable simplifications to the composition space studied.

The forces modeled in this work can be broken down into three separate components. The first
is long range forces, which we are modeling using potential models based on either embedded
atom method (EAM) or Tersoff [44, 45] forms. Initial tests were performed on the EAM potential
developed by Zhou et al. [46] to model Fe-Cr-Ni systems. However, it was found that the
model had issues accurately modeling the vacancy formation energy in 316 stainless steel and
maintaining the correct crystal structure when simulating collision cascades. Conversely, the
model developed by Beland et al. [47] for modeling collision cascades in Fe-Cr-Ni systems was
found to produce more realistic results. Additionally, a Tersoff model developed by Henriksson
et al. [48] was used in order to study Fe-Cr-C systems to investigate the effect of carbon content
on collision cascades and the diffusion of point defects. The second type of forces are short range
forces resulting from screened nuclear repulsion. These are modeled using the universal Ziegler,
Biersack, and Littmark (ZBL) potential [49] appended to the long-range forces described by EAM
or Tersoff models. The last force component is an electronic stopping model that accounts for
the inelastic energy loss of fast moving atoms in solids due to electronic collisions [50, 51]. The
strength of the electronic stopping power in each material was calculated using the Stopping and
Range of Ions in Matter program (SRIM) [52]. An alternative method is the two-temperature
model that provides a more detailed accounting of energy transfer between the electronic and
ionic systems; however, this is a quite burdensome method to parameterize involving many
density functional theory calculations, which is particularly challenging for elements with
unpaired electrons (i.e., Fe, Cr, and Ni in 316 SS). The electronic stopping method is a commonly
accepted method to include electronic stopping within molecular dynamics simulations.
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3.2.2 Partial diffusivity simulation methods

Measuring diffusivity of point defects in an alloy using MD raises a few complications over a
pure material. The standard method for measuring the diffusivity of vacancies or interstitials in
a pure material is to create an MD simulation with a single defect. This avoids the difficulty of
tracking the position of the vacancy or SIA through time, because all change in the mean square
displacement (MSD) can be attributed to the presence of a defect. From this point the diffusivity
can be calculated using the Einstein relation:

D =
r2

s (t)
2nt

(16)

where r2
s (t) is the MSD of the object, t is time, and n is the dimensionality of the system. In

this case the object would be all of the atoms in the simulation, and the corresponding result is the
tracer or defect diffusion coefficient, respectively.

In alloy systems this becomes more complicated, because there is a need to determine the
partial diffusivity of vacancies and interstitials in the system. This means that, for each defect
type, we need to determine both the diffusion rate of the defect due to each of the constituent
elements in the alloy, but also the diffusion rate of each of the constituent elements due to the point
defect. The diffusion of the defect due to each constituent element can be calculated by calculating
the MSD of each element separately instead of for all atoms in the system. Additionally, a set of
reference simulations without any defects provide a baseline measure of any diffusion that might
occur in the simulation that is unrelated to the presence of a point defect. Using these defect
partial diffusivities, the composition of the alloy, and the average SIA formation energies for each
SIA type, the diffusion rate of each species due to the presence of a vacancy or an interstitial can be
calculated [1]. Note that the SIA formation energies are needed to adjust the diffusion calculations
to account for the preferential atom-interstitial binding, e.g., the likelihood of the SIA being of
each species at any point in time.

Periodic computational cells are employed to represent bulk material systems. To capture
the defect MSD, a single defect (either a vacancy or an SIA) is introduced into a simulation box of
15× 15× 15 unit cells containing approximately 11,000 atoms. This size was chosen as the smallest
simulation domain that could be used without causing the point defect diffusion rates to change
as a result of self-interaction. The MSD was measured in increments of 10 ps for a total of 1 ns
per simulation. Simulations were repeated a minimum of 20 times or until a sufficient quantity of
data was collected to accurately measure the defect diffusivities.

3.2.3 Collision cascade simulation methods

To model the development of a collision cascade and its subsequent defect recombination
process, we use a large simulation box with periodic boundary conditions. A simulation with
a supercell size of 70 × 70 × 70 unit cells was found to be sufficient to contain all of the displaced
atoms within the computational domain, avoiding the spurious effects of cascade self-interaction
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with periodic boundary conditions. The typical lattice for each metal type was then generated in
the simulation box, and the simulation was then equilibrated for 50 ps at temperature of 300 K
and 1 bar using a Nosé–Hoover thermostat and barostat [53, 54].

The collision cascade simulations are performed using a primary knock-on atom (PKA) that
has an initial energy within the range of 1 keV and 15 keV. The displacement cascades are initiated
by choosing a random atom near the center of the computational domain as the PKA. The PKA
was then assigned a velocity corresponding to the desired initial PKA energy in a random
direction. To capture the cascade propagation with the correct dynamics, the time step size is
adjusted at different stages of the cascade propagation. During the ballistic phase, a time step of
0.01 fs is used to simulate the collision cascade for the first 1.5 ps of the cascade. As the kinetic
energy of the displaced atoms is transferred to other atoms and dissipated in the system, the
velocity of the displaced atoms decreases and the time step is increased to 0.1 fs until 6.5 ps, and
finally the time step is increased to 1 fs for the rest of the simulation. The cascade simulations are
run to 200 ps to achieve a steady state in the number of remaining defects. It should be noted that
the cascades generated in this work produce most of the basic physical phenomena of primary
radiation damage. To remove the bias of the initial PKA direction on the collision cascades
simulations, the simulations were repeated in 10 random directions for each test condition unless
otherwise specified. To remove the excess heat produced from the gradual dissipation of the
applied kinetic energy, a Nosé–Hoover thermostat is applied far away from the collision cascade.
This thermostat is used to keep atoms within 1 unit cell of the edges of the simulation domain
at a temperature of 300 K. At the end of the simulation, the average temperature of the entire
system has returned to the initial value. The identification of defects, including visualization,
quantification, and categorization, is carried out using the Wigner-Seitz method [51], which is
implemented both in LAMMPS and within the visualization tool OVITO [55]. The Wigner-Seitz
method compares the crystal structure of the irradiated material system with a non-irradiated
equilibrated material as the reference structure. The number and location of defects is calculated
every 1000 time steps.

3.2.4 Results of partial diffusivity studies

MD simulations were performed to measure the partial diffusivities associated with point
defects in 316 SS. This was done by modeling randomized fcc lattices with material compositions
similar to that of 316 SS inside of an MD simulation. A single point defect was created, and
the resulting MSD was tracked over time for each species of atom. The excess MSD relative
to a reference simulation with no defects was then used to calculate the diffusion rate of each
component and calculate the diffusion rate of the defect as a result of each atom species.

Initially, the simulations to measure partial diffusivity were performed using an Fe-Cr-Ni
alloy, using the Béland potential [47], as a model for 316 SS. Partial diffusivities were successfully
calculated for both vacancies and SIAs; however, there were obvious discrepancies between the
obtained diffusion rates and tracer diffusion studies in the existing literature. Most significantly,
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(a) (b)

(c) (d)

Figure 23: Diffusion measurements of point defects in a Fe-Cr-C alloy modeling 316 SS. a) Partial
diffusivity of vacancies due to each component species. b) Partial diffusivity of each component
species due to vacancies, relative to the concentration of vacancies. c) Partial diffusivity of
interstitials due to each component species. d) Partial diffusivity of each component species due
to the interstitials, relative to the concentration of interstitials.
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the MD simulations indicated that Ni was the fastest diffusing element, followed by Fe, and then
Cr. This stands in contrast to experimental results which indicate that Cr should be the fastest
diffusing, followed by Fe, and then Ni [56]. Due to the issues using this model to represent the
diffusion properties of 316 SS, it was set aside in favor of modeling 316 SS with the force field
model created by Henrkisson et al. [48].

Simulations studying the diffusion of vacancies and SIA in the Fe-Cr-C system were performed
for a material composition of 18 wt% Cr, 0.08 wt% C, and the balance Fe. The diffusion simulations
were performed for equilibrated systems with temperatures of 300°C, 600°C, and 800°C. The
excess diffusion resulting from the introduction of a vacancy is shown in Figure 23a. From these
results we can see that Cr atoms contribute the most to the diffusion of vacancies in the material,
10-20 times more so than iron atoms. Also note that carbon atoms had an negligible contribution to
the diffusion of the vacancy, and their contribution to excess diffusion was undetectable at 300°C.
This raises the possibility that the presence of carbon interstitials could be slowing the diffusion
of individual vacancies (e.g. carbon-vacancy trapping).

Using the measured diffusivity of the vacancy and the composition of the model material,
we can also calculate the diffusion of the atoms due to the presence of the vacancy, shown in
Figure 23b. One of the interesting results of presenting the data in this manner is that it highlights
that even though the carbon does not have a major impact on the diffusion of the vacancy, the
presence of the vacancy increases the diffusion of carbon similarly to the increase in diffusion of
iron atoms.

Similar simulations were performed to measure the diffusion of an interstitial. Starting from
the same model material, an iron SIA was added to the simulation and the resulting diffusion
was tracked. From the results shown in Figure 23c we find that both iron and chromium atoms
contribute a similar amount to the diffusion of an interstitial, with the Cr atoms contributing
slightly more than half of the total diffusion at lower temperatures. We also used this data to
calculate the excess diffusion of each atom species due to the presence of the interstitial, shown
in Figure 23d. There is qualitative agreement between these measurements and the experimental
tracer diffusion studies [56] that the diffusion of Cr in response to created interstitials is several
times faster than that of Fe atoms.

3.2.5 Results of modeling collision cascades in Fe-Cr-Ni

Collision cascade simulations allow us to study the production and annihilation of defects
at different stages of the displacement damage cascade. The initial work investigating the
development of collision cascades in 316 stainless steel was done by modeling a randomized fcc
alloy composed of 71 wt%Fe, 18 wt%Cr, and 11 wt%Ni modeled using the Béland 2017 potential
[47] at 300 °C. Figure 24 traces the production and annihilation of the defects at different steps
of the displacement cascade and the variation in the cascade size based on the initial kinetic
energy of the PKA. As can be observed from the time evolution of the cascade, the maximum
size of the cascade has a non-linear relationship with the initial PKA energy. Additionally, the
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Figure 24: The average time evolution of cascade-created Frenkel pairs for an fcc system
of 71 wt% Fe, 18 wt% Cr, and 11 wt% Ni at 1, 5, 10, and 15 keV PKA energy with an initial
temperature of 300 °C. Each profile is the average of 10 collision cascade simulations.

(a) (b)

Figure 25: Distribution of interstitials in Fe-Cr-Ni for a 15 keV collision at 300 °C. (a) Distribution
of interstitials at the peak of the cascade (b) Distribution of interstitials after recombination.
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time at which the cascade peak occurs is also dependent on the initial PKA energy, with 1 keV
collisions peaking after approximately 0.2 ps and 15 keV simulations taking approximately 1 ps
to reach their maximum size. Eventually the defect concentration reaches a quasi-steady-state
concentration for times approximately ≥ 10 ps. The PKA simulations are carried out until a
quasi-steady-state defect concentration is achieved. At the end of each cascade simulation, we
observed a homogeneous temperature.

In addition to tracing the progression of collision cascades by counting the number of Frenkel
pairs throughout the duration of the simulation, the Wigner-Seitz method also enables the
visualization of defects to obtain qualitative data about the distribution of defects and determine
if and when defect clusters begin forming during the recombination of defects. Figure 25 shows
examples of the distribution of interstitial dumbbells captured during during the peak of a
collision cascade as well as at the end of the simulation. As can be seen from Figures 24 and 25,
there are very few Frenkel pairs that survive the recombination process using our model Fe-Cr-Ni
system. In our simulations using EAM potentials to model long range forces, we found that the
surviving fraction to be in the range of 2% to 8%. In general, we expect the fraction of surviving
defects to be approximately 30% [1, 57], which calls into question the ability of EAM based force
field models to accurately represent the recombination process.

3.2.6 Results of modeling the effect of carbon on collision cascades in Fe-Cr-C

Motivated by studies of carbon-vacancy trapping in α-iron [58, 59], we hypothesized that
carbon could significantly affect radiation-driven microstructure evolution in 316H versus 316L,
work began on a simulation campaign to determine how modifying the carbon percentage would
effect the development of collision cascades and the subsequent recombination of defects. In order
to model the impact of carbon, the Henriksson 2013 potential [48] was used for an Fe-Cr-C alloy
with an fcc structure. Stainless steel was modeled as a randomized fcc lattice with 71 wt% Fe and
18 wt% Cr. Nickel was removed from this study because no potential exists to date that includes
Fe-Cr-Ni-C. The number of carbons inserted into interstitial sites was modified to achieve the
desired carbon percentage. After carbon atoms were inserted into the fcc structure, an energy
minimization routine was run before equilibration.

Collision cascade simulations were run on randomized Fe-Cr-C alloys with carbon percentages
varying between 0.0 wt%C and 0.1 wt%C to cover the full range of possible carbon content that
could be expected out of AM 316 stainless steel. The simulations were run with an initial PKA
energy of 15 keV and were repeated 20 times for each carbon composition. As with the previous
collision cascade simulations performed for the Fe-Cr-Ni system, the cascade profiles shown in
Figure 26 reach their peak size after approximately 1 ps. This is then followed by a period of
defect recombination that lasts until approximately 20 ps after the start of the collision cascade.
Unlike the cascades performed using an EAM based force field model, the cascades performed
using the Henriksson model show a slow increase in the number of defects after the end of the
recombination process.
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(a) 300°C

(b) 600°C

Figure 26: The average time evolution of 15 keV collision cascade for a random fcc crystal with
71 wt% Fe, 18 wt% Cr, and variable carbon content.
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Figure 27: The average peak and surviving number of Frankel pairs for 15 keV collision cascade
for a random fcc crystal with 71 wt% Fe, 18 wt% Cr, and variable carbon content.

We can see from the collision cascade data shown in Figure 27 that the amount of carbon in
the stainless steel has a significant impact on both the maximum size of the collision cascade as
well as the number of surviving Frenkel pairs. This is particularly apparent in the simulations
run at 300 °C, where our model 316 SS shows that increasing carbon content from 0.0 wt% to 0.02
wt% results in the peak cascade size increasing to a maximum of 2164 Frenkel pairs. The size of
the cascade then reduces for models containing higher percentages of carbon. However, we can
also observe from Figure 27 that the effect is diminished at higher equilibrium temperatures. This
temperature dependence suggests that it is the carbon content’s effect on the material properties of
stainless steel which is causing the change in size of the collision cascades, rather than the carbon
interstitials having a direct influence on the progression of the collision cascade.

Unlike the EAM model used for the Fe-Cr-Ni system in the previous section, the MD potential
used to model the Fe-Cr-C system is based on a more complex Tersoff style potential. This change
results in a very different outcome when modeling the recombination of the cascade. As seen in
Figure 27, we find a significantly higher percentage of surviving Frenkel pairs. Where as the EAM
style potential predicted that ≤ 8% of the defects would survive recombination, the Tersoff style
potential predicts that 15% - 25% of defects will survive at 300°C and 24%-31% will survive at
600°C. This result is in closer agreement with the expected 30% fraction of surviving defects. It is
also important to note that the percent of surviving defects was relatively consistent across carbon
contents, and that the differences where within the margin of error for our measurements. This
implies that the peak number defects created in the collision cascade has a major influence over
the total number of surviving Frenkel pairs generated by the collision cascade.

In another difference from the results in Section 3.2.5, we can observe the number of defects
detected via the Wigner-Seitz method slowly increasing for simulation times greater than 20 ps.
This increase corresponds to the formation of interstitial clusters and the merger of those small
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(a)

(b)

Figure 28: The (a) average peak and surviving number of Frankel pairs and (b) surviving fraction
of defects for 15 keV collision cascade for model 316 SS with 0.08wt%C and variable chromium
content at 300°C.

clusters into larger ones. Our current hypothesis is that the diffusion of these defects clusters
towards each-other is trapping a small number of atoms on fcc sites between the clusters and
causing them to become displaced. If this is indeed the case, we should expect the increase in
number of defects to taper off at longer timescales.

3.2.7 Results of modeling the effect of chromium on collision cascades in Fe-Cr-C

In addition to looking at what effects the variation in carbon content could have on the
irradiation behavior of AM-316, we also investigated what impact the variation of chromium
content could have on defect generation, based on the variation in chromium seen in samples
of AM-316. To perform this investigation, collision cascade simulations were performed with
randomized fcc lattices containing variable amounts of Cr atoms. Carbon atoms were added
to interstitial sites to bring the carbon content up to 0.08 wt% carbon. 15 keV collision cascade
simulations at 300°C were performed on randomized Fe-Cr-C alloys with chromium percentages
varying between 15.5 wt%Cr and 18.5 wt%Cr to cover the full range of possible chromium

43



Figure 29: Distribution of Cr atoms colored according to the number of neighboring Cr atoms in
a Fe-Cr-C alloy after a 15 keV collision cascade. Cr atoms with 5 or less neighbors are not shown.

content.
The results from the collision cascade simulations show that for chromium content less than

18.5 wt%, there is no significant difference in terms of the peak size of the collision cascade.
However, the number of surviving Frenkel pairs consistently increases with rising chromium
content. Unlike changing the carbon content in the model 316 SS, we can observe from the data
in Figure 28b that increasing the chromium content in the model 316 SS generally results in an
increase in the fraction of defects that survive the recombination process.

In observing the distribution of defects after the collision cascade, it was observed that there
is significant segregation of iron and chromium atoms at the end of the recombination process.
An example of this segregation is shown in Figure 29. This behavior is not entirely unexpected,
since a similar phenomena has previously been observed in ferritic and martensitic steels [60].
Based on the timing of when the segregation occurs (as the cascade is reforming the fcc lattice),
we hypothesize that this segregation is due to the difference in melting points between iron and
chromium.

The segregation of iron and chromium atoms during the recombination process provides a
possible explanation for the mechanism by which the fraction of surviving defects increases as the
chromium content of the model material also increases. However, determining the validity of this
hypothesis will require additional work.
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4. Discussion

In fiscal year 2023, we have studied the radiation-driven microstructural evolution of LPBF
316 material bearing both the 316L and 316H specifications. Being a new material (as defined
by the novel manufacturing method), experimental investigations are necessary to reveal the
behavior of the material under irradiation. Ion irradiation is a very useful tool for accelerated
irradiation effects testing, especially for understanding microstructural evolution, which
underpins structure-property relationships. These experimental results provide information
about starting microstructure and radiation-induced microstructure evolution and motivates
questions to the modeling effort, which aims to develop the ability to model radiation-driven
microstructural evolution in additively-manufactured 316 stainless steel under a variety of
advanced reactor conditions, including different temperatures, neutron spectra, and fluxes, in a
sort of “virtual experiment”.

Pre-irradiation characterization of the LPBF 316L and LPBF 316H specimens revealed similar
microstructures regardless of the machine the specimens were printed with and the specific
chemical compositions of the specimens. The specimens had relatively large differences in the
amount of nitrogen, carbon, chromium, and manganese, although the 316H specimen was only
slightly over the lower limit the 316H carbon specification. The LPBF 316L-2 specimen was near
the upper limit of the nitrogen specification; nitrogen acts in a similar fashion in many ways to
carbon in austenitic steel in terms of interstitial solid solution strengthening and precipitation of
chromium compounds at high temperatures. The specimens all had a cellular substructure within
relatively wavy high-angle grain boundaries. The cells were columnar in nature, with a radius
of approximately 500 nm and the cell walls composed of tangled network dislocation walls of
approximately 50 - 100 nm in width. The interior of the cells were largely free of dislocations.
The cell walls were decorated with (Si, Mn) oxides with an average radius of approximately
20 nm. Microchemical segregation was present at the cell walls, but not at the high angle grain
boundaries. The cells walls were enriched in Cr, Mo, and Ni, and depleted in Fe. Large (roughly
1 µm) inclusions were occasionally present. Ion irradiations of LPBF 316L and LPBF 316H
were performed both in-situ (i.e., simultaneous ion irradiation and imaging of a TEM foil) and
ex-situ (i.e., ion irradiation of a thick specimen that is characterized after irradiation). In-situ
ion irradiation is beneficial because characterization at multiple doses is possible for a single
specimen; in addition, kinetic properties can be measured. However, in-situ irradiation behavior
is affected by the thickness of the foil at the irradiation location. The foil surfaces act as sinks
for irradiation-induced defects; the separation distance between the surfaces (sinks) affects the
concentration of defects that are available within the bulk to form radiation-induced features
such as dislocation loops. Ex-situ ion irradiation requires more time to characterize, but it is
not subject to the same issue of foil thickness affecting the development of irradiation-driven
microstructures, although it is still necessary to know the sample thickness when performing
analysis of TEM data. It can also provide information on a larger volume of material, such as
nanohardness measurements.
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All three LPBF 316 compositions showed similar behavior during in-situ ion irradiation with
1 MeV Kr2+ at 300 °C or 600 °C. For the irradiation at 300 °C, a high density of small dislocation
loops formed quickly at low doses and were uniformly distributed within the preexisting
dislocation cells, including the cell walls; the dislocation cell structure did not significantly affect
the spatial distribution of dislocation loops. At high doses, extended dislocation structures
were formed due to the coalescence of dislocation loops. Although the loop populations can be
characterized in terms of number and size as they evolve with dose, quantitative analysis and
comparison requires the foil thickness, which will be characterized in fiscal year 2024. For the
irradiations at 600 °C, a few faulted and perfect dislocation loops were formed initially at the
centers of the dislocation cells. With increasing dose, the loops grew and gradually populated the
entire area of the dislocation cells, including the cell walls. At high doses, the initial dislocation
cell structure was replaced by network dislocations.

The phenomenon of RIS was observed in LPBF 316H irradiated at 600°C. Interestingly, RIS
occurred at high angle grain boundaries (which were initially uniform in composition), but
the initial microchemical segregation at the dislocation cell walls was generally left mostly
unchanged. At the high-angle grain boundaries, Si, Ni and O were enriched after irradiation,
while Mn and Cr were depleted. The Cr, Ni and Mo enrichments and Fe depletion at the cell
walls were still visible after irradiation, but the extents may have been reduced. These results
indicate that the sink strength of the dislocation cell walls is much less than that of the high
angle grain boundaries. In addition, the existing Cr enrichment at the cell walls was replaced
with dense Cr-rich oxide nanoparticles. These Cr-rich oxides were not observed in the sample
exposed to the same temperature without irradiation, indicating that they are a radiation-driven
precipitation. This may have been driven by oxygen enrichment at the dislocation cells or purely
by radiation-induced precipitation; however, the formation of chromium-rich oxides is likely
to degrade the corrosion resistance of the irradiated material by reducing the availability of
chromium in solution to form a continuous chromium-oxide passivating film on the surface of
the material.

Ex-situ ion irradiation were performed on LPBF 316L SS at 600°C and 300 °C with 4 MeV Ni
ions at three dose rates, 10−3 dpa/s (up to 10 dpa), 10−4 dpa/s (up to 2 dpa), and 10−5 dpa/s (up
to 0.2 dpa). The results of nanoindentation tests performed on the 600°C LPBF 316L-1 samples
showed a complex dose dependence, with the sample softening at 2 dpa, but hardening at 5 dpa
and further hardening at 10 dpa. This result appears to qualitatively correspond with the observed
radiation-driven microstructure evolution of the LPBF 316 specimens: initially, the dislocation
cell walls narrow, indicating recovery of the dislocation network, which would lead to softening;
further irradiation produces dislocation loops and loop unfaulting into network dislocations,
which would drive increasing hardening behavior. This behavior is similar to that observed in
cold-worked austenitic stainless steels.

The experimental data provided motivated the modeling investigations at the mesoscale and
atomistic scale. At the mesoscale, the modeling team developed a novel phase field model for
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radiation-induced segregation in additively manufactured materials. Previous phase field models
have been created to handle grain boundaries, but a new formulation had to be developed to
handle the diffuse dislocation cell wall structure within high angle grains along with the migration
of not only chemical solute species, but also vacancies and interstitials. With the development of
this model, we are positioned to quantitatively study radiation-induced segregation in additively
manufactured 316 stainless steel in fiscal year 2024. The model can be extended to include the
density of nanoscale sinks found in additively manufactured material, such as the nanoscale
oxides present from the additive manufacturing build process as well as the precipitation of
chromium oxide precipitates under irradiation. It can also be linked to a cluster dynamics model
for the evolution of the dislocation loop population.

The mesoscale phase field model for RIS in AM microstructures was developed for a
representative Fe–Ni–Cr ternary alloy using the MOOSE/Marmot framework. Physically realistic
grain boundary and dislocation cell widths are achievable. While the ion irradiation experiments
were ongoing, the phase field model was exercised to understand the impact of certain model
parameters on the predicted phenomena. The steady-state concentration profiles for vacancies,
interstitials, chromium, and nickel at high-angle grain boundaries was assessed for the physical
behavior and the diffuse interface width (and therefore necessary mesh resolution) needed
to converge the results; chromium depletion and nickel enrichment at grain boundaries was
observed, in agreement with experimental observations, and the nickel concentration within the
dislocation cell was most sensitive to the choice of interface width.

We find that the experimentally observed differences in RIS behavior at grain boundaries
versus dislocation cells can be explained due to their different defect sink characteristics. We find
that the width of the area exhibiting RIS is directly proportional to the width of the dislocation
cell wall and the maximum depletion or enhancement of concentration is directly proportional
to the dislocation density. Importantly, we find that the dislocation cell wall exhibits much
less RIS than the high angle grain boundary, which is in agreement with the experimental
observations discussed previously. We also examined the effect of grain boundary misorientation
on the sink strength of the grain boundary and thus its effect on steady-state concentration
profiles in RIS. We find that low angle grain boundaries (less than approximately 4°) do not
exhibit RIS, while the maximum steady-state concentration achieved during RIS saturates at
approximately 21°and greater. These results could potentially explain the difference in grain
boundary RIS observed from ion irradiation, and could also be used to predict the RIS behavior
of an additively-manufactured material given its specific distribution of grain boundary angles
and dislocation cell characteristics.

We also find that the degree of RIS at a high angle grain boundary has a temperature
dependence and exhibits a maximum at intermediate temperatures. This is tied both to the
far-field concentration of defects away from the grain boundary as well as the difference in
defect concentration between the grain boundary and the far-field; the greater mobility of defects
at high temperatures will prevent the formation of concentration gradients, while low defect
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mobility will prevent significant flux and RIS development. Dose rates also affect the degree of
RIS, with higher dose rates (representative of ion irradiations) accelerating RIS, increasing the
maximum concentration difference versus the nominal concentration, and shifting it to higher
temperatures versus lower dose rates (e.g., neutron irradiations). The effect of the time evolution
of the density of dislocations within cell walls was also studied, and we find that a decreasing
dislocation density within the walls will result in limited RIS initially that self-limits with only
a few percent change in concentration. Other evolutions of the density will result in other RIS
behavior; supplied with experimental information about dislocation density evolution within the
cell walls, quantitative predictions of RIS can be made.

With better informed input from lower length scale atomistic or rate theory simulations, the
phase field model can be parameterized more physically in the future to yield more accurate
predictions. We performed molecular dynamics studies of the creation and diffusion of defects at
the atomistic level in order to address some of these needs. We begun by assessing the behavior
of various interatomic potentials, which is a necessary first step to obtaining physically realistic
values for the quantities of interest. As of today, no one interatomic potential is available that
models the Fe-Cr-Ni-C system; the two best available interatomic potentials lack either Ni or
C. Developing an interatomic potential is a time-consuming process outside of the scope of
this project; therefore, we must make reasonable simplifications when needed. We found that
the Henriksson interatomic potential for Fe-Cr-C is able to qualitatively reproduce the partial
diffusivities of the Fe-Cr-C system with reasonable accuracy. This makes it possible to study
a number of important phenomena, such as carbon-vacancy trapping, the sink strength and
diffusion rates of defect loops and clusters, and the sink strengths of grain boundaries, which will
be studied next fiscal year and are important parameters for modeling microstructure evolution
(e.g., dislocation loop formation and growth, radiation-induced segregation).

Accurate predictions of collision cascade processes are necessary for modeling radiation
damage in materials, including the peak number of defects formed during the cascade and the
characteristics of the surviving defect population after the defect recombination phase. The
surviving defect population (vacancies, interstitials, various vacancy clusters, various interstitial
clusters, etc.) are particularly important for microstructure evolution on diffusive timescales.
We found that an embedded-atom-method interatomic potential of Fe-Ni-Cr produces very few
surviving surviving defects, which is unrealistic. We hypothesize that the isotropic nature of
that potential allows for too much defect recombination within a crystal structure; the directional
Tersoff potential for the Fe-Cr-C system produces much more realistic surviving defect fractions.

Motivated by studies of carbon-vacancy trapping effects in bcc iron, we hypothesized that
carbon content could affect the behavior of collision cascades in 316 stainless steel. We performed
collision cascade simulations in fcc Fe-Cr-C with carbon varying from 0 wt% to 0.08 wt% at 300 °C
and 600 °C. First, we found that the peak number of defects (measuring the extent of the cascade)
and the final number of surviving defects were greater at 600 °C than at 300 °C for all carbon
contents. Trends with respect to carbon content at each temperature are harder to discern. It
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does appear that the maximum cascade size and surviving defect population is affected by carbon
content, especially at 300 °C, but the effect is diminished at 600 °C. Therefore, any effect of carbon
content on radiation-driven microstructure evolution is likely due to the effect of carbon on other
material properties, and not directly a result of collision cascade behavior.

Motivated by the experimental observations of radiation-induced segregation, we also studied
the effect of variable chromium content on collision cascade behavior, hypothesizing that there
could be a feedback effect between radiation-induced segregation and further irradiation damage
behavior. We studied an Fe-Cr-C system with chromium varying between 15.5 wt% and 18.5%
and found a consistent trend that higher chromium contents lead to larger collision cascades and
higher numbers of surviving defects and greater surviving defect fractions. This may be due to the
segregation of iron and chromium atoms; additional work is necessary to quantify the segregation
of elements and determine if this is indeed the cause. Chromium clustering may be a cause of the
experimentally observed Cr-rich oxide nanorods within the additively manufactured material. In
addition, because chromium depletion at grain boundaries is tied to the flux of vacancies to sinks,
less production of defects at Cr-depleted regions will affect RIS behavior, possibly in a complex
fashion. This information can be incorporated into the phase field model of RIS.
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5. Conclusions

In conclusion, we have investigated the radiation damage behavior of additively-
manufactured 316 stainless steel with a combination of ion irradiation and computational
modeling. We aimed to understand how the unique microstructure as well as the variability
affected the radiation damage behavior; variability arises in the processing conditions as well
as the composition (macroscale heat variations and microscale heterogeneity). We found
that processing conditions did not make significant impact on the as-built microstructure or
compositional micro-heterogeneity. We did find that AM microstructures do have characteristic
differences from conventional wrought material, including dispersed populations of nanoscale
oxides and dislocation cells with microsegregation. We found that radiation-induced segregation
behavior is much stronger for high-angle grain boundaries versus for the dislocation cell walls,
which is driven by the much higher sink strength and the much narrower width of a high
angle grain boundary versus a dislocation cell wall. In addition, we find that temperature has
a significant impact on the microstructure evolution; irradiation at 300 °C results in a large
population of small, uniformly distributed dislocation loops that ultimately merge into network
dislocations, while irradiation at 600 °C results in a smaller population of larger dislocation loops
that form within the dislocation cells (that also eventually form network dislocations). Further
characterization is required to quantify the effect of composition on microstructure evolution
under irradiation at each temperature; however, atomistic studies indicate that any effect of
carbon content on radiation damage behavior would likely arise not from direct alteration of
collision cascade behavior but rather its impact on diffusive processes and properties. However,
chromium content does appear to be directly proportional to the collision cascade size and the
number of defects that survive the initial recombination phase, which may feed back into RIS
behavior.

Further experimental characterization and modeling will shed light on the effect of
temperature on radiation-driven microstructure evolution in additively manufactured materials
as well as the sensitivity of this microstructure evolution on process and compositional variability.
This work positions the AMMT program strongly for the parallel investigations into the behavior
of the material under neutron irradiation and its ultimate goal of being able to use a combination
of ion irradiation and neutron irradiation for accelerated testing and qualification of materials for
deployment in nuclear reactors.
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