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Abstract 

Nanostructured metals and alloys often exhibit high strengths but at the expense of hallmark 

ductility. Through harnessing the far-from-equilibrium processing conditions of laser powder-bed 

fusion (L-PBF) additive manufacturing, we develop a dual-phase nanolamellar structure 

comprised of FCC/L12 and BCC/B2 phases in a Ni40Co20Fe10Cr10Al18W2 eutectic high-entropy 

alloy (EHEA), which exhibits a combination of ultrahigh yield strength (>1.4 GPa) and large 

tensile ductility (~17%). The deformation mechanisms of the additively manufactured EHEA are 

studied via in-situ synchrotron X-ray diffraction and high-resolution transmission electron 

microscopy. The high yield strength mainly results from effective blockage of dislocation motion 

by the high density of lamellar interfaces. The refined nanolamellar structures and low stacking 

fault energy (SFE) promote stacking fault (SF)-mediated deformation in FCC/L12 nanolamellae. 

The accumulation of abundant dislocations and SFs at lamellar interfaces can effectively elevate 

local stresses to promote dislocation multiplication and martensitic transformation in BCC/B2 

nanolamellae. The cooperative deformation of the dual phases, assisted by the semi-coherent 
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lamellar interfaces, gives rise to the large ductility of the as-printed EHEA. In addition, we also 

demonstrate that post-printing heat treatment allows us to tune the non-equilibrium microstructures 

and deformation mechanisms. After annealing, the significantly reduced SFE and thicknesses of 

the FCC nanolamellae further facilitate the formation of massive SFs. The dissolution of nano-

precipitates in the BCC/B2 nanolamellae reduces spatial confinement and further promotes 

martensitic transformation to enhance work hardening. Our work provides fundamental insights 

into the rich variety of deformation mechanisms underlying the exceptional mechanical properties 

of the additively manufactured dual-phase nanolamellar EHEAs. 

Keywords:  

Additive manufacturing; High-entropy alloy; Nanolamellar structure; In-situ synchrotron x-ray 

diffraction; Mechanical property 

1. Introduction 

Ultrahigh strength (gigapascal level) and large ductility are critical properties for developing 

lightweight components for applications that require structural reliability and energy efficiency. 

To achieve high strength, Hall-Petch strengthening by grain refinement has been widely adopted 

in many metallic materials. Unfortunately, this strategy often leads to an undesired loss in ductility 

[1–4]. This well-known strength-ductility tradeoff has been a long-standing challenge in structural 

materials [5,6]. In the past decades, materials with heterogeneities including bimodal, lamellar, 

gradient, nanodomain-dispersed, multi-phase, and hierarchical microstructural architectures have 

been developed to overcome the strength-ductility dilemma [7–10]. However, a critical challenge 

limiting their broad use for structural applications lies in their processing. Thus far, heterogeneous 

materials are mostly fabricated by thin-film deposition [11–13], surface mechanical treatment 

[14,15], or multi-step thermo-mechanical treatment [16,17] which are not readily applicable to 

large-volume and intricate geometries.  

Additive manufacturing (AM), or 3D printing, is an emerging technology that can directly produce 

complex and near-net-shape components. Metal 3D printing via laser powder-bed fusion (L-PBF) 

involves rapid and spatially-variable heating, melting, solidification and cooling cycles, and 

provides ample opportunities to tailor the microstructures and mechanical properties [18,19]. This 

has been demonstrated for a wide range of alloys such as stainless steels [20] and aluminum alloys 

[21,22]. However, successful printing by L-PBF does not only depend on processing conditions 

but also largely on the intrinsic thermo-physical properties of the feedstock material. For example, 

laser absorptivity, vapor pressure, solidification range, and thermal expansion coefficient can 

dictate the presence of a variety of printing defects including porosity, loss of volatile alloying 

elements, hot cracking, accumulation of thermal residual stress, or part distortion and delamination 

[19,23–25]. These defects can deteriorate the mechanical properties, and are thus detrimental to 

the performance and lifetime of additively manufactured metal alloys. Significantly, a majority of 

over 5,500 existing alloys cannot be 3D-printed by L-PBF [22].  

Eutectic high-entropy alloys (EHEAs) are a class of multi-principal element alloys often with dual-

phase microstructures that provide a good combination of strength and ductility [16,26,27]. In 

addition, the narrow solidification range and the isothermal eutectic reaction are beneficial to 
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mitigate hot cracking during solidification, which makes EHEAs promising candidates for AM. 

Considerable efforts have been devoted to investigating the feasibility of AM of EHEAs such as 

AlCoCrFeNi2.1 [28–31], Ni30Co30Cr10Fe10Al18W1Mo1 [32], Ni32Co30Cr10Fe10Al18 [33], 

Al0.75CrFeNi [34] and AlCrFe2Ni2 [35]. These alloys have shown excellent mechanical properties 

including high strength and large ductility [31]. However, a fundamental understanding of their 

deformation mechanisms is critically needed.  

Ni40Co20Fe10Cr10Al18W2 (at. %) is an EHEA that exhibits superior mechanical properties in the as-

cast state due to its dual-phase B2/FCC microlamellar structure [36]. Here, we show that L-PBF 

can effectively refine the microstructure of Ni40Co20Fe10Cr10Al18W2 EHEA to form dual-phase 

nanolamellae comprised of alternating FCC/L12 and BCC/B2 phases. The as-printed 

Ni40Co20Fe10Cr10Al18W2 EHEA demonstrates doubled yield strength without a considerable 

sacrifice in ductility compared to the as-cast counterpart. We investigate the deformation 

mechanisms of the additively manufactured Ni40Co20Fe10Cr10Al18W2 using state-of-the-art 

characterization and modeling tools including in-situ synchrotron high-energy X-ray diffraction 

(HEXRD), transmission electron microscopy (TEM), and first-principles density functional theory 

(DFT) calculations. The achieved high ductility and sustained work hardening at high flow stresses 

arise from several sequentially activated deformation mechanisms. The refined nanolamellar 

structures and low stacking fault energy (SFE) promote abundant stacking faults (SFs) in the 

FCC/L12 nanolamellae. The accumulation of defects including dislocations and SFs at lamellar 

interfaces can effectively elevate local stresses, and subsequently trigger stress-induced martensitic 

transformation (SIMT) and dislocation nucleation in the BCC/B2 nanolamellae. The cooperative 

deformation of FCC/L12 and BCC/B2 nanolamellae, assisted by the semi-coherent lamellar 

interfaces, can effectively enhance the work hardening and thus contribute to the large ductility. 

In addition, we also demonstrate that post-printing heat treatment allows us to further tune the non-

equilibrium microstructures and deformation mechanisms. After annealing at 900 ˚C for 1 hour, 

the significantly reduced SFE and thicknesses of FCC nanolamellae further facilitate the formation 

of massive SFs; the dissolution of nano-precipitates in the BCC/B2 nanolamellae reduces spatial 

confinement and further promotes martensitic transformation to enhance the work hardening. Our 

findings not only demonstrate that laser AM can be utilized to engineer metal alloys with 

outstanding mechanical properties, but also provide fundamental understanding of the deformation 

mechanisms that govern the exceptional mechanical properties of the additively manufactured 

dual-phase nanolamellar EHEAs. 

2. Materials and Methods 

2.1 Materials processing 

Ni40Co20Fe10Cr10Al18W2 (at. %) EHEA samples were printed by a commercial M290 (EOS GmbH, 

Germany) L-PBF machine equipped with a 400-W Yb-fiber laser. The laser beam was focused 

through an F-theta lens to a diameter of 100 μm. Gas-atomized Ni40Co20Fe10Cr10Al18W2 (at. %) 

EHEA powders with particle sizes ranging from 15 μm to 53 μm were used for printing 

(Supplementary Fig. S1). The processing chamber was filled with high-purity argon and the 

oxygen content was maintained below 1000 ppm during printing. A 4140 alloy steel printing 

substrate was used and pre-heated to 150 ºC to minimize thermal residual stresses and improve 
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surface adhesion. A bi-continuous scan strategy with 5 mm wide stripes and 67º inter-layer rotation 

was applied to reduce thermal residual stresses. We printed 35 mm (length) × 10 mm (width) × 2 

mm (height) EHEA plates with a relative density higher than 99.5%. Our optimized parameters 

are: laser power of 300 W, scan speed of 900 mm/s, hatching spacing of 0.08 mm and layer 

thickness of 0.04 mm. To study the effect of post-printing heat treatment on microstructural 

evolution and mechanical properties, the as-printed samples were subsequently annealed at 900 ºC 

for 1 hour in a muffle furnace followed by water quenching. 

2.2 Mechanical testing  

Dog-bone-shaped tensile specimens with a nominal gauge dimension of 8 mm (length) × 2 mm 

(width) × 1 mm (thickness) were cut from the rectangular plates by electrical discharge machining 

(EDM) and polished to a metallurgical grit of 1200 SiC paper. The tensile direction is 

perpendicular to the build direction. Quasi-static tensile tests were conducted on an Instron 5969 

universal testing machine at a strain rate of 2×10-4 /s. The strain was measured by an Instron non-

contact AVE2 video extensometer with a displacement resolution of 0.5 μm. Three tests were 

repeated for each type of sample.  

2.3 Material characterization 

The density of the as-printed samples was measured by an AccuPyc II 1340 gas pycnometer. The 

phase constitution of the EHEA powders was verified with an X-ray diffractometer (XRD, 

PANalytical X’Pert) using a Cu target, a voltage of 45 kV, a current of 40 mA, scanning angles 

ranging from 20º to 100º, a step size of 0.005º, and a speed of 5 s/step. Scanning electron 

microscopy (SEM) imaging was conducted in an FEI Magellan 400 microscope. Electron 

backscatter diffraction (EBSD) was performed at an accelerating voltage of 20 kV in a 

ThermoFisher ApreoTM SEM equipped with an EDAX Velocity EBSD camera. EBSD maps were 

collected using a step size of 50 nm and the data was analyzed using EDAX Orientation Imaging 

Microscopy (OIM)TM software. EBSD samples were polished down to 20 nm colloidal silica 

suspension. Disc-shaped TEM specimens with a diameter of 3 mm were punched out of 

mechanically grounded ~100 µm-thick foils, and subsequently electropolished using a 60% 

methanol, 35% butanol, 5% perchloric acid solution at approximately -40 °C and 20 V/16 mA 

using a Struers Tenupol twin-jet polisher. TEM was conducted in an FEI 80-300 Titan microscope 

at 300 kV equipped with a four-detector energy dispersive X-ray spectroscopy (EDX) system, 

ChemiSTEMTM. Precession electron diffraction (PED)-based crystal orientation mapping in the 

TEM was performed using the Topspin setup from Nanomegas. Lamellar thickness distributions 

were measured on TEM images with the ImageJ software. Approximately 200 lamellae were 

analyzed to ensure good statistics. 

2.4 In-situ synchrotron high-energy X-ray diffraction 

In-situ synchrotron high-energy X-ray diffraction tensile tests were performed at the Advanced 

Photon Source (APS) at the Argonne National Laboratory (ANL). Two-dimensional (2D) X-ray 

diffraction patterns were collected in transmission mode at the gauge section of the dog-bone-

shaped tensile specimen (gauge length: 10.16 mm, width: 3.175 mm, thickness: 0.75 mm) with a 

PerkinElmer amorphous silicon-based area detector which was positioned at 1200 mm behind the 
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sample. Diffraction patterns were collected with an exposure time of 2 seconds during tensile 

deformation and the nominal strain rate was ~2.5×10-4 /s. The 2D diffraction patterns were 

integrated along specified azimuth angles over a range of ± 5° to obtain one-dimensional (1D) 

diffraction spectra using GSAS-II software [37]. The Pseudo-Voigt function was used for single-

peak fitting to extract the peak position, integrated intensity, and full width at half maximum 

(FWHM). Standard CeO2 and LaB6 powders were used to calibrate the sample-to-detector distance 

and the instrumental broadening. 

Crystal lattice spacings of specific {hkl} crystallographic reflections were converted from the 

diffraction angle θ following Bragg's law. The elastic lattice strain (εhkl) was calculated by: 

εhkl = (dhkl – d0,hkl) / d0,hkl                                                                                                                          (1) 

where dhkl and d0,hkl refer to the crystal lattice spacings of {hkl} reflections under an applied load 

and the load-free state, respectively.  

3. Results 

3.1 Microstructure and phase analysis 

Strong temperature gradients (106-107 K/m) and high cooling rates (105-107 K/s) during L-PBF 

[38] result in non-equilibrium hierarchical microstructures in the as-printed 

Ni40Co20Fe10Cr10Al18W2 EHEA (Fig. 1). From the side view, it is seen that elongated eutectic 

colonies with different crystallographic orientations grow along the direction of the thermal 

gradient, which is normal to the local melt pool boundary (Fig. 1a). When cross-sectioned, these 

eutectic colonies exhibit an almost equiaxed morphology with an average diameter of 2.5 ± 1.2 

μm (top view, Fig. 1b). Pole figures show a small maximum multiple randomness of uniform 

distribution (m.r.d) value of 1.343, indicating a nearly random texture of the as-printed 

Ni40Co20Fe10Cr10Al18W2 EHEA. TEM and HEXRD characterizations reveal that alternating FCC 

and BCC-based lamellae with a respective thickness of 119 ± 33 nm and 43 ± 12 nm are embedded 

inside the microscale eutectic colonies (Fig. 1c-f). The average interlamellar spacing (λ ≈ 162 nm) 

is ~5 times smaller than that in the as-cast counterpart (λ ≈ 820 nm) [36]. Notably, L12 and B2 

superlattice reflections can be observed by HEXRD (Fig. 1e-f) and further confirmed by neutron 

diffraction, which allows probing a much larger volume of sample material (Supplementary Fig. 

S2). These results indicate the existence of ordered structures besides the FCC and BCC solid 

solutions. Rietveld refinement of the HEXRD spectrum shows that the volume fractions of 

FCC/L12 and BCC/B2 phases are ~72% and ~28%, respectively (Fig. 1e). Scanning TEM 

(STEM)-EDX mapping reveals that BCC/B2 lamellae are rich in Al and Ni, whereas FCC/L12 

lamellae are enriched by Co, Cr, Fe, and W (Fig. 1g). Some Cr- and W-rich BCC nano-precipitates 

are found sparsely distributed in BCC/B2 nanolamellae, especially in the relatively coarser ones 

(Fig. 1h and Supplementary Fig. S3). It is well documented that the Cr-rich BCC nano-precipitates 

are present inside the B2 lamellae in the as-cast [39] and thermo-mechanically treated [40] 

AlCoCrFeNi2.1 EHEAs. The strong elemental partitioning and existence of ordered structures and 

nano-precipitates in Ni40Co20Fe10Cr10Al18W2 EHEA during rapid solidification of L-PBF stand in 

contrast to the largely suppressed atomic diffusion and chemical ordering in other additively 



6 
 

manufactured EHEAs such as AlCoCrFeNi2.1 [31]. The above findings manifest the distinct 

diffusion and precipitation kinetics in different EHEAs upon rapid solidification . 

 

Fig. 1 Hierarchical microstructures of the as-printed Ni40Co20Fe10Cr10Al18W2 EHEA. (a) EBSD inverse pole 

figure (IPF) map of the side-view cross section of the as-printed Ni40Co20Fe10Cr10Al18W2 EHEA, the melt 

pool boundary is illustrated by the black dash line. (b) EBSD IPF map of the top-view cross section of the 

as-printed Ni40Co20Fe10Cr10Al18W2 EHEA and the corresponding 001, 110, 111 pole figures of FCC/L12 

phase. Note that the BCC/B2 nanolamellae are under-indexed by EBSD due to their small thicknesses of 

~43 nm. (c) High-angle annular dark-field (HAADF)-STEM micrograph showing the microscale eutectic 

colonies with nanolamellae embedded in them. (d) BCC/B2 and FCC/L12 lamellar thickness distributions 

in the as-printed Ni40Co20Fe10Cr10Al18W2 EHEA. (e) HEXRD spectra of the as-printed and annealed 

Ni40Co20Fe10Cr10Al18W2 EHEAs. (f) Enlarged diffraction spectra showing the existence of B2 and L12 

superlattice reflections. (g) STEM-EDX elemental maps of the as-printed Ni40Co20Fe10Cr10Al18W2 EHEA. 

(h) HAADF-STEM image showing some nano-precipitates sparsely distributed in the relatively coarser 

BCC/B2 nanolamellae of the as-printed Ni40Co20Fe10Cr10Al18W2 EHEA. 

We further characterized the structure and orientation of the lamellar interfaces by PED. Fig. 2a 

shows the continuously alternating FCC/L12 and BCC/B2 nanolamellar structures. The <011>FCC 
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// <111>BCC and {111}FCC // {011}BCC Kurdjumov-Sachs (K-S) orientation relationship is found 

between phases (Fig. 2b). Fig. 2c shows the corresponding semi-coherent interface using high-

resolution TEM (HRTEM). The fast Fourier transform (FFT) diffractogram in Fig. 2d confirms 

the K-S orientation relationship. This type of interface is known to be energetically more favorable 

with a crystal lattice mismatch periodically compensated by misfit dislocations or SFs [41] as 

observed in Fig. 2c and e. Notably, Fig. 2f shows that lattice coherency can be maintained over 

long distances (> 10 nm) without misfit dislocations. HEXRD results suggest that the lattice 

parameters of FCC/L12 and BCC/B2 phases are 3.59082 ± 0.00004 Å and 2.87126 ± 0.00010 Å, 

respectively, corresponding to a lattice misfit of 2.09%. The semi-coherent interfaces with the 

small misfit strain can effectively enhance the strength and ductility of the additively manufactured 

dual-phase nanolamellar EHEA, to be discussed later.  

 

Fig. 2 (a) PED phase map and (b) IPF map imposed on the image quality map of the nanolamellar structures 

of the as-printed Ni40Co20Fe10Cr10Al18W2 EHEA. (c) HRTEM micrograph showing the BCC/B2 and 

FCC/L12 interface of the as-printed Ni40Co20Fe10Cr10Al18W2 EHEA. (d) The corresponding FFT 

diffractogram of the phase interface showing the favorable K-S orientation relationship between BCC/B2 

and FCC/L12 phases. (e) The enlarged HRTEM micrograph of the red boxed region in (c) showing the 

interface dislocation and SF. (f) The enlarged HRTEM micrograph of the defect-free region (black boxed 

region in (c)).  

To elucidate the effect of non-equilibrium solidification features on the deformation mechanisms 

of the additively manufactured Ni40Co20Fe10Cr10Al18W2 EHEA, we also investigated the 

microstructure and mechanical behavior of the material after post-printing heat-treatment as a 

comparison. As shown in Fig. 3a and b, annealing at 900 ºC for 1 hour does not significantly 
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change the colony size but removes most printing-induced dislocations. The average thickness of 

FCC-based lamellae decreases by ~20% (from 119 nm to 95 nm), whereas the average thickness 

of BCC-based lamellae increases by ~46% (from 43 nm to 63 nm), likely a result of interface 

migration at the elevated temperature. Interestingly, HEXRD measurements reveal that the 

annealed Ni40Co20Fe10Cr10Al18W2 is mainly composed of disordered FCC (56 vol. %) and a 

mixture of disordered and ordered BCC phases (44 vol. %) (Fig. 1e-f). The fully disordered nature 

of FCC lamellae accompanied by annihilation of L12 ordered nanostructures after annealing is also 

indicated by the absence of extra superlattice spots in the selected area electron diffraction (SAED) 

pattern in Fig. 3b. Compared to the as-printed sample, the volume fraction of FCC phase decreases 

from 72% to 56%, whereas the volume fraction of BCC/B2 phase increases from 28% to 44%. 

Moreover, stronger elemental partitioning between dual phases is observed in the annealed 

Ni40Co20Fe10Cr10Al18W2 due to accelerated atomic diffusion at the elevated temperature (Fig. 3c 

and Table 1). We also note W-rich precipitates depleted in Ni and Al at the colony boundaries after 

annealing (Fig. 3a and c). 

 

Fig. 3 (a) HAADF-STEM and (b) Bright-field (BF) TEM images showing the microscale eutectic colonies 

and the nanoscale lamellar structures of the annealed Ni40Co20Fe10Cr10Al18W2 EHEA. The inset shows the 

SAED pattern of an FCC lamella. No superlattice spots are observed, suggesting that only disordered FCC 

phase is present. (c) STEM-EDX elemental maps of the annealed Ni40Co20Fe10Cr10Al18W2 EHEA. 

Table 1 Chemical compositions and volume fractions of different phases in the as-printed and annealed 

Ni40Co20Fe10Cr10Al18W2 EHEAs measured by STEM-EDX. 
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Sample 

condition 
Phase 

Volume 

fraction (%) 

Element (at. %) 

Al Cr Fe Co Ni W 

Nominal Nominal - 18 10 10 20 40 2 

As-

printed 

FCC/L12 72 10.8 ± 1.2 12.0 ± 1.0 11.7 ± 0.8 22.5 ± 1.2 40.2 ± 2.1 2.8 ± 0.5 

BCC/B2 28 26.7 ± 1.1 4.1 ± 0.5 7.4 ± 0.6 15.6 ± 0.6 45.0 ± 1.2 1.2 ± 0.2 

Annealed 
FCC 56 9.0 ± 0.5 15.4 ± 0.5 13.4 ± 0.5 26.2 ± 0.6 34.0 ± 0.7 2.0 ± 0.1 

BCC/B2 44 34.3 ± 0.9 2.8 ± 0.2 6.3 ± 0.4 11.6 ± 0.5 44.7 ± 0.9 0.3 ± 0.0 

3.2 Mechanical properties 

Fig. 4a shows the representative engineering tensile stress-strain curves of the as-printed and 

annealed Ni40Co20Fe10Cr10Al18W2 EHEAs. The as-printed sample exhibits an ultrahigh yield 

strength (σYS) of 1.42 ± 0.01 GPa, about twofold that of the as-cast counterpart (0.75 GPa) [36], 

and an ultimate tensile strength (σUTS) of 1.64 ± 0.01 GPa. The as-printed sample also displays a 

large uniform elongation of ~16.5%. After annealing at 900 ºC for 1 hour, the uniform elongation 

of L-PBF Ni40Co20Fe10Cr10Al18W2 EHEA increases to ~23%, while σYS and σUTS decrease to ~ 

1.08 ± 0.01 GPa and 1.46 ± 0.01 GPa, respectively. Fig. 4b illustrates the work hardening rate of 

the as-printed and annealed Ni40Co20Fe10Cr10Al18W2 EHEAs as a function of true strain (εT). Both 

samples exhibit a steep decrease in working hardening rate in stage I, indicating the prominent role 

of dislocation slips at the early stage of plastic deformation [42]. With further increase in εT, the 

work hardening rate of the as-printed sample gradually decreases, but still retains above 1.5 GPa 

prior to plastic instability. For the as-printed sample with higher strength, the sustained work 

hardening capability (σUTS - σYS = 0.23 GPa, σYS/σUTS = 0.86) at high flow stresses gives rise to the 

large uniform elongation. Notably, the annealed sample exhibits a small hump after stage I. The 

gradual increase in work hardening rate until εT ≈ 12.5% in stage II can be attributed to the 

prevailing role of extra deformation carriers, such as SFs and martensitic transformation (see 

discussion later). Finally, the work hardening rate of the annealed sample gradually decreases in 

stage III, which suggests that the phase transformation tends to saturate. 
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Fig. 4 (a) Engineering stress-strain curves of the as-printed and annealed Ni40Co20Fe10Cr10Al18W2 EHEAs. 

(b) Work hardening rate versus true strain of the as-printed and annealed Ni40Co20Fe10Cr10Al18W2 EHEAs.  

3.3 In-situ synchrotron HEXRD under tension 

3.3.1 Real-time load partitioning behavior 

Deformation mechanisms of the as-printed and annealed Ni40Co20Fe10Cr10Al18W2 EHEAs were 

investigated using in-situ synchrotron HEXRD measurements under uniaxial tension. This 

technique can provide unique insights into crystallographic lattice strain evolution and stress 

partitioning between different phases. For both as-printed and annealed Ni40Co20Fe10Cr10Al18W2 

EHEAs, changes in elastic lattice strain εhkl along the loading direction (LD) as a function of the 

applied stress for different {hkl} crystallographic plane families in FCC/L12 and BCC/B2 phases 

are shown in Fig. 5a and b, respectively. Three stages can be observed. In stage I, lattice strain 

increases linearly with the applied stress for both as-printed and annealed samples, evident of 

purely elastic deformation. Note that the applied stress versus lattice strain curves for different 

crystallographic plane families exhibit different slopes due to their different diffraction elastic 

constant Ehkl [43]. In stage II, FCC plane families yield progressively while BCC plane families 

remain elastic. For the as-printed sample, when the applied stress exceeds ~1250 MPa, the FCC-

{220} (denoted as F-{220} hereafter) plane family first deviates from linearity and shifts upward, 

indicating plastic deformation initiated in FCC/L12 lamellae oriented with a {220} plane 

perpendicular to LD. Meanwhile, the F-{200} plane family turns downward, which results from 

load shedding from the plastic F-{220} plane family. For the annealed sample, this same F-{220} 

plane family yields at a much lower stress of ~600 MPa. The softening of FCC phase is likely due 

to annihilation of pre-existing dislocations and dissolution of the ordered L12 nanostructures after 

heat treatment (Fig. 3b). Subsequently, F-{311}, {200},  and {111} plane families yield gradually 

for both as-printed and annealed samples, as shown by the increased slope of applied stress versus 

lattice strain. For better interpretation, we also plotted the deviation of elastic lattice strain from 

the initial linear range (Supplementary Fig. S4), which is defined as the intergranular/interphase 

strain by the following equation:  

Δεhkl = εhkl - σapplied/Ehkl                                                                                                                    (2) 
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where σapplied is the applied tensile stress. The progressive yielding of FCC/L12 phase transfers 

stress to the harder BCC/B2 phase, where larger elastic strains develop. In stage III, BCC/B2 phase 

plastically deforms in both as-printed and annealed samples with strong work hardening. Except 

for the F-{220} reflection, εhkl of other plane families increase with the applied stress, which is 

mainly contributed by the work hardening in each phase. The increase in lattice strain of BCC/B2 

plane families is much faster than that of FCC plane families, suggesting BCC/B2 phase bears 

higher stresses than FCC/L12 phase during plastic deformation. Interestingly, B-{200} plane 

family develops an abnormally large lattice strain as high as 0.10 and 0.13 in the as-printed and 

annealed Ni40Co20Fe10Cr10Al18W2 EHEAs, respectively, and the origin will be discussed later.  

In-situ HEXRD measurements also allow for quantitatively estimating phase-specific stresses 

using the Hooke’s law [44]: 

σphase = Ephase × εphase                                                                                                                      (3) 

where εphase is the phase strain along LD and Ephase the Young’s modulus of individual phase. 

Because the F-{311} plane family shows the least intergranular/interphase strain and has the 

diffraction elastic constant closest to the Young’s modulus of bulk material [45,46], it was selected 

to represent the global behavior of FCC/L12 phase. Considering the possible phase transformations 

associated with BCC/B2 phase [45,47,48] (and also see Section 3.3.4), we did not directly calculate 

the phase stress for BCC/B2 phase from lattice strains. Instead, BCC/B2 phase stress was back-

calculated based on a rule of mixture: 

σBCC = (σapplied - fFCCσFCC) /fBCC                                                                                                      (4) 

where σapplied is the applied stress, σFCC and σBCC are the phase stress of FCC/L12 and BCC/B2 

phases, respectively, and fFCC and fBCC are the volume fraction of FCC/L12 and BCC/B2 phases, 

respectively. Calculated phase stresses are presented in Fig. 5c, which shows that after 

macroscopic yielding the BCC/B2 phase exhibits higher work hardening rate compared to 

FCC/L12 phase. Apparently, the difference in work hardening rate between BCC/B2 and FCC/L12 

phases becomes more significant after annealing (Fig. 5d). 
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Fig. 5 (a, b) Lattice strain evolutions of FCC/L12 and BCC/B2 phases along LD of the as-printed and 

annealed Ni40Co20Fe10Cr10Al18W2 EHEAs, respectively. The stress for macro-yielding refers to the 0.2%-

offset yield strength of the bulk sample. (c) Stress partitioning in FCC/L12 and BCC/B2 phases during 

tensile loading. (d) Work hardening rate versus true strain of FCC/L12 and BCC/B2 phases during tensile 

loading. 

3.3.2 Dislocation density evolution during deformation 

To unveil the origin of the high working hardening rate in our additively manufactured dual-phase 

nanolamellar Ni40Co20Fe10Cr10Al18W2 EHEAs, we first examined the evolution of dislocation 

density. The as-printed Ni40Co20Fe10Cr10Al18W2 EHEA has a high initial dislocation density in the 

FCC/L12 phase of ρFCC ≈ 1.2×1014 /m2 based on Modified Williamson-Hall (MWH) line profile 

analysis (Supplementary Fig. S5a), which likely originates from the thermal residual stresses 

during rapid cooling of the L-PBF process [49]. After annealing, FWHMs of FCC peaks before 

deformation are negligibly small (near zero) after subtraction of the instrumental broadening 

(Supplementary Fig. S5b), indicating only few dislocations are present. This result agrees well 

with the TEM observation (Fig. 3b). Since BCC/B2-{200} diffraction peak along LD is affected 

by phase transformation during deformation (see Section 3.3.4), we do not have enough high-

quality data points for MWH fitting to precisely quantify the dislocation density in BCC/B2 phase. 
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Therefore, the dislocation density evolution during deformation is qualitatively analyzed by 

comparing the FWHM (after subtracting the instrumental broadening) of the representative first-

order reflections of FCC/L12-{111} and BCC/B2-{110} along LD since these crystallographic 

reflections are typically unaffected by phase transformation. Based on MWH theory [47,50,51], 

FWHM is related to dislocation density ρ by the following equation:   

ρ ~ (∆K/K)2/b2𝐶                                                                                                                             (5) 

where K = 2sinθ/λ, in which θ and λ are the diffraction angle and the wavelength, respectively; ΔK 

is the FWHM in K space and defined as ΔK = 2cosθ(∆θ)/λ, b the magnitude of Burgers vector, 𝐶̅ 
the average dislocation contrast factor associated with the dislocation character (edge or screw). 

As shown in Fig. 6a, for the as-printed sample, ρFCC increases continuously up to εT ≈ 5%, after 

which ρFCC saturates and increases again at εT ≈ 8%. For the annealed sample, ρFCC continuously 

increases throughout the entire uniform plastic deformation regime. On the other hand, dislocation 

density in BCC/B2 phase (ρBCC) of the as-printed sample increases up to εT ≈ 8%, after which it 

stabilizes (Fig. 5f). Note that the increase in ρBCC becomes markedly faster at εT ≈ 6%. In the 

annealed sample, the increase in ρBCC is continuous up to εT ≈ 8%, similarly to the as-printed 

sample. Beyond that, the increase in ρBCC slows down.  

 

Fig. 6 (a) Evolutions of (∆K/K)2 of FCC/L12-{111} versus true strain of the as-printed and annealed 

Ni40Co20Fe10Cr10Al18W2 EHEAs during tensile loading. (b) Same as (a) except for BCC/B2-{110} 

reflection. 

3.3.3 Stacking fault probability evolution during deformation 

SF formation is an important deformation mechanism in FCC structures with low SFE. Stacking 

fault probability (SFP), defined as the probability of finding a fault between any two layers in the 

FCC stacking sequence [52], can be measured via HEXRD analysis [53,54]. In principle, {111} 

and {222} planes undergo the same amount of elastic strain during macroscopic deformation, but 

when SFs are created, they cause the corresponding diffraction peaks to shift in opposite directions. 

As a result, SFP can be calculated from the difference between ε111 and ε222 [55]: 
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As shown in Fig. 7a, ε111 and ε222 as a function of true stress (σT) overlap well in the elastic 

deformation stage. However, above 1200 MPa, a split between ε111 and ε222 becomes noticeable. 

Correspondingly, Fig. 7b shows the SFP as a function of σT. SFP for both as-printed and annealed 

samples are on the order of 10-3, which is typical for materials undergoing SF formation rather 

than mechanical twinning [56]. For the as-printed sample, SFP increases rather continuously with 

the applied stress and reaches 2.9×10-3 at 1600 MPa. For the annealed sample, SFP remains more 

or less constant up to 1100 MPa, above which it increases rapidly to 3.0×10-3 at 1460 MPa. Above 

finding suggests that a higher flow stress is required to activate same number of SFs in the as-

printed sample than in the annealed sample.  

 

Fig. 7 (a) Lattice strain evolutions of the first order F-{111} and the second order F-{222} reflections of 

the as-printed and annealed Ni40Co20Fe10Cr10Al18W2 EHEAs during tensile loading. Since the B-{110} and 

{220} reflections develop large elastic lattice strains and significant peak broadening at large strains, these 

two peaks almost merge into the F-{111} and {222} peaks, respectively. This will introduce large 

uncertainties for peak deconvolution. So we did not study the lattice strain evolutions of F-{111} and {222} 

reflections for the as-printed sample as σT > 1600 MPa and for the annealed sample as σT > 1460 MPa. (b) 

SFP evolutions of the as-printed and annealed Ni40Co20Fe10Cr10Al18W2 EHEAs during tensile loading.  

3.3.4 Martensitic transformation 

To probe the possible phase transformation upon tensile deformation, we examined the orientation-

dependent structural evolution by integrating the 2D diffraction patterns along azimuth angle Ψ 

from 0º to 180º over a range of ±5º at a large tensile strain (right before fracture) of ~10% and ~16% 

for the as-printed and annealed Ni40Co20Fe10Cr10Al18W2 EHEAs, respectively. As shown in Fig. 8, 

extra Bragg peaks appear near the B-{110}, B-{200}, and B-{211} reflections at the specific Ψ. 

All new Bragg peaks in the diffraction profiles can be indexed as the α″ martensite phase (denoted 

as M) with an orthorhombic structure. Specifically, the strongest M-{020} peak appears between 

FCC-{111} and BCC-{110} reflections at 0º and 180º (transverse direction, TD), the strongest M-

{200} peak appears next to B-{200} reflection at 90º (LD), and the strongest M-{220} peak 
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appears near B-{211} reflection at ~50º and 130º. A similar preferred orientation selection in 

stress/strain-induced martensitic transformation is observed in the annealed sample 

(Supplementary Fig. S6), and other thermo-mechanically treated AlCoCrFeNi HEAs [45,47] as 

well. In general, to minimize the strain energy associated with phase transformation, the martensite 

phase keeps a crystallographic orientation relationship with the parent BCC/B2 phase, i.e., B-

(110)//M-(020), B-(11
_

0)//M-(001) and B-(002)//M-(200) [45].  

  

 

Fig. 8 1D diffraction profiles of (a) BCC/B2-110, (b) BCC/B2-200 and (c) BCC/B2-211 by integrating the 

2D diffraction patterns along the specific Ψ from 0º to 180º over a range of ±5º at ~10% strain of the as-

printed Ni40Co20Fe10Cr10Al18W2 EHEA (M denotes the martensite). (d) 2D X-ray diffraction image along 

the full azimuthal angle (Ψ = 0-360°) for the as-printed Ni40Co20Fe10Cr10Al18W2 EHEA at tensile strain of 
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~10%. Note that 90° and 180° correspond to the loading direction (LD) and transverse direction (TD), 

respectively. 

We then examined the 1D diffraction profiles of different reflections at different stress levels to 

determine the critical stress for martensitic transformation. As shown in Fig. 9, BCC/B2-{100}, 

{200}, {110}, and {211} peaks of the as-printed sample start to become asymmetric as σT exceeds 

631 MPa. The asymmetric peaks can be deconvoluted into the parent BCC/B2 peaks and the newly 

formed martensite peaks. Similar phenomena have been observed in the annealed sample when σT 

reaches 651 MPa (Supplementary Fig. S7), suggesting that the martensitic transformation is 

initiated in both as-printed and annealed samples before macroscopic yielding. With further 

increase in σT, the asymmetric peak becomes substantially wider and eventually splits into two 

individual peaks. 

 

Fig. 9 HEXRD spectra of (a) B2-100 at Ψ = 90º (LD), (b) BCC/B2-200 at Ψ = 90º (LD), (c) BCC/B2-110 

at Ψ = 0º (TD) and (d) BCC/B2-211 at Ψ = 50º as a function of σT during tensile loading of the as-printed 

Ni40Co20Fe10Cr10Al18W2 EHEA (M denotes the martensite), showing the occurrence of martensitic 

transformation at σT ≈ 631 MPa (highlighted in red). 

The relative changes in the integrated intensity of BCC/B2-{110} and martensite-{020} diffraction 

peaks along TD can provide information about the volume fraction changes of the specific phases 

during deformation. As shown in Fig. 10a and c, for the as-printed sample, when σT is above ~650 

MPa, the integrated intensity of BCC/B2-{110} peak starts to decrease slowly. Correspondingly, 

the integrated intensity of martensite-{020} peak begins to increase slightly. Although the 

martensite transformation initiates before the macroscopic yielding of the bulk sample, the 

transformation rate of martensite stays very low up to ~6% strain (~1600 MPa), as shown in Fig. 

10a and c. Further increase in σT above ~1600 MPa (εT > ~6%) results in a more rapid increase in 

the volume fraction of martensite. Interestingly, a remarkable increase in dislocation multiplication 
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rate in the as-printed BCC/B2 lamellae at εT ≈ 6% is noteworthy (Fig. 6b). After that, the integrated 

intensity of martensite-{020} peak tends to saturate as σT reaches 1800 MPa (εT >8%). In 

comparison, the BCC/B2-{110} peak intensity of the annealed EHEA experiences a large drop 

starting at σT ≈ 760 MPa (εT ≈ 0.5%), followed by a slower decrease until σT exceeds ~1300 MPa 

(εT > 8%), at which a second sharp decrease occurs. Meanwhile, the behavior of the integrated 

intensity of martensite-{020} is inversely proportional, with a two-step increase at ~760 MPa (εT 

≈ 0.5%) and ~1300 MPa (εT > 8%), respectively (Fig. 10b and d).  

 

Fig. 10 Evolution of martensite during deformation measured by HEXRD along TD. (a, b) Integrated 

intensity of BCC/B2-{110} and Martensite-{020} diffraction peaks along TD, plotted as a function of true 

stress for the as-printed and annealed Ni40Co20Fe10Cr10Al18W2 EHEAs, respectively. (c, d) Same as (a, b) 

except for plotted as a function of true strain. 

3.4 Deformation structures 
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To understand the origin of the sustained work hardening and large ductility of the as-printed 

Ni40Co20Fe10Cr10Al18W2 EHEA, we investigated the evolution of deformation structures at 

different applied strains using TEM (Fig. 11). Before deformation, a high density of dislocations 

is observed in FCC/L12 nanolamellae (Fig. 11 a1 and a2), while few dislocations are seen in the 

BCC/B2 nanolamellae. These pre-existing dislocations originate from thermal residual stresses 

due to rapid heating and cooling cycles during L-PBF [49]. At a strain of ~2% (Fig. 11 b1), curved 

dislocations are comparably observed in both FCC/L12 and BCC/B2 nanolamellae. Note that few 

SFs start to be observed in some FCC/L12 nanolamellae (Fig. 11 b2). As the strain increases to ~5% 

(Fig. 11 c1 and c2), SFs become more dominant in FCC/L12 nanolamellae. A few curved 

dislocations could still be observed. In the BCC/B2 nanolamellae, dislocation density appears 

much higher in regions near the tip of SFs in FCC/L12 lamellae (Fig. 11 c2), suggesting that 

dislocations in BCC/B2 nanolamellae tend to nucleate and multiplicate more rapidly in the vicinity 

of SFs at the lamellar interfaces. At a strain of ~17%, a large increase in SF density in FCC/L12 

lamellae occurs while ordinary, curved dislocations are barely visible, indicating SF-mediated 

deformation behavior. In BCC/B2 nanolamellae, the increase in dislocation density is clearly 

noticeable. This high density of dislocations in BCC/B2 lamellae reasonably interprets the 

substantial work hardening capability of the BCC/B2 phase, as also revealed by in situ synchrotron 

HEXRD (Fig. 5d). Additionally, a large number of defects including dislocations and SFs are 

found at the phase interfaces using HRTEM (Fig. 12), suggesting the important role of semi-

coherent interfaces that can serve as effective dislocation barriers and sinks [57].  

 

Fig. 11 TEM images of deformation structures in the as-printed Ni40Co20Fe10Cr10Al18W2 EHEA at different 

tensile strains. BCC/B2 nanolamella is indicated by the red dot and FCC/L12 nanolamella is indicated by 

the blue dot. The yellow arrows indicate that dislocations in BCC/B2 nanolamellae tend to nucleate and 

multiplicate more rapidly in the regions near the tip of SFs at the lamellar interfaces. 
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Fig. 12 Crystal lattice defects at phase interface in the as-printed Ni40Co20Fe10Cr10Al18W2 EHEA deformed 

to 17% strain. (a) HRTEM micrograph showing a high density of defects (yellow circles show some 

examples) at the lamellar interface. (b) Corresponding SAED pattern indicating the K-S orientation 

relationship between the two phases. (c) Enlarged HRTEM micrograph showing a dislocation and a SF at 

the interface. (d) Higher magnification HRTEM micrograph of the yellow boxed region in (c) showing a 

SF marked by the BCACAB-stacking sequence. 

The deformation structures in the annealed Ni40Co20Fe10Cr10Al18W2 EHEA after ~23% 

deformation (corresponding to the ultimate tensile strength) were also investigated to understand 

the exceptional work hardening capability of the annealed sample. Compared to the as-printed 

sample, a much higher density of defects is observed that aggregate at the lamellar interfaces, as 

evidenced by the strong dark contrast (Fig. 13a). This suggests two possible mechanisms: first, the 

high-temperature annealing may have changed the local chemical composition, residual stresses, 

or structural ordering at or near the lamellar interfaces, which could improve dislocation 

multiplication; second, ordinary dislocation slip could still be largely active at large strains in the 

annealed FCC nanolamellae unlike in the as-printed sample, and dislocations could more easily 

cross-slip and move along the interfaces. In addition, a similar amount of SF ribbons is observed 

in the annealed FCC nanolamellae (ε = 23%) as that in the as-printed FCC/L12 nanolamllae (ε = 

17%) (Fig. 11 d1-d2 and Fig. 13b-c), although the annealed sample undergoes a much lower flow 

stress. The above finding reflects that SFs can be activated more easily in the annealed FCC 

nanolamellae at a lower flow stress and the origins will be discussed later. Moreover, compared to 

the as-printed BCC/B2 nanolamellae, a higher density of dislocations is discerned in the annealed 

BCC/B2 nanolamellae (Fig. 13a), suggesting the superior dislocation storage capability of the 

annealed BCC/B2 nanolamellae. 
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Fig. 13 Deformation structures in the annealed Ni40Co20Fe10Cr10Al18W2 EHEA after ~23% deformation. 

BCC/B2 nanolamella is indicated by the red dot and FCC nanolamella is indicated by the blue dot. (a) BF 

TEM image showing high density of dislocations in BCC/B2 nanolamellae and phase interface. (b-c) Dark-

field (DF) TEM images highlighting numerous SFs extended through FCC nanolamellae. 

4. Discussions 

4.1 Origin of ultrahigh yield strength 

The yield strength of polycrystalline metal alloys is determined by characteristic microstructural 

features such as solute atoms, boundaries/interfaces, dislocations, and precipitates [58]. Grain 

refinement is one of the most common strategies used to strengthen a material. Reducing the 

average grain size gives rise to a larger volume fraction of grain boundaries, which act as strong 

pinning points to impede the dislocation movement and hence increase the yield strength following 

the well-known Hall-Petch relationship [59,60]:  

σYS = σ0 + kd -1/2                                                                                                                             (7) 

where σ0 is the intrinsic lattice friction stress, d the average grain size, k the strengthening 

coefficient associated with the strength of grain boundaries. An increase in lattice friction leads to 

a higher yield strength by increasing the stress necessary to move dislocations within the grain 

matrix. Our Ni40Co20Fe10Cr10Al18W2 EHEA contains multi-principal elements, which is the pillar 

of the HEA concept. In general, the severe crystal lattice distortion in HEAs contributes to the 

lattice friction stress by ~100-200 MPa [61–63].  

During L-PBF, the high cooling rates help suppress grain growth, which we adopt here as a strategy 

to achieve highly refined lamellae at the nanoscale compared to conventional counterparts. In dual-

phase lamellar structures, yielding is expected to occur when the critical stress for dislocation 

transmission through the lamellar interfaces is reached [64]. Recall that the yield strength of our 

L-PBF Ni40Co20Fe10Cr10Al18W2 EHEA is twofold higher than that of the as-cast counterpart. In 

fact, the average interlamellar spacing of our as-printed sample is ~5 times smaller than that of the 

as-cast counterpart, which approximately doubles the kd-1/2 term in equation (7). This comparison 

suggests the dominant role of nanolamellar interfaces in strengthening the additively manufactured 

Ni40Co20Fe10Cr10Al18W2 EHEA.  
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The high density of printing-induced dislocations in FCC/L12 nanolamellae also makes a 

contribution to the high yield strength of the as-printed sample [20,31]. We estimate this 

strengthening effect using the Taylor hardening law [65]: 

∆σd = MαGbρ1/2                                                                                                                               (8) 

where M is the Taylor factor (3.06 for the FCC/L12 phase, measured from EBSD) α is the 

dimensionless pre-factor (about 0.2 for the FCC/L12 phase [58]), G is the shear modulus (78 GPa 

for the FCC/L12 phase, derived from HEXRD measurements), b is the magnitude of Burgers vector 

(0.255 nm for the FCC/L12 phase, measured by HEXRD) and ρ is the pre-existing dislocation 

density (1.2 × 1014 m-2 for the FCC/L12 phase). Considering the volume fraction of FCC/L12 phase 

is as high as 72%, the pre-existing dislocations from L-PBF contribute to an increase of yield 

strength ∆σd = 96 MPa.  

Recall that the yield strength of the as-printed FCC/L12 phase is ~500 MPa higher than that of the 

annealed FCC phase (Fig. 5c), which suggests that structural ordering also plays an important role 

in elevating the yield strength of the as-printed sample. In dual-phase lamellar structures, yielding 

occurs first in the weaker FCC/L12 lamellae. L12 is an ordered FCC structure that can effectively 

increase the yield strength by restricting the number of available slip systems.  

The sparsely-distributed BCC nano-precipitates inside the relatively coarser BCC/B2 

nanolamellae (Fig. 1h) could also hinder the dislocation motion to strengthen the material. 

However, different from the uniformly dispersed BCC nano-precipitates in B2 lamellae of other 

thermo-mechanically treated EHEAs (e.g., AlCoCrFeNi2.1) where BCC nano-precipitates can 

effectively enhance the yield strength through dispersion strengthening [40], the strengthening 

effect from the sparsely-distributed BCC nano-precipitates inside the relatively coarser BCC/B2 

nanolamellae only in our as-printed sample is expected to be negligible.  

In summary, the high yield strength of our material is dominated by the refined nanolamellar 

structure enabled by rapid solidification of L-PBF, and further enhanced by the pre-existing 

dislocations and ordered L12 structures. These unique microstructural features not only 

collectively result in significant resistance to dislocation motion for elevating the yield strength, 

but also effectively promoting the work hardening capability, as discussed below.  

4.2 Evolution of deformation mechanisms 

4.2.1 Deformation mechanisms in FCC/L12 nanolamellae 

We first discuss the deformation mechanisms in FCC/L12 nanolamellae. In general, a material’s 

deformation mechanisms depend on the applied flow stress and the critical stresses required for 

the activation of different deformation carries (such as dislocations, SFs, twins, etc.). TEM 

observations suggest that the deformation of the as-printed FCC/L12 nanolamellae is mediated by 

dislocation slip and SFs (Fig. 11). Based on classical dislocation theory, the critical shear stress 

required to nucleate a full dislocation 1/2<110> (𝜏F) or the Shockley partial dislocations 1/6<112> 

(𝜏P) to generate SFs and deformation twins can be estimated using the following equations [66]  
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where γ is the SFE; α a parameter reflecting the character of dislocations; μ the shear modulus; and 

bF and bP the magnitudes of Burgers vectors of full and partial dislocations, respectively. As 

suggested by equations (9) and (10), the preference for dislocations, SFs, and deformation twins 

is strongly dependent on SFE (γ) and the characteristic dislocation source size (d) [67]. First, SFE   

determines the ease of dissociation of a perfect dislocation into two partials and the propensity for 

the formation of SFs [56]. As reported in austenitic steels, the deformation mechanisms often 

change from dislocation slip (≥45 mJ/m2) to twinning (20-45 mJ/m2) with the decrease of SFE 

[68]. Besides SFE, the characteristic dislocation source size (d), (in our case, d denotes the 

FCC/L12 lamellar thickness λFCC) also plays an important role in affecting the deformation 

schemes. As λFCC decreases, the partial dislocations would increasingly prevail over full 

dislocations [69].  

We first discuss the SF behavior in the as-printed FCC/L12 nanolamellae. The first-principles DFT 

calculation result suggests that the intrinsic SFE of the as-printed FCC/L12 nanolamellae is as high 

as 57 mJ/m2 (see Appendix), which is not sufficient to activate partial dislocations and SFs. 

Therefore, sufficient dislocation activities may precede the formation of SFs. Although SFs initiate 

in some FCC/L12 nanolamellae that bear higher stresses at 2% strain (Fig. 11 b2), TEM 

observations confirm that the early-stage plastic deformation of FCC/L12 nanolamellae is mostly 

dominated by full dislocation slip (Fig. 11 a1 and b1). As deformation proceeds after ~5% strain, 

SFs become prevalent (Fig.11 c1-d2) as the critical stress required to nucleate Shockley partial 

dislocations 1/6<112> to generate SFs is reached for the majority of FCC/L12 nanolamellae with 

different orientations. However, SFs are not readily achievable in conventional dual-phase 

microlamellar EHEAs with similar compositions such as AlCoCrFeNi2.1 [16],  and 

Al19Fe20Co20Ni41 [48]. The above findings highlight the advantages of harnessing the extreme 

processing conditions of L-PBF for microstructural refinement at the nanoscale to promote SF 

formation.  

HEXRD and TEM characterizations indicate that SFs can be more easily activated in the annealed 

sample compared to the as-printed sample (Figs. 7b, Fig. 11, and Fig. 13), which is likely related 

to the change of SFE and thickness of FCC/L12 nanolamellae after heat treatment. First, SFE 

mainly changes with the chemical composition of a material. In our work, starting from the far-

from-equilibrium microstructure in the as-printed state, the high-temperature heat treatment 

promotes atomic diffusion and element partitioning between the alternating dual-phase lamellae. 

As shown in Table 1, the annealed FCC nanolamellae are further depleted in Al and Ni which are 

characteristic of high SFE. Thus, the annealed FCC nanolamellae are expected to have a lower 

SFE compared to those in the as-printed sample. Our first-principles DFT calculation results verify 

that the intrinsic SFE of FCC/L12 nanolamellae is reduced from 57 mJ/m2 to 37 mJ/m2 after heat 

treatment (see Appendix). Second, after heat treatment, the average thickness of FCC/L12 lamellae 
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decreases from 119 nm to 95 nm as a result of interface migration at the elevated temperature. The 

simultaneously reduced SFE and λFCC after heat treatment explain the abundant SFs observed in 

the annealed FCC nanolamellae at a lower flow stress (Fig. 13). 

4.2.2 Deformation mechanisms in BCC/B2 nanolamellae 

Second, we discuss the deformation mechanisms in BCC/B2 nanolamellae. Considering the strain 

compatibility required between the co-deforming FCC/L12 and BCC/B2 phases, the deformation 

behavior of BCC/B2 nanolamellae would be strongly influenced by the neighboring FCC/L12 

nanolamellae and lamellar interfaces. Dislocation multiplication in the as-printed BCC/B2 

nanolamellae remains very slow during the initial 2% deformation. Simultaneously, when SFs 

dominate above 5% strain in the as-printed FCC/L12 nanolamellae, more extensive dislocation 

multiplication is observed in BCC/B2 nanolamellae, especially near the tip of SFs in the 

neighboring FCC/L12 nanolamellae (Fig. 11 c2). Meanwhile, a thick contrast appears at the 

lamellar interfaces, suggesting the extraordinary dislocation activities likely resulting from the full 

dislocation cross-slip and movement along the interfaces, and the pile-up of SFs at the interfaces. 

The extended SFs in FCC/L12 nanolamellae and the numerous defects aggregated at lamellar 

interfaces can effectively enhance local stresses to promote nucleation/multiplication of 

dislocations and martensitic transformation in the neighboring BCC/B2 nanolamellae. This can be 

further confirmed by the rapid increase in ρBCC (Fig. 6b) and martensitic phase fraction (Fig. 10c) 

at ~6% strain.  

Besides extensive dislocation multiplication in BCC/B2 nanolamellae, HEXRD analysis also 

suggests the occurrence of SIMT (Fig. 9). SIMT can significantly increase the lattice distortion to 

further strengthen the material, as evidenced by the abnormally large lattice strain of B-{200} 

plane family along LD (Fig. 5a-b). Similar phenomenon has been found by others in previous 

studies as well [45,47]. In addition, the simultaneous increase in the volume fraction of martensite 

and ρBCC at εT ≈ 6% elucidates that SIMT can effectively enhance the dislocation multiplication 

rate, contributing to the sustained work hardening of BCC/B2 phase (Fig. 5d, 6b and 10c).  In other 

thermo-mechanically treated duplex HEAs, SIMT has also proven to be an effective mechanism 

for promoting dislocation multiplication to enhance the deformability and working hardening of 

the multi-component B2 phase [47,70].  

With regard to SIMT, thermodynamically, applied stress provides a mechanical driving force 

which adds to the chemical free energy change due to transformation and determines the onset of 

the transformation [71]. Besides applied stress, martensitic transformation is also strongly affected 

by the spatial confinement imposed by precipitates. The small precipitates size and narrow inter-

precipitates spacing have been reported to heavily hinder the martensitic transformation [72]. 

Compared to the annealed sample, the higher SFE in the as-printed FCC/L12 nanolamellae and the 

sparsely-distributed nano-precipitates in the relatively coarser BCC/B2 nanolamellae operate 

collectively to retard the martensitic transformation in the as-printed BCC/B2 nanolamellae, as 

evidenced by the nearly constant volume fraction of martensite as εT evolves from ~2% to ~5% 

(Fig. 10c). Further increase of the martensite volume fraction requires higher applied stresses to 

overcome the heightened energy barrier for transformation. Although the martensite volume 

fraction and ρBCC rapidly increase when σT exceeds ~1600 MPa (εT > ~6%), they tend to saturate 
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soon as εT increases to 8%. These results suggest that the defect storage capability of BCC/B2 

nanolamellae is already exhausted. In contrast, the annealed BCC/B2 nanolamellae are free of 

precipitates and contain a lower density of dislocations. Additionally, the annealed FCC 

nanolamellae have a smaller SFE which triggers SFs more easily at a lower stress. Although the 

annealed sample displays a lower yield strength, the dissolution of BCC nano-precipitates in 

BCC/B2 nanolamellae effectively releases the spatial confinement and contributes to the 

sustainable increase of the martensite volume fraction and dislocation density, and eventually 

results in the higher work hardening rates (Fig. 4b and Fig. 5c-d).  

In conclusion, the SF-mediated plasticity in FCC/L12 nanolamellae and the accumulation of vast 

defects at lamellar interfaces after ~5% strain can effectively elevate local stresses to enhance 

dislocation multiplication and martensitic transformation in BCC/B2 nanolamellae. The 

cooperative deformation of FCC/L12 and BCC/B2 nanolamellae, assisted by the semi-coherent 

lamellae interfaces, is beneficial for the sustained work hardening and large ductility of the 

additively manufactured Ni40Co20Fe10Cr10Al18W2 EHEA.  

5. Conclusions 

In this study, we use L-PBF to improve mechanical properties of a dual-phase 

Ni40Co20Fe10Cr10Al18W2 EHEA by refining the lamellar thickness to nanoscale. An ultrahigh yield 

strength of ~1.4 GPa is achieved with a large tensile ductility of ~17%. This doubles the yield 

strength of the as-cast counterpart without a considerable sacrifice in ductility. We used in-situ 

synchrotron HEXRD and advanced electron microscopy to uncover the microstructures and 

deformation mechanisms underlying the significantly enhanced mechanical properties in the 

additively manufactured Ni40Co20Fe10Cr10Al18W2 EHEA. Key observations are summarized below: 

(1) The strong thermal gradients and high cooling rates inherent to L-PBF provide a unique 

pathway to achieve non-equilibrium, highly-refined nanolamellar structures in a dual-phase 

Ni40Co20Fe10Cr10Al18W2 EHEA.  

(2) The high strength of the as-printed Ni40Co20Fe10Cr10Al18W2 EHEA primarily results from the 

refined nanolamellar structures and is further enhanced by the pre-existing dislocations from 

rapid solidification of L-PBF and ordered L12 structures.  

(3) The large ductility originates from the sequentially activated multiple deformation mechanisms 

in FCC/L12 and BCC/B2 nanolamellae. The deformation mechanism of FCC/L12 

nanolamellae evolves from full dislocation slip to SF nucleation at around 5% strain. 

Simultaneously, the semi-coherent lamellar interfaces serve as the preferred sites for defect 

aggregation which effectively elevates local stresses that enhance dislocation multiplication 

and martensitic transformation in the neighboring BCC/B2 nanolamellae.  

(4) Post-printing heat treatment allows us to further tune the non-equilibrium microstructures and 

deformation mechanisms. Stronger elemental partitioning between dual phases can 

significantly reduce the SFE to facilitate the formation of SFs in FCC nanolamellae. The 

dissolution of BCC nano-precipitates in BCC/B2 nanolamellae can relieve the spatial 
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confinement which further promotes martensitic transformation and enhances the work 

hardening capability. 
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Appendix. First-principles density functional theory calculations 

First-principles calculations on SFE of AlCoCrFeNiW HEAs were performed with the EMTO-

CPA package in this work. The exact muffin-tin orbital (EMTO) [73] method uses optimized 

overlapping muffin-tin potential spheres to represent the exact one-electron potential [74]. The 

one-electron equations were solved with the scalar relativistic approximation and the soft-core 

method. The coherent-potential approximation (CPA) [75] method simulates the chemical disorder 

which is an important feature for HEAs. The Perdew-Burke-Ernzerhof generalized gradient 

approximation (PBE) [76] was used to approximate the exchange-correlation functional, and the 

full charge density (FCD) method improved the accuracy of total energy calculation. The EMTO 

Green’s function was calculated self-consistently for 16 complex energy points that distributed 

exponentially [77]. Since the magnetic state [78] influences the SFE in HEAs, the ferromagnetic 

and paramagnetic states described by the disordered local magnetic moment (DLM) [79] were 

chosen as two initial magnetic conditions. 

The static equation of states (EOS) was determined from energies of twelve different atomic 

volumes. The equilibrium lattice constant was obtained by fitting the Birch–Murnaghan EOS [80]. 

The SFE was calculated as the excess total energy associated with the formation of a SF in an ideal 

FCC lattice. To eliminate the interactions between a SF with its periodic images, a supercell model 

of 9 FCC (111) layers [81] was used. The SF is created by sliding the z-axis perpendicular to the 

successive (111) planes with a series of displacement nbp (bp = a0<2
_

11>/6 is Burgers vector, a0 is 

the lattice constant) in the superlattice, while the lattice with 0.5bp displacement represents 
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unstable SF as the energy barrier during the SF formation. The k-point mesh was carefully tested 

for convergence, and the 12×24×3 mesh was used in all calculations to achieve an accuracy of 10-

6 Ry/site. For each sliding step, the interlayer distances corresponding to the slip layer were 

optimized [82], while the other interlayer distances were fixed at the equilibrium state. 

Based on the STEM-EDX results on different FCC lamellae of the as-printed and annealed EHEAs, 

different compositions were selected for the DFT calculations. Determined from the Birch–

Murnaghan EOS, the average lattice constant of the as-printed sample is 3.6037 Å which is very 

close to the experimental observation of 3.5908 Å with a 0.36% difference. The better agreement 

is achieved in the annealed sample for which the calculated lattice constant is 3.5883 Å and the 

experimental lattice constant is 3.5874 Å. 

As shown in Table A1, the SFEs of the annealed samples are lower than the printed samples, 

suggesting more SFs can be formed in annealed samples rather than in as-printed samples. 

Especially in the paramagnetic state, the intrinsic SFE Eisf is lower than 40 mJ/m2 which is a 

common criterion [83] for predicting twinning deformation. The difference in unstable SFEs Eusf 

between the as-printed and annealed samples is even more pronounced at about 40%. The lower 

Eusf indicates a low energy barrier for the SF formation, which can lead to a significant difference 

in the stacking fault density. During the application of external stress, however, a higher energy 

barrier for the SF formation can still be overcome by completing the partial dislocation slip, which 

can be an explanation for the large increase in the stacking fault density in the as-printed sample 

above ~5% strain.  

Table A1 First-principles DFT calculation results. 

Sample 

condition 
Composition/at. % 

Lattice 

constant/Å 

Eusf/mJ/m2 Eisf/mJ/m2 

Ferromagnetic Paramagnetic Ferromagnetic Paramagnetic 

As-printed 

FCC/L12 
Al11Co22Cr12Fe12Ni40W3 3.6037 131.25 117.55 65.23 57.44 

Annealed 

FCC 
Al9Co26Cr15Fe14Ni34W2 3.5883 81.22 76.89 42.97 37.16 
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