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Abstract

Creep mechanisms are studied in 8’-Al.Cu-strengthened Al-Cu-Mn-Zr alloys at 300 and 350 °C for
(i) ACMZ, a base alloy without further alloying elements and (ii) RR350, a commercial alloy with
additions of Ni and Co forming distinct grain-boundary precipitates. At high stresses, creep is
dominated by dislocations bypassing 0’ precipitates within grains via the Orowan mechanism, as
evidenced by (1) very high stress exponent (n~20-25) and ( ii) a-Al and 8’ lattice strains (measured
via in-situ neutron diffraction) evolving during creep in a manner consistent with load transfer from
the plastically-deforming a-Al matrix to elastically-deforming 6’ precipitates. At intermediate
stresses, both alloys exhibit a n~3 regime, where a-Al and 6’ lattice strains scale near-linearly with
applied stress while remaining largely unaffected by strain accumulation, indicating that Orowan
looping or dislocation pile-up around 6’ is now inactive within the grains. Rather, dislocation motion
occurs solely in 0’-precipitate-free zones (0’-PFZ) where high dislocation densities are observed via
TEM after creep deformation. Plastic flow at 6’-PFZ and/or localized pipe diffusion are expected to
enable grain-boundary sliding (GBS), which is proposed as the rate-limiting mechanism in the n~3
regime. Ni/Co-rich precipitates at RR350 grain-boundaries, with negligible 6’-PFZ around them,
share load (as determined via neutron diffraction) with the a-Al matrix more effectively than 6-Al.Cu
precipitates at ACMZ grain-boundary, with wide surrounding 6’-PFZ. Thus, high creep resistance in
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the n~3 GBS regime is enabled by coarsening-resistant grain-boundary precipitates, forming without
concomitant development of weak 6’-PFZ, which effectively share load with the grains.

Keywords: Al-Cu alloys; 0'-precipitates; In-situ neutron diffraction; Creep; Grain-boundary
precipitates; Load transfer.

1. Introduction

Interest in high-temperature Al-Cu-based alloys strengthened with 6'-(Al>Cu) precipitates has grown
substantially [1-9] following the discovery that the metastable 6’ phase can be stabilized up to 350 °C
[10] by segregation of slow-diffusing solutes (e.g., Mn, Zr, Sc, and Fe) to the a-Al/0" interfaces [6,
10]. 6’-(Al>Cu) precipitates have shown no measurable coarsening during exposure of Al-Cu-Mn-Zr
alloy to 300 °C for 5000 h [11]. High coarsening resistance of 8’-(Al>Cu) in this alloy at both 300 and
350 °C for 2100 h has been also demonstrated in Ref. [3]. The kinetic and thermodynamic factors
which are responsible for such high coarsening resistance of 6’-(Al.Cu) precipitates are well
addressed in previous publications [2-5]. This discovery is a noticeable advance in the design of
lightweight, cast Al-based alloys for high-temperature applications, given that (i) most other
strengthening metastable precipitates - such as Q (Al.Cu), " (MgSi), 1" (MgZn2) - formed in high-
strength, precipitation-hardenable Al alloys rapidly coarsen and transform into undesirable, stable
forms above 200-250 °C [12, 13] and ( ii) the slow-diffusing transition metals that can form (meta-
)stable and coarsening-resistant precipitates (e.g., Sc and Zr forming L1>-Al3(Sc,Zr)), also exhibit
low solid solubility, thus resulting in much lower volume fraction of strengthening precipitates, with
limited strengthening contribution [14, 15].

Several recent studies have focused on the creep response of Al-Cu alloys strengthened with
stabilized 0'-precipitates, [3, 8, 16-19]. The creep behavior of these alloys has been characterized at
300 °C (a homologous temperature of ~0.60) at stresses higher than ~80 MPa, and found to be
controlled by dislocation creep with the Orowan looping mechanism becoming the rate-limiting
mechanism [3, 18]. However, the creep mechanisms prevailing at lower stresses (well below the
Orowan stress), as well as the role of grain-boundary precipitates in the creep response of 6'-
strengthened Al-Cu alloys require further research [3]. At stresses up to 20-30 MPa, diffusional creep
- specifically Coble creep driven by vacancy diffusion along grain boundaries becomes rate-limiting,
so that alloy microstructures with coarser grains exhibit lower creep strain rates as compared to alloys
with finer grains [3, 19]. Ni/Co-rich intermetallic precipitates decorating grain boundaries, when
present in large amounts (e.g., a volume-averaged fraction of ~6 vol.%), have also been found to
strongly decrease diffusional creep rates, likely by inhibiting grain-boundary sliding (GBS) which is
needed to accommodate diffusional creep [3, 19]; however, a similar fraction (~6 vol.%) of 6-Al>Cu
precipitates at grain boundaries of Al-Cu-Mn-Zr alloy with ~9 % Cu concentration does not reduce
diffusional creep strain rates [16]. Moreover, Ni/Co-rich intermetallic phase, unlike 6-Al>Cu at grain
boundaries, have been found to reduce creep strain rates at higher stresses of up to 80 MPa (below
Orowan stress), where the stress exponent n is close to three in compression, in a regime where the
creep mechanism remains uncertain [3]. There is, therefore, a need for understanding the role of
various grain-boundary precipitates on the creep response of Al-Cu alloys containing 6'-precipitates
within their grains. This understanding, in turn, will allow the exploration of new pathways to design
highly creep-resistant Al-Cu-based alloys. Lastly, no study exists in the literature concerning the
creep behavior of 6’-strengthened Al-Cu alloys at 350 °C despite the coarsening- and transformation-
resistance of these stabilized intragranular 0’ precipitates at this temperature [10].

Neutron diffraction (ND), owing to the high neutron penetration capability, can provide structural

information from multiple grains/precipitates for each microstructural constituent [20]. ND

performed in-situ on mechanically-loaded specimens allows to accurately determine elastic lattice
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strains in differently oriented constituent phases under various loading conditions at ambient or
elevated temperatures [21-23]. Time-resolved lattice strain evolution under loading allows a
determination of the evolution of load sharing among various constituent phases during deformation.
Given distinct elasto-plastic properties of matrix and precipitate phase, stresses partition between
phases during deformation, and the evolution of this stress-sharing can be determined by in-situ ND
measurements [24-26]. Although diffraction gives no information on the extent of plastic deformation
experienced by each phase under loading, elastic strains in various phases provide a direct
measurement of stresses in these phases, which can be compared to modeling predictions. As reported
in Ref. [18], in-situ ND measurements during creep of 6'-strengthened Al-Cu alloys with Ni/Co-rich
intermetallics precipitates at grain-boundaries were previously conducted at high stresses, where the
Orowan looping mechanism dominates: it was demonstrated that load transfer from the plastically-
deforming a-Al matrix to elastically-deforming 0'-precipitates within grains increases linearly with
macrostrain. However, no in-situ ND measurements have been reported during long-term creep of
this alloy at lower stresses (< 80 MPa), where ( 1) the Orowan looping mechanism is unlikely to be
active [3] and ( ii) dislocation climb over high-aspect-ratio 6’ precipitates is also limited [18].

In this study, in-situ ND measurements during creep at 300 and 350 °C (homologous temperatures of
0.60 and 0.67) are performed on two cast Al-Cu-Mn-Zr alloys with similar intragranular Mn- and Zr-
stabilized 6’-Al,Cu precipitates but different grain-boundary precipitates (6-Al.Cu and Ni/Co-
containing phases, respectively). These experiments shed light on: (i) the creep mechanisms
dominating below the Orowan stress in the n~3 regime and (ii) how creep deformation affects stress-
partitioning between grain-boundary precipitates, their associated precipitate-free zones, and the 6'-
strengthened grain interiors. Also, creep tests without concomitant ND are conducted at 350 °C to
explore the operating creep mechanisms and the role of grain-boundary precipitates at this higher
temperature.

2. Experimental Procedures
2.1 Material fabrication

Table 1 provides the chemical composition of the two cast Al-Cu-Mn-Zr and Al-Cu-Ni-Co-Mn-Zr-
Sb alloys investigated in this study, hereafter labeled ACMZ and RR350 (its commercial name),
respectively. ACMZ can be considered a simplified version of RR350, with similar amounts of Cu,
Mn, and Zr , but without Ni and Co which form distinct grain-boundary precipitates together with Fe
and Cu, and without small addition of Sb (present in RR350 for better castability [27]). Castings from
both alloys were produced by pouring the melt, fully homogenized at 800 °C, into a wedge-shaped
semi-permanent mold, with iron chills closest to their narrow end.

Table 1. Chemical composition of ACMZ and RR350 alloys (wt. %).

Cu Mn Zr Fe Si Ni Co Ti Sb Al
ACMZ 6.4 0.19 0.13 0.1 0.05 - - 0.09 - bal.
RR350 4.8 0.19 0.17 0.09 0.05 1.2 026 0.21 0.15 bal.

Specimens from both ACMZ and RR350 alloys were machined from the narrowest section of the
wedge-casting to obtain fine-grained structures (with average grain diameter of ~ 43 and 57 um,
respectively). Specimens were then subjected to T7 heat treatment which was followed by
preconditioning treatment for 200 h at 300 °C to stabilize microstructure, including 0’ precipitates,
prior to creep exposure. The T7 treatment parameters were as follows: ( 1) solution treatment for 5 h
at 540 °C for ACMZ and at 535 °C for RR350, (ii) quenching in water at ~ 80 °C and (iii) aging to
form 0’ precipitates, for 5 h at 240 °C for ACMZ and 4 h at 220 °C for RR350.
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2.2 In-situ neutron diffraction during creep

In-situ time-of-flight (TOF) neutron diffraction (ND) measurements of the (hkl)-specific lattice strain
evolutions for various constituent phases of ACMZ and RR350 alloys during creep deformation were
carried out on the VULCAN beamline at Oak Ridge National Laboratory, Spallation Neutron Source
(ORNL, SNS) [25]. Threaded dog-bone specimens, with a gauge-length of 50 mm and a diameter of
6.35 mm, were mounted in a MTS load frame, with macroscopic engineering strain measured with a
high-temperature extensometer with 10 mm gauge-length directly attached to the gauge section.
Creep tests for in-situ ND measurements were conducted by both multi-step loading (~20-105 MPa)
at 300 °C and single-step loading at 300 and 350 °C. During multi-step loading, a single specimen
was crept under a series of increasing stresses, with each creep period lasting at least 8 h. During
single-step loading, separate specimens were used for creep tests at a given stress and temperature,
and experiments lasted ~12 h or until rupture. Specimen heating was carried out by induction coils
positioned around the specimen after its installation in the load frame. Temperature of the specimen
was monitored and controlled using two K-type thermocouples spot-welded at its middle section.

Neutron diffraction spectra were continuously recorded during creep by two +90° detectors, allowing
to measure lattice strains along loading and transversal directions from the scattering volume [25].
For simplicity, only lattice strain evolutions parallel to the loading direction are reported in this study.
Neutron diffraction data collected during the test were chopped and binned into 20-min or 30-min
segments, depending on the creep exposure period, with 5 min overlaps on both ends, performed to
improve the intensity of the peaks, particularly those from constituent phases with low volume
fraction. The hkl-specific lattice strain is calculated as ey, = (d*!- d3k)/ dBkt [25], where d™* is
the hkl-specific interplanar spacing measured under load at test temperature for a binned segment and
where d{**! is the hkl-specific spacing measured at test temperature prior to applying the load. ND
data reduction and single-peak fitting were carried out using VULCAN’s data analysis software —
VDRIVE [25] - to determine hkl-specific lattice strains.

2.3 Ex-situ creep testing

Creep tests were conducted by multi-step loading (~10-85 MPa) using a lever-arm creep frame at 350
°C in compression on preconditioned (350 °C/200h) specimens with ~10 mm diameter and ~22 mm
length. Specimen temperature was monitored using K-type thermocouple attached to it. Linear
variable differential transformer (LVDT) with 10 um resolution, installed on the cold end of an
extensometer, was used to measure creep strain in the specimen. Two specimens per alloy were tested
to ascertain reproducibility of the creep behavior.

2.4 Microstructure investigation

Alloy microstructure before and after creep tests was examined using scanning electron microscopy
(SEM, FEI Quanta 650) and transmission electron microscopy (TEM, JEOL ARM 200CF).
Specimens for SEM observations were prepared by standard mounting, grinding and polishing
procedures, with the final polishing step conducted using colloidal silica to reach ~ 60 nm surface
roughness. TEM thin foils were obtained by mechanical grinding of a disk with 3 mm diameter until
its thickness reaches ~ 100 um followed by Twin-Jet electropolishing at 20 VV DC in an electrolyte
(25% nitric acid and 75% methanol) maintained at -27 + 5 °C.

3. Results

3.1 Microstructures prior to creep deformation

Microstructures of alloys investigated in this study - cast Al-Cu-Mn-Zr (ACMZ) and Al-Cu-Mn-Zr
alloy with Ni (and Co) additions (RR350) - have been previously investigated in depth [3]. Here, their
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major microstructural differences are briefly highlighted in Fig. 1. The TEM micrograph in Fig.1a
shows platelet-shaped 6’ (metastable Al>Cu) precipitates distributed in the o-Al matrix of ACMZ; the
0" structure of RR350 (not provided here) is similar, except for a slightly lower volume fraction
commensurate with a lower copper content in the latter alloy [3]. However, major differences exist
in the grain-boundary precipitates of these alloys. ACMZ has ~2 vol.% of equilibrium 6 (Al.Cu)
precipitates located at grain-boundaries and formed predominantly during solidification and some
formed during subsequent aging and conditioning (with much finer size). By contrast, RR350 has ~6
vol.% of Ni-rich precipitates (AlzCux(Ni,Fe) and AlgFeNi), with much higher aspect ratio than the 6-
precipitates, which are all residing at grain boundaries and interdendritic regions, and are expected to
have formed on solidification [3]. Moreover, as discussed previously [3] and shown here in Fig. 1b,c
(insets), 0’-precipitate-free zones (6’-PFZ) are wider around 0 precipitates located at grain boundaries,
and therefore, ACMZ has much higher 6’-PFZ volume as compared to RR350. The distribution of 0'-
PFZ along grain boundaries in ACMZ and RR350 can be also seen in supplementary Fig. S1 (a and
b, respectively).

TP
?//;/ﬁ\ - | ‘/ ¢ C ';\;‘,: ; .‘_ S=rl \!%Ni-rich

»
L .:gnermeta’ﬂ

4,;’2" ‘
\ Z “ AL Cu,(Ni,Fe) :
L

quired near [001] a1 zone axis in 2-beam condition, showing

distribution of platelet-shaped 6’ precipitates in the a-Al matrix; (b,c) low-magnification SEM micrographs showing the

distribution and morphology of grain boundary precipitates (b) 6 (Al.Cu) in ACMZ and (c) Al-Cux(Ni,Fe) and AlgFeNi

in RR350. Inserts in (b) and (c) show the distribution of 6’-precipitate-free zones (6’-PFZ) along/near grain boundaries
in ACMZ and RR350, respectively.

3.2 Macroscopic-creep behavior

Figure 2 displays, for ACMZ and RR350 tested at 300 and 350 °C, a logarithmic plot of the minimum
strain rate ¢ against applied stress o, consistent with the modified Norton creep power-law [28]:

: Qc

& = Komexp[— E] 1)
where K is a material constant, n is the stress exponent, Q. is the creep activation energy and RT is
the thermal energy. Creep properties of both ACMZ and RR350 have been previously investigated at
300 °C in both tension and compression, as reported in Refs. [3, 19]. Compressive creep data obtained
previously from ex-situ tests (without ND measurements) at 300 °C for these alloys are also displayed
in Fig. 2a, in addition to tensile creep data from in-situ tests (ND measurements during creep) at 300
°C, from the current study. Given the lack of literature creep data for these alloys at 350 °C, despite
the confirmed stability of strengthening 6’ precipitates at 350 °C for lengthy periods in ACMZ alloy
[10], additional ex-situ compressive creep tests at 350 °C on these alloys were conducted, with results
shown in Fig. 2b. Tensile creep data, obtained at 350 °C from in-situ tests, are also included in Fig.
2b for comparison. In tension, cavitation along grain boundaries increases both strain rate and the
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stress exponent n as compared to compressive testing, where cavitation does not occur [3, 29]; thus,
compressive creep data from ex-situ tests provide stress exponent n value which better represent the
creep deformation mechanism.

At 300 °C, appreciable difference exists between strain rates from (previously investigated) ex-situ
tests and current in-situ tests, at any given stress below ~ 75 MPa (Fig. 2a). This difference suggests
that samples were deforming primarily in the primary creep regime for in-situ tests. Fig. S2 displays
strain evolution curves vs. time at two different stresses for RR350 from in-situ tests. Clearly, the
creep exposure time is too short at 34 MPa to achieve a steady-state regime (Fig. S2). At 78 MPa, by
contrast, clearly defined primary and secondary creep regimes are observed, due to a longer creep
exposure time (Fig. S2). Moreover, at high stresses (> 75 MPa), as strain rates are faster and thus
times to reach steady-state strain rate are shorter, similar values of secondary strain rates during both
in- and ex-situ tests are achieved. By comparison with creep data from previous ex-situ tests, the
creep regimes of these alloys at 300 °C can be interpreted as follows. At low stresses (< 30 MPa),
diffusional creep, with vacancy diffusion along grain boundaries, i.e., Coble creep, becomes rate-
limiting for both alloys; the higher fraction of intermetallic precipitates which extensively decorate
grain boundaries of RR350, as compared to ACMZ, results in reduced diffusional creep rates [3, 19].
At intermediate stresses (30 — 85 MPa), a stress exponent n~3 is measured for both alloys, but the
corresponding creep mechanism remains unclear, as the obtained n value is below that for the
dislocation climb of pure Al (n=4-5) [30] and as dislocation climb over high-aspect-ratio 6’
precipitates has been demonstrated to be limited [18]. At high stresses (> 85 MPa), the n value
increases significantly to ~20-24, which has been associated with the activation of glide with the
Orowan looping mechanism [3, 17, 18], as expected from the 0’ precipitates being predominantly
non-shearable [31]. Understanding the creep mechanism at intermediate stresses in the n~3 regime
(below the Orowan stress) and determining the role of grain-boundary precipitates in the creep
response of the alloys are critical to reveal new pathways to further enhance creep resistance of Al-
Cu alloys.

At 350 °C, as shown in Fig. 2b, the creep strength is predictably lower than at 300 °C, but many
similarities exist: (i) for both alloys, at lower stresses (below 55-60 MPa), a n~3 regime exists, with
RR350 exhibiting much lower strain rates (by about an order of magnitude) as compared to ACMZ;
(ii) at higher stresses, the stress exponent increases drastically (n~20) and the creep resistance of both
alloys becomes similar. These observations imply that the same creep mechanism dominates at both
300 and 350 °C for each of the two creep regimes (n~3 and n~20-24), and it is likely that a diffusional
creep regime also exists at 350 °C, at stresses below 20 MPa for RR350 and at or just below the lowest
tested stress of 15 MPa for ACMZ. Also included in Fig. 2b are the creep data from in-situ tensile
tests at 350 °C for these alloys. Clearly, the measured strain rates for each alloy are higher as
compared to those obtained in compression; this discrepancy is again explained by the short creep
time during in-situ tests, which are insufficient to achieve a steady-state strain rate. Moreover, as
observed for these alloys in a previous study [3], tensile creep also activates cavitation at/along grain
boundaries, which is another creep mechanism that contributes to the strain rate and increases the n
value, but remains inactive in compression.
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Fig. 2. Double-logarithmic plots of creep strain rates as function of applied stress for ACMZ and RR350 alloys in
compression (open symbols) or tension (closed symbols) at (a) 300 °C and (b) 350 °C. Tensile creep data are obtained
from in-situ creep tests (with ND measurements) and compressive creep data are from ex-situ creep experiments
(without ND measurements), as reported in Ref. [3] at 300 °C and as measured in the present study at 350 °C.
Differently oriented lines within the same symbols represent the creep data from different specimens for a given alloy.

3.3 In-situ neutron diffraction measurements during creep
3.3.1 Neutron diffraction pattern

Fig. 3 displays neutron diffraction spectra acquired for RR350 and ACMZ at 300 °C without loading.
Four peaks from various crystallographic planes of a-Al (i.e., (311), (220), (200) and (111)) are used
to track lattice strain evolution during creep; these peaks are well developed and clearly defined for
both alloys (Fig. 3). The only peak from 6’ that does not overlap with those from other precipitates is
(211) for both alloys (Fig. 3a). This (211)¢ peak remains well-defined for alloys crept at both 300 and
350 °C (not reported here). For 6 precipitates existing primarily at grain boundaries of ACMZ (Fig.
1b), two (310) and (220) peaks (Fig. 3a) are used to track lattice strain evolution during creep. For
RR350, in which Ni-rich intermetallic phases extensively decorate grain boundaries (Fig. 1c), the
(303) and (602) peaks for Al;Cuz(Ni,Fe) are used.
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Fig. 3. Neutron diffraction spectra for ACMZ and RR350 alloys, acquired at 300 °C prior to tensile creep loading,
showing the 9 peaks, from the 4 constituent phases, selected to measure lattice strain evolution during subsequent creep
loading. AINi refers to Al;Cuz(Ni,Fe) phase in RR350.

3.3.2 (hkl) plane-specific lattice strain evolution during multi-step loading creep

Figures 4a and d display the temporal evolutions of the (hkl) plane-specific lattice strains along the
loading direction for differently oriented a-Al grains of ACMZ and RR350, respectively, at selected
stresses. For both alloys, the (200), (220), (311) and (111) a-Al lattice strains are nearly identical at
various stresses, as exemplarily shown for ACMZ at 19 MPa (Fig. 4a) and RR350 at 34 MPa (Fig.
4d). The (311) a-Al lattice strain is known to represent the average macroscopic strain for FCC metals
[32], and therefore, the lattice strain for this orientation is used in this study to describe the a-Al lattice
strain changes during various creep conditions. Increasing the stress up to ~75-80 MPa (above which
the stress exponent n changes from ~3 to ~24 in Fig. 2a), in a stress range referred to as low-stress
region in this study, increases a-Al lattice strain. However, increasing the stress beyond ~75-80 MPa
(referred to as high-stress region) results in marginal lattice strain increase in a-Al (Fig. 4a,d). Also,
the a-Al lattice strain remains largely constant with creep time in the low-stress region, whereas, at
higher stresses, the a-Al lattice strain tends to decline with creep time (Fig. 4a,d).

Figure 5a,b displays the a-Al lattice strain (averaged over the full creep time for a given stress) as
function of the applied stress for both alloys. Between 19 and 75-80 MPa in the low-stress region,
the a-Al lattice strain increases linearly with stress, with a slope of ~60 GPa for both ACMZ and
RR350, respectively: these values are close to the Young’s modulus of Al at 300 °C, which is ~45-50
GPa [33]. At stresses higher than ~75-80 MPa (Fig. 5a,b), the slope increases sharply (and even
becomes negative beyond ~ 100 MPa for RR350), indicating that the matrix stress increases less than
expected from a purely elastic response (and is even slightly unloaded beyond ~ 100 MPa for RR350).
This behavior is consistent with the a-Al matrix plastically deforming by creep in the high-stress
region and transferring load to the other constituent phases, as discussed below.

For the 0 phase present within the grains of both alloys, the (211) 6’ lattice strain increases linearly
with applied stress, while remaining near constant with creep time, in the low-stress region, as shown
in Fig. 4b,e. However, in the high-stress region, the 0’ lattice strain increases noticeably both with
stress and creep time. As apparent from Fig. 5a,b, the (211) 6’ lattice strain increases with stress near
linearly in the low-stress region; for ACMZ between 18 and 74 MPa, the slope of the stress-strain
curve for the 6’ phase (Fig. 5a) is the same as for the a-Al matrix, suggesting that both 6’ and a-Al
deform elastically in iso-strain manner, preventing any elastic load transfer. In the high-stress region,
this increase in lattice strain becomes much more pronounced with stress; the larger standard
deviations at high stresses is due to the 0’ lattice strain increasing with creep time (Fig. 5a,b). These
results imply that: (1) 6’ continues to deform elastically, and not plastically, at even the highest
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applied stresses and (ii) plastic deformation of the a-Al matrix in the high-stress region is largely
responsible for a significant increase in 0’ elastic lattice strain. The strong increase in 0' lattice strain,
which occurs along with a slight a-Al lattice strain decrease in the high-stress region, is a clear
indication of load transfer from the plastically-deforming a-Al matrix to elastically-deforming 6’
precipitates. The higher the stress level is, the stronger the increase in 0’ lattice strain with creep time
(Fig. 5). Still, the 0’ lattice strain increases linearly with macrostrain (Fig. S3), which is consistent
with increasing back-stresses due to accumulation of Orowan dislocation loops or piled-up
dislocations around 0’ precipitates [18, 34].

Turning now to the 6 phase in ACMZ alloy, as shown in Fig. 4c, lattice strain increases only slightly
with stress, while showing significant fluctuations with creep time. This increase in lattice strain over
the stress range is much smaller for the 6 phase than for the a-Al and 0’ phases (Fig. 4c vs. Fig. 4a,b
and Fig. 5a), suggesting that the a-Al matrix does not effectively share load with the 6 precipitates
during creep. By contrast, the lattice strain of the Ni-rich grain-boundary phase in RR350 (as
represented by (602) plane of Al;Cux(Ni,Fe) displays a more pronounced increase with stress,
reaching lattice strain levels exceeding that of a-Al (but much lower than that of the intergranular 6’
phase). Comparing Figs. 4c and 4f, and Figs. 5a and 5b, it is apparent that the Ni-rich grain-boundary
precipitates in RR350 exhibit higher lattice strains (i.e., carry much higher stresses) than the grain-
boundary 0 precipitates in ACMZ. In other words, load transfer from the a-Al matrix to the grain-
boundary precipitates is more efficient in RR350 than in ACMZ.
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Fig. 4. Temporal evolution of (hkl) plane-specific lattice strains for various constituent phases (a-Al, 6-Al>Cu, 6'-
Al,Cu, AINi (AlzCuz(Ni,Fe)) at several applied stresses, obtained from in-situ neutron diffraction measurements during
creep at 300°C of (a-c) ACMZ and (d-f) RR350 alloys. Fitting errors associated with the measured lattice strains for
some conditions are provided.
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Fig. 5. Relationship between applied stress and (hkl) plane-specific average lattice strain (averaged for a given
stress) for various constituent phases (a-Al, 6-Al,Cu, 6"-Al,Cu, AINi (Al;Cuz(Ni,Fe)), obtained from in-situ neutron
diffraction measurements during multi-step creep at 300 °C of (a) ACMZ and (b) RR350 alloys.

3.4 (hkl) plane-specific lattice strain evolution during single-step loading creep

Fig. 6a,b shows the evolution of the (hkl) plane-specific lattice strains for a-Al, 6 and 6’ phases and
the macroscopic creep strain as function of creep time for the ACMZ alloy at 300 and 350 °C. At
300 °C and for an applied stress of 96 MPa, well into the high-stress region, the (211) 6’ lattice strain
increases sharply with creep time (Fig. 6a), which is consistent with the results from the stepwise
loading creep tests (Fig. 5). A stabilization of (211) 6’ lattice strain corresponds with the initiation of
specimen necking at a creep time of ~8000 s and its eventual rupture at ~9500 s, which is reflected
in the abrupt macroscopic strain increase (Fig. 6a). The (311) a-Al lattice strain experiences a slight
decline with creep time as strain accumulates (Fig. 6a), which is also consistent with the stepwise
loading creep tests (Fig. 4a,d and Fig. 5); this is indicative of load transfer increasing with time, as
a-Al deforms plastically by creep and sheds load to the elastically-deforming 0’ precipitates. For the
grain-boundary 6 precipitates, both (310) and (220) orientations exhibit lattice strains that are much
lower than those of a-Al, and these lattice strains remain almost unchanged with creep time. The
non-negligible difference between the (310)s and (220)s peaks might reflect variations in size,
location and morphology of 6 precipitates contributing to these measurements. Also, 6 phase has
previously been found to exhibit temperature-dependent elastic anisotropy [34].

At 350 °C and for an applied stress of ~24 MPa, as shown in Fig. 6b, lattice strains of both (311) a-
Al matrix and (211) 0" intergranular precipitates are the same. This is unlike the large difference in
elastic strain between these phases observed at 300 °C and higher stress (Fig. 6a), where the ratio of
lattice strains reaches a value of 3 at the onset of necking. Furthermore, at 350 °C (Fig. 6b), the a-Al
and 0’ lattice strains remain nearly unchanged with creep time. Both observations indicate that very
little load partitioning occurs among the two phases and is consistent with a-Al experiencing mostly
elastic deformation, without much dislocation-creep-controlled plastic deformation. As the
macroscopic minimum strain rate is also relatively low (2x107 s%) for this condition, which is within
the n~3 regime (Fig. 2b), the specimen remains unruptured even after creep time of over 4.6x10% s.
Lattice strains for the 6 grain-boundary precipitates are also close to those of the a-Al matrix, again
indicating lack of load partitioning. For the 0 phase, a non-negligible difference exists for the lattice
strains of the two orientations; however, unlike at 300 °C, the (310) orientation shows a lower lattice
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strain than the (220) orientation. This suggests that the discrepancy in the lattice strain of different
orientations is not due to an anisotropic elastic (or creep) response of 0, but rather is due to variability
in location, size and/or morphology of this phase in the microstructure. For example, precipitates at
grain boundaries which are oriented parallel to the loading direction might experience lower lattice
strain than those on perpendicular grain boundaries.

Figures 6c¢,d display, for RR350 alloy at 300 and 350 °C, the evolution of (hkl) plane-specific lattice
strain for a-Al (311 plane), 6’ (211 plane), and Ni-rich intermetallics (602 and 303 planes), as well
as the macroscopic creep strain, as function of creep time. At 300 °C and for an applied stress of 68
MPa which corresponds to the low-stress region, the a-Al matrix again exhibits a constant lattice
strain with creep time, as do the 0’ precipitates (beyond the primary creep regime ending at ~2x10*
s, Fig. 6¢); this suggests that no extensive Orowan dislocaton loops form around 0’ precipitates at
this stress, as these, if formed (extensively), would cause 0’ lattice strain to increase with creep time
due to increased back-stresses [18]. At 300 °C, the (602) Al-Cuz(Ni,Fe) lattice strains remain mostly
unchanged with creep time and are nearly as high as those of the a-Al matrix (Fig. 6¢), unlike the
(310) 6 (Al2Cu) lattice strains (Fig. 6a) which are about half those of the a-Al matrix (Fig. 6a). This
is consistent with (310)e-a2cu and (602)an: results shown in Fig. 5(a) at 300 °C and confirms that the
Ni-rich grain boundary phase in RR350 displays more effective load-sharing with the a-Al matrix
than the 6 (Al.Cu) in ACMZ.

As shown in Fig. 6d, at 350 °C and for an applied stress of ~29 MPa (in the n~3 regime, Fig. 2b),
the a-Al matrix lattice strain remains constant during the whole creep experiment, whereas the (211)
0’ lattice strain shows a slight decline, becoming even lower than that of a-Al near the end of the
creep experiment; this is likely due to the coarsening of the 6’ precipitates. Fig. S4 shows neutron
diffraction spectra acquired from the beginning, middle and end sections of the in-situ test, and the
(211) 0" peak shows no changes during creep, suggesting that its volume fraction remains unchanged
during creep. Lattice strains of the Ni-rich grain-boundary phase remain constant with creep time,
and for the (602) plane, the lattice strain is higher than for the a-Al matrix (Fig. 6d), whereas the
(310) lattice strain for the 6 grain-boundary phase in ACMZ is well below (Fig. 6b), consistent with
the observations at 300 °C (Figs. 6a,c) and the load-step experiments reported in Fig. 5(a,b).
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Fig. 6. Temporal evolution of the (hkl) plane-specific lattice strains for various constituent phases and
macroscopic creep strain accumulating in the specimen during creep at 300 or 350 °C, for a single stress: (a) ACMZ:
300 °C, 96 MPa (b) ACMZ: 350 °C, 24 MPa (c) RR350: 300 °C, 68 MPa (d) RR350: 350 °C, 29 MPa. Regions of
missing lattice strain data in (d) are due to lack of neutron beam.

3.5 Post-creep microstructure observation

Microstructure of both RR350 and ACMZ alloys upon extensive creep exposure in the high-stress
region has been previously characterized [3, 18]. Given that the onset of this high-stress region (~
75-80 MPa, as displayed in Fig. 2a) is quite close to the yield point of the alloy at 300 °C (~ 96 MPa
for RR350 when measured at strain rate of 2.5x10* s [19]), and given the non-shearability of the 6’
precipitates [18], it is likely that, with the transition to the high-stress region, the Orowan looping
mechanism becomes activated, thus explaining the much higher stress exponent obtained for this
region as compared to the low-stress region (n value of ~24 vs. ~3, see Fig. 2a). The Orowan looping
mechanism dominating the creep flow in the high-stress region for RR350 at 300 °C has been
previously demonstrated [3, 18]. This conclusion was also substantiated by observation of extensive
Orowan loops around 0’ precipitates [3, 18]. Due to the importance of understanding the creep
behavior of 0'-strengthened Al-Cu-based alloys at stresses below their Orowan stress, microstructures
of our alloys crept in the low-stress region are investigated using TEM, as described below.

For the RR350 alloy crept at 300 °C under an applied stress of 68 MPa, Figures 7(a) and (d) show
TEM micrographs acquired close to, and away, from a grain boundary, respectively. It is apparent
that 0’-precipitate-free zones (6’-PFZ) are nearly absent (or very thin) along/near the grain boundaries
of this alloy, with some matrix dislocations penetrating from the boundaries towards grain interiors
(Fig. 7a). Also, dislocations pinned to the broad surfaces of face-on 6’ precipitates (indicated by
arrows) residing near the grain boundaries are frequently observed, as displayed in Fig. 7a. The
contrast arising from strain fields associated with dislocations pinned to 6’ precipitates is also visible
for edge-on variants of precipitates (Fig. 7a). Away from grain boundaries, by contrast, matrix
dislocations are still present, but at a lower density (Fig. 7d). Few dislocations pinned to 6’ precipitates
can be observed in the regions away from grain boundaries (Fig. 7d). Localized dislocation creep at
8’-PFZ can increase local strain [35], leading to the dislocations bypassing some nearby 8’ precipitates
by Orowan looping at even lower external stresses; but these 6’-PFZ dislocations cannot penetrate
easily the grain interiors which contain 0’ precipitates, and dislocation nucleation/generation and
motion away from grain boundaries are limited. Moreover, no sub-grain boundaries are observed in
any of the foils studied here.

For RR350 crept at a higher temperature of 350 °C and under a lower applied stresses of 29 MPa,
similar microstructural results are observed (Fig. 7b,e vs. Fig. 7a,d). While matrix dislocations are
found distributed extensively near the grain boundaries, with some of them being attached to 6’
precipitates (Fig. 7b), regions far from grain boundaries are almost devoid of matrix dislocations
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(Fig.7e). Dislocations pinned by 0’ precipitates or forming Orowan loops are also absent for both
face-on and edge-on 0 variants (Fig. 7e). These results suggest that, consistent with in-situ ND
measurements of this alloy condition (Fig. 6d), the applied stress of 29 MPa is too low to plastically
deform the interiors of the a-Al grains by the Orowan looping mechanism, consistent with the
measured strain rate, which lies in the n~3 regime (Fig. 2b) for an applied stress below the Orowan
stress; rather, plastic deformation is concentrated at/near 6'-PFZ along grain boundaries.

Turning to the ACMZ alloy, post-creep microstructures of a specimen crept at 350 °C under an
applied stress of 24 MPa (Fig. 7c,f) also reveal dense matrix dislocation distribution near the grain
boundaries (Fig. 7c) and their absence in the regions away from grain boundaries (Fig. 7f), again
consistent with n~3 regime (Fig. 2b), where Orowan looping is not expected. Also, the 6’-PFZ existing
along/near the grain boundaries appear to be wider for ACMZ as compared to RR350 (Fig. 7c vs.
Fig. 7b), as more clearly visible in the corresponding SEM micrographs (Figs. 8a, S4a vs. Figs. 8b,
S4b). The 6-PFZ is well-developed and wider around grain-boundary 6 (Al2Cu) precipitates in
ACMZ, but its presence is quite limited around Ni-rich intermetallics in RR350 (Fig. 8). Near-
boundary 6’-PFZs, which are known to form during aging and subsequent heat treatments [36], widen
during creep, as evidenced by the presence of small intergranular regions, found only in the post-
creep microstructure of ACMZ alloy, which exhibit widespread distribution of 6 and limited 0’ (Fig.
S5a). Also, cracks in grain-boundary precipitates of both alloys are often observed (Fig. 8a,b),
indicating that precipitates are damaged during creep, e.g., by localized grain-boundary sliding or by
stress concentrations at grain triple junctions, despite the applied uniaxial stress being
macroscopically compressive.
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Near grain bpundary

Away from grain boundary

F|g 7. Brlght -field TEM micrographs, acqu]red along [001]A| zone axes, showing dlslocatlon structures (a- c) near
grain boundaries (GB) showing 6’ precipitate-free zones (6’-PFZ). and (d-f) away from grain boundaries for (a,d)
RR350 alloy crept at 300 °C with an applied stress of 68 MPa, (b,e) RR350 alloy crept at 350 °C with an applied stress
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of 29 MPa and (c,f) ACMZ alloy crept at 350 °C with an applied stress of 24 MPa. Arrows indicate face-on ¢’
precipitates.

: s R B ‘:.. 3, -““:-’—.. ' y - - %
Fg. 8. SEM micrographs showing post-creep microstructures of (a) ACMZ and (b) RR350 alloys after
compressive creep deformation following stepwise stress change (~15-88 MPa for ACMZ and ~15-82 MPa for RR350)

at 350 °C up to a total strain of ~10%. Loading direction is vertical. Vertical arrows point to cracked grain-boundary
precipitates and horizontal arrows to 6'-PFZ.

4. Discussion

4.1 Creep mechanisms at 300 °C

At 300 °C, ACMZ and RR350 exhibit three different creep regimes (Fig. 1a): (i) at low stresses
(below 20-30 MPa), a diffusional creep regime (via the Coble creep mechanism) prevails, with a
stress exponent n~1 [3, 19]; (i) at intermediate stresses (~20-30 MPa < o < ~75-80 MPa), a regime
exists with n~3 where an established creep mechanism is not yet identified [3]; and (ii) at high
stresses (above ~75-80 MPa), a n~20-25 regime is present, with Orowan looping as the dominant
mechanism [3, 18]. Although the n~3 regime at intermediate stresses has been associated with the
dislocation climb mechanism in Ref. [17], dislocation climb has been reasonably excluded from being
a rate-limiting mechanism for such alloys in another study [18], due mostly to the high aspect ratio
of 0’ precipitates. Understanding the creep mechanism at intermediate stresses (below the Orowan
stress) is critical to developing new strategies to further enhance the creep resistance of 6'-
strengthened Al-Cu alloys.

For stresses up to ~75-80 MPa (low-stress region), it is apparent that the a-Al matrix experiences
little or no apparent plastic deformation originating from the Orowan looping mechanism because
(1) lattice strains of both a-Al and 6’ phases increase almost linearly with stress (Fig. 5a) and almost
independently of the strain accumulating in the specimen (Fig. 4a,b,d,e) and ( ii) matrix dislocations,
if introduced during plastic deformation, would increase back-stresses from 6’ when encountering
them, leading to more pronounced 0’ lattice strain increase [18], as observed in the high-stress region
for our alloys (Fig. 5). TEM examination of RR350 crept at 300 °C at an applied stress of 67 MPa (in
the low-stress region), reveals numerous matrix dislocations generated at grain boundaries which
penetrate towards grain interiors (Fig. 7a). Although these dislocations seem to bypass some 6’
precipitates via Orowan looping mechanism, as evidenced by the presence of Orowan loops around
0' precipitates residing near grain boundaries (Fig. 7a), these dislocations cannot penetrate deep into
grain cores, as matrix dislocations which are pinned to, or are forming Orowan loops around, 6’
precipitates are rarely seen in the TEM micrograph taken from the region away from grain boundaries
(Fig. 7d). These results imply that, at intermediate stresses (n~3 regime), regions near the a-Al grain
boundaries plastically deform and undergo enhanced dislocation motion during creep, but regions
away from grain boundaries experience limited plastic deformation from dislocation creep.
Dislocation generation is enhanced at grain boundaries due to their easy nucleation [37], and
dislocation propagation can then easily occur in the 6’-PFZ adjacent to grain boundaries but not in the
grain interiors where 0’ precipitates block dislocation movement because ( i) the local stress is below
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that to activate the Orowan looping mechanism in the grain interior, unlike in the locally weaker 6'-
PFZ regions near grain boundaries (Fig. 7a,d) and ( ii) dislocations, except those near the 6’ edges,
cannot bypass 0’ precipitates by climb due to their high aspect ratios (Fig. 1a) [18].

However, the dislocations emitted at grain boundaries and concentrated at 6’-PFZ can lead to
dislocation pipe- or core-diffusion, which in turn can promote grain-boundary sliding (GBS) [38].
The GBS occurs to prevent unfavorable crack/cavity formation at grain boundaries [30], and due to
limited intragranular plastic flow, GBS can be accommodated by the activated pipe diffusion through
the highly-deformed 6’-PFZ along grain boundaries [39]. Alternatively, or alongside the dislocation
pipe diffusion, dislocation creep localized at 6’-PFZ may also accommodate the strain-producing GBS
mechanism, by relaxing localized stress concentrations as grains slide past each other [40]. As such,
the measured stress exponents, i.e., n=2.8 £ 0.2 at 300 °C and 2.7 £ 0.5 at 350 °C for Al-Cu-Mn-Zr
alloys are between to n=2 regime for diffusion-controlled GBS and n=4 regime for pipe-diffusion-
controlled GBS [38]. The GBS-dominated creep flow, whose rate is dependent on grain size [38],
also explains why, in the n~3 regime, coarser-grained, 0'-strengthened Al-Cu-Mn-Zr alloy exhibits
lower creep strain rates as compared to its finer-grained variant with the same grain-boundary
precipitate volume fraction, as reported earlier [3].

4.2 Creep behavior at 350 °C

Despite the observed thermal stability of 8" for long periods at 350 °C [10], the creep response of 6'-
strengthened Al-Cu alloys has not been reported yet. Compressive creep data obtained from ex-situ
tests (Fig. 2b) reveal two creep regimes with distinct stress exponents: ( i) n~3 regime, for stresses
up to ~55-60 MPa and (i) n~20 regime, for stresses higher than ~55-60 MPa. These creep regimes
are identical to those observed at 300 °C. Increasing temperature decreases the Orowan stress [41],
and the onset of high-stress region (n~20 regime) is therefore associated with the activation of
Orowan looping mechanism for these alloys. Similar to the n~3 regime at 300 °C, pipe-diffusion-
controlled GBS may become dominant as a creep mechanism in the n~3 regime at 350 °C, consistent
with ( 1) the measured lattice strain of 6’ which remains almost unchanged with creep time for both
alloys at low stresses (n~3 regime) (Fig. 6b,d) and (ii) the absence of Orowan loops around 6’
precipitates in the regions away from grain boundaries in alloys crept at low stresses (n~3 regime)
(Fig. 7e,1).

4.3 Role of grain-boundary precipitates in alloy creep performance

Given similar (6’-dominated) microstructure in grain interiors in both RR350 and ACMZ [3], the
difference in the creep performance of these two alloys at 300 and 350 °C (Fig. 2a) can be related to
the distinctive features at/near their grain boundaries. Although ACMZ has slightly finer grains as
compared to RR350 (43 vs. 57 um), it has been demonstrated in a previous study [3] that an alloy
with the same composition as ACMZ, but with even coarser grains (~83 pm) than RR350, continues
to exhibit higher creep strain rates in all creep regimes as compared to RR350. Moreover,
substantially increasing the fraction of grain-boundary 6 (Al>Cu) precipitates to ~6 vol. % in Al-Cu-
Mn-Zr alloy by increasing Cu concentration beyond its solid solubility limit still produces inferior
creep resistance as compared to RR350, because large 6'-PFZ volume form around 6 precipitates in
ACMZ [16], compared to lower 6’-PFZ volume in RR350 [3]. These results imply that the type of
grain-boundary precipitates and, most importantly, the extent of 6’-PFZ around these precipitates, can
exert a strong influence on both diffusional and dislocation creep rates. Observations of PFZ
deteriorating alloy creep performance were also reported for Fe-Nb [42], Al-Cu-Mg [43] and 740H
(Inconel) alloys [44].

Lattice strains of grain-boundary precipitates are sensitive to the applied stress during creep, as
displayed in Figs. 4-6; however, Ni-rich grain-boundary precipitates in RR350 experience much
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higher lattice strain increase under stress as compared to 6 (Al.Cu) grain-boundary precipitates in
ACMZ. In fact, the 0 lattice strain remains low, well below those of the o-Al matrix in ACMZ,
whereas the lattice strains of Ni-rich precipitates in RR350 exceed those of the a-Al matrix (Fig. 5):
this implies that the latter grain boundary precipitates are better suited to carry stress via load transfer
from the o-Al matrix during creep deformation. However, differently-oriented Cu- and Ni-rich
intermetallics in ACMZ and RR350, respectively, also exhibited different lattice strains during creep
(Fig. 6), and such anisotropy may be attributable to their location at grain boundaries, residual stress
changes with temperature and/or their temperature-sensitive elastic response variations along
different crystallographic orientations. Moreover, unlike 6’ precipitates whose lattice strain increases
with creep time in the high-stress region (Figs. 4 and S3) which is an indication of load transfer
occurring from the plastically-deforming a-Al matrix to the elastically deforming 6’ precipitates
within grains, the lattice strains of grain-boundary precipitates (both 6 precipitates in ACMZ and Ni-
rich precipitates in RR350) remain less affected by the creep deformation at all applied stresses. This
difference is due to varying nature of precipitate — dislocation interactions. Unlike 0’ precipitates for
which iso-strain condition can be assumed during creep (given their uniform distribution within a-Al
grains and their high aspect ratio with nanoscale thickness and coherency with a-Al), much coarser
and incoherent grain-boundary precipitates might deform in an iso-stress condition. Moreover,
coarser grain-boundary precipitates tend to crack more easily (i.e., at lower applied stresses) as
compared to finer precipitates [45]. Grain-boundary 6 and Ni-rich intermetallics can deform
elastically to remain compatible with the adjacent a-Al grains at low strains [24]; as soon as plastic
strain accumulates beyond the elastic limit of these phases, local inelastic processes must occur to
relax stress concentration, e.g., precipitate debonding and/or cracking, as well as plastic deformation,
which all reduce the load-sharing ability of grain-boundary precipitates [45, 46]. Indeed, cracked
grain-boundary precipitates are frequently observed in post-creep microstructures of both alloys (Fig.
8a,b). The 6’-PFZ near/along grain boundaries, where localization of plastic strain occurs during
creep, can further promote stress relaxation mechanisms such as load shuffling back from the
precipitates to the matrix [47, 48] due mostly to increased local strains [35]. Therefore, the larger 6'-
PFZ volume present in ACMZ, as compared to RR350, may also explain for the lower level of load
transfer, occurring from a-Al to 6 precipitates in ACMZ as compared to Ni-rich precipitates in
RR350.

In RR350, low 8’-PFZ volume around Ni-rich grain-boundary precipitates (Fig. 8b) is also anticipated
to improve alloy creep resistance by slowing: ( i) the GBS needed to accommodate diffusional creep
in the n~1 regime and ( ii) the pipe-diffusion-controlled GBS (the mechanism expected to be operative
in the n~3 and other creep regimes). In ACMZ, by contrast, wide continuous 6’-PFZ with high
dislocation density are formed, due to localized dislocation creep flow, which can accelerate pipe-
diffusion-controlled GBS as discussed in Section 4.1. Moreover, larger volume of 6’-PFZ where
localized dislocation creep flow occurs can increase overall creep strain rate of the alloy [3, 49] which,
along with the expected higher GBS rate, explain the higher creep strain rates observed for ACMZ as
compared to RR350 in the n~3 regime.

4.4 Modeling of lattice strain evolution determined from in-situ neutron diffraction creep
tests

As noted earlier, in RR350 and ACMZ alloys, the precipitates within grain interiors are similar, unlike
those present at grain boundaries. A recent model [24, 34] has successfully captured the lattice strain
evolution in the 0’ precipitates as a function of macrostrain when Orowan looping is the primary
mechanism by which dislocations bypass precipitates. The model assumes that 6’ precipitates, due to
their high aspect ratio, do not accommodate shear stresses and rotate as a response to shear
deformation. The input parameters to the model are the tensile stress and macroscopic strain response
during the creep test, as well as the volume fraction of 0’ precipitate in the alloy. Model predictions
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and experimental measurements for the (211) 6’ precipitate lattice strain evolution as a function of
creep macrostrain at 300 °C are presented in Fig. 9 for RR350 (Figs. 9a-b) and ACMZ (Figs. 9c-d)
alloys. Good correspondence between the model and neutron diffraction data exists for the RR350
alloy (Figs. 9a-b), supporting the hypothesis that the macroscopic creep strain is effectively
transferred to the 0’ precipitates in the grain interiors for the range of stresses where a stress exponent
n=20-24 is obtained (Fig. 2a). These predictions for the RR350 alloy are further consistent with
microscopic results presented above and in previous studies [3, 18]; thus, Orowan looping is the
bypass mechanism for the dislocations in the bulk of the grains in this alloy and the dominant creep
mechanism in the alloy at high stresses (> 75-80 MPa). The ACMZ alloy lattice strain model
predictions and measured values, however, indicate a discrepancy. The model-predicted lattice strain
values are higher than the strain values measured by in-situ neutron diffraction, by a factor of two to
three (Fig. 9c-d). This implies that the measured creep macrostrain is accommodated elsewhere in the
microstructure. It is likely that creep deformation in the well-developed 6’-PFZ regions of the ACMZ
alloy (Fig. 1b) is responsible for the disagreement between the predicted and modeled lattice strain.
Grain-boundary microstructure, therefore, has a direct bearing on the deformation of the grain bulk,
even in the power-law creep regime. While the presented approach can be applied to further discretize
the macroscopic creep deformation between grain boundary and grain bulk regions, we leave that for
future work.
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Fig. 9. Comparison of modeling results with measured (211) lattice strain in the 6’ precipitates for in-situ creep

tests conducted at 300 °C and under the applied stresses above 75 MPa: (a,c) modeled and measured lattice strain as a

function of creep macrostrain for (a) RR350 and (¢c) ACMZ; (b,d) modeled and measured lattice strain evolution as a
function of the applied stress in multi-step loading creep tests at 300 °C for (b) RR350 and (d) ACMZ alloys.

4.5 Implications of grain boundary particle chemistry and load-sharing for alloy design

Formation of higher volumes of 6’-PFZ in ACMZ as compared to RR350 reflects the different types

of grain-boundary precipitates: Cu-rich 6-Al.Cu in ACMZ and Ni- and Fe-containing phases

(AlzCu2(Ni,Fe) and AlgNiFe) in RR350. The latter phases are expected to be much more coarsening-

resistant than 0-Al>Cu, given the much slower diffusivity and lower solid solubility of Ni and Fe, as
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compared to Cu, in a-Al at 300 and 350 °C [14]. Also, grain-boundary 6-Al>Cu precipitates form at
grain boundaries during aging alongside coarser 0-precipitates formed earlier during solidification;
both tend to coarsen at the expense of nearby 6’-Al,Cu precipitates in the grains, thus leading to
widened 0'-PFZ during preconditioning and creep (Figs. 8a, S4a), unlike the Ni-containing
intermetallic phases which are not expected to consume 6’-Al.Cu precipitates during their coarsening,
consistent with the limited/absence of 6’-PFZ around Ni-rich intermetallics (Fig. 8b).

The results of this study imply that, when dislocation-driven deformation in a-Al grain interiors is
inhibited, the grain-boundary precipitates and the volume of 6’-PFZ at/along grain boundaries become
essential parameters in controlling alloy creep performance. Coarsening-resistant intermetallic phases
enriched with slow-diffusers at grain boundaries will minimize 6’-PFZ formation and enhance both
load sharing and suppression of (pipe-diffusion-controlled and/or dislocation-controlled) GBS.
Moreover, various types of coarsening-resistant grain-boundary precipitates, owing to their different
interfacial structures with a-Al, can have distinctive effects on 0'-PFZ formation and the resulting
creep strain rates.

5. Conclusions

Creep mechanisms prevailing at 300 and 350 °C in two 6’ (metastable Al,Cu)-strengthened alloys -
Al-Cu-Mn-Zr (labeled ACMZ) and Al-Cu-Mn-Zr-Ni-Co-Sb (labeled RR350) — and the influence of
grain-boundary precipitates on their creep performance have been explored by utilizing ( i) in-situ
neutron diffraction measurements during creep, (ii) additional compressive creep experiments
performed ex-situ (without ND diffraction) and (iii) pre- and post-creep microstructure investigations.
The following conclusions can be drawn:

e At high stresses (>75-80 MPa at 300 °C and >55-60 MPa at 350 °C), both ACMZ and RR350
exhibit very high creep stress exponent (n~20-25), with Orowan looping the rate-limiting
mechanism. This is evidenced by a decreasing a-Al lattice strain in response to linearly
increasing 0’ lattice strain with strain accumulation at any given stress, which is indicative of
increasing load transfer from plastically-deforming a-Al to elastically-deforming 6" with the
accumulation of more Orowan loops around 0’ precipitates.

e At lower stresses (<75-80 MPa at 300 °C and <55-60 MPa at 350 °C), both ACMZ and RR350
exhibit a creep regime with a moderate stress exponent (n~3), with both a-Al and 0’ lattice
strains increasing almost linearly with applied stress and remaining unaffected with strain
accumulation, which indicates that Orowan looping or dislocation pile-up around 6’ is inactive
within the grains. Dislocation climb mechanism is also limited given the high aspect ratio of
highly non-shearable 0' precipitates. TEM observations of crept alloys also confirm limited
dislocation mobility and Orowan loops around 6’ within a-Al grains. Based on the stress
exponent (n~3) and the high dislocation concentration at/near precipitate-free zones (6'-PFZ)
along grain boundaries, a grain-boundary sliding (GBS) mechanism - controlled by localized
pipe diffusion and/or dislocation flow at 6’-PFZ - is proposed as the rate-limiting creep
mechanism in this n~3 regime.

e Compared to 0’ precipitates in the a-Al grains, to which load transfer occurs effectively from
the plastically-deforming a-Al matrix, grain-boundary precipitates (6-Al.Cu in ACMZ and
Ni-rich intermetallic phases in RR350) exhibit a much lower load-sharing effect. However,
grain-boundary precipitates share load with a-Al matrix more effectively in RR350 than in
ACMZ. This is, in part, attributed to the presence of wider 6’-PFZ (where localized dislocation
creep occurs even at low applied stresses) around grain-boundary 6-Al,Cu as compared to Ni-
rich intermetallics, which can accelerate their plastic relaxation by cracking during creep.
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Wider 6'-PFZ in ACMZ as compared to RR350 increases strain rates in (i) the diffusional
(n~1) creep regime, which is controlled by the Coble mechanism (i.e., vacancy diffusion along
grain boundaries), and (ii) the GBS-dominated (n~3) regime, which is hypothesized to be
controlled by dislocation pipe diffusion and/or dislocation flow along grain boundaries. Close
agreement is found between model predictions and experimental measurements for the (211)
0’ lattice strain evolution as function of macrostrain for RR350. However, for ACMZ,
substantial deviations exist between model and experiments, consistent with macrostrain
accumulation occurring along grain boundaries with well-developed 6'-PFZ.

e Limited 6'-PFZ volumes around Ni-rich phases at grain boundaries is attributable to the
excellent coarsening resistance of Ni-rich intermetallics at 300 and 350 °C (reflecting the very
low diffusivity and solubility of Ni in a-Al at these temperatures). By contrast, 6-Al>Cu grain-
boundaries precipitates experience coarsening during both preconditioning and creep at the
expense of nearby 0' precipitates, leading to the formation of wider 6’-PFZ around 6 and along
grain boundaries.
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Fig. S5. Low-magnification SEM micrographs showing post-creep microstructures of (a) ACMZ and (b) RR350 alloys
crept in compression during multi-step loading creep (~15-88 MPa for ACMZ and ~15-82 MPa for RR350) at 350 °C up
to a total strain of ~10%. Shown within the circled area in (a) is a small region in ACMZ, where fine intragranular 6’
precipitates transformed into coarser 6 precipitates during creep. Loading direction is vertical. Arrows point to 6’-PFZ.
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