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Abstract

Grain boundaries (GBs) in polycrystalline materials act as impediments to dislocation motion and result in strengthen-
ing. Understanding slip transmission through GBs, specifically twin boundaries; is essential to understand the plastic
deformation behavior of polycrystalline fcc materials. In this study the interaction between a glide dislocation and
23{112} incoherent twin boundary (ITB) in copper is investigated using a combined atomistic and mesoscale ap-
proach. The material parameters and structure of the GB in the mesoscale phase field dislocation dynamics (PFDD)
model are informed from Molecular Statics (MS) simulations. The structural unit of the ITB consists of an array of
three partial dislocations. The interaction between a glide dislocation impinging on each of the GB partial disloca-
tions is investigated using both PFDD and Molecular Dynamics (MD) with two boundary conditions. Transmission
planes predicted by both PFDD and MD (NVT) are in agreement, and show that not all transmission events are direct.
Critical transmission stresses predicted by PFDD are in the range of 276 MPa to 1380 MPa, while MD predictions
are in the range from 100 MPa to 700 MPa. The PFDD and MD predictions of slip transmission are explained using
dislocation theory based on isotropic linear elasticity.

Keywords: phase field, molecular dynamics, slip transfer, incoherent twin boundary

1. Introduction

A polycrystalline materials ability to accommodate loading is dependent upon the ease at which dislocations can
move through the microstructure to relieve accumulated stress. Grain boundaries (GBs) are the largest impediment
to this motion, and consequently it has been well established that GBs provide substantial strengthening in the me-
chanical behavior of materials [1, 2]. Accordingly, there has been a large body of work investigating the strength and
ductility of ultra-fine grained materials [3, 4, 5] and nano-twinned materials [6, 7, 8]. From this work, several possible
dislocation-GB interactions have been observed in experiments and by atomistic simulations [9, 10, 11, 12], including
slip transfer, where a dislocation can transmit through a GB, or absorption of a dislocation, followed by glide along
the GB, and then re-emission, possibly with an altered character. When there is particularly poor alignment between
grains, dislocations can pile-up against GBs causing localized stress concentrations, which can contribute to work
hardening [13, 14, 2]. Hence, it is not surprising that dislocation-GB interactions have been shown to play an impor-
tant role in the mechanical response of metals and alloys, not just in the yield strength and work hardening behavior,
but also in damage nucleation and propagation and fracture resistance [15, 16, 17, 18, 19].

Whether or not a dislocation can transmit through a GB is highly dependent on the orientation between grains,
and more specifically how well aligned the slip systems are between grains [12, 20, 21, 22]. A general GB can be
geometrically represented with five macroscopic degrees of freedom and three microscopic degrees of freedom [23].
Several GB geometry based criteria have been proposed [24, 10] to characterize the ease of dislocation transmission.
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In consideration of just these macroscopic degrees of freedom alone, one can see that the number of possible GBs
in nature is vast. Hence, it is difficult to verify geometric criteria generally. Even Molecular Dynamics (MD) has
been applied to investigate only a small subset of the possible GB structures [10]. Furthermore, it is not yet clear
which geometric degrees of freedom are most important to include in continuum-scale criteria, and which, if any, can
be neglected. Consequently, many of the geometric criteria do not compare well with experimental data and/or are
limited in applicability to specific types of GBs [24].

Of the vast number of possible GBs, twin boundaries are particularly common in face-centered cubic (fcc) met-
als due to their low formation energy [25, 26, 27, 28]. Consequently, there have been many atomistic and exper-
imental studies of coherent twin boundaries (CTB) [29, 11, 30, 31, 32, 33], and also incoherent twin boundaries
(ITB) [34, 35, 36, 37, 38]. Various interaction mechanisms have been suggested regarding the glide dislocation
interaction with TBs, such as pile-up at GB, absorption, direction transmission and cross-slip event depending on
the TB configurations, types of incoming dislocation, and the applied stress state [39, 40, 41, 42, 43, 35, 44, 37].
For example, in nanocrystalline metals, CTBs have been shown to have particular resistance to slip transfer events
[30, 33, 11, 45, 46, 47, 48], and this barrier to dislocation transmission is largely responsible for the high strength
of nanotwinned materials [49, 50, 6, 51]. On the other hand, Liang et al. [36] reported that screw glide dislocations
in Cu can transmit across CTBs that make up 3D annealing twins, and then cross slip by dislocation looping. This
causes dislocation annihilation in between the upper and lower bounding CTB. ITBs are typically less common than
CTBs, but are comprised of Shockley partial dislocations that can move under externally applied stresses causing GB
migration, and thus are associated with detwinning [52]. Hence, ITBs can influence plastic deformation in nanocrys-
talline materials as well, and much of the research addressing ITBs has focused on the migration and propagation of
these boundaries rather than dislocation-GB interactions. Despite this, slip transfer through ITBs has been observed
experimentally during in situ nano-indentation studies [37, 38].

There have been several modeling studies addressing slip transmission through ITBs, however, most of these
studies have been completed using MD [53, 31, 37, 54, 35, 36].Also, most of these studies have not investigated thor-
oughly the effect of where the initial glide dislocation plane impinges upon the GB dislocation array on transmission
behavior, including the effect on the transmission plane and critical transmission stress, in particular for Cu. Despite
the ability of atomistic approaches to capture many dislocation-GB interactions, they are still limited to small time
steps, high loading rates, and relatively small length scales. It is also often difficult to understand specific interaction
events using MD due to the ubiquitous presence of complex interactions. The ability to connect deformation mecha-
nisms to dislocation theory is important to the development of physically informed continuum models at macrosopic
scales. At macroscopic length scales, modeling of the detailed interactions between GBs and other defects is im-
possible due to the immense computational cost that arises with such an approach (hence the utility of geometric
criteria discussed previously). In particular, the effect of dislocation cores and stacking faults are often neglected at
this scale. To address these issues, there has been much effort in the development of mesoscale approaches to both
fill the gap between atomistic and continuum scales and faithfully bridge between the scales. Clearly, understanding
dislocation-GB interactions, and their impact on overall material response is a multiscale problem.

To our knowledge, there have been no mesoscale modeling approaches utilized to study dislocation-GB inter-
actions in ITBs. However, there have been efforts to investigate such interactions for other GBs, and thus these
approaches could in principle be applied to study ITBs. For example, quasi-continuum approaches, such as Coupled
Atomistic/Discrete Dislocation (CADD) [53, 55, 56] and Concurrent Atomistic-Continuum (CAC) [33], along with
Discrete Dislocation Dynamics (DDD)[57, 58, 59, 60] models have been used to study slip transmission across GBs.
More specifically, DDD approaches have been primarily used to address dislocation transmission through low-angle
GBs[58, 61, 59], and CAC has modeled the sequential slip transfer through CTBs [33]. However, DDD does not rep-
resent the dislocation misfit energy, such as the stacking fault energy and detailed core structures, which impacts the
interaction between glide dislocations and GBs that often also consist of dislocations. Coupled atomistic approaches,
such as CADD and CAC, provide accurate descriptions of dislocation-GB interactions, but, similar to MD, it can be
difficult to decouple and understand specific interaction mechanisms.

Other applicable mesoscale modeling techniques include phase-field (PF) based methods used to describe dis-
location dynamics. While such approaches have not previously been applied to address slip transfer through GBs,
they have been employed to model dislocation transmission through bimetal interfaces [62, 63]. These approaches
evolve dislocation configurations by minimizing the total energy, which generally describes elastic interactions be-
tween dislocations, effects of the dislocation core and stacking fault regions, and interactions of the dislocations with
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respect to applied stress [64, 65, 66]. Thus, dislocation structure, motion, interactions, and reactions occur based on
the most energetically favorable pathway, and are not governed by a priori selected guiding criteria. Similar to other
mesoscale approaches, PF methods discretely resolve dislocations. Hence, a GB can be explicitly represented by the
misfit structure it is comprised of, and specific interactions between misfit dislocations and gliding dislocations can
be studied, assuming that the structure of the GB is known a priori. This is the approach taken in this work to study
dislocation interactions with an ITB in copper. Since the GB misfit structure must be known a priori, we employ
MS simulations to both inform this structure, along with other structural parameters and needed generalized stacking
fault energies. MD simulations are also used to provide a comparative study of the transmission behavior in detail.
Combined with the mesoscale PF simulations, we can begin to connect different transmission behaviors to dislocation
theory, and decouple the effects of elasticity and dislocation core interactions.

In this work, we specifically address dislocation slip transmission behavior in an ITB using MD and a PF model
called Phase Field Dislocation Dynamics (PFDD). X3 {112} ITBs have been shown to have a repeating structure of
three partial dislocations, each on a {111} plane [34]. Here we utilize both MD and PFDD simulations to study the
interaction of gliding partial dislocations (of mixed type) with the misfit dislocations comprising a 3 {112} ITB in
copper. Interestingly, the results from both MD and PFDD show that the transmission process is dependent on where
along the GB the partial dislocation intersects. In addition, in some cases the transmission process is not a direct one,
and the transmitting dislocation emits on a neighboring plane. The cause of this is discussed and explained using
dislocation theory.

The remainder of the paper is organized as follows. Section 2 briefly reviews both the atomistic and mesoscale
modeling approaches adopted in this study, with particular focus-on how the ITB is represented. Next, Section 3
presents and compares the simulation results. Based on these results, Section 4 discusses the underlying mechanisms
resulting in the slip transmission behavior observed in the simulations. For example, transmission behavior is com-
puted using both isotropic and anisotropic elasticity within PFDD, which is then compared to dislocation theory and
MD results. Concluding remarks are given in Section 5.

2. Methods

In this section we first present the details of the Molecular Dynamics (MD) simulations and Molecular Statics
(MS) calculation of material properties required to inform the PFDD simulations, including the stiffness tensor, lattice
parameter, and Generalized Stacking Fault Energy (GSFE) curves. Next, we present a brief overview of the PFDD
approach. In particular, this section describes how the GB dislocations are accounted for and details of the simulation
set-up within this model framework.

2.1. Molecular Dynamics

All MD and MS simulations were performed using the LAMMPS [67] software. The Embedded Atom Method
(EAM) potential for Cu developed by Mishin er al. [68] was used in the simulations. The stiffness tensor for lin-
ear elasticity (Cjjx) was calculated using MS simulations with a 3D periodic simulation cell, with 6 repeat units in
the Cartesian directions x, y, z oriented along the [100], [010], and [001] crystallographic directions, at equilibrium
geometry corresponding to P = 0 atm and T = 0 K. This simulation cell was affinely deformed using a prescribed
set of lattice strains (-0.05% to 0.05% in steps of 0.01%). The C;j; were obtained from these deformed geometries
using energy-strain curves, and are reported in Table 1 along with the corresponding isotropic Voigt averages. The
GSFE surface (i.e., the y-surface with a grid spacing of 0.05 A) was calculated using the standard procedure [69, 70]
in which, relaxation of atoms are allowed only in the direction normal to the glide plane (111) and periodic boundary
conditions are used only in the glide plane. The intrinsic stacking fault energy, E™/, is the energy of the stacking
fault along (112), and is also reported in Table 1.The predicted values are in good agreement with reported values in
literature for the same interatomic potential.[68, 71]

We also performed MD simulations to provide a basis for comparison with PFDD simulations of the interactions
between a dislocation and an ITB. The simulation cell for the GB-dislocation interaction consisted of 2,721,600
atoms and was of the approximate dimensions 56.4 nm, 111.6 nm, and 5.1 nm in the X, y, and z Cartesian directions,
corresponding to [111], [112], and [110] in Crystal 2 and [111], [112], and [110] in Crystal 1. Periodic boundary
conditions were applied in the three Cartesian directions, resulting in two GBs. The initial structure for the ITB was
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Ci Cn Cu al) u K EY (mJ/m?)
169.9 122.6 76.2 3.615 552 1384 44 .4

Table 1: Material parameters including the lattice parameter a, the intrinsic stacking fault energy E/, and lattice elastic constants calculated from
MS simulations and were used to inform the PFDD model. Isotropic elastic moduli (shear modulus u and bulk modulus K) were calculated using
the Voigt average. All elastic constants are in units of GPa.

prepared using the method prescribed by Tschopp et al.[72] and had an excess energy of 592 mJ/m? after energy
minimization. This value is in good agreement with the value reported in literature [34]. To study the interaction
of the ITB with screw dislocations, a screw dislocation dipole (80 [b| apart), was placed in the center of one of the
crystals using the isotropic linear elastic solution for the displacement field of a dislocation dipole. The dislocations
were driven to the ITB by two methods: (1) affine deformation of the simulation cell followed by simulations in the
canonical (NVT) ensemble at 1 K (denoted as MD-NVT) and (2) affine deformation of the simulation cell followed
by simulations in the iso-thermal iso-baric (NPT) ensemble at 1 K (denoted as MD-NPT). For the affine deformation,
the strain to be applied to the simulation domain was calculated using linear anisotropic elasticity and the specified
Stress tensor (T <111><111>» T<1125<112>» T<110><110>» T<111><112>» O<112><110> =0 and o <111><110> =Resolved Shear
Stress). Although the initial stress state in MD-NVT was close to the targeted state, 0«j11><110> drops and o <j12><110>
increases once the dislocation gets close to the GB, possibly due the GB-dislocation interaction and shearing of the
GB, as shown in the appendix (Figure A.1) for a representative case of the b;-plane. Therefore, we performed the
MD-NPT simulations to compare with MD-NVT. A Nose-Hoover thermostat was applied with the coupling parameter
set to 100 fs for the NVT simulations. NPT simulations were performed with the temperature damping set to 100 fs
and pressure damping set to 1000 fs. Independent simulations were performed for each stress value.

2.2. Phase Field Dislocation Dynamics (PFDD)

The PFDD approach relies on development of the total system energy. The energy of the system is formulated
such that changes in the energy due to individual dislocation motion can be accounted for. In this work, we consider
three key energy terms [64, 73]:

E = Estrain + Eeore _ Eext (1)

where E7" ig the elastic strain energy that accounts for dislocation-dislocation interactions, E°"® describes the
energy required for a perfect or partial dislocation to move through the crystal lattice, breaking and reforming atomic
bonds, including the formation or presence of a stacking fault, and E¢ is the external energy term that accounts for
interactions between dislocations and the applied stress.

Within the PFDD approach, the motion and interaction of individual dislocations are accounted for through the
evolution of order parameters, or phase field variables, &,(X, f). While each order parameter is a scalar-valued variable,
they are associated with the slip direction and slip plane normal of the active slip systems, «, of interest during a
simulation. Integer jumps in the order parameters indicate the location of a perfect dislocation, and fractional values
of the order parameters indicate partial dislocations. For example, a single fcc crystal could have 12 active order
parameters, each corresponding to a (110) type slip direction on the {111} slip planes. In this work, we consider glide
of a screw dislocation in Cu on a (111) plane. This requires three active order parameters, linear combinations of
which allow the perfect screw dislocation to dissociate into a leading and trailing partial dislocation with a stacking
fault in between. We include three additional order parameters to represent the boundary dislocations. These details
are discussed further in Section 2.2.1

It is assumed that plastic strain is mediated by the motion and interaction of dislocations, and is thus directly
dependent upon the order parameters [64, 65]:

N
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where |b,| is the Burgers vector magnitude, /, is the interplanar distance, s{ is the slip direction, mS is the slip plane
normal, and N is the total number of active slip systems, where each slip system is indicated by «. Using Equation 2,
the elastic strain energy can be formulated to directly depend on the order parameters [64, 65, 66]:

B = o f S A R (02 (0, )
@2n)3) 2

where a superposed (") denotes the Fourier transform, A (K) = Comaer — CraunCi jmnéki(k)k ki, K; is the wavenumber
vector, Gy;(K) is the Fourier transform of the Green’s tensor of linear elasticity, C;jy is the elastic moduli tensor, f
denotes the principal value of the integral, and the superscript (*) denotes the complex conjugation. In the simulations
discussed below, we account for cubic anisotropic elasticity unless otherwise mentioned, and the details of the im-
plementation of the full anisotropic tensors are discussed in [74]. We also present a comparison of the PFDD results
employing anisotropic elasticity with corresponding results from simulations in which isotropic elastic behavior is
assumed. Table 1 presents the elastic constants and isotropic shear and bulk moduli, which were determined using a
Voigt average of the cubic elastic constants, used in our simulations.

Similar to the elastic strain energy, the external energy term can also be presented as a function of the order
parameters [64, 65, 66] via the expression:

E“’:fo-ijfg(x,t)de 4)
%

where o;; is the applied stress tensor.

The core energy depends on the material and corresponding crystallography under consideration, hence there have
been many functional forms, and also tabular input, used previously [64, 73, 75, 76]. Most broadly this term can be
expressed as:

N,
& 1
E=; f 00 6006200, 6400 5)

where ¢ (&1, &, ...) is a periodic potential that may be a function of one or more order parameters. This potential is
integrated over the slip plane, 3, for the total number of active slip planes, N,,. For gliding dislocations in this study,
we chose to use a complex Fourier series approximation of the material y-surface [77, 78].

b (¢1,62,83) = ¢p + c1[cos2m(é) — &) + cos2m(ér — &3) + cos2n(é3 — £1)]
+ ¢[cos2n(28) — & — &§3) + cos2m(28, — &3 — &1) + cos2n(283 — &1 — £2)]
+ c3lcosdn(§) — &) + cosdn(&r — &3) + cosdn(&s — &1)]
+ calcosdn (381 — &2 — 283) + cosdn(3&) — 26, — &3) + cosdn (36, — &3 — 261) (6)
+ cos4n(3&, — 283 — &1) + cosdn(3&3 — &1 — 2&5) + cosdn(3E3 — 2£) — &)
+ay[sin2n(§) — &) + sin2n(§2 — &3) + sin2n(§3 — £1)]
+ a3[sindn(§) — &) + sindn(§, — &) + sindn(&5 — €1)]

This equation has been used previously to model perfect dislocations in fcc metals that dissociate into two partial
dislocations surrounding a stacking fault region [79, 80, 73, 81]. Note, this equation is written for only one glide plane
with three active order parameters, which corresponds to the case considered here. The three order parameters, &1, &
and &3, are defined in perfect dislocation directions (i.e., [011], [110] and [101], respectively) for fcc materials, hence
the linear combinations of all three on an active slip plane are required in order to model partial dislocation directions
also active on the same slip plane[78]. Thus, the dissociation of perfect dislocation 1/2[110] — 1/6[121] + 1/6[211]
is expressed in terms of order parameters as, & — 1/3(&1 — &)+ 1/3(—&> +&3). Here &, describes a perfect dislocation
aligned to the y-axis and the linear combination of ¢, and &, describes the leading partial, while the linear combination
of &3 and &, describes the trailing partial dislocation.

The seven coefficients ¢y, ¢, ¢z, 3, €4, a1, a3 define the overall shape of the approximated y-surface, including the
material-dependent local minima, maxima, and 2D curvature. Determination of these coefficients require information
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about the material y-surface calculated with atomistic methods. This determination of these coefficients and corre-
sponding quality of the approximated y-surface have been discussed in detail in previous work for fcc [79, 80, 73, 78]
metals, hence it is not revisited here. In this work, the coefficients are informed using values from the y-surface
calculated with MS. More details are included in Section 2.1, and the coefficients are presented in Table 2.

Co o] (o)) c3 C4 ap as
320.31 -73.07 -46.28 13.36 -0.27 -107.92 -22.90

Table 2: Coefficients used in Equation 6. Values were directly informed from MS calculations described in Section 2.1. All units are in mJ/m?.

Finally, the evolution of the dislocation system (via the order parameters, &,(x)) is driven by the time-dependent
Ginzburg-Landau equation.

96.(x) _  OE
o L6§Q(x) @)

where E is the total energy of the system and L is the kinetic coefficient that relates to the dislocation mobility [20].

2.2.1. Modeling Boundary Defects

To explicitly represent the GB within the PFDD calculations, we introduce a set of stationary (immobile) misfit
dislocations via specification of an additional set of three active order parameter fields. Here we focus on dislocation
interactions with a £3 {112} ITB seen experimentally in Cu [34, 82, 83]. This boundary has been shown to have two
possible structures, where the lowest energy structure comprises a repeating structure of three partial dislocations,
each on a {111} plane [34]. The three partial dislocations include one pure edge partial, and two mixed-type partial
dislocations with equal and opposite screw components. Hence, the net sum of the Burgers vectors of these three
partials is zero.

Since the boundary dislocations are all partial dislocations, their order parameters are defined to represent the
partial slip directions, resulting in different treatment in the core energy calculations from glide dislocations. These
partial dislocations do not have a subsequent leading/trailing partial dislocation, or bound a stacking fault since they
are misfit dislocations within the boundary. The corresponding dissociation of a perfect dislocation does not need to
be modeled to create these dislocations, and therefore, linear combinations of the three perfect-type order parameters
do not need to be accounted for in E“°" for these order parameters. Hence the periodic potential used for the boundary
dislocations is defined as:

¢p(&0) = E sin*(néa(x, 1) ®)

where E™*/ is the intrinsic stacking fault energy calculated from the MS simulations. The value is provided in Table 1.
Note that these GB partial dislocations are incorporated in elastic energy (see Equation 2) with Burgers vector which
is different from perfect dislocation.

2.3. Simulation Set-up

All PFDD simulations were carried out in a 3D rectangular simulation cell, shown in Figure 1(a), with periodic
boundary conditions in all directions, which are a consequence of the Fourier transform in the calculation of the elastic
strain energy. The simulation cell is comprised of two different grains, which we refer to as Crystal 1 and Crystal 2.
The simulation cell is 105nm X 3nm X 15nm using a computational grid of 504 x 12 x 72. The grid spacing is chosen
as the z-direction interplanar spacing i.e., [, for all directions.

Figure 1(a) shows the location of two ITBs, indicating that the simulation cell has two regions that correspond
to Crystal 1, and one central region that corresponds to Crystal 2. As mentioned, the X3{112} ITB of interest in this
work consists of a set of partial dislocations with repeatable sequences b,:b;:b3 where by, b, and b3 are equal to
é[l li],%[il 1] and %[lil], respectively [34]. Each dislocation is placed on the appropriate plane in repeating b3, by,
b, triples. The system is then relaxed for 50 time steps, so that the initial input step function in the order parameter
can form a smooth transition across the dislocation line. This transition is representative of the core region of the
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Figure 1: (a) A schematic of the PFDD simulation cell showing three grains distinguished by two inverse £3{112} ITBs. The leading and trailing
partial dislocations move toward the ITB under the applied stress 7y;. (b) Three possible glide planes with respect to the dislocation arrays in
23{112} ITBs using dislocation symbol, L. The gliding dislocation, a perfect screw dipole, is placed on the left side of the simulation cell in Crystal
1 and relaxed into partial dislocations (i.e., leading partial as SP'P and trailing partial as SP'P, respectively. The £3{112} ITB consists of the repeating
three partial dislocations (i.e., b1, by and b3) array in Crystal 2. We considered all three cases where the glide plane in Crystal 1 is on the b;-,b;-
and b3- plane, respectively. (c) Schematic of the MD simulation cell with atoms colored according to adaptive-Common Neighbor Analysis (CNA)
as implemented in OVITO.[84, 85] The colors represent the following: Green for FCC, magenta for HCP, blue for BCC, and white for unidentified.
The vertical row of magenta and white atoms represents the GB. The dissociated dipole can be seen on the left side of the GB.

boundary partial dislocations. The plane on which there is a partial of b, (b, or b3) in the ITB will henceforth be
referred to as b; (b, or b3) plane for simplicity. Figure 1(b) shows the representation of three possible dislocation
configurations with the 23{112} ITB in which different glide planes are considered in the PFDD simulations. In case
(1), the gliding partials are initially located on the b, plane, and hence, move along the b; plane under stress until the
leading partial dislocation reaches the ITB. Similarly, case (ii) and case (iii) initially locate the gliding dislocations on
the b,- and b3 plane, respectively. Both a positive and negative ITB is defined within the simulation cell (see ITBs in
Figure 1(b)), so that the entire computational cell has a net zero Burgers vector.

Figure 1 also shows that a perfect screw dislocation dipole with a Burgers vector of [110], is placed on the glide
plane in the left side of the simulation cell, in Crystal 1. This glide dislocation is relaxed into partials under no stress,
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where é[iﬂ] and %[Ql 1] are the leading partial and trailing partial Burgers vectors respectively. We note that in this
work, the leading partial is defined as the partial dislocation closest to the ITB, and the trailing partial is the subsequent
dislocation bounding the stacking fault region. This geometry is combined with the boundary dislocations, which
have already been relaxed. A constant shear stress, 7, is then applied to the system to drive the gliding dislocation
toward, and eventually through the ITB for each case shown in Figure 1(b). The applied stress in each simulation is
incremented by 0.005u in order to determine the critical stress required for the gliding dislocation to transmit across
the ITB. If the gliding dislocation fails to transmit across the ITB in the simulation at one applied stress and the
simulation reaches convergence with the tolerance of 10#, the stress is incremented (increased). Once the dislocation
transmits, we consider the critical stress to be between the current stress value, and the previous increment.

3. Results

In this work, we conduct PFDD and MD simulations to investigate the transmission behavior of a pure screw
dislocation across a £3{112} ITB. First, the disregistry of the ITB predicted by PFDD and MD are compared. Then
the transmission processes are demonstrated and the critical stresses for successful transmission are presented.

3.1. Disregistry analysis of the twin boundary

Before considering the interaction of a gliding dislocation with the ITB, we first compare the boundary structure
between MS and PFDD. In the PFDD model, we computed the disregistry projected along the S direction (which is
either parallel or normal) to the dislocation line as below:

3
disregistryﬁ = Z Eabo - S8, ©)]

a=1

where &, is ath order parameter, and s is the slip direction. The disregistry calculation in MS simulations follows
the methodology in reference [86]. In this method, pairs of atoms, which straddle the plane of the GB dislocation,
are first identified in a reference configuration (Crystal 2 in this case). The displacements between these atoms are
calculated in the deformed configuration (ITB in this case) and the reference configuration. The difference between
displacements gives the disregistry.

Figure 2 shows a quantitative comparison of the edge and screw components of the disregistry of the relaxed b, b,,
and b3 boundary dislocations along the ITB as calculated with PFDD and MS. Figure 2(a) shows the edge components
(along (112) direction) and Figure 2(b) shows the screw components (along (110) direction) of the disregistry. The
character types of the boundary dislocations can be clearly seen in these figures. As mentioned previously, b; is of
pure edge type, and hence, has zero disregistry in the (110) direction. In addition, Figure 2(b) shows that b, and b;
have equal and opposite screw components. Figure 2(a) shows that b, and b3 have equal edge components, but both
are opposite in sign to b;. It can be clearly seen how the three Burgers vectors sum to a zero net Burgers vector when
a circuit is taken over a triad of boundary dislocations.

The disregistry predicted by PFDD and MS simulations shows good agreement, particularly in the case of the
screw components, which show near perfect agreement. PFDD simulations predict that the edge components of the b,
and b; partials perfectly overlap, while MS simulations predict a slight difference between b, and b5 partials (Figure
2(a)). In addition, the MS simulations predict more diffuse disregistry than PFDD does for the edge components. The
narrower core structure is expected for this PFDD formulation, which does not include a gradient energy term[87]. A
gradient energy term could be included in PFDD simulations, but would require additional fitting to MS simulations
and is dependent on the dislocation character. For simplicity we omit this contribution here. Finally, the current PFDD
model inherently couples the degree of relaxation for screw and edge components of mixed partial dislocations, while
MS allows decoupled relaxation of edge or screw components. This may also be a source of the differences seen in
the disregistry of the edge components.

3.2. Transmission of a screw dislocation across the ITB: Crystal I to Crystal 2

Both MD and PFDD simulations were performed to study how a screw dislocation interacts with and transmits
across the X3{112} ITB. As described previously, the perfect screw dislocation immediately dissociates into two
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Figure 2: Comparison of the (a) edge and (b) screw components of the disregistry across the ~3{112} ITB as calculated with MS and PFDD
simulations.

partial dislocations in Cu. Thus, the dislocation-GB interaction in these simulations is predominately between the
leading partial dislocation and the ITB. As described previously in Section 2.2 and shown in Equation 6, linear
combinations of the three active order parameters (defined in perfect dislocation slip directions) are used to model
the partial dislocations. However, it is not straightforward to visualize the gliding partials because of how they are
represented. In order to clearly visualize the gliding dislocation evolution in the PFDD simulations, we plot the vector
projection of the order parameters in the perfect screw slip direction, as shown in Equation 10 [78, 80, 88] where s* are
the slip directions (normalized Burgers vector direction), and s, is the slip direction of the perfect screw direction.

3
dyip(X) = ) £a(0)S" - Sycr (10)
a=1

Figure 3(a) shows the PFDD-computed transmission process when the initial screw dislocation dipole is placed
on the (111) plane aligned with the b; plane. From the initial configuration shown in Figure 3(a)(top), the initial
screw dislocation dipole has dissociated creating a stacking fault region (white region at the tip of the red region).
Once an equilibrium stacking fault width is reached, the leading and trailing partial dislocations propagate toward the
boundary. When the leading partial meets the boundary, there is initially not enough stress for transmission to occur.
Hence, the leading partial stops at the ITB. As the applied stress is increased, the trailing partial moves closer to the
leading partial, decreasing the width of the stacking fault. Once a critical stress level is reached, the leading partial
dislocation transmits through the ITB into Crystal 2, and the trailing partial remains arrested at the ITB in Crystal
1, as shown in Figure 3(a)(bottom). An interesting result apparent in Figure 3(a)(bottom) is that the leading partial
dislocation does not transmit directly across the ITB, but rather exits the boundary on the b3-plane.

The MD-NVT simulations exhibit similar dislocation interaction and transmission behavior. Figure 3(b) shows
the transmission behavior of leading and trailing partial dislocations from the MD-NVT simulations. The atoms in
Figures 3 and 4 are colored according to the local atomic shear strain invariant (von Mises)[89, 90]. Similar to the
PFDD results, the leading partial dislocation transmits through the ITB, and emerges on the b3-plane. Converse to the
PFDD results, the MD results show that the trailing partial dislocation enters the GB and glides in the interface plane,
however, it quickly arrests and ultimately does not propagate far. This type of transition in glide plane, resulting in
glide of the trailing partial along the GB plane, is not yet accounted for in PFDD, hence Figure 3(a)(bottom) shows
that once the leading partial transmits into Crystal 2 and continues to glide, the trailing partial remains arrested at the
ITB on the b, plane in Crystal 1.

Because the ITB has a repeating structure of three different partial dislocations, the interaction between the gliding
dislocation and GB will be different depending on where the gliding dislocation impinges on the boundary. A different
interaction could also correspond to different slip transmission behavior. To investigate the transmission behavior
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Figure 3: (a) PFDD and (b) MD-NVT simulations of transmission of a dissociated screw dislocation dipole on a (111) plane that is aligned with the
b1 boundary dislocation. Also shown is the adaptive-CNA representation of atomic structure after transmission. With increasing time (from top to
bottom figure) under stress, the leading partial dislocation transmits onto a different (111) plane, which is aligned with the 3 boundary dislocation.
For PFDD, the same magnitude of stress is applied for the top three figures and increased by 0.005u for the bottom figure to enable transmission.
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Figure 4: (a) PFDD and (b) MD-NVT simulation results of dislocation transmission across the ITB when the gliding dislocation resides on the
(top) b>- and (bottom) b3- plane, respectively. Also shown are the adaptive-CNA representations of atomic structure after transmission. Both MD
and PFDD predict the leading partial on the b, plane will transmit onto the b, plane. For the b3 plane, both the leading and trailing partials transmit
onto the b3 plane in PFDD, but only the leading partial transmits onto the b3 plane in MD.

under these possible scenarios, we separately consider cases with the gliding dislocations on (111)-planes that intersect
with the b, and b3 boundary dislocations. Figure 4 shows the results from both the MD-NVT and PFDD models of the
dislocation-GB interaction when the initial gliding dislocation resides on b, and b3 planes. In both cases, the leading
partial dislocation directly transmits from its glide plane in Crystal 1 to the same glide plane in Crystal 2, in contrast
to the glide dislocation initially located on b, plane. In the case of the b3 plane, PFDD predicts transmission of both
the leading and trailing partials but MD predicts transmission of only the leading partial. In all cases, Dislocation
Extraction Algorithm (DXA)[84, 85] identifies the transmitted dislocation to be é < 112 > Shockley partial.

Figure 5 also shows the transmission behavior of the leading and trailing partials in PFDD, however this figure
presents a 1D evolution of the order parameters & and &3, colored by glide plane. This allows for a more quantitative
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Figure 5: The order parameters &1 and &3, which describe the leading (a,b and c¢) and trailing (d. e and f) partials, respectively, after the transmission
event across the GB has occurred, computed using the elastically anisotropic PFDD model. Lines with the ‘x” symbol indicate the plane on which
the leading partial initiates and the adjacent planes (i.e., those associated with different boundary dislocations) are shown with solid symbols and
different colors. The GB region is shown as a gray area. When the glide dislocation initiates on the b or b3 plane, slip is transferred to the b3 plane
in Crystal 2. On the other hand, glide dislocations initiated on the b, plane directly transmit onto the b, plane.

view of the evolution of the order parameters in order to determine if the glide dislocation is indeed transmitting
through the GB, or rather entering the GB and nucleating a new partial dislocation in Crystal 2. This plot corresponds
to Figures 3 and 4 by showing where the leading partials on each glide plane transmit across the GB. Each colored
line represents a glide plane corresponding to a different boundary dislocation, and the plane on which the gliding
dislocation is initiated is indicated with symbol ‘x’. For example in the Figure 5(a), the order parameter of leading
partial initiates on b; glide plane, as indicated by the non-zero blue line, and then starts to evolve on b3 plane, shown
by the red line and indicating that the transmission plane is indeed the b3 plane.

Figure 5 provides detailed information about the transmission process in the GB region after the transmission
event. We note that although the GB dislocations are fixed, the interaction of the leading partial with the GB dislo-
cations are instead reflected in the evolution of the dislocation cores and stress state of the glide dislocations. Before
crossing the GB (see the left side of GB), the order parameter evolves only on the glide plane for both leading and
trailing partials. Once both leading and trailing partial dislocations on the b; plane reach the GB region under stress,
the order parameters &, and &3 become zero (see Figure 5(a) and (d)). Through linear combination with &, (not shown
here), the Burgers vector of an initial perfect dislocation is left in the GB region on the (111) plane aligned with the
b boundary dislocation. Then, only a leading partial is nucleated and evolves on the b3 plane in Crystal 2. When the
initial glide dislocation is located on the b, plane (see Figure 5(b) and (e)), the order parameter &; evolves in Crystals
1 and 2, crossing the GB, indicating that direct transmission occurred. On the b, plane, the &; parameter becomes
zero at the boundary, indicating that the trailing partial arrests at the GB. For the b3 glide plane (see Figure 5(c) and
(1)), both £ and &; evolve in Crystals 1 and 2, directly crossing the GB.

Note that there are non-zero order parameter values on the plane which is neither the initial glide plane nor the
plane on which the leading partial has nucleated across the GB. For example, Figure 5(b, c, e, f) shows non-zero
order parameters on b; planes near the GB for both leading and trailing partials, and their linear combination does
not represent either the perfect or partial dislocations predefined in this study. These non-zero order parameters
remain the same as the leading partial evolves on the different planes. We attribute this behavior to elastic or plastic
accommodation around ITB from interaction between the b; GB dislocation and glide dislocations. Also, it may
induce other slip mechanisms such as cross-slip which is not incorporated in the current PFDD model.

It is worthwhile to compare our findings to previous MD studies and experiments on the transmission of glide
dislocations across ITBs in Cu. For example, experimental studies on Cu from Li et al.[44, 82] reported that when a
1/2<110> glide dislocation transmits across an ITB it can leave a sessile dislocation near the GB, which changes the
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local dislocation structure and leads to pinning of the ITB. While within the PFDD model we expect the Burgers vector
of the transmitted dislocation to correspond to that of the impinging leading or trailing partials, our results do show
similar behavior in that depending on the dislocation character of the gliding dislocation (either leading or trailing) and
aligned GB dislocations, the trailing partial either transmits or is blocked by the GB. Although not shown here, in the
latter case where trailing partial movement is blocked, we found that the stress state surrounding the GB is changed
due to the presence of trailing partial, which may impact subsequent transmission behavior and thus, migration of
ITB as suggested from previous studies. Liang et al.[35] had employed MD to study the transmission process of a
screw dislocation across a Ni ITB considering different initial glide planes. They reported that the transmitted glide
dislocation had the same screw sign as the incoming dislocation and emerges onto one plane (the b, plane) regardless
of where the glide dislocation impinges. As just mentioned, the models here also predict that the same dislocation
type exits the GB as the impinging dislocation, however, we find differences in the transmission plane using both MD
and PFDD. This is possibly due to differences in the material y-surface and related SFEs, and the applied stress state,
which can impact the evolution and interaction of the gliding and GB dislocation cores. We also note that our MD
simulations did not predict cross-slip. We attribute this to the fact that the stress state we considered is different from
Liang et al. where they have additional stress components that result in non-zero resolved shear stresses on cross-slip
planes. Thus, not accounting for cross-slip in the PFDD model is a reasonable assumption in this case.

3.3. Critical transmission stress

In addition to modeling the transmission process, we compared the MD and PFDD predictions for applied shear
stress required for transmission through the boundary. Recall from Section 2.3, the critical transmission stress is
determined to be in between the largest applied shear stress which does not cause transmission and the lowest stress
required for the transmission event to occur. Table 3 shows the critical transmission stresses calculated with MD
and PFDD for transmission events on the |-, b,-, and bs-planes. The table also shows the effect of MD boundary
conditions and different treatments of elasticity within PFDD on the critical transmission stresses and planes.

Based on MD simulations with both boundary conditions, the transmission occurs under a similar range of stress
magnitude for b, and b, cases while the transmission occurs at smaller stress ranges showing the gap between MD-
NVT and MD-NPT. The transmission plane is dependent on the initial glide plane and shows good agreement between
two boundary conditions for b,- and b3 cases. For the b case from MD-NPT, we found that transmission occurs on
two layers above the initial (111) plane, i.e., the b, plane, while MD-NVT predicts the transmission plane as one
layer above, i.e., the b3 plane. This indicates that different boundary conditions affect the stress state differently which
yields larger/smaller climb forces (and possibly others as well) in transmission events.

On the other hand, the PFDD model predicts the same transmission planes when using either anisotropic or
isotropic elasticity. However, the transmission stress calculated with isotropic elasticity estimates lower values for b, -
and b,- cases while estimating the same range for the b3 case. We note that we performed PFDD simulations using an
elastically isotropic medium to better understand the transmission plane estimated from dislocation theory (which will
be discussed in Section 4) and/or PFDD with anisotropic elasticity, not to directly compare to the critical transmission
stress calculated with MD. Therefore, we compare the critical stresses computed from PFDD anisotropic calculations
to the results from MD, which naturally accounts for anisotropic properties of materials.

In the case where the glide dislocation is aligned with b,- and b3- planes, PFDD and MD (MD-NVT in particular)
show good agreement. However, for the case where the glide plane in Crystal 1 is aligned with the b; plane, PFDD
overestimates the critical stress values by ~500 MPa. The possible reason for this large gap is that, besides all the
differences between the MD and PFDD models, the »; GB dislocation is a pure edge dislocation which showed
a relatively larger discrepancy in disregistry between PFDD and MD compared to the b, and b3 cases (Figure 2).
Therefore, not allowing the GB to evolve in our PFDD modeling may have played a significant role during the
transmission of the glide dislocation on the b, plane compared to other cases. Nevertheless, the overall match is
reasonable considering PFDD does not account for short-range interactions between dislocation cores as MD does or
changes in stress state as the dislocation interacts with the ITB.

4. Discussion

In order to understand the transmission phenomenon observed in MD and PFDD, we present an analytical argu-
ment using dislocation theory to explain the transmission behavior observed with the computational methods. Since
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Method b, by b3
MD-NVT 547 + 60 (b3) 570 £ 62 (by) 328 +44 (b3)
MD-NPT 500 < T <600 (b)) 600 <7 <700 (by) 100 < 7 <200 (b3)

PFDD (anisotropic) 1104 <7 <1380 (b3) 276 <7 <552 (by) 276 <71 <552 (b3)
PFDD (isotropic) 276 < T <552 (b3) 138 < 7 <276 (by) 276 <71 <552 (b3)

Table 3: Critical transmission stress, 7, in units of MPa and transmission plane in Crystal 2 in parentheses of the leading glide partial dislocation
computed using MD with two boundary conditions (MD-NVT and MD-NPT, see details for Section 2.1) and PFDD using anisotropic and isotropic
elasticity, respectively. The critical stress is determined when the order parameter on any adjacent planes starts to evolve on the other side of the
grain boundary continuously under stress.

the analytical solution is based on isotropic elasticity, we repeated the PFDD simulations using isotropic elasticity to
better match predictions from dislocation theory and determine if there are any notable dependencies on anisotropic
elasticity.

The force applied by the GB on the leading partial of the gliding dislocation can be calculated analytically using
Equation 11 [91]. In this calculation, the ITB is considered as an array of dislocations as shown in Figure 6. The total
force per unit length applied on the leading partial of the gliding dislocation is calculated as the sum of the forces
between the ITB dislocations and the leading partial,

2nr, 2n(1 = v)n,

F=) {mei‘? Oy O+ 5L (B % ) - (b X g)]}, an

where 1 is the shear modulus, r,, is the distance between the leading partial and the n”* dislocation line in the ITB as
shown in Figure 6, b%% and by, are Burgers vectors of the GB dislocations and the leading partial of gliding dislocation
respectively, ¢ is the dislocation line sense which is the same for all dislocations considered in this configuration, and
vy is the Poisson’s ratio.

Figure 7(a) shows the in-plane force (i.e, along the glide plane in the [112] direction) between the ITB and
the leading partial. A positive force represents a repulsive interaction while a negative force indicates an attractive
interaction. Clearly, the interaction on b3 plane shows a significant attractive force when the leading partial moves
close to the ITB. Thus, the critical stress for the transmission on b3 plane should be small in comparison to the critical
transmission stress required on the b; and b, planes, which is consistent with both MD-NVT and PFDD results as
shown in Table 3. Figure 7(b) shows the out-of-plane or climb force in the [111] direction between the ITB and the
leading glide partial. On the b; (b») planes, this force is positive (negative) and indicates the leading partial will be
"pulled’ to the plane that is above (below) the glide plane, which is the b3-plane in MD-NVT and PFDD. However the
leading partial moves up by two planes and transmits on the b,-plane in MD-NPT. The out-of-plane force on b3-plane
is almost zero.

The combination of these two force components is expected to affect the critical stress and transmission plane. For
example, when the gliding partial is on b3 plane, there should be no out-of-plane forces acting on the dislocation during
the transmission process and only an attractive in-plane force, hence we see a direct transmission mechanism. The
leading partial on the b; and b, planes is influenced by both the repulsive in-plane and oppositely signed out-of-plane
forces, contributing to larger critical transmission stresses compared to when the leading partial is on the b3 plane and,
in some cases, different transmission planes are observed. The analytical solutions are qualitatively consistent with
our simulations and explain why we observe emergence on the b3-plane when dislocation transmission occurs on b;
plane, and a direct transmission mechanism on the b3-plane. However, we observe different transmission behavior for
the b, plane from both MD and PFDD simulations, where the transmission plane is the same as the glide plane, i.e.,
b, plane.

PFDD calculations using isotropic elasticity present similar results to those previously shown in Figure 5. Many
larger length scale models assume elastic isotropy to simplify calculations, and the effect of such assumptions must be
carefully considered when bridging across scales. Overall, the transmission behavior is the same in all cases in that the
transmission planes coincide with the results from MD-NVT and PFDD with using anisotropic elasticity. As shown
in Table 3, the noticeable difference is that using isotropic elasticity tends to estimate lower (for b;- and b, planes) or
the same (for b3 plane) critical transmission stress as compared to the simulations with anisotropic elasticity.
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Figure 6: Schematic of the leading partial dislocation interacting with an array of grain boundary dislocations as considered in Equation 11.
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Figure 7: Analytical calculation of the force applied by the GB dislocations (modeled as an array) on the leading partial of the gliding dislocation:
(a) shows the in-plane force, and (b) shows the out-of-plane or climb force. Positive forces are repulsive, while negative forces are attractive.

Considering that Equation 11 is based on isotropic elasticity, the PFDD simulations that employ isotropic elasticity
are expected to exhibit the same transmission plane as that predicted from dislocation theory (i.e., transmission to the
b3 plane for all cases). We indeed see agreement with dislocation theory for transmission on the b; and b3 planes, and
hence, this behavior appears to be well-described by the elastic interactions between the leading glide partial and the
boundary misfit dislocations on these planes. In the case of transmission on the b, plane, all computational methods
show direct transmission onto the b, plane, which is in contrast to what would be expected based on dislocation theory.
The difference in predicted behavior is likely due to additional complex interactions that are captured in both PFDD
and MD, but not in dislocation theory. For example, this analytical form does not consider the presence of the trailing
partial dislocation or the stacking fault, which also may have played an role in transmission behavior of leading partial.
Another example of this might be interactions between dislocation cores, which are naturally accounted for with MD.
In our PFDD model, the GB dislocations do not evolve during the transmission process, indicating that the possible
core changes from interactions are only captured through evolution of the glide dislocation. Based on our results, this
treatment of the GB dislocations do not have an impact on the type of transmission, direct or indirect, observed, while
it may have caused differences in transmission stresses.
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5. Conclusions

To study the interaction between glide dislocations and a £3{112} ITB in Cu, we performed phase field dislocation
dynamics (PFDD) and MD simulations. It has been previously shown that this ITB consists of a repeating triad of
partial dislocations, denoted as by, b, and b3 here [34]. Thus, in PFDD the GB is constructed as an array of repeating
partial dislocations, and the disregistries of the misfit dislocations are shown to have good agreement with those
calculated with MD. We studied the interaction of a glide dislocation with each of the three misfit dislocations by
investigating the transmission behavior when the glide dislocation impinges on different locations within the GB. In
other words, the glide dislocation is located such that the glide plane is aligned with the different GB dislocations (i.e.,
the by-, b,- or b plane).

Our results show that the transmission plane and corresponding critical stresses depend on where the gliding
dislocation impinges on the GB. Overall, the PFDD and MD results show good qualitative comparison. Quantitative
differences are seen in the predictions for the critical stress values, where PFDD overpredicts the stress required for
transmission on the b; plane, and produces values comparable to MD for the b, and b3 planes. From both PFDD and
MD calculations, the leading partial on the b; plane, is pulled upwards as predicted by linear elasticity. Conversely,
the leading partial on the b,- and b3 planes shows direct transmission behavior. To explain this behavior, we also
performed theoretical analysis based on isotropic dislocation theory. Based on in-plane and out-of-plane forces exerted
on the glide dislocation from the GB, dislocation theory predicts that all dislocations should transmit onto the b3 plane.
This is in agreement with the computational approaches for the b; and b3 planes indicating that elastic interactions
dominate this behavior. However, behavior predicted on the b, plane with PFDD and MD contradicts dislocation
theory indicating that dislocation core interactions may play a larger role in this case.

Finally, we note that the PFDD model is not limited to describing this ITB and can be applied to various GBs
comprised of misfit dislocations that can interact with one or multiple glide dislocations. However, the PFDD model
does not yet account for climb along the GB interface or cross-slip behavior, and incorporating this phenomena would
allow the model to capture more complex interaction behavior shown to occur by atomistic modeling.

This work presents direct comparison between the atomistic, mesoscale, and theoretical approaches to understand
slip transfer across a GB. The comparison of transmission plane and critical transmission stress between PFDD and
MD agree well, and the results indicate that ITBs can act as a barrier for screw dislocation motion. In particular,
we found that the transmission behavior is dependent on the specific GB dislocation the gliding dislocation interacts
with. This indicates that varying structure along a single GB may also impact the transmission behavior. We believe
that this work conveys the transmission behavior observed from experiments and atomistic modeling, and will help to
inform larger-scale modeling efforts.
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Appendix A. MD-NVT boundary condition

Figure A.1 shows the evolution of stress state for MD-NVT simulations for the representative case of b; plane.
Though the initial stress state was very close to the targeted state, we noticed that the o<j11><110> decreases and
O <112-<110> increases once the dislocation gets close to the GB, possibly due to the GB-dislocation interaction. For
the MD-NVT, the reported critical stress values in Table 3 are an average of 0<j11><110> Over the final 5 ps before the
dislocation enters the ITB. The uncertainties on the reported values correspond to 1 standard deviation of the average.
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Figure A.1: The evolution of the stress state for MD-NVT simulations as function of simulation time for the representative case of b; plane.
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