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Abstract
Progress in materials development is often paced by the time required to produce and evaluate a
large number of alloys with different chemical compositions. This applies especially to
refractory high-entropy alloys (RHEAs), which are difficult to synthesize and process by
conventional methods. To evaluate a possible way to accelerate the process, high-throughput
laser metal deposition was used in this work to prepare a quinary RHEA, TiZrNbHfTa, as well
as its quaternary and ternary subsystems by in-situ alloying of elemental powders.
Compositionally graded variants of the quinary RHEA were also analyzed. Our results show
that the influence of various parameters such as powder shape and purity, alloy composition, and
especially the solidification range, on the processability, microstructure, porosity, and
mechanical properties can be investigated rapidly. The strength of these alloys was mainly
affected by the oxygen and nitrogen contents of the starting powders, while substitutional solid
solution strengthening played a minor role.

Keywords: high-entropy alloy, HfNbTaTiZr, refractory, powder blend, laser metal deposition,
additive manufacturing, high-throughput synthesis
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1. Introduction

As discussed in recent review papers, high-entropy alloys
(HEAs) (e.g. [1, 2],) and high-entropy ceramics (HECs) (e.g.
[3, 4],) open vast compositional regions in which novel
materials with interesting structural and functional prop-
erties may be discovered. However, this potential comes
with the challenge of effectively producing and screening
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these alloys. Conventional approaches based on casting,
simulation, and experimental characterization are too time-
consuming to cover such a large compositional space. Here
we focus on an additive manufacturing technique, namely,
laser metal deposition (LMD), to perform combinatorial
high-throughput synthesis on a prototypical refractory high-
entropy alloy (RHEA), titanium-zirconium-niobium-hafnium-
tantalum (TiZrNbHfTa), and its lower-order subsystems. To
investigate a broad range of compositions in the Ti-Zr-Nb-
Hf-Ta system, compositional gradients were created and their
microstructures and mechanical properties were screened.
Since LMD depends on the availability and quality of raw
powders, we also investigated how the particle size, shape, and
purity of the powders affect processability and the resulting
microstructures andmechanical properties. In the future, LMD
might be used to fabricate more complex RHEA parts if the
factors affecting the LMD process are sufficiently understood
and controlled. To this end, additional equiatomic subsystems
of the TiZrNbHfTa RHEA were produced by LMD. Finally,
the various factors (e.g. quality of the built specimens, their
microstructures, and alloy chemistry including interstitials)
affecting the strength of the additively manufactured RHEAs
were investigated in detail.

2. Background on refractory HEAs and their
processability by additive manufacturing

2.1. Refractory HEAs

Senkov et al synthesized the first refractory single-phase body-
centered cubic (bcc) HEAs, NbMoTaW and VNbMoTaW
which [5, 6] were reported to have high yield strengths at elev-
ated temperatures but ductility only in compression at room
temperature. In contrast, the equiatomic TiZrNbHfTa alloy is
both malleable and ductile in tension at room temperature [7].
Various groups have studied its microstructure [8], compress-
ive properties at room and high temperature [6, 9–11], tensile
properties [7, 12], elastic properties [13, 14], phase stability
[15–18] and Ti/Zr/Hf-rich [19, 20] and Nb/Ta-rich [21] vari-
ations . Recently, Lei et al [22] reported that oxygen and nitro-
gen interstitials significantly influence the mechanical proper-
ties of the medium-entropy subsystem TiZrHfNb. This study
shows that a similar effect can be expected in the TiZrNbHfTa.
However, current literature rarely measures or reports oxygen
and nitrogen concentrations.

2.2. High-throughput combinatorial synthesis of RHEAs
and laser-based additive manufacturing

Additive manufacturing techniques, especially selective laser
melting (SLM) and LMD, can be utilized to combinatori-
ally synthesize high-melting-point RHEAs. Eventually these
techniques may also find application in manufacturing com-
plex 3D parts made from RHEAs. In both SLM and LMD,
a pre-alloyed powder or a blend of different powders is loc-
ally melted with a focused laser beam that moves along a pre-
defined path. SLM typically uses a pre-alloyed powder, and the
workpiece resides in a powder bed. For this reason, SLM is less

suitable than LMD for high-throughput compositional screen-
ing of HEAs. However, process parameters can be altered and
the resulting microstructures and mechanical properties can
be examined. Recent SLM studies focus primarily on HEAs
that are available as pre-alloyed powders (e.g. CrMnFeCoNi
[23–25], CrFeCoNi [26, 27] and AlCrFeNiCu [28]). Zhang
et al [29] showed that a NbMoTaW RHEA could also be pro-
duced from a blend of elemental powders.

In contrast, LMD does not involve a powder bed; rather, the
powder is introduced locally into themelt pool. This allows the
composition of the powder blend to be changed during the pro-
cess and material libraries, or material gradients, to be depos-
ited for high-throughput compositional screening. Therefore,
LMD can be used to explore the effects of compositional
variations, characterize their properties for potential structural
applications, and fabricate components with complex 3D geo-
metries. So far, LMD has been used to produce HEAs start-
ing with either a pre-alloyed powder or a blend of elemental
powders. The following HEA systems were investigated:
CrMnFeCoNi starting with a pre-alloyed powder [30–34];
and CrFeCoNiCu [35], AlSiTiVCr [36], Al2CrFeNiMox [37],
AlSiTiCrFe6CoNi [38], AlxCrFeCoNiCu [39], AlxCrFeCoNi
[40–42], AlCrFeCoNi/AlCrFeNiTa [43] and CrMnFeCoNi
[44] starting with blends of elemental powders. However,
compositional gradients (alloy libraries) have not been invest-
igated in the literature, probably due to the challenge of pre-
cisely controlling alloy composition and processing HEAs
using LMD.

LMD of RHEAs starting with blends of elemental powders
is even more challenging due to their high melting points as
well as the large differences between the melting temperatures
of certain constituent elements. Its feasibility was first demon-
strated by Dobbelstein et al [45] for MoNbTaW. Since then,
LMD of RHEAs has attracted increasing interest (e.g. TiZrN-
bMoW [46], TiZrNbHfTa [47], TiZrNbTa [48], NbMoTaW
[49–51]). In the remainder of this paper presents the potential
and limitations of LMD for combinatorial materials research.

3. Experimental procedure

3.1. Experimental setup

All RHEAs were produced by LMD of elemental powder
blends on a 3 mm-thick Ti substrate using a fiber laser with
a spot diameter of ∼5 mm and a gaussian beam profile. The
experimental setup is illustrated in figure 1. A process chamber
was designed to perform LMD in an argon (Ar) atmosphere to
minimize oxidation. The upper part of the setup is comprised
of a laser processing head that includes a camera, focusing
optics, and a powder nozzle, while the bottom part contains
the sample fixed on a holder, figure 1. The two parts are con-
nected by a sealed, flexible, and heat resistant silicone coated
polyamide fabric to allow movement of the laser processing
head relative to the specimen in 3D.

After positioning the sample and closing the chamber, the
LMD system was purged with Ar for 2 min at a flow rate of
9 l min−1. The same Ar flow rate was used to carry the powder
blend into the melt pool. The Ar stream exits the chamber
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Figure 1. Experimental LMD setup.

through a silicon tube and a particle filter. Flowing water was
used to dissipate heat and cool the nozzle and chamber. A
green pilot laser was attached at a small angle to the optical
beam path of the process laser and focused on the sample. In
combinationwith the camera, a triangulation sensormonitored
the height of the sample.

3.2. LMD geometry and procedure

Unlike most LMD geometries, which consist of horizontal
weld seams, our samples were built vertically by stacking
spot welds on top of each other. Columnar samples were
produced by repeating the LMD steps illustrated in figure 2
and described next. (1.) (Deposition Phase): a local melt pool
was created for 3 s with a laser power of 1200 W. This
melt pool was initially located on the substrate, and moved
to the top of each deposited layer as the sample was built.
The powder stream was focused by a powder nozzle onto the
melt pool where it melts. (2.) (Cooling Phase): the laser beam
and powder stream were turned off for 1 s. (3.) (Remelting
Phase): the laser beam (1200 W, 3 s) melted the top of the
sample a second time without any powder flow. This step is
necessary to fully melt and mix the high-melting elements
Nb and Ta. Furthermore, during this third step, the underlying
structure (below the melt pool) was annealed in the solid-state,

which homogenized the dendritic microstructure of the depos-
ited layers. (4.) (Cooling Phase): This step dissipated the heat
that accumulated in the powder nozzle, sample holder, and
the sample itself during the previous steps. Excessive over-
heating of the sample leads to heterogeneous ‘melt-down’ in
which the melt pool diameter broadens, resulting in possible
overflow down the sides of the columnar sample, like wax
dripping down a lighted candle. Therefore a cooling period
of 15 s was included. After this four-step sequence, the pro-
cessing head was raised by ∼300 µm, which corresponds to
the thickness of each deposited layer, and the entire process
was repeated. The thickness of each deposited layer depends
slightly on the alloy composition; therefore, the height of the
sample was monitored with the camera as well as the pilot
laser, and the position of the processing head was manually
adjusted.

3.3. Powder blend characteristics and preparation

The powder quality is of prime importance for additive man-
ufacturing. The shape and size distribution of the particles
strongly affect the flowability and focusability of the powder.
Spherical particles with a size distribution of 20–150 µm are
suitable for LMD [52] and this size distribution is mostly used.
However, the availability of such refractory-element powders
is limited and we used what we could find. Secondary elec-
tron (SE) micrographs of the powders used in the present work
are shown in figure 3. Titanium (Ti) alloys are well estab-
lished in the field of additive manufacturing; consequently,
spherical elemental Ti powder were easily acquired (see fig-
ure 3). We were also able to purchase spherical, elemental
zirconium (Zr) powder. In the case of Nb and Ta, two dif-
ferent types of powders were used to investigate the effect of
particle morphologies on processability by LMD. The first set
of Nb and Ta powders had irregular shapes (Nb1 and Ta1 in
figure 3 and table 1). Such particles do not flow as smoothly
as spherical particles, but they can still be used for LMDwhen
mixed with spherical powders. Progress in plasma densifica-
tion technologies recently resulted in the introduction of new
spherical Nb and Ta powders (Nb2 and Ta2) that have the addi-
tional advantage of lower oxygen contents. The as-received
Ta2 powder with an initial particle size distribution of 10–
63 µm was sieved to remove particles smaller than 25 µm
to avoid demixing in the powder blend. The availability of
hafnium (Hf) powder is extremely limited, mainly due to its
high price, high melting point, high reactivity with oxygen,
and the lack of applications. At the beginning of this study, an
Hf1 powder with irregular flake-shaped particles smaller than
15 µm was used. Due to its pyrophoric nature, this powder
is shipped immersed in water. Upon receipt, it was removed
from the water, dried at room temperature in air, and pro-
cessed by LMD. This procedure, shown in a previous study
[47], results in equiatomic TiZrNb1Hf1Ta1 specimens with
large pores near the substrate, presumably a result of degass-
ing the remaining water, see figure 3 of [47]. To overcome
this problem in the present study, the Hf1 powder was dried
in air on a heating plate at 80 ◦C for at least 24 h and then
mixed with the other elemental powders. Finally, each powder
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Figure 2. Illustration of the spot weld sequence for columnar build-up.

blend (∼7 g) was dried in air on a heating plate at 80 ◦C for
at least 2 h before LMD. This procedure significantly reduces
the porosity in TiZrNb1Hf1Ta1 specimens produced by LMD,
as will be shown later. We were also able to purchase a small
quantity (30 g) of a more suitable Hf2 powder for LMD—this
powder was not immersed in water for shipping. The second
Hf2 powder consists of broken particles with irregular shapes
and sizes ranging from 44 µm to 250 µm, see figure 3 and
table 1.

The oxygen (O) and nitrogen (N) contents of all powders,
except the Hf2 powder, whose available quantity was too
small, as well as those of some additively manufactured spe-
cimens were measured by the company revierlabor GmbH by
carrier gas hot extraction. The oxygen contents of most of the
powders are between 0.19 at.% and 0.73 at.%, and their nitro-
gen contents are between 0.01 at.% and 0.05 at.% (see table 1).
In contrast, the oxygen (7.05 at.%) and nitrogen (3.06 at.%)
levels in the Hf1 powder are significantly higher. Even though
the interstitial concentrations of the Hf2 powder could not be
directly measured, they were estimated based on their contents
in two different alloys produced by LMD using this powder.
The corresponding estimates are given in table 1. Compared to
the first powder, the Hf2 powder has a reduced but still elevated
oxygen concentration (5.30 at.%), while its nitrogen content
(0.06 at.%) is significantly lower. Since the two Hf powders
(Hf1 and Hf2) exhibit different interstitial concentrations, this
specificity was used in the present work to study their effects
on processability by LMD, phase stability, and mechanical
properties using two powder stocks: stock 1 (interstitial-rich:
Ti, Zr, Nb1, Hf1, Ta1) and stock 2 (interstitial-lean, Ti, Zr, Nb2,
Hf2, Ta2).

3.4. Effect of powder morphologies on processability

The powder blend from stock 1 is shown in the left image
of figure 4, which is an energy-dispersive x-ray spectroscopy
(EDX) elemental map superimposed on an SE micrograph. In
our feeding system, the powder flows by gravity from a storage
container into the groove of a rotating disc where it is trans-
ported by the Ar gas stream to the powder nozzle. However,
the powder blend from stock 1 could not be fed in this manner

because it did not flow easily. This occured because the small
Hf1 particles stuck to the larger ones, filling the space between
them. To feed the stock 1 powder blend, the powder feeder was
modified by inserting a vibratory module between the storage
container and the rotating disc. The vibratory module does not
influence the powder feed rate, as the feed rate is defined by the
groove size and the rotation speed of the disc. This construc-
tion allowed us to successfully produce specimens by LMD
using the powder blend from stock 1.

The powder blend from stock 2 is shown in the right image
of figure 4. Due to its more homogeneous particle size distribu-
tion, this blend had good flowability and could be fed into the
powder nozzle without the vibratory module. When preparing
the powder blends, each of the individual powder constituents
and the final blend was weighed using a high-precision scale.

The nominal alloy composition differed from the actual
composition of the deposited alloy for several reasons, for
details see [48]. The compositions of the powder blends
were iteratively modified following the procedure described in
[47, 48]. For example, to obtain an equiatomic alloy, the blend
composition used for stock 1was Ti16.7Zr17.3Nb19.9Hf24.8Ta21.3
while that for stock 2 was Ti17.7Zr18.4Nb21.2Hf20.1Ta22.6. The
end concentrations were also iteratively modified, and the
intermediate alloy compositions were interpolated between
these values to obtain concentration gradients, for more
details see [48].

For an extensive analysis of in-situ alloying of refract-
ory TiZrNbHfTa RHEAs produced by LMD, and the effects
of various factors on processability, phase stability, micro-
structures and mechanical properties, the following compos-
itions were considered. (a) To qualitatively assess the role
of each element, five compositionally graded TiZrNbHfTa
RHEAs were produced by changing the composition of
one element from 15 to 40 at.% while maintaining the
other elements at equimolar levels. For example, Ti-isopleth,
TiyZr25-y/4Nb25-y/4Hf25-y/4Ta25-y/4, with a composition range
of 15% < y < 40% was investigated. The compositionally
graded Ti-isopleth specimen was fabricated by depositing
five different powder blends, Ti13.3Zr21.7Nb21.7Hf21.7Ta21.7
on the substrate followed by Ti20Zr20Nb20Hf20Ta20,
Ti26.7Zr18.3Nb18.3Hf18.3Ta18.3, Ti33.3Zr16.7Nb16.7Hf16.7Ta16.7,
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Table 1. Physical properties of the used elements and powder characteristics.

Elements
Melting
pointa (◦C)

Boiling
pointa (◦C)

Crystal struc-
ture (RT)

Oxygen
contentb

(at.%)

Nitrogen
contentb

(at.%)
Particle size
(µm)

Particle
shape Supplier

Ti 1668 3287 hcp 0.48 0.03 <106 spherical Alfa Aesar
Zr 1855 4409 hcp 0.73 0.01 45–90 spherical TLS Technik
Nb1 0.42 0.01 45–75 irregular TANIOBIS
Nb2

2477 4744 bcc
0.19 0.05 63–105 spherical TANIOBIS

Hf1 7.05 3.06 <15 irregular Nanoshelc

Hf2
2233 4603 hcp

5.60d 0.01d 44–250 irregular Alfa Aesard

Ta1 0.62 0.03 45–90 irregular TANIOBIS
Ta2

3017 5458 bcc
0.45 0.03 10–63 spherical TANIOBIS

aMelting and boiling points from CRC Handbook of Chemistry and Physics, 90th edition, David R Lide
bOxygen and nitrogen contents were measured by carrier gas hot extraction (CGHE) at revierlabor GmbH.
cHf 1 powder was delivered under water due to its pyrophoric nature.
dAvailable amount of Hf2 powder was only 30 g. Oxygen and nitrogen contents were not measured but indirectly estimated from the produced TiZrNb2Ta2

and TiZrNb2Hf2Ta2 alloys (see table 2).

and Ti40Zr15Nb15Hf15Ta15. All of the compositionally graded
specimens were produced from the stock 1 powder blends
because the quantity of powder stock 2 (especially Hf2)
was too limited. (b) To investigate the role of the inter-
stitial elements oxygen (O) and nitrogen (N) on compres-
sion behavior, compression specimens were machined from
single-composition samples of powder blends. To vary
the O and N concentrations, powder blends from stock 1
(interstitial-rich) and stock 2 (interstitial-lean) were used
to produce the equiatomic Ti20Zr20Nb20Hf20Ta20 alloy.
To further investigate the mechanical properties of com-
positions with low interstitial contents between 0.5 and
2 at.%, additional single-composition TiZrNbHfTa RHEAs
were produced by LMD using the stock 2 powder. These
alloys included: Ti27Zr27Nb27Hf9.5Ta9.5, Ti42Zr22Nb22Hf7Ta7,
Ti22Zr42Nb22Hf7Ta7, and Ti22Zr22Nb42Hf7Ta7. (c) To study
the effects of the liquidus temperature and the solidific-
ation range, the equiatomic refractory medium-entropy
alloys (RMEAs) Ti33.3Zr33.3Nb33.3, Zr33.3Nb33.3Ta33.3, and
Ti25Zr25Nb25Ta25 with low interstitial contents were prepared
from the stock 2 powder.

3.5. Sample preparation and material characterization

The samples produced by LMD were cut longitudinally,
embedded in epoxy, ground with silicon carbide (SiC) abras-
ive papers to a grit size of 8 µm, and polished for 1 h using a
1:1 vol.% suspension of 0.04 µm colloidal silica and hydrogen
peroxide. Chemical compositions and microstructures were
analyzed using these longitudinal sections at several locations
along the growth direction. For more details about this pro-
cedure, refer to [47]. The chemical composition along the
growth axis of the LMD samples was measured by EDX in
a scanning electron microscope (SEM) of type Zeiss EVO
MA 15 operated at an accelerating voltage of 20 kV. Phase
and texture analyses were performed using large-area elec-
tron backscatter diffraction (EBSD) maps (consisting of∼100
individual EBSD maps) in an SEM of type Jeol JSM—7200F
using an accelerating voltage of 30 kV, a probe current of

15 nA and a step size of 5 µm. The Vickers microhardness
was measured along the full height of the samples with a
hardness tester of type KB 30 and a load of 1 kgf. The
hardness at a specific height along the growth direction was
the average of three indents. From each single-composition
specimen, two cylindrical compression samples (4 mm dia-
meter× 7 mm height) with loading axes parallel to the growth
direction were machined on a lathe. Compression tests were
performed using a Zwick Roell XForce Z100 machine at room
temperature using a nominal strain rate of 0.001 s−1. To min-
imize friction during the compression tests, a molybdenum
disulfide (MoS2) grease was applied to the platens before
deformation.

4. Results and discussion

Sections 4.1 and 4.2 describe the microstructures and prop-
erties of single-composition equiatomic samples after LMD.
Section 4.3 discusses a few key factors affecting the process-
ability of RHEAs and RMEAs by LMD. Section 4.4 presents
the interstitial levels of the alloys. Section 4.5 builds on this
knowledge by introducing the high-throughput synthesis of
compositionally graded specimens and the screening of their
microstructures and mechanical properties. Section 4.6 dis-
cusses the mechanical data obtained from the single-phase
alloys to establish the effects of microstructure, chemistry, and
interstitial-concentration, on strength. Our results are summar-
ized in section 5, and the potentials and limitations of LMD to
produce RHEAs are discussed in section 6.

4.1. Quinary TiZrNbHfTa RHEA

The quinary equiatomic TiZrNb2Hf2Ta2 RHEAwas deposited
from the interstitial-lean stock 2 powder on a Ti substrate. An
inverted optical image of its longitudinal section is shown in
figure 5(a) where three different types of structural defects
can be observed. (a) At the bottom of the sample, Nb- and
Ta-particles can be found in the mixing zone between the alloy
and the substrate and at the edges of the first deposited layers,
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Figure 3. Representative SE images of the powders used in the
present work. Powder blends were prepared from two types of
powders to control the oxygen and nitrogen contents in the
specimens produced by LMD and investigate the effect of powder
morphologies on processability, phase stability, and mechanical
properties. All images except the ones framed in red were recorded
with the same magnification. This means that the scale bar stating
100 µm belongs to all non-highlighted images. For more details see
the text.

see the EDX maps in figure 5(g). At the beginning of LMD,
the melt pool temperature is relatively low and its lifetime
is short due to its proximity to the substrate, which acts as
a heat sink. As a result, mixing elemental powder particles,
especially those with the highest melting points, is not per-
fect; and un-melted particles remain close to the substrate. The
elemental powder particles tend to mix better at greater speci-
men heights. The temperature, lifetime, and size of the melt
pool increase as the specimen height increases, which means

that the deposited alloy has a lower heat flow than the substrate.
(b) Interdendritic shrinkage porosity develops at the top of the
sample, in the upper part of the melt pool that solidifies last
(a higher magnification image can be found in figure 5(c)). (c)
A few small pores are visible in the middle of the sample.

To investigate the homogeneity of the specimen at the
millimeter-scale, EDX measurements were taken at various
locations spaced 150 µm apart along the growth axis of the
LMD-specimen. Eachmeasurement was averaged over an area
that was 2000 µm broad and 150 µm wide along the axis
of the cylindrical specimen. The corresponding concentration
profile is shown in figure 5(b) where the concentrations of
the different alloying elements are plotted as a function of
the distance from the top of the sample (x = 0). The upper
part of the specimen (0 < x < 7.5 mm) shows a homogen-
eous, nearly equiatomic composition. In the lower part, some
deviations of ±4 at.% are apparent along with intermixing
of the Ti substrate and the alloy at 14 < x < 17.5 mm. Fig-
ure 5(b) also shows the hardness profile as black data points
(right y-axis). The hardness is relatively homogeneous and
has an average value of ∼350 HV1 for the region located
between 0 mm and 15 mm, indicating that the deviation from
equiatomic composition does not have a significant effect on
strength. The hardness decreases with increasing Ti concen-
tration with a minimum value of ∼150 HV1 in the substrate
at x = 18 mm.

The green frames labeled c through g in figure 5(a) mark the
regions of interest where backscatter electron (BSE) micro-
graphs were recorded (figures 5(c))–(g)) and EDX analyses
(figures 5(d-EDX), (f-EDX) and (g-EDX) maps) were per-
formed. Figure 5(c) was taken at the top of the sample where
the last melt pool solidified. This region shows a coarse dend-
ritic microstructure with shrinkage porosity (see the black
areas in figure 5(c)). Figure 5(d) shows a clearer image
of the dendritic microstructure taken 2.5 mm away from
the top of the specimen. EDX elemental maps are dis-
played in figure 5(d-EDX) maps. The dendrites are enriched
in Ta (the element with the highest melting point), while
the interdendritic regions are correspondingly enriched in Ti,
Zr, and Hf. A dendritic microstructure can also be obse-
rved in figure 5(e) but its contrast is less pronounced than in
figure 5(d). As one moves closer towards the substrate, the
dendritic microstructure vanishes at distances x > 4 mm
(figure 5(f), BSEmicrograph and EDXmaps). The bright areas
within the darker matrix in figure 5(f) probably originated
from surface deformation during sample preparation since
the corresponding EDX elemental maps in figure 5(f) show
a homogeneous chemical composition. The microstructural
evolution from locations c to f shows that the dendritic micro-
structures were homogenized by solid-state interdiffusion dur-
ing the deposition of successive layers (see section 4.5). In
other words, as upper layers are deposited and remelted,
the underlying solid layers with an initially dendric struc-
ture are annealed and homogenized as heat from the melt
pool flows towards the substrate. Close to the Ti substrate at
14 < x < 17 mm, an intermixing region where Nb and Ta
particles were not fully melted during the LMD process can
be seen in the BSE and EDX maps, shown in figure 5(g).
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Figure 4. Powder blends from stock 1 (left) and stock 2 (right) with poor and good flowability, respectively.

Similar analyses were also performed for an equi-
atomic TiZrNb1Hf1Ta1 RHEA that was prepared from the
interstitial-rich stock 1 powder. The specimen was found to
have a microstructure similar to that of the interstitial-lean
TiZrNb2Hf2Ta2 RHEA, except for the presence of a low
volume fraction of small precipitates along the grain boundar-
ies. Additional information regarding such precipitates as well
as the parameters promoting their formation, will be presented
in section 4.5. The TiZrNb1Hf1Ta1 alloy was found to bemuch
harder than the TiZrNb2Hf2Ta2 RHEA indicating that O and
N contents significantly affect the strength of the quinary equi-
atomic alloys. These aspects will be discussed in more detail
in section 4.6.

4.2. Microstructure of the TiZrNbTa RMEA

Analyses similar to those mentioned above were performed
on the quaternary TiZrNbTa RMEA produced from the stock
2 powder, using the same LMD parameters as those used to
produce the quinary TiZrNb2Hf2Ta2 RHEA. The results are
presented in figure 6, using the same layout as figure 5 for
ease of comparison of the macro-/micro-structures. Similar
defects are observed in the quaternary and quinary alloys, but
the TiZrNbTa sample contains large pores (∼1 mm diameter)
that coalesced to form large cavities. Most of these cavities
are located along the central axis of the specimen and het-
erogeneously distributed along its height. At this stage, it is
worth mentioning that the LMD process had to be interrup-
ted after half of the specimen was grown (at x ≈ 9 µm) due
to the limited size of our powder container. After a refill, dur-
ing which the specimen cooled for ∼3 min, the process was
resumed and the second half of the specimen was built. While
this interruption and cooling did not affect the porosity of the
quinary TiZrNbHfTa alloy (figure 5(a)), it induced the form-
ation of elongated pores along the transverse direction in the
quaternary TiZrNbTa alloy at x= 9 mm. These pores probably
resulted from the rapid heat dissipation that took place during
the short interruption. Large cavities formed at 6 < x < 9 mm

but were absent at the top of the TiZrNbTa specimen. The
reasons for the non-uniform distribution of pores along the
height of the TiZrNbTa specimen will be discussed at the end
of this section. While the overall composition of the specimen
is roughly equiatomic, the large pores and cavities affected the
local chemical composition, which is enriched in Ti and Zr
and correspondingly depleted in Ta and Nb, see figure 6(b). A
more detailed EDX analysis was carried out near the largest
pore, and the corresponding elemental maps are displayed in
figure 6(f). Here, the ∼100 µm thick matrix shell surrounding
the pore is Ti- and Zr-rich and Nb- and Ta-poor.

Similar to what was observed in figure 5(c), interdend-
ritic shrinkage porosity occured on the top of the TiZr-NbTa
sample within the last solidified melt pool (see the black
areas in figure 6(c)). However, the dendritic microstructure
at the top of the TiZrNbTa sample shows a stronger con-
trast than that found in the quinary TiZrNbHfTa RHEA (com-
pare figures 5(d) and 6(d)). The dendritic cores are enriched
in the elements Nb and Ta with high melting points and
have a composition of Ti21Zr15Nb29Ta35, while the interdend-
ritic regions are enriched in Ti and Zr (Ti29Zr35Nb21Ta15),
similar to the composition found close to the largest cavit-
ies (at 6 < x < 7 mm in figure 6(b)). Interestingly, while
Nb was evenly distributed within the dendritic microstruc-
ture of the quinary RHEA (figure 5(d-EDX) maps), Nb con-
centrated at the dendritic cores in the quaternary TiZrNbTa
alloy. Close to the substrate, high magnification images (not
shown here) also showed the presence of partially homo-
genized dendritic microstructures. This is in contrast to the
TiZrNbHfTa sample, in which the dendritic microstructures
were fully homogenized along most of the specimen height,
4 < x < 17 mm, indicateing that full in-process homo-
genization during LMD was not possible for the TiZrNbTa
alloy.

To better understand the factors contributing to the
macro- and micro-structural differences between the qua-
ternary and quinary alloys, thermodynamic calculations
were performed by Dr. J-P Couzinié from the ‘Institut
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Figure 5. (a) Inverted optical image of the equiatomic TiZrNbHfTa RHEA produced with the interstitial-lean stock 2 powder. The green
rectangles c through g highlight the regions of interest. (b) EDX concentration profiles (lines) of the constituent elements along the
cylindrical axis of the specimen. Also shown in (b) is the hardness profile (right y-axis) represented by black dots with error bars. The
position x = 0 indicates the top of the columnar specimen, and positions above ∼16 mm are located within the Ti substrate. (c–g) BSE
micrographs showing the microstructural evolution along the growth axis of the specimen and corresponding EDX elemental maps. For
more details refer to the text.

de chimie et des matériaux Paris-est, Thiais, France’ (see
the acknowledgments section) using CALPHAD software
and the TCHEA4 database to compute the solidus and

liquidus temperatures of these alloys. All liquidus temper-
atures and solidification ranges presented in the remainder
of the paper for other alloys were obtained using the
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Figure 6. (a) Inverted optical image of the equiatomic TiZrNbTa RMEA produced with stock 2 powder, showing the presence of large
pores. The green frames c through g show locations where detailed microstructural and chemical characterizations were performed. (b) The
EDX concentration profiles of the constituent elements along the growth axis are shown as lines, and the hardness profile (right y-axis) is
represented by black dots with error bars. The position x = 0 indicates the top of the specimen, and positions above ∼16 mm are located
within the Ti substrate. (c–g) BSE micrographs and corresponding EDX elemental maps showing the microstructural evolution along the
growth axis of the specimen. For more details see the text.

same procedure, and the data are provided in tables A1–
A6 of the supplementary material (available online at
https://stacks.iop.org/IJEM/3/015201/mmedia). Even though
interstitials may affect solidus and liquidus temperatures,

O and N are not included in the TCHEA4 database, so their
contributions were neglected. The quinary TiZrNbHfTa and
quaternary TiZrNbTa alloys solidify in temperature ranges of
∼1850 ◦C–2030 ◦C and ∼1790 ◦C–2090 ◦C, respectively.

9
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Since the quaternary alloy has a wider solidification range
(∼300 ◦C) than the quinary alloy (∼180 ◦C), the chem-
ical partitioning during dendritic solidification is expec-
ted to be stronger in TiZrNbTa than TiZrNbHfTa. This
expectation agrees with the experimental results, compare
figures 5(d) and 6(d). Moreover, additional EDX line scans
(not shown here) revealed that the concentration fluctuations
within the dendritic microstructures for Ta are ±10 at.% in
TiZrNbTa and ±4 at.% in TiZrNbHfTa. As the chemical par-
titioning during solidification is much stronger in the quatern-
ary TiZrNbTa MEA, the cyclic heat treatments resulting from
the LMD process are not sufficient enough to homogenize the
dendritic microstructure.

Regarding the formation of porosity, as TiZrNbTa has a lar-
ger solidification range and a higher liquidus temperature than
the quinary alloy, the former is expected to exhibit more poros-
ity from dendritic shrinkage. A possible mechanism through
which shrinkage porosity transforms into rounded pores will
be treated in the next section. We now discuss possible reasons
for the non-uniform distribution of pores and cavities in the
quaternary TiZrNbTa alloy (figure 6(a)). At the beginning of
the LMD process, the cooling rates are high and the melt pool
has a relatively low temperature and short lifetime. Under
these conditions, only the elements with the lowest melting
temperatures are dissolved (e.g. Ti and Zr). The melt has a
low liquidus temperature and a narrow solidification range,
while the powder particles with high melting points (Ta and
Nb) remain ‘as is’ (unmelted) in the structure. As the speci-
men grows, the distance between the melt pool and the sub-
strate increases, heat accumulates in the specimen, and the
melt pool temperature rises. When the melting temperature of
Nb and Ta is reached (∼2 mm away from the substrate), these
particles are dissolved in themelt pool. As a result, the liquidus
temperature and solidification range drastically increase. Con-
sequently, dendritic solidification becomes more severe and
the viscosity of the melt pool increases, which together pre-
sumably promote the formation of pores due to one or more of
the following mechanisms: (a) The temperature at the center
of the melt pool is higher than at its periphery, which leads to
inward solidification andmay result in the formation of shrink-
age porosity along the central axis of the specimen (where the
last liquid solidifies). (b) Since the boiling temperature of Ti
is only 270 ◦C above the melting temperature of Ta (table 1),
we cannot exclude the possibility that some pores observed in
TiZrNbTa (figure 6(a)) may be related to the evaporation of
Ti, which may be trapped in the middle of the specimen due
to the high viscosity of the melt pool. (c) A significant amount
of dendritic shrinkage porosity was observed at the top of the
specimen (figure 6(c)), and subsequent cyclic anneals during
LMD may transform it into rounded pores (see next section).
These mechanisms may result in the formation of pores in the
region 11 < x < 15 mm, see figure 6(a). The pores hinder heat
flow in the specimen, and heat accumulates faster in the LMD
specimen during its growth. As a result, the temperature and
lifetime of the melt pool increase while the temperature gradi-
ent and cooling rate decrease. These conditions may suppress
the formation of pores and large cavities at 9 < x < 11 mm. As
mentioned previously, heat dissipated when the LMD process

was interrupted at x = 9 mm for 3 min. When the LMD pro-
cess was resumed, the temperature gradient and cooling rate
suddenly increased, which promoted the formation of porosity
at 6 < x < 9 mm. Finally, heat accumulated again as the speci-
men grew in height and large cavities disappeared at x < 6mm.
Together, these results suggest that heat accumulation plays a
key role in the suppression of porosity and the homogenization
of dendrites. Therefore, pre-heating the Ti substrate may be
beneficial for processing refractory alloys with high liquidus
temperatures and broad solidification ranges. Further work is
needed to investigate this.

4.3. Effect of liquidus temperature and solidification range
on processability and microstructures

The previous section showed that both the liquidus temperat-
ure and the solidification range play major roles in the pro-
cessability of refractory alloys by LMD. To further study the
effects of these parameters on sample size/shape, microstruc-
ture, and how porosity forms during LMD, two additional
ternary equiatomic alloys with low (TiZrNb, T liq = 1827 ◦C)
and high (ZrNbTa, T liq = 2272 ◦C) liquidus temperatures and
narrow and broad solidification intervals (138 ◦C for TiZrNb
and 365 ◦C for ZrNbTa) were investigated using the same set
of processing parameters. The dimensions of the TiZrNb and
ZrNbTa specimens produced by LMD from the stock 2 powder
are strongly affected by their respective liquidus temperatures
and solidification ranges. The TiZrNb specimen has a short
height of ∼9 mm and a diameter of ∼7.5 mm, which exceeds
the laser spot size, see figure 7(a). In contrast, the ZrNbTa
sample has a greater height of∼14 mm and a smaller diameter
of ∼5 mm, the latter is comparable to the laser spot size, see
figure 7(A). These results can be rationalized as follows: for
constant processing parameters, an alloy with a low liquidus
temperature has a low melt pool viscosity [53, 54]. As a result,
the melt pool of the TiZrNb specimen spreads in the plane per-
pendicular to the growth direction. This behavior affects the
final dimensions of the specimen, resulting in a large diameter
and a short height. In contrast, the higher viscosity of ZrNbTa,
due to its higher liquidus temperature, does not produce signi-
ficant lateral spread of its melt pool. As a result, each depos-
ited layer is thicker and the column diameter keeps roughly the
same size as the laser spot.

The differences in liquidus temperatures and solidifica-
tion ranges of the two alloys have a strong effect on poros-
ity. While ZrNbTa with a high T liq and a broad solidification
interval presents a large number of pores, TiZrNb is almost
devoid of pores. If we compare the structures of TiZrNbTa
(T liq = 2088 ◦C) and ZrNbTa (T liq = 2272 ◦C) shown in
figures 6(a) and 7(A), respectively, the pores in the quaternary
alloy are much larger than those in the ternary alloy for a com-
parable solidification range (299 ◦C for TiZrNbTa compared to
365 ◦C for ZrNbTa). However, as mentioned previously since
the boiling temperature of Ti is close to the melting point of
Ta, the largest pores observed in TiZrNbTa (figure 6(a))may be
related to the evaporation of Ti. The evaporation of Ti in com-
bination with the melt pool viscosity may also affect porosity.
In other words, Ti may evaporate during LMD of the TiZrNb
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Figure 7. Comparison of the (micro/macro)-structures of two alloys with low (TiZrNb, left column) and high (ZrNbTa, right) liquidus
temperatures and narrow (TiZrNb) and broad solidification intervals (ZrNbTa) produced by LMD with the stock 2 powder. (a) and (A)
Inverted optical images of equiatomic TiZrNb and ZrNbTa samples, respectively, showing the effect of liquidus temperature and
solidification range on sample geometry and structural defects. (b) and (B) Grain orientation maps where the colors indicate crystallographic
orientations parallel to the growth direction displayed in the stereographic triangle in (b). (c)–(d) and (C)–(D) BSE micrographs recorded at
the locations highlighted in (a) and (A), respectively. (e) and (E) Optical micrographs of the upper parts of the TiZrNb and ZrNbTa samples
showing clusters of interdendritic shrinkage porosity and eventually pores. The red lines indicate the initial solid/liquid interfaces during the
phase 1 deposition while the red areas show the regions that were not remelted during phase 3 (see LMD sequence in figure 2). If shrinkage
porosity is present in a red area (e.g. (E) for ZrNbTa), it transforms into large pores during the successive deposition of layers by LMD.

alloy and could easily escape from the specimen since the Ti
gas migrates through a melt pool with a low viscosity. In con-
trast, the denser melt pool of the TiZrNbTa specimen may trap
the Ti gas during its rapid solidification.

Phase analysis was performed using EBSD over the com-
plete surface area of the longitudinal sections. The correspond-
ing phase maps (not shown here) revealed that the LMD speci-
mens (TiZrNb, ZrNbTa as well as TiZrNbTa and TiZrNbHfTa)
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Figure 8. Microstructure of a spherical pore in the ZrNbTa specimen with a high liquidus temperature and a broad solidification range
(This pore is indicated by a black arrow in figure 7(E)). Here dendrites are clearly visible at the surface of the pore.

were single-phase bcc while the Ti substrates were hexagonal
close-packed (hcp). Large color-coded grain orientation maps
of the samples are provided in figure 7(b, B) where individual
crystallites are colored according to their crystallographic ori-
entation relative to the growth (here vertical) axis. The upper
part of the TiZrNb specimen in figure 7(b) presents two dis-
tinct microstructural features: Large equiaxed grains are vis-
ible at the top of the specimen above the blue line. In con-
trast, much smaller grains are visible within the black ellipse.
These microstructures formed during the solidification of the
last melt pool with the lower (black ellipse) and upper parts
(above the blue line) exhibiting fine and coarse grain micro-
structures, respectively. In the lower parts of the TiZrNb spe-
cimen (figure 7(b)), the grains are smaller and equiaxed in
the middle of the cylindrical specimen and become slightly
elongated and larger as one moves from the center of the
specimen towards its lateral surfaces. This is reminiscent of
the grain structure in castings and welded metals where the
grains near the edges, or the liquid-solid interface, are lar-
ger and elongated along the heat flow direction and smal-
ler and equiaxed near the center. The TiZrNb alloy is not
strongly textured except for the outer grains inside the green
ellipses in figure 7(b), where the red color indicates that the
<100> crystallographic directions of these grains are prefer-
entially oriented along the growth direction. However, since
microhardness testing was performed in the middle of the spe-
cimens and the narrow textured regions were removed dur-
ing machining of the compression specimens, the mechanical
data reported in section 4.6 are representative of polycrystals
with near-random grain orientations. The grains of the ZrNbTa
sample are generally smaller and have more irregular morpho-
logies than those of TiZrNb. This is probably related to the
fact that the solidification rates are higher in ZrNbTa than in
TiZrNb since the former has a higher liquidus temperature than
the latter. As in the TiZrNb alloy, ZrNbTa does not show a
strong texture except for the area marked with a red ellipse in
figure 7(B) where grains elongated along the growth direction

exhibit a blue color indicating a slight <111> fiber texture.
At the bottom of the sample, the ZrNbTa alloy shows very
small grains in the region where Nb and Ta particles were not
melted, see black ellipse in figure 7(C) and bright particles in
figure 7(D). No compression specimens were produced from
ZrNbTa because of its significant porosity.

We now compare the microstructures of the two alloys near
the top and the bottom of the specimens, see locations c-d and
C-D in the BSE micrographs in figure 7(a, A), respectively.
While no obvious micro-segregation could be detected in the
TiZrNb alloy (figure 7(c), (d)), clear dendritic microstructures
were observed throughout the ZrNbTa alloy (figure 7(C), (D)).
This difference is probably related to the higher liquidus tem-
perature and solidification range of the latter alloy, which
induces a higher solidification rate and a more pronounced
dendritic microstructure. The different liquidus temperatures
are also consistent with the microstructures observed at the
bottom of the specimens. While the elemental powders were
fully mixed in the TiZrNb specimen with a low T liq, the tem-
perature of the first melt pools was not high enough to dissolve
the Nb and Ta particles in the ZrNbTa specimen, figure 7(D).
The EDX concentration and hardness profiles along the built-
up direction of the TiZrNb and ZrNbTa RMEAs can be found
in figure A1 (supplementary material).

We have seen that pores are more likely to appear when
the alloy has a high liquidus temperature and a broad solid-
ification range. This observation indirectly shows that inter-
dendritic shrinkage porosity may play a role in the forma-
tion of pores. For this reason, interdendritic shrinkage porosity
was examined more closely. In all of the alloys investigated
here, the microstructures of the last solidified melt pools were
found to be dendritic. Moreover, non-uniformly distributed
clusters of interdendritic shrinkage porosity were observed
in all of them (e.g. figure 7(e, E)) for TiZrNb and ZrNbTa,
respectively). Most of these clusters appear in the upper part
of the melt pool, which solidifies with an equiaxed dendritic
microstructure. While the clusters are located close to the
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Figure 9. One of the mechanisms leading to the formation of spherical pores in specimens with high liquidus temperatures and broad
solidification ranges (lower row) while samples with low liquidus temperatures and narrow solidification ranges remain pore free (upper
row). (a) Deposition of the n + 1 layer. (b) After solidification of this layer, clusters of interdendritic shrinkage porosity form within the last
solidified melt pool and their distribution depends on the liquidus temperature and solidification interval. The clusters are located at the top
of the last solidified melt pool in alloys with low liquidus temperatures and narrow solidification ranges (upper row) while they are present
further away from the top in alloys with high liquidus temperatures and broad solidification intervals (lower row). (c) During the deposition
of the n + 2 layer, the clusters of shrinkage porosity are either completely remelted and eliminated (upper row) or trapped in the solidified
microstructure (lower row). (d) As a result of the heat flowing from the melt pool towards the substrate, the clusters coalesce into larger
spherical pores, minimizing the interfacial energy.

liquid/gas interface in TiZrNb (∼1 mm away for the top of
the LMD specimen, figure 7(e)), they are present further away
(∼2.5 mm) in ZrNbTa, see figure 7(E). While spherical pores
are nearly absent in TiZrNb, some pores formed in the vicinity
of the clusters present in ZrNbTa. One of these pores is marked
with a black arrow at the bottom of figure 7(E), and its micro-
structure is magnified in figure 8 where dendrites are clearly
visible at the surface of the pore.

Figure 9 schematically illustrates the effect of heterogen-
eous spreading of the melt pools on the transformation of
interdendritic shrinkage porosity into spherical pores in the
final LMD structure. The TiZrNb alloy has a low liquidus
temperature, and the melt pool has a low viscosity and spreads
laterally, resulting in thin deposited layers. The clusters of
interdendritic shrinkage porosity are located in a narrow region
close to the top of each deposited layer (see the upper row
of figure 9(b)). This region is remelted during the deposition
of the next layer, which eliminates the clusters (figure 9(c)).
As a result, both layers n and n + 1 (figure 9(d)) are devoid
of spherical pores. In contrast, the higher liquidus temperat-
ure, melt pool viscosity, and solidification interval combined
with the faster solidification rate of the ZrNbTa alloy produce
a higher number of clusters of interdendritic shrinkage pores
(figure 9(b), lower row). If some of these clusters are loc-
ated outside the melt pool of the next deposited layer, poros-
ity is trapped in the solidified structure (figure 9(c), lower

row). As heat accumulates during the successive deposition
of additional layers, the clusters of interdendritic porosity
coalesce into large spherical pores, decreasing the interfacial
energy (figure 9(d), lower row).

4.4. Oxygen and nitrogen contents in RHEAs and RMEAs
after LMD

The O and N concentrations in the equiatomic TiZrNb1Hf1Ta1

alloy produced from the stock 1 powder were determined by a
commercial analysis laboratory to be 1.89 at.% and 0.76 at.%,
respectively (see table 2). Assuming that the interstitial impur-
ities in the starting elemental powders (table 1) ended up
entirely in the LMD structures, we can compute the O and N
contents in the equiatomic alloy as 1.85 at.% and 0.63 at.%,
respectively (table 2). These calculated values are compar-
able to the measured values, indicating that the interstitials
are introduced into the alloy primarily from the elemental
powders. The quaternary equiatomic TiZrNb2Ta2 RHEA is
found to contain much lower quantities of O and N (0.66
and 0.09 at.%, respectively), which may be compared to the
expected values (0.46 at.% for O and 0.03 at.% for N). These
two results indicate that relatively low concentrations of O
(0.04–0.2 at.%) and N (0.06–0.13 at.%) are introduced dur-
ing LMD. Most of the O and N in the specimen originated
from the elemental powders. As mentioned previously, the
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Table 2. Interstitials concentration in deposited equiatomic alloys determined experimentally by carrier gas hot extraction (revierlabor
GmbH, Essen, Germany). Calculated (mean value) concentrations assume that the interstitials originate from the elemental powders.

Alloy S (at.%) H (at.%) O (at.%) N (at.%) C (at.%)

TiZrNb1Hf1Ta1—exp 0.01 0.07 1.89 0.76 0.05
TiZrNb1Hf1Ta1—calc. — — 1.85 0.63 —
TiZrNb2Hf2Ta2—exp — — 1.59 0.08 —
TiZrNb2Ta2—exp — — 0.66 0.09 —
TiZrNb2Ta2—calc. — — 0.46 0.03 —

interstitial contents of the Hf2 powder could not be determined
due to the small quantity of available powder. However, an
equiatomic TiZrNb2Hf2Ta2 was produced by LMD using the
stock 2 powder, and its O and N contents were found to be
1.59 at.% and 0.08 at.%, respectively. Assuming that LMD
introduces∼0.1 at.% of O and N and that their concentrations
in the elemental powders remain in the specimen after LMD,
the interstitial contents of the Hf2 powder were estimated to be
5.6 at.% O and 0.01 at.% N, see table 1. In the remainder of
the present study, the interstitial concentrations of all RHEAs
were estimated using the above assumptions with the intersti-
tial contents listed in table 1.

4.5. High-throughput synthesis and screening
of compositionally graded structures

Based on the knowledge gained from sections 4.1–4.4, we
now investigate compositionally graded specimens for high-
throughput screening of their microstructures and hardnesses.
These specimens were produced from the stock 1 powder
using the same set of parameters that were used for the
equiatomic TiZrNbHfTa RHEA. The compositionally graded
structures and the equiatomic TiZrNbHfTa specimens have
different heights, ∼40 mm and ∼17 mm, respectively. A con-
centration profile along the growth direction of a composi-
tionally graded columnar sample is presented in figure 10(a).
The Ti concentration decreases from ∼40 at.% at the top
of the columnar sample (x = 0 mm) to ∼13.3 at.% at the
sample/substrate interface (x = 37 mm). The other elements
remain in roughly equiatomic proportions and each of their
concentrations increase from ∼15 at.% to ∼21.7 at.%. The
O and N concentrations within the specimen were estimated
to increase linearly from 1.6 at.% to 2.1 at.% and 0.6 at.% to
0.8 at.%, respectively, between the Ti40Zr15Nb15Hf15Ta15 and
Ti13.3Zr21.7Nb21.7Hf21.7Ta21.7 alloys, assuming that the inter-
stitials present in the elemental powders (see table 1) remain
after processing, and that LMD introduces 0.1 at.% O and
0.1 at.% N. Distinct segments are visible in figure 10(a) cor-
responding to the five different powder blends (e.g. the Ti-
concentration profile has a five-step staircase shape). The
slight slope at the edge of each step indicates that intermixing
took place between the layers, which is typical for successively
laser-welded samples with dissimilar compositions. The hard-
ness profile (right y-axis, black data points in figure 10(a))
shows the same segmentation as the concentration profile.
Average hardness within individual segments are 450 HV1
(13.3 at.% Ti), 466 HV1 (20 at.% Ti), 441 HV1 (26.7 at.% Ti),

417 HV1 (33.3 at.% Ti), and 392 HV1 (40 at.% Ti), with a
low scatter of ∼5 HV1 within each. The highest hardness is
found for the equiatomic composition and the lowest hard-
ness for the Ti-rich composition. The unalloyed Ti substrate,
x > 37 mm, has the lowest hardness of all (150 HV1). At the
top of the sample (x < 1 mm), the local hardness is much lower
with large scatter due to the presence of interdendritic shrink-
age porosity, typical of all of the specimens investigated in the
present work (e.g. figure 7(e)). Note that the two data points
for x < 1 mm in figure 10(a) were not included in the cal-
culation of the average hardness of the Ti40Zr15Nb15Hf15Ta15
alloy.

BSEmicrographs were recorded along the growth direction
of the LMD specimen. Except for the presence of precipitates
at x > 23 mm, the microstructures were similar to those
of the TiZrNbHfTa alloy (figure 5) and their main features
are highlighted in figure 10(a) with different colored back-
grounds (e.g. yellow = dendrites, blue = chemically homo-
geneous single-phase bcc, and green = precipitates). The top
of the compositionally graded sample (x = 0.5 mm) exhib-
its a coarse dendritic microstructure with randomly oriented
dendrites enriched in Hf and Ta and interdendritic regions
enriched in Ti and Zr. At x = 3.0 mm, the dendritic struc-
ture is still present, but the dendrites are longer, oriented ver-
tically along the solidification direction, and their contrast is
less pronounced. Below the last solidified melt pool (∼3 mm
away from the top), the dendritic structure gradually disap-
pears and completely vanishes at x= 4 mm (see figure 10(a)).
The dendritic microstructures have been largely homogen-
ized by solid-state interdiffusion, except for those in the
last section to solidify near the top of the column. At
x > 4 mm, the grains are elongated along the growth direction
(e.g. Figures 10(b), (c)).

While the microstructures are chemically homogeneous
and single-phase bcc at 4 < x < 23 mm, precipitates are
observed between 23 mm and 36 mm from the top of the
specimen (region with a green background in figure 10(a)).
Two locations of interest labeled b and c in figure 10(a) were
imaged and the corresponding BSE micrographs are shown in
figures 10(b), (c), respectively, where a remnant Vickers indent
is visible in the middle of each micrograph. In figure 10(b)
(x = 24 mm), a small fraction of the grain boundaries is
decorated with precipitates. One of these is magnified in
figure 10(d) where lamellar-shaped precipitates with a length
of ∼4 µm grew from the grain boundary towards the left,
indicating discontinuous precipitation, as discussed below.
With increasing distance from the top of the compositionally
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Figure 10. Compositionally graded sample built using five powder blends from the stock 1 powder. The composition was changed from
Ti13.3Zr21.7Nb21.7Hf21.7Ta21.7 (right) to Ti40Zr15Nb15Hf15Ta15 (left). (a) The position x = 0 indicates the top of the columnar specimen while
positions to the right of x = 36 mm are located within the Ti substrate. The concentrations of the alloying elements (left y-axis) are shown as
continuous lines, and hardness values (right y-axis) are given with black dots and error bars. Note that the estimated O concentration
increases linearly from 1.6 at.% to 2.1 at.% and the N content increases from 0.6 at.% to 0.8 at.% when x increases between 0 and 36 mm.
The labels (b-c) indicate the positions where the microstructure was investigated by SEM and found to exhibit two phases. In figures (b) and
(c), small areas marked with colored frames are magnified in (d) and (e), respectively. Lamellar precipitates were found at grain boundaries
(b), (d) and (c), (e). Additionally plate-shaped precipitates formed within grains at location (c), (e).
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graded specimen (x > 23 mm), both the fraction of covered
grain boundaries as well as the surface area fraction of pre-
cipitates increase, figure 10(c). Additionally, needle- or plate-
shaped precipitates start to appear within grains at x > 31 mm
(see figures 10(c), (e)). The morphologies of these latter
precipitates are similar to those reported by Senkov and
Semiatin [7] for an equiatomic TiZrNbHfTa RHEA that was
annealed at 1200 ◦C for 2 h and slowly cooled at a rate of
15 ◦C min−1 to room temperature. Both types of precipitates
(allotriomorphs and those within grains) are darker than the
matrix and are surrounded by a bright shell. EDX measure-
ments (not shown here) were performed to identify the nature
of these percipitates. The precipitates were much smaller than
the electron penetration depth (∼2 µm), so the EDX meas-
urements were only qualitative. The two types of precipitates
in figure 10(d), (e) were simultaneously enriched in Zr, Hf,
O (the EDX peaks of O and N cannot be differentiated) and
depleted in Ti and Ta. Even though these precipitates were
too fine to be analyzed by EBSD, the microstructure shown
in figure 10(d) strongly resembles those resulting from dis-
continuous precipitation, also known as cellular precipitation
[55], in Ti [56] and Nb-Zr alloys [57]. Based on these studies,
the dark lamellae enriched in Hf and Zr at the grain bound-
aries could be either bcc [56] or hcp [58] since both phases
are stabilized at higher temperatures through the additions of
O and N. The brighter areas between the dark lamellae in
figure 10(d) are correspondingly depleted in Hf and Zr and
are therefore NbTa-rich (presumably bcc). These phases are
also consistent with the results of phase stability studies in
the equiatomic TiZrNbHfTa RHEA [16–18]. Two different
bcc phases (NbTa- and ZrHf-rich) form when the TiZrNbHfTa
alloy is aged at temperatures between 800 ◦C and 900 ◦C
while an additional ZrHf-rich phase with an hcp structure
precipitates below 800 ◦C. However, further TEM work is
required to determine the crystallographic structures of the
precipitates.

The presence of precipitates in the compositionally graded
structure for x > 23 mm may be rationalized as follows. Dur-
ing the layer-wise build-up of the LMD specimen, while the
layers right below the final melt pool may be annealed in a
single-phase bcc region, the temperatures within the under-
lying regions may fall in multi-phase regions and form pre-
cipitates. As the LMD-specimen grows, heat accumulates and
the alloys near the bottom are annealed multiple times. This
increases the effective annealing time and promotes precipit-
ate formation.

Four additional compositionally graded specimens were
produced from the stock 1 powder using the same processing
parameters to screen the influence of individual elements on
phase stability andmechanical properties. These samples were
designed such that the concentration of one element varies
from 13.3 to 40 at.% while retaining the other elements in
equimolar proportions. The corresponding EDX concentra-
tion profiles and hardness results are shown in figure 11 for
the (a) Zr-, (b) Nb- (c) Hf-, and (d) Ta-isopleths. The speci-
mens were removed from their Ti substrates before the EDX
measurements were carried out. The hardness of the 20 alloys,
displayed in figure 11, will be discussed in section 4.6.

The heights, h, of the different columnar samples range
between 33 mm and 41 mm. The following values reflect
the average liquidus temperatures of the structures: (a) Zr-
isopleth: h = 33 mm, T liq = 1976 ◦C; (b) Nb-isopleth,
h = 40 mm T liq = 2071 ◦C; (c) Hf-isopleth, h = 35 mm,
T liq = 2008 ◦C; (d) Ta-isopleth, h = 41 mm, T liq = 2110 ◦C.
In other words, the lower the liquidus temperature, the shorter
the specimen, as discussed before in section 4.3. As in
figure 10(a), the Zr- and Nb-isopleths have a staircase shape,
and deviations were observed for the Hf- and Ta-isopleths,
figure 11. The Hf-isopleth in figure 11(c) shows a linear con-
centration gradient, probably due to the morphology of the Hf1

powder, see figure 3. The Ta-isopleth has a staircase-shaped
concentration profile with enhanced scatter (figure 11(d)),
probably because Ta has a very high melting point, and this
compositionally graded sample contained many pores. The
estimated interstitial concentrations (see section 4.4) increase
linearly between the five powder blends from 1.7 at.% to
2.1 at.% for O and 0.6 at.% to 0.8 at.% for N along the Zr-, Nb-,
and Ta-isopleths (from left to right in figures 11(a), (b) and
(d)). The estimated interstitial concentrations decrease linearly
between 3.3 at.% and 1.5 at.% for O and 1.3 at.% and 0.5 at.%
for N along the Hf-isopleth (figure 11(c)). These trends reflect
the fact that the Hf1 powder is the principal source of intersti-
tials, i.e. the higher the Hf-concentration, the greater the inter-
stitial content.

BSE micrographs were recorded along the height of the
specimens, and the microstructures were similar to those
in figures 5 and 10. To compare the different composition-
ally graded specimens with each other, the yellow, blue,
and green backgrounds in figures 10(a) and 11 indicate the
regions in which a dendritic microstructure, a chemically
homogeneous bcc single-phase microstructure, or a two-phase
microstructure—where precipitates form at grain boundaries
and eventually within grains—were observed. The size of
the region in which a dendritic microstructure was observed
(yellow background in figure 11) correlates with the solid-
ification range, ∆T: the larger the solidification range, the
harder it is to homogenize the dendritic microstructure and the
wider the yellow range in figure 11 (Ti15Zr40Nb15Hf15Ta15,
∆T = 84 ◦C; Ti15Zr15Nb40Hf15Ta15, ∆T = 237 ◦C;
Ti15Zr15Nb15Hf40Ta15, ∆T = 68 ◦C; Ti15Zr15Nb15Hf15Ta40,
∆T = 337 ◦C).

The single-phase bcc region (blue background) is the
largest for the Ti-isopleth (figure 10(a)) followed by the Zr-,
Nb-, Hf-, and Ta-isopleths (figures 11(a)–(d), respectively).
Several factors determine the distribution of phases. (1) The
overall alloy composition, for obvious reasons. (2) The inter-
stitial content, because it is well-known in the literature that O
and N destabilize high-temperature bcc solid solutions. Since
the Hf1 powder is the major source of interstitials, high Hf-
concentrations are expected to promote precipitation indir-
ectly. (3) The thermal history, i.e. the number of thermal cycles
that an alloy undergoes and the average thermal conductiv-
ity of the alloy (the lower its value, the higher the annealing
temperature of the underlying deposited layers). Based on this
knowledge, we expect that the Hf-isopleth will have a nar-
row single-phase bcc region because the interstitial contents
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Figure 11. EDX concencentration profiles of four compositionally graded TiZrNbHfTa RHEAs produced by varying the composition of one
element at a time, (a) Zr, (b) Nb, (c) Hf, and (d) Ta, from 13.3% to 40%, while retaining the other elements in equimolar proportions. Each
sample was deposited using five different blends of the stock 1 powder. The position x = 0 indicates the top of the columnar specimen. Note
that the specimens were removed from their Ti substrates before EDX measurements were performed. The concentrations of the
substitutional elements are shown as continuous lines (left y-axis) while the corresponding hardness values are displayed as black symbols
with error bars (right y-axis). Between the top and the bottom of each specimen, estimated interstitial contents change linearly within the
following ranges: (a, b, and d) 1.7–2.1 at.% O and 0.6–0.8 at.% N and (c) 3.3–1.5 at.% O and 1.3–0.5 at.% N since the Hf1 powder is the
principal source of interstitials, see sections 3.3, 4.4 and table 1.
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Figure 12. SEM image of a brittle fracture surface of the TiZrNb1Hf1Ta1 alloy with a high interstitial concentration (1.89 at.% O and
0.76 at.% N). The tensile specimen broke during machining of threads in the grip section.

are high at the top of the specimen (figure 11(c)). The Nb-
and Ta-isopleths are also expected to have narrow single-phase
bcc regions (blue background in figures 11(b), (d)). Indeed,
since the compositions in the uppermost regions have high
liquidus temperatures, they contain more pores that lower the
thermal conductivity of the LMD structure. As a result, the
lowermost regions are annealed at higher temperatures, which
may promote the formation of precipitates. In contrast, the Ti-
isopleth has the largest single-phase bcc region because the
liquidus temperature of the uppermost alloys is low and these
alloys have low interstitial contents.

4.6. Factors affecting the strength of RHEAs

Attempts were made to machine cylindrical tensile specimens
from the equiatomic TiZrNb1Hf1Ta1 sample that was pro-
duced by LMD from the stock 1 powder with O and N con-
tents of 1.89 at.% and 0.76 at.%, respectively. Unfortunately,
the alloys fractured during the machining of the screw threads
in the grip sections. One of the fracture surfaces is shown
in figure 12. Both transgranular and intergranular regions are
visible, and the overall fracture surface of the interstitial-rich
alloy is brittle. Moreover, some of the intergranular fracture
surfaces show a rough topology suggesting that grain bound-
ary precipitates, such as those shown in figure 10(d), may
have played a role in rupture. No tensile specimens could be
machined out of the equiatomic TiZrNb2Hf2Ta2 sample that
was produced from the stock 2 powder since the amount of Hf2

powder was too low to produce sufficiently ‘large’ tensile spe-
cimens. For these two reasons, compression specimens, which

require smaller material volumes, were machined and tested to
assess the mechanical behaviors of the TiZrNbHfTa RHEAs
with different interstitial-contents.

A compressive engineering stress-engineering plastic strain
curve at room temperature for the equiatomic TiZrNb1Hf1Ta1

sample is shown as a black line in figure 13(a). This
interstitial-rich RHEA has a very high yield stress at 0.2%
plastic strain of 1460 ± 30 MPa (based on two compres-
sion tests). It work hardens until ∼12% plastic strain where
the stress reaches a maximum of ∼1900 MPa. Then, cracks
start growing, inducing an apparent softening of the spe-
cimen and, ultimately, failure after ∼22% plastic strain.
In contrast, the interstitial-lean TiZrNb2Hf2Ta2 RHEA that
was produced from the stock 2 powder did not fracture
even after 40% plastic strain (blue line in figure 13(a)). Its
yield stress is 1105 ± 10 MPa, which is 25% lower than
that of the interstitial-rich alloy. The TiZrNb2Hf2Ta2 RHEA
work hardens during the entire compression test. The yield
stresses of TiZrNb1Hf1Ta1 (1460 MPa) and TiZrNb2Hf2Ta2

(1105 MPa) are both significantly greater than the compress-
ive yield stress (930MPa, see red line in figure 13(a)) reported
by Senkov et al [9] for an arc-melted, hot isostatically pressed,
and annealed alloy. The yield stresses of these samples also
surpassed the tensile yield stress (940 MPa) given by Lilen-
sten et al [59] for a recrystallized sheet. In the latter case, the
O and N contents in the recrystallized sheets were later repor-
ted to be 0.27 at.% for O and 0.10 at.% for N [14]. Therefore, it
appears that our samples’ higher yield stresses are due to their
higher interstitial contents. Differences in grain sizes can be
neglected as strengthening by grain boundaries was reported
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Figure 13. Effect of interstitial content on the compressive properties of equiatomic refractory alloys tested at a strain rate of 0.001 s−1.
(a) Stress–strain curves of interstitial-rich TiZrNb1Hf1Ta1 RHEA (black curve) and interstitial-lean TiZrNbHfTa (blue curve), both from
present study, compared to literature data for arc-melted TiZrNbHfTa (red curve) [9]. (b) Linear increase of the yield stresses of TiZrNbHfTa
and TiZrNbHf alloys [22] with increasing interstitial concentration. The empty symbols are for alloys that are single-phase bcc.

to be relatively modest in this RHEA [60]. Recently, Lei et al
[22] studied the effects of O and N additions on the strength
of a quaternary TiZrNbHf RMEA. The authors showed that
alloying this RMEA with 2 at.% O or 2 at.% N increased its
yield stress by ∼50% and ∼75%, respectively, compared to
the ‘interstitial-free’ alloy. N atoms are larger than O atoms,
and, therefore, may distort the lattice more. Based on [22], we
assumed that the effect of N on strength is 1.5 times larger than
that of O and plotted yield stress as a function of an equivalent
interstitial concentration defined as the sum of the O concen-
tration+1.5 times the N concentration (figure 13(b)). Data for
two alloys were plotted: the quinary TiZrNbHfTa alloy (this
study and [9, 59]), and the quaternary TiZrNbHf alloy [22]. In
the latter study, since the ‘interstitial-free’ alloy was not zone-
refined and its interstitial content was not reported, we assume
‘realistic’ O and N contents of 0.15 at.% each. Figure 13(b)
shows that the yield stresses of TiZrNbHfTa and TiZrNbHf
alloys increase linearly and at the same rate with increas-
ing interstitial concentrations. However, the quinary alloy is
∼26% stronger than the quaternary alloy over the entire range,
showing the strengthening effect of adding Ta to TiZrNbHf. A
possible effect of Ta is related to the fact that it increases the
solidus temperature from 1776 ◦C for TiZrNbHf to 1849 ◦C
for TiZrNbHfTa. Assuming both of these bcc alloys exhibit
thermal and athermal regions in their yield stress versus tem-
perature plots (similar to pure bcc metals and alloys), and the
transition between the two regions occurs at the same homo-
logous temperature, the Ta-containing quinary is expected to
have a higher yield strength at room temperature than the qua-
ternary without Ta. Based on limited experimental results [61],
it is estimated that a 74 ◦C increase in the solidus temperat-
ure might produce a 67 MPa (9%) increase in yield strength
at room temperature. Another contribution to strength is the
increase in shear modulus due to Ta addition: from 25.1 GPa
in TiZrNbHf [62] to 28–35.8 GPa (12%–43%) in TiZrNbHfTa

Table 3. Vickers microhardness and compression yield stress at
0.2% plastic strain of bulk specimens. Hardness values were
averaged along the sample height. Two compression specimens
were machined per LMD sample. All specimens from stock 2 were
tested up to a strain of 40% without fracture.

Alloy H (HV1) H/3 (MPa) σ0.2 (MPa)

Stock 1
Ti20Zr20Nb20Hf20Ta20 456 1520 ± 50 1460 ± 30
Stock 2
Ti20Zr20Nb20Hf20Ta20 344 1150 ± 50 1105 ± 10
Ti25Zr25Nb25Ta25 356 1190 ± 50 a

Zr33.3Nb33.3Ta33.3 368 1230 ± 50 a

Ti33.3Zr33.3Nb33.3 289 960 ± 50 795 ± 4
Ti27Zr27Nb27Hf9.5Ta9.5 325 1080 ± 50 910 ± 50
Ti42Zr22Nb22Hf7Ta7 275 920 ± 50 840 ± 30
Ti22Zr42Nb22Hf7Ta7 292 970 ± 50 b

Ti22Zr22Nb42Hf7Ta7 292 970 ± 50 a

aNot tested because of large pores.
bNot tested because of missing powder material.

[13, 14]. These individual contributions need to be isolated and
carefully investigated to fully understand the reasons for the
differences noted in figure 13(b).

The hardnesses of the various refractory alloys investig-
ated in the present study were divided by three to obtain a
rough estimate of their yield strengths. The resulting yield
strengths of the refractory alloys and single-composition spe-
cimens are compared in table 3. The yield strengths estim-
ated from the hardness values are systematically larger, by
∼10% on average, than those obtained from the compression
tests. This discrepancy may be related to the following reas-
ons. (a) Vickers hardness represents the strength at 8% plastic
strain and is therefore affected by work hardening. (b) bcc
alloys exhibit a large positive strain rate sensitivity of flow
stress. As the strain rate during a Vickers microhardness test is
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Figure 14. Effect of chemical composition on strength in refractory TiZrNbHfTa alloys. (a) Flow stress plotted versus the Ti concentration
showing no clear correlation. Other plots showing the flow stress as a function of Zr, Nb, and Ta concentrations also yielded poor
correlations. Much clearer relationships were obtained by plotting the yield stress either as a function of the Hf or (b) the equivalent
interstitial concentration. Note that most of the interstitials originate from the Hf powders. The square- and circle-shaped data points
represent flow stresses obtained with microhardness and uniaxial tests, respectively. The empty symbols mark single-phase bcc alloys. The
colors of the data points highlight different data sets: chemically graded specimens (black), single-composition samples (green) and the data
from figure 13(b) for the equiatomic TiZrNbHfTa alloy (red).

probably higher than that of the compression tests (0.001 s−1),
the flow stresses obtained from microhardness tests are expec-
ted to exceed those obtained by uniaxial tests. (c) The
bulk compression specimens produced by LMD may contain
small pores that result in a decrease of the apparent yield
stress.

The influence of individual elements on strength of quinary
TiZrNbHfTa alloys was investigated by plotting the uniaxial
flow stress (circles) and the microhardness divided by three
(squares) as a function of their respective concentrations in
figure 14. Here, the empty symbols refer to alloys that were
found to be single-phase bcc while those marked with full
symbols contained secondary phases. Different data sets are
represented by different colors: chemically graded and single-
composition samples (black and green, respectively) and the
data from figure 13(b) for the equiatomic TiZrNbHfTa alloy
(red). When the flow stress is plotted as a function of the
Ti concentration (figure 14(a)), the scatterplot does not show
any obvious correlation and similar plots (not shown here)
were also obtained for Zr, Nb, and Ta. In contrast, clearer
trends with similar shapes are obtained when the flow stress
is represented as a function of either the equivalent intersti-
tial content (figure 14(b)) or the Hf concentration (not shown).
Since the flow stress of a given alloy strongly increases with
increasing interstitial concentration (figure 14(b)) and the
interstitials mostly originate from the Hf powder (table 1),
we expect that interstitials play a major role in strengthen-
ing RHEAs. Indeed, all of the data points in figure 14(b)
fall within a narrow scatter band when the flow stress is dis-
played as a function of the equivalent interstitial concentra-
tion. For interstitial concentrations lower than 3 at.%, the flow
stress increases linearly with increasing concentration at a
similar rate as those shown in figure 13(b) for TiZrNbHfTa
and TiZrNbHf. However, strengthening saturates at higher

interstitial concentrations. Lei et al [22] stated that: ‘Addi-
tion of more than 3.0 at.% oxygen leads to deterioration of the
mechanical properties, although oxides are still not formed.’
However, we did not observe a deterioration of flow stress,
merely a saturation (figure 14(b)). A comparison of the data
obtained for alloys containing precipitates (full symbols) and
those that were found to be single-phase bcc (empty sym-
bols) does not show any significant differences. Therefore, the
strengthening due to low volume fractions of second phases
can be neglected. In contrast to the flow stress, the frac-
ture strain does deteriorate at higher interstitial concentrations
(see figure 13(a)). The interstitial-rich TiZrNb1Hf1Ta1 began
breaking at a plastic strain of 12% in compression while the
interstitial-lean TiZrNb2Hf2Ta2 showed no signs of failure up
to a strain of 40%.

5. Summary

LMD allows the production of equiatomic alloys and com-
positionally graded specimens within the Ti-Zr-Nb-Hf-Ta sys-
tem. An LMD setup was developed, and columnar samples
with diameters of 5–7.5 mm were deposited vertically layer
by layer in an Ar atmosphere. A repetitive LMD sequence
consisting of deposition and remelting steps was designed to
in-situ alloy elemental refractory powder blends. The local
melt pool produced by the laser effectively mixes the differ-
ent elemental powders despite their high melting temperatures
and largemelting-point differences. The results obtained in the
present study can be summarized as follows:

• We show that powders with irregular shapes and sizes
(e.g. left of figure 4) that are usually thought to be
unsuitable for LMD, because they do not flow easily, can
be successfully used when a vibratory module is inserted
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between the rotating disc and the storage powder container.
Such a construction allows the powder blend to be fed into
the melt pool.

• The dimensions of the columnar samples are affected by
the liquidus temperature of the alloy for a given set of
processing parameters. The melt pools of alloys with low
liquidus temperatures have a low viscosity and spread later-
ally. As a result, these specimens have large radii and short
heights. In contrast, alloys with high liquidus temperatures
have smaller radii and greater heights. To maintain constant
dimensions during the build, the process parameters should
be adjusted both as a function of composition and as a func-
tion of build height.

• Broadly speaking, the following similarities were noted
among the various alloys processed by LMD. The solidi-
fication of the final melt pool results in the formation of
equiaxed dendrites with clusters of interdendritic shrinkage
porosity. Alloys with high liquidus temperatures and broad
solidification ranges have more severe chemical partition-
ing between the dendrites and the interdendritic regions.
Below the melt pool, the heat introduced by the laser may
homogenize the dendritic microstructures in the solid-state
when the liquidus temperature and the solidification range
of the alloy are not too high. However, when the height
of the specimen becomes too large, the heat that accumu-
lates during processing may trigger a phase decomposition
in the lower half of the specimen. Near the substrate, the
temperature of the melt pool is too low and its lifetime too
short to dissolve the elemental powder particles with the
highest melting points (Ta and Nb). They remain ‘as is’ at
the bottom of the specimen.

• Pores were observed in alloys that have high melting tem-
peratures and broad solidification ranges (e.g. TiZrNbTa,
ZrNbTa). Theses pores may originate from various sources
such as the evaporation of Ti, shrinkage, and interdendritic
porosity, and their distribution is affected by several factors
including the cooling rate of the melt pool and its viscosity.

• Two powder stocks with different interstitial contents
were used to investigate their effects on phase stability
and mechanical properties. Oxygen and nitrogen initially
present in the elemental powders remain after LMD, which
introduces ∼0.1 at.% O and ∼0.1 at.% N. The two Hf
powders used in the present studywere found to be themain
source of interstitials.

• The upper parts of all the specimens had a bcc crystal
structure since the material was annealed above its solvus
temperature followed by fast cooling. In contrast, cellular
ZrHf-rich precipitates formed at the grain boundaries in the
lower parts of the specimens and eventually within grains.
These precipitates were stabilized by the presence of inter-
stitials and formed in regions of the specimen that were
annealed multiple times during the LMD process below the
solvus temperature.

• The effect on strength of individual alloying elements in
TiZrNbHfTa produced by LMD is overshadowed by the
interstitial strengthening; the higher the interstitial concen-
tration, the higher the strength.

6. Outlook

Due to their high melting points and high reactivity with air,
RHEAs are difficult to melt. It is even more challenging to
produce structural parts with sophisticated geometries from
these alloys using conventional casting methods. Arc-melting,
as used in research, can produce limited quantities of RHEAs
that need to be post-processed to establish suitable microstruc-
tures and machine components. Additive manufacturing is an
attractive alternative due to its ability to fabricate near-net-
shape parts from RHEAs or hybrid materials; for example,
RHEAs could be used as coatings on components with com-
plex geometries. RHEA coatings may be of great interest due
to their superior properties at high temperatures and could
provide wear and heat protection in extreme environments.

In the present study, we demonstrated the production of 1D
columnar samples by LMD and highlighted key factors such
as interstitial concentration, cooling rate, melting temperature,
and solidification range that affect the formation of precipit-
ates and porosity in LMD specimens that need to be taken into
account and controlled when working with these alloys. For
example, the precipitates that formed by discontinuous pre-
cipitation (figure 10(d)) are highly undesirable [55] as they
embrittle the alloy and may reduce the lifetime of structural
components during service. Based on the knowledge gained
here, more research is needed in process control as well as
for the production of high-purity, interstitial-free, elemental
and pre-alloyed powders. This latter aspect constitutes the bot-
tleneck for the processability and applicability of RHEAs as
structural components.
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