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Abstract

There is a significant demand for the discovery of advanced materials that can survive high
temperature and high dose radiations for the next generation nuclear reactors. Materials subjected
to high dose and high energy particle radiation often experience severe damage in form of drastic
increase of density of defects, and significant degradation of their mechanical and physical
properties. Extensive studies on radiation effects in materials in the past few decades show that,
although nearly no materials are immune to radiation damage, the approach of deliberate
introduction of certain types of defects in materials before radiation, though somewhat
counterintuitive, has been proven effective for mitigation of radiation damage for a variety of
materials. Nanomaterials with abundant internal defects have been intensely investigated for
various applications. However, their impact on the alleviation of radiation damage remains less
well understood. In this review article, we summarize and analyze the current understandings on
the influence of various types of internal defect sinks on reduction of radiation damage in primarily
nanostructured metallic materials, and partially on some nanoceramic materials (nitrides and
oxides). We also point out open questions and future directions that may significantly improve our
understanding on fundamental radiation damage mechanisms in nanomaterials. The field of
radiation damage in nanostructured materials is an exciting and rapidly evolving new arena,
enriched with challenges and opportunities. The integration of extensive research effort, resources
and expertise in the field materials science, nuclear science and technology, advanced microscopy,
physics, mechanics, chemistry, and modeling and simulations may eventually lead to the design

of a family of nanomaterials with unprecedented radiation tolerance.



Chapter 1. Introduction

1.1. Motivation, scope and architecture

Motivation

Nuclear energy accounts for more than 13% of electricity generated worldwide [1]. The
design of advanced (next generation) nuclear reactors calls for materials that can survive a much
greater radiation dose, 400-600 (displacements-per-atom) dpa, equivalent to the service lifetime
of ~ 80 plus years in advanced nuclear reactors. However, most materials adopted in the current
nuclear reactors have not been tested to a dose of more than 200 dpa. Fundamental studies show
that radiation by high-energy particles, including electrons, protons, neutrons, light and heavy ions,
can introduce significant microstructural damage in a variety of metallic materials. Extensive
national and international nuclear materials research studies in the past few decades show that
although the magnitude of microstructural damage varies drastically for various materials, the
nature of the damage in crystalline materials is mostly associated with the formation, distribution
and interaction of point defects (vacancies and interstitials), and their clusters, such as Frenkel pair
(vacancy-interstitial pair), vacancy clusters, interstitial loops, radiation induced dislocation
segment and networks, inert gas bubbles and voids [1-3]. To a large extent, there are nearly no
existing materials that are immune to radiation damage. Understanding the mechanisms of
radiation damage clearly has a significant impact on the design of radiation tolerant materials for
advanced nuclear energy applications.
Scope

Radiation involves extensive ion-solid interactions, which may have beneficial or
deleterious impacts on the properties of materials [1, 4]. For materials used in nuclear reactors,

radiation damage can pose a serious challenge to the stability and reliability of these materials over



a long period of time, which is relevant to the safe operation of nuclear reactors [5]. In this review
article, we summarize recent progress in the investigation of radiation damage in nanostructured
materials, focusing on metallic materials and/or metal-ceramic compounds. The radiation damage
in nanostructured ferritic alloys and oxide dispersion strengthened (ODS) steels is another subject
that is intensely studied but will not be covered here as there are several recent reviews and
numerous highlights on this subject [6-16].

Meanwhile, ion implantation has been routinely adopted by the semiconductor industry to
tune electrical conductivity or engineering seminar conductor device [17-22], and increasingly
applied to introduce various unique nanofeatures that may drastically change the chemical and
physical properties via surface engineering [23, 24]. The subject on nanopatterning using ion
irradiation technique is not the focus of the current review and is not included for further
discussions.

Architecture

The architecture of the current review article is organized as follows. The Introduction
(Chapter 1) briefly summarizes some of the major findings on the nature, formation of defects and
their interactions. Introducing these concepts may be beneficial for graduate students and junior
researchers to understand radiation damage related to microstructure evolution at a fundamental
level. The significance of various types of defect sinks is briefly touched on in this chapter. At the
end of the Introduction chapter, an overview is provided to summarize various types of defect
sinks that will be discussed in various nanostructured materials in this review. There are several
succeeding chapters that describe mitigation of radiation damage using various strategies and
defect sinks. Chapter 2 targets the application of grain boundaries on the alleviation of radiation

damage. Chapter 3 focuses on the reduction of radiation damage by using various layer interfaces



in metallic and metal/ceramics nanolayer composites. Chapter 4 eyes on the strategy of using twin
boundaries in nanotwinned metals to transport and eliminate radiation induced defects. This
chapter also describes the combination of nanotwins and nanovoids to design radiation tolerant
materials. Chapter 5 explore the influence of free surface on tailoring radiation tolerance of
nanoporous, 0D and 1D metallic materials.

Each chapter has its own outlook that is more specific for a particular type of nanomaterials.
At the end of the review, a broader picture is presented to engage and stimulate collaborations
among nuclear materials, nanomaterials, physics, chemistry, mechanics and modeling community.
Intimate collaborations among scientists in these communities may be the key to move the
forefront of science forward rapidly and to accelerate the design of radiation tolerant, and

ultimately “radiation immune” materials for the future generation nuclear reactors.

1.2. Radiation induced defects in metals with various crystal structures

Radiation induces various types of defects that may degrade the mechanical and structural
stability of irradiated metallic materials. Hence it is critical to understand the nature of these defects
before we move forward with effective approaches to eliminate these defects. In what follows we
briefly describe different types of defects based on the crystal structure of irradiated metallic
materials.

Radiation induced defects in metals with face-centered-cubic (FCC) structures

Metallic materials with FCC like structures are widely used as structural materials in
nuclear reactors, including austenitic stainless steels, Ni alloys and certain Cu conducting cables
[1-3, 5, 25]. Very often monolithic metals are irradiated as model systems, where the influence of
chemistry from a second phase can be ignored. Yet, the nature of defects induced in these

monolithic metals is often a good ensemble of what has been identified in austenitic stainless steels.
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Also these monolithic FCC metals have drastically different stacking fault energy (SFE), which is
critical to tailor radiation induced defects [26].

The vacancy migration energy for FCC metals typically varies from 0.7 to 1.7 eV, and the
vacancy migration energy is typically less, 50-70% of the vacancy formation energy. Several types
of interstitials may exist, including 3 types of dumbbells, <111>, <110>, and <100> dumbbell,
crowdion (shown in Fig. 1.1a) and the classical tetrahedral and octahedral position (not shown
here). As the interstitial formation energy is often the lowest for the <100> split dumbbell, most
studies use the <100> dumbbell site to calculate the interstitial formation energy. The interstitial
migration energy is typically 0.05-0.1 eV, significantly less than the vacancy migration energy.
Hence it is widely adopted that interstitials (and interstitial loops) are highly mobile even at room
temperature, whereas vacancies are mobile at elevated temperature. Such a drastic difference
between the migration energy of vacancy and interstitial has a profound impact on the
accumulation of radiation damage and void swelling in FCC metals and alloys. To some extent,
the rapid migration of interstitials (which evolve quickly into interstitial loops) leave vacancies
behind, and hence accelerate the accumulation of radiation induced damage in form of undesirable

large vacancies and interstitial clusters.
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Fig. 1.1. Various types of interstitials in monolithic metals with FCC, BCC and HCP crystal
structures. (a) FCC: <111>, <110> and <100> dumbbells, and crowdion; (b) BCC: <111>, <110>
and <100> dumbbells and crowdion; (c¢) Eight available interstitial sites in HCP metals: octahedron
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(O), tetrahedron (T), BO and BT — on the basal plane below O and T sites, BC and C - crowdions

halfway between two nearest neighbor atoms along <11 2 0> (on the basal plane) and 1/6 <202
3> direction (out of the basal plane), BS and S - split dumbbells within or orthogonal to the basal
plane (replotted following [27]).

The volume of a vacancy, ¥, is known to be less than the volume of the individual atom,

typically 0.75Q (Q is the atomic volume), due to the relaxation of atoms surrounding the vacancy.

Such a relaxation volume due to the formation of a vacancy, ¥, can be written as:
Ve =Q-vf (1.1),
and is typically ~ 0.25Q for a suite of FCC metals [28]. The activation volume for self-diffusion (

;) of FCC metals is described by
vyl =V +r) (1.2),
where V7, V"' are respective activation volume for formation and migration of vacancies. As the

vacancy migration volume is typically 0.1Q), the activation volume for self-diffusion of FCC
metals is ~ 0.85 Q. The dilatational volume expansion associated with the insertion of an interstitial

atom in FCC metal, 1V

s 18 ~ 1.1 Q. Considering the volume expansion arising from non-linear

elastic strain, oV, the relaxation volume for self-interstitials ( Vi,

), estimated by

Vrel — VF + 5[/ (1.3),

SIA SIA

is typically ~ 2 Q. As will be shown later, the 7} for SIA in BCC metal is much smaller. Such a

i
difference has an important consequence on the radiation tolerance (such as void swelling
resistance) of BCC metals.

The clustering of these point defects leads to defect clusters. Among the known defect

clusters in FCC metals, interstitial loops and vacancy loops are widely observed. Furthermore



vacancy clusters can form stacking fault tetrahedrons (SFTs), which is a type of 3D defect and
difficult to be eliminated. As a variety of FCC metals typically have low-to-intermediate SFE,
faulted dislocation (both vacancy and interstitial) loops are frequently observed. Many of these
faulted loops have Burgers vector of 1/3 <111>, making them sessile (immobile) loops. However,
abundant Shockley partials (an inherent nature of FCC metals) can migrate and interact with these
faulted loops and consequently change interstitial loops into mobile perfect loops, with Burgers

vector of /2 <110>. The glide plane of these perfect interstitial loops is either {111} or {110} [2].

Heavy ion
(1 MeV Kr2*11-1.5 dpal273 K)

Neutron
(E > 0.1 MeV/1.3 dpald55 K)

E-beam
(1MeV electroni273 K)

Fig. 1.2. Compilation of TEM micrographs showing neutron, heavy ion, and electron beam
induced damage in irradiated FCC metals. The radiation condition in terms of dpa or fluence is
also provided. Under heavy Kr ion irradiation at 273 K, a large number of small interstitial
dislocation loops are generated in Cu, Ni and Al [29, 30]. Neutron radiation at 455 K to a similar
level of the dose generates defects with similar morphology (small loops) but with somewhat lower
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defect density [31-33]. Room temperature e-beam (1 MeV) radiation introduces large interstitial
loops, which are mostly faulted loops on {111} planes [34].

Fig. 1.2 compiles selected examples of radiation damage in Cu, Ni and Al to a similar dose
level by using heavy ions (such as Kr), neutrons and electron beam (e-beam). Under heavy Kr ion
irradiation at 273 K to 1-1.5 dpa, a large number of small interstitial dislocation loops are observed
in all 3 FCC metals [29, 30]. Defect density appears to be greater in Cu than in Al. Neutron
radiation at a higher temperature (455 K) to a similar dose level of dose (1.3 dpa) generates defects
with similar morphology (small loops) but with somewhat lower defect density [31-33].
Meanwhile, e-beam (1 MeV) radiations at room temperature introduce rather large isolated
interstitial loops in all FCC metals, which are mostly faulted loops on {111} planes [34]. The
differences between e-beam and neutron induced defects are mostly due to the fact that e-beam
radiation typically induces low energy recoil atoms (0.1-1 kev), whereas neutrons produce much
more energetic recoil atoms (> 10 kev). Consequently e-beam radiation induces isolated SIAs and
vacancies that nucleate and coarsen via diffusional process [2]. In contrast, high-energy neutron
radiation induces small defect clusters directly within the cascade, and these small defect clusters
act as defect sinks and curtail the coarsening of defect clusters [35-37]. Comparison of weighted
average recoil spectra (a measure of fraction of defects with recoil energy) of neutrons, proton and
heavy ions shows that Kr provides a much better approximation to the neutron irradiation than
light ions [38].

SFTs are intriguing defects in irradiated FCC metals and they often appear triangular in
geometry examined under TEM. Some examples of SFTs are shown by dark field TEM and
HRTEM in Fig. 1.3a-b for Ag [39] and Fig. 1.3c-d for Au, irradiated by 1 MeV Kr ions to 1 dpa

at room temperature [40]. The formation of SFTs has also been investigated by MD simulations.
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In general, SFTs can evolve from vacancy clusters via the classical Silcox and Hirsch [41]
mechanism and validated by MD simulations [42]. MD simulations of a large number collision
cascade show that a regular SFT or conjoint SFTs can form (Fig. 1.3e) [43]. SFT-like vacancy
clusters are also typical in irradiated FCC Cu. SIA loops can be either glissile, in the case of perfect
interstitial loops with Burgers vector of /2 <110>, or sessile, in the case of faulted loops with
Burgers vector of 1/3 <111>. Furthermore, the MD simulations also show that SFTs can stem from
a void, instead of Frank loops, as shown in Fig. 1.3f. The transformation is driven by large increase
in entropy, in spite of a high potential energy barrier. Such a mechanism may be applicable to a

variety of FCC metals [44].
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Fig. 1.3. SFTs in irradiated FCC metals. (a-b) Dark field TEM and HRTEM micrographs of SFTs
in irradiated Ag films (1 MeV Kr ions/1 dpa/RT) [39]. (c-d) Dark field TEM and atomic resolution
TEM micrographs of SFTs in irradiated Au films (1 MeV Kr ions/1 dpa/RT) [40]. (¢) MD
simulations on the formation and evolution of regular SFT and two adjunct SFTs in Cu [43]. (f)
MD simulations showing the evolution of a void into an SFT [44].
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Fig. 1.4. MD simulations studies on self-ion irradiated Cu [43]. (a-b) Evolution of the fraction of
vacancy and interstitial clusters under different temperatures in self-ion irradiated Cu. (c-d)
Evolution of the mean size of vacancy and SIA clusters as a function of irradiation temperature.

Large scale MD simulations (Fig. 1.4) also show that at room to intermediate (< 600 K)
temperature, 40% of the vacancy clusters have more than 3 vacancies; whereas 80% of the
interstitial clusters have more than 4 interstitials [43]. The fraction of vacancy clusters decreases
with radiation temperature. In contrast, the fraction of interstitial clusters continues to increase at
higher irradiation temperature. The vacancy cluster size in irradiated Cu appears to reach a
maximum at 300K in certain cases, due to a transition from compact cascade below 300K (yielding
large vacancy clusters) to thermal spike promoted destabilization of large vacancy clusters (due to
interstitial-vacancy recombination) at elevated temperature. In comparison, the SIA cluster size
increases monotonically with temperature due to their higher binding energy [43].

Radiation induced defects in metals with bodv-centered-cubic (BCC) structures
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Radiation damage in BCC metals, such as Fe and refractory metals, has also been
extensively investigated as a variety of reactor steels, such as ferritic/martensitic steels and W
alloys, have similar crystal structures [1, 8, 45, 46]. Similar to FCC metals, a suite of point defects
and their clusters will be generated in irradiated BCC metals. The vacancy formation energy for
BCC metals is typically 1.6-3 eV, and vacancy migration energy is 0.5-2 eV. Various types of
interstitial can be generated in BCC metals, including crowdions, <111>, <110> and <100>
dumbbells (as shown in Fig. 1.1b) and octahedral and tetrahedral SIAs. The activation volume for
self-diffusion of BCC metals is ~ 0.4-0.6 2, smaller than that in FCC metals, ~ 0.85 Q. In
comparison to FCC metal, the volume expansion associated with the insertion of an interstitial
atom in BCC metal is much smaller, ~ 0.64 Q (versus 1.1 Q for FCC) presumably due to the lower
packing density of BCC metals. The relaxation volume for self-interstitials in BCC metal is ~ 1.0-
1.5 Q, also much smaller than that in FCC metals, ~ 2 Q. These differences between FCC and
BCC metals may be correlated to the enhanced radiation tolerance of BCC metals vs. FCC metals
to some extent.

In general the high SFE of BCC metals prohibits the formation of large faulted dislocation
loops [47]. The perfect glissile loops in BCC metals have {110} habit planes with b=a/2 <111>,
whereas the perfect sessile loops are often on {100} habit planes with b = a <100> [34, 48]. Fig.
1.5 shows various types of dislocation loops in BCC Fe, Mo and W irradiated by heavy ions,
neutrons or e-beam [25, 34, 49-56]. In general, the defect clusters induced by heavy ions and
neutrons are similar, in form of dislocation loops with dimensions of several to 10 nm, in these
irradiated BCC metals. Heavy ion irradiation of Fe induces abundant dislocation loops (string of
loops) [49], whereas neutron radiation induces rafts in Fe [25]. In comparison, e-beam introduces

much fewer loops with greater loop diameter. For instance e-beam radiation induces perfect {100}
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loops in Fe [34]. In comparison to e-beam radiation of FCC metals, Kiritani reported that no

vacancy clusters were observed in e-beam irradiated Fe [34].
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Fig. 1.5. Compilation of TEM micrographs showing radiation damage in Fe, Mo and W induced
by heavy ions, neutrons and e-beam. The ion energy, dose/fluence and radiation temperature are
also provided [25, 34, 49-56]. In general heavy ion and neutron radiation induce small dislocation
loops, string or rafts of loops, whereas e-beam generates large isolated dislocation loops.
Radiation induced loops in Fe have also been extensively investigated by simulations. A
recent MD simulation shows (Fig. 1.6a-c) the interaction between two 2 <111> loop may lead to
3 scenarios (path A, B and C), one of these leading to the formation of <100> loops [57]. The

mobility of /2 <111> loops is important as such will ensure the probability of interaction among

these loops [57]. Furthermore MD simulations have predicted the formation of nanoclusters with

15



C15 structure in Fe (Fig. 1.6d). These C15 nanoclusters are of interstitial types but are immobile

and have a low formation energy (Fig. 1.6e) [58].
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Fig. 1.6. (a-c) MD simulations showing the formation of <100> dislocation loops in BCC Fe [57].
(d-e) The formation of C15 clusters in irradiated Fe and the energy of the defect cluster [58].

Radiation induced defects in metals with HCP structures.

The investigations on the nature of defects in HCP metals are largely driven by the
application of HCP Zr based alloys as fuel cladding tubes in light water reactors. Vacancies and
interstitials have much more completed configurations in HCP metals than in cubic systems. Both
individual and divacancies have been investigated in HCP metals. The formation and migration
energy for monovacancies are typically 0.6-2 eV and 0.3-1 eV respectively. Formation volume of
monovacancies typically varies from 0.78 to 0.97 Q [27, 59, 60]. Monovacancies can diffuse
within or out of the basal planes. Calculations, though somewhat controversial in certain cases,

suggest that the activation energy for self-diffusion (summation of vacancy formation and
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migration energy) is smaller for the non-basal plane for Zr with c/a less than ideal value [27, 59,
60]; whereas the vacancy migration is more isotropic for Mg and Co with near ideal c/a ratios.
Two types of divacancies appear stable, including divacancies between the first nearest
(FN) neighbors and second nearest (SN) neighbors. When c/a < 1.633, the FN divacancies are out
of the basal plane, whereas the SN divacancies are within the basal plane [27]. The divacancies
have formation energy of 1.1-3.5 eV, and formation volume of 1.5-1.9 Q) [27]. Among numerous
types of migration path, two paths (within or out-of-basal planes) have low energy of migration,
0.45 - 0.75 eV [27]. There are 8 different sites for SIAs in HCP metals, as shown in Fig. 1.1c,
including octahedron (O), tetrahedron (T), BO and BT in the basal plane underneath the O and T

sites. BC and C are crowdions located halfway between the two nearest neighbor atoms along <11

20> (on the basal plane) and 1/6 < 202 3> direction (out of basal plane). BS and S are respective
split dumbbells within or orthogonal to the basal plane [27, 59, 60]. In general, the basal split or
crowdion is the most stable configuration for HCP metals with a rather large deviation from the
ideal c¢/a value, and the non-basal dumbbell (C or S) is the most stable configuration for metals
with ¢/a near ideal ratio [27]. The interstitial formation energy in HCP metals is also high, typically
2-6 eV, whereas their migration energy is very low, 0.05-1 eV. The formation volume of
interstitials is typically 0.6-1.2 Q [27].

The major types of defect clusters generated by radiation in HCP metals include vacancy
clusters and interstitial loops. A perfect vacancy loop resides on {IOiO} prismatic plane with
Burgers vector of 1/3 <11 2 0>; and a faulted vacancy loop on (0001) basal plane has Burgers

vector of 1/6 <202 3>. A perfect interstitial loop on {10 1 0} plane also has the Burgers vector of
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1/3 <112 0>; and faulted interstitial loops are typically observed on (0001) plane with Burgers

vector of 1/6 <202 3> or 1/2 [0001] [48, 59, 61].

Fig. 1.7 shows selected examples of radiation induced damage in Zr and Mg induced by
heavy ions, neutron and e-beams. Heavy ion irradiation induced c-component loops in Zr have
been observed (Fig. 1.7a)[62]. The density of c-loops in Zr decreases rapidly when T < 600K.
Neutron (Fig. 1.7b) and e-beam (Fig. 1.7¢) radiation induce both a-loops and c-loops in Zr [63].

In heavy ion (1 MeV Kr*") irradiated Mg [64], nearly all basal loops have Burgers vector of 1/6
<202 3>, and are interstitial loops in nature, whereas prism loops (interstitial and vacancy) have

Burgers vector of 1/3 <11 2 0> (Fig. 1.7d). Meanwhile neutron irradiation of Mg induces

dislocation networks (Fig. 1.7¢e) [65]. Griffiths [61] showed that e-beam irradiation of Mg (300
K/5 dpa) led to a-type vacancy (Av,) and interstitial (Ai) loops with Burgers vectors 1/3 <11 2 0>,

and c-component interstitial loop (Ci) with Burgers vector of 1/6 <202 3> (Fig. 1.71).

The relative stability of the dislocation loops in HCP metals generally depends on the c/a

ratio (as described below) as well as purity. When c/a <1.633, {10 1 0} prismatic plane is the most

closely packed plane, and dislocation loops (prism loop) typically have Burgers vector of 1/3 <11
2 0>. When c/a > 1.633, the basal planes are the most closely packed, and dislocation loops (Basal

loops) have Burgers vector of 1/6 <202 3> (or %2 [0001]). In reality, however, the situation under
irradiation damage is more complex than that dictated by this simple rule. Exceptions have been
reported via both experiment and simulations. For instance, basal plane loops have been observed
in Mg [66], Zr [67], Ti [68], in which the c/a ratio is less than the ideal value (1.633). In Zr and Ti,

the situation is further complicated by the co-existence of prismatic loops with both vacancy and
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interstitial character [63]. When c/a < 1.633. The probability of basal loop nucleation increases
with increasing impurity concentration. In Mg, for instance, prism loops with Burgers vector of

1/3<1120> is dominant; whereas in Mg with low purity, basal loops with Burgers vector of 1/6<20

i 3> have been observed.

Heavy ion Neutron

& 1 MeVKr2 g % E>0.1MeV i Y
N 0.1dpal273 K & 21 2 500 nmif %
P. 3% 200nmif2 x 108" nem !433;?1 300 keVI5 dpal273 K 0.5 pm

Fig. 1.7. Compilation of TEM micrographs showing radiation damage in HCP Zr and Mg
irradiated by heavy ions, neutrons and e-beam. (a) Heavy self-ion irradiation of Zr showing c-
component loops [62]. (b) Neutron radiation of Zr introduces a loop and c-loops [63]. (¢) E-beam
radiation of Zr induces a and ¢ loops [63]. (d) I MeV Kr ion (273K/0.1 dpa) radiation of basal Mg

foil showing abundant prism loop with Burgers vector of 1/3 <11 2 0>[64]. (e) Neutron radiation
of Mg induces dislocation networks [65]. (f) E-beam radiation of Mg (300 K/5 dpa) [61]. The a-

type loops are vacancy (Av,) and interstitial (Ai) in character, have Burgers vectors 1/3 <11 2 0>,

c-component interstitial loop (Ci), has Burgers vector of 1/6 <202 3>,

1.3. Radiation induced cavities: voids and gas bubbles

Voids and void swelling
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Void swelling is a widely observed phenomenon in most neutron and heavy ion irradiated
metallic materials [69-73]. Voids can have various geometry, including faceted, rectangles, or
spherical shapes. As voids are typically weak mechanically and jeopardize the fracture toughness
of irradiated materials, void swelling can post a serious threat to the mechanical and structural
integrity of reactor structural materials [69, 71, 74]. The battle against void swelling is manifested
by an extensive investigation of void swelling in metals with FCC, BCC and HCP crystal structures
and constantly evolving the design of advanced void swelling resistant materials. In this review,
we will briefly summarize several instances where void swelling can be significantly reduced or
suppressed as shown in Chapter 2 in nanocrystalline materials. Furthermore there are numerous
cases where voids are shown to shrink, instead of continuous growth, in irradiated nanotwinned
(Chapter 4) or nanoporous (Chapter 5) materials.

Void swelling typically refers to the phenomenon where a prominent volume increase
occurs in neutron or heavy ion irradiated materials accompanied with the formation of voids within
the microstructure of materials. In certain case, high dose neutron radiation can introduce volume
expansion as large as several tens of percent [71, 75, 76]. Void swelling consists of the continuous
formation and growth of voids and high concentration of interstitials and their clusters. Fig. 1.8
lists several examples of void swelling in neutron irradiated metals with FCC [3, 77, 78] and BCC
[79-81] crystal structures. Voids typically have spherical geometry. Faceted (rectangular) voids
have also been observed. It should be noted that heavy ion irradiation typically generates a depth
dependent variation of dose, and correspondingly the size and density of voids also vary as a

function of radiation depth [82, 83].
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Fig. 1.8. Neutron irradiation induced void swelling in a variety of monolithic metals with FCC [3,
77, 78] and BCC [79-81] crystal structure. Voids with different geometry, spherical or rectangular,
are observed.

Void swelling is sensitive to radiation temperature. As shown in Fig. 1.9a where Cu
specimens were irradiated at different temperatures, swelling percentage, indicated by density
change, can be divided into three phases [3, 84]. Void growth is difficult at temperatures lower
than 200°C (phase 1) due to the poor mobility of point defects. When the temperature is higher
than 500°C (phase 3), defects of opposite types are effectively recombined or trapped by sinks
rather than contributing to void growth. Therefore, swelling often occurs at intermediate
temperature (phase 2) when the defects are mobile enough, and their density is sufficient to

agglomerate into voids, and less likely to be annihilated. Table 1.1 and 1.2 summarize vacancy

migration temperature (TVM ) and peak void swelling temperature (T, sP) for various metallic
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materials with FCC, BCC and HCP crystal structures. Void swelling is usually observed in metals

and alloys at the temperatures of 0.3 — 0.5 Tm (where Tm is the melting temperature).

] P S U T S TP L P
(a) '«—— Cu-100 appm 198
0.6 =
05 1
g
% o4l ]
[ =
1]
£
Q
b
Zosf .
| =4
@
o
0.2 -1
0.1 rJII _
/I
v
0 sgm | 4 1 P | I | - =|
150 200 250 300 350 400 450 500

Irradiation temperature (°C)

550

Volumetric Swelling (%)

9-12Cr 1

FM steel 1
.......... fes t W
100 150 200

Dose (dpa)

Fig. 1.9. (a) Density change in Cu as a function of irradiation temperature showing temperature

dependent void swelling [3, 84].

ferritic/martensitic steels [1, 76, 85-87].

(b) Swelling curves for numerous austenitic and

Table 1.1. Peak void swelling temperature T, SP in FCC metals.

FCC TVM (K) [2] TSP (K) TM (K) TSP /TM Radiation source

Al | 220 423 933 0.45 [88] Al" ions
1100 grade Al

Al | 220 No 933 [89] Al" ions

void Pure Al (< 0.1 appm
impurity)

Al | 220 300 933 0.32 [89] Al" ions
pre-injected with 10
ppm He

Ag | 240 - 1235 - -

Au | 290 - 1337 - -

Cu | 270 600 1358 0.44 [3, 90] Neutron

Ni | 350 780 1728 0.45 [91] Neutron

873 1728 0.51[92] Ni' ions

Pd | 350 - 1828 - -

Pt | 350 - 2041 - -

Note: 1, VM - The temperature at which vacancies are mobile.
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Table 1.2. Peak void swelling temperature (7, SP) in BCC and HCP metals.

BCC TSP (K) Ty (K) TSP /Ty Source
ref
Fe 630 — 780 1811 0.35-0.431[71, 91] Neutron
Mo 740 — 870 2896 0.26 — 0.3 [81, 93, 94] Neutron
Mo 1173 2896 0.41 [95] Ni" ions
Nb 1073 — 1273 | 2750 0.4—0.46 [95, 96] Ni" ions
Ta 900 3290 0.27 [97] Neutron
Ta 1400 3290 0.43 [98] Cu?" ions
\Y 630 2183 0.41 [94] Neutron
\Y 973 2183 0.45 [99] Cu' ions
w 1000 3695 0.27 [100] Neutron
Zr 750 2128 0.35[101] Electron, pre-injected with
(HCP) 100 appm helium
/r 700 - 740 2128 0.33-0.35[102, 103] Neutron
(HCP)

Swelling is also dose dependent. As radiation dose increases, swelling curve shows three
regimes which are transient swelling, steady state swelling and saturation swelling respectively.
Steady state undergoes the largest swelling rate before saturated. It has been reported that the
eventual swelling rate of 316SS at all reactor-relevant temperatures is ~1%/dpa [104]. In
comparison, the swelling rate of numerous ferritic/martensitic steels is merely 0.2%/dpa as shown
in Fig. 1.9b [1, 76, 85-87]. Saturation regime may be applicable to only few materials, and is often
not observed in practice because it requires very high dose and most materials usually fail
mechanically long before saturation dose.

Void swelling has also been modeled extensively. Phase field modeling tools have been
increasingly used to simulate the formation voids. Fig. 1.10al-a4 shows the simultaneous
nucleation and growth of voids in irradiated system supersaturated with vacancies [105]. When
the temperature gradient is superimposed in the cascade core, the interstitial concentration gradient

is established. Consequently voids may grow and migrate towards the interstitial rich region (Fig.
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1.10b) [106]. At a much smaller length scale, MD simulations have been applied to show the

influence of dislocation on the formation of voids in irradiated Zr. The dislocations were formed

as a consequence of tensile strain (applied concurrently with radiation) [107].

(b)
00(0(0|0

Fig. 1.10. (a) Phase field modeling of void swelling showing the concurrent nucleation and growth
of voids with time in a system supersaturated with vacancies [105]. (b) Phase field model studies
showing the migration and growth of a void to the interstitial enriched center region [106]. (c) MD
simulations showing the formation of voids adjacent to dislocation in Zr subjected to radiation and
tension [107].

Helium (He) also plays an important role on void swelling. In general, He bubbles are

preferential nucleation sites for voids. The evolution of void diameter with time, dr/dt, can be

expressed by [108]:

dr D, X, 2

) (1.4,
dt r (r—p)kT

where Dy is the diffusivity of vacancies, X, is the concentration of vacancy at equilibrium, vy is

surface energy, p is the He pressure inside cavities, and can be written as [108]

_ 3xmkT

3
4y

(1.5),
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where « is real gas compressibility factor. The solution of dr/dt shows that He bubbles will grow
(evolve) into voids when reaches a critical radius (typically several nm), or a critical He
concentration.

The influence of He on swelling is complicated. In general, there is an optimum He/dpa
ratio for maximum void swelling in metallic materials, depending on the nature of nuclear reactor
[109]. Meanwhile although He is attributed to the void swelling in many cases, a higher density of
small He bubbles appear to suppress the magnitude of swelling [110]. To some extent, pressurized
small He bubbles act as defect sinks for vacancies and interstitials and alleviate void swelling
[110]. However, the usage of He bubbles to suppress void swelling may not be a straightforward
strategy as He bubbles are known to be nucleation sites for voids; and once He bubbles reach
critical radius, they may grow continuously, and lead to significant void swelling. Furthermore,
He bubbles may segregate to grain boundaries and lead to He embrittlement and reduction of creep
resistance.

Void formation has been observed in most HCP metals, such as neutron irradiated Mg

[111], both neutron and electron irradiated Zr [101-103], neutron irradiated Ti [111] and Re [112].

Voids in HCP metals are normally faceted along {IOi 1} and (0001) planes and often align in
layers parallel to the basal plane, and in many cases, voids are reported to be faceted. For instance,
voids formed in Marz-grade Zr during neutron irradiation in DFR at temperatures between 725
and 740 K were faceted along basal, prism, and pyramidal planes [113], and were mostly near
grain boundaries.

Radiation induced He bubbles

Radiation damage induced by He ions has been widely investigated in a variety of metallic

materials [114]. He is produced in neutron irradiated metallic materials due to the transmutation
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during neutron radiation. In numerous reactors, the concentration of He in irradiated metallic
materials can achieve a few hundred to thousands of PPM level [108]. Fig. 1.11 compares the
formation of He bubbles in a variety of irradiated monolithic metals with FCC [115-117] and BCC
[118-120] crystal structures. He bubbles typically appear spherical in these metallic materials.
However faceted (hexagonal) He bubbles emerge near grain boundaries in Al (Al matrix
composites). The faceted He bubbles may form to minimize surface energy of the cavities [116].

Furthermore, He bubbles form superlattices in He ion irradiated Mo.

; 22.5 keV Kr#
- 5 x10%em2523 K |

.
growth diﬂa‘rﬁtioﬂ Tea

X o
AR N "

Fig. 1.11. The formation of He bubbles in He ion irradiated FCC [115-117] and BCC [118-120]
metals. Note the formation of faceted He bubbles in Al, and superlattice of He bubbles in Mo.
When He/vacancy ratio is high, the pressured He bubbles may lead to lattice expansion as
shown in Fig. 1.12a [121]. Interestingly the both lattice expansion (measured from selected area
diffraction pattern in cross-sectional TEM studies) and He bubble density reach a peak value at ~
200-300 nm. The equation of state (EOS) for He has been described by models [52, 122-125].
Mills et al provided a reliable empirical relation (MLB model) (based on experimental results) as

follows [126]:
26



V'=(22.575 + 0.00646557T - 7.26457T-12) P13 + (- 12.483- 0.024549 T) P -?” + (1.0596 +
0.10604T - 19.641 T2 + 189.84 T!) P! (1.6),
where the molar volume V has the unit of cm?, the pressure P is in kbar, T is absolute
temperature.

The pressurized He bubbles could lead to lattice expansion based on the point source
dilatation mechanism [127]. The pressure due to He bubbles is written as:

p=H (1.7),
7y

where gz is the shear modulus of the metal matrix, and ov is the volume expansion induced by

internal pressure, and 7; is the radius of bubbles. Based on the measured peak lattice expansion in

Cu/V 50 nm nanolayers, the pressure inside He bubbles is estimated to be ~ 3.8 GPa. By using the
EOS of He, the molar volume of He is estimated to be 6.29 cm?/mol, or approximately 1.3
He/vacancy in V, and 1.1 He/vacancy in Cu are obtained, in agreement with literature values (1.4
He/vacancy in He bubbles of 4 GPa pressure in V, and 1.0 He/vacancy in He bubbles of 2.8 GPa
pressure in Cu [114]). Wolfer has also described the mechanism of tensile stress induced lattice
expansion arising from pressurized He bubbles [128]. He bubble induced lattice expansions have
been observed in numerous other systems, where the magnitude of lattice expansion is proportional
to the He concentration [128, 129]. It is well known that the diameter of measured He bubbles
varies as a function of under-focus distance in TEM studies. An example of such study is shown

in Fig. 1.12b for He bubbles observed in He ion irradiated Cu/V 50 nm multilayers [130].

27



~
w
o

He ion irradiated Cu/V 50 nm (a)

oo
——
w
m)
N
[¢2)
T
S
-
VA
o

(o)}
o+
—e—i
-
\ .
—e—i
HH
1
N
o
T
\
\
FURY
\

N

-
N
T

[ I X

e e

F AT

{5?\#W&d=03102nm ]

L . . (b)

-500 -1000 -1500 -2000
Under focus (nm)

SN
HOH

Bubble density (10**/m°)
»
Lattice expansion (%)

“e
(]

N
o
N
o -
o O

Bubble diameter (n

e

»
-
o

400 500

(=]

o
o
o

100 200 300
Depth (nm)

o

Fig. 1.12. (a) The density of He bubbles in He irradiated (50 keV/6 x 10?°/m? at room temperature)
Cu/V 50 nm multilayers evolves with depth and reaches a maximum at 180 nm from film surface.
In parallel, the lattice expansion measured by using selected area diffraction (SAD) pattern from
cross-section TEM studies shows a similar trend and reaches a maximum at ~ 280 nm [121]. (b)
The determination of He bubble diameter by varying underfocus distance in TEM studies. The
average diameter of He bubbles in He ion irradiated Cu/V 50 nm multilayers is ~ 0.8 nm, as
determined from the underfocus distance of -200 nm [130].

There are numerous studies that show He can be managed by using a variety of defect
sinks, such as phase boundaries (layer interfaces of metal/oxide interfaces as shown in ODS
alloys), grain boundaries etc, and He can also be stored in He bubbles [6, 9]. The discussion on the
influence of defect sinks on He management is distributed in several succeeding chapters in this
review. Furthermore He tends to combine with vacancy and vacancy clusters to form pressurized

He bubbles. Additionally He may segregate to the grain boundaries and lead to grain boundary

embrittlement, often referred to as He embrittlement [131-133].

1.4. Classical models on sink strength of various types of defect sinks

Forgoing sections describe the nature and types of defects that are generated by
irradiations. Extensive studies have been carried out in the past few decades to improve the

radiation tolerance of materials. An effective approach is to apply various types of defect sinks.
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In general a material is designed by introducing various types of defects, such as grain
boundaries, phase boundaries and dislocations. These defects engage and eliminate, to a greater
extent, the irradiation induced point defects and defect clusters.

The interaction of various types of defects with defect sinks has been described by using
kinetic rate theory. In general the defect-sink reaction rate is estimated, followed by derivation of
a sink strength formula.

For vacancy and interstitials, the following equations sustain [134, 135]

a;V ~K,~K,CC, —K,,C,C, +VeD,VC, (1.8)
ac,
—=K, =K, CC, ~KsCCy +V e DYC, (1.9)

Where Cv, Ci are vacancy and interstitial concentration; Ko is defect production rate; Kiv is the
vacancy-interstitial recombination rate coefficient; Kvs and Kis are the vacancy-sink and

interstitial-sink reaction rate coefficient. The reaction rate constants are estimated as follows:

K,y =4zxn, (D, + D) = 4zxr,D, (110)
K =4rnrgD, (1.11)
Ky =4nnsDy (112)

Note that the defect absorption rate can be rewritten with the concept of defect sink strength, k°:

K,.C.Cy=kC.D,, (1.13)

JxTjTX
Where Kjx the reaction rate between defect sink (X) and a mobile point defect (j). The sink
strength &% has a unit of cm™. The inverse of & represents the average distance (or mean free path,

A) a mobile point defect can travel before being captured by a defect sink. It follows that in
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nanostructured materials, A is limited by the density of defect sinks, and physically could be
similar to the value of grain size (d), twin spacing (t) or individual layer thickness (h) as illustrate
in the following formula
k™ =21 = d ort or h (distance between defect sinks) (1.14)

Hence to enhance the sink strength, it is critical to scale down the dimension of
nanofeatures or increase the density of defect sinks. When considering the defect-GB reaction

rate, the steady-state atomic concentration of point defect is given by:

d*c 2dc
D[—+=—]+K-Dk’c=0
) € (1.15),

and the solution to the formula (assuming that GB is an ideal sink) is written as

,  kllk,Rcothk R—1]

g 2 p2 (1.16),
[1+ k“f —k,_ Rcothk R]

When the point defects are lost mostly to GB sinks, then it can be shown that [134, 135]
kgzb =15/R? (1.17)

Note the derivation is based on the cellular model using the average point defect
concentration within a grain. When an embedding model is used, the GB sink strength becomes
14.4/R?, very close to the value derived using the cellular model. Clearly the smaller the grain
size, the greater the sink strength.

Similarly using the cellular model, the sink strength for a void, &2, is described by:

k; = 4naC,f. (1.18),
3
0 _
¢, = 4R (1.19),
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5R -a’)’
[SR® —9aR’ +5a’R’ —a°] (1.20).

fc:

Where a is void radius, Rc is the radius at zero flow condition, that is dc/dr = 0, whenr = Rc. To a

first approximation, Rc may be estimated as the void-to-void separation distance. Ro = Rc-a; and

C, is the initial volume distribution of voids. Note the sink strength formulas for twin

boundaries or layer interfaces have not been derived to date.

1.5. Defect sinks and some general philosophies for alleviation of radiation damage

To date, there is literally no material that is known to be immune to radiation damage
beyond several hundreds of dpa level. As stated in the previous sections, all crystalline materials,
regardless of their crystal structures (FCC, BCC or HCP), are vulnerable to radiation damage.
Although a large number of point defects may recombine immediately after damage cascade, the
residual defects that are left uncombined can lead to gradual and substantial accumulation of
radiation damage in terms of microstructure evolution. It remains a major challenge to design
materials that have significantly enhanced radiation tolerance at high doses.

Zinkle and Snead [136] reviewed several strategies to alleviate radiation damage in
irradiated materials. First, metallic materials with BCC structures appear to be more resistant to
radiation damage, presumably due to the higher number density, smaller defect clusters generated
during cascade in irradiated BCC metals and sessile point defects [48, 136-139]. Second, when
either vacancies or interstitials are immobile at the operation temperature, the immobile point
defects may facilitate recombination [136]. Third, high sink strength or greater number density of

defect sinks.

31



The adoption of predesigned defects (sinks) to eliminate radiation induced defects, though
appears counterintuitive at the beginning, is in fact a very effective approach. Defects in crystalline
materials can be characterized by their dimensions, including 0D — point defects, 1D — dislocations,
2D — grain boundaries, phase boundaries and surfaces, and 3D — voids, pores, precipitates and 2"
phase etc. The applications of point defects to alleviate radiation have been mostly implemented
through the design of solid solutions or alloys, where solid solution can assist the recombination
of defects and reduce radiation damage [6, 140-143]. Dislocation networks have also been used to
reduce radiation damage, although dislocations are often considered as biased defect sinks, which
may accelerate the formation of voids in certain cases [107]. There are numerous examples that
show dislocations, including mobile dislocations, can interact with SFTs and lead to their
destruction [144-147]. Other widely used defect sinks include grain boundaries, phase boundaries,
voids and He bubbles. Literature data show that a sink strength of 10'®/m? may be necessary to
curtail void swelling in steels to less than 5% [136]. Such a high sink strength is difficult to achieve
in conventional materials. We will show in numerous succeeding chapters that various types of
nanomaterials may reach such a high sink strength depending on the prominent size effect.

The influence of point defects and dislocations on radiation induced damage will not be
covered in this review. Instead we will focus on the following nanostructured materials (with
abundant defect sinks): nanocrystalline materials with fine grains, nanotwinned metals with high
density nanotwins, nanolayer composites with small layer thickness, nanoporous materials,
nanoparticles (0D) and nanowires (1D) — all with abundant free surfaces. Fig. 1.13 illustrates the

application of these defect sinks in various nanostructured materials to alleviate radiation damage.
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Fig. 1.13. The application of various types of defect sinks to alleviate radiation damage. Defect
sinks include dislocations, grain boundaries, twin boundaries, layer interfaces, nanopores,
nanoparticle, nanowires and amorphous materials. This review will cover radiation damage in
various nanostructured materials, including nanocrystalline materials, nanotwinned metals,
nanolayers, nanoporous metals, nanoparticles and nanowires, and amorphous materials.

The review article covers the emerging field (nanomaterials under extreme radiation
environments) and emergent needs for the design of superior radiation tolerant nanomaterials. This

article highlights what the community has learned to date on the radiation response of various

nanomaterials, and points out future directions to move forward. We hope the article can stimulate
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broad interest in the field of “nano under radiation” with the ultimate goal to discover new
strategies (including nanoengineering) and design novel materials that may enable unprecedented

radiation tolerance.
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Chapter 2 Radiation Damage in Nanocrystalline Metals and Ceramics

This chapter will examine the methods, observations, and mechanisms associated with
radiation response in nanocrystalline (NC) systems. The majority of the work to date is focused on
model metal systems, but the limited work in NC metallic alloys and ceramic systems will also be
highlighted. This chapter will not cover NC metals or ceramics in which the internal structure is
dominated by heterogeneous interfaces such as nanolayered films (Chapter 3), in nanotwinned
metals dominated with twin boundaries (Chapter 4), or nanoporous metals with abundant free
surface (Chapter 5). In addition, a few previous reviews of note in radiation tolerant materials
have included, in part, the studies of radiation tolerance of NC materials. These include the wide
sweeping review of irradiation effects on nanomaterials [148], formation of nanostructures by
irradiation techniques [149], radiation tolerance of ODS steels [6], radiation and creep response
on metals with embedded nanoscale second phases [150], the recent development of accelerator
technologies for investigating these systems [151], or the potential for processing radiation tolerant

nanomaterials [152].

2.1. Sink strength of grain boundaries

When considering the defect-GB reaction rate, the steady-state atomic concentration of

point defect is given by:

d’c 2dc
e +;Z]+K—Dk‘ic:0 2.1)

2

and the solution to the formula (assuming that GB is an ideal sink) is written as [135]

2 = k’[k,Rcothk R—1]

gb 2 p2 (22)
[1+ kR _ k., Rcothk R]
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When the point defects are lost mostly to GB sinks, and in particular when kscR is — 0,
kgzb =15/R’ (2.3)

This scenario works well for nanostructured materials, where a majority of irradiation
induced defects are lost to defect sinks, mostly GBs. Note the derivation is based on the cellular
model using the average point defect concentration within a grain. When an embedding model is
used, the GB sink strength becomes 14.4/R? [135],very close to the value derived using the cellular

model. Clearly the smaller the grain size, the greater the sink strength.

We shall see that there is increasing evidence showing prominent size effects through a
combination of experiment and MD simulations [26, 148, 152-179]. In situ experiments and MD
simulations permit direct characterization of the interaction of radiation induced defect clusters
with GBs (i.e. point defect-sink interactions). However, there are some limitations on the current

formula, which will be discussed in the following sections.

2.2. Defect-GB interactions

2.2.1. Experimental observations of defect-GB interactions in NC metals

Recently, there has been a marked increase in research on radiation damage in monolithic
NC metals, including Ni [30], Mo[179], W [180] and Fe [118, 181]. Fig. 2.1 shows an example
for the absorption of defect cluster by GBs under in situ Kr ion irradiation at room temperature
[9]. At least two types of absorption events have been identified in this study. First, a mobile
dislocation loop in close proximity to high angle GB in NC Ni reduced its diameter gradually from

4.5 to 3.8 nm over 49s, and then migrated towards the GB within 0.1 s over ~ 10 nm (Fig. 2.1a-d)
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and was eliminated by the GB. In a second case, a dislocation segment consisted a string of

dislocation loops was gradually absorbed by GBs (Fig. 2.1a’-d’) over 78 s.

Fig. 2.1. (a-c) In situ evidence of absorption of individual loop by grain boundaries (GBs) of NC
Ni. The radiation dose increased from 1.67 to 1.72 dpa within 49.3 s. (a) The loop, pointed by an
arrow, was revealed near a grain boundary. (b) In 49 s, the loop diffused towards the grain
boundary accompanied by the continuous reduction of diameter. (c) By 49.1 s, the loop rapidly
migrated toward the GB. (d) By 49.3 s, the loop was fully absorbed and annihilated by the GB.
(a’-c’) Absorption of dislocation segment by GB. (a’) Three discernible dislocation loops were
formed near the GB. (b’) by 13s, the individual loops form one dislocation segment. (¢’) By 28 s,
the dislocation segment was absorbed continuously by the adjacent GB. (d”) By 78 s, a majority
of the dislocation segment was absorbed by GB. [30].

2.2.2. MD simulations showing defect absorption/capture by GBs.

The role of GBs in alleviation of radiation damage becomes significant when the distance
between GBs with adequate and enduring sink strength approaches the mean free path of the SIAs
and vacancies created during the cascade events. MD simulations can be utilized to examine the
effect of GB character and structure on radiation tolerance at atomistic levels that are extremely
difficult to accomplish if not impossible during radiation experiments. An MD in Fig. 2.2 on self-

ion irradiated NC Ni shows that GBs act as effective defect sinks for interstitials [182]. One of the
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major advantages of utilizing MD simulations is to determine the underlying physical mechanisms
with ps resolution or better. Another mechanism showing the role of GBs on the absorption of
defects is the interstitial emission model presented by Bai et al. in Fig. 2.3 and Fig. 2.4 [183].
Interstitials migrate towards GBs faster than vacancies, leaving behind vacancies, which can
subsequently form cluster and thus modify the formation and migration options for subsequent
defects in the same vicinity (Fig. 2.3). As shown in Fig. 2.4, point defects including interstitials
and vacancies clusters tend to form in or near the GBs compared to the grain interior. Interestingly,
this MD study predicted diffusion becomes easier in the interstitial-loaded GB when compared to
a pristine boundary with no initial defects [183]. Self-healing has also observed by simulations
near GBs in irradiated Cu[164]. With this concept in mind, one can imagine the potential for
designing enhanced radiation tolerant materials utilizing a range of nanostructured metals in
general. A nice review of the potential for the fabrication of radiation tolerant nanomaterials was

presented previously by Beyerlein et al. [152] and will not be reviewed further here.
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Fig. 2.2. (a) Selected area of the 12 nm NC Ni grain, the GB atoms and the displacement vector
(> 1.5 A) between the atoms due to a 5 keV primary knock on (PKA). The insert shows a
magnified view of the defect region after cooling down. (b) An example of the GB acting as an
interstitial sink, by the annihilation of interstitials with free volume in the GB [182].

P EE N T I SO E TS

a vacancy

0
X (A)

Fig. 2.3. Representative snapshots of a MD simulation of a collision cascade near a X11 symmetric
tilt GB at 300 K in Cu. The atoms are colored by their potential energy; atoms with energies less
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than 3.43 eV are treated as nondefective and are not shown. The top and bottom layers are fixed
surfaces. (A) Initially, a 4-keV PKA is initiated at 25 A below the GB with its velocity directed
perpendicularly toward the GB. (B) After 0.5 ps, the cascade reaches its maximum size. (C) After
62 ps, the cascade cools down with some vacancies remaining below and above the GB. In this
display scheme, a vacancy is characterized as a 12-atom cluster, as indicated in (C), because of the
increase in energy of the 12 nearest neighboring atoms of the vacancy [183].
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Fig. 2.4. Influence of interstitial loading on defect properties near the symmetric .11 GB in Cu.
(A) Vacancy formation energy profile of a pristine GB. (B) Vacancy formation energy profile of
a GB loaded with 10 interstitials, representing the situation occurring after a collision cascade.
(C) Defect diffusion barriers as a function of distance from a pristine and an interstitial-loaded
GB. Number 1-6 represents vacancy diffusion barriers near the pristine GB, vacancy diffusion
barrier in the bulk, interstitial diffusion barriers near the pristine GB, interstitial diffusion barrier
in the bulk, vacancy diffusion barriers near the interstitial-loaded GB and interstitial emission
barriers near the interstitial-loaded GB, respectively [183].

Similarly, it was shown in the MD simulation of Chen ef al., Fig. 2.5, that the mechanism
by which the cascade damage is absorbed by the boundary depends on the local GB structure [184].
In this work, two mechanisms, bulk chain-like (BC) absorption or GB chain-like (GBC) absorption
are shown to work independently or simultaneously to eliminate the radiation induced damage. It
is shown in this model that the mechanism of defect annihilation is dependent on the local structure

of the GB present in the model alpha-Fe system [184].

40



B
[+1]
L ]
o
[ ]
(2]
N
™ L ]
j= B
-
. m
. -
%
oa

8 0 « 409 430 439 44.1 44.2
P LS —— Lt Em— A > . = > 4
h i ¥ k I m n
g . . . _ ° ™
13 \ « (39 . <1 ﬂ
@
o - 0 29.6 29.7 89.9 90.2 91.3 91.6
e — LS E—— i T — &
o p q r s t u
L] [ ]
s LN -
@ ' ¢ . (%% b X=[100}
& 7 ‘ )
0 0 286 319.2 368 376.9 377 377.2 ‘@'\"-“
R |y &2 T LSS T JASEEESS . S Samm— . <
Increasing time (ps) > |‘E 3 .-.m_)l

Fig. 2.5. Representative snapshots of an MD simulation of three different defect annihilation
processes for (013) [100]S £=5 symmetric title GB in BCC Fe. All simulations start with one bulk
vacancy and one bulk dumbbell defect close to a GB. (a—g) The process involving BC defect for
annihilation: A BC defect is created at time t=5 42.9 ps to transport an interstitial to the boundary
and then another BC defect is created t=543.9 ps to annihilate a bulk vacancy. (h—n) The process
involving GBC defect for boundary migration and BC defect for annihilation: A GBC defect is
created at t=589.9 ps to move a boundary trapped interstitial, and then a BC defect is created at
t=591.3 ps to annihilate a bulk vacancy. (o—u) The process involving GBC defect for annihilation
on the boundary: A GBC defect is created at t=5 376.9 ps to annihilate a defect pair separated and
trapped on the boundary. The boundary is represented with a blue shadowed plane. The green balls
refer to interstitial and red balls refer to vacancy. The solid circles refer to BC defects and dash
circles refer to GC defects [184].

2.3. Size effect on radiation tolerance

The concept that decreasing grain size to enhance radiation tolerance has been around for
several decades, as is highlighted in the early work by B.N Singh looking at the role of grain GBs
on the effect of void formation [185]. Ever since then there have been increasing studies on the
irradiation tolerance of fine grained materials [135, 170, 186-193].Rose et al. evaluated the role of
grain size on Kr ion irradiated Pd [194] and show decreasing defect cluster density at smaller grain
sizes (Fig. 2.6a). Similarly, an in situ Kr ion irradiation study shows a lower density of defect

clusters in NC Ni than that in coarse-grained (CG) Ni (Fig. 2.6b). In another study, the evolution
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of microstructure in He ion irradiated (100 keV/RT/6x10?° ions/m?) CG Fe-14Cr-16Ni is
compared to that of ultra-fine grained (UFG) specimens processed by severe plastic deformation
[195]. Under-focused XTEM micrographs (Fig. 2.7al-a3) of as-received, CG Fe-Cr-Ni alloy show
abundant He bubbles, some of which decorate the GBs, and evidence of dislocation loops induced
by displacement damage. In comparison, the irradiated UFG Fe-Cr-Ni alloy has a lower He bubble
density and no clear evidence of dislocation loops (Fig. 2.7b1-b3). Both peak and average bubble
density of UFG alloy are lower than those in CG counterpart (Fig. 2.7c). The magnitude of
hardening in UFG alloy, probed by nanoindentation (Fig. 2.7d), is much lower than those in CG

specimen at various depth.
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Fig. 2.6 (a) Defect densities vs. grain size on the irradiated Pd under Kr ion irradiation with
energy of 240 keV to a fluence of 2x10'®ions/cm? [194]. (b) The density of dislocation loops of
CG Ni increased rapidly within 0.1 dpa and appeared to reach saturation at ~ 0.5 dpa. Meanwhile
the density of loops in NC Ni increased slowly and gradually throughout the radiation up to 5
dpa. At 5 dpa, the average loop density of CG Ni is 2 times greater than that of NC Ni[30].
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Fig. 2.7. Comparison of microstructure and radiation hardening in He ion irradiated UFG Fe-14Cr-
16Ni alloys (100 keV He ions/RT/6x10%* ions/m?)) [195]. (al) Under focused XTEM micrograph
of He ion irradiated CG Fe-Cr-Ni alloy. (a2) The magnified image of region A shows bubbles
align along grain boundaries. (a3) The magnified image of region B shows dislocation loops and
high density of He bubbles. (b1-b3) Under focused XTEM micrograph of He ion irradiated UFG
Fe-Cr-Ni alloy. Magnified image of region B shows bubbles, but dislocation loops are not detected.
(c) Depth dependent He bubble density in He irradiated CG and UFG Fe-Cr-Ni alloy. Both the
peak and average He bubble density are reduced in the UFG alloy. (d) Hardness increase (H after
irradiation-H before irradiation) 0f CG and UFG Fe-Cr-Ni alloy after He ion irradiation as a function of
indentation depth. The measured radiation hardening in CG and UFG Fe-Cr-Ni alloy is indicated
by open squares and triangles, respectively. The calculated radiation hardening in the peak damage
region is shown by solid squares and triangles. In the CG alloy, both He bubbles and dislocation

loops result in hardening, whereas hardening in the UFG alloy arises mainly from He
bubbles[195].
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In addition to monolithic NC metals, the role of grain size has also been investigated to a
limited extent for NC and UFG commercially relevant alloys, including low carbon steel [192] and
304L stainless steel (SS) [83]. In the 304L SS study, GB engineering via equal channel angular
pressing (ECAP) was used to refine the grain size of the alloy without significant change in the
phase distribution. The resulting fine grained microstructure significantly decreases void density
compared to CG counterparts when irradiated by 3.5 MeV Fe to tens of dpa, as shown in Fig. 2.8

[83].

A similar study by Song et al. looked at reactor relevant T91 alloy under Fe irradiation and
found that the swelling rate was three times lower in an UFG microstructure (320 nm average grain
size) produced by ECAP than a CG microstructure (2 um average grain size) [82]. It is a bit
surprising that the relatively small change in average grain size well above the interaction volume
of the cascade event dimensions would decrease the swelling of the sample by a factor of three.
Another interesting topic brought up in this study is the comparison of ion irradiation damage to
neutron damage [82]. A full comparison of these radiation environments and the microstructural
evolution resulting from each ion source is beyond the scope of this review, but greater information

on this important topic can be found in references [196-198].

Fe ion irradiation experiments were also performed on NC 316 SS with an average grain
size of 40 nm achieved by high pressure torsion (HPT) experiment. Annealing at 350 °C for 24
hours has no influence on the grain size whereas the average grain size increased to 60 nm under
irradiation with 160 keV iron ions at 350 °C, suggesting radiation enhanced grain growth
(discussed in detail in Section 2.5). Atom probe tomography shows the GBs are enriched in nickel
and silicon and depleted in chromium, no intragranular extended defects or precipitates were

formed under irradiation in NC 316 SS [191].
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Fig. 2.9a-c show one of the limited studies that not only compares the dislocation loop
diameter and bubble diameter as a function of grain size, but also the hardness of the irradiated
BCC Mo with average grain sizes varying from several nm to microns [179]. The density and size
of the radiation induced defects, as well as radiation induced hardening decrease with the reduction
of average grain size. Fig. 2.10 compared the void swelling between CG and UFG 304L SS under
Fe ion irradiation. The transient swelling period of swelling curve was delayed in UFG 304L SS,

and the UFG grains clearly suppress the magnitude of void swelling significantly [199].

Fig. 2.8. Extraordinary void swelling resistance of UFG 304L SS subjected to Fe ion irradiation
at ion energy of 3.5 MeV and a total fluence of 6 x10?° ions/m? at 500°C by defocusing the ion
beam. (a) Panoramic cross-section TEM micrograph of Fe ion irradiated CG 304L SS showing
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Fig. 2.9 (a-c) He ion irradiation of BCC Mo. (a) Grain size effect on the hardening behavior of

k=]

a large number of voids. (b) The magnified TEM image of region A in (a) shows high-density
small voids near the surface of irradiated CG 304L SS. (c) In region B of the same specimen,
at a depth of 500 nm from surface, high-density large voids were observed. (d) Cross-section
TEM overview of irradiated UFG 304L SS showing much less voids. (e) The magnified TEM
image of surface region E in irradiated UFG 304L SS shows numerous faceted voids
distributed primarily along GBs. (f) Magnified TEM micrograph of region D in (d),~ 500 nm
from surface shows much lower void density compared to that in irradiated CG counterpart
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BCC Mo before and after He ion irradiation. (b, c¢) Distribution of size and density of irradiation-
induced He bubbles and dislocation loops in BCC Mo samples after irradiation, respectively

[179]. (d-e) Areal bubble density (number/nm?) vs. grain size (area) for 10 keV helium

irradiation on nanocrystalline iron at (d) 573 and (e) 700 K. Red fitting in (e¢) demonstrates the
trend in density change[181].
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Fig. 2.10 Comparison of void swelling of Fe ion irradiated coarse-grained and ultrafine grained
304L SS with data on neutron irradiated 304L SS. In this Fig. all data for each variant were
derived from one irradiation and each individual data point is derived from a ~100 nm depth
increment plotted vs. the SRIM-calculated average dpa level for that increment with
displacement energy of 40 eV[199].

Temperature plays an important role on radiation resistance of metallic materials. However
the influence of irradiation temperature on irradiation tolerance of NC metals is a subject that is
less well understood. As shown in Fig. 2.9d-e, the He bubble density in NC Fe is lower at 700K
than that at S00K. Also grain size appears to have little influence on He bubble density in NC Fe
irradiated at 500K, whereas smaller grains lead to lower He bubble density at 700K. The magnitude
of swelling in NC Fe was estimated to be 0.63% (independent of grain sizes) at S00K, vs. 0.0096
to 0.98% (grain size dependent) for NC Fe irradiated at 700K. It is likely that small He-vacancy
clusters are mobile at 700K, promoting their coalescence and or elimination of defect clusters at
GBs [181]. It remains unclear why there is a lack of size effect on defect density in NC Fe irradiated

at 500K.
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The range of radiation conditions (ion species, energy, fluence, and flux) for a majority of
investigated NC alloys are listed in Table 2.1. These studies have generally shown that the
radiation induced defect size and density decrease with decreasing grain sizes to the UFG and NC
regime. These studies consider a range of radiation environments produced by linear accelerators
ranging from He ion implantation [180, 181] to heavy ion irradiation [30, 180]. Even within the
heavy ion irradiation experiments, the choice of ion mass and energy was found to be important in
the kinetics of the defect formation [180]. An important note regarding these scientific studies
reviewed here is that the radiation tolerance is rarely measured from the subsequent effects on the
variations of structural dimension (swelling), mechanical properties (yield strength), corrosion
properties (corrosion rate), or other material properties of interest to nuclear industry. In contrast,
a majority of these studies presented have investigated the size, density, and type of nanoscale
radiation defects as a function of radiation condition. Although these microstructural investigations
permit a fundamental understanding on the irradiation response of NC materials and are important
for accurate model development, more studies are necessary to investigate the influence of
radiation on the evolution of material properties needed for industrial implementation.
Furthermore there is a need to perform systematic studies on irradiation response of NC metals
and alloys under various radiation conditions. Neutron radiation studies on NC metals and alloys

remain a wide empty area.

Table 2.1 Selected published results of radiation damage in NC and UFG metals.

Fluence Flux

Initial (ion/cm? [(ion/cm?/s
Grain Particlel or dpa | or dpa/s
Sample Size |Radiated|Energy| when when Final grain

Material [crystallography| (nm) | Particle |(MeV)| noted) | noted) size (nm) Ref.
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5E14, 0.012
Au FCC 10-15 Ar 0.5 2E15 dpa/s NA [200]
10-
Au FCC 200 Si 10 [2.70E+15]6.60E+11 10-275 [201]
5E14, 0.013
Pt FCC 10-15 Ar 0.5 2E15 dpa/s NA [200]
5E14, 0.018
Pt FCC 10-15| Kr 1 2E15 dpa/s no change |[200]
10-
Pd FCC 300 Kr 4 NA [9.00E+12 40-80 [194]
1E17 to
Pd FCC 10 Kr* 4 6E17 NR NA [194]
Porous Pd 170-210
(20%) FCC 10-80| Kr 0.24 dpa NR NA [148]
25-
Mo BCC 455 He 0.2 |1.40E+17] NR NA [179]
5E14, 0.021
7r HCP 10-15| Kr 0.5 2E15 dpa/s NA [200]
5E14, 0.023
Cu FCC 10-15| Kr 0.5 2E15 dpa/s NA [200]
Cu-
0.5A1203 FCC 180 H 0.59 10.91 dpa NR 495 [148]
1.5E-06
Cu-0.5A203 FCC 178 H* 590 [0.91dpa| dpa/s 493 [190]
Ti49.4Ni150.6] metal alloy 23 Ar" 1.5 | 5.6 dpa |6.40E+12 NA [193]
Fe BCC 49 He 0.1 6E20 NR 96 [181]
0.003
304L SS FCC 100 Fe 3.5 6E20 dpa/s 200 [83]
Austenitic
Steel (316
SS) FCC 40 Fe 0.16 | 10 dpa NR NA [148]
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Fe-14Cr-

16Ni metal alloy [ 400 He 0.1 6E16 NR 400 [195]
T91 Metal alloy | 320 Fe 3.5 9E16 NR NA [82]
Ferritic
Steels 500, 1.2-1.6
14YWT BCC 1,000 n >0.1 dpa NR NA [148]
1.15E-3 | 1.6E-9
Low-C Steel BCC 350 n NA dpa dpa/s 360 [192]
CrN Steel 1.14E19
SUS316L + 100 to -
1%TiC FCC 50,0000 n >1 |1.14E20| NR NA [148]
0.003

Ni FCC 55 Kr+ 1 5 dpa/s 62 [30]

1.5E-06

Ni FCC 115 H* 590 [0.56 dpa| dpa/s 38 [190]

15- 2E16,
Ni FCC 150 | He" | 0.01 8E16 1073 no change |[[202]
1.14E19
6 to -

Ni FCC 20,0000 n >1 |1.14E20| NR NA [148]
ED Ni FCC 20-30] Ni 0.84 | Sdpa NR no change |[[148]
SPD Ni FCC 115 H 0.59 |10.56dpal NR 38 [148]

15- 5.4E14,
Ni FCC 150 | Ni** 3 2.7E14 [1.50E+11| no change |[202]
FCC:
13.9
FCC and HCP |(HCP: HCP: 14,
PLD Ni phases 8) Ni® 35 [3.00E+14] NR FCC: 174 |[156]
1.14E19
6 to -
Ni-W metal alloy [20,000] n >1 |1.14E20f NR NA [148]
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60-
W BCC 400 Si?* 3 16.20E+14{3.40E+11 NA [180]
60-
W BCC 400 | WH 3 PB.30E+14/1.80E+11 NA [180]
60-
W BCC 400 | Cu** 3  |5.80E+14/1.40E+11 NA [180]
W with
(0.25-0.8)% 50-
TiC BCC 200 He 3 [2.00E+23] NR NA [148]

3 MeV Ni¥*/RT '@‘i(a) 1 MeV Kr** /RT Kl
1.8 dpa l{" = S5dpa

h. = »

¥ 2 keV He* /950°C

3 MeV Cu* /RT &
(d) ,
: 4 3.6x10'%/m?

3.79 dpa

W (BCC)

100 nm
v

Fig. 2.11. The microstructure evolution of NC Ni irradiated by (a) Ni ions [202] (b) Kr ions [30],
are similar in term of defect size and density even though the maximum irradiation doses are
different, 1.8 dpa for Ni ions and 5 dpa for Kr ions. (c¢) He ion irradiation of NC Ni [202]. (d-e)
NC W subjected to self-ion irradiation (2.9 dpa) and Cu ion irradiation (3.79 dpa) showing small
dislocation loops with but with somewhat lower defect density as compared to heavy ion

irradiation [180]. (f) He ion irradiation led to the formation of He bubles [165].
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In comparison to radiation studies on NC metallic materials, there are limited research

studies on irradiation response of nonmetallic NC systems. This can be seen in the visual

comparison between Table 2.1 (review of nanocrystalline metals) and Table 2.2 (review of

nanocrystalline ceramics). As shown in Table 2.2, a wide range of irradiation conditions and

ceramic chemistry and crystallography have been investigated in NC ceramics. Although it is

difficult to draw conclusions on the role of ceramic chemistry and crystallography on the

irradiation tolerance of NC ceramics, many interesting observations have been made from the

limited studies.

Table 2.2 A summary of studies on irradiation damage in nanocrystalline

ceramic.
Particle
Initial Grain | Radiated | Energy | Fluence (ion/cm2 or
Material Size (nm) | Particle [ (MeV) dpa when noted) | Ref.
Zirconia 7.7 Au 2 1.00E+16 [203]
Ceria 6 Au 3 <=2El6 [204]
Ceria NA Au 3 0.3 dpa [205]
ZrN 9,31 Fe? 0.9 6.00E+15 [206]
0.012,
TiN 8-100 He 0.035 4E8, 1E9 [207]
Porous VNx 5-50 He 0.02 1.20E+09 [208]
Porous CrNx 5-50 He 0.02 1.00E+13 [208]
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MgGax04 4-12 Kr 0.3 12-96 dpa [209]

[194,

Porous ZrO> 10-300 Kr 4 3-8 dpa 210]

[194,

V4{0)} 10-300 Kr 4 NA 210]
1.875E14, 7.5E14,

Pyrochlore 17 Kr* 1 2.5E15,6.25E14 | [211]

Porous a-SiC 36 Xe 95 8 dpa [212]

ZrO2 in a-SiO2 3 Xe 1 0.3-0.9 dpa [213]

An earlier study by Wang et al has shown that NC TiN demonstrated enhanced irradiation
tolerance [207]. Similar effects have later been reported in Ceria and Zirconia by Weber and
coworkers [203-205]. Grain growth from an average diameter of 7 nm to approximately 30 nm,
similar to that reported in NC metals, was clearly demonstrated in NC zirconia after 35 dpa of
irradiation by 2 MeV Au beam [203]. MD simulation in conjunction with experimental
observations suggested disorder based mechanisms driving the grain growth in nanostructured
ceramics [205]. Jiao et al. also reported a decrease in the density of the irradiation induced defects
in ZrN as a function of grain size, as shown in TEM characterizations in Fig. 2.12 [206]. Initial
studies by Shen et al. have shown enhanced irradiation tolerance is not limited to NC nitrides. In
NC MgGax0s4 irradiated by 300 keV Kr ions, a significant decrease in displacement damage
relative to the single crystal counterpart was observed [209]. Amorphization occurs in single

crystal specimens, whereas NC specimen shows little indication of amorphization as shown in Fig.
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2.13. Similar phenomenon was observed via in situ Kr ion irradiation studies of CePOs

nanocrystals [214].

(a1) RT-depirad

{b1) 500-depirad

Fig. 2.12. (al) Bright field TEM image of irradiated NC ZrN film. (a2) HRTEM of the
irradiated NC ZrN film shows low density of defect clusters. (b1-b2) TEM and HRTEM image
of larger-grained ZrN film. A high density of defect clusters were formed inside grains [206].
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Fig. 2.13. Cross-sectional TEM images and corresponding diffraction patterns obtained from
irradiated polycrystalline MgGa204 samples. a) CG MgGax0s irradiated to a dose of 12 dpa.
Selected diffraction pattern shows that amorphization occurs in the upper irradiated region of the
specimen, whereas the lower and unirradiated regions remain single crystal. b) NC MgGax04
specimen irradiated to a dose of 96 dpa remain its NC characteristics, with little indication of
amorphization [209].

However, size effect on radiation damage in NC ceramics is a very complex subject, as the
propensity to amorphization, phase transformation, and other microstructural evolution may take
precedence prior to any benefit provided by the numerous defect sinks in these NC ceramics [215,
216]. The chemistry and atomic arrangement in oxides can be complex and the heat treatment of
NC structure may alter the atomic structure to some extent as is exemplified in the work by Zhang
et al. in pyrochlore Gd2(Tio.65Zro35 )207 [211]. The interplay between damage, grain size, and
annealing temperature needed for phase change can be seen in Fig. 2.14. As grain size is less than

100 nm, the critical dose for amorphization of Gdz(Ti0.65Zr035 )207 increases rapidly to ~ 2 dpa.

Whereas for the same material with an average grain size of 100-400 nm, there is little variation
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in amorphization dose, ~ 0.73 dpa. Furthermore, during the coarsening of grain size at high
annealing temperature, the occupancy of Gd in 16¢ position changes from 0.57 to 0.8, making the
interpretation of size effect on radiation damage more complicated. In general, the slower diffusion
kinetics in ceramics requires that the GB density need to be greatly increased to demonstrate

enhanced radiation tolerance to a magnitude comparable to NC metallic systems.

Although a large number of studies show that NC ceramics have enhanced radiation
resistance, there are cases where the opposite phenomena were observed. For instance, bulk ZrO:
is know to be one of the most radiation resistant ceramics [217-220], showing no evidence of
irradiation induced amorphization at high dose, such as 110 dpa [221]. However Meldrum et al
showed that merely 1 dpa of Xe ion irradiation (1MeV) is sufficient to amorphize ZrO2
nanoparticles (3 nm in diameter) embedded in SiO2 matrix [213]. It was argued that tetragonal
nanograins raise the system free energy high enough to facilitate amorphization. It is interesting to
see that NC cubic ZrO: film is stable against amorphization [203]. The study on amorphization
resistance of NC SiC is mixed with opposite observations. One the one hand it has been shown
that stacking faults in NC SiC improve radiation resistance [222, 223], but on the other hand, NC
SiC has been shown to reduce the amorphization resistance in some cases[224-230]. The
complexity arises from the internal microstructure (phases) of SiC, radiation temperature and even

ion sources[231].
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Fig. 2.14. Grain size dependent critical amorphization dose in pyrochlore Gdz(Ti0.65Zr0.35 )207 after
annealing at different temperatures. Inset shows the relationship of grain size and degree of
disorder that occurs on annealing [211].

2.4. The need to refine GB sink strength model

2.4.1. Complexity of GB nature on radiation damage in NC metals

The radiation tolerance of NC metallic materials is directly related to the nature of GB
structure and the radiation environment [178, 232-235]. The potential complexity is nicely
demonstrated in the work of Uberuaga et al. [232], as well as the work by Arjhangmehr and Feghhi
[178]. Both of these studies examined the role of GB angle, GB character, the distance of the
cascade to the boundary, and the damage states already present in the GB. The resulting
microstructure can also be dependent on the cascade type that occurs (semi-spheroid, semi-

ellipsoid, or fragmented distribution) [178]. The large variation in the predicted defect density
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suggests that the detailed GB character, structure, and radiation history play a significant role in

the radiation damage from each cascade and boundary interaction.

The sink strength was investigated in great detail as a function of the GB character by
Tschopp et al. utilizing molecular statistics simulations [233]. This study surveyed a significant

number of GBs and outlined some interesting findings:

1) Certain GB sites have higher vacancy/interstitial formation energy than bulk lattices,

indicating that these sites will preferentially capture (annihilate) radiation induced point defects.

2) Although both low-angle GBs (LAGBs) and high-angle GBs (HAGBs) are effective
sinks for point defects, the sink efficiency depends on the exact GB character with a general rule

that HAGBs are more efficient defect sinks due to their lower point defect formation energy.

3) Point defect (vacancy or interstitial) formation energy also decreases with increasing

misorientation angles for LAGBs (less than 15°), but less so for HAGBs as shown in Fig. 2.15.

4) The simulation also shows that there is a greater tendency for interstitials to segregate
to GBs than vacancies. This observation suggests that GBs are in fact biased defect sinks. Another
implication of this finding is that the nature of GBs (GB energy and misorientation angle etc.) may
change during long-term radiation as the preferential absorption of interstitials will gradually

change the atomic configuration of the GBs.

Clearly, such atomistic view on GB defect sinks has not been taken into account when

developing the analytical GB sink strength formulas.
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Fig. 2.15. The decreasing point defect formation energy for vacancies and interstitials with
increasing GB energy for BCC Fe simulated for a variety of GBs [233].

One detail that appears to be very important is the defect structure present in the boundary
either from initial production, mechanical deformation, or previous radiation damage [172, 178].
That being said, most MD simulations have also predicted that a single GB can accommodate
multiple cascades without substantial decrease in the sink efficiency and will outperform a single
crystal of the same composition with regards to radiation tolerance [184]. The exact structural
evolution associated with each new cascade event is not predicted to be the same. This can be seen
in the data of damage profiles presented for a pristine and defect loaded boundary. Different from
the generally accepted theory that the GBs in NC metals serve as efficient sinks, an MD simulation
predicted single crystal W outperforms NC W due to hindered motion of SIAs in this system [168].
Despite this one study, the prevailing view based on numerous studies remains that GBs in NC
metals can incorporate the defects produced by multiple sequential cascades in a typical radiation
environment. The modeling work by Li ef al. shows the complexity of the annihilation pathway

for a single vacancy near a GB that contains trapped interstitials, as can be seen in Fig. 2.16 [236].
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A path with this many local minima suggests a range of complex and evolving defect and boundary

structures are possible depending on the local kinetics.

A major limitation in trying to understand defect evolution in NC models utilizing MD
simulations is the time limitations associated with the models. To understand the defect evolution
near boundaries at relevant time scales, recent work by Dunn et a/. has attempted to utilize spatially
resolved stochastic cluster dynamics (SRSCD) model [154]. Another factor hindering the
validation of MD simulations is the limited amount of experimental data available to verify many
of the previously mentioned studies due to the difficulty of characterizing GB character and
structure during irradiation studies. Advanced microscopy tools, coupled with simulation, have
recently been demonstrated to be successful pathways to define the interplay between GB

characters and defect absorptions [237-239].
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Fig. 2.16. An annihilation path for the vacancy near the GB in tungsten with interstitials trapped
at the GB. The axes X and Y are along [310] and [130], respectively [236].

2.4.2. The modified GB sink strength model

The simple rate equation (Eq.2.3) correctly predicts the trend that sink strength of GB is
grain size dependent; that is smaller grains have higher sink strength. However there are a couple
of issues with this equation. First, the equation predicts that when R reduces to nanometer length
scales, the sink strength of GB increases significantly, or sink strength approaches infinity
(unrealistically) when grain size reduces to several nm. Second, the equation did not differentiate
different types of GBs. For instance there are increasing evidence showing that HAGBs are
stronger defect sinks than LAGBs. Third, the sink strength of GBs decays, as GBs are constantly
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absorbing point defects because GBs cannot fully recover (self-heal) after absorbing a large
number of point defects. NC grains may coarsen during long term irradiation. Thus the assumption
that GBs are ideal defect sinks is less likely to hold in continuous, long term, radiation

environments.

Detailed derivation of a formula that considers all these factors is beyond the scope of this
review, however a simple analytical formula can probably suffice for the current purpose. The
absorption of point defects, such as interstitials will require excess free volume on the GB, and
HAGBSs have greater excess free volume than LAGBs. Hence a fundamental assumption is that
not the entire GB area can accommodate point defects, instead there are active sites that can
preferentially capture point defects. Thus a factor is introduced when estimating sink strength of

GB:
k%, =15£(0,7)/ R? (2.4)

Where (0, y) is a function of GB energy (y), and misorientation angle (0), and (0, y) = 1
for an ideal HAGBs, and 0 < f(0) < 1 for LAGBs. Such a formula has the advantage of integrating

the nature of GB (such as sink efficiency) with sink strength, and it may also be consistent with

the experimental observations that:

1) the capability of GB sinks to absorb defects decays or alters in some form after long
term radiation and grains coarsens, and
2) the GB denuded zone width scales with GB angles, that is HAGBs typically have

broader GB denuded zone.
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2.4.3. The application of the modified model for interpretation of experimental findings

The aforementioned model can be used to explain some recent studies, where the defect
denuded zones appear to vary for different types of GBs. A recent combination of modeling and
experimental effort by Han er al. has investigated the sink strength of various GBs in He ion
implanted Cu at elevated temperature by measuring the resulting denuded zone around each
individual boundary [237]. Based on experimental observation of He bubble denuded zone (Fig.
2.17), a simplistic yet elegant model was developed by associating the width of the denuded zone
(M) of an asymmetrical £3<110> GB with the misorientation angle (0) and the width of denuded

zone of the coherent twin boundary (CTB) and the symmetric incoherent twin boundary (SITB).

Ay = Aepp €080+ Ay SING (2.5)

This study indicates that the sink strength of the GBs is strongly related to the GB character
[237]. Significant work is needed to substantiate this proposed model at various temperatures, in

different material systems and radiation conditions.
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Fig. 2.17. 3 3 <110> tilt GBs in Cu irradiated at 450 °C by 200 keV He ions with a fluence of
2x10" ions cm?: (a) and (b) show radiation-induced voids but no void denuded zone (VDZ) near
a coherent twin boundary (CTB); (c¢) and (d) show a VDZ near an asymmetric ) 3 <110> tilt GB;
(e) and (f) show a VDZ at a symmetric incoherent twin boundary (SITB). All images were taken
under a defocus of -5 um. (g-h) The width of the VDZ as a function inclination angle and
misorientation angle[237].

This finding was further supported by a very recent in situ He ion irradiation TEM study
that showed that, even for the same NC Fe grain, not all GBs respond the same during radiation as
shown in Fig. 2.18 [181]. It is likely that the GBs surrounding the same grain have different nature
and thus as predicted by Eq.2.4, they have different sink capacity. Another interesting observation
made during irradiation at elevated temperatures is that cavities in irradiated NC Cu are mainly

formed along GBs with much less cavities in the grain interiors [237]. The number density and
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average radius of cavities in NC Cu are smaller than those in irradiated single crystal and CG Cu.
Although these initial findings are very interesting, the details of the controlling factors and

governing mechanisms are not fully clear and require further investigation.

20 nm §

Fig. 2.18. Over-focused bright field TEM image showing partially denuded GBs (pointed by red
arrows) in NC Fe irradiated with 10 keV He at 700 K [181].

A large body of literature on radiation damage in nanostructured metals used He ion for
radiation studies as He bubbles are one of the concerns in irradiated structural materials. There are
abundant studies on He ion irradiation studies in bulk structural materials [240-249] as discussed
briefly in sec. 1.3. He bubbles may coalesce and form large voids and lead to blistering and
embrittlement after high dose radiation [250-310]. Hence GBs in NC metals and alloys provide an

important way to manage He (prohibit the formation or growth of large He filled cavities).

When working with any of these types of advanced TEM characterization techniques, it is

often necessary to study the evolution in real time. As such, in situ TEM is a powerful tool in
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determine the underlying mechanism governing the evolution of NC metals in real time. However,
one must understand the limitations associated with sample geometry, experimental conditions,
and the effects of electron beam on the observed results during these in situ TEM experiments.
Recently, Muntifering et al. showed that during a sequential in situ 3 MeV self-ion irradiation and
annealing of NC nickel, the defect evolution kinetics can be greatly influenced by electron beam
effects [311]. In Fig. 2.19, the region exposed to the electron beam developed cavities much sooner
than those receiving much less electron beam exposure. This experiment was done in metal that
should not undergo radiolysis and is well below the knock-on threshold for the nickel, thus
eliminating the two major forms of electron beam damage expected in TEM samples. The e-beam
facilitated formation of cavities in NC nickel can be attributed to the increasing growth of oxide
known to occur in nickel and many other metals exposed to electron beams [311]. As a result, the
identification of radiation sink rates and other effects from in situ studies should be approached

with care.

Fig. 2.19. The influence of electron beam on formation of cavities in self-ion irradiated NC Ni.
(a) Defocused TEM image after annealing demonstrating that the voids are only present in the
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area the electron beam was irradiating during annealing. (b) Higher magnification image of the
area boxed in (a) showing drastic different defect density in irradiated NC Ni [311].

2.5 The stability of NC metals in radiation environments

Understanding the absorption of cascades by GBs is only one part of the story. The other
major aspect is to understand the mobility of GBs and the associated network present in NC
materials as a result of the radiation damage and associated temperature rise. MD simulations have
shown that GBs can move over a significant distance in ps after a cascade event [171, 182, 190].
These simulations suggest a fast GB migration mechanism results from either the absorption of
the cascade damage or the associated thermal spike. Understanding the extent of grain growth in
these types of samples is difficult from post irradiation examination, so in situ irradiation TEM has
been the tool of choice to examine the structural evolution from displacement damage. A global
radiation induced grain growth model was put forward by Kaoumi et al. for a range of monolithic

metal system based on a thermal spike assumption[200]. This analytical model is expressed as:

3.8
l/tltv\/;r(s)k;/3 Q5/3

3 3
D’ -D; = KOt =[36yd,,,, 26 102C;°x, E,”

|@1 (2.6)

In this equation, the final grain diameter (D) is dependent on the initial grain size ( Do), the
average thermal spike size (dspike), the number of thermal spikes per ion (%), the thermal spike
energy (Q), ion flux (®), thermal conductivity (ko), heat capacity (co), atomic volume (Var), GB
surface energy (y), activation energy for atomic jump in the thermal spike (Ea), the gamma function
('), and the Boltzmann’s constant (ks). This model is a derivation of the classical thermal grain
growth model with the addition of an empirically derived term to incorporate the deviation from

classical grain growth due to the ion irradiation damage. This is done by assuming that during a
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cascade event that GBs migrate due to atomic jumps and variations of local curvature resulting
from the thermal spike. These atomic jumps promote the migration of GBs and the local curvature
dictates the direction of boundary migration. The grain size distribution was obtained directly from
TEM micrographs and videos captured during in situ ion irradiation TEM observations, as seen in

Fig. 2.20 [200].

o m

\ &
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Fig. 2.20. Sequence of bright-field TEM images taken at different ion doses showing grain growth
induced by ion irradiation at room temperature; from left to right: as deposited, 5 x 10'* jons/cm?,
2 x 10" ions/cm?; from top to bottom: pure Au thin-film irradiated with 500 keV Ar ions, Pt
irradiated with 500 keV Ar ions, and Cu irradiated with 500 keV Kr ions [200].

The understanding of this effect was furthered by Bufford ez al. [201] that combined in situ

self-ion irradiation of NC Au film with precession electron diffraction (PED) and mesoscale
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modeling of GB stability. In this study, it was shown that both global texture and overall GB
network character could evolve during irradiation induced grain growth. In addition, it was shown
a single boundary associated with one of the larger grains migrate until it hit a set of sub-grain
[201]. The overlaid GB character map and bright-field images before and after irradiation can be
directly compared to the mesoscale model and the associated prediction for radiation induced grain
growth, as can be seen in Fig. 2.21. Additional post irradiation examination work utilizing PED
and other advanced characterization techniques has suggested that non-equilibrium phases may be
prone to grain growth over the thermodynamically preferred phase in systems ranging from pure
metals to complex ceramics [156, 210]. Very recently, this has been taken further by Yu et al.
who reported in situ Kr ion irradiation induced grain rotation in NC Ag, Cu, and Ni and associated
it with significant in-plane strain [26]. The understanding of the complex interaction of GBs,

groves, and thin film effects during radiation is still an area requiring significant research.
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Fig. 2.21. Bright field TEM micrographs of NC Au (a) and (b) and index maps (c) and (d) with
GBs highlighted before and after irradiation. Orange, yellow, cyan, and blue indicate GBs with

69



misorientation angles in the respective ranges of ¢<3°, 3° <@<15°, 15° <¢<30°, and 30°<@. Grains
are numbered clockwise from the bottom right. Arrows in (d) indicate directions that boundaries
moved. (¢) Phase field representation of the structure shown in (c). (f) Grain structure after
homogenous annealing. (g) Snapshot taken during simulated irradiation. Red spots indicate one
set of thermal events. In panels (e)—(g), white (blue) regions represent grain (boundary) regions.
(h) Average grain diameter as a function of characteristic time. Red diamonds show the
homogenous anneal, while blue circles indicate 5 thermal event runs. The blue line shows the
average of these 5 runs [201].

In addition to GB coarsening due to ion irradiation, two recent and somewhat surprising
observations were made regarding the potential for strikingly minimal interaction between GBs
and voids in irradiated NC Ni samples. In this study Muntifering et al. show, by utilizing in situ
TEM irradiation and annealing in combination with PED, that defect size and shape were not
limited to the size of the underlying NC grains [202]. At this damage level, the grain structure is
no longer observable via traditional TEM imaging conditions due to the large amount of defects.
However, PED orientation and grain structure maps in Fig. 2.22 clearly show the underlying
microstructure and the cavities that seem to have no associated correlation to the underlying GB
structure [202]. Similarly, Vetterick et al. showed that the presence of voids at a GB can decrease
the mobility of a GB by four orders of magnitude via a Zener pinning like mechanism [162]. The
combined observation of cavities growing straight through boundaries or pinning GBs demonstrate
the large number of competing mechanisms that are active in NC samples exposed to radiation. It
is our opinion that the dominant mechanism and subsequent radiation tolerance will be highly
dependent on the composition, and the character of the GB (not just the average grain size), as well
as the radiation environment that the sample will be exposed to during the operational lifetime of

relevant components.
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Fig. 2.22. (a) Under-focus BF TEM image of cavities in helium implanted then self-ion irradiated
NC nickel film after annealing to 400°C. (b) Orientation map of (a) revealing the grain structure
and strong texture, inverse pole Fig. color chart is inset. (¢) GBs (red) overlaid on (a) demonstrating
that many cavities cross GBs, several examples of which are highlighted with black arrows. (d)
Orientation map with GBs emphasized in black [202].

2.6 Challenges and future outlooks

Research into radiation response in NC materials has been limited, but is rapidly increasing.
There are many research and engineering challenges ahead of us, such as: elucidating the role of
GB character, GB stability, validation in realistic radiation environments, and commercial scale
processing of the bulk nanostructured materials. The vast majority of studies investigating
radiation stability in NC materials only focus on the average grain size. A small subset of those
have started to look at the role of grain size distribution [180]. However, it was not until very

recently that GB character was being considered in the design and characterization of radiation
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tolerant materials [181, 237]. Because of experimental limitations, the character has typically been
limited to the GB orientation and does not include discussion of the GB plane or GBs defects that
are expected to play a significant role (based on predictions from MD simulations). Further
experimental and modeling work is needed to determine how local GB character, composition,
and defect distribution alters the response of GBs as defect sinks. This will be important not only
for model systems to advance the basic understanding of the underlying physics, but also for
commercial alloys with complex interplay in the chemistry and structural effects in radiation

environments.

As shown in section 2.5 the stability of NC materials in radiation environments, the unique
ability of GBs to absorb cascade damage and any implanted or transmutated species can be
significantly compromised by irradiation induced grain growth. Additionally, recent observation
by one of the coauthors suggests that GBs in NC materials produced by methods such as severe
plastic deformation and sputter deposition are not equilibrium structures, and therefore exhibit
drastically different behavior under irradiation [239]. For any of the materials suggested above or
any other NC materials, the concern of grain stability will need to be addressed. Fortunately, this
stability is currently being addressed in the thermal and mechanical stability of NC metals through
alloying [312, 313], the tailored introduction of stable oxides in pure metal systems [314, 315], the
production of ODS alloys [316, 317], or through various combinations thereof [150, 152, 167, 313,
318-383]. Although there is still much controversy over the balance played between
thermodynamic and kinetic driving forces in alloy stabilized NC systems, it has been shown
empirically that many of the systems predicted by the theory (Fig. 2.23) to be stable and
demonstrated significantly enhanced thermal stability at temperatures as high as 1100 °C [313]. It

is the opinion of these authors that these binary systems provide a rich material landscape for
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exploring the radiation tolerance in general, as has been previously demonstrated in bulk CG
binary systems [239], and may present many more unexpected effects in NC metals due to the
complex GB networks. It has also been shown that NC metals can be stabilized against thermal
grain growth by the addition of oxides distributed at the GBs [384]. We suggest that utilizing such
a strategy might also mitigate radiation induced grain growth that has been observed in high purity
NC metals [201]. The addition of oxides may not only minimize grain growth, but might also
enhance some of the other properties as has been seen in bulk ODS alloys [150]. In general, the

next step in radiation tolerant NC systems may be multiphase alloys.
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Fig. 2.23. NC materials are desirable in a wide variety of applications; however, the energy
associated with the high fraction of GBs inherent in a NC material leads to instability of the
nanoscale structure in a monolithic material. It has been experimentally observed that alloying
elements can in some cases stabilize a NC microstructure. This Fig. show the significance of solute
on and segregation profiles on the stability and mobility of GBs at the NC length scale [313].
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To truly examine the roles of these alloys, new developments of characterization tools are
needed to explore the structural evolution with the necessary information on the local phase and
chemistry. Advancement in characterization tools should greatly advance the fundamental
understanding with increased spatial, chemical, and temporal resolution. The enhanced
understanding of local microstructural details including GB character and defect and
compositional distribution are important for predicting material response to radiation
environments. Development of advanced characterization tool will have to include significant
advancement in data processing and large-scale non-destructive characterization of nanostructured
materials, which will probably require the use of national and global infrastructures like the US
Department of Energies (DOE) — Nuclear Energies, Nuclear Science User Facilities and DOE
Basic Energy Sciences, Nanoscale Science Research Centers (NSRCs) and other similar

international research infrastructures.

The two other aspects needed for the regulatory approved incorporation of NC systems into
nuclear applications are validation in realistic radiation environments and commercial scale
processing of the nanostructured materials. These two steps are as important, if not more important,
as those mentioned previously, but have been to date studied much less. The vast majority of the
particle beams chosen in the experiments on NC materials are keV helium ions. The damage type
(Frenkel pair vs. cascade damage) and the new dopant introduced during radiation are not
necessarily the same observed in specimen subject to the typical neutron spectra and associated
transmutations. The difference in damage and damage rates between neutron and ion irradiation is
a well-known, but still intensely debated topic in the nuclear energy field [154, 198, 385]. It has
been suggested that altering the temperature can compensate for the elevated damage rate and that

utilizing triple beam facilities can incorporate any synergistic effects resulting from transmutation.
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The development of triple beam facilities and other accelerator developments can be found in the
detailed review by Chao [151]. To our knowledge, only a limited set of studies on the different
structural evolution as a function of sequential vs. concurrent exposure of NC systems to heavy
ion irradiation (displacement cascades), gas implantation (transmutated species), and temperature
have been published [202, 311, 386]. All of these studies have shown a drastic change in internal

structure as a function of irradiation history.

In a similar manner, the processing of these systems to industrial scale can utilize the
advancements made in the last decade or more in processing of nanostructured materials. This
ranges from the work developed for electrochemical coating over areas as large as semi-truck
bumpers [387] to severe plastic deformation for bulk structural materials [388, 389]. A review of
other possible routes to produced bulk nanostructured metals was completed by Beyerlein et al.
[152]. Despite the challenges facing the field before regulatory approval could ever be considered,

the future looks peachy at least through rose colored glasses!
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Chapter 3. Radiation damage in metallic and ceramic nanolayers

As mentioned in Chapter 1, it is a major challenge to design “radiation immune” materials
that resist radiation damage while maintaining materials’ high strength and toughness. Recently, a
strategy of incorporating a high-density of heterophase layer interfaces as defect sinks to enhance
damage resistance has been investigated significantly. Among various defect sinks, layer interfaces
are unique in many aspects. Physically coherent and incoherent interfaces can be constructed
between materials with different lattice mismatch [390, 391]. Chemically, various types of
chemical bonds can be formed across interface planes [392]. Furthermore, the mechanical
behaviors of multilayered nanocomposites, including ductility, yield strength, hardness etc., can
be tailored [393, 394]. Geometrically, the layer thickness of each constituent can be precisely
controlled down to 1 nm, providing ample opportunity to investigate the size effect on radiation
damage in nanomaterials. Hence nanolayer composites have been increasingly used as model
systems to explore the role of interfaces under different irradiation conditions. The improved
understanding on interactions between interfaces (defect sinks) and radiation-induced defects has

provided significant insight into the design of advanced radiation-tolerant structural nanomaterials.

3.1. Sink strength of nanolayers

Rate theory has been widely used to describe the evolution of radiation-induced damage.
In 1970, the concept of “sink strength” was initiated by Wiedersich to simplify the solution of the
steady defect concentration [395]. Meanwhile, it has been used as a determinant to reflect the
strength or affinity of certain sink for radiation-induced defects. Later, the concept was broadened
by Brailsford, Bullough, Hayns, Rauh, Wood et al. to explore different types of defect sinks [135,

396-400].
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Although the sink strength of GBs has been developed as described in Chapter 2, until now,
there is no formula to describe the sink strength of interfaces in nanolayers. To develop such an
equation, we start with the idea of sink strength for thin foil surfaces [135]. By using the Cartesian

coordinate, the point defect concentration, ¢, within a thin foil can be described by:
¢
D—+K-Dk.c=0
dx (3.1),

where x axis is perpendicular to the foil surface, D is point defect diffusion coefficient, K is defect
production rate, k:c is the sink strength from all the microstructure within the foil. For a thin foil

with a thickness of 2/, the solution to the formula given the boundary condition (¢ = 0 when x = 0,
i.e. free surface is an ideal defect sink) and symmetry condition (dc/dx = 0 when x =), is given by

K - coshk (x—1)

c(x)=
() Dkszc COShkscl (3.2)'

It can be shown that the sink strength of free surfaces can be written as

2 ksc/l

s coth(kscl)—@ (3.3).

In the extreme case, when ksc/ —0, i.e. for thin foils where free surface defect sinks dominate, the

previous equation can be written as

or (3.4).
Similarly for A/B nanolayers with equal individual layer thickness, h, if we assume that

layer interface is an ideal defect sink, then the sink strength of nanolayers can be written as:

K2 = 2ksc/h i
coth(ksch/2)—— (3.9).

When ksch —0, we arrive that:
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6=
h (3.6).

Note this formula also assumes that the columnar grain size of each layer is much greater
than h, that is the in-plane grain size is sufficiently large to be considered as single crystal like.
Thus the overall sink strength of nanolayers (without the consideration of GB sinks within the
layers) is underestimated.

With the ideal boundary conditions, the defect flux into two ideal interfaces (F"9**) across

the layer can be estimated as:

ot _2D e 2K
h dc™ k_h

tanhk _h/2 (3.7).

For free surface, the boundary condition for an ideal sink (¢ = 0 when x = 0) applies well.
However, for the heterophase boundary in nanolayers, limited defect concentration is presented at
the interface and this value is closely correlated with the sink efficiency, 1. Note that in the
simplified Eq. 3.6, the intrinsic nature of layer interfaces, such as coherency strain, misfit
dislocation density (interfacial energy), and heat of mixing etc., is not considered. Here we

introduce the concept of sink efficiency (1) as the ratio of defect flux into interface (F™¢*) to the

defect flux into a perfect sink interface (F!4¢%!) [401, 402],

preal
n= idea
pideat (3.8).
By replacing the ideal sink boundary condition by
hode ™ (3.9),

we obtain the particular solution
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Dki (3.10).
where
—K7 o k2
6= kj: D &M 4 g k2
—Kn & (3.11).

c =
2 2 kW2 | _k_h2
kxD e +e

When n=1, the solution is the same as Eq. 3.2. The correlated sink strength of layer interfaces

changes to:
k2 _ kgC
h ™ ksc
kz—nhcoth(ksch/z)—l (3.12).

When ksch —0, it evolves to:

2
2 _ _ Kse
h ™ 1 k2.n2
1, 5%sc

Ly (3.13).

It is noted that when 1 is considered, the formula of sink strength becomes much more complicated.
But the general trend remains the same, that is sink strength increases with . When n —1, this

equation reduces to a format similar to (Eq. 3.6):

12
k? = h—” (Eq. 3.14)

n is large for incoherent, immiscible layer interfaces with high interfacial energy, whereas
n is small (but > 0) for coherent and miscible layer interfaces with low-to-intermediate interfacial

energy. In addition, n may keep evolving with irradiation time/fluence as the characteristics of

layer interfaces may continuously evolve during irradiation [232].

3.2. Phenomena of defect-interface interactions

Before examining the detailed mechanisms on how layer interfaces interact with radiation-
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induced defects, several experimental observations are presented first to show that such intimate
interactions do exist in nanolayers.

Absorbing radiation-induced defects by laver interfaces

Room temperature in situ Kr ion irradiation experiments were employed to investigate the
role of interfaces in absorbing radiation-induced defects [403]. As shown in Fig. 3.1, a radiation-
induced dislocation loop migrated towards the immiscible Ag/Ni layer interface during radiation,

followed by its absorption at the layer interface.

50 nm
—

Fig. 3.1. In situ observation of dislocation loops absorbed by layer interface over a dose range of
0.131-0.133 dpa (0.262-0.266x10'* ions/cm?). Loops were indicated by white arrows. Two loops
nucleated at 0 s, then reached a quasi-steady state. They merged to form one larger dislocation
loop, ~ 6 nm in diameter, by 5 s. The loop was stable until 9 s. Within 0.1 s, the loop diffused left
towards the layer interface and nearly disappeared. The big arrow indicates the migration route
[403].

Distance dependent defect concentration profile
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In principle, since layer interfaces can act as defect sinks, the defect concentration near the
interface should be lower than that away from the interface. To validate this hypothesis, recently,
Mao et al. proposed a method to estimate the local vacancy concentration in Cu layer near Cu/Nb
interface [404]. Fig. 3.2a shows the profile of the local steady-state vacancy concentration plotted
as a function of distance in samples, which implies that the Cu/Nb interface is an efficient defect
sink. Another example is on Cu/Fe nanolayers by in situ Cu ion irradiation experiment in TEM
(Fig. 3.2b). The evolution of defect clusters under irradiation has been quantified in real time. An
increase in defect-generation frequency is observed further away from the Cu/Fe layer interfaces

and the defect-generation frequency reaches a maximum near the center of the Cu layers [405].
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Fig. 3.2 (a) Sink strength of Cu/Nb nanolayers (from experiments): The local steady-state vacancy
concentration plotted as a function of distance in samples irradiated to 8 x10'* at 300°C along with
calculated vacancy concentration profile based on a steady-state rate equation and varying defect
production efficiency [404]. (b) A statistical study on the accumulative frequency of defect clusters
generated in Cu layers in Cu/Fe 100 nm nanolayers acquired during in situ Cu ion irradiation
(3MeV) in TEM (0.25-0.31 dpa in 160 s). Fewer defects are identified near the Cu/Fe interfaces
during radiation. The defect-generation frequency reaches a maximum in the center of the Cu

layers. The dashed line is a visual guide that delineates the defect cluster-concentration profile
[405].

Laver thickness dependent defect concentration
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According to Eq. 3.13, a higher population of layer interfaces (or smaller h) leads to higher
sink strength. The corresponding mean defect concentration in layers is expected to be lower as
well. As shown in He ion irradiated Cu/Nb nanolayers (in Fig. 3.3), layer thickness dependent
distribution of void density was observed [406]. Meanwhile, a void depleted zone at the interface
was identified. Similar scenarios have been studied by He ion and proton irradiation in immiscible

Ag/Ni nanolayers [403].
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Fig. 3.3. Interface affected zone in He ion irradiated Cu/Nb nanolayers. Bubble distribution in
layered structure (Cu/Nb with high-energy interfaces). (a) He ion irradiation-induced voids in Cu
layers in irradiated ARB Cu/Nb nanolayers with 135 nm individual layer thickness. (b) Illustration
of the method to determine the void number density in Cu layers. (¢) The plot of the number density
of voids as a function of distance from the center of the layer in 133 nm-, 30 nm-, and 15 nm-thick
Cu layers. For each layer thickness, voids were counted over a length of 150 nm in Cu layers [406].

Void denuded zone at the layer interface

Generally, defect concentrations near interfaces are reduced in comparison to the steady-

state concentration in the interiors of layers. When local concentration is less than the critical
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concentration needed for void nucleation, a void denuded zone may form near the interface [407].
As shown in Fig. 3.4, a clear void denuded zone in He ion irradiated SiOC/Fe multilayers has been

observed [408].

Top surface
sioc
™

Fig. 3.4. Void denuded zone in He ion irradiated SiOC/Fe multilayer: Typical cross-sectional
TEM images from SiOC/Fe multilayers. The formation of nanovoids in the SiOC/Fe multilayer
after 600 °C irradiation to 10.7 dpa [408].

3.3. Size effect on mitigation of radiation damage in nanolayers

The initial motivation for investigation on radiation damage in nanolayered composites
hinges on the hypothesis that certain types of layer interfaces can absorb radiation induced defects,
and thus alleviate radiation damage [409, 410]. The studies on radiation damage in nanolayer
systems can be classified into two categories: one on sink efficiency and the other one on sink
strength. As pointed out in [411], sink efficiency describes the ability of a single, specific interface
to absorb defects from the neighboring grains, which is related to the interface feature, such as
misfit dislocation patterns at the interface; while sink strength describes the net effect of defect
traps (distributed throughout the material) on the average radiation induced defect concentration

[396]. Thus it is often accepted that sink strength may depend on the sink efficiency of the interface
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and the thickness of the layers (size dependence of radiation damage) as described in Eq. 3.13 and
3.14.

The influences of various types of interfaces on size dependent radiation resistance have
been studied in numerous nanolayer systems, including metallic nanolayers with FCC/BCC,
FCC/FCC, BCC/BCC, BCC/HCP, FCC/HCP interfaces, metal/amorphous, and metal/ceramics
nanolayers. Among them, FCC/BCC system attracts intensive attention both theoretically and
experimentally. Thus, we will review more studies on FCC/BCC systems, as these studies would
also shed insights on radiation tolerance in other nanolayer systems.

The FCC/BCC systems reported in literature include Cu/Nb (experiments [307, 404, 406,
409,410, 412-422] and modeling [401, 423-438]), Cu/V [121, 439, 440], Cu/Mo [441, 442], Cu/W
[443-446], Cu/Fe [405, 447], Ag/V [448, 449] and Ni/Fe [450, 451]. Different types of interfaces
have various sink efficiencies. Most FCC/BCC systems explored experimentally show a clear
trend that radiation damage is alleviated by decreasing h. Some of these examples in Cu/Nb [410],

Cu/V [121] and Cu/Fe nanolayers [447] are shown in Fig. 3.5.
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Fig. 3.5. Several FCC/BCC multilayer systems showing layer interfaces can suppress He ion
irradiation damage: Cross-section TEM micrographs of several FCC/BCC nanolayer systems
showing size effect (layer thickness dependent evolution of He bubble density) (a, a”) Cu/Nb [410],
(b,b’) Cu/V [121] and (c,c’) Cu/Fe [447]. In general, He bubble density is much lower in
nanolayers with small h.

In general, layer interfaces promote the recombination of opposite type of point defects
and hence reduce the accumulative radiation damage, such as defect (He bubble) density and
swelling. A systematic study on He bubble induced swelling in Cu/V nanolayers clearly shows

continuous swelling reduction with decreasing h (Fig. 3.6) [121]. However, the derivation of

correlation between swelling and h from the simplified diffusion equation (Eq. 3.1) is non-trivial.
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Other factors, such as the migration of other defects (e.g. di-vacancies) besides point defects,
temperature dependent vacancy-interstitial mutual recombination, need to be considered to provide
a better estimation of swelling. In addition, with increasing population of He bubbles generated

inside layers, the void sink strength has to be involved in the diffusion equation as well.
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Fig. 3.6. He bubble induced swelling (measured from step height) in Cu/V nanolayers [121].
Swelling vs. 1/h in ion irradiated Cu/V nanolayers, where h is individual layer thickness, shows a
continuous swelling reduction with decreasing layer thickness. The rule-of-mixture (ROM)
swelling in irradiated Cu and V single layer films is also shown by the horizontal dash line.
Although there are abundant studies on size effect on radiation damage in nanolayers, the
research on the influence of fluence (dose) on size dependent radiation response of nanolayers
remains limited. Fu ef al. demonstrated that the bubble density in He ion irradiated Cu/V is strongly
tied to the radiation fluence [440] (Fig. 3.7), that is the magnitude of peak bubble density increases

with (He ion) fluence before reaches a saturation. Furthermore size effect on alleviation of

radiation damage remains prominent in these fluence dependent radiation studies.
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Fig. 3.7, Size effect vs dose dependence: Plot of peak He bubble density, obtained from XTEM
micrographs taken at the same under-focus distance of 400 nm, as a function of fluence for ion
irradiated Cu/V 50 and 2.5nm multilayers [440].

3.4. Nature of interface on irradiation response of nanolayers

The roles of various types of interfaces in alleviation of radiation damage have been studied
in numerous nanolayer systems. Different types of interfaces exhibit various sink efficiencies.
Three important interface characteristics (misfit dislocation arrays, coherency stress, and
miscibility) are highlighted here to uncover their respective influences on interface-defect

interaction.

3.4.1. Incoherent immiscible interface - Influence of misfit dislocation arrays

As described in Chapter 1, radiation can induce various types of vacancy and interstitial
clusters. When these clusters migrate to layer interfaces, they may break down into point defects
and in turn modify the interface structure simultaneously [424, 452]. Layer interfaces promote the
recombination of these vacancies and interstitials. However, He bubbles at interfaces are different

as the inert gas atoms stabilize vacancy clusters at interfaces.
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He is a byproduct of neutron capture (n,0) reactions. As He solubility in most metals is
extremely low [453-455], it tends to migrate and get trapped by defects. For instance, He can
rapidly combine with vacancy and their clusters to reduce their formation energy, leading to the
formation of He bubbles. Pressurized He bubbles may grow continuously to become pressurized
voids and embrittle the irradiated materials [433]. At least two strategies have been applied to
delay the transformation of He bubbles into voids and extend the lifetime of irradiated materials:
1) maximize the critical bubble diameter beyond which bubbles transform into voids, or 2) increase
the number density of stable He bubbles by maximizing the number of He bubble nucleation sites
[411]. The interests of introducing nanolayers with high-density interfaces to manage He bubbles
arise from the assumption that certain types of layer interfaces can store He atoms and provide
abundant nucleation sites of He bubbles, especially when h is only a few nm.

Threshold He concentration

The hypothesis of He storage at layer interface was proposed in 2005 [409]. It follows,
there is a critical He concentration, below which, He atoms are distributed uniformly along layer
interface without forming He bubbles. The hypothesis for threshold He concentration to form He
bubbles has later been validated in He ion irradiated Cu/V [121], Cu/Nb (synthesized by sputtering
[426] and accumulative roll bonding [420]), Cu/Mo [441] nanolayers via nuclear reaction analysis

(NRA) and through-focus cross-sectional TEM studies (Fig. 3.8).
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Fig. 3.8. Experimental evidence for threshold He concentration to form He bubbles in nanolayers
[121, 420, 426, 441]: (a) Cross-section TEM image of He ion irradiated Cu/Nb 5.6 nm nanolayer
and the corresponding He concentration profile show no He bubbles were detected in the surface
region when He concentration is < 1.4/nm> [426]. (b) In Cu/Nb nanolayers deformed by
accumulative roll bonding (ARB) or high pressure torsion (HPT), similar phenomenon was
observed. Horizontal lines in inset Fig. show and the range where He bubbles were observed for
each specimen [420]. (¢) The minimum He concentration beyond which He bubbles are detectable
in Cu/V 2.5 nmis 1 at.%, ~ 4 times greater than that (0.26 at.%) in Cu/V 50 nm nanolayers [121].
(d) The He (solid curve) and vacancy concentration (dashed curve) profiles of He irradiated Cu/Mo
5 nm films. Note that locations ¢ and f have the same He concentration, but the vacancy
concentration at c is a lot greater [441].

When converted to number of He atoms per unit of interface area, the critical
concentrations at which He bubbles are observed in sputtered and roll-bonded Cu/Nb, Cu/V and
Cu/Mo are ~ 8.5 [426], ~1.1-5.8 [420], ~1.9 [121] and ~3 [411, 441] atoms/nm?, respectively. The
different interfacial He storage capacity is ascribed to different density of misfit dislocation

intersections (MDIs) at interfaces, which will be discussed later.
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Beside the He storage capacity of different interfaces, He/vacancy ratio can also affect the
formation of He bubbles. As shown in Fig. 3.8d, Stopping and Range of lons in Matter (SRIM)
simulation predicts that the He concentration in Cu/Mo nanolayers is identical at locations ¢ and
f. However, He bubbles clearly align along the layer interfaces at location f, while not at location
c. A major difference is that the location f, at the tail of radiation zone, has much lower vacancy
concentration than that in region c [32]. Greater vacancies will trap more He atoms and form tiny
He-vacancy clusters, not detectable in TEM. At the tail of the irradiated specimen, where the
vacancy concentration is low, He can migrate readily to the layer interfaces instead of being
captured, by vacancies. Hence, He can combine with vacancies at the interface to nucleate bubbles.

Bubble nucleation

The nature of interfaces determines their He storage capacity. Several studies reported that
the MDI density dominates the density of He atoms stored at the interfaces. Interface with a higher
density of MDIs can store more He atoms, as shown in Fig. 3.9a-c. The information of MDIs can
be achieved by atomistic simulations [424] or O-lattice theory [423, 436]. For the same interfacial
crystallography, misfit dislocation densities increase following Cu/V < Cu/Mo < Cu/Nb. With
known He storage capability, it can be calculated that each MDI can store ~ 25 He atoms in both
Cu/Nb and Cu/V without forming a He bubble [304], which is far beyond expectation from the
solubility of He in metals. Motivated by this observation, Kashnath et a/. initiated the study on the
state of He atoms at interfaces and proposed a new class of He precipitates at interfaces: nanoscale

platelets [431].
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Fig. 3.9. (a) Black dots are areal densities of MDIs calculated by O-lattice theory for a range of
FCC/BCC pairs with different lattice parameter ratios, but identical interface crystallography
(Kurdjumov—Sachs orientation relation and closest-packed interface planes). Red diamonds are
measured critical He concentrations to detect He bubbles in TEM. The dashed line is a visual guide
[304]. (b) and (c) show the MDIs in Cu/Nb and Cu/V interfaces. Dashed lines indicate interface
misfit dislocations [304, 426]; (d) The solution space for the design problem is the intersection of
envelopes satisfying the restriction on [,,,;,, imposed by design criterion 1(black hatching) as well
as the restriction on [, imposed by criteria 2 and 3 (red hatching). The vertical blue line at
6 ~5.26° denotes interfaces synthesized by PVD. Ovals highlight the intersection of the solution
space with this line [436].
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He atoms near interfaces prefer to migrate towards interfaces and stay thereafter [433].
Among dislocation lines, MDIs and coherent structures (separated by misfit dislocations) at
interfaces, MDIs are the favorite sites for He trapping, where He platelets form by wetting high-
energy interface regions. As shown in Fig. 3.10, the He platelets remain stable under irradiation
up to ~ 20 He atoms. The clusters are two atomic layer thick and expand as flat platelets by
increasing the interface area they occupy, consistent with the previous experimental observation
of ~ 25 atoms. When their sizes increase beyond 20 He atoms, however, the clusters grow by
increasing their thickness one layer at a time while maintaining a constant area along the interface,
forming 3D bubbles. Thus, stable storage of He at interfaces leads to less He-induced swelling
prior to bubble/void formation as the volume of such platelets is nearly three times smaller than
that of bubbles in FCC Cu.

He platelet-to-bubble transitions are driven by a competition among three types of pressure
acting on interfacial He-filled cavities [152, 417, 431]: the mechanical pressure Py, of the trapped
He gas, the osmotic pressure P, due to the flux of radiation-induced vacancies to the cavity, and
the capillary pressure P, arising from the surface energy of the cavity. Py, and Py, tend to expand
the cavity while P, tends to shrink it. If the three pressures reach balance, i.e.,

Pye + Py = P; (3.15)

then the cavity is in equilibrium: it neither expands nor contracts [152]. Platelets have higher
capillary pressures than spherical bubbles, which balances the mechanic and osmotic pressures.
However, when a platelet grows beyond the “heliophilic” interface region and reaches surrounding
“heliophobic” interface region, the capillary pressure drops and the He platelet tends to transform

to spherical He bubble.
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Fig. 3.10. He platelet — bubble transition at Cu/Nb interface: Location dependence of ¥y yp, (J/m?),
looking normal to the interface plane. (a) Patches of highest energy coincide with MDIs. Atomistic
modeling of the evolution of He—vacancy clusters at an MDI at a Cu/Nb interface. (b) These
clusters initially grow as flat platelets by wetting regions of high interface energy. Later on, the He
platelet transforms into a more equiaxed precipitate above approximately 20 He atoms [431].
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With the understanding of the role of MDIs, Yuryev and Demkowicz [436] developed a
solution space (Fig. 3.9d) to search an optimized interface design that allows the bubbles to connect
in one direction to form channels and to separate bubble channels far enough that they do not
interact with each other in the other direction. This approach can be realized by tuning two
parameters that influence MDI distributions: the ratio of cubic lattice parameters in the neighboring
crystals and the twist angle describing the relative rotation of the crystals parallel to the interface
plane. The essential idea of this study lies in the hypothesis that He atoms can migrate out of the
material through these bubble channels instead of forming large bubbles/voids. Therefore, the
design of dislocation patterns at interfaces becomes an important topic [435, 456].

Another interesting experimental study on the sink efficiency of different interfaces is
shown in Fig. 3.11. Significant variations in interfacial Cu vacancy sink efficiency (1) were
measured for interfaces including approximately ideal Cu/Nb sinks with Kurdjumov-Sachs (KS)

(7>0.9) interfaces, a moderate Cu/V sink with KS interfaces (#=0.9), and an ineffective
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heteroepitaxial Cu/Ni sink (7 <0.5) [422]. The trend is qualitatively consistent with predictions
from MD simulations, that is the average point defect absorption probability should be the highest

for the Cu/Nb interfaces and the lowest for the Cu/Ni interfaces [429].
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Fig. 3.11. Vacancy concentration at the center of the film plotted as a function of film thickness
measured at (a) 300°C and (b) 350°C. Calculated trends for the bounding sink efficiencies of n =
0 and n = 1, assuming a defect production efficiency of 1%, are plotted as a guide [422].

3.4.2. Immiscible coherent interfaces — The influence of coherency stress

Prior studies on radiation damage in nanolayers suggest that incoherent interfaces with
high-density misfit dislocations and MDIs are more efficient in alleviating radiation damage. One
evidence is that coherent twin boundaries in nanotwinned Cu without misfit dislocations do not
reduce the density of He bubbles comparing to the single crystal Cu under He ion irradiation [457].

However, as will be shown extensively in Chapter 4, nanotwinned metals have outstanding

94



radiation tolerance as TBs are effective defect sinks. Furthermore several studies show that
immiscible coherent interfaces may also play a positive role in mitigating radiation damage. In He
ion irradiated (100) Cu/ Co with coherent FCC/FCC interface [458], a clear size dependence is
observed. He bubbles nucleate and align along the coherent Cu/Co interfaces (Fig. 3.12a-b),
presumably due to the following reasons. First, the interaction between radiation induced defects
and coherent interface may create disconnections at interfaces, which serve as defect sinks.
Second, the coherency stress may promote defect migration towards layer interfaces [438]. Third,
the coherent Cu/Co interface may inhibit bubble growth, similar to the radiation response of
incoherent interfaces. In fully coherent immiscible FCC Cu/Fe 0.75 nm nanolayers [447], He
bubbles nucleate and align within the Cu layers (Fig. 3.12c-d). The alignment of abundant He
bubbles inside the Cu layers consumes a large amount of He atoms and vacancies, and the interface
confinement prohibits the coarsening of He bubbles, thus suppresses the formation of voids. The
alignment of He bubbles in narrow nanolayers is, to some extent, similar to the construction of
directional He storage/transportation channels to store more He atoms by reducing the spacing of

MDIs in one direction [436].
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Fig. 3.12. (a) XTEM image and schematics show that in He ion irradiated immiscible coherent
Cu/Co 5 nm nanolayers, clear alignment of He bubbles along layer interfaces. The embedded SAD
pattern shows that the film retained epitaxial structure with fully coherent FCC (100) Cu/ Co
interface [458]; (c-d) The fully coherent FCC Cu/Fe interface in Cu/Fe 0.75 nm nanolayers
subjected to He ion irradiation to 2.5 dpa. He bubbles prefer to nucleate in Cu layers and are
constricted to reside inside the Cu layers, resulting in smaller bubble size compared to bubbles in
other Cu/Fe nanolayers with larger h [447].

Recently, Vattre et al. proposed that the reduced defect migration energies/barriers near
interface might be primarily responsible for the enhancement in sink strength, inducing a
preferential drift of point defects towards interfaces [438]. As shown in Fig. 3.13a-b, the reduced
defect migration barriers arise from the elastic field in the layered structure. The sink strength of
interface for both vacancies and interstitials with elastic interaction (blue line in Fig. 3.13c-d) is
significantly higher than that without elastic interaction (orange line in Fig. 3.13c-d). Furthermore,

the recombination of vacancies and interstitials could also be promoted by the emission of

interstitials from the interface into layer interior [430], which is similar to another observation near
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GBs [183].
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Fig. 3.13. Interface stress enhance the sink strength of layer interfaces: (a-b) Migration paths and
local concentrations of (a) vacancies and (b) interstitials on the Ag side of the semicoherent Ag—
Cu interface. Migration paths are shown as grey lines originated from 1 nm away from the
interface. The square grid of black lines represents interface dislocations. The normalized
concentrations of point defects are plotted in a plane located two atomic distances away from the
interface. Any normalized concentration values higher than 0.015 are shown as equal to 0.015. (c-
d) Enhancement in sink strength of semicoherent interfaces. Sink behaviors of Ag—Cu interfaces
for (c) vacancies and (d) interstitials in Ag as a function of layer thickness, d. Orange and blue
lines correspond to the object kinetic Monte Carlo (OKMC) calculations without saddle point
anisotropy and with the fully anisotropic interaction model, respectively [438].

3.4.3. Miscible layer interface — radiation induces intermixing

Immiscible nanolayer systems retain the layer interfaces under radiation as the positive
heat of mixing between the layer constituents thermodynamically drives the demixing process to
maintain chemically distinct layer interfaces during radiation or annealing. In contrast, irradiation

of miscible nanolayer systems can induce significant interdiffusion (e.g. Cu/Ni [459]), resulting in
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the formation of intermetallics (e.g. AI/Nb [460], Al/Ti [461, 462] and Fe/W [463]) or amorphous
structure (e.g. Ni/Ti [464, 465]). Taking Al/Nb nanolayer as an example [460], Fig. 3.14 shows
the chemistry of layer interface in surface, peak damage and unirradiated regions of He ion
irradiated Al/Nb nanolayers. The peak damage region clearly shows interdiffusion between Al and

Nb, forming intermetallics at interfaces.
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Fig. 3.14. STEM micrographs of He ion irradiated AI/Nb 2.5nm multilayers at (a) surface, (b) peak
damage, and (c) unirradiated region. Distinctive layer interfaces are clearly resolved in all regions.
Figures (a’)—(c’) show the corresponding composition analyses along line markers. Modulated
composition profiles are revealed in (a’) and (c’), but intermixing clearly occurs in region (b’)

[460].
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3.5. Alternative mechanisms to reduce defect density in nanolayers

The role of interfaces is not just limited to the annihilation of defects at layer interfaces.
The sandwiched layers can provide a sweeping channel for dislocations to annihilate defects with
opposite nature. /n situ TEM snapshots have captured one such typical defect annihilation process
in Fe/Fe2Zr nanolayers [466]. A dislocation loop A (outlined in circle in Fig. 3.15(a)) nucleated at
0.755 dpa migrated until it encountered and annihilated loop B within the same layer. The Fe:Zr
layers have become amorphous after slight radiation and the crystal/amorphous layer interface
confines the migration of dislocation loops within the Fe layers. It remains unclear if such a
mechanism may also operate in other multilayer systems given limited studies to date. Further
studies on radiation damage in multilayers with crystal/amorphous interfaces are necessary to

substantiate such a mechanism.
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Fig. 3.15. In situ evidence showing the Fe/amorphous Fe>Zr interface assisted defect annihilation
in Fe layers. (a) In situ TEM snapshots of dislocation loop migration over a dose range of 0.737—
0.907 dpa (over 70 s) in confined nanolaminates. At 0.755 dpa, a dislocation loop A was generated
and started to migrate within the a-Fe layer, as outlined by the circle. Loop A migrated over a
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distance of 295 nm by 0.885 dpa before it encountered loop B. The two loops then interacted and
combined with each other. (b) Schematics of the defect removal mechanism illustrating the
migration of dislocation loops in a-Fe channels confined by the crystal/amorphous layer interface
and the recombination of dislocation loops with opposite nature [466].

3.6. Radiation damage in ceramic nanolayers - amorphization and nanocrystallization

Radiation damage in ceramic nanolayers is a complex subject due to the complicated
structure of oxide compounds, the higher bonding energy of ceramics, electrostatic effects, and
penchant for preserving stoichiometry in compounds [467]. Certain ceramic nanolayers, such as
CrN/AITIN [468, 469] and TiN/MgO [470], can effectively remove radiation induced defects as
layer interfaces can act as defect sinks, and suppress amorphization [471].

Amorphization is an important issue for irradiated ceramics [472]. Some ceramics have a
higher tendency for amorphization under radiation than others [473]. For instance, in CeO2/SrTiOs3
system [474], enhanced amorphization at interfaces was observed because (1) layer interfaces act
as biased sinks for different types of defects, that is interface steps attract cation interstitials,
leaving behind an excess of immobile vacancies; and (2) defects at interface steps induce
significant structural and chemical distortions.

However, in TiN/AIN nanolayers [471], suppression of amorphization in AIN layers and
the reduction of irradiation-induced softening were observed (Fig. 3.16). A clear size dependent
reduction of radiation damage was observed in these nanolayers. More specifically when h = 10-
20 nm, the TiN/AIN nanolayers show the best He ion irradiation tolerance, and a critical layer
thickness of more than 5 nm is necessary to prevent severe intermixing. This study suggests that
both the interface characteristics and the critical length scale (layer thickness) contribute to the
reduction of the He ion irradiation-induced damages in nitride-based ceramic nanolayers. Note

that prior studies show that polycrystalline AIN is resistant to radiation induced amorphization
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under 700 MeV Bi ion irradiation. Hence it is likely the amorphization resistance of AIN also
depends on the types of ion source for radiation studies [475]. In addition, TiN/AIN nanolayers
also have good radiation resistance against Ar [476, 477] and Xe [478] ion irradiation to 92-127
dpa. The interfaces remain intact although radiation may lead to lateral grain growth in individual

layers.

TiN seed layer -
TiN seed layer

Si (001) v el si(001)

100 nm - A 100 nm

Fig. 3.16. Suppression of amorphization in AIN in by TiN/AIN layered structure under radiation.
Low magnification cross-sectional TEM micrographs and SAD patterns of (a) as-deposited and
(b) ion irradiated TiN/AIN 20 nm nanolayers after He ion irradiation to ~ 4 dpa. No amorphization
is detected. (c-d) In contrast, He ion radiation on as-deposited single layer AIN induced obvious
amorphization [471].

Uberuaga et al. [479] pointed out that the phase of layer constituents may have an influence
on the defect evolution during radiation. They compared radiation damage of SrTiOs (STO)
coupled with three different types of oxides [473, 480, 481], forming near perfectly coherent

interfaces and discovered that, under similar radiation conditions, the behavior of STO in the three
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systems is very different (Fig. 3.17). In the case of BaTiOs/ STO, no amorphization was observed;
in the case of STO/LaAlOs3, the STO side amorphized significantly; in the TiO2/STO sample, the
formation of a defect denuded zone at the interface in the TiO2 side was observed. The drastic
difference in radiation response of the materials with same chemistry but different types of
interface is surprising as atomistic modeling reveals that there are no thermodynamic trap states
for defects at these interfaces (Fig. 3.17d). Based on these interesting observations, Uberuaga et
al. hypothesize that the controlling parameters (that dictate radiation response of the materials) are
the defect properties within each of the bulk phases and that the interface simply acts as a transition
point between the two materials. Using a reaction-diffusion model, they demonstrated that the
formation and migration energies of defects within each phase determine the eventual response at
the interface. The formation energies dictate the direction of flow of defects, while the migration

energies dictated the rates of defect flow.

Interface

Y
Phase A Phase B

A,
- E

(a) (b) () (d)

Fig. 3.17. Examples of the irradiation response of different oxide heterointerfaces [479]: (a)
Ti02/SrTiOs3, (b) BaTiO3/SrTiOs, and (¢) SrTiO3/LaAlOs. In each case, the film thickness was
between 250 and 300 nm and the irradiation conditions were chosen such that about 3 - 4 dpa
occurred just under the interface. In each case, the energy of the implanted Ne and the total fluence
were (left) 250 keV, 1.11 x 10'® ions/cm?, (middle) 300 keV, 1.55 x 10' ions/cm?, and (right) 260
keV, 8.23 x 10'¢ ions/cm?. The positions of the denuded zone and amorphous layers are labeled.
The scale bar for all three images is the same. (d) Schematic of the typical energetic landscape for
point defects as determined from atomistic calculations. Details about these experiments and the
corresponding atomistic calculations can be found in [479].
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Meanwhile, in situ radiation experiments reveal the suppression of nanocrystallization in
amorphous Y203 layers by Fe/Y20s3 layer interface [482, 483]. As shown in Fig. 3.18, after Kr ion
irradiation to 7.8 dpa, the as-deposited amorphous Y203 in the Fe/Y203; 50 nm nanolayer
crystallized, in contrast to little crystallization in 10 nm-thick Y20s3 layers, implying size dependent
enhancement of radiation tolerance [483]. Within the interface affected zones (~10 nm), interfaces
absorb radiation induced defects and produce interfacial stress to mitigate radiation induced

crystallization.

(a2) irradiated: 7.8 dpa

Fig. 3.18. Suppression of nanocrystallization in amorphous Y203 in Fe/ Y203 nanolayers [483]. In
situ Kr ion irradiation studies (room temperature) showing the evidence of suppression of
crystallization in oxide layers by Fe/Y20s3 interface in Fe/Y203 multilayers. Comparison of
microstructures of Fe/Y203 50 nm and Fe/Y20310 nm nanolayers before (al and b1) and after (a2
and b2) Kr ion irradiation (up to 7.8 dpa) (al) as-deposited Y203 in Fe/Y203 50 nm nanolayer has
primarily amorphous phase with some embedded nanograins, (a2) subsequent radiation of Fe/Y203
50 nm leads to extensive crystallization in the 50 nm thick Y203 layers. A typical nanograin is
shown in the embedded HRTEM image in Fe/Y203 10 nm nanolayers. Comparison of micrographs
before (b1) and after irradiation (b2) shows insignificant variation in microstructure in Fe and Y203
layers. Y203 in irradiated Fe/Y203 10 nm multilayer remains predominantly amorphous.
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3.7. Size effect on hardening in irradiated nanolayers

Radiation introduces significant microstructure damage in form of drastic increase in defect
density, and in turn prominent irradiation hardening. Irradiation hardening is manifested by
increase in yield strength, hardness, flow stress and is often accompanied by loss of toughness and
ductility [484, 485] . Hence radiation hardening may be used as an indirect probe to evaluate the
influence of radiation damage on deformability of the irradiated materials. Most radiation
experiments pertaining to this chapter were conducted by He or heavy ions, the radiation damage
resides in shallow surface (a few hundreds of nms to a couple of micrometers). Consequently
irradiation hardening in nanolayers is typically measured by nano/micro mechanical testing
techniques, such as nanoindentation [486, 487], and micropillar compression in SEM [414, 421,
488] and TEM [419]. Nanoindentation is the most widely used method to probe irradiation
hardening. One of the earlier systematic irradiation hardening measurements of metallic
nanolayers were performed on He ion irradiated Cu/V system [439] with various h and fluences.
Size dependent irradiation hardening has been uncovered: the magnitude of irradiation hardening
decreases with decreasing h (Fig. 3.19a). Correlated microscopy studies show that for multilayers
with smaller h, the density of He bubbles is significantly reduced, and hence irradiation hardening
(due primarily to He bubbles) is expected to be less prominent than that in multilayers with greater
h. This size dependent hardening phenomena has also been observed in a variety of other He ion
irradiated nanolayers, including Ag/V [448] and Ag/Ni [403] (Fig. 3.19a). Notice that these are
immiscible nanolayer systems with incoherent FCC/BCC or FCC/FCC interfaces. Surprisingly, in
He ion irradiated immiscible (100) FCC Cu/Co nanolayers with coherent interface, an opposite
trend was observed: the magnitude of irradiation hardening increases with decreasing h [458]. In

the as-deposited FCC Cu/Co nanolayers, as both Cu and Co have low SFE, mobile Shockley
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partials are predominant plasticity carriers. The peak strength of Cu/Co multilayers is determined
by the interface barrier strength to the transmission of partials. After He ion irradiation, however,
He bubbles align preferentially along the Cu/Co layer interface, consequently partials may have to
go through a constriction (to become full dislocations) at the interface before transmission across
the layer interface, leading to significant increase in yield strength of the irradiated multilayers
with smaller h [458]. There are limited studies on dose and size dependent radiation damage in
nanolayers. An example of He ion irradiated Cu/V nanolayers in Fig. 3.19b show that irradiation

hardening reaches saturation at lower fluence for multilayers with greater h [440].
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Fig. 3.19. (a) Less irradiation hardening in He ion irradiated Ag/V, Ag/Ni, Cu/V nanolayers with
smaller h [458]. (b) Fluence dependence of irradiation hardening in He ion irradiated Cu/V
nanolayers [440]. Irradiation hardening approaches saturation at lower fluence in multilayers with

greater h.

Although the nanoindentation technique is successful in probing irradiation hardening in
irradiated nanolayers, this technique applies a non-uniform stress and strain underneath the tip,
thereby leading to the complication of interpreting plastic flow behavior. The development of the

micropillar compression test technique has opened new routes to acquire stress-strain curves from
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nominally uniaxial compression tests of specimens with small volume [489-491]. Li et al. studied
compressive flow behavior of He ion irradiated Cu/Nb nanolayers containing uniformly distributed
He bubbles [414]. The flow strength of irradiated Cu films increases by more than a factor of 2
due to the introduction of high-density He bubbles (Fig. 3.20a). In contrast in He ion irradiated
Cu/Nb nanolayers, the magnitude of irradiation induced strengthening (increase in yield strength)
is much less and decreases with decreasing h (Fig. 3.20c-d). When h decreases to 2.5 nm, the
Cu/Nb 2.5 nm nanolayer shows insignificant hardening and little loss in deformability. SEM
images of Cu/Nb 70 nm micropillars (in Fig. 3.20¢) show morphological evolution of as-deposited
and irradiated pillars before and after compression. The irradiation induced increase in shear
strength has also been studied via in situ compression of Cu [492] and Cu-Nb alloy and Cu/Nb

nanolaminate pillars in TEM [419].
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Fig. 3.20. Radiation induced strengthening and variation in plastic deformation ability measured
by micropillar compression tests in He ion irradiated Cu/Nb nanolayers. True stress—strain
behavior of (a) single-crystal Cu pillar, (b) Cu/Nb 70 nm, (c¢) Cu/Nb 5 nm, and (d) Cu/Nb 2.5 nm
nanolayer pillars before and after He ion irradiation. (¢) SEM images of Cu/Nb 70 nm micropillars
before and after radiation and pillar compression (Reorganized from [414]).

The irradiation induced hardening mechanisms of nanolayers are very complicated as they
are not only determined by the type, dimension, and density of irradiation induced defect clusters,
but also by h. Before we discuss the details of the irradiation hardening in nanolayers, the
correlated mechanical behavior with various layer thickness will be briefly described. Generally,

three regimes have been characterized to describe the size dependent strengthening in as-deposited
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nanolayers. (1) When h is large (typically > 50 nm), the strengthening depends on the pile-up of
gliding dislocations, and thus follows the classical Hall-Petch strengthening model. (2) At the
intermediate layer thickness (when h = 10 - 50 nm), the flow strength of nanolayers is determined
by the confined layer slip (CLS) model, and typically follows the Orowan bowing mechanism. (3)
When h is small (less than 5 nm), interface barrier strength for a single gliding dislocation
dominates the strength of the film (referred to literature [390] for more details). Thus, the
understanding on the fundamental mechanisms of irradiation hardening in nanolayers should
couple multiple strengthening mechanisms together.

(a) dislocation-bubble interaction

dislocation line bubble

(b)large h

Fig. 3.21. Schematic illustration of gliding dislocation interaction with obstacles (nanoscale He
bubbles in this case) of spacing /. @c is the semicritical angle at which the dislocation breaks away
from the pinning obstacle. (b-c) Schematic illustration of the bubble distribution in nanolayers (the
circles indicate bubbles). (b) When h is a few tens of nanometers, h >> [, the strengthening
mechanism is dominated by the confined layer slip (CLS) model. Gliding dislocations in a given
layer are confined by the interfaces and nanoscale bubbles, resulting in a term that adds to the CLS
stress; (c) when h is a few nanometers, h </, the yield strength is determined by the crossing of
single dislocations across interfaces containing a distribution of nanoscale He bubbles [448].

Irradiation hardening of nanolayers is contributed by both layer constituents and interfaces.
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At large layer thickness, (h > 5 nm), the hardening behavior in nanolayers is similar to that in
monolithic metals. Radiation induced dislocation loops and He bubbles are generally treated as
weak obstacles to the migration of dislocations. The Friedel-Kroupa—Hirsch (FKH) model is

commonly used to describe irradiation strengthening (Ao) arising from weak obstacles [493-495]
Ao = - MubdN?/* (3.16),

where M is the Taylor factor (~3 for polycrystalline FCC and BCC metals). x is the shear modulus,
b is the magnitude of Burgers vector of the primary glide dislocations, d and N are the respective
average defect diameter and density that can be determined from TEM experiments. This model
was initially developed to account for interaction between gliding dislocations and dislocation
loops or small cavities without He atoms [493], and yet works well to describe He bubble induced
hardening.

A more sophisticated hardening model can be derived from the Orowan model. For strong
(impenetrable) obstacles with a separation spacing /, the Orowan model assumes that the glide
dislocation bows to a semicircle with a radius of //2 between obstacles. However, it has been shown
that the model overestimates the strengthening due to weak obstacles, and thus the Orowan model

1s modified to [448, 496]:

7= 21n(2) (cospe) /2 (3.17),

T 2ml

where ¢, is half of a critical bow-out angle between lines of a dislocation cutting an obstacle
shown schematically in Fig. 3.21a. When ¢, = 0, this equation reduces to the Orowan formula.

The average obstacle spacing L, is then given by

_ 1
== (3.18),

where r is the radius of the defect cluster, and N is the defect density. For weak obstacles, 0 < ¢,

< m/2, the spacing of obstacles only involves the two adjacent obstacles on the dislocation line.
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Friedel [494] proposes that / is given by:

Is
l= e (3.19),

Substitution of Eq. (3.19) into Eq. (3.17) yields the Friedel equation [494]:

_ ub ! 3/2
T= o In (rm> (cose.) (3.20),

which is used to predict the radiation hardening with known critical bow-out angle between lines

of a dislocation cutting an obstacle. The bow-out angle can be estimated by [497]:

__In(aD/b)

cosQ, = n (/D) (3.21),
where @ = 1 - 4, D is a harmonic mean of / and d, given by,

11 1

=217 (3.22),

where d is the bubble diameter. Theoretically, this model can treat most of the irradiation induced
defects. For example, interstitial loops could be treated as a strong obstacle and ¢.= 0. A more
simplified Orawan model is [498] written as:

Ao = Ma'ub\VNd (3.23),

where b, N and d carry the same physical meanings as defined previously. a'is the average barrier
strength of the radiation-induced defect clusters [498]. This model is acceptable only when all
obstacles have identical strength, arranged on a square lattice in the slip plane [For details see
[496]]. In conclusion, radiation hardening from defects, such as bubble, dislocation loops and

SFTs, can be tackled by dispersed barrier hardening model appropriately.

When layer thickness is small (h < 5 nm), in pristine nanolayers, the strength of the
nanolayers is determined by the transmission of a single dislocation across the interface. In He ion

irradiated nanolayers, a high density of He bubbles decorate at interface and therefore, are
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responsible for the irradiation hardening. Multiple factors, including interface shear strength and
bubble distribution at interfaces, contribute to the flow stress enhancement after irradiation.
Recently, a series of micropillar compression tests have been performed on He ion implanted
Cu/Mo, Cu/V and Cu/Nb nanolayers with individual layer thickness of 5 nm, in which the
implanted He concentration was tuned to correlate with the density of MDIs, so that the average
He concentration at each MDI was approximately equal (shown in Fig. 3.22) [421]. After
implantation, the flow stress enhancement is proportional to the strength of the un-implanted
nanolayer systems. The interfaces with higher density of MDIs and lower shear resistance tend to

provide enhanced hardening [421].
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Fig. 3.22. (a) Compressive stress versus strain curves of Cu/Mo 5 nm nanolaminate pillar before
(blue) and after (red) 0.8 at.% helium implantation and (b) corresponding SEM image of a
compressed implanted nanopillar. (c) Flow stress enhancement introduced by interfacial helium
bubbles in He ion irradiated Cu/Mo, Cu/V, and Cu/Nb 5 nm nanolaminate is proportional to the
strength of the un-implanted sample. (d) Schematic illustration of the interaction behavior of
interfacial bubbles with incoming gliding dislocations (step 1, where the circles indicate bubbles).
When the dislocation glides towards and reaches the interface, its core dissociates (step 2) and
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spreads along the interface to an extent dependent upon the interfacial shear strength, marked in
orange. With higher applied stress, the dislocation trapped at the interface must collapse its core
to transmit into the adjacent phase (step 3), which will be affected by the shear strength of the
interface as well as the interactive force with interfacial helium bubbles. [421]

In summary, irradiation hardening in nanolayers relies on the relationship between bubble
spacing and layer thickness. The increase of shear stress (A7) due to He bubbles is obtained by the
balance between the dislocation line force and resistance from all obstacles with separation
distance / and the layer thickness 4. The dependence of hardening increment due to bubbles (At)

on the interface spacing (h) for a variety of multilayers was found to fit the phenomenological

form:

At =1, (1 - ﬁ) (3.24).

where 7; is average shear strength to obstacles. When the average bubble spacing is equal to or
greater than the layer thickness, bubble hardening is negligible compared to the confined layer slip
stress for single dislocations in multilayers. Finally, we summarize the literature to date on

radiation damage on nanolayers in Table 3.1.

Table 3.1. Summary of current studies on radiation damage in nanolayers.

Miscibility Coherent/incoherent Radiation Modeling
source
Metallic
nanolayers
FCC/BCC systems
Cu/Nb Immiscible Incoherent He ion [307,409, MD [363, 412,

410, 412-418, 424, 426-434,
420, 421, 426, 437,499];

434]; Reaction-
Krion [404, 419, diffusion model
422] [401];
O-lattice theory
[436];
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Cuw/V

Cu/Mo
Cu/W

Cu/Fe
Ag/V

Ni/Fe
Cu/Ni
Al/Nb

FCC/FCC systems
Ag/Ni

Cu/FCC Co
Cu/FCC Fe

BCC/BCC systems
Fe/W

Cr/W

BCC/HCP systems
Zr/Nb
Ta/Ti

FCC/HCP systems
Al/Ti

Metal/Amorphous
(Crystal/Amorphou
s)

Fe/S10C

Cu/Ta
Fe/Y203

Cu/CuZr
Fe/Ti02
Metal/Ceramics

(Crystal/Crystal)
FeCr/MgO

Immiscible

Immiscible
Immiscible
Immiscible
Immiscible
Miscible

Miscible
Miscible

Immiscible

Immiscible
Immiscible

Miscible

Miscible

Miscible

Miscible

Immiscible

Incoherent
Incoherent
Incoherent
Incoherent
Incoherent
Incoherent

Coherent/incoherent
Incoherent

Incoherent

Coherent/incoherent
Coherent

Incoherent

Incoherent

Incoherent
Incoherent

Incoherent

Incoherent

Heion [121, 439,

440];
Krion [422]

Heion [441, 442]
He ion [443, 444,

446]

He ion [447];

Cuion [77]

He ion [206, 448,

449]

Fe ion [451]
Kr ion [422]
He ion [460]

He ion [39];
Proton [39];
Kr ion [403]
He ion [458]
He ion [447]

He ion [463]

Xe ion [500]

y-ray [501]
Ar ion [502]

Ar ion [461, 462]

He ion [505-507]
Kr ion [508, 509]

He ion [510]

He ion [482];

Krion [511]
He ion [487]
He ion [512]

Ni ion [513]

OKMC [438]

MD [426]

DFT [445]

Monte
[363]

MD [450]
MD [459]

Monte
[363]

Monte
[363]

Carlo

Carlo

Carlo

MD [503, 504]

DFT [392]
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FeCr/TiO2 Niion [514]
FeCr/Y203 Niion [515]
W/ZrO2 Auion [516]
Zr/SiC Xe ion [517]
Ceramic
nanolayers
CrN/AITIN Ar ion [468, 469]
TiN/MgO He ion [470]
CeO2/SrTiOs MD [474]
TiN/AIN He ion [471];
Ar ion [476,
4771,
Xe ion [478]
BaTiOs/ STO Ne ion [473] Reaction—
diffusion model
[479]
(Ti, ADN/Ti2AINx Arion [518]

Note: Miscibility and coherency are marked in metal/metal systems only.

3.8. Challenges and future outlooks

Although the radiation studies on nanolayer systems have been investigated over a decade,
there are still many unexplored subjects. First, most studies on nanolayers focus on He ion
irradiation to a dose of several dpa. More comprehensive studies should be conducted by neutron
irradiation and heavy ion irradiation, especially to a high dpa level.

Second, current radiation studies on nanolayers are mostly performed at room temperature.
The stability of interface subjected to radiation at elevated temperatures (relevant to the service
temperatures of materials in nuclear reactors) needs to be examined. Radiation induced dimension
and density of defects are expected to be temperature dependent. Radiation damage in nanolayers

at elevated temperatures remains a poorly understood subject.
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Third, the combination of layer interfaces and MDIs on defect (such as He) management
should be considered from a comprehensive point of view. A recent study [363] has shed some
light on radiation tolerance of irradiated Cu/Nb, Ag/V, Fe/W, and Ti/Ta interfaces.

Fourth, experimentally there are limited studies on radiation damage in HCP based
nanolayers. Meanwhile, mechanical testing of irradiated nanomaterials is limited mostly to
nanoindentation and few micropillar compression studies. Tensile tests on irradiated nanomaterials
are necessary to validate their application as structural materials in reactor environment.

Finally a majority of theoretical studies on radiation damage in nanolayers focus on point
defects. The interaction of dislocation loops and 3D defects, such as voids/bubbles with layer

interfaces should also be considered in future simulation studies.
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Chapter 4. Radiation damage in nanotwinned metals

Nanotwinned (NT) metals can be synthesized by introducing nanotwins into monolithic
metals via pulsed electrodeposition [519] or magnetron sputtering techniques [520-523]. By
controlling depostion temperature, deposition rate, and the orientation of growth twins, the average
twin spacing can be tailored from a few to tens nanometers. Twin boundaries (TBs) strengthen
materials drastically by impeding dislocation motion due to the slip discontinuity, without losing
ductility and work-hardening capability due to symmetrical slips across the boundary [524-526].
As aresult, NT metals acquire a combination of high strength and strong work hardening capability
[519, 527-536]. Moreover, TBs have long been recognized as effective defect sinks in irradiated
materials as manifested decades ago in a series of works by Makin [537], Norris [538], King [539-
541], Smith [540, 541] and Zinkle [3] ef al. Different defect-TB interaction mechanisms have been
proposed but variations remain that whether a denuded zone can form at a coherent twin boundary
(CTB) [537, 538, 542]. Some experiments and simulations point out that a CTB has limited effects
on alleviating radiation damage [457, 543], while others provide real time evidence that TBs can
act as effective sinks and diffusion channels for radiation induced defects, and consequently,

enhance the radiation tolerance of the NT materials [29, 544, 545].

In this chapter, we will start with revisiting the atomic structure of TBs. In particular, we
will put more emphases on the structure and behavior of an incoherent twin boundary (ITB)
because increasing evidence indicates that a CTB is often defective, containing ITB steps. It is
thereby likely that the radiation response of a CTB is signified by that of an ITB. We will procede
by highlighting several recent progresses on the radiation response of NT metals and end this

chapter by summarizing possible open questions.
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4.1. Twin boundaries in FCC metals

TBs are classified into two types: CTBs and ITBs. A CTB is a twin terrace plane (or twin
plane), and an ITB is the lateral boundary of a twin. Corresponding to the crystallography of the
twin, a CTB is atomically flat without intrinsic dislocations while an ITB contains twinning
dislocations. Corresponding to the crystallography of the £3 twin in FCC structure, 23 {111 }nt and
¥3{112} TBs are commonly observed (Fig. 4.1a-b), and referred to as CTB and ITB, respectively.
Given that the mechanisms of defect-TB interactions are inevitably built up on the structure of

CTBs and ITBs, we first give a brief introduction to the atomic configuration of TBs.

4.1.1 Defective CTB

CTBs are widely described as perfect interfaces in early studies and the ability of CTBs in
strengthening, maintaining the ductility and minimizing the electron scattering is well documented
[519-522, 525, 527]. Recently, Li et al. discovered by in situ HRTEM mechanical testing and MD
simulations that CTBs not only act as barriers to slip transmission [546-548], but also react with a
lattice dislocation to facilitate the multiplication of partial dislocations, forming
imperfect/defective CTBs (Fig. 4.1d-e) [415, 549]. Further study by Wang ef al. pointed out that
as-grown CTBs in NT Cu are inherently defective with kink-like steps and curvature. The
imperfections on CTBs consist of incoherent segments and partial dislocations, which play a

crucial role on the deformation mechanisms and defect-TB interactions.
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Fig. 4.1. TEM micrographs of NT (a) Cu [550] and (b) Ag [527]; (c) defective CTBs prevailing in
deformed NT structure [551]; (d) HRTEM snapshots showing the interaction of lattice glide
dislocation with a CTB, forming defective CTB [552]; (¢) TEM micrograph of CTB-ITB junctions
in NT Cu [549].

4.1.2 Dislocation structures of ITB

¥3{112} ITBs are of great interest, since they are low energy, thermally stable boundaries
that separate one column from the others in NT metals. Atomistic simulations were employed to
investigate the structure and stability of £3 GBs in FCC metals, such as Cu with low SFE and Al
with high SFE [415, 529, 530, 553-560]. Taking Cu as an example, three sets of tilt £3 GBs have
been studied with respect to the tilt axis parallel to <111>, <112>, and <110>, respectively. Results
show that only £3{111} and X3{112} GBs are thermodynamically stable and the others tend to

dissociate into terraced interfaces, which is consistent with TEM observation [521].
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¥3{112} ITBs show different structures with respect to their SFE [546] and play a crucial
role in determining mechanical response of NT metals [536, 561], in particular when the height of
ITBs is a few nanometers thick [526, 562]. X3{112} ITBs can be represented as a set of partial

dislocations on every {111} plane with a repeatable sequence bi: b2: b3, where Burgers vector of

a pure edge dislocation bi is equal to 1/6[112], and two mixed partial dislocations (b and bs) with

opposite sign screw components are equal to 1/6[i 11]and 1/6[1 2 1], respectively (Fig. 4.2) [526].

The sum of the Burgers vectors in one triple unit equals zero.
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Fig. 4.2. (a-d) Dichromatic pattern of a [110] £3{112} ITB showing the atomic structure of the
boundary: (a) Dichromatic pattern of an I'TB containing a set of partial dislocations on every (111)
plane with a repetitive sequence b2:bi:bs, and (b) the equivalent bicrystal structure of an ITB. The
dashed lines outline the boundary atoms belonging to two grains. (c¢) Plan-view of (111) plane
stacking and three partials. bi is a pure edge dislocation, b2 and b3 are mixed partial dislocations
with opposite sign screw components. (d) Schematic illustration of the glide of the three partials
to create a twin. The solid symbols represent atoms in grain o and the empty symbols represent
atoms in grain . The repeatable pattern with a unit involving three {111} planes is delineated by
solid lines. (e) and (f) show relaxed atomic structures of £3{112} in Cu and Al, respectively [561].
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In the absence of external stress, the dissociation of partial dislocations in ITBs can occur
spontaneously because of a reduction in core energy. Molecular statics calculations for ITBs in
FCC metals under zero applied stress [561] revealed that ITBs can dissociate into two phase
boundaries (PBs), bounding the 9R phase, that contain different arrays of partial dislocations, and
the separation distance between the two PBs scales inversely with increasing SFE (Fig. 4.2e-f)
[526, 561]. The study of shear response of ITBs in FCC metal reveals possible migration
mechanisms of ITBs [561]. For FCC metals with low SFE, one of the two PBs migrates through
the collective glide of partials, referred to as the phase-boundary-migration (PBM) mechanism.
This has been observed by in situ nanoindentation test in TEM [526]. For metals with high SFE,
ITBs experience a coupled motion (migration and sliding) through the glide of interface
disconnections, referred to as the interface-disconnection-glide (IDG) mechanism [561]. This has

been recently confirmed in NT Al [536].

4.2 Radiation effects of CTB

4.2.1 Point defect-CTB interaction

Annihilation of point defects by GBs gives birth to denuded zones of point defects or
precipitates upon irradiation or quenching [538, 542, 563, 564] since it is energetically favorable
for point defects to nucleate at or migrate to GBs. In contrast, the formation energies of vacancies
and interstitials at CTBs are close to those in perfect lattice [457]. So the defect denuded zones
(DDZs) at the vicinity of CTBs are generally not expected. Pioneering work of Makin has shown
that CTBs have no DDZs [537]. However, by quenching Au from near the melting point, Segall
has identified a CTB can act as a very effective vacancy sink to annihilate stacking fault

tetrahedron (SFTs) [542]. In case of irradiation, Norris has pointed out that TBs may be effective
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on capturing vacancies [538]. Later a systematic microscopic work by King and Smith has shown
that defect evolution at CTBs is different from that in matrix [541]. So far, debates still remain on
the validity of the sink effect of CTBs in irradiation environments [457, 543]. Energetically, a
perfect CTB is not favorable to absorb defects, but this no longer holds true for a defective CTB.
Recent studies have found that the interaction of CTBs and defects could induce twin steps
containing dislocations [552, 565]. The formation energy at these twin steps is generally lower
than that in perfect lattice/CTB. Taking NT Cu as an example, the interstitial formation energy
decreases from 3.06 eV in Cu lattice to 0.98 eV at a twin step with a Frank dislocation [29]. These
steps provide the fast-diffusion channels to promote the defect migration and annihilation mainly

due to the confinement of migration from 3D to 1D along a dislocation line.

Interactions between CTBs and point defects (or clusters) were recently revisited in real
time by Li and coworkers [566]. NT Ag was irradiated under electron microscope at room
temperature using 1 MeV Kr ions and the microstructural evolution was captured [566]. As shown
in Fig. 4.3al, a CTB is originally straight. At 11 s, a mobile interstitial loop formed at the vicinity
of the CTB (Fig. 4.3a2), causing the distortion of the CTB. Later the loop was captured by the
curved CTB at 13 s (Fig. 4.3a3) and eventually absorbed by the CTB at 16 s (Fig. 4.3a4). As shown
in Fig. 4.3a5, the P1 puddle on the CTB was later replaced by two neighboring curved sections,
labeled as P2 and P3 at 18 s and the two SFTs were then gradually absorbed before the CTB

recovered at 25 s (Fig. 4.3a7).

Based on these observations, a hypothetical mechanism of point defect-CTB coupling is
illustrated in Fig. 4.3b. It was proposed that the nature and content of point defects on each side of
the boundary determines the morphological evolution of the CTB. First, the local stress field

generated by the small interstitial loop deforms the CTB. Second, the absorption of the interstitials
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results in a locally interstitial-rich boundary. Third, when the vacancy-rich SFTs approach the
CTB, the interstitial-rich CTB prompts the interstitials to rapidly redistribute themselves along the
CTB into two smaller puddles right next to each SFT. Eventually, the recombination of vacancies

and interstitials zeros the former events and the local structure of the CTB is healed.
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Fig. 4.3. Interaction between Kr ion irradiation induced dislocation loops and CTB in NT Ag.
(al—a4) In situ video snapshots of a dislocation loop interacting with a CTB. The CTB was curved
during the interaction from 11s to 16s, as indicated by P1. (a5—a7) In situ video snapshots of the
self-healing of the CTB via absorption of SFTs. At 18s, P1 transformed into two smaller curved
sections, labeled as P2 and P3. At 20s, two SFTs approached to the curved CTB, causing gradual
evolution of the boundary. The CTB eventually recovered (self-healed) at 25s. (b1—b6) Schematics
of the self-healing mechanism of CTB. The stress field of the interstitial loop firstly curves the
CTB and the formation of SFTs later changes the distribution of interstitials at CTB, generating
two smaller puddles right next to each SFT. Finally, the annihilation of interstitials with SFTs leads
to the self-healing of the CTB [566].

The fact that the CTBs can be recoverable sinks for point defects brings up other questions,
such as whether there are defect-free zones at the boundaries and how would the boundaries alter
the migration kinectics of nearby defects. Statistical anyalyes on defect activities near CTBs have
been reported [566]. The accumulative defect concentration within a twin in Kr irradiated Ag was

evaluated using the in situ irradiation video captured during 0.6 to 1 dpa. As shown in Fig. 4.4a,
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Zone C exhibited the lowest defect density after overlapping numerous video frames, indicating
the existence of TB affected zone (TBAZ), which is analogous to the defect-denuded zone at GBs.
The width of the TBAZ is 2-5 nm. By tracking dozens of distinguishable defects, the global
diffusivity DY was calculated as DC°*a! = [2/4¢, where L is the average of accumulative
diffusion distance of the defects and ¢ is defect’s lifetime. Note that the lifetime is the sum of
migration and dwell time. Fig. 4.4b shows that the D'°*¥ in Zone A (Da%*) is 40 + 7 nm?/s,
which is ~ 3 times of that in Zone B (Ds%"°® = 13 + 2 nm?/s). The reason that defect clusters in
Zone A diffuses faster than those in Zone B is because the defect clusters in Zone B are more
remotely distributed from one another, and therefore their interactions become less active,

resulting in longer dwell time.
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Fig. 4.4. (a) Existence of TB affected zone (TBAZ) in irradiated NT Ag. The accumulative defect
concentration (0.6—1.0 dpa over 4 min) in Zone A (shown as appearance frequency) is significantly
higher than those in Zone B. Zone C (closest to TBs) has the lowest accumulative defect
concentration. Different defect migration kinetics in Zone A and B in irradiated NT Ag. (b) The
global diffusivity, derived by fitting the plot of L? as a function of defect lifetime (t) as indicated
by the dashed lines is 40 + 7 nm?/s for defect clusters in Zone A, ~ three times larger than that in
Zone B, 13 + 2 nm?/s [566].

Following the derivation of sink strength for thin foils with free surfaces, the sink strength

of CTBs with an average twin spacing, ¢, can be described as:
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Furthermore as there are different types of TBs, we assume that the sink strength of TBs is related

to the coherency and energy of TBs, and can be described as follows:

k2 — 12f(7/t9pstep)

T (4.3)

where vt 1s the TB energy, fis related to TB characteristics, such as TB energy and the density of

ITB steps etc.

4.2.2 Formation of I'TB due to dislocation-CTB interactions

Despite that this section reviews the role of CTBs, it is more likely that the irradiation induced
or preexisted twin steps (small ITBs) are active sinks. We thus should examine the mechanisms of
the formation of ITBs during irradiation. So far the irradiation induced CTB-to-ITB transition is
not readily available in literature but there are extensive studies on this type of transition triggered
by applied stress. It has been proposed that depending on the characteristics of the dislocations and
the driving stress, possible dislocations react at CTBs include cross-slip into the twinning plane to
cause twin growth or de-twinning, formation of a sessile stair-rod dislocation at the CTB, and
transmission across the CTB [2, 11-14, 22-23, 26]. After transmission, a Shockley partial
dislocation is left at the CTB and a set of partials finally form an ITB. Fig. 4.5 illustrates the

dislocation multiplication mechanisms.
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During irradiation, a large amount of dislocations are generated and frequently interact with
the high density CTBs, possibly through the mechanisms as described above. As a result, large
quantities of ITB steps form and continue to interact with defects. Therefore, in the next section

we turn our focus to the radiation effects of ITBs.

D'6=D'B+B&

B~ -

Fig. 4.5. (a—f) Schematic illustration of the dislocation multiplication mechanism through the
interaction of a mixed dislocation D’B with the TB. A detailed description of the propagation
process is given in the literature [552].

4.3. Radiation effects of ITB

4.3.1 Point defect-ITB interactions

ITBs separate one column from the others in NT metals. Corresponding to dislocation
structure of ITBs, Fig. 4.6a illustrates defect structures associated with a twinned column. In
contrast to the CTB, the formation and transformation of point defects at the ITB is more
energetically favorable. Molecular statics simulations on NT Cu have shown that defects prefer to
nucleate at ITBs and migrate faster than those inside the crystal. The formation energy for an

interstitial at ITBs (~1.3 eV) is much lower than that within the crystal lattice (~ 3 eV) (Fig. 4.6b),
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implying interstitials prefer to stay at TBs. Furthermore interstitials in grain interior experience
very low migration energy (~ 0.11 eV), permitting their rapid migration to nearby TBs. Once
arrived at ITBs, defects can be transported rapidly (similar to 1D diffusion) along fast diffusion
channels and the recombination/neutralization of defects with opposite types is significantly
enhanced. For ITBs consisting of sets of 3 adjacent Shockley partials, there are two fast diffusion
paths along dislocation lines that experiences the kinetic barrier of 0.34 eV for channel 1 at tensile
sites sandwiched by two partial dislocations (b1 and b3) (Figs. 4.6b-c), and 0.01 eV for expeditious
1D crowdion diffusion in channel 2 (Figs. 4.6b-d). In addition, if nanovoids exist at ITBs to store
radiation induced damage, the radiation tolerance is further enhanced, as recently reported in NT
Cu with nanovoids [565], which will be revisted later. It is worth mentioning that the kinetic energy
barrier is as low as 0.01-0.16 eV for channels along ITB-CTB junctions in NT Cu, which is

significant in NT structure with abundant ITB-CTB junctions.
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Fig. 4.6. Absorption and diffusion of interstitials in NV-NT Cu. (a) Fast interstitial diffusion pipes
enabled by ITB-CTB networks in NT Cu. (b) Two fast diffusion channels at ITBs and (c, d) the
corresponding diffusion mechanisms. (c) For the channel 1, an interstitial initially stays at a
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dislocation core in an {111} layer sandwiched between b1 and bs. The interstitial then migrates
downward to another low-energy site, with energy at the same level as its initial low-energy site.
(d) For the channel 2, an interstitial has a spreading core associated with the distributed free volume
along dislocation line. The migration of the distributed interstitial requires a very low energy
barrier (0.01 eV) displaying a crowdion-type of behavior [29].

4.3.2 Irradiation-induced I'TB migration and dislocation-ITB interactions

Other than point defects, ITBs frequently interact with dislocations, resulting in the change
of dislocation content within ITBs. Previous in situ nanoindentation studies have revealed that
repetitive dislocation-ITB interactions can induce steps [536, 567], where dislocation transmission
eventually occurs, and ITB steps migrate to further accommodate plasticity at high stresses [567,
568]. MD simulations show that before absorption of the lattice dislocations, ITBs migrated and
dissociated into two tilt walls bounding a volume of 9R phase due to applied shear stress. The
dissociation of ITBs is associated with crystal rotation [561]. Continued dislocation-ITB
interactions in twinned Al led to accumulation of residual dislocations, which appeared as steps
along the initially straight ITB [536]. These steps eventually grew pronounced enough to provide
sites for dislocation transmission across the ITB or the nucleation of dislocations in the adjacent

grain.

The local variation of the ITB structure during irradiation can trigger the migration of the
ITB, in contrast to morphological variations of the CTB as discussed in the previous sections. Li
et al. examined the migration of vicinal ITBs in self-ion irradiated Cu, as shown in Fig. 4.7, and
ascribed the ITB migration to collective glide of an array of mobile partials due to defect-ITB
interaction [569]. In addition, Yu and coworkers presented in sifu evidence of ITB migration for
Kr irradiated NT Ag as shown in Fig.4.8 [570]. The tiny kink in box1 disappeared due to ITB

migration after 86s.
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Fig. 4.7. (a) Bright field TEM image of an ITB generated after irradiation to 8.5 dpa. The inset
shows the corresponding diffraction pattern, which confirms the £3 ITB orientation. (b) and (c)
high resolution TEM images of the boundary before and after migration, respectively. After
migration, the width of the boundary is around 2.3 nm. The Cu films were fabricated by e-beam
evaporation on a sapphire substrate at 300°C and the irradiation was performed using 4.5 MeV
Cu** ions to the doses of 5.55 and 27.9x10'* ions/cm? [569].
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0.766 - 0.898 dpa

Fig. 4.8. Continuous migration and recovery of TBs. Snapshots recorded during in sifu irradiation
in TEM and corresponding schematics showing the continuous evolution of twin boundaries over
a dose range of 0.766—0.898 dpa. Observation was performed along the [011] direction. (a) At O s,
box 1 shows a small kink at the junction between an ITB and a CTB, while boxes 2 and 3 each
outline a right angular corner that consists of an ITB and CTB pair. (b) By 36 s, the sharp corners
in boxes 2 and 3 have become blunted, and the kink in box 1 has evolved into a curved boundary.
(c) The corresponding magnified schematic for box 1 shows that the curved corner consists of
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numerous minuscule steps of ITBs and CTBs. (d) At 46 s, the corner in box 1 has become sharp
again, while the bottom corner in box 3 appears more blunted (with mixtures of ITB and CTB
steps). (e) The kink in box 1 has nearly disappeared by 86 s. (f) SAD pattern indicating the
existence of twins with X3 {111} CTBs [570]. Videos are available online in the original reference.

The mechanisms of ITB migration due to the interaction between ITB and irradiation induced
defects have been described as follows. From the perspective of point defect-ITB interactions,
irradiation leads to supersaturated vacancies close to the I'TBs, and interstitials may emit from the
TBs to annihilate neighboring vacancies [569]. As a result, the local stress between vacancies
within the matrix and interstitials in the boundary could drive Shockley partials at ITBs to glide,
which is associated with I'TB migration, as shown in Fig. 4.9a. Energetically, the collective glide
of Shockley partials within £3 {112} ITB generates zero strain, thus the strain energy remains

constant during ITB migration.

From the perspective of dislocation and ITB interactions, as shown in Fig. 4.9b [570], a

perfect dislocation loop can be absorbed by an ITB, forming of a Frank partial by
l[110] + l[1 12]——>1[iil] (4.4)
2 6 3 '

As a result, an array of parallel Frank partials could be formed during radiation along ITBs.
These partials could grow by absorbing vacancies if they are intrinsic faults (vacancy-type),
causing the ITB to migrate leftwards as shown in Fig. 4.9c. Equivalently, the intrinsic Frank
partials could also shrink by absorbing interstitials to propagate rightwards. Therefore, the ITBs in
a NT metal could migrate back and forth via dislocation climb by absorbing interstitials or
vacancies. Besides, it is also likely that the migration of 1/6[112] Shockley partials at the ITB
could be directly driven by local stress field formed by excessive defects, which is analogous to

the mechanism of ITB migration under applied stress. In summary, the glide of Shockley partials
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and climb of Frank partials, may operate alternatively or simultaneously to effectively advance or

retreat ITBs during irradiation.
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Fig. 4.9. (a) Schematic illustration representing three interstitial-vacancy annihilation mechanisms
[569]. (b-c) Schematics of ITB migration mechanisms during irradiation. Schematics illustrating
the interaction of a dislocation loop on the {110} plane with Shockley partials on an ITB, leading
to the formation of Frank partials at the ITB. The ITB is decorated by an array of 1/3<111> intrinsic
Frank partials (due to perfect loop—Shockley partial interactions). The absorption of vacancies can
result in the ITB moving leftwards via dislocation climb. The Frank partials can interact with
perfect loops again and form mobile Shockley partials, which usually dominate the migration of
the ITB. Shockley partials can migrate under local stress induced by irradiation [570].

In addition to the continuous migration of ITBs during irradiation, Fan et al/ recently
reported an intriguing observation of rapid migration of sharp ITB tips [571]. A series of TEM
snapshots taken during in situ irradiation of twinned Cu over 0.1 - 0.2 dpa (in Fig. 4.10a) show the
detwinning process through the sharpening and subsequent collapse of a TB due to dislocation
loop - ITB interactions. Furthermore, the migration of ITB migration has a strong correlation with
the twin thickness (t). Fig. 4.10 (b-d) illustrate the different scenarios of I'TB migration in twins
with different t. When t is small (< 10 nm), the stress field of a dislocation loop (not in direct
contact with the ITB) may be sufficient to drive the rapid detwinning event (Fig. 4.10b). However,

for thicker twins (t > 20 nm), the corner of twins (ITB corners) can migrate back and forth due to

the climb of Frank partials or glide of Shockley partials, leading to self-healing of ITBs (Fig.
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4.10d). For twins with intermediate thickness (10-20 nm), a gradual “sharpening” of ITB from

corners occurs (Fig. 4.10c), followed by detwinning [571].
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Fig. 4.10. (a) A series of TEM snapshots taken during in situ irradiation of NT-Cu over 0.1 to 0.2
dpa, showing the detwinning process for a 17 nm-thick twin with a 8 nm-thick tip. Two irradiation-
induced dislocation loops interacting with the ITB are indicated by L1 and L2 [571]. The
sharpening (al-a5) and the subsequent collapsing (a6) processes of the twin are the consequences
of dislocation-ITB interactions. (b-d) Schematic illustration of twin thickness-dependent
detwinning during radiation. (bl) - (b2) When twin thickness (t) < 10 nm, drastic detwinning
occurs due to the glide of Shockley partials on ITBs. (c1) - (¢3) For medium-thick twins (10 <t <
20nm), the gradual detwinning starts from the corner, and then, followed by collapses of the
sharpened tip. (d1) - (d3) In thick twins (t > 20 nm), the corner of twins (ITB corners) can migrate
back and forth due to the climb of Frank partials or glide of Shockley partials [571]. This
phenomenon was observed through in situ TEM studies shown in Fig. 4.8.

During irradiation, energetic ITBs tend to migrate to reduce the area of CTBs (and
consequent energy stored in CTBs) with the driving force F (=2y;/t, where y; is excess energy of
CTB and t is twin thickness). Friction force (Fp, or Peierls barrier), for the migration of ITBs
increases with the twin thickness, as partial dislocations in the ITB migrate collectively [526].
When t is small, the driving force is greater than the friction stress (F > Fp ), hence ITB can
migrate to reduce the area of CTBs (Fig. 4.10 b and ¢) [562]. While F < Fp, ITB would not

migrate. Clearly, the migration velocity must exhibits twin thickness dependence. As shown in
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Fig. 4.11a, Chen et al. have identified that the velocity of ITBs decreases progressively with the
increasing twin thickness and the critical thickness (#*) for ITB migration is ~ 10 nm [562]. They
found that when ¢ > #*, detwinning could begin from the corner but will easily reverse back. This
is because the driving force, in this case, for ITB migration is negligible as the detwinning does
not change the total area of CTBs (does not reduce the energy stored at TBs). In addition, if ITB
migration is induced by the interaction with defects, then it is nature to imaging that ITB migration
velocity is also affected by the defect generation rate that is control by dose rate during irradiation
experiments. Fig. 4.11b shows the dependence of ITB migration on dose rate at room temperature.
The average I'TB migration velocity (Vits, nm/s) decreases rapidly with increasing twin thickness
at a high dose rate (2.5 x 10~ dpa/s) as compared to that at lower dose rates (0.43-1.98 x 10 dpa/s)
[571]. The data at non-irradiation condition [572] (K3 = 0 dpa/s) are also plotted (black) as a

reference.
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Fig. 4.11. The dependence of ITB migration on twin thickness and dose rate at room temperature.
(a) The plot of twin length over radiation dose for numerous twins. The migration velocity of [ITBs
(the slope of each set of data) decreases progressively with the increasing twin thickness. The
critical film thickness, #*, is ~ 10 nm [562]. (b) The average ITB migration velocity (Virs)
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decreases rapidly with increasing twin thickness at a high dose rate (Ki=2.5 x 10~ dpa/s, red data)
as compared to that at a low dose rate (K2= 0.43-1.98 x 107 dpa/s, blue data) [571]. The data at
non-irradiation condition [572] (K3 = 0 dpa/s) are also plotted (black) as a reference.

4.4. 3D defect-TB interactions

4.4.1 SFT-TB interactions: mechanisms and experiments

SFTs are a dominant type of vacancy clusters in irradiated FCC metals with low-to-
intermediate SFE [573-575]. SFTs, once formed [44, 576], are very stable, and can be annihilated
when interacting with interstitials or dislocations [577-581]. Based on MD simulations as shown
in Fig. 4.12, Niewczas and Hoagland [545] suggested that £3 {111} CTBs could lead to the
destruction of SFTs via interaction of partial dislocations (on CTBs) with SFTs. King and Smith
studied the mechanism of point defect absorption by GBs and X3 {111} CTBs in electron-beam
irradiated Al and Cu, and showed that TBs may be biased sinks for dislocation loops [541]. It is
likely that these CTBs are defective, and SFTs actually interact with tiny ITB steps at the CTBs.
To investigate the interaction between TBs on SFTs, NT Ag has been irradiated by Kr ions at room
temperature within a TEM (Fig. 4.13a) [39]. Clear twin size dependence has been shown, that is
fewer SFTs were formed in Ag with finer twins after irradiation to 1 dpa (Fig. 4.13b). It is also
suggested that SFT-TB interactions result in a large number of truncated SFTs and high density
stacking faults (SFs) at TBs and within twin matrix [582], consistent with the prior MD
simulations. The existence of SFs is confirmed by both elongated diffraction dots and streaking

lines in the insets of Fig. 4.13a.
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Fig. 4.12. MD simulation results showing the destruction of a large SFT in apex-down
configuration by a growing twin [545]. (a) the parent SFT partially incorporated into the twin
lattice, and (b) the destruction of the parent SFT during further twin growth.
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Fig. 4.13. (a) XTEM of fine twinned Ag (t=8 nm) irradiated by 1MeV Kr ion at room temperature
up to 1 dpa, showing relatively low defect density. The inset selected area diffraction (SAD)
pattern shows strong intensity of streaking lines, implying the formation of a high density of
stacking faults, which were observed along TBs. (b) The density of SFTs decreased sharply at
smaller average twin spacing. All specimens were irradiated up to 1 dpa [39].

The in situ evidence of annihilation of SFTs by TBs is shown in Fig. 4.14a and b, wherein the
apex of an SFT approached a CTB at 0 s and disappeared by 10 s. In the meantime, the twin
thickness reduced from 8 to 7 nm. After post-irradiation analyses, as shown by the HRTEM image
in Fig. 4.14c¢, two typical SFT morphology has been revealed. SFT-a was truncated from its apex
and SFT-b lost part of the base. The consequence of such interactions is the generation of high

density stacking faults as shown in Fig.4.14c and d. The volume fraction of irradiation induced
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stacking faults is estimated to be ~ 10%. Similar results have been reported in Kr irradiated NT Cu

[582].

The interaction mechanisms have been schematically proposed although the knowledge at
atomic level is limited by the time and space resolution of current technique [39]. When the SFT
is approached by a TB from its base as shown in Fig. 4.14¢, a 1/6[121] Shockley partial at the TB
could interact with the stair-rod dislocations 1/6<110> in the SFT, forming new mobile Shockley
partials (1/6[211] and 1/6[112]) which propagate on ABD and ACD faces of the SFT. Consequently,
the Frank loops on the faces are unfaulted and the SFT eventually collapsed [575]. These studies
might have brought up potential approaches to elminate SFTs in irradiated FCC metals, that is,

introduing large density of ITBs or defective CTBs.

Fig. 4.14. (a-b) In situ observation of an SFT interacting with TBs over a dose range of 0.075—
0.081 dpa. The apex of the SFT was in contact with a TB at 0 s and started to evolve. At 10 s, the
SFT had a core barely discernible and the twin spacing shrank by 1 nm. (c¢) HRTEM image of two
truncated SFTs at TBs. SFT-a was truncated from its apex, whereas SFT-b was destructed from its
base. (d) TEM micrograph showing high density stacking faults induced by SFT-TB interactions
reside along CTB and within in twin interior [39]. (e-f) Schematic illustration of a Shockley partial
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migrating on the base plane of the SFT. The mobile Shockley partial interacts with two sessile
stair-rod dislocations, AB and AC, generates two mobile Shockley partials on the surfaces of the
SFT, ABD and ACD, which continue to glide on the SFT surface and lead to the collapse of the
SFT [582].

4.4.2 Helium bubbles in NT metals

Previous sections have unveiled that TBs can serve as active defect sinks through
facilitating the recombination of point defects and favoring interactions between TB dislocations
and defect clusters. It is thus natural to hypothesize that TBs might exert similar effects on the
nucleation and distribution of helium bubbles. However, unlike high angle GBs, CTBs in NT Cu
subjected to high dose He ion irradiation were not found to curtail the formation of vacancy and
interstitial clusters [457]. These observations have been rationalized through atomistic simulations,
which show that the formation energies of vacancies and interstitials at CTBs are nearly identical
to those of Cu matrix, in contrast to the heterophase interfaces in nanolayers [424] or high angle
GBs in NC metals [583]. In addition, SFTs and loops were not observed in the specimens as He
prevents vacancies from forming those types of clusters. Systematic studies by Han et al. on GB
sink efficiencies of He irradiated Cu have shown that the variation in the width of the bubble free
zone was related to the misorientation angle and GB plane normal [237]. CTBs have barely shown
any bubble free zone since their inclination angle is 0°(Fig. 2.17g-h). It should be noted that these
studies focused solely on CTBs. Given that the excess volume at ITBs can store He atoms during
irradiation, it is likely that bubble nucleation at ITBs is different from that at CTBs. But the

coupling between He bubbles and ITBs remains unclear.
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4.5. Anomalous defect concentration distribution in NT metals

The statistics of the defect concentration distribution in a 60-nm-thick twin in NT Ag
irradiated at room temperature up to 0.6 to 1.0 dpa is shown in Fig. 4.4 [566]. The accumulative
defect concentration is higher in the center of twins, as the defect density would be lower near
defect sinks. However, in a follow-up study, Li ef al. have reported that the distribution of defects
in NT Ag depends on twin spacing. When t = 20 nm in irradiated NT Ag in an ultra-low-dose
regime (<0.025 dpa) defect concentration is greater near TBs [584] as shown in Fig. 4.15. At such
an early stage of irradiation, well before the steady-state defect concentration is established, the
distribution of defect density is controlled more by kinetics rather than thermodynamics. To
explain the anomalous defect concentration distribution in NT Ag, a hypothesis has been proposed
as shown in Fig. 4.16 [584]. A defect cluster is assumed to be in one of the two stages, migration
and absorption, before being annihilated. Therefore, the competition between defect migration
time (tt) and absorption time (ta) determines the defect concentration distribution at an early stage
or radiation where kinetics play an important role. For instance, in fine twins (Fig. 4.16b), since
defects are closer to TBs as compared to thick twins (Fig. 4.16c), so 1t is likely to be smaller than

Ta. As a consequence, defect clusters will build up near the TBs as shown in Fig. 4.16b.

The anomalous defect concentration distribution has also been observed in Kr ion
irradiated nanovoid-nanotwinned Cu [585]. Radiation damage in such an interesting structure will
be discussed in detail in section 4.7. A series of in situ TEM snapshots in Fig. 4.17 demonstrate
the defect morphology evolution up to 0.1 dpa at low and high dose rate in irradiated NT Cu with
nanovoids. Qualitatively, the TEM micrographs show that a majority of the irradiation-induced

defect clusters (black dots) were located near domain boundaries, especially in stage 1 of low dose
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radiation (Fig. 4.17a—c). The anomalous phenomenon observed further proves that TBs are

effective defect sinks and may significantly enhance the radiation tolerance.
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Fig. 4.15. Accumulative appearance frequency of defect clusters during 0.025 dpa in Kr ion
irradiated NT Ag with respect to defect position for twins with different thicknesses. (a) The
position of 0 (center axis) is defined as the center of the twinned crystals. The left and right Y axis
represent the two twin boundaries. (b) When t = 10 nm, defect clusters distributed nearly
uniformly. (¢) When t = 20 nm, more defects appeared close to twin boundaries. (d-f) When t >
20nm, the center of twins tends to accumulated more defects than the areas near TBs [584].
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Fig. 4.16. Schematics illustrating the opposite types of defect distribution in twinned metals. Case
I: ©t < 1a (a-b-c); and case II: 1t > 1a (a-b’-c’). 1t is the time for a defect cluster to travel (migrate) to
twin boundaries (defect sinks), and ta is the time it takes for a twin boundary to absorb adjacent
defect clusters. (b) In case I (a-b-c), when twins are very fine, as 1t < 1a, defects (labeled as “2”’s)
arrive at twin boundary before predecessors (marked as “1”’s) can be absorbed, and thus defect
clusters pile-up near the TBs, and consequently leads to higher defect density near the TBs (c).
Note that the TBs are distorted while attempting to absorb adjacent defect clusters. Case II: The
scenario becomes the opposite for thick twins, it is likely that 1t > 1a, that is the arrival of group 2
defect clusters takes longer time than the absorption of defect clusters (group 1 adjacent to TBs).
(c’) Thus the central area exhibits higher defect density [584].
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Fig. 4.17. Bright-field TEM snapshots showing the accumulation and distribution of defect clusters
during in situ Kr™" ion irradation of NV-NT Cu up to a dose of 0.1 dpa. Each doamin is divided
into three equal-area regions, as marked in (a) by I, II and III that are bounded by red, blue and
green lines, and the irradiation-indcued defects show preferential distribution in Region 1. (a-c)
The defect evolution in stage 1 of low dose rate from 0 to 0.025 dpa. (d- f) The defect evolution in
stage 2 of high dose rate from 0.025 to 0.1 dpa [585].

4.6. Healing of nanovoids and alleviation of irradiation damage by nanovoid-nanotwinned

architechture

Previous studies show NT Ag [39] and Cu [582] exhibit improved radiation tolerances than
their CG counterpart due to the unique features of NT structure. In this section, we discuss the

possibility of void healing enabled by nanotwins. In general, continuous intense radiation leads to
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high-density voids with increasing void size. Some voids can be removed by annealing at elevated
temperatures when plenty of mobile interstitials are activated. So the void shrinkage can be used
as a measure of the mobility of interstitials within the materials. In a recent work by Chen and
coworkers, nanovoids were intentionally introduced into NT Cu, forming nanovoid-nanotwin Cu
(NV-NT) [29]. Fig. 4.18a-b shows the as-prepared Cu contained abundant nanovoids primarily
surrounding columnar domain boundaries. Fig. 4.18c shows high-density CTBs with an average
twin thickness of ~ 15 nm, and ITBs that were decorated by a large number of nanovoids with an
average diameter of ~ 10 nm. These 3D voids distributed at different depth in the film are
introduced during magnetron sputtering process, and void density can be controlled by tailoring
deposition rate, substrate temperature as well as epitaxy between film and substrate. HR TEM
image in Fig. 4.18d shows atomic structure of CTBs and ITBs. Fig. 4.18¢ displays a conceptual
schematic of NV-NT metals that contain ITB-CTB networks and nanovoids along ITBs. Fig. 4.18f
shows diffusion channels associated with dislocations at CTBs and ITBs that could potentially

transport interstitials and their clusters towards nanovoids.
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Fig. 4.18. (a-b) Plan-view transmission electron microscopy (TEM) micrograph showing the as-
prepared NV-NT Cu film containing abundant nanovoids primarily surrounding columnar domain
boundaries. (c¢) Cross-section TEM micrograph shows high-density £3{111} coherent twin
boundaries (CTB) with an average twin thickness of ~ 15 nm, and £3{112} incoherent twin
boundaries (ITBs), which were decorated by a large number of nanovoids with an average diameter
of ~10 nm. The inserted selected area diffraction (SAD) pattern confirms the formation of epitaxial
NT Cu. (d) High-resolution TEM image of CTBs and ITBs. () A conceptual schematic of metals
with CTB and ITB networks and nanovoids. (f) Inside a typical columnar grain radiation-induced
interstitials or their loops can rapidly migrate towards ITBs, where they can migrate rapidly to
nanovoids [29]. Videos are available online in the original reference.

Radiation response of NV-NT Cu was investigated via in situ Kr ion irradiation studies.
TEM snapshots compare the drastic difference in evolution of microstructure during irradiation of
coarse grained (CG) (Fig. 4.19a) and NV-NT Cu (Fig. 4. 19b). During initial radiation of CG Cu
by 0.1 displacements-per-atom (dpa), there was a rapid, prominent increase in density of defect
clusters; the density of dislocation loops increased monotonically with dose and a high-density of
dislocation segments were observed by 1.56 dpa. In contrast, in NV-NT Cu, the density of

dislocation loops increased slightly with dose accompanied by a gradual elimination of nanovoids.
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By 0.56 dpa, a significant decrease of void density was observed. By 1.56 dpa, voids were mostly

removed.

Fig. 4.19. Superior radiation tolerance and void shrinkage in NV-NT Cu as evidenced by in situ
Kr ion irradiation studies. TEM snapshots in (a) and (b) compare drastically different evolution of
microstructure during in situ Kr ion irradiation of coarse grained (CG) and NV-NT Cu. (a) During
initial radiation of CG Cu by 0.1 displacements per atom (dpa), there is a rapid and prominent
increase in density of defect clusters, the density of dislocation loops increased monotonically with
dose and high-density dislocation segments were observed by 1.56 dpa (b) In contrast, in NV-NT
Cu, the density of dislocation loops increased slightly with dose accompanied by a gradual
elimination of nanovoids [29].

The superior irradiation tolerance is ascribed to ITB-CTB network and nanovoids. The
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significance of such ITB-CTB networks has been covered in Section 4.1 (Fig. 4.6), and here we
focus on the role of nanovoids. During in situ radiation experiments, absorption of interstitial loops
by nanovoids was frequently observed. MD simulation reveals dynamic process through which a
void absorbs a neighboring dislocation loop (Fig. 4.20). Three scenarios subjected to self-ion
irradiations, were compared, including a stand-alone Frank (interstitial) loop, a pair of nanovoid
and Frank loop in immediate contact, and the similar pair that are separated by ~ 1 nm. During
irradiation, the individual Frank loop was disturbed, but only slightly changes its shape after a
cascade (Fig. 4.20a-c). In parallel the Frank loops immediately contacting the void (Fig. 4.20d-f)
or slightly separated from the void (Fig. 4.20g-1) were prominently absorbed by the void after
radiation. The amount of net interstitials (inside a Frank loop) absorbed by a void depends on the

energy and fluence of primary knock-on atoms and the detailed absorption mechanisms is

discussed in [565].
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Fig. 4.20. Two-dimensional projected view of interstitial loop—nanovoid interactions. (a) For a
stand-alone Frank loop, a 5 keV primary knock-on atom (PKA) generates a cascade at one corner
of the loop (b). During the quenching process, the cascade shrinks, accompanied by the recovery
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of the Frank loop. After the retreat of the cascade, the Frank loop evolves back to its original
configuration, except a vacancy at the loop and an interstitial out of the loop (a Frenkel pair) (c).
(d) For a Frank loop immediately next to a void (d = 3 nm), a similar cascade is performed. (¢)
Accompanying the retreat of the cascade, the interstitials are absorbed into the void (f), leading to
a shrinkage of the void and substantial removal of the Frank loop. No defects appear out of the
Frank loop. (g) For a Frank loop ~ 1 nm away from a void (d = 3 nm), a similar cascade generated
by an 8 keV PKA is performed (h). The interstitials of the Frank loop are attracted into the void

(1), leading to shrinkage of the void and Frank loop. No defects appear out of the Frank loop in
cases d and h [565].

4.7. Summary and future outlook

In this chapter, we briefly summarized several significant characteristics on the radiation
response of NT metals. First, there are significant number of in sifu irradiation studies that show
both CTBs and ITBs can effectively engage and eliminate irradiation induced defects, and TB
affected zones clearly exist in heavy ion irradiated NT metals. Second, a direct consequence of
these interactions is TB migration. Such migration events may have profound impact on the design
of irradiation tolerant materials. Meanwhile the migration of TBs lead to detwinning, a process
that depends on twin thickness. There is clearly a need to explore how to enhance the stability of
TBs during irradiation and investigate the irradiation response of NT alloys. Third, it is
encouraging to see that TBs can destruct SFTs, which are typically considered as a very stable
defect clusters. Fourth, the influence of TBs on He ion irradiation resistance of NT metals remain
a topic that needs further investigation. The role of CTBs and ITBs on He bubble nucleation and
growth may be an interesting subject for future studies. Forth, in spite of abundant in situ evidence
on defect-TB interactions, simulations that reveal the underlying physics remain extremely limited.
Finally, there is abundant opportunity to investigate the mechanical behavior of irradiated NT

metals and alloys.
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Chapter S. Radiation damage in nanoporous, nanowires and nanoparticles

Metallic nanoporous (NP) materials, nanowires and nanoparticles as shown in Fig. 5.1a-c
with large surface-to-volume ratios exhibit unique properties that enable potential applications,
such as energy storage, catalysts, filters, gas sensors. [524, 586-593]. For instance, NP Au has been
found to possess remarkable catalytic activity towards oxidation reactions as compared to its bulk
counterpart [594]. It has also been reported that the strength of NP materials can be dramatically
improved by reducing the length scale of ligaments and pores. NP Au with high porosity can be
as strong as bulk Au and the ligaments in NP Au can approach the theoretical yield strength of Au
when the ligament diameter reduces to approximately 10 nm, as shown in Fig. 5.1d-e [595].
Besides, the Young’s modulus of ZnO nanowires is shown to increase with decreasing wire
diameter as shown in Fig. 5.1f, and when wire diameter is greater than 200 nm, the Young’s
modulus reaches that of bulk ZnO [596]. The emergence of unique and sometimes not inherently
expected properties occur throughout the set of materials due with high surface-to-volume ratios
(nanoporous, nanowires and nanoparticles). This chapter will examine the radiation tolerance of

these surface dominated materials.
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Fig. 5.1 SEM micrograph of (a) open-cell foam morphology of NP Au [595] and (b) as-received
ZnO nanowires [597]. (¢) In situ TEM images of as-deposited Au nanoparticles on carbon grids
[598]. (d) The Stress-strain curve of a NP Au pillar. The embedded SEM micrograph shows the
NP Au pillar used for uniaxial microcompression tests. Despite its high porosity, the NP Au is as
strong as bulk Au (10-200 MPa) [595]. (e) The yield strength of NP Au increases with decreasing
ligament diameter [595]. (f) The Young’s modulus as a function of wire diameter for ZnO
nanowires [596].

5.1. Sink strength of Nanoporous materials

Cellular model and embedding model have been developed to describe the sink strength of
a void [135]. The cellular model works well for an array of uniformly distributed voids, whereas
the embedding model applies when voids are randomly distributed. The results derived from the
two models are in qualitative agreement with each other. Hence, to simplify the discussion, we
will briefly summarize the major conclusion derived from the cellular model. When voids are the

only defect sinks in materials, the concentration of defects can be described by
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d*c 2dc

D +——]+K =0
[a,r2 rdr] (5.1)

We assume voids are uniformly distributed within a material, as shown schematically in
Fig. 5.2, where a is the void radius. When r = a, ¢ = 0; and when r = R, dc¢/dr = 0. Hence R. can

be approximated as the void-to-void separation distance. The solution of ¢ becomes

)= % (r6;ra )

[2R. —(r+a)ar] (5.2)

The sink strength for voids can thus be calculated as:

kﬁ = 47Z'aCV0fc (5.3)
where Cre :m, R§ =Rc3 —613,and
0
5(R’-a’)’

Je= [5R° —9aR’ +54°R’ —a°] (5.4)

dc/dr=0

Fig. 5.2. Schematics of a void and the boundary of a void influenced zone. The void radius is a
(when r = a, ¢ = 0); and when r = Rc, dc/dr = 0.
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5.2. Free surface — defect interactions in nanoporous materials

5.2.1 Capture of radiation-induced defect clusters by free surface

The superior radiation tolerance of NP structures arises from abundant free surfaces, which
are considered as perfect defect sinks. /n situ irradiation experiments have been performed to
directly examine the nucleation, growth and absorption of defect clusters in NP Ag [599] and NP
Au [40]. Fig. 5.3 shows the direct evidence of the removal of defect clusters by the free surface of
NP Ag. Irradiation-induced defect clusters, including individual dislocation loops, SFTs and
dislocation segments, in NP Ag were absorbed by either free surface or grain boundary triple

junction.

Fig. 5.3 In situ video snapshots showing several representative events of defect capture by free
surface or triple junctions (TJs) during Kr ion irradiation of NP Ag at room temperature over 1.18-
1.27 dpa. (a—) Evidence of rapid absorption of individual dislocation loops by the free surface. A
loop migrated towards the free surface and was immediately removed by the free surface within
0.1s. (d—f) A stacking fault tetrahedron (SFT) was gradually removed by the free surface from 7
to 9 s. (g-1) A dislocation segment was rapidly absorbed by the free surface. (j—1) The absorption
of a dislocation loop by a TJ in the ligament [599].
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5.2.2 Radiation induced void shrinkage

Void swelling in irradiated metallic materials is widely observed at elevated temperatures
[69-72]. Hence it is surprising that void shrinkage is observed during in situ Kr ion irradiation of
NP Ag at room temperature [81]. Several in situ video snapshots in Fig.5.4 showing the shrinkage
of nanovoids during irradiation of NP Au at room temperature. In this case, most of the vacancies
are bound in the form of sessile defect clusters, and thus there may be insufficient vacancies to
support void growth. Meanwhile, there is a continuously biased flock of interstitials and their
clusters to nanovoids during irradiation. As shown in Fig.5.4(al-a4), three nanovoids with the
diameter of 15, 12 and 11 nm continuously shrank during irradiation. One of the voids (marked by
red arrows) was completely removed, and the diameter of the other two nanovoids decreased
substantially. As void contracts via the absorption of irradiation-induced defects, the void
shrinkage rate is determined by the defect capture rate. A recent study on nanovoid-nanotwinned
Cu shows the existence of significant tensile stress surrounding nanovoids, and smaller voids
generate higher stress fields near void surfaces compared to larger voids [29]. Consequently,
smaller voids may capture defects more rapidly during irradiation than larger voids, and lead to
their higher shrinkage rate. This rationale is in agreement with the experimental observation (Fig.
5.4b) that shows the normalized diameter reduction, Ad/d, is inversely proportional to the initial
defect diameter in NP Au. The green dashed line is the result of fitting for all data, while the red
and blue dash lines are fitting results by choosing the data in the range of d < 16 nm and d > 30
nm, respectively. The difference between the fitting results indicates that normalized diameter of

the smaller voids contract faster than larger voids [40].
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Fig. 5.4 In situ irradiation snapshots showing the shrinkage of nanopores in Au under Kr irradiation
at room temperature. (al) Three pristine pores with the size of 15, 12 and 11 nm before irradiation.
(a2-a3) Under irradiation up to 1 dpa, defects migrated towards the nanopores, and the size of
pores continuously decreased. (a4) By 2 dpa, the size of the other two nanopores decreased from
15 to 8 nm and from 11 to 8 nm, separately. (b) The normalized diameter reduction, A d/d, as a
function of pore size. The olive dashed line is the result of fitting for all data, and the red dashed
line and blue dashed line are fitting results by choosing the data in the range of d < 16 nm and d >
30 nm, respectively [40].

Irradiation temperature-dependent void shrinkage has also been studied [600]. The
shrinkage rate of voids in NP Au decreases with increasing irradiation temperature as shown in
Fig. 5.5. For Au irradiated at room temperature most vacancies are tied up in sessile vacancy
clusters (SFTs, vacancy loops) formed directly in the displacement cascades. Consequently, the
mobility of vacancies and the void nucleation and growth are strongly suppressed. Thus, more
interstitials arrive at nanopores, leading to the shrinkage of nanopores. At higher irradiation
temperature, the mobility of vacancies increases, and the recombination rate between interstitials
(and clusters) and vacancies (and clusters) increases. Because nanopores absorb fewer defects at
elevated temperatures, the nanopore shrinkage rate decreases. No obvious growth of nanopores

was observed at high temperatures.
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Fig. 5.5. (a-d) In situ video snapshots showing the temperature-dependent pore shrinkage in NP
Au at two different temperatures, 100 °C (a-b) and 400 °C (c-d). At 100 °C, three nanopores with
areas of 150, 380 and 290 nm?* decrease by 20%, 18.4% and 20.7% in volume, respectively after
irradiation to 1 dpa. As a comparison, three nanopores barely shrink at 400 °C, by 2.5%, 6.3 %
and 1.3%. (e) Statistic data showing the temperature-dependent shrinkage of nanopores during
irradiation of NP Au. Average pore shrinkage rate (%/dpa) decreases with increasing irradiation
temperature, from ~21%/dpa at RT [40] to1.6%/dpa at 400 °C [600].

Void shrinkage has also been observed in other materials systems including self-ion
irradiated Si [601] and e-beam irradiated Mg [602, 603]. For instance, in situ TEM micrographs
in Fig. 5.6 show the shrinkage of a single nanocavity in Si during self-ion irradiation at ~ 21 °C up
to a fluence of 3 x 10" jons/cm?. Xu et al. performed in situ TEM studies on pure Mg under
electron-beam irradiation at room temperature [603]. Voids first formed a platelet shape and then
gradually evolved into a nearly equiaxial geometry. Atomistic simulations implied that the initial
growth along the longitudinal direction is controlled by slow nucleation kinetics of vacancy layers
on basal facets and anisotropic vacancy diffusivity [603]. The subsequent growth along platelet
thickness direction is driven by thermodynamics to reduce surface energy. Zheng et al. used in situ
HRTEM techniques to demonstrate the layer-by-layer growth of atomic planes at the nanopore
periphery, and when the spreading of electron-beam led to the shrinkage and removal of nanopores

as shown in Fig. 5.7 [602]. The authors attributed the healing of nanopores in magnesium alloys
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to the e-beam-induced anisotropic diffusion of Mg atoms in the vicinity of nanopore edges.
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5.3. Size effect in irradiated nanoporous materials and nanowires

5.3.1 Size effect in nanoporous materials

It has been reported in the literature that radiation resistance of NP metals depends on the
ligament size of NP metals and the irradiation conditions [604]. Ion irradiation experiments on Au
nanofoams have been performed to design the window of radiation tolerant NP Au in terms of
ligament size and irradiation dose-rate [604]. Au nanofoams were synthesized by
electrochemically dealloying Si from evaporated amorphous Si-Au thin films. During dealloying,
as Si is etched away, Au atoms self-assemble into a nanocrystalline porous network. TEM image
in Fig. 5.8a shows the ligament diameter is 10-20 nm with a pore size of 20-50 nm, leading to an
approximate density of 35-45%. The ion irradiation experiments were performed at room
temperature with 45 keV Ne ions to a dose of 4.5x10'¥/cm? at dose-rate of~1x10' ions/cm?/s.
Fig. 5.8b shows that the foam structure was unaltered by an irradiation under these conditions,
suggesting the stability of the foam structure and the radiation resistance. For comparison, Fig.
5.8c shows significant irradiation damage was accumulated in a single crystal Au under the same
irradiation conditions, Ne bubbles and dislocation loops were formed, which are the typical defect
clusters formed in FCC metals irradiated at this condition. Fig. 5.8d shows the HRTEM image of

irradiated NP Au with the absence of clear defect clusters in the matrix.
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Fig. 5.8. Microstructural evolution of NP Au under irradiation. Irradiation of NP Au was
performed with 45keV Ne* to a dose of 4.5x10'%/cm? at 300 K. (a) Unirradiated NP Au showing
that the ligaments are polycrystalline. (b) Microstructure of irradiated NP Au. (c) Under-focused
bright-field TEM images of single crystal Au film after irradiation at the same condition, showing
the formation of Ne bubbles and dislocation loops. (d) HRTEM image of irradiated NP Au. No
radiation damage was observed in (b) and (d) [604].

In situ irradiation experiments have been performed to study NP Ag that was synthesized
by dealloying of Ag23Cu77 sputtered film [599]. As shown in Fig. 5.9a, the average ligament size
in NP Ag is ~40 nm, and average island size is ~ 150 nm, as shown in Fig. 5.9 a-b. Fig. 5.9 (c-h)
compares the microstructural evolution in NP and CG Ag under Kr ion irradiation at room
temperature. By 0.02 dpa, a large number of defect clusters were formed in CG Ag (Fig. 5.9d),
whereas NP Ag remained intact (Fig. 5.9g). At 0.25 dpa, both the size and density of defect clusters
were significantly increased in CG Ag (Fig. 5.9¢), while only a few small defect clusters formed
in the ligaments of NP Ag (Fig. 5.9h). Similar results have been reported in NP Au that was
prepared by dealloying of rolled AgssAuss leaves (Fig. 5.10a) [40]. In situ Kr ion irradiation at

room temperature was performed in both NP and CG Au, and the TEM snapshots from in situ

videos compared the microstructure evolution of CG and NP Au irradiated at the same conditions.
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These defect clusters included dislocation loops and SFTs. From 0 to 0.02 dpa (Fig. 5.10 b and
b’), a few defect clusters formed in NP Au, whereas defect density increased rapidly in CG Au.
By 0.2 dpa, both the diameter and density of defect clusters in CG Au increased significantly (Fig.
5.10c’), while only a few defect clusters were generated in NP Au. Kr ion irradiation caused a
gradual and moderate increase of defect density in NP Au up to 0.5 dpa (Fig. 5.10 b-d). At the
same irradiation condition, CG Au had accumulated significantly more defects by 0.5 dpa (Fig.
5.10 b’-d’).At 0.5 dpa (Fig. 5.10 d and d’), the average diameter of defect clusters in NP Au

appeared much smaller than that in CG Au.

(b)
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d,, =40 nm

/

Island
d, =150 nm

w

X}

[0

0 50 100 150 200 250 300

0.25 dpa

Fig. 5.9. (a) Bright field TEM micrograph of NP Ag. (b) Statistics show the average ligament size
is ~ 40 nm, and average island size is ~ 150 nm. (c-h) The drastic difference between
microstructures of CG (c-e) and NP (f-h) Ag subjected to Kr ion irradiation at room temperature
at different doses. (d, g) After irradiation at 0.02 dpa, CG Ag was swamped with a high density of
defect clusters, whereas NP Ag remained intact. (e, h) By 0.25 dpa, there was a significant increase
in both the size and density of defect clusters in CG Ag, while only a few defect clusters were
observed in the ligaments of NP Ag [599].
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Fig. 5.10. TEM snapshots obtained from in situ radiation video revealed drastically different
irradiation response between NP and CG Au subjected to in situ Kr ion irradiation at room
temperature. (a-a’) Before irradiation, both NP and CG Au appeared relatively clean with few
preexisting defects. (b-d) TEM snapshots show a gradual and moderate increase of defect density
in irradiated NP Au, up to 0.5 dpa. (b’-d’) In contrast, CG Au had accumulated much more defects
rapidly by 0.5 dpa [40].

In a follow-up study, Li et al performed temperature dependent in situ Kr ion irradiation
studies in NP Au by performing a series of isothermal experiments (Fig. 5.11a) [600]. Such a
temperature based “jump” test has the advantage of obtaining defect accumulation statistics in one
in situ experiment, and thus significantly increase the efficiency of in situ studies. As shown in
Fig. 5.11b, the defect density in NP Au decreases at elevated temperatures. It is worth mentioning
that in addition to the studies of NP Au, in situ irradiation of porous Mg has also been reported
[605]. Although, straightly speaking, the pore size in the Mg used in the study is not in the
nanoscale regime, the results were similar to what have been observed in NP Au. Defects

accumulated rapidly in CG Mg, but gradually and moderately in porous Mg as shown in Fig. 5.12

[605].

156



—_
2

(b) w—() (| g—) O —) C— ) ——
Y Z) e )0} y 95 v

—_— =0
400 °C =S
9_('3, 400 p——  Series | re8
) 3
E 500 300 °C o
o
8- 200 °C 200 °C =
£ 200 . I 8
1) | Series I Tt 8
= |1oo C e«
2 100}
o z :
8 r RT (20 °C) Series Il
m 0 B 1 L L 1 L E ao
o 1 2 3 4 5 “5 Sl
K -

Dose (dpa)

Fig. 5.11. (a) The summary of in situ irradiation experiments on NP Au reported in [600]. Series
I: temperature-jump tests (400>300->200-> 100 °C); Series II: at constant 200 °C and Series III:
at room temperature (RT). (b) The corresponding TEM snapshots obtained from in situ videos
show irradiation response of NP Au at various irradiation temperatures. Before irradiation, NP Au
contained little defects (b1, b5, b9). (b2-b4) During irradiation, many defects were accumulated in
NP Au at RT with dose up to 1 dpa. (b5-b8) At 200 °C, irradiation induces fewer defects in NP
Au, and much fewer defects in NP Au at 400 °C (b10-b12). Therefore, defect density decreases
with increasing irradiation temperature.

Fig. 5.12. TEM snapshots obtained from in situ irradiation video reveal drastically different
irradiation response between CG and porous Mg subjected to Kr ion irradiation at room
temperature [605]. (a-d) During irradiation of CG Mg, the number of defects increased rapidly by
0.0125 dpa. By 0.5 dpa, tons of defects were introduced during irradiation. (e-h) In contrast, a
gradual and moderate increase of defect density were observed in irradiated porous Mg up to 0.5
dpa.

157



Fig. 5.13 shows the statistics of the size and density evolution of the defect clusters in NP
and CG Au at RT and during the temperature-jump test. The average saturated size of defect
clusters is ~ 10 and ~ 4 nm in CG and NP Au, respectively (Fig. 5.13a). The defect density in both
CG and NP Au reached saturation at a similar dose, ~0.1 dpa (Fig. 5.13b) [40]. Clearly, the free
surface plays a major role in removing the irradiation-induced point defects and defect clusters in
NP Au. Although a moderate reduction of defect cluster density (a factor of 2) and cluster size (a
factor of ~2.5) in irradiated NP Au compared to CG Au was observed, the difference of point
defect concentration in the matrix would be substantial. Fig. 5.13c and 5.13d show the statistics
obtained from temperature based jump tests of NP Au and CG Au. The saturation defect size in
NP Au (5.13¢) is ~ 4 nm and has little temperature-dependence. In contrast, in irradiated CG Au,
saturation defect size is ~ 10 nm at RT, and decreases monotonically to ~ 4 nm with increasing
temperature to 400 °C. The large difference of defect size in CG Au and NP Au irradiated at RT
indicating that the free surface of nanopores in NP Au clearly inhibits the growth of defects in NP
Au by absorbing both vacancies and interstitials. Due to an active thermal vacancy-interstitial
recombination process, it is thought that the growth of defect clusters is suppressed. Therefore,
defect size in NP Au and CG Au irradiated at 400 °C is similar, ~ 4 nm. The saturation defect
density in both NP Au and CG Au decreases gradually with increasing irradiation temperature

(5.13d).
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Fig. 5.13. (a-b) Statistics of defect size and density evolution as a function of dose in NP Au and
CG Au irradiated at RT [40]. (a) The average defect cluster diameter is ~ 10 and ~ 4 nm for CG
and NP Au, respectively. (b) The saturated defect density in NP Au is around half of that in CG
Ag. (c-d) Statistics of defect size and density evolution as a function of irradiation temperature in
NP Au and CG Au. (c) The saturation defect size in NP Au is ~ 4 nm and has little temperature-
dependence. In contrast, in irradiated CG Au, saturation defect size is ~ 10 nm at RT, and decreases
monotonically to ~ 4 nm with increasing temperature to 400 °C. (d) Saturation defect density in
both NP Au and CG Au decreases gradually with increasing irradiation temperature [600].

One may speculate if most of the nanovoids were removed during irradiation, then the
irradiation resistance of NP metals may degrade during subsequent irradiation. However, the
foregoing studies show that the existence of nanovoids significantly delays damage accumulation

in NP metals by more than an order of magnitude. Deliberate introduction of nanovoids with

desirable distribution of sizes and various density may significantly prolong the radiation stability
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of irradiated metallic materials. Further investigations on the stability of nanovoids are necessary
before this concept can be transferred into a practical reactor application.

MD simulations show that radiation resistance of NP Au depends on the size of the
ligament compared to collision cascade size and the migration distance of defects in the time
interval between collision cascades [41]. Fig. 5. 14 shows the window of radiation tolerance of Au
foam under Ne ion irradiation at room temperature in terms of ligament size vs. dose-rate. When
the ligament size is comparable to the cascade size, the emission of planar defects, including
stacking faults and twins, and the melting and breaking of ligaments were observed. Porous metals
with ligaments comparable or smaller than cascade size are not applicable for the harsh radiation
environments, while those with ligament size larger than the migration distance of defects in the
time interval between cascades would accumulate irradiation damage in a similar way as
conventional materials. In between these dimensions, the foam is immune to irradiation damage

by the annihilation of defects at free surfaces.
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Fig. 5.14. Size effect on stability and design of radiation tolerant NP metals. Irradiation damage
resistant ligaments are those within the triangular area. The upper critical limit was estimated for
three different diffusivities (D) of defect clusters [604].
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5.3.2 Size effect on radiation damage in nanowire materials

In addition to NP materials, size effect on the irradiation tolerance has also been observed
in nanowires. Recent work by Sun et al. has shown that ZnO nanowires have a distinct defect
denuded zone (DDZ) under in sifu Kr ion irradiation, as can be seen in Fig. 5.15 [597]. This DDZ
ranges from the surface of the nanowire to a region in the core of the nanowire that contains a
high-density of dislocation loops characterized using high-resolution TEM in Fig. 5.15f. The
defect density as a function of distance across the wire in Fig. 5.15g shows that the defect density
is the highest in the center of the irradiated ZnO nanowires, and decreases rapidly toward free
surfaces. The peak defect density decreases with decreasing wire diameter as shown in Fig. 5.15

h [597].

&

w

5]

D=100 nm

/
D=70 nm'
D=30 nm

S120 B0 40 O 40 80 120
Distance to center (nm) (g]

Density (10°m”)

B
=]

g

[~
=]

=

S

-~ Gy

& A
WAl

=]

Peak defect density (10%m™)

porio} L

0 50 100 150 200 250 300
Wire diameter (nm)

Fig. 5.15. Defect denuded zone (DDZ) in ZnO nanowires with different diameters revealed by in
situ Kr ion irradiations up to 5 dpa. (a) A TEM micrograph showing a DDZ with a width of ~25
nm for a ZnO nanowire with an average diameter D of ~250 nm, a similar width of DDZ was also
displayed in nanowires with D of 100 nm (b) and 70 nm (c). Meanwhile the density of defect
clusters appeared to reduce with decreasing wire diameter. (d) When D = 30 nm, no clear evidence
of dislocation loops can be observed, that is the wire of this diameter is immune to irradiation-
induced damage. (e) High-resolution TEM (HRTEM) image showing dislocation loops in
irradiated nanowire with D of 70 nm. The dislocation loops, with ~5 nm in diameter, were located
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on {0001} planes. (f) HRTEM image of the irradiated nanowire (D = 30 nm) showing the absence
of dislocation loops. (g) Defect cluster density versus the distance to the center of wires with
diameters of 30-250 nm. (h) Wire size dependent peak dislocation loop density, that is ZnO
nanowire with smaller diameter has lower peak defect density [597].

Through MD simulations as shown in Fig. 5.16, Zhang et al. have shown that the vacancy
formation energy decreases from 1.02 to 0.96 eV from the bulk region to the surface in Au
nanowires [606]. At a region of ~ 3 - 6 nm to the surface, the formation energies of the vacancies
decrease, indicating that vacancies attract each other. When the vacancy-surface distance is below
1 nm, the vacancy formation energy drops quickly, providing the driving force for vacancies to
migrate toward the surfaces. Consequently, the gradient distribution of vacancy clusters emerges.
It is worth mentioning that the formation energy of point defects in certain nanolayer systems, such

as immiscible Cu/Nb multilayers [607], decreases much greater (from ~ 1.25 to ~ 0.2 eV in Cu

and ~2.75to ~ 1.1 eV in Nb) from the bulk region to the layer interface as compared to nanowires.
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Fig. 5.16. The vacancy formation energy as a function of the vacancy-surface distance in Au
nanowires [606].
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In addition to the expected DDZ that affects the overall defect density in the wire as a
function of wire diameter, the in sifu Kr ion irradiation study on ZnO nanowires shows size
dependent swelling and a non-uniform DDZ that is influenced by the existence of preexisting
defect clusters in the wires [597]. Under irradiation, the preexisting large dislocation loops (L1-L3
in Fig. 5.17a) migrated along the prismatic plane of the ZnO nanowire at ~ 2 nm/s during radiation
before they became stationary. By 1.5 dpa, as shown in Fig. 5.17b, these preexisting dislocation
loops are pinned by the radiation-induced small dislocation loops. Swelling of the ZnO nanowires

along the radial direction was observed. Radiation-induced radial strain (¢), (e =(d —d,)/d,,

where d, and d are the wire diameter before and after radiation) increases with doses and the

magnitude of strain decreases for nanowires with smaller diameters (Fig. 5.17¢). Interestingly
nanowires with diameters of 30 nm or smaller have no swelling. Fig. 5.17d shows that a high-
density of small radiation-induced dislocation loops are trapped by the preexisting large
dislocation loops, leading to the formation of dumbbell-shape distribution of defect clusters,

accompanied by the DDZs near the surface.
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Fig. 5.17. Radiation-induced strain and the influence of internal defect sinks on loop distribution.
(a) Bright field TEM image of several preexisting dislocation loops (L1-L3) in ZnO nanowire prior
to irradiation. (b) After Kr ion irradiation up to 1.5 dpa, a high density of defect clusters was
observed near an array of hexagonal shaped preexisting dislocation loops (L1- L3). The wire
diameter (measured from the same location) swelled from 168 to 180 nm, and the dash arrows
show the reference position for the measurements. Notice that another loop (L4) migrated upward
along wire axial direction during radiation. (c) Comparison of irradiation-induced swelling (radial
strain) in wires of various diameters shows that wires of larger diameter (D = 168 nm) swelled
rapidly to ~ 9.0% by 5 dpa. In contrast, wires of smaller initial diameter, 61 nm, swelled gradually
and moderately to ~ 3.6%. (d) Magnified TEM micrograph of the loops L1 and L2 in Fig. 6.11b
shows that a large number of small dislocation loops were trapped by pristine dislocation loops,
and consequently a dumbbell distribution of small loops was observed [597].

MD simulations have also shown an interesting phenomenon, surface roughening after
20keV self-ion irradiation of Au nanowires [608]. As shown in Fig. 5.18, a Au nanowire with the
diameter of 8.2 nm had relatively smooth surface after ion bombardment of 80 ps (5.18a). After
170 ps, a large crater was formed on the nanowire surface. It is argued that the formation of craters

at the surface of Au nanowires is due to the microexplosion of hot atoms when the PKA energy is

high enough (> 10 keV in the case of Au nanowires). Such a crater formation phenomenon is likely
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to affect the stability of metallic nanowires during irradiation. There is, however, no experimental

evidence to validate such a prediction.

(a) 80 ps (b) 170 ps

Fig. 5.18. MD simulations illustrate the surface roughening in a 8.2 nm-thick Au nanowire after
20 keV self-ion irradiation [608]. (a) Irradiation process at 80 ps, and (b) a crater formed on the
surface of Au nanowire after 170 ps, leading to a rough surface.

5.4. Irradiation-induced structural change of nanoparticles

The nanoscale effect on radiation damage in metallic nanoparticles is dominated by the
increased sputtering present in the particles due to the increasing surface-to-volume ratio. A simple
analytical model accounting for the local curvature and depth of the damage in the particle among
other factors regarding sputtering yield appears to be a good fit and valid at least to a first order
[609]. The size effect on sputtering yield and the corresponding fundamental mechanisms during
self-ion irradiation have been reported by Bufford et al. [598]. By investigating the mechanisms
via in situ TEM, the changes in mechanism due to particle size can be directly observed (Fig. 5.19).
As the size of the particle decreases below a threshold of 10 nm, a transition between cratering to

particle disintegration was observed. In Fig. 5.19a (g’-1’), the violent disintegration of a single 5
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nm particle to form five smaller nanoparticles was observed due to a single ion strike. Although
these mechanisms may have ties with those seen in the surface reconstruction that occurs in bulk
and thin films exposed to ionizing radiation [610-612], the detailed mechanisms appear much
different due to the free surfaces in multiple directions and, as such, these two dominant
mechanisms (cratering and disintegration) warrant further discussion and research.

In a complementary modeling effort, Kissel and Urbassek used MD simulations to predict
the disintegration of 4 nm Au particles bombarded with 100 keV Au ions (Fig. 5.19b) [613]. This
study exploring the role of ion energy on the particle evolution showed that the classical linear-
cascade sputtering is active in addition to a thermal aspect that results in enhanced sputtering yield
from the Au nanoparticle. In these small particles, sputtering can result in the mass disintegration
of Au particle in less than 20 ps and the release of Au clusters of up to 100 atoms [613]. This MD
simulation effort agrees very well with the structural evolution seen experimentally in the 5 nm

nanoparticle that was hit by a single 46 keV Au ion in Fig. 5.18b [598].
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Fig. 5.19. Irradiation-induced nanoparticle disintegration (experiment (a) and modeling (b)). (a)
Effects of single 46 keV Au ions in Au nanoparticles of decreasing size. Note that the
magnification is similar for all micrographs. Each pair of micrographs is separated by 1 frame,
about 0.25 s here. (a’—’) A single ion strike in a 60 nm nanoparticle created a surface crater,
marked by the white arrow. (¢’) The difference image highlights the change between (a”) and (b’);
features present only in (a) are dark and newly formed features present only in (b’) appear light.
(d’—f”) A single ion creating a crater in a 20 nm nanoparticle. (f”) The difference image. (g’—i’) An
approximately 5 nm teardrop-shaped nanoparticle was initially surrounded by a number of
previously sputtered particles. (h”) The nanoparticle exploded, leaving several particles nearby.
(i’) Difference image showing the locations of the old and new particles. The white arrow indicates
a fragment from (h’) that is difficult to see in (i’) because it overlapped with the original
nanoparticle location [598]. (b) Perspective (top) and cross-sectional (middle) view of the Au
nanoparticle at t =1 ps after atom bombardment. Bottom: Perspective view at t=20 ps. Atoms are
shaded according to their local temperature in units of the melting temperature of Au [613].

Although ceramic nanoparticles often have novel size-dependent optical, magnetic,
electrical and piezoelectric properties, their behavior in radiation environments remains poorly
understood due to the minimal studies performed to determine the evolution of their

microstructures, mechanical and physical properties, and band gap stability. In addition to the
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sputtering effects seen in metallic nanoparticles, nanoscale ceramics generally appear to undergo
considerable microstructural evolution. An example of the disintegration of SnO2 exposed to 4.6
MeV Pb ion beam to a dose of 5 x 10'? ions/cm? is shown in Fig. 5.20. The drastic structural
evolution from 100 nm single crystal particles to interconnected much smaller nanoparticles with
dimensions on the order of a few nm is a result of the thermal spike in the SnO2 [614]. The
extremely fine nanoparticles formed in the SnO2 may have unique properties that worth further

studies.

4%  sonm

Fig. 5.20. Disintegration of SnO2 nanoparticles by irradiation. Pd ion beam induced microstructure
evolution Tin oxide nanograins: (a) Before irradiation, the SnO2 nanoparticles are faceted with
dimension of ~ 100 nm. (b) After radiation with 5 x 10'?> Pb ion/cm?, extremely fine SnO>
nanoparticles form. The arrow shows a small grain that partially disappears after ion irradiation
[614].

In addition to forgoing discussions, many other in sifu irradiation studies have been
performed as a function of particle size [598, 615], dimensional ratio [616, 617], and orientation
etc. For example, a swift heavy ion study, using 1 GeV Pb, found an inverse relationship between
the initial nanocluster on the target and the average sputtered particle size collected [618]. In

contrast, Jarvi et al. predicted that during light ion irradiation the size of the particle plays no role

in the sputtering yield [619]. Another MD simulation by Kissel et al. probed the interaction of
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irradiated Au with an underlying Au substrate during a cascade event [620]. This simulation
performed as a function of energy showed that the particle can not only be sputtered rapidly, but
also be ejected from the surface due to thermal spike, and a crater can be produced in the substrate
[620]. It should be noted although it appears generally accepted that the sputtering yield of
nanoparticles is enhanced compared to bulk and thin film systems, it remains unclear what term
and alteration should be added to the classical Thompson distribution to best represent the
observed mechanisms. The subject of enhanced sputtering yield in nanoparticles is an area requires
future research. Summarizing the experimental and modeling effort looking at radiation damage
in Au nanoparticles has demonstrated three active regimes.
1) For particles with a diameter of less than ~10 nm, radiation results in atomization and
violent disintegration of the nanoparticle.
2) Radiation of particles with dimensions of ~10-100 nm results in cratering with filaments
and cluster sputtering.
3) When the particle diameter is greater than ~100 nm, radiation results in internal defect

formation and sputter yields reach near normal rates.

Although a majority of the work to date has focused on Au nanoparticles, some study has
been performed in other metallic nanoparticle systems. A limited set of models have looked at Fe
nanoparticles to determine the size at which enhanced radiation stability may be possible [621].
Moving beyond monolithic metal systems, an interesting example of internal structural evolution
due to just a 5 keV He ion beam is seen in the irradiation-induced destabilization of the icosahedral
structures in FePt nanoparticles [622]. This low energy light ion implantation at a dose as low as
107 ions/cm? is enough to drastically alter the structure of the icosahedral particles, but

surprisingly not that of the L1o particles [622]. Fig. 5.21a shows a FePt nanoparticle, which is a
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previously multiply twinned particle, has transformed into an FCC single crystal particle after 5
keV He ion irradiation at a maximum fluence of 3 x 10'7 ions/cm? [622]. However, the He
implantation was found to lower the L1o ordering temperature of the FePt nanoparticles. This
minor change in the structure and transition temperatures from a relatively minimal radiation
exposure had observable changes on the properties of the irradiated FePt nanoparticles [623]. Javri
et al. utilized MD simulations to highlight how the transition from icosahedral to single crystalline
morphology can happen from even a single cascade event. MD simulations show that this
transition occurs due to the melting and resolidification of the entire nanoparticle, as shown in
Fig. 5.21b [624]. The evolution from icosahedral structure to single crystal nanoparticles appears
to be a global response to ionizing irradiation, as it has also be been observed with a similar

transition mechanism through a disordered phase [625].
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Fig. 5.21. Radiation-induced crystal structure change of FePt nanoparticles (experiment (a) and
modeling (b)). (a) A FePt nanoparticle, which exhibits multiply twinned structure before
irradiation (top) has transformed into an FCC single crystal particle (bottom) after 5 keV He
irradiation at a maximum fluence of 3 x 10'7 ions/cm?. (b) MD simulation results show the
transition from icosahedral to single crystalline morphology in a partly molten cluster. The upper
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part shows snapshots of the transition. The atoms, from darkest to lightest, are FCC (blue), surface
(red), HCP (light blue), and fivefold symmetry axis (yellow). Liquid atoms are not shown. Initially
(a’), the cluster is a partly molten icosahedron but at some point the liquid part absorbs the solid
almost completely (b’). The solid then recrystallizes with only one twin boundary between two
FCC components (c’). The boundary exists for several nanoseconds (d’) but migrates in the
crystalline part of the cluster. At some point it reaches the liquid boundary (e’) and vanishes,
leaving a single crystalline solid part (f”) [624].

In addition to free-standing nanoparticles, nanocomposites embedded with nanoparticles
have demonstrated enhanced performance under radiation environments. These low-dimensional
structures can be produced in large quantity by bulk processing technique [6], film deposition
[626], or ion implantation [149, 627, 628]. Because of the extensive studies [6, 13, 282, 482, 511,
629-661] and prior excellent review on the response of ODS steels to radiation environments [6]
and models discussing the radiation response of yttria nanoparticle explicitly [662], this system
will not be discussed as an embedded nanoparticle system in this review. The reader is referred to
two separate overview papers by Meldrum ef al. that nicely describe the potential for forming
nanoparticles in bulk systems by ion implantation and the future opportunities in the field [628].

The most common application of embedded nanoparticles in radiation environments, in
addition to ODS steel, appears to focus on metal nanoparticles embedded in glass. An example
from Ramjauny ef al. can be seen in Fig. 5.22 [663]. In this work, it was shown that the initial
embedded Au nanoparticles can be destroyed by 4 MeV heavy ion irradiation at a dose of 10'¢
ions/cm?. This can also result in the formation of new precipitate phase. It was also shown that by

controlling temperature or nuclear stopping power, a bimodal size distribution of the particles was

achievable [663].
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Fig. 5.22. Irradiation-induced microstructural change of nanoparticles at high temperatures. (a)
Bright field TEM micrograph of an as-prepared sample. Bright field TEM micrographs of samples
irradiated with 4 MeV Au ions at a fluence of 8 x 10'® ions/cm? for increasing temperatures: (b)
and (f) 30 °C, (c) and (g) 500 °C, (d) and (h) 600 °C, and (e) and (i) 800 °C. Magnification of the
previous micrographs are also shown: (f) 30 °C, (g) 500 °C, (h) 600 °C, and (i) 800 °C. The ion
irradiation direction is normal to the plane [663].

The large variation in structure of embedded Au nanoparticles was thoroughly investigated
to control the particle size and distribution [664]. It has also been shown that subsequent ion
irradiation under limited condition can results in the Au particles being elongated in a mica matrix
[627]. Ridgway et al. proposed a thermodynamic argument for the elongation of Au nanoparticles
due to swift heavy ions [665], despite the far-from-equilibrium conditions. In addition to the work
on Au, it was shown that embedded particles of a range of compositions can be formed or tailored

through controlled ion beam modification. These systems include embedded: Ag [666], Pt [667],

Co [668], amorphous Cu [669], ZnO [670], solid state Xe [671], and many more [628] under the
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right irradiation conditions. In addition to amorphous silica and mica most commonly used in these
studies, a range of other matrices with intriguing properties can be utilized including matrix as
exotic as CdNbO3 [672] or Poly (VinyliDene Fluoride) (PVDF) [673]. In theory, embedded
nanoparticles can be produced using an immiscible pair of implanted species and matrix, as well
as many other systems that will be kinetically limited. Once created, the structure of these
embedded particles can be tailored through a combination of ion irradiation and thermal
processing. Systems containing embedded nanoparticles are already finding applications in harsh
radiation environments, as is highlighted in the use of erbium-doped-nanoparticle optical fibers
for space applications [674]. A nice study reviewing the potential to tailor shape and size of
embedded nanoparticles can be found in the reference from Ridgway et al. [675]. It should be
noted that radiation damage in metallic materials with nanoprecipitate is a subject that has also
been intensively studied [13, 676-690], but not covered in the current review due to space and time
limitations. With an improved fundamental understanding on the subject, a multitude of
engineering applications varying from quantum bridges [691] to color changing artwork [692] is

possible!

5.5 The influence of free surface on the defect migration kinetics

In situ radiation study provides abundant information to investigate defect migration
kinetics in materials under irradiation. Global and instantaneous diffusivities of defect clusters
under irradiation have been determined. The global diffusivity (Dg) is the diffusivity averaged over
a long period of time (including migration and dwell time) for numerous defect clusters, whereas
instantaneous diffusivity (Di) is measured only during the migration process [599]. Fig. 5.23a
shows typical examples of measured migration distance (diffusion length X ) of individual defect

clusters (4 nm in diameter) in both CG and NP Ag. In order to determine the global diffusivity of
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defect clusters, the migration of a large number of defect clusters has been studied statistically.

Fig. 5.23b shows diffusion length square (X ) vs. accumulative time for numerous defect clusters
with similar size (4 nm in diameter) for both CG and NP Ag. Assuming one-dimensional diffusion,
the diffusivity of defect clusters ( D) can be estimated by
D=X?/2t (5.5),

where ¢ is the diffusion time. A linear fit of these data shows that D¢ of defect clusters (ddefect = 4
nm) in CG Ag is 78 nm?/s, much greater than that in NP Ag, ~12 nm?%/s. Fig. 5.23c compares the
size-dependent variation of Dg for CG and NP Ag. Basically, Dg reduced rapidly from 105 to 45
nm?/s with increasing size of defect clusters in CG Ag. A similar trend is observed in NP Ag.
However, for the same dimension of defect clusters, Dg in NP Ag is consistently much lower than
that in CG Ag. Similar techniques have been applied to determine Di as shown in Fig. 5.23d.
Basically, there is no clear size-dependent variation of Di for CG and NP Ag. Nonetheless, the
average value of Dj in NP Ag, ~350 nm?/s, is much less than that in CG Ag, ~1200 nm?/s. The
value of Dj in both CG and NP Ag is at least an order of magnitude greater than their respective

Dg.
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Fig. 5.23 Determination of global and instantaneous diffusivities of defect clusters in CG and NP
Ag. (a) A representative plot of diffusion length (X) versus accumulative time for individual defect
clusters with a diameter of 4 nm in CG and NP Ag. (b) Plots of diffusion length square (X?) vs.
accumulative time for a large number of defect clusters with a similar average size of 4 nm. The
average global diffusivity was estimated to be ~78 and 12 nm?/s in CG and NP Ag, respectively.
(c) The global diffusivity (Dg) of defect cluster in NP Ag is consistently lower than that in its CG
counterpart. (d) The instantaneous diffusivity (Di) in CG and NP Ag was estimated to be 1200 and
350 nm?/s, respectively [599].

The migration kinetics of defect clusters has been examined in NP Au under irradiation at
different dose-rates [40]. The global diffusivity of defect clusters was determined by using the
same estimation method [40]. Like the migration behaviors in NP Ag [599], most defect clusters
migrate in a ‘stick-slip” manner that is a defect cluster migrates instantaneously within a fraction
of a second, and then stays for a while (dwelling time) before its next movement. Fig. 5.24a shows

D, of defect clusters in NP Au at two dose-rates, 3.2 x 10 and 5.0 x 10* dpa/s. The global

diffusivity is greater at higher dose-rate. Fig. 5.24b shows the instantaneous diffusivity of the
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defect clusters in the irradiated NP Au varies from 200 to 800 nm?/s, and the average value of the

instantaneous diffusivity did not show a clear dependence on the dose-rate.
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Fig. 5.24 Determination of global and instantaneous diffusivities of defect clusters in NP Au under
irradiation at dose-rates of 5.0x10* and 3.2x107 dpa/s. (a) The global diffusivity of defect clusters
in NP Au was significantly reduced when the dose-rate decreased from 3.2 x 10~ to 5 x 10 dpas.
(b) The instantaneous diffusivity of defect clusters in irradiated NP Au varies from 200 to 800
nm?/s, and the average value of instantaneous diffusivity shows little dependence on dose-rate and
cluster diameter [40].

5.6. Summary and future work

Understanding the response of low-dimensional nanomaterials to radiation environments
have become the cornerstone of modern electronics and have been essential for the development
of advanced nuclear systems. Despite enormous research efforts for development of nanomaterials
with novel physical properties, the fundamental understandings on the irradiation tolerance of NP
materials, nanoparticles and nanowires remain limited. The free surfaces can act as defect sinks

and remove the radiation-induced defect clusters, including dislocation loops, segments and SFTs
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at room temperature. However, the radiation response of these low-dimensional materials in
harsher environments, such as neutron radiation at elevated temperatures with high flux is largely
unknown. Diffusivities of defect clusters in NP pure metals under irradiation have been measured
by the in situ technique. It is shown that the response of nanoparticles to irradiation conditions
cannot be entirely predicted from the bulk response, and varies drastically among these low-
dimensional materials. Further work on the solute redistribution of low-dimensional alloys and
corresponding mechanical property evolution under irradiation is necessary, and the window of
radiation tolerance of low-dimensional materials in various irradiation conditions needs to be
established. Coupling of multiscale modeling and experimental observations improves our
understanding of radiation behavior of low-dimensional materials and predicts the performance of

low-dimensional materials in harsh irradiation environments.
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Chapter 6. Summary and future outlook

Radiation damage in nanostructured materials has emerged as a new arena that bridges
among the community of nanostructured materials, radiation effects, physics, mechanics and
modeling and simulation. There are significant challenges and opportunities in front of us.

A paramount challenge remains how to discover and design advanced materials that are
eventually “immune” from radiation to hundreds of dpa. Significant progress has been made to
explore the impacts of various types of defect sinks in nanostructured materials on alleviation of
radiation damage. However there are abundant scientific questions that remain to be addressed.
The followings are some outstanding issues from a long list of scientific problems that deserve
prompt attention.

1. How to design defect sinks that have “self-healing” capability?

It is well known that most defect sinks evolve during interaction with radiation induced
defect clusters. Consequently these defect sinks may lose their capability to continuously absorb
or eliminate radiation induced defect clusters. Perhaps the ideal defect sinks should have “self-
healing” capability, so that these sinks can retain their ability to eliminate radiation induced
damage while recovering at the same time. Although there are some limited success in using
precipitate (such as TiC etc.) to alleviate radiation damage in austenitic stainless steels, and ODS
steels, there is a need to design advanced radiation resistant materials with progressively greater
sink strength and self-healing capability. The concept of work hardening and dislocation recovery

is, to some extent, analogous to the search for such type of ideal defect sinks.

2. How to combine the advantages of several types of defect sinks into one material system

to achieve superior radiation tolerance?
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In each of previous chapters, a particular type of defect sinks is the primary defects in
nanostructured materials. It is natural to suspect that an innovative combination of these defects
into defective networks may be an effective approach to tackle radiation induced damage. There
are numerous successful examples in the literature already, including ODS alloys with grain
boundaries and phase boundaries, nanotwinned metals with nanopores, etc. Clearly a lot could be
done to design nanomaterials with defective networks to handle the transportation and elimination
of radiation induced defects. An analogous example is the city’s infrastructure, consisting of drains
and underground tunnels, that can effectively defeat flood.

3. How to significantly enhance the thermal stability of defect sinks?

The introduction of most defects put materials into a state further away from equilibrium,
as these defects store excess energy. Thermodynamically, most of these defects can be removed at
elevated temperature (by annealing) with few exceptions (such as oxides nanoprecitates in ODS
steels). As most radiation environment encounter intermediate-to-high temperatures, the thermal
stability of most defect sinks is clearly a major concern. There are increasing studies on
enhancement of thermal stability in nanostructured materials. A nature combination of outstanding
thermal and radiation stability may enable unprecedented radiation tolerance in nanomaterials.

4. How do defect sinks engage and absorb radiation induced defect clusters?

Although there are abundant examples showing the significant reduction of defect density
in nanomaterials, fundamental questions remain on how defect sinks interact and eliminate these
defect clusters? Modeling and simulations using various tools are necessary to address these
fundamental physics questions. In fact modeling studies on radiation induced damage in

nanomaterials remain a largely unexplored territory.
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5. What is the influence of nanomaterials on nucleation and growth of defects under
radiation? As defect sinks in nanomaterial are closely spaced, these sinks may drastically change
the formation of point defects in their neighborhood. At an atomistic level, such a phenomenon
can be explored in greater detail via MD simulations.

6. What is the impact of defect sinks on mobility and kinetics of radiation induced defect
clusters? [n situ radiation inside a transmission electron microscope remains a critical tool to
answer this question. The major facility in the US, IVEM at Argonne National Laboratory, the
new facility at Sandia National Laboratory and in situ radiation facilities worldwide have produced
a significant amount of data in this aspect. Continuous upgrade of the existing facility and
establishment of new facility worldwide are necessary. Combination of in situ studies with
modeling is critical to understand and predict the kinetics of defect clusters in irradiated
nanomaterials.

7. What is influence of radiation damage on mechanical properties of irradiated
nanostructured materials? This appears as an obvious question. However this subject is,
surprisingly, a large empty space to date. A combination of advanced nanomechanical testing with
radiation capability is necessary to evaluate the mechanical behavior of irradiated nanomaterials.
8. How to fabricate high quality bulk nanostructured materials with enhanced radiation
tolerance? The nanostructured materials have spent two decades to explore the synthesis of bulk
nanostructured materials. Many of their success can be translated to the nanomaterials for nuclear
application. Severe plastic deformation, such as equal channel angular pressing, can now process
large amount of materials in a short time. Consolidation of nanocrystalline powders (prepared by

ball milling or chemical synthesis) by sintering can produce bulk nanostructured materials.
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9. How to synthesize large-scale radiation resistant coatings? Many of the previous chapters
have discussed the radiation tolerance of nanostructured coatings consisting of metallic or ceramic
materials. Fabrication of large scale coatings is a possibility given the maturity of industry in using
a variety of coating techniques. The radiation resistance of these coatings need to be rigorously

evaluated.

As described in foregoing section, investigation of radiation damage in nanomaterials is an
emerging and active research subject, rich in materials science, physics, chemistry and mechanics.
Such a new arena brings many aspects of nanomaterials together, and may eventually lead to

significant applications of novel nanomaterials for advanced nuclear energy applications.
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