Strong size-dependent stress relaxation in electrospun polymer nanofibers
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Electrospun polymer nanofibers have garnered significant interest due to their strong size-dependent
material properties, such as tensile moduli, strength, toughness, and glass transition temperatures.
These properties are closely correlated with polymer chain dynamics. In most applications, polymers
usually exhibit viscoelastic behaviors such as stress relaxation and creep, which are also determined
by the motion of polymer chains. However, the size-dependent viscoelasticity has not been studied
previously in polymer nanofibers. Here, we report the first experimental evidence of significant size-
dependent stress relaxation in electrospun Nylon-11 nanofibers as well as size-dependent viscosity
of the confined amorphous regions. In conjunction with the dramatically increasing stiffness of
nano-scaled fibers, this strong relaxation enables size-tunable properties which break the traditional
damping-stiffness tradeoff, qualifying electrospun nanofibers as a promising set of size-tunable
materials with an unusual and highly desirable combination of simultaneously high stiffness and

large mechanical energy dissipation.

I. INTRODUCTION

One striking feature of electrospun' ™ polymer nanofibers
is their strong size-dependent material properties, which can
change many times that of their bulk values. Widespread
interest in polymer nanofibers stems from studies showing
that the moduli® and thermal conductivities® of semi-
crystalline polymer nanofibers are strongly dependent on the
fiber diameter, specifically in the 100nm to 1 um range.'>"~**
Further studies have expanded our understanding of the
mechanical and thermal properties in these nanoscale fibers,
such as strength, toughness, and glass transition and melting
temperatures.'>'>1® These various observed mechanical and
thermal behaviors are closely associated with the dynamics of
polymer chains within the nanofiber. Quite recently, it was
found that along with the modulus, the yield strength and
toughness of individual semi-crystalline nanofibers also
increased significantly as diameter decreased.'® This increase
in toughness was unexpected as it opposes the classical trade-
off between strength and toughness in bulk materials,'” such
as bulk polymers and metals. Consequently, a diverse range
of applications for polymer nanofibers have been proposed,
such as in military protective clothing,18 nanosensors,3’19 tis-
sue engineering scaffolding,”®*? and thermal packaging.*

Toughness of polymers mainly comes from two molecu-
lar scale processes: breaking of polymer chains and sliding
between polymer chains which macroscopically manifests as
viscoelasticity.”**> In electrospun semi-crystalline fibers,
size-dependent modulus, strength, and toughness have been
attributed to increased polymer chain alignment in the amor-
phous domain and decrease of crystallinity.'®> Furthermore,
thermal studies on nanofibers have observed size-dependent
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dissipative effects, such as modulus softening upon heating®
and decreased glass transition'® and melting'® temperatures
with diameter reduction. These disparate observations indi-
rectly suggest that any mechanical relaxation should also
exhibit size-dependent behavior, which has not been investi-
gated in previous studies on the mechanical properties of
individual electrospun polymer fibers.

Many size-dependent properties of polymer nanofibers
have been recently discovered and are believed to stem from
the confinement of polymer chains near surfaces and in
amorphous regions,™' %> the reduction of polymer chain
entanglement,'®?® and the increase of the alignment of poly-
mer chains. To explain the observed stress-relaxation in the
electrospun Nylon-11 fibers with small diameters in our
experiments, we propose that the increased orientation of
polymer chains and chain dis-entanglement in the amor-
phous content of the electrospun fibers should be both
responsible for enhanced motion of polymer chain. It has
been observed that while large diameter electrospun semi-
crystalline polymer fibers are comprised of densely packed,
misaligned lamellar structures connected by amorphous tie
molecules, smaller diameter fibers consist of a fibrillar struc-
ture with alternating crystallites and extended amorphous tie
molecules.'? This is somewhat similar to the structure of the
Nylon-11 nanofibers in this study, which were found to have
increased crystallite orientation and size as well as increased
orientation and confinement of connecting amorphous tie
molecule regions (see supplementary material: X-ray scatter-
ing structural analysis), but no diameter-dependent change in
fiber crystallinity (which was a constant ~36%)."*

Recent studies have also indicated the formation of a
core-shell structure in electrospun fibers caused by quick sol-
vent evaporation at the fiber surface during the electrospin-
ning process, which leads the polymer matrix to solidify in a
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non-equilibrium state.'®*=*! It has also been found that the
electrospinning process creates a preferred orientation for
polymer chains in the shell layer, whose thickness is inde-
pendent of fiber diameter,”® and prevents polymer chain
relaxation, leaving them in a partially disentangled state.**?
We believe that those size-dependent molecular structures
discussed above may also contribute to the strong size-
dependent stress relaxation in the electrospun polymer nano-
fibers observed in our experiments. We would like to point
out that more detailed analyses are needed to determine the
accurate mechanisms responsible for such strong and unam-
biguous size-dependent stress relaxation in the nanofibers.

Herein we report, for the first time, significant size-
dependent stress relaxation in semi-crystalline electrospun
polymer (Nylon-11) nanofibers. In addition to increased
stress relaxation upon diameter reduction, its associated time
constant does not change as fiber diameter reduces below
200 nm, indicating that the viscosity of the relaxing constitu-
ents increases with further size reduction. Furthermore, the
strong size-dependent stress relaxation in combination with
the dramatically increasing stiffness indicates that electro-
spun nanofibers are ideal candidates for developing materials
with simultaneously high stiffness and large damping capac-
ity, a combination that is often difficult to find in natural and
man-made materials.

Il. EXPERIMENT METHODS

In the experiment, Nylon-11 nanofibers with different
diameters were fabricated using the electrospinning tech-
nique as described in a previous paper.'* To reveal the
microstructure of semi-crystalline Nylon-11 nanofibers, we
conducted small-angle X-ray scattering tests (SAXS) and the
results are shown in supplementary material, Figure S1. The
schematic of the microstructure of the nanofibers is shown in
Figure 1(a). In the mechanical testing, individual Nylon-11
nanofibers were picked up with a micromanipulator in SEM
and attached to the free end of an AFM cantilever with elec-
tron beam deposited Pt to conduct tensile measurements
(Figure 1(b)). Each fiber was then pulled, causing the AFM
cantilever to deflect and stress the fiber, where the applied
force is directly related to the cantilever deflection and
spring constant. Detailed experimental procedures are
described as follows.

A. Cantilever calibration

The stress measurement requires both the fiber diameter
and cantilever spring constant, which were both measured
prior to the tensile measurement. The fiber geometry can eas-
ily be measured using low power SEM.* To extract the force
applied to the fiber, spring constants for the AFM cantilevers
were first calculated using the Sader method,34’35 which
requires the resonant properties of the cantilever since the
spring constant of a rectangular cantilever is dependent on
the cantilever geometry, material, and fundamental radial res-
onant frequency in a vacuum. We calculated this constant
using the density and thickness of the cantilevers under the
condition of cantilever length > width > thickness. Since
the fundamental vacuum frequency shifts when the cantilever
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FIG. 1. (a) Schematic of the microstructure of semi-crystalline Nylon-11
nanofibers, consisting of crystalline and amorphous domains. (b) Single
nanofiber tensile relaxation measurement setup: individual nanofibers were
attached to AFM cantilevers via a tungsten manipulator in a dual-beam FIB.
The fibers were pulled with the manipulator and both cantilever deflection
and fiber length were monitored to measure applied stress and fiber strain.

is in a fluid, such as air, we can back out the vacuum fre-
quency from that of the fluid shifted frequency by using the
properties of the fluid. Then, with the cantilever width, the
fluid hydrodynamic function, and the measured resonant
quality factor in the fluid (which should be >>1), the spring
constant can be calculated. These resonant properties can be
measured with either a laser vibrometer or an AFM. The can-
tilever undergoes an applied frequency sweep to measure the
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resonance spectrum, where a narrower sweep band around
the peak is identified and scanned to capture both the fluid
resonance frequency and the quality factor. These parameters
were then used to calculate the static spring constant.

B. Nanofiber tensile testing

Tensile testing of polymer fibers was performed in a
SEM to image the length extension while using an AFM can-
tilever to apply and measure force along the fiber axial direc-
tion, similar to elasticity tests performed on nanowires and
nanotubes.’®*’” Polymer fiber samples were attached to a
tungsten probe in an SEM (FEI Scios Dualbeam) with elec-
tron beam deposited Pt (using an electron beam current of
0.4nA at an accelerating voltage of 1.5kV) and lifted from
the substrates they were electrospun onto. The free ends of
the fiber were then attached to the free end of an AFM canti-
lever and secured in place also with electron beam deposited
Pt (the same deposition conditions). The manipulator probe
was then used to pull the fiber and the cantilever deflection
and fiber length were both measured with good accuracy by
SEM (beam energies of ~1-1.5kV were used for imaging so
as not to damage the polymer).>* The AFM cantilever deflec-
tion (supplementary material, Figure S2) and measured can-
tilever spring constant were used to calculate the force
applied to the fiber. Fiber length measurements, taken at
each measured cantilever deflection position (supplementary
material, Figure S2), were used to calculate the strain on the
fiber at each applied force. A stress-strain curve was then
generated. The instantaneous tensile modulus, E;,, of the
fiber was measured based on the slope of consecutive stress
and strain measurements (measured within ~1 min) and well
within the linear extent of the stress-strain curve (supplemen-
tary material, Figure S3). Two different AFM cantilevers
(with spring constants of 0.6 N m ™' and 5N m ') were used
to measure E;,; of the fibers and the resulting moduli were
in good agreement with one another.

C. Nanofiber stress relaxation measurement

Stress relaxation on single Nylon-11 nanofibers was
measured using a similar setup to that of the elastic modulus
measurement. Single nanofibers were also lifted from sub-
strates with a tungsten micromanipulator and the free end
attached to a SN m~' AFM cantilever. The nanofiber was
then loaded to a set strain value. Measurements were done
over a range of strains, 1.5%—7%, to check for strain depen-
dence (see supplementary material, Table S1) with applied
forces on the order of micro-Newtons (supplementary mate-
rial, Figure S4). Cantilever deflection was measured every 5
to 10 min over a 2-h period. Relaxed tensile moduli, E,,
were calculated based on the final applied stress after relaxa-
tion ceased.

Because of the high stiffness of cantilever, the change of
its deflection during the stress relaxation test is much smaller
than the fiber elongation. Consequently, the tensile strain in
the fiber is approximately a constant as required for standard
stress relaxation test. In the experiment, no necking of the
fibers was observed during the nanofiber relaxation tests.
Relaxation measurements were also done on 50nm Si

nanowires, which showed no relaxation over the 2h (see
supplementary material, Figure S5), to confirm that stress
relaxation was not caused by the cantilever itself. With no
stress relaxation, changes in the cantilever deflection due to
imaging resolution were shown to be less than =2 nm (see
supplementary material, Figure S6).

Ill. RESULTS AND DISCUSSION
A. Tensile moduli

Instantaneous and relaxed tensile moduli were measured
for nanofibers with diameters ranging from 713 nm to 65nm
(Figure 2) and were found to both dramatically increase as
fiber diameter decreased. This increase is similar to moduli
previously measured in other polymer nanofibers upon size
reduction™!%!13:162729-32:38 a5 well as in drawn polymer mats.>
Fibers with diameters larger than ~400 nm exhibit moduli con-
sistent with that of bulk Nylon-1 1,40—42 ~0.6—1.5 GPa, whereas
the thinner nanofibers had E;,; as high as 17.4 = 2.3 GPa,
respectively, which is a ~20-fold increase over the bulk value.
A critical diameter of ~200 nm is observed for the onset of the
sharp increase in the tensile modulus which is similar to the
~500 nm observed for Nylon-6,6,43’44 compared to the lower
~50nm for polypyrrole nanotubes™ and higher ~800 nm for
electrospun polystyrene.*’

Interestingly, the relaxed moduli, E,, exhibit a similar,
albeit suppressed, increase as that of E;, as fiber diameter is
reduced demonstrating that some non-relaxing portion of the
fiber contributes to the increased instantaneous tensile modu-
lus. The deviation between E;,,; and E, indicates that the
relaxing component of the fiber still accounts for an
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FIG. 2. Diameter dependence of instantaneous and relaxed moduli. While
the elastic moduli of fibers with diameter >400 nm are bulk—likefm_42 a dra-
matic increase occurs as the diameter drops below ~200nm. The smallest
nanofibers measured here, 65 and 72 nm, have instantaneous elastic moduli
~20 times larger than the bulk modulus. The relaxed moduli show two inter-
esting phenomena: the degree of relaxation increases as the diameter
decreases, but not down to bulk-like values, and dramatically increases as

the diameter is reduced, similar to that of the instantaneous moduli.
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appreciable amount of the enhanced stiffness, at least ini-
tially. It is known that at room temperature, Nylon-11 is a
semi-crystalline polymer, in which stress relaxation mainly
originates from its amorphous domain.*® Our relaxation
experiments elucidate the relative contributions of the crys-
talline and amorphous domains to the widely reported
enhanced moduli in polymer nanofibers, in which only the
initial moduli were often characterized,>!%!316:27-29:32.38

B. Stress relaxation

The size dependence of the relaxation leading to stiff-
ness reduction was examined via stress relaxation behavior
of fibers with diameters ranging from 516 nm to 65 nm over
2 h. The supported stress over time, as normalized by the ini-
tial stress, o/0p, was found to significantly correlate with
fiber diameter, as seen in Figure 3. For the ~500 nm diame-
ter nanofibers, the largest diameter fiber studied here, no
obvious stress relaxation was detected within the 2-h period.
However, the amount of relaxation steadily increased as
diameter decreased: ¢/ay for the 65nm and 72 nm diameter
fibers reduced to ~60% after only 20 min. Such stress relax-
ation is a well-known viscoelastic property of polymeric
materials, though the relaxation we have observed in the
smaller diameter fibers is comparatively fast for glassy poly-
mers. We must note that though no obvious stress relaxation
was seen in the largest diameter nanofibers, it is possible that
they would follow a relaxation process similar to that of a
bulk-like glassy polymer which would have taken a much
longer time scale to observe than allowed in our current
experimental setup.

C. Viscoelastic analysis

To quantitatively characterize the viscoelasticity of
fibers and understand the implications of this strong size-
dependent viscoelastic behavior, we analyzed the measured
stress relaxation using a viscoelastic standard linear solid
(SLS) model. In this model, the modulus is time dependent
and follows E(t) = E, + E, - exp(—t/t), where E, and E, are
the elastic and relaxing contributions to the modulus, ¢ is
time, and 7 is the relaxation time constant associated with
the dissipative process. In our experiment, the tensile strain

is a constant, so we can simply relate the transient modulus
E(t) of the fiber to the tensile stress a(t) as a(t) /a9 = E(t)/
Ei.s:, where gy is the stress initially applied to the fiber and
Eine = E(t = 0). Furthermore, we can define a parameter f3,
relating our measured saturated stress relaxation to the mod-
uli components, as f=lim, . a(t)/oo = E,/(E. + E,).
The stress relaxation for the SLS model then follows
a(t)/oo =P+ (1 —p) - exp(—t/t), which has been fit to
each nanofiber relaxation data set (shown as the solid lines in
Figure 3). From this, we can define the amount of relaxation
for each nanofiber as 1 — f (Figure 4(a)), where the relaxa-
tion is approximately linearly correlated with the fiber diam-
eter, compared to only a weak correlation with the initial
applied stress (supplementary material, Figure S7).

1. Relaxation time constant

This stress relaxation fitting also allows us to extract the
time constant, 7, related to the relaxation process for each
measured fiber. Since no relaxation was observed for
the ~500nm diameter fibers, no time constant could be
extracted; however, we do observe a decrease in 7 as the
diameter decreases and saturates below ~200nm (Figure
4(b)), from ~14 min for the 352nm diameter fiber to
~5 min for the remaining 65-221 nm diameter fibers. Based
on these time constants, the viscosity () of the relaxing
region of the fiber, related as # = E, - 1, is initially constant
down to ~200nm. However, since 7 is a constant for fibers
below this size while the relaxing portion of the modulus
(E,) continues to increase, # should also increase as diameter
is further reduced. This indicates that as the nanofibers are
reduced in size, they will display a unique combination of
high stiffness and large mechanical energy dissipation not
present in their bulk form. It should be noted that it is highly
possible that the relaxation time constant T saturates at a
larger diameter between 221 nm and 352 nm. Determination
of the exact diameter where t becomes a constant, however,
is not a main target of our current study.

2. Stiffness and damping

From our viscoelastic stress relaxation model, we can
define the ratio of the relaxing and elastic moduli
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FIG. 3. Stress relaxation in individual Nylon-11 nanofibers. The time-dependent stress normalized by the initial stress, o/, was measured over a 2-h period,
with measurements taken every 5 to 10 min. Fibers of diameter ~500 nm show no relaxation over the measured time period; however, as diameter is reduced,
stress relaxation increases, with stresses reduced to ~60% of the initial stress in the thinnest fibers. Legend lists nanofiber diameter for each relaxation mea-
surement. Solid lines are fittings to the data based on a viscoelastic standard linear solid (SLS) model.
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FIG. 4. Diameter dependent (a) stress relaxation and (b) relaxation time con-
stant. The relaxation and time constants were calculated based on the fitting
of a viscoelastic standard linear solid (SLS) model to the measured stress
relaxation in Figure 3. (a) The degree of relaxation increases almost linearly
with diameter reduction, starting from no observed relaxation in ~500 nm
fibers and increasing up to ~40% for the thinnest measured fibers. (b) The
relaxation time constant initially decreases with decreasing diameter down
to ~200 nm, below which it saturates at ~5 min for all smaller diameters.
Time constants could not be extracted from the ~500 nm diameter fibers as
no relaxation was observed. The viscosity associated with the relaxing
mechanisms of the fiber is initially constant down to ~200nm and then,
based on the saturated time constant and increasing relaxing component of
the modulus, increases as the fiber diameter further decreases.

components as A=E,/E, = (1—f)/f and a maximum
damping angle can be estimated as tand = A/(2V1 + A),
which represents the ratio of the viscous and elastic mechani-
cal responses of the material and a measure of its capacity to
dissipate mechanical energy.*’ As the diameters of the
Nylon-11 nanofibers are reduced, the damping capacity sig-
nificantly increases by a factor of ~100 (Figure 5) and while
the damping is initially small, similar to metals, it increases
even beyond that of other polymeric materials to levels com-
parable to the best recently developed composite materials.*®
It is important to note that the damping in the polymer nano-
fibers was measured at room temperature, whereas the high
performance of the composites is achieved only at elevated
temperature and performance decreases drastically as the
operating temperature falls from 57 °C to 40 °C (and would
most likely fall further if operated at 25 °C).

The specific modulus also increases from polymer-like
to near metallic levels due to the higher strength to density
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FIG. 5. Specific modulus versus maximum damping capacity (maximum
tan 9). The specific modulus and damping capacity of the Nylon-11 nanofib-
ers, calculated based on the measured tensile moduli and stress relaxation,
are compared to those of other polymeric and metallic materials,*’ as well as
a state-of-the-art composite*® material. Both damping and specific modulus
significantly increase by over an order of magnitude as fiber diameter is
reduced, rising from low polymeric damping levels for ~500nm diameter
fibers to an impressive combination of specific modulus, comparable to the
best structural metals, and damping capacity above that of many other poly-
mers as fiber diameters are reduced below 100nm. The thinnest fibers are
even comparable to a state-of-the-art composite material.** The nanofibers,
however, are operational at room temperature, whereas the composite per-
forms best at elevated temperature and its performance quickly degrades as
temperature drops.

ratios. This propels the nanofibers towards simultaneously
high stiffness and damping, as compared to most materials,
which is uncommon and highly suitable for applications
involving vibration damping.*” This property combination is
realized using both un-optimized material and un-optimized
operation conditions and better performance could be real-
ized by changing the polymer and operating conditions (tem-
perature, frequency, etc.). This is the first observation that
nano-scaling of polymers, specifically fibers, could produce
a new set of materials, tunable via size alone, with simulta-
neously high stiffness and large mechanical energy dissipa-
tion which would be highly desirable and useful. Last, we
would like to point out that in many applications fibrous
structures instead of individual electrospun polymer fibers
will be adopted. Stiffness and damping capacity of fibrous
structure generally depend on both the mechanical properties
of individual fibers and their interactions. Additional charac-
terizations of fibrous structures are imperative for their
applications.

IV. CONCLUDING REMARKS

While size-dependent behavior of polymer nanofibers
has been previously studied for several polymer systems,
time-dependent mechanical properties of individual nanofib-
ers have been paid little to no attention even though they are
important aspects of polymer mechanics due to their visco-
elastic nature. Here, we performed size-dependent tensile
elastic and relaxation tests on semi-crystalline Nylon-11
nanofibers and found that stress relaxation in individual
fibers is highly size-dependent, increasing significantly as
diameter is reduced. The observed strong relaxation of



~40% occurs rapidly, saturating within ~30 min for the
smallest nanofibers, which emphasizes the importance of
considering the relaxed modulus when designing mechanical
systems incorporating nanofibers, such as piezoelectric based
devices* and nano-generators.’®>* Furthermore, we found
that the combination of significantly increasing relaxation
and modulus upon size reduction leads to nanofibers with
exceptionally high stiffness and mechanical energy damping
properties, comparable to state-of-the-art composite materi-
als, but operational at room temperature. This suggests that
polymer nanofibers could be ideal candidates and provide
substantially enhanced performance for applications which
involve energy absorption, require toughness and flexibility,
as artificial tissues such as skin, or in protective garments.

SUPPLEMENTARY MATERIAL

See supplementary material for additional experimental
details of the article.
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X-ray scattering structural analysis

Detailed structural characterization of Nylon-11 nanofibers has previously been
carried out by us using high-resolution wide-angle X-ray scattering (WAXS).' This X-ray
analysis showed that the orientational order parameter increased as fiber diameter
decreased, especially below ~400 nm. This increased ordering within the nanofibers
comes from the decrease in the average crystal inclination angle upon shrinking fiber
diameter, meaning the crystallites within the fibers were increasingly aligned along the
fiber axis as diameter was reduced. Bulk Nylon-11, on the other hand, does not exhibit
any preferred orientation. The crystallite size along the fiber axis was also shown to
quickly increase when the nanofiber diameter shrank below ~200 nm, a similar critical
size as seen from the perspectives of the thermal and mechanical properties. The
crystallite size along the fiber axial direction was determined to be 10.5 + 0.5 nm for
~200 nm nanofibers.' The crystallite size perpendicular to the fiber axis, however, was
approximately constant. Furthermore, crystallinity of the nanofibers was nearly constant

at 36% over the entire measured diameter range.



As fiber crystallinity is nearly constant while the crystallites elongate when the
fiber diameter decreases, some crystalline lamellae must have merged to form larger
crystals. This suggests that the average spacing between neighboring crystallites along
the axial direction could have been decreased. To reveal this, we have utilized small-
angle X-ray scattering (SAXS). As shown in Figure S1, from the fitting of the
Lorentzian-shaped diffraction peak (0. 70 nm™), we can determine the spacing between
neighboring crystallites along the axial direction to be about 9.0 nm for 200 nm
nanofibers. Importantly, this spacing is very close to the (010) crystallite size determined
from the WAXS experiment (10.5 £ 0.5 nm for ~200 nm nanofibers), which indicates

that the crystallites are nearly in touch with each other along the axial direction.
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Supplementary Figure S1: Small-angle X-ray scattering (SAXS) results of ~200 nm
diameter Nylon-11 nanofibers. (a) SAXS patterns from uniaxially aligned nanofibers of
diameter of 200 nm. (b) Intensity line (intensity vs. ¢) cuts along the (010) direction (b*

axis), which is used to calculate the average distance between two neighbouring crystals

among the fiber axis (determined to be 9.0 nm).



Supplementary Figure S2: (a) Nanofiber strain measurement. During each loading, in
addition to the cantilever deflection, the fiber length is measured and converted to applied
strain. (b) Cantilever deflection during elastic modulus measurement. The nanofiber is
attached to the edge of an AFM cantilever and pulled. The measured deflection is

converted to applied stress on the fiber for each loading step.
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Supplementary Figure S3: Engineering stress-strain curve for single (a) ~200 nm and (b)

~160 nm diameter nanofibers. The measured cantilever deflection and fiber length are
converted to stress and strain for each fiber. The slope of the linear portion of the stress-
strain curve (usually less than 6-8% strain) is the nanofiber elastic modulus. Since the
measurement was done quickly (within ~1 minute), the modulus can be considered
instantaneous. Dashed red lines represent upper and lower bounds of the linear portion of

the stress-strain curve, respectively.
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Supplementary Figure S4: Applied force during time-dependent relaxation tests. The
applied force in all relaxation tests was on the order of uN. The degree of force relaxation
is independent of initial applied force or strain on the fiber and depends only on the

diameter of the nanofiber.
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Supplementary Figure S5: Control relaxation test using a 50 nm diameter Si nanowire.
The stress relaxation measurement was also done on a Si nanowire to rule out the
possibility of the cantilever being the source of the measured stress relaxation. Since Si
should not experience any relaxation, just such expected behavior is observed and the

modulus consistent with bulk Si (blue band).?
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Supplementary Figure S6: Deviation of the cantilever deflection during Si nanowire
stress relaxation test. The cantilever deflection is approximately constant over the

measured time period indicating no stress relaxation from the cantilever itself.
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Supplementary Figure S7: Full stress relaxation versus initial applied stress. The amount
of relaxation is strongly dependent on the diameter of the nanofiber and not on the initial
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Supplementary Table S1: Nanofiber relaxation conditions and measured properties

D (nm) o, (MPa) g, (%) Relaxation (%) E,, (GPa) 7 (min)
516 23.7 3 0.43 0.79 N/A
508 13.7 1.5 0.36 0.91 N/A
352 101.6 4 8.24 2.54 13.8
221 107.5 3.5 235 3.07 6.17
197 93.0 2.5 15.0 3.72 4.60
131 348.0 7 28.4 4.65 4.29
72 346.0 2 32.9 17.3 4.83
65 435.0 3 36.2 14.5 5.97
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