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Abstract 

Air plasma sprayed (APS) thermal barrier coatings (TBCs) are used to provide thermal 

insulation for the hottest components in gas turbines. Zirconia stabilized with 7wt% yttria 

(7YSZ) is the most common ceramic top coat used for turbine blades. The 7YSZ coating can 

be degraded from the buildup of fly-ash deposits created in the power-generation process. 

Fly ash from an integrated gasification combined cycle (IGCC) system can result from coal-

based syngas. TBCs are also exposed to harsh gas environments containing CO2, SO2, and 

steam. Degradation from the combined effects of fly ash and harsh gas atmospheres has the 

potential to severely limit TBC lifetimes. The main objective of this study was to use lab-

scale testing to systematically elucidate the interplay between prototypical deposit 

chemistries (i.e., ash and its constituents, K2SO4, and FeS) and environmental oxidants (i.e., 

O2, H2O and CO2) on the degradation behavior of advanced TBC systems. Several 

mechanisms of early TBC failure were identified, as were the specific fly-ash constituents 

responsible for degradation. The reactivity of MCrAlY bondcoats used in TBC systems was 

also investigated. The specific roles of oxide and sulfate components were assessed, 

together with the complex interplay between gas composition, deposit chemistry and alloy 

reactivity. Bondcoat composition design strategies to mitigate corrosion were established, 

particularly with regard to controlling phase constitution and the amount of reactive 

elements the bondcoat contains in order to achieve optimal corrosion resistance. 
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1 Background 

1.1 IGCC Process and fly-ash deposits 

The large-scale use of coal in generating electricity has led to the development of 
technologies that can improve efficiency and cleanliness of using coal-derived fuels [1]. 
Integrated gasification combined cycle (IGCC) plants are being developed to reduce 
emissions compared to conventional coal-fired power plants and still operate with 
comparable efficiencies [2, 3]. These plants convert coal or a combination of coal+biomass 
into a synthetic gas (syngas) fuel containing varying amounts of H2 and CO, which is 
cleaned and burned in a combustion turbine to create electricity [4]. The advantages of this 
process include flexibility in fuel source, low emissions, and efficient CO2 capture. During 
the IGCC process, turbine components are subjected to harsh gas atmospheres containing 
CO2, SO2, and steam at high temperatures. The degradation of turbine components in these 
atmospheres can be enhanced by the deposit of fly-ash which is comprised primarily of 
silica (SiO2), alumina (Al2O3), and calcia (CaO) as well as iron oxide (Fe2O3) and magnesia 
(MgO) [5]. In addition to the oxide components, fly-ash typically contains impurities of 
K2SO4 and Na2SO4 from the coal or biomass fuel source, and FeS from the interaction of SO2 
with metallic components in the system [6]. The degradation of turbine components from 
the combined effects of harsh gas atmospheres and fly-ash deposits at temperatures in the 
range of 900-1100°C are not well understood.   

The main components of an IGCC plant are shown in Figure 1. The majority of 
electricity is produced by the combustion turbine. Overall plant efficiency is improved by 
utilizing heat from the combustion turbine and from the gasifier to produce additional 
electricity in a heat recovery steam generator [7]. One primary advantage of this process is 
that the syngas is cleaned prior to combustion. This is done at relatively low temperatures, 
and can be done more efficiently than a conventional pulverized coal plant [8, 9]. Some fly-
ash, however, can still exist in the gas turbine. The sources of this fly-ash can be small 
amounts from the coal that did not get filtered out before combustion. Fly-ash deposits can 
also be generated from interaction of turbine gases with upstream components in the 
system [10]. The largest source of fly-ash in IGCC systems, however, is typically from 
ambient air passing through the turbine [11]. The exact composition of fly-ash will vary as 
the relative ratios of oxides and the other components change based on geography as well 
as fuel source (type of coal, biomass, etc). Combustion of bituminous and anthracite coal, 
for example, tend to produce fly-ash with higher levels of SiO2 and Al2O3. Fly-ash from 
subbituminous and lignite coals, in contrast, are more likely to contain relatively higher 
levels of CaO. Regardless of specific composition, the primary components of fly-ash are 
always SiO2, Al2O3, Fe2O3, and CaO [5].   
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Figure 1: Schematic of IGCC system. Coal-based syngas is cleaned and burned in the 
combustion turbine [12]. 
  

1.2 TBC Systems used in gas turbines 

Since the inception of gas turbines, the need for higher efficiency has prompted a 
continuous increase of operating temperatures, eventually exceeding the capabilities of the 
metallic materials typically used as structural components. This has led to the development 
of Thermal Barrier Coatings (TBCs) [13, 14], which consist of a ceramic topcoat and a metal 
bondcoat applied to a single-crystal, nickel-base superalloy substrate (Figure 2a). The γ-γ’ 
superalloy is designed to withstand creep and fatigue in a temperature range extending to 
about 1000 °C. Good mechanical properties are obtained from both precipitation of 
cuboidal γ’-Ni3Al and solid-solution strengthening of the γ-Ni matrix [15]. Alloy 
compositions associated with this microstructure do not impart, however, satisfactory 
corrosion resistance at high temperatures, mainly due to the relatively low aluminum 
content (5-6 wt. %) and to the presence of refractory elements such as molybdenum or 
tungsten. 

Protection against corrosion in the harsh turbine environments relies on the 
formation of an Al2O3 scale by selective oxidation of the aluminum contained in the 
bondcoat. Maintaining a compact and adherent thermally grown oxide (TGO) also 
facilitates the junction between the metal substrate and the ceramic topcoat, which have 
limited compatibility in terms of thermal expansion. Two main types of bondcoat are 
currently used: Pt-modified β-NiAl and γ-γ’ coatings, obtained by aluminization or Pt 
deposition followed by a diffusion heat treatment, are mostly found in aero engines; β-γ 
MCrAlY (M=Ni,Co) coatings, elaborated by plasma spray or electrodeposition, are 
commonly used in land-based turbines. Figure 2b shows a typical MCrAlY overlay 
bondcoat, where the Al-rich β phase (darker) acts as an Al reservoir to form Al2O3 [16]. 
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Figure 2: (a) Schematic of a thermal barrier coating showing the four different layers [17]. 
(b) SEM micrographs showing different regions of typical air plasma sprayed TBC. The 
darker (β) phase in the two-phase bond coat is responsible for alumina scale growth. 
 

Beyond corrosion related issues, maximal temperatures encountered in service 
possibly exceed the γ’ solvus in the superalloy (~ 1200 °C), which threatens the integrity of 
the structural component. Associated with internal cooling, the ceramic topcoat provides 
the thermal gradient necessary to protect the substrate, lowering the metal temperature by 
100-150 °C [18]. This top coat is typically made from zirconia (ZrO2) that is stabilized with 
yttria (Y2O3). Yttria stabilized zirconia (YSZ) has been widely used because of the low 
thermal conductivity of ZrO2 (shown in Figure 3a), a relatively high coefficient of thermal 
expansion (CTE), excellent adhesion to the Al2O3 layer, and high strain tolerance [14, 16, 
19]. Two types of TBCs are used depending on the method of top coat deposition: electron 
beam physical vapor deposition (EB-PVD) or air plasma spray (APS). EB-PVD top coating 
can be deposited on overlay or diffusion bond coats, and are primarily used in jet engines. 
They are characterized by distinct vertical columns that exhibit excellent strain tolerance in 
thermal cycling [20]. APS coatings are deposited on overlay bond coats. They are typically 
characterized by horizontal splats that form as molten YSZ cools and solidifies after 
deposition. The conventional splat morphology, as shown in Figure 2b, provides APS TBCs 
with lower thermal conductivity than EB-PVD TBCs at the expense of reduced strain 
tolerance [21]. A variant of the APS top coat is the dense vertically cracked (DVC) top coat 
which incorporates large intentional cracks to impart enhanced strain tolerance while 
retaining the relatively lower thermal conductivity of an APS coating. Both types of APS 
TBCs are primarily used in land-based turbines for power generation because of a relatively 
lower cost and the ability to coat large components [17].  

A portion of the zirconia-yttria phase diagram is shown in Figure 3b. Pure zirconia 
can exist in three phases: monoclinic, tetragonal, and cubic. The cubic phase that is 

(a) 

(b) 
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obtained with high amounts of Y2O3 has low fracture toughness and is not suitable for TBCs 
that experience thermal cycling [16]. The equilibrium tetragonal phase would be suitable 
for TBC application, but it is subject to a transformation to monoclinic upon cooling. This 
transformation is undesirable because it undergoes a volume expansion (~3-4%) that 
causes cracking and eventually TBC spallation [22]. For this reason, there is a desire to 
retain (or stabilize) the tetragonal phase at all temperatures. When a composition of 
approximately 7wt% Y2O3 (7YSZ) is rapidly deposited using either APS or EB-PVD methods, 
a metastable tetragonal phase (commonly referred to as t’) is formed at room temperature. 
When this t’ phase is heated into the two phase (t+c) region it is thermodynamically driven 
to separate into equilibrium tetragonal and cubic phases. This phase separation, however, is 
kinetically limited due to the extremely slow diffusion of cations in ZrO2. Thus the t’ phase 
is retained at all temperatures up to around 1200°C, making it ideal for TBCs in this 
temperature range. The driving force for phase separation above 1200°C leads to 
degradation of the TBC at these higher temperatures, and new materials will be required as 
these temperatures are realized in the future [16]. However, 7YSZ is currently the most 
commonly used material for TBCs at operating temperatures ≤1200°C.  

 
 
 

Figure 3: Properties of zirconia. (a) Its low thermal conductivity makes it an excellent TBC 
top coat material. (b) A portion of the ZrO2-Y2O3 phase diagram shows three possible 
phases of zirconia. Stabilization of the tetragonal phase with ~7wt. % Y2O3 (roughly 7-8 
mol % YO1.5) improves fracture toughness, leading to (c) increased lifetime in thermal 
cycling [23]. 

 
Failure mechanisms can vary for APS and EB-PVD TBCs due to the different top coat 

and bond coat structures [19, 24]. The stress state generally changes in the top coat with 
temperature. The difference in coefficient of thermal expansion (CTE) between the top coat 

(a) (b) 

(c) 
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and the substrate causes in-plane compressive stress in the YSZ when the TBC is cooled 
down from the top coat deposition [19]. Some viscoelastic deformation of the bond coat 
typically occurs to relieve a portion of this stress. The stresses are the greatest at this 
YSZ/bond coat interface where the surface is rumpled. Failure is typically associated with 
TGO growth and usually occurs at or near the TGO [18]. TBC lifetime depends on factors 
such as maximum operating temperatures, temperature gradients experienced in 
operations, thermal cycling, and deposit-induced attack [19]. TBCs typically fail when 
cracks form and propagate in the top coat, causing the YSZ to delaminate and spall off. Since 
the TBC is not self-healing, once the spalling has occurred the life of the TBC is over [20]. 
Turbine components, however, could be left in service after top coat delamination; this 
would expose the underlying bond coat to the harsh operating temperatures (and 
potentially to the buildup of deposits) before the failed TBC is replaced.  

TBC failure is classified into two broad categories: intrinsic mechanisms that arise 
from factors within the TBC system, and extrinsic mechanisms that arise from external 
factors [25]. Intrinsic failure can originate from strain misfits between TBC layers during 
changes in temperature and can be affected by impurities in the TBC [25]. Cracking in the 
top coat typically originates at imperfections or defects and propagates during thermal 
cycling. Extrinsic failure mechanisms result from the top coat being damaged by elements 
outside the TBC system. These types of failures are inherently different from intrinsic 
failure mechanisms in that they result from a “top-down” attack that originates on the TBC 
top coat, rather than a delamination originating from within the TBC [25]. Failure due to 
extrinsic mechanisms can dramatically shorten the lifetime of TBCs. This type of failure 
generally falls into two categories: erosion or foreign object damage (FOD), and infiltration 
of molten deposit into the YSZ [26, 27]. Erosion is the result of foreign particles like sand or 
particles that have broken loose from other components in the system. These particles hit 
the YSZ and cause small cracks that propagate near the surface leading to delamination. 
FOD failure is similar to erosion except that is generally involves larger objects [28]. 

TBCs are often exposed to deposit-induced attack which involves calcia-magnesia-
alumina-silicates (CMAS) [29, 30]. At very high temperatures (>1250°C), these types of 
deposits melt and the liquid melt infiltrates the porous YSZ causing early TBC failure. The 
damage caused by this CMAS infiltration is generally classified into two categories: thermo-
chemical effects and thermo-mechanical effects [31, 32]. Thermo-chemical effects typically 
involve a chemical interaction between the melt and the YSZ that changes the 7YSZ 
structure. In some cases, the molten CMAS can melt the YSZ and re-precipitate it with a 
different composition (less Y2O3) that causes destabilization of the t’ phase [33]. This is also 
characterized by a drastically different morphology that does not resemble either 
horizontal splats (in APS) or columns (in EB-PVD), but rather “globules” of YSZ that are 
surrounded by solidified CMAS melt [32, 34]. The solubility of YSZ in molten CMAS depends 
on the ratio of oxides in the deposit, and in some cases the CMAS melt does not dissolve 
YSZ. The liquid CMAS does, however, infiltrate the YSZ where it changes the overall 
mechanical properties of the top coat. These thermo-mechanical effects can lead to 
dramatic changes in elastic modulus and strain tolerance [5, 31]. The resulting stress can 
cause cracking and spallation within the top coat. This is often characterized by cracking in 
the middle of the top coat itself, rather than at the YSZ/bond coat interface.    

One aspect of laboratory CMAS studies that is not often discussed in the literature is 
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the effect of sulfates (Na2SO4 and K2SO4) that are almost always found in such deposits. At 
very high temperatures where CMAS deposits become molten (>1250°C), these minor 
constituents would volatilize quickly and therefore are typically not considered. However, 
at lower temperatures (900-1100°C) liquid sulfates are more likely to cause detrimental 
effects on the TBC. Previous studies have found that exposure to Na2SO4 do not degrade 
7YSZ [35]. The presence of V2O5, however, is well-known to leach Y2O3 from the YSZ with 
the formation of YVO4 which cause destabilization of the t’ phase [36]. This destabilization 
is accelerated in an SO2-SO3 containing atmosphere. The formation of YVO4 is further 
enhanced by exposure to Na2SO4 in addition to V2O5 because of the formation of NaVO3, 
which reacts with Y2O3 more readily to form YVO4 [37].   

Early TBC failure can also be affected by different gas environments. The YSZ top coat 
is known to be susceptible to early spallation caused by moisture in the atmosphere [38]. 
Two types of moisture-induced failure have been widely reported. A very rapid 
delamination of the YSZ top coat has been identified upon application of water droplets at 
room temperature on TBCs that had been subjected to thermal cycling [39]. This moisture-
induced delayed spallation (MIDS) is attributed to water molecules adsorbing on the TBC 
near a crack at the YSZ/TGO interface. The adsorbed molecules disassociate into OH- ions 
that react with the TGO, and H+ ions that diffuse into the metal. The H+ ions then travel into 
the crack where they induce crack propagation at the scale/metal interface that leads to 
delamination of the top coat [38, 39, 40]. Another moisture-induced early failure 
mechanism in TBCs occurring around 200-400°C is commonly referred to as low 
temperature degradation (LTD) [22, 41]. This mechanism involves OH- ions diffusing 
through the YSZ lattice where they annihilate oxygen vacancies. These vacancies, that were 
created when the Y3+ ions replaced the Z4+ ions on the YSZ lattice, are responsible for the 
slow cation diffusion in the YSZ. The annihilation of these sites allowed for phase 
separation into equilibrium cubic and tetragonal phases, and the subsequent 
transformation to monoclinic that leads to early failure [42].  

Microstructural evolutions occur in the bondcoat due to both Al removal from the 
subsurface by selective oxidation, and interdiffusion with the superalloy substrate, driven 
by differences in chemical potentials. Stress caused by thermal cycling may cause spallation 
of the Al2O3 scale, exposing an Al-depleted surface. This will eventually result in the rapid 
formation of nickel or cobalt oxides, or breakaway, when the surface Al content is too low 
for a new Al2O3 layer to form. 
 The oxidation behavior is influenced by the presence of secondary oxidants in the gas 
atmosphere in a variety of ways. Carburization strongly affects Cr2O3-forming alloys, and 
accelerates the onset of breakaway even at the low carbon activities typical of CO2-rich 
combustion gases [43]. However, Al2O3 is a better barrier to carbon than Cr2O3, and 
provides efficient protection against carburization [44]. Water vapor poses an important 
threat to Cr2O3-formers, mostly because of significant Cr2O3 volatilization in the presence of 
H2O [45, 46, 47]. The partial pressure of aluminum hydrate is low, and Al2O3 evaporation is 
unimportant at the temperatures of interest [48]. If no significant effect of water vapor is 
reported in isothermal conditions, Al2O3 spallation during thermal cycling is greatly 
enhanced in the presence of H2O [49, 50]. 

Additional modes of degradation may occur if the YSZ topcoat is removed or 
otherwise allows condensed species present in the environment to access the bondcoat. In 
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particular, hot corrosion is a potentially severe form of accelerated attack by molten 
sulfates, and has long been recognized as an important concern in the operation of gas 
turbines for aircraft or marine propulsion [51, 52]. Mechanistic aspects of the corrosion 
process, as well as alloy and coating compositional factors and mitigation strategies, have 
been described in several reviews [53, 54, 55, 56, 57]. Two temperature regimes are 
distinguished based on the melting point of the deposited sulfate, typically Na2SO4 (Tm = 
884 °C): type I at temperatures above Tm, and type II below Tm. In type II conditions, a 
minimum amount of SO3 is required in the gas to stabilize the sulfate of an alloy constituent 
(typically Ni or Co) and produce a low melting mixture with Na2SO4. No hot corrosion is 
expected below the eutectic temperature (e.g., Te (Na2SO4-NiSO4) = 671 °C, Te (Na2SO4-
CoSO4) = 565 °C). Conversely, sulfates evaporate rapidly at elevated temperatures, such that 
dry corrosion prevails above about 1000 °C. Essentially, hot corrosion occurs as oxides 
which would otherwise form compact scales on an alloy surface are dissolved in the molten 
salt. Depending on the particular conditions, both Al2O3 and Cr2O3-forming alloys are 
potentially affected. Understanding the effect of alloying elements and designing resistant 
alloys are made difficult by the extreme complexity of the reaction mechanisms involved; 
however, empirical evidence shows that good resistance is reached by MCrAlY alloys with 
high chromium contents [55]. 
 Hot corrosion is concerned with degradation of the bondcoat material from sulfates at 
temperatures in the range of 700-900°C, whereas CMAS is concerned with degradation of 
YSZ from silicates at temperatures around 1200-1300°C. The scope of this work is to 
examine the degradation of both top coat and bondcoat at temperatures around 1000-
1100°C. Fly-ash degradation, as shown in Figure 4 compared to CMAS and hot corrosion, 
can involve damage from all constituents of the deposit (oxides and sulfates) at these 
intermediate temperatures.  
 

 

Figure 4: Fly-ash corrosion compared to CMAS and hot corrosion. 
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2 Materials and Experimental Methods 

2.1 Top coats 

Testing was conducted on the two different types of APS TBCs provided by Praxair 
Surface Technologies shown in Figure 5. Nominal densities for DVC and HPLD coatings 
were 92% theoretical density (T.D.) and 85% T.D., respectively. Both top coats were 
deposited to a thickness of 15 mils onto dual layer NiCoCrAlY overlay bond coats of 
thickness of 7-8 mils.  All top coats were made from high purity YSZ. Previous studies have 
shown that these high purity TBCs exhibited excellent resistance to sintering and phase 
separation at operating temperatures around 1100°C [58]. This was accomplished by 
controlling impurities such as silica and alumina in the YSZ powder during manufacturing 
[59]. The HPLD TBCs are characterized by the horizontal splat morphology, and the DVC top 
coats exhibit vertical cracks in the relatively dense YSZ. Figure 5 shows the TBCs in the as-
processed condition, and the TGO formed between the top two layers in processing is 
virtually indistinguishable at this magnification. This TGO layer thickens at high 
temperatures, as can be seen in later Figures. Both types of TBCs are deposited on 2nd 
generation nickel-based superalloys. Two different substrate alloys were used (PWA1484 
and Rene N5) that were specifically chosen because they are commonly used in turbine 
blade manufacturing. These two superalloys were also very similar in composition, and 
therefore any effects of the substrate (such as interdiffusion with the bond coat) would be 
very similar for the two different TBCs. 

Free-standing DVC specimens were also used for testing. The purpose of testing with 
free-standing YSZ was to examine chemical interaction with fly-ash deposits before testing 
with complete TBC systems. Mechanical testing (3-pt. bend test) could also be done on free-
standing samples to examine overall effects of fly-ash on top coat properties (elastic 
modulus, coefficient of thermal expansion).   
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Figure 5: Two types of air plasma sprayed 7YSZ top coats used for testing in the study. (a) 
Conventional high-purity low-density top coats, and (b) Dense vertically cracked top coats.  

2.2 Bondcoats 

Corrosion of the bondcoat material was studied using cast NiCoCrAlY alloys. All ingots 
were made by argon-arc melting, followed by drop casting into 10 mm diameter rods that 
were then homogeneized in vacuum for 6 h at 1200 °C plus another 48 h at 1150 °C. All 
processing was conducted at the Materials Preparation Center of the Ames Laboratory [60]. 
A series of six model alloys were prepared with a constant 30 at. % Co and systematically 
varied Al and Cr contents. As shown in Figure 6, these alloys have relatively low Al and high 
Cr, which places them in the γ-rich part of the β-γ two-phase field at 1100 °C; small 
amounts of σ were present in the alloys with the highest Cr contents. Phase compositions 
and fractions measured after 50 h annealing at 1100 °C are given in Table 1. These γ-rich 
compositions were chosen to ensure good resistance to hot corrosion, on the basis of 
preliminary results. A cast version of Ni-19Co-15Cr-24Al (all alloy compositions are in 
at. %), a more typical bondcoat composition used in TBC systems, was also made to provide 
a baseline for comparison. Two variants with slightly different Y contents, 0.1 and 0.3 at. %, 
were used in order to evaluate the importance of controlling the amount of reactive 
elements in industrially processed coatings. The microstructures of the γ-rich and β-rich 
alloys at 1100 °C are shown in Figures 7 and 8, respectively. Bright yttrium-rich 
intermetallics are seen to be present in greater fraction in the higher Y version of the β-rich 
alloy. Little or no yttrides precipitated in the γ-rich alloys, probably reflecting a higher 
solubility of Y in γ. 

Specimens approximately 1 mm thick were cut from the heat-treated rods, ground 
using SiC paper to a P1200-grit finish, then degreased with detergent and ultrasonically 
cleaned in ethanol before exposure. 

(a) (b) 
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# Ni Co Cr Al Y 

1 42 19 15 24 0.28 

2 42 19 15 24 0.1 

3 31 30 27 12 0.1 

4 28 30 30 12 0.1 

5 25 30 33 12 0.1 

6 27 30 27 16 0.1 

7 24 30 30 16 0.1 

8 21 30 33 16 0.1 
 

 
Figure 6: Nominal composition (at. %) of the NiCoCrAlY alloys and isotherm (1100 °C) 
isopleth (xCo=0.3) pseudo-ternary section of the NiCoCrAl phase diagram, calculated using 
Thermo-Calc [61] and the NIST 2000 Superalloy database [62] (from X. Liu and Z.-K. Liu, 
Pennsylvania State University). Alloy compositions are indicated with red markers. The Ni-
19Co-15Cr-24Al alloy is slightly off-plane, as is contains less Co than the isopleth value. 
 
 
Table 1: Measured phase compositions (SEM-EDS) and phase fractions (image analysis) of 
the γ-rich alloys used in this work after 50 h heat treatment at 1100 °C. Measurements 
were done away from the specimen surfaces to avoid oxidation-induced microstructural 
evolutions. 
 

# γ 
     

β 
     

σ 
    

 
at. % 

 
vol. % 

 
at. % 

 
vol. % 

 
at. % 

 
vol. % 

 
Ni Co Cr Al 

  
Ni Co Cr Al 

  
Ni Co Cr Al 

 
3 29.1 31.7 29.5 9.7 87 

 
40.1 17.3 9.7 33.0 13 

      
4 26.0 32.4 33.2 8.5 84 

 
37.9 18.3 11.5 32.3 16 

      
5 22.3 32.0 37.5 8.2 81 

 
34.3 18.8 13.6 33.3 18 

 
10.8 27.8 58.1 3.3 1.0 

6 22.4 34.4 34.8 8.4 66 
 

34.7 20.6 11.6 33.1 34 
      

7 19.9 34.9 37.3 7.8 59 
 

32.1 21.7 13.9 32.4 40 
 

9.6 29.5 57.5 3.3 1.6 

8 18.4 36.6 37.4 7.6 36 
 

30.6 23.2 14.2 32.0 42 
 

8.9 30.5 57.2 3.3 22 
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Figure 7: Microstructure of the γ-rich Ni-30Co-xCr-yAl-0.1Y alloys, observed by SEM after 
50 h annealing at 1100 °C. (a) 27Cr-16Al; (b) 30Cr-16Al; (c) 33Cr-16Al; (d) 27Cr-12Al; (e) 
30Cr-12Al; (d) 33Cr-12Al. 
 
 

  
Figure 8: Microstructure of the β-rich Ni-19Co-15Cr-24Al-zY alloys, observed by SEM after 
50 h annealing at 1100 °C. (a) 0.1 Y; (b) 0.3 Y. 

2.3 Experiments 

Two different horizontal tube furnaces were used in the configuration described in 
Figure 9 for testing of free-standing YSZ and complete TBC systems. A Thermo Scientific 
three zone furnace was used for isothermal exposures at 1100°C, and an Applied Test 
Systems (ATS) single zone furnace was used for cyclic exposures between 1100°C (45 
minutes) and 160°C (15 minutes).  Both furnaces were capable of maintaining gas 
atmospheres containing dry air, CO2, SO2, or steam by using glass end caps that were sealed 
to both ends of the furnace tubes.  Samples traveled horizontally using a magnet outside of 
the glass end cap that forced a metal slug to move the sample rod. The opposite end of the 
sample rod was attached to the sample holder (alumina boat) with Kanthal wire. Moving 
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samples with a magnet was done manually for the isothermal furnace. The cyclic apparatus 
utilized a ball nut that traveled along a rotating ball screw to move the magnet. This was 
operated automatically using a programmable controller.    

Steam containing atmospheres were achieved using a water bath with bubbler 
followed by a condenser. The reaction gas passing through the bubbler submersed in a 
water bath would absorb an amount of steam that depended on the temperature. For 
atmospheres containing 20% steam, a temperature of 60°C was desired. The water bath, 
however, would be set at 62°C, in order to slightly over-saturate the gas. This over-
saturated gas would then travel through the condenser that was maintained at the desired 
temperature of 60°C. The main advantage of this process was that the condensation of 
excess steam could be monitored on the walls of the condenser in order to verify the steam 
content was accurate. The gas, now containing the appropriate amount of steam, would be 
flowed to the reaction furnace using copper tubing that was wrapped in heat tape to avoid 
condensation of steam before reaching the reaction tube. 

Thermal cycling in the horizontal tube furnace was done with three complete TBCs at 
a time. This was determined to be the maximum number of TBCs that could reasonably fit 
in the hot zone of the furnace, and also the maximum number that could be reliably cycled 
with the magnetic system given the weight of each sample. TBCs were subjected to the 
same gas atmosphere in the reaction zone as they were outside the furnace. The end cap 
would typically be open and TBCs exposed to lab air every 160 cycles in order to inspect 
the experimental setup and maintain the integrity of the sample holder and rod. Thorough 
inspection of TBCs could also be done to determine failure. Samples would also be 
monitored by inspection through the clear end cap while the samples were cycled out of the 
furnace. Partial spallation of YSZ top coat was often observed, but complete TBC failure was 
determined when the entire top coat (or what was left after partial spallation) delaminated 
from the substrate.    

Thermal cycling in lab air was done with a bottom loading CM furnace. Thermal cycles 
in the bottom loading furnace consist of a 10 minute ramp to 1100°C, followed by a 45 
minute hold at 1100°C, and then a 10 minute cooling period in forced air to 60°C. This 
testing cycle represents a more harsh thermal cycle compared to thermal cycling in the 
horizontal tube furnace because the temperature change is both greater in magnitude and 
more rapid. The disadvantage, however, is that the gas atmosphere cannot be controlled.  
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Figure 9: Experimental setup for cyclic and isothermal experiments in horizontal tube 
furnace capable of controlled gas atmospheres. 
 

Fly-ash was deposited on the top surface of all samples before thermal exposure. This 
was done by mixing a deposit with ethanol to create a slurry. The slurry would then be 
applied to the sample with a dropper and allowed to dry. Samples would be weighed before 
and after slurry application to ensure that a deposit loading of 35±5 mg/cm2 was achieved. 
In some cases synthetic fly-ash was also ball milled before reaction with YSZ to obtain 
smaller, more uniform particle distribution. Experiments were done to examine the effects 
of the ball milling process on reaction with YSZ, and no effect of the ball milling was 
observed. Ball milling was not determined to be an important factor in the observed 
reaction products, and was not considered any further.   

Model fly-ash deposits were prepared by mixing oxide and sulfate powders in the 
desired proportions, and crushing the mixtures using a mortar and pestle. Free-standing 
YSZ was reacted with three synthetic ash mixtures of the same composition: 1. Synthetic 
ash that was not heat treated prior to exposure, 2. Synthetic ash that was heat-treated at 
1200°C before exposure, and 3. Synthetic ash that was melted at 1500°C and then crushed 
into a powder before exposure. The reaction product shown in Figure 14b was formed with 
the heat treated (1200°C) ash. Figure 10 shows the reaction layers formed during exposure 
to the other two high-CaO synthetic ashes. The same reaction layer was formed in all three 
exposures. This provided important verification of the synthetic ash mixture being used 
was representative of a fully melted oxide mixture that would be similar to an actual fly-ash, 
and heat treatment did not affect the formation of the CaZrO3 layer. All other exposures 
with YSZ and complete TBCs were done with pre-heat treated (1200°C) synthetic ash.  
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Figure 10: Free-standing YSZ was reacted with (a) pre-melted fused ash, and (b) individual 
oxide powders that were mixed together and not heat-treated, in dry air for 72 hours at 
1100°C. 

 
Isothermal testing of the bondcoat materials was conducted in a one-zone, horizontal 

furnace from Thermo Scientific. The same methods as described above were used to 
generate and flow controlled gas atmospheres, to move samples horizontally in and out of 
the furnace hot zone, and to apply deposits on the samples. Model fly-ash deposits were 
prepared using the same technique described for the free-standing YSZ and complete TBC 
samples. Figure 11 shows the corrosion products obtained after reaction of the γ-rich alloy 
Ni-30Co-30Cr-12Al-0.1Y with a commercial class C fly ash from a conventional coal-fired 
power plant (Scherer, GA) described in Table 2, and a model ash mixture of the same 
composition. The corrosion products, which will be described in detail in Section 3.2.2, do 
not present any significant difference. This justifies the use of model ash mixtures to 
simulate fly ash corrosion. 

Corrosion experiments were performed at 900 and 1100 °C in flowing gas mixtures of 
the following compositions (vol. %): N2-21O2 (dry air), CO2-20H2O, CO2-20H2O-1.6O2, and 
O2-0.1SO2. Linear gas flow rates were about 2 mm s-1 at reaction temperature, with a total 
pressure slightly over 1 atm. The O2-SO2 mixture was passed through a Pt honeycomb 
catalyst located directly upstream of the specimens in the hot zone, allowing the otherwise 
sluggish reaction 

SO2 +
1

2
O2 = SO3 (1) 

to proceed. 
 
 

Table 2: Composition of Class C Fly-Ash (wt%) 
 
 
 
 
 

 CaO SiO2 Al2O3 Fe2O3 MgO Na2SO4 K2SO4 
Wt% 33.4 26.4 20.1 6.1 8.0 5.2 0.7 

a b 
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Figure 11: Reaction morphology observed after 50 h exposure of the γ-rich Ni-30Co-30Cr-
12Al-0.1Y alloy with (a) commercial and (b) model class C fly ash in CO2-20H2O at 1100 °C. 
Ash composition (wt. %): 26SiO2, 20Al2O3, 34CaO, 6Fe2O3, 8MgO, 5Na2SO4, 1K2SO4. 
 

2.4 Characterization Techniques 

After reaction, samples were mounted, cut, and polished to 1 μm using oil-based 
products to avoid the loss of any water-soluble products. Polished cross sections were 
examined using a JEOL model JSM6510 scanning electron microscope (SEM). The SEM was 
equipped with electron dispersive x-ray spectroscopy (EDS) for elemental analysis. EDS 
was capable of obtaining spectra in specific locations as well as elemental mapping over 
larger regions. SEM micrographs were primarily used to characterize oxide scale formation 
and TBC failure. In some cases, Raman spectroscopy was also used on mounted TBC 
specimens to identify YSZ phases. The cubic, tetragonal, and monoclinic phases each have 
unique Raman spectra [63]. The occurrence of these different peaks can be used to 
determine the presence of each phase. Similarly, oxidized surfaces were examined by 
photo-stimulated luminescence spectroscopy, which allows γ, θ and α polymorphs of Al2O3 
to be distinguished [64], using a 633 nm HeNe laser in a Renishaw inVia Raman 
microscope.  

The elastic modulus of free-standing YSZ was determined using three point bend 
testing. Testing was done with YSZ samples (1”x.25”x.03”) that had been heat treated for 72 
hours. A total of 8 samples were tested: 4 that were heat treated without deposit, and 4 that 
were reacted with a synthetic fly-ash deposit. Modulus testing was done by Innovative Test 
Solutions (ITS) in Schenectady, New York.      
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3 Results and Discussion 

3.1 YSZ Top Coat and Complete TBCs 

3.1.1 Reaction between Commercial Fly-Ash and 7YSZ 
 

Free-standing DVC samples were tested with the commercial class C fly-ash. Figure 
12a shows extensive degradation of the YSZ after reaction at 1300°C in dry air. The fly-ash 
was infiltrated with molten ash constituents, and the microstructure of the YSZ was 
completely changed near the surface. The dense YSZ structure was transformed into 
globular regions surrounded by solidified fly-ash.  The Raman spectra shown in Figure 13 
indicate the absence of t’ phase in the globular YSZ. Similar degradation had been 
documented as a result of CMAS melt dissolving the 7YSZ and then re-precipitating globules 
of Y-lean YSZ [34] that transform to monoclinic upon cooling.  

The temperature dependence of the reaction with class C fly-ash and YSZ was studied 
at 1200°C and 1100°C in dry air.  The reaction at 1200°C did not change the overall 
microstructure (like in the globular formation at 1300°C), and thus did not appear to 
involve molten fly-ash penetration into the YSZ.  The exposure resulted in a continuous, 
dense reaction product that varied between 5 and 10 microns in thickness and did not 
infiltrate significantly into the smaller cracks and pores. This complex reaction layer shown 
in Figure 12b contained a number of ash constituents but consisted predominantly of Ca, Si, 
Al, Fe, and Zr.  

Exposure of YSZ to class C ash at 1100°C in dry air is shown in Figure 12c. Unlike the 
1200°C exposure, a continuous reaction layer was not formed at the surface. Examination of 
sub-surface cracks, however, revealed some infiltration of ash constituents in the YSZ 
(indicated by arrows in the Figure). This was the result of some partial melting in the ash. 
All known eutectic compositions between the oxides in the ash are above 1100°C. 
Therefore this liquid formation likely involved minor fly-ash constituents such as Na2SO4 
and K2SO4. EDS analysis indicated that the infiltrated regions contained Ca and Si. (Na and K 
were not observed, and likely would have evaporated at this temperature.) Known 
compounds formed between CaO and SiO2 would not be liquid at 1100°C. This further 
indicated that other constituents were involved in the formation of liquids, and that CaO 
and SiO2 were also important components in the infiltration. These results indicated a need 
to investigate CaO and SiO2 combined with minor constituents such as Na2SO4 and K2SO4, as 
well as a need to control ash compositions by using synthetic fly-ash mixtures. 
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Figure 12: Reaction of commercial Class C fly-ash with free-standing DVC YSZ. (a) At 
1300°C the ash has melted and completely infiltrated the YSZ. (b) At 1200°C the 
degradation was less extensive but a complex reaction layer was formed at the ash/YSZ 
interface. (c) At 1100°C there was no observable reaction layer, but some infiltration was 
observed in small cracks in the YSZ. 
 
 

  

Figure 13: Degradation of free-standing YSZ 
from Class C ash at 1300°C. (a) Degradation 
extends far into the YSZ. (b) Raman scans 
show the loss of metastable t’ phase. (c) 
Reference peaks show the expected peaks for 
different YSZ phases [63]. 
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3.1.2 Reactions with Synthetic Fly-Ash 
  

Synthetic fly-ash mixtures were made with oxides that are predominantly found in fly-
ash (CaO, Al2O3, SiO2, Fe2O3, MgO). The concentration of CaO was systematically varied, 
while the ratios of other oxides were kept constant. These synthetic fly-ash mixtures did 
not contain any minor constituents (Na2SO4, K2SO4, FeS). Two different synthetic fly-ash 
compositions described in Table 3 were reacted with free-standing DVC YSZ for 72 hours at 
1100°C in dry air. The results shown in Figure 14 demonstrated that the low-CaO synthetic 
ash had no effect on the YSZ, whereas the high-CaO ash formed a dense reaction product. 
This product was identified as CaZrO3 using XRD analysis, and this was verified by EDS 
analysis which showed equal molar ratios of Ca and Zr. The phase diagram shown in Figure 
15 also showed formation of CaZrO3 at 1100°C. The reaction layer was continuous along the 
YSZ surface and did not infiltrate into small cracks and pores of the YSZ, indicating that 
there was a solid-state reaction between the ash and YSZ. Further analysis (not shown) 
indicated that its growth was diffusion-controlled and it thickened with parabolic kinetics.  
 
 

Table 3: Two different synthetic ash compositions exposed to YSZ at 1100°C 
 
 
 
 

  

Figure 14: Exposure of free-standing YSZ to two different synthetic ash compositions 
described in Table 4. (a) Low-CaO ash did not react with the YSZ. (b) The arrow indicates a 
dense reaction layer that has formed between the YSZ and a high-CaO synthetic ash. 
 

 CaO SiO2 Al2O3 Fe2O3 MgO 
Low-CaO Ash (Wt%) 10 50 25 10 5 
High-CaO Ash (Wt%) 70 18 9 2 1 

a b 
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Figure 15: Partial phase diagram of the ZrO2-CaO system. Two different compounds are 
possible at 1100°C. 

 
The formation of a CaZrO3 reaction layer on YSZ was the same for exposures with 

pure CaO and those with high-CaO synthetic ash. In both cases, the dense CaZrO3 layer 
sealed the top surface of the YSZ and exhibited no penetration into small cracks below the 
YSZ surface. The consequences of this reaction layer on the overall TBC performance were 
examined in the bottom-loading cyclic furnace. A DVC TBC was reacted with pure CaO 
isothermally at 1100°C in dry air for 72 hours, and a continuous CaZrO3 layer 
(approximately 5μm thick) was formed along the top surface. This TBC was then exposed to 
thermal cycling along with an as-processed TBC. The pre-formed CaZrO3 layer did not cause 
TBC failure before 200 cycles. Figure 16 shows both TBCs after 200 thermal cycles. There 
were no observable differences that resulted from the presence of the reaction layer such as 
excessive cracking in the YSZ, depletion of β phase in the bond coat, or disruption of TGO 
growth. The only effect that the CaZrO3 layer had on the top coat was that some regions had 
broken away from the surface (indicated in the figure by the arrow). This result shows that 
some of the YSZ would be consumed as it was used to form CaZrO3 that spalled from the 
TBC, leaving the top coat somewhat thinner. However, the nature of CaZrO3 kinetics would 
result in minimal loss of YSZ, and thus the existence of the CaZrO3 layer along the top of the 
YSZ was considered relatively harmless to the overall TBC lifetime. 
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Figure 16: (a) Complete DVC TBC that has been thermally cycled in lab air after a CaZrO3 
layer was pre-formed compared to (b) an as-processed TBC that was cycled in the same 
conditions. 
 
3.1.3 Addition of Sulfate to Synthetic Fly-Ash 
 

Detrimental effects of the CaZrO3 layer that would be formed with the high-CaO ash 
(oxides only) were not severe. Actual fly-ash, however, contains sulfates (K2SO4 and Na2SO4) 
from the coal and biomass fuel source as well as FeS from interaction between hot gases 
and metallic components upstream of the turbine. The effects of minor ash constituents 
were examined with the high-CaO synthetic ash. Figure 17 shows the high-CaO ash reaction 
at 1100°C for 72 hours in dry air, before and after addition of 10 wt. % K2SO4. The EDS 
mapping shows the penetration of Ca deep into the YSZ with the addition of K2SO4. The 
K2SO4, which melts at 1084°C, appeared to have infiltrated the YSZ and transported CaO 
into the cracks. Figure 18 shows in more detail the reaction of free-standing DVC YSZ with 
the ash described in Table 4. The liquid penetration filled the small crack tips and open 
pores far beneath the YSZ surface during reaction. This liquid K2SO4 was responsible for 
transporting CaO into these cracks where it formed CaZrO3 in places where it contacted the 
YSZ. 

Additional testing was done with additions of FeS and both FeS+K2SO4. Reactions with 
K2SO4+FeS resulted in the same infiltration as those with only K2SO4, and reactions with 
only FeS did not produce any infiltration. It was concluded that only K2SO4 was necessary 
for the infiltration of CaZrO3 into cracks in the YSZ.  
 

Table 4: High-CaO synthetic fly ash containing 10wt% K2SO4 
 
 
 
 
 

 CaO SiO2 Al2O3 Fe2O3 MgO K2SO4 
Wt% 63 16.2 8.1 1.8 0.9 10 

a b 
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Figure 17: Free-standing YSZ that has been reacted with high-CaO synthetic ash containing 
(a) only oxides and (b) oxides with the addition of K2SO4. 
 

 

Figure 18: YSZ reacted with high-CaO synthetic ash that contains K2SO4 showing extensive 
infiltration of CaZrO3 into cracks and pores. 
 

The only oxide from the synthetic ash that reacted with YSZ was CaO, and this 
reaction was carried into the YSZ with the addition of K2SO4. In order to better understand 
this infiltration, mixtures of only CaO and K2SO4 were reacted with YSZ. Figure 19 shows 
the reaction of a 0.5CaO-0.5K2SO4 (wt. %) deposit with DVC YSZ for two different times. 

a b 
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EDS mapping was used to show relative concentrations of Ca, K, and S at both of these 
times. After a 1 hour exposure, strong signals of all three elements show that liquid K2SO4 
infiltrated much of the YSZ and transported CaO with it. After 70 hours, however, the EDS 
mapping indicated that K2SO4 was almost completely gone and large amounts of Ca were 
retained in the YSZ cracks. Closer SEM analysis indicates that extensive CaZrO3 infiltration 
was responsible for this Ca signal. An important observation here is that the extent of 
CaZrO3 infiltration was the same for similar exposures to high-CaO synthetic ash and 
mixtures of only CaO+K2SO4. The additional oxides in the synthetic ash did not influence the 
CaZrO3 infiltration.  

The mechanism by which liquid K2SO4 transports the CaO into the YSZ was studied 
further with the exposures to CaO+K2SO4 mixtures. The strong K and S signals in EDS 
mapping after the 1 hour exposure showed that the wetting of the small cracks by liquid 
K2SO4 occurred quickly. The occurrence of Ca at the same time shows that some CaO is also 
transported into the YSZ immediately. The CaZrO3 layer was not observed on the YSZ 
surface at this short time, but a product was observed in some of the very small cracks 
inside the YSZ.  This could indicate that the deposit at the surface of the YSZ was initially 
depleted of CaO as it was transported into the cracks. After longer times, more CaO from the 
deposit would reach the surface in great enough concentration that CaZrO3 would form 
both externally and internally to the YSZ.  

The solubility of CaO in liquid K2SO4 reported in the literature is approximately 1-2 
wt. % [65]. This low solubility was confirmed by laboratory experiments, and indicates that 
liquid K2SO4 should not dissolve enough CaO at one time to form the amount of CaZrO3 
found in the 70 hour reaction. This suggests that the extensive CaZrO3 formation observed 
in the longer exposures was the result of a continuous transport of CaO through the liquid 
K2SO4 during exposure.  The reaction with 0.10CaO-0.90K2SO4 (wt. %) shown in Figure 20 
supports this conclusion. Both CaO+K2SO4 deposits (10 % CaO and 50 % CaO) should be 
capable of saturating the liquid K2SO4 with CaO.  If the CaZrO3 infiltration was caused by a 
single wetting of the YSZ by liquid K2SO4, then both exposures would produce the same 
infiltration.   

 

 

 

Figure 19: Deposit consisting of 0.5 CaO-0.5 K2SO4 (wt. %) reacted with DVC YSZ in dry air 

a 

b 
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at 1100°C for (a) 1 hour and (b) 70 hours. 
 
 

 

Figure 20: Deposit consisting of 0.10 CaO-0.90 K2SO4 (wt. %) reacted with DVC YSZ in dry 
air at 1100°C for 70h. 
 
3.1.4 Cyclic Failure of Complete TBC Systems 
 

The consequences of the CaZrO3 infiltration on TBC lifetime were studied with 
complete TBC systems. The high-CaO synthetic ash with additions of FeS and K2SO4, 
described in Table 5 was deposited on a DVC TBC and cycled in lab air using the bottom-
loading cyclic furnace described in section 2. An identical TBC was cycled with the same 
deposit without FeS or K2SO4 (i.e., only oxides). Both deposits contained a high enough level 
of CaO to react and form CaZrO3 with the YSZ, but only the deposit containing K2SO4 would 
be expected to cause substantial infiltration. Based on comparison to previous work, the 
TBC should have endured at least 1000 cycles before failure without a deposit [58]. The 
deposit with K2SO4 caused TBC failure after 140 cycles, while the exposure without K2SO4 
remained intact. Both TBCs are shown in Figure 21. Delamination in the failed TBC 
occurred along the crests of the undulated interface between the bond coat and the YSZ. 
Cracks were observed to pass through the TGO along the tops of the undulations. This is a 
typical failure mode for these TBCs  [58], with the difference here being that it occurred 
substantially early in the ash with K2SO4. This demonstrates the damaging effect of the 
CaZrO3 infiltration on the TBC lifetime.  
 

Table 5: High-CaO synthetic ash with addition of K2SO4 and FeS 
 
 
 
 

 CaO SiO2 Al2O3 Fe2O3 MgO K2SO4 FeS 
Wt% 63 16.2 8.1 1.8 0.9 5 5 
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Figure 21: Complete DVC TBC exposed to 140 cycles in lab air with (a) high-CaO deposit and 
(b) the same deposit with additions of K2SO4 and FeS. 
 

Additional cyclic testing was done to further show the effect of the high-CaO synthetic 
ash with K2SO4. The ash described in Table 5 was deposited on DVC TBCs which were then 
thermally cycled in dry air using the horizontal tube cyclic furnace described in section 2. 
Failure occurred later in this furnace (400-500 cycles) compared to the harsher thermal 
cycling provided by the bottom loading furnace. The location of TBC failure along the 
TGO/bond coat interface was the same in the two furnaces (Figure 21b and Figure 23a). 
TBCs were cycled to failure without deposit in the horizontal tube furnace in order to 
obtain a baseline comparison with deposit-induced failure. The early failure summarized in 
Figure 22 shows that the infiltration caused by the synthetic fly-ash resulted in severely 
limited TBC lifetimes. The TBC failure without (Figure 23b) was the same as the deposit-
induced failure (except that it occurred after many more cycles). In both cases, 
delamination occurred at the TGO and resulted from cracks that extended across the crests 
of the undulations. The fly-ash resulted in an overall decrease in the compliance of the top 
coat that caused early failure that otherwise appeared normal.  
 

 

Figure 22: Thermal cycles to failure in dry air for DVC and HPLD TBCs exposed to high-CaO 
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synthetic fly-ash. 
 
 

  
Figure 23: Complete DVC TBC that failed in dry air after exposure to (a) 444 cycles at 
1100°C with high-CaO synthetic ash that included additions of K2SO4 and FeS, and (b) 1214 
cycles at 1100°C with no deposit.  
 

Early failure in TBCs cycled with ash deposit was a consequence of the CaZrO3 
infiltration. The dense reaction product, which filled cracks and pores in the YSZ, changed 
the mechanical properties of the coating and caused excess stress in the YSZ. The in-plane 
stress caused by a mismatch in the coefficient of thermal expansion (CTE) between a thin 
film and underlying substrate applied to the YSZ is described by equation 1.  
 

𝜎 = 𝐸𝑡𝑏𝑐
∆𝛼∆𝑇

1−𝜈
      Equation 2  

 
where σ is the stress in the film, Etbc is the elastic modulus of the top coat, υ is Poisson’s 
ratio, Δα is the difference in CTE between the layers, and ΔT is the temperature drop 
experienced in thermal cycling. This stress contributes to initial cracking that can lead to 
spallation during exposure to thermal cycling.   

Important factors which influence the CTE mismatch stress are E, α, and ΔT. The TBCs 
which were cycled to failure experienced the same ΔT with deposit and without. Therefore, 
changes in E and/or α can be used to at least qualitatively show a change in overall stress in 
the top coat. The value of α is smaller than the metallic substrate, so an overall decrease in 
α would further increase overall stress (by further increasing Δα). Similarly, an overall 
increase in E of the top coat would also increase overall stress in the TBC. The change in 
average value of E as a result of CaZrO3 infiltration was measured for free-standing DVC YSZ 
samples. Samples that were heat treated at 1100°C in dry air for 72 hours were measured 
to have an elastic modulus of 30±3 GPa, and samples that were reacted with a high-CaO ash 
(containing 10wt% K2SO4) in the same conditions were measured to have a modulus of 
132±19 GPa. This dramatic increase in E caused by CaZrO3 infiltration reduced the overall 
strain tolerance and increased the CTE mismatch stress significantly. 

The effects of the high-CaO synthetic ash on the more porous HPLD top coat were 
more severe than with the DVC top coat TBCs. The cyclic failure is compared in Figure 22 
for the two types of TBCs. HPLD TBCs were severely damaged in less than 100 cycles. It is 
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important to note that without deposit these TBCs exhibited lifetimes (and location of 
failure) comparable to the DVC TBCs. Failure of HPLD TBCs is shown in Figure 24. Cyclic 
exposure without deposit caused delamination of the intact YSZ top coat that separated 
from the substrate at the YSZ/bond coat interface. The deposit, however, caused CaZrO3 
infiltration which triggered significant cracking and spallation throughout the YSZ and 
eventual delamination of the entire top coat (or what was left of it). Figure 24b shows 
significant crack propagation though the middle of the YSZ top coat. This was very distinct 
from a normal failure near the TGO. 

The accelerated failure of the HPLD top coats can be explained in several ways. These 
top coats are more porous than the DVC coatings. The regions that are infiltrated by CaZrO3 
will have increased values of E, and greater infiltration should lead to greater changes in 
overall values of E. This of course will equate to a higher stress. Also, these HPLD coatings 
exhibit the conventional “splat” morphology that does not exist in the DVC coatings. These 
horizontal splat boundaries exhibit lower toughness and allow for easier crack propagation. 
Therefore, the increased stress from CaZrO3 infiltration can cause crack initiation and then 
cracks can spread quite easily along the splat boundaries, leading to spallation of large 
regions of YSZ.  

 

  

Figure 24: (a) Failed HPLD TBC without deposit and (b) Damaged HPLD TBC due to high-
CaO synthetic ash. 
 
 
3.1.5 Degradation from High-SiO2 Ash 

 
The damage caused by high-CaO ash in HPLD TBCs resulted in severely shortened 

lifetimes. This high level of CaO may not always exist in real fly-ash, however, because fly-
ash compositions vary with fuel type and geography. IGCC fly-ash often contains high levels 
of SiO2. The high-SiO2 ash described in  

 
 
Table 6 was reacted with free-standing DVC YSZ and also with complete HPLD TBC 

systems. Figure 25 shows that some infiltration was found in cracks in the TBC after 
exposure to this ash for 72 hours in dry air at 1100°C. EDS analysis show that K and S 
remain in the infiltrated region after long (72 hour) exposures, which shows that the 
infiltrating product contains K and S. This infiltration is different than the CaZrO3 
infiltration, mainly in that it does not appear to react with the YSZ to form any Zr or Y 

a b 
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containing product (and therefore it would not be expected to consume YSZ). The 
infiltration from the high-SiO2 ash is a potassium silicate formed between the SiO2 and 
K2SO4 in the synthetic ash that forms a liquid at 1100°C. This is different than the CaZrO3 
infiltration where liquid K2SO4 transports the CaO but K is no longer in the YSZ after 
72hours (most likely due to evaporation).  

Early failure of HPLD TBCs from cycling with the high-SiO2 synthetic ash in dry air is 
summarized in Figure 26. Figure 27 shows an infiltrated region of YSZ near the top of the 
TBC (indicated by the arrow) and cracking along the splat boundaries directly below. This 
caused regions of YSZ to break away in a similar manner as was observed with CaZrO3 
infiltration. Eventually failure occurred when the remaining top coat delaminated entirely 
along the TGO. 

This spallation in the top coat was more severe with the high-CaO ash compared to 
high-SiO2 ash. The CaZrO3 reaction was observed deeper into the YSZ, which caused larger 
regions to break away in comparison to the potassium silicate infiltration. This could be the 
result of a higher viscosity of liquid potassium silicate that would lead to less infiltration. 
The more shallow infiltration of the potassium silicate caused smaller regions of YSZ loss. 
This could also indicate that CaZrO3 infiltration had a greater effect on altering of 
mechanical properties (E, CTE) of the top coat which caused more spallation.   

When infiltrated regions of YSZ spall from the top coat, one would expect the stress 
caused by a dense infiltration of ash to be relieved. This could slow down further damage of 
the TBC, although the top coat would now be thinner and not able to provide as much a 
thermal barrier. Infiltration in the newly exposed region is minimal, and further spallation 
of TBC is halted until complete delamination occurs. An additional cyclic test was 
conducted in which the ash was re-applied every 20 cycles in order to facilitate newly 
infiltrated regions of YSZ where spallation had occurred. The results shown in Figure 26 
indicate that the additional damage to the TBC is not extensive. This result suggests that the 
initial stress induced by the first infiltration (before spallation of infiltrated region) was 
responsible for much of the overall damage to the TBC. The re-application of ash caused 
more regions of YSZ near the surface to spall from the TBC, but the eventual delamination 
of the entire top coat did not occur significantly sooner with the re-application.  
 

 

Figure 25: DVC TBC that has been exposed to a high-SiO2 ash in dry air at 1100°C for 72 
hours showing some infiltration of ash constituents in small cracks near the surface. 
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Table 6: High-SiO2 synthetic ash composition with addition of K2SO4 
 
 
 
 

 

Figure 26: Thermal cycles to failure for HPLD TBCs with high-SiO2 ash in dry air. 
 
 

 

Figure 27: Damaged HPLD TBC from cyclic thermal exposure to high-SiO2 ash with K2SO4 
showing infiltrated regions of YSZ breaking away from top coat. 
 

TBCs used in combustion turbines are exposed to gas atmospheres that contain CO2, 
SO2, and H2O. The degradation of HPLD TBCs from high-SiO2 ash (re-deposited every 20 
cycles) was tested in more harsh gas atmospheres that better simulate real operating 
environments. The results are summarized in Figure 28. The overall damage to the TBC was 
nearly the same in dry air as in the steam-containing atmosphere. This result shows that 

 SiO2 Al2O3 CaO Fe2O3 MgO K2SO4 
Wt% 45 22.5 9 9 4.5 10 



   
 

32 
 
 

when TBCs are at low temperatures in thermal cycling, they are not significantly affected by 
low-temperature degradation (LTD) that has been observed in 7YSZ TBCs in laboratory 
experiments [41]. This could be related to the fact that LTD is known to start at the YSZ 
surface and progress inward.  The deposit at the surface in this case may be inhibiting the 
LTD process from initiating at the surface.   

HPLD TBCs with SiO2 ash were cycled to failure in an atmosphere of 1000ppm SO2- 
2%O2-bal CO2. Thermal cycles to failure are shown in Figure 28 compared to the dry air and 
steam-containing atmospheres. The addition of SO2 into the atmosphere resulted in earlier 
failure of the TBCs. Damage in the top coat was observed to be similar to dry air 
experiments. However, the bond coat oxidation was also affected in the SO2-containing 
atmosphere. The oxidation at the crests of the undulated interface was disrupted, as seen in 
Figure 29. Significant internal TGO growth through these regions would be accompanied by 
a volume expansion that contributed to additional stresses.  Top coat delamination, which 
typically occurs along the crests, would occur more easily with this additional stress.  The 
brittle internally growing alumina would also facilitate cracking through the bond coat, as 
shown by the arrow in Figure 29 and enable further delamination.    
  

 

Figure 28: Thermal cycles to failure for HPLD TBCs with high-SiO2 ash in several gas 
atmospheres where the deposit was re-applied every 20 cycles in each case 
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Figure 29: Failed HPLD TBC after 220 cycles at 1100°C in gas atmosphere of 1000ppm 
SO2-2%O2-CO2 with high-SiO2 synthetic ash. 

3.2 Bond Coat 

3.2.1 Oxidation in the absence of a deposit 
 

Experiments carried out in the absence of a deposit establish an understanding of the 
intrinsic oxidation behavior of the NiCoCrAlY alloys. Weight gains recorded after 50 h 
exposure to various gas mixtures at 1100 °C are summarized in Figure 30. All alloys yielded 
relatively low weight gains; experimental variability does not allow any significant effect of 
gas or alloy composition to be identified solely from the weight gains. Compact and 
adherent Al2O3 scales were formed in all gases, as exemplified with two γ-rich alloys in 
Figure 31. Careful examination of the reacted specimens shows that scales were slightly 
thinner after reaction in CO2-H2O, compared to dry air (Figure 32). Furthermore, in dry air, 
alloys with the higher aluminum content also produced slightly thinner scales than alloys 
with less aluminum. Calculation of instantaneous oxidation rates from data obtained by 
thermogravimetric analysis (TGA, not shown here) indicated that the variance between low 
and high Al alloys mostly occurs in the transient stage of the exposure, although a slightly 
higher oxidation rate was found to persist for up to 15 h for the low-Al alloys. This 
difference in oxidation rate is related to the fraction of β in these two-phase alloys. In the β-
rich alloys, the β dissolution zone is quite shallow, and the oxide grown on regions where β 
was present prior to exposure is seen to be thinner than that formed on preexisting γ 
regions (Figure 33). 

As noted in Section 2, the low solubility of Y in β causes yttride precipitation in β-rich 
alloys. Reaction of the yttrides located near the surface with oxygen produces “pegs” of very 
stable yttrium-aluminum oxides that extend into the alloy. Both versions of the β-rich alloy 
Ni-19Co-15Cr-24Al-zY formed pegs, but these were present in larger number and size in 
the higher Y version, as shown in Figure 33. This apparently had no detrimental effect in 
these deposit-free, short isothermal exposures. It is noteworthy, however, that the larger 
pegs contained some Cr, Ni and Co oxide at their surface. This possibly occurred because 
these constituents of the yttrides could not diffuse out during the rapid oxidation process 
taking place in early stages of the exposure. 
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Figure 30: Weight changes recorded after 50 h exposure of the NiCoCrAlY alloys in various 
gas atmospheres at 1100 °C, in the absence of a deposit. 
 
 

  

  
Figure 31: Typical reaction morphology observed after 50 h exposure of γ-rich NiCoCrAlY 
alloys in (a,c) dry air and (b,d) CO2-H2O at 1100 °C, in the absence of a deposit. (a,b) Ni-
30Co-27Cr-12Al-0.1Y; (c,d) Ni-30Co-33Cr-12Al-0.1Y. 
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Figure 32: Average scale thickness measured after 50 h oxidation of the NiCoCrAlY alloys 
with no deposit at 1100 °C. 
 
 
 

  
Figure 33: Reaction morphology observed after 50 h exposure of the β-rich Ni-19Co-15Cr-
24Al-zY alloys with (a) 0.1 Y and (b) 0.3 Y in dry air with no deposit at 1100 °C. 
 
 
 
3.2.2 Corrosion by class-C ash at 1100 °C 
 

As will be discussed in Section 3.2.4, corrosion experiments using a variety of fly-ash 
deposit compositions showed that significant degradation of the alloys of interest only 
occurred with CaO-rich, sulfate-containing mixtures such as class C ash. The reaction of the 
γ-rich Ni-30Co-27Cr-12Al-0.1Y with class C ash in CO2-H2O at 1100 °C is presented first to 
introduce the degradation morphology typically observed in the present study. The effect of 
alloy composition will then be discussed. It is noted that exposure to fly ash generally 
produced non-uniform extents of reaction, where regions of the alloys were effectively 
protected by a thin Al2O3 scale, while other regions, depending on the conditions 
considered, underwent significant degradation. Micrographs shown in the present and 
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following sections attempt to be representative of the reaction morphology observed on 
average in corroded regions of a given sample. 
 
3.2.2.1 Reaction mechanism and effect of gas composition 

Aside from the regions of exclusive Al2O3 growth, two reaction morphologies were 
identified after exposure of Ni-30Co-27Cr-12Al-0.1Y to class C ash in CO2-H2O at 1100 °C. 
The most prevalent is depicted in Figure 34a, where nodules of mixed oxides are seen to 
extend to variable widths and depths. Those nodules contained both alloy (Al, Cr, Co, Ni) 
and ash (Al, Ca, Fe, Mg, Na, Si) constituents, and had variable compositions. A continuous 
Al2O3 layer was always found at the base of the nodules, and was identified by photo-
stimulated luminescent spectroscopy (PSLS, not shown here) to be α-Al2O3. In less frequent 
locations (Figure 34b), the nodules comprised a mixture of Al-free metal and Al-rich and 
Cr-rich oxide, surmounted by a mixed oxide layer and separated from the bulk alloy by a 
continuous Al2O3 layer. The outermost oxide layer was Al-rich but also contained ash 
constituents. 

 

  
Figure 34: Reaction morphology observed after 50 h exposure of γ-rich Ni-30Co-27Cr-12Al-
0.1Y alloys to synthetic class-C fly ash in CO2-H2O at 1100 °C. (a) and (b) represent the two 
typical degradation morphologies observed on the same specimen. 

 
Mechanistic aspects of this corrosion process were studied by means of time-lapse 

experiments. After 1 h reaction in CO2-H2O (Figure 35a), the alloy exhibited small Al2O3 
protrusions, growing inward into the subscale. These developed from an Al-rich oxide layer 
located at the original metal surface, and continuous with the protective Al2O3 on the 
adjacent alloy surface. A Cr-rich oxide layer was found above the formerly protective scale. 
From these observations, it is concluded that an Al2O3 scale was initially formed and 
covered the entire alloy surface; reaction with the ash, however, locally consumed the oxide, 
and as its thickness decreased, the Al flux necessary to sustain its growth eventually 
exceeded the flux the alloy could provide. This process is discussed in more detail in Section 
3.2.3 for the simplified case of reaction with pure CaO. Local failure to maintain external 
Al2O3 growth led to inward growth of Al2O3 protrusions, and as the external scale lost its 
protective character, it was outgrown by a Cr-rich oxide layer. Essentially the alloy, depleted 
of its aluminum but rich in chromium, turned into a Cr2O3-former. This allowed the oxygen 
activity at the metal surface to be maintained to a low level, such that the alloy could 
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repassivate: Al2O3 progressively extended across the bottom end of the protrusions until 
forming a new continuous, protective subsurface layer. 

 

  
Figure 35: Reaction morphology observed after 1 h exposure of γ-rich Ni-30Co-27Cr-12Al-
0.1Y in (a) CO2-H2O, and (b) dry air with synthetic class-C fly ash at 1100 °C. 

 
Similar cases of external Cr2O3 and internal Al2O3 protrusions have been reported by 

previous investigators for marginal Al2O3-forming alloys (i.e. containing ~ 4-6 at. % Al) 
oxidized in the absence of a deposit [66, 67, 68, 69, 70, 71]. Depending on the specific alloy 
composition, the steady-state eventually reached ranges from fast internal oxidation to 
continuous Al2O3 growth, as in the present case. The Ni-30Co-27Cr-12Al-0.1Y alloy has 
relatively high Al and Cr contents, and is a good Al2O3-former in the absence of fly ash 
(Figure 31). This explains why repassivation readily occurs, so long as the ash responsible 
for the initial protective scale disruption is not in contact with the newly-formed Al2O3. 

The morphology observed after 50 h reaction in Figure 34b follows directly from the 
proposed mechanism of disruption-repassivation. In the regions typified by Figure 34a, the 
absence of an external Cr-rich oxide layer allowed the Al-free metal to be fully oxidized and 
the ash constituents to be incorporated into this mixed oxide. It is noted that an oxide layer 
providing some degree of protection was likely present at some point in order for an Al2O3 
sublayer to form at the base of the nodule. All reaction products observed showed traces of 
mechanical damage such as cracks or delamination, due to CTE mismatch and associated 
thermal stresses during cooling, but also possibly related to the sintering of the ash with 
the thermally-growing oxides at temperature. 

One-hour exposures were carried out in different gases using the same alloy (i.e., Ni-
30Co-27Cr-12Al-0.1Y) and deposit to ascertain the effect of CO2, H2O and the gas 𝑝O2

 on the 

early stages of the corrosion process. The results obtained in CO2-H2O-O2 (𝑝O2
= 2 × 10−2 

atm, not shown) and dry air (𝑝O2
= 2 × 10−1 atm, Figure 35b) were identical to those 

obtained in CO2-H2O (𝑝O2
= 4 × 10−5 atm, Figure 35a), with the exception that internal 

aluminum nitrides formed in the N2-bearing gas. The nitrides were present as a relatively 
small volume fraction, and distributed in a non-uniform, apparently random manner; it is 
therefore difficult to assess their role in the reaction process. However, the fact that the 
degradation morphologies were the same with and without nitrogen suggests that the 
nitrides were a consequence, rather than a cause of the disruption of the initial Al2O3 scale. 
Furthermore, the average thickness of the corrosion product was not found to significantly 
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increase between 50 h and 250 h reaction in dry air (Figure 36). This indicates that 
nitridation was not an obstacle to repassivation, and that the establishment of a continuous 
Al2O3 sublayer effectively protected the alloy in these isothermal conditions. Based on this 
series of results, it is concluded that the presence of CO2 or H2O is not specifically required 
for the initial Al2O3 scale to fail in the presence of class C ash, not more than it prevents its 
establishment or its continued growth in the absence of a deposit (see Section 3.2.1). This 
was expected insofar as the mechanism responsible for Al2O3 failure involves reaction of 
the thermally-grown oxide with constituents of the ash, which the presence of CO2 or H2O 
or the 𝑝O2

 are not thought to affect. It is also noted that although it had no major 

consequence here, testing in air (or any N2-bearing mixture) is not recommended, as 
nitridation is an unnecessary complication. 
 

  
Figure 36: Reaction morphology observed after (a) 50 h and (b) 250 h exposure of γ-rich 
Ni-30Co-27Cr-12Al-0.1Y in dry air with synthetic class-C fly ash at 1100 °C. 

 
 

3.2.2.2 Role of alloy composition on reaction with class C ash 
Figure 37 shows typical reaction morphologies obtained after 50 h exposure of the six 

model NiCoCrAlY alloys to commercial class-C ash in CO2-H2O at 1100 °C. Increasing the 
aluminum content proved beneficial, as the average depth of metal loss before 
repassivation was lower for the 16Al alloys. Qualitatively, the 16Al alloys also exhibited a 
greater proportion of regions where the initially-formed Al2O3 was never disrupted. In 
contrast, higher chromium contents led to slightly deeper corrosion (except for Ni-30Co-
33Cr-16Al-0.1Y, where the absence of any significant degradation may have been due to a 
lack of contact with the deposit during the exposure). 

Because NiCoCrAl is a quaternary system, tie-lines of the β-γ field are not located on a 
plane of constant Co content such as that shown in Figure 6. Nevertheless, a comparison of 
various isopleths (not shown here) indicated that β and γ compositions did not vary much 
with Co content, at least within the range of interest. The isopleth in Figure 6 can therefore, 
to a first approximation, be used to understand how varying Al and Cr concentrations affect 
phase compositions and fractions. Values measured experimentally after a 1100 °C heat 
treatment are shown in Table 1. Qualitatively, increasing either the alloy aluminum or 
chromium content has the same effect, which is to have less Al and more Cr in γ, and a 
roughly unchanged level of Al and more Cr in β. Both also lead to a larger fraction of β, 
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although in this regard going from 12 to 16 at. % Al has a more marked effect than going 
from 27 to 33 at. % Cr. 

 

 
Figure 37: Reaction morphology observed after 50 h exposure of the γ-rich Ni-30Co-xCr-
yAl-0.1Y alloys in CO2-H2O with commercial class-C fly ash at 1100 °C. (a) 27Cr-16Al; (b) 
30Cr-16Al; (c) 33Cr-16Al; (d) 27Cr-12Al; (e) 30Cr-12Al; (d) 33Cr-12Al. 

 
According to the proposed reaction mechanism, what is critical to corrosion 

resistance in the presence of class C ash is the ability for the alloy (mostly of the γ phase, 
since β is rapidly depleted from the surface of these γ-rich alloys) to sustain a sufficient 
outward aluminum flux at the metal/oxide interface. In view of all these observations, the 
slightly deleterious effect of increasing the alloy chromium content is explained by the fact 
that it produces a lower Al γ phase, and consequently a lower outward Al flux. When 
increasing the alloy aluminum content, however, the beneficial effect of a larger β fraction 
overwhelms the deficiency of the γ phase, as β dissolution helps maintaining the Al flux in 
γ. It is concluded that to remain strictly an Al2O3-former and provide the best degree of 
protection in the presence of class C ash, an MCrAlY alloy should have rather high Al and 
limited Cr (i.e., high β fraction); however, sufficient chromium is still desirable both to 
provide Cr2O3 scale protection after Al2O3 has been disrupted, and to help establish the 
Al2O3 scale in the first place. 

A good compromise was achieved by the low Y version of the high β alloy, Ni-19Co-
15Cr-24Al-0.1Y, since it showed no Al2O3 failure during the duration of the experiments 
(Figure 38a). In contrast, the higher Y version of this alloy suffered relatively severe 
corrosion (Figure 38b). The extent of reaction along the surface was not uniform, and 
regions of the same specimen were left mostly unattacked. In Figure 39, the peg on the 
right-hand side is located immediately below the original alloy surface and is seen not to 
disrupt the Al2O3 scale; whereas the left-hand side peg, which intersects the alloy surface, 
dissolved both alloy and ash elements, thereby creating a discontinuity in the Al2O3 scale. In 
this particular case, a continuous Al2O3 layer eventually formed around the peg, effectively 
stopping the attack, but it is believed that larger pegs where repassivation was not possible 
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are the cause for the severe degradation observed on this alloy. A similar, detrimental effect 
of “overdoping” was also identified in type II hot corrosion [72]. 
 

  
Figure 38: Reaction morphology observed after 50 h exposure of β-rich Ni-19Co-15Cr-24Al-
zY with (a) 0.1 Y and (b) 0.3 Y in CO2-H2O with commercial class-C ash at 1100 °C. 
 
 

 
Figure 39: Micrograph showing two Y-Al-O pegs after 50 h exposure of high Y alloy Ni-
19Co-15Cr-24Al-0.3Y to commercial class-C ash in CO2-H2O at 1100 °C. 
 
 
3.2.3 Role of individual constituents: reaction with CaO 
 

In order to investigate the role of the oxides and sulfates in the reactivity of fly ash, 
corrosion experiments were conducted using individual constituents and mixtures of 
increasing complexity. Among the individual oxides tested (CaO, MgO, Al2O3, SiO2, Fe2O3), 
only the relatively basic CaO and MgO had a significant impact, as their reaction with the 
thermally-grown Al2O3 produced calcium and magnesium aluminates, respectively. The 
case of CaO is assessed in detail in the present section. 

 
3.2.3.1 Nature of the corrosion process and influence of alloy composition 
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Exposure to pure CaO was carried out in dry air at 1100 °C using the alloys which 
showed the most and least resistance to class C ash: the β-rich Ni-19Co-15Cr-24Al-0.1Y 
(Figure 40a) and the γ-rich Ni-30Co-33Cr-12Al-0.1Y (Figure 40b), respectively. After 50 h, 
both alloys were found to develop several layers of calcium aluminates (xCaO-yAl2O3, noted 
CxAy). The layer sequence was Al-rich CA2 nearest to the substrate, followed by equimolar 
CA, and occasionally the Ca-rich C12A7 and C3A toward the CaO deposit. These were 
identified by matching compositions measured by SEM-EDS to the intermediate 
compounds known to exist in the CaO-Al2O3 system (Figure 41a). A thin and continuous Al-
rich oxide layer, identified as α-Al2O3 by PSLS, was always found between the alloy and the 
first aluminate layer. In addition, the γ-rich alloy produced a thick outer layer of calcium 
chromate, with (Ni,Co)O embedded throughout (Figure 40b). These were occasionally 
found in small amounts on the β-rich alloy. 

 

  
Figure 40: Reaction morphology observed after 50 h exposure of (a) Ni-19Co-15Cr-24Al-
0.1Y and (b) Ni-30Co-33Cr-12Al-0.1Y in dry air with CaO at 1100 °C. 
 
 

 

 

Figure 41: Phase diagrams. (a) CaO-Al2O3 system, adapted from Ref. [73]; (b) CaO-Cr2O3 
system, adapted from Ref. [74] 
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Calcium oxide is known [75] to react with the chromium contained in MCrAlY alloys 
to form a low-melting calcium chromate, denoted here as LCaCrO, which is liquid at 1100 °C 
(Teutectic = 1061 °C, see Figure 41b). The thickness of this layer was not uniform, which made 
measurements difficult. Qualitatively, the calcium chromate was found to develop rapidly 
on the γ-rich Ni-30Co-33Cr-12Al-0.1Y within 5 h exposure, and to not significantly thicken 
thereafter. Furthermore, the thin α-Al2O3 layer at the base of the corrosion product suggests 
that calcium chromate formed only during an initial transient stage. In order to test this 
hypothesis, Ni-20Co-16Cr-23Al-0.1Y and Ni-30Co-33Cr-12Al-0.1Y were oxidized with no 
deposit in dry air for 10 h at 1100 °C, growing a continuous Al2O3 scale. Upon subsequent 
exposure to CaO for 40 h in the same conditions, the Al2O3 reacted to yield calcium 
aluminates, but no calcium chromate was formed, confirming the transient nature of the 
latter. 

The weight gains recorded by thermogravimetric analysis at 1100 °C, Figure 42, 

reflect the successive stages of the reaction process. Plots of 𝑚 = 𝑓(𝑡1/2) yielded straight 

lines after a sufficient time was reached (not shown here). This indicates that steady-state 
kinetics were parabolic for both alloys, with and without CaO deposits. In the absence of 
CaO, Ni-20Co-16Cr-23Al-0.1Y and Ni-30Co-33Cr-12Al-0.1Y exhibited similar oxidation 
kinetics: a short (~ 2 h) transient stage, associated with oxides of the base metal 
constituents and metastable alumina polymorphs, was followed by a steady-state 
corresponding to α-Al2O3 growth. Steady-state parabolic constants calculated from Figure 
42 were found to be 3.7 × 10−7 and 4.5 × 10−7 mg2 cm−4s−1 (based on the convention 
𝑚2 = 2𝑘p𝑡) for Ni-20Co-16Cr-23Al-0.1Y and Ni-30Co-33Cr-12Al-0.1Y, respectively, in good 

agreement with previously reported values for the growth of α-Al2O3 at this temperature 
[76, 77, 78]. In the presence of a CaO deposit, the rates of both transient and steady-state 
stages increased, and the transition was delayed. The effect of CaO was particularly marked 
in the case of Ni-30Co-33Cr-12Al-0.1Y, which exhibited a relatively large weight gain in the 
beginning of the reaction. Since a thick LCaCrO + (Ni,Co)O layer formed on this alloy within 5 
h exposure, and only small amounts were found on Ni-20Co-16Cr-23Al-0.1Y, the elevated 
reaction rate is attributed to LCaCrO and (Ni,Co)O formation. This accelerated process was 
particularly short-lived (< 1 h). Until about 9 h exposure, both alloys maintained a relatively 
high reaction rate. The rate-limiting process associated with this period is not readily 
ascertained, as a continuous α-Al2O3 layer was identified by PSLS at the base of the scale for 
both alloys after 5 h reaction. Nevertheless, both alloys did passivate, and eventually 
reached slow reaction kinetics. 
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Figure 42: Weight gain recorded by TGA during reaction of Ni-19Co-15Cr-24Al-0.1Y and Ni-
30Co-33Cr-12Al-0.1Y in dry air at 1100 °C. 

 
An additional experiment was conducted with a Ni-33Co-35Cr-7Al-0.1Y alloy, which is 

single-phase γ at 1100 °C, and has a composition similar to that of the γ in Ni-30Co-33Cr-
12Al-0.1Y at this temperature. After 50 h exposure to CaO, the 100 % γ alloy developed a 
reaction morphology similar to that on Ni-30Co-33Cr-12Al-0.1Y. However, the amount of 
LCaCrO and (Ni,Co)O formed before passivation was much greater, and the ~ 150 µm thick 
calcium chromate had also embedded CxAy particles (Figure 43). 

Chiang et al. [75] studied the reaction of nominally Al2O3-forming NiCrAl and CoCrAl 
alloys with CaO, and found that the formation of liquid calcium chromate led to very rapid 
alloy destruction. In the present study, the extent of metal loss due to LCaCrO and (Ni,Co)O 
was seen to vary quite significantly with alloy composition and, in turn, alloy 
microstructure. The β-rich Ni-20Co-16Cr-23Al-0.1Y rapidly established continuous Al2O3 
and CxAy layers, which prevented the oxidation of Cr, Ni or Co; whereas, the 100 % γ Ni-
33Co-35Cr-7Al-0.1Y sustained extensive degradation before it could passivate, and the γ-
rich Ni-30Co-33Cr-12Al-0.1Y had an intermediate behavior. 

Aluminum and chromium strongly partition to the β and γ phases, respectively, as 
seen in Table 1. Thus γ will favor LCaCrO formation, while β will tend to form Al2O3 and CxAy. 
As suggested by Chiang et al. [75], calcium chromate is formed by reaction of CaO with 
transient chromium oxide. Here the (Ni,Co)O particles embedded in the chromate were 
found to grow significantly with reaction time, which indicates that they did not precipitate 
on cooling, but instead developed at temperature. This is due to the fact that LCaCrO dissolves 
very little (< 1 at. %) nickel or cobalt oxide: as the reaction front advances into the γ-phase, 
Ni and Co are rejected from the liquid and precipitate as oxide particles. Similarly, the 
solubility of Al2O3 in the chromate was measured by SEM-EDS to be quite low (1-2 at. %), as 
also reported by others [74]. This led to an Al:Cr elemental ratio of about 1:5, similar to that 
in the original γ phase in Ni-30Co-33Cr-12Al-0.1Y and Ni-33Co-35Cr-7Al-0.1Y. The 
conservation of this Al:Cr ratio indicates that the γ phase was consumed in situ by the 
rapidly advancing reaction front. However, some change in the boundary conditions, such 
as a decelerating reaction front and associated accumulation of Al in the alloy at the 
metal/oxide interface, must occur to allow for the eventual establishment of an Al2O3 layer. 
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Exactly how the alloy passivates remains unclear at this stage. Nevertheless, the 
implications of this reaction process are readily understood, in terms of alloy resistance to 
the severe degradation associated with liquid calcium chromate: metal loss should be 
minimized with a lower chromium content or a higher fraction of β. In particular, 
considerable resistance can be obtained by having a β fraction sufficiently high for the β 
phase to be continuous, as opposed to forming a dispersion in a γ matrix, as schematically 
represented in Figure 44. The β-rich Ni-20Co-16Cr-23Al-0.1Y did form a very small amount 
of LCaCrO and (Ni,Co)O (Figure 40a); the large β fraction (57 %) simply allowed the 
progression of the liquid phase to be undercut by an Al2O3 layer sooner than in the γ-rich 
alloys. 
 
 
 

  
Figure 43: Reaction morphology observed after 50 h exposure of 100 % γ alloy Ni-33Co-
35Cr-7Al-0.1Y in dry air with CaO at 1100 °C. 
 
 
 

 
Figure 44: Schematics showing how the susceptibility for transient attack by CaO is 
determined by the distribution of the Cr-rich γ phase in the alloy. 
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3.2.3.2 Kinetics of Al2O3 production-destruction 
 

Under isothermal conditions the stage of rapid alloy consumption due to liquid 
chromate formation is, in most cases, short lived, and followed by a steady-state regime of 
slower corrosion, permitted by the establishment of a continuous Al2O3 layer. However, this 
thermally growing Al2O3 reacts with the calcium and oxygen contained in LCaCrO, or directly 
with the CaO deposit, to form CxAy layers. This has consequences on the reaction kinetics, 
which are considered in the following. 

The case of Ni-19Co-15Cr-24Al-0.1Y, where very little LCaCrO formed and the 
outermost CxAy layer was in contact with the CaO deposit, is considered first. Figure 45 
shows a schematic of the reaction process. Calcium aluminate growth is known to be 
controlled by solid state Ca2+ diffusion [79, 80, 81]; its formation is therefore described to 
occur at the Al2O3/CxAy interface by the reaction 

xCa2+ + xO2− + yAl2O3 = CxAy (3) 

The oxygen and calcium necessary for this reaction are provided by the decomposition of 
CaO at the CaO/CxAy interface: 

CaO = Ca2+ + O2− (4) 
Two processes contribute to net Al2O3 growth: (i) its destruction to form CxAy according to 
Eq. (3) at the Al2O3/CxAy interface, and (ii) its production by oxidation of aluminum 
contained in the metal substrate,   

2Al3+ + 3O2− = Al2O3 (5) 
For the sake of simplicity, the latter is described to occur at the metal/oxide interface, with 
O2- assumed to diffuse faster than Al3+, but a mixed or even predominantly outward growth 
mechanism would not change the resulting kinetics. As illustrated in Figure 45, the oxygen 
necessary for Al2O3 growth is assumed to be supplied by solid-state diffusion across CxAy. 
This oxygen ultimately originates from the gas atmosphere, and it is further assumed that 
the oxygen provided by decomposition of CaO is entirely consumed to form CxAy. This 
prevents the accumulation of calcium or oxygen in CxAy, and is realistic insofar as all known 
calcium aluminates are intermediate xCaO-yAl2O3 compounds (Figure 41a), in which the 
degree of oxidation of Ca or Al is not different from that in CaO and Al2O3, respectively. In 
the case of the γ-rich Ni-30Co-33Cr-12Al-0.1Y alloy, the CxAy layers are surmounted by 
liquid calcium chromate; it is assumed that the latter can rapidly provide the oxygen and 
calcium required for CxAy and Al2O3 growth, and that this step is therefore not rate-limiting. 

Several investigators have studied the growth kinetics of oxide scales that consist of 
multiple layers growing by diffusion of the same cation, taking into account the partitioning 
of the cation flux between the successive layers [82, 83, 84, 85, 86, 87]. The present 
situation is slightly different in that it involves two types of cations, but it is equivalent if 
one considers the diffusion of oxygen instead. Provided that the degree of oxidation of 
aluminum and calcium does not change upon forming any of the aluminates from CaO and 
Al2O3, the present situation is a particular, simple case of the general formalism introduced 
by Yurek et al. [83] for two-layer structures. That treatment provided a relationship 
between the thickening constant measured for each layer in the multi-layer scale and the 
“intrinsic” constants that would be observed if a single-layer of each individual oxide had 
formed. 
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Figure 45: Schematic representation of the reactions and transport processes associated 
with the formation of calcium aluminate from CaO and thermally grown Al2O3. 

 
Published studies of calcium aluminate growth mostly concern powders, and the 

reported rate constants tend to vary significantly depending on the starting materials and 
the method used to assess the results. In the absence of consistent data in the literature, the 
present analysis will rely on experimental data obtained here. The following considers the 
relationship between the constants measured for Al2O3 and CxAy in the multi-layer 
structure and the constant for individual Al2O3 growth, measured in the absence of a 
deposit. Since the stoichiometry and relative thicknesses of the aluminates do not affect the 
flux of oxygen used for the oxidation reaction, the aluminate layers are gathered into a 
single layer of average stoichiometry CxAy. Its thickening kinetics are described in 
accordance with the parabolic rate law 

d𝑌

d𝑡
=

𝑞′

𝑌
 

(6) 

where Y is the thickness of CxAy in the Al2O3-CxAy scale, and q’ is the associated parabolic 
constant. Since Y(t=0)=0, Eq. (6) yields 

𝑌2 = 2𝑞′𝑡 (7) 
Considering the mass balance underlying Eq. (3), the destruction term is written 

(d𝑋)d

d𝑡
= −

𝑦𝑉Al2O3

𝑉CxAy

d𝑌

d𝑡
 

(8) 

where Vi is the molar volume of phase i. Using the TGA data of Figure 42, it can be shown 
that in the steady-state regime established in the absence of a deposit, Al2O3 grows 
according to parabolic kinetics. Previous findings discussed in Ref. [88] show that the rate-
limiting step is grain-boundary diffusion of O2- (or Al3+). This still holds when there is 
concurrent CxAy formation, so long as the alloy can provide sufficient Al to sustain Al2O3 
growth. Inasmuch as the constitution and predominant structure of Al2O3 grain boundaries 
remain unchanged, the instantaneous growth rate in a situation of production-destruction 
is inversely proportional to the oxide thickness, with the same constant as in the absence of 
a deposit. Thus the production term is written 
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(d𝑋)p

d𝑡
=

𝑝

𝑋
 

(9) 

where X is the thickness of Al2O3 in the Al2O3-CxAy scale and p is the parabolic constant 
measured in a situation for exclusive oxidation. 

The net Al2O3 growth is obtained by adding the two contributions: 
d𝑋

d𝑡
=

(d𝑋)p

d𝑡
+

(d𝑋)d

d𝑡
=

𝑝

𝑋
−

𝑦𝑉Al2O3

𝑉CxAy

𝑞′

𝑌
 

(10) 

or, using Eq. (7), 
d𝑋

d𝑡
=

𝑝

𝑋
− 𝛼

𝑞′

√2𝑞′𝑡
 

(11) 

where 𝛼 =
𝑦𝑉Al2O3

𝑉CxAy

. This equation is solved to yield 

 𝑋2 = 2𝑝′𝑡 

𝑝′ =
1

2
[2𝑝 + 𝛼2𝑞′ − 𝛼√𝑞′(4𝑝 + 𝛼2𝑞′)] 

(12) 

The form of Eq. (11) allows for another solution 𝑝′′ =
1

2
[2𝑝 + 𝛼2𝑞′ + 𝛼√𝑞′(4𝑝 + 𝛼2𝑞′)], 

with p’ < p < p’’. Since Al2O3 is being consumed by the reaction with the aluminate, p’ is the 
appropriate solution. Noting that Al2O3 and CxAy have the same Al/O ratio, the same 
expression for p’ can be obtained from the general equations given by Yurek et al. [83]. 
Based on that treatment, the relationships between the constants measured in the Al2O3-
CxAy scale and the constants for individual Al2O3 and CxAy growth are 

𝑝′ =
𝑝

1 + 𝛼
𝑌
𝑋

 (13) 

𝑞′ =
𝑞

1 +
1
𝛼

𝑋
𝑌

 (14) 

with the ratio of layer thicknesses in the multi-layer structure given by 
𝑌

𝑋
= 𝛼

𝑞

𝑝
 

(15) 

 
The analysis is now applied to the reactions of Ni-20Co-16Cr-23Al-0.1Y and Ni-30Co-

33Cr-12Al-0.1Y. For each alloy, the intrinsic oxidation rate p is arrived at by fitting the TGA 
data measured with no CaO (Figure 42), while q’ is determined from CxAy thickness 
measurements after 5, 25, 50 and 250 h exposures (Figure 46). The ratio 𝛼 = 𝑦𝑉Al2O3

𝑉CxAy
⁄  

is calculated as the average of values obtained for CA and CA2, which were found by SEM-
EDS to constitute most of the CxAy. Values of p’ calculated with Eq. (12) are shown in Table 
7, together with constants obtained from direct measurement of Al2O3 thickness in Al2O3-
CxAy scales (Figure 46). The latter are seen to be within an order of magnitude but 
significantly smaller than those obtained indirectly via Eq. (12), especially for the β-rich 
alloy. This will be discussed subsequently. 
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Figure 46: Thickness of CxAy and Al2O3 layers, and of β dissolution zone, measured after 
exposure of β-rich Ni-19Co-15Cr-24Al-0.1Y to CaO in dry air at 1100 °C. (a) micrographs; 
(b) parabolic plot. Alumina thickness and β dissolution depth measured in the same 
conditions without deposit are shown for comparison. 

 
 

Table 7: Parabolic constants (10-14 cm2 s-1) for CxAy growth, and Al2O3 growth with and 
without CaO deposit, obtained from thickness or TGA measurements (see text for details). 
 

  Ni-19Co-15Cr-24Al-0.1Y Ni-30Co-33Cr-12Al-0.1Y 

Al2O3 thickness  p’ 0.41 1.9 

TGA (no deposit) p 11 13 

CxAy thickness  q’ 83 80 

Eq. (12) p’ 2.7 3.7 

TGA (with deposit) r’ 25 24 

Eq. (22) p’ 4.5 6.9 

 
 
After evaluating reaction kinetics based on direct thickness measurements, p’ is now 

calculated using TGA data (Figure 42), which also reflect the rate at which the Al2O3 layer 
thickens. According to the description adopted here and represented in Figure 45, the 
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weight gain per unit of surface area recorded during an exposure to CaO corresponds to the 
oxygen uptake necessary for Al2O3 production: 

d𝑚

d𝑡
=

d𝑚O

d𝑡
=

(d𝑚O)p

d𝑡
 

(16) 

No net weight gain arises from CxAy growth, as the Ca and O forming the x CaO units come 
from the CaO deposit, and the Al and O forming the y Al2O3 units come from the existing 
Al2O3 layer. The net oxygen uptake is related to the quantity of Al2O3 produced through the 
mass balance underlying Eq. (5): 

1

𝑀O

(d𝑚O)p = (d𝑛O)p = 3(d𝑛Al2O3
)

p
 

(17) 

where MO is the atomic weight of oxygen. Combining Eqs. (16) and (17), and converting the 
quantity of Al2O3 produced into an equivalent thickness, one obtains 

d𝑚

d𝑡
=

3𝑀O

𝑉Al2O3

(d𝑋)p

d𝑡
 

(18) 

Using the TGA data of Figure 42, one can show that at steady-state, weight uptakes of both 
Ni-20Co-16Cr-23Al-0.1Y and Ni-30Co-33Cr-12Al-0.1Y in the presence of CaO obey a 
parabolic law 

𝑚2 = 2𝑠′𝑡 (19) 
where s’ is the gravimetric rate constant. It follows from Eq. (18) that Al2O3 production also 
obeys parabolic kinetics, which is written 

(d𝑋)p

d𝑡
=

𝑟′

√2𝑟′𝑡
 

(20) 

where 𝑟′ = 𝑠′ (
𝑉Al2O3

3𝑀O
)

2

 is the parabolic constant related to the rate at which Al2O3 thickens 

by oxidation of the alloy in the Al2O3-CxAy structure. This production rate is inversely 
proportional to the layer thickness, Eq. (9), which yields 

𝑝

𝑋
=

𝑟′

√2𝑟′𝑡
 

(21) 

Considering that X(t=0)=0, Eq. (21) is solved to provide 
 𝑋2 = 2𝑝′𝑡 

𝑝′ =
𝑝2

𝑟′
 

(22) 

Thus p’ can be calculated from r’ and p, which are obtained by fitting TGA data recorded 
with and without CaO deposit, respectively. The results are seen in Table 7 to be in 
reasonable agreement with those obtained with Eq. (12), although slightly higher. 

Two observations should be made from the p’ values presented in Table 7. First, for a 
given alloy, a significant discrepancy exists between the values obtained with the three 
methods used. This is particularly the case for the β-rich alloy, where the value 
corresponding to direct thickness measurements is much lower than the calculated values. 
The difference is beyond possible experimental errors, and must instead reflect the 
incomplete satisfaction of the limiting assumptions made here. First, analysis by SEM-EDS 
showed small amounts (1-2 at. %) of chromium in the CxAy, and of aluminum in the LCaCrO. 
This slightly affects the mass balance underlying Eq. (12) and the interpretation of the TGA 
data, via Eq. (17). Furthermore, some aspects of the complexities associated with Al2O3 
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growth were not accounted for in the present analysis. For instance, one aspect is related to 
the choice of boundary conditions: the oxygen activity at the Al2O3 surface was assumed to 
be the same whether calcium aluminates form or not, although some 𝑝O2

 gradient probably 

exists across the layers in the Al2O3-CxAy scale. This arguably does not affect p’ significantly, 
inasmuch as Al2O3 predominantly exhibits n-type behavior, and its growth rate is little 
affected by the external 𝑝O2

 [88]. Further, oxidation both with and without CaO involves a 

transient stage, as shown by the TGA data in Figure 42, which possibly comprises the 
formation of metastable Al2O3 polymorphs, base-metal oxides or LCaCrO prior to the 
establishment of α-Al2O3 and CxAy layers. One can show that the extent of these processes 
does not directly affect the thickening rate achieved during steady-state. (Specifically, using 
equations of the form (𝑥 − 𝑥𝑖)

2 = 2𝑘(𝑡 − 𝑡𝑖) or 𝑥2 − 𝑥𝑖
2 = 2𝑘(𝑡 − 𝑡𝑖) to describe Al2O3 or 

CxAy growth does not change the expression giving p’ in Eq. (12) for sufficiently long 
reaction times.) However, in accordance with the analysis of Brumm and Grabke [78], 
aspects of transient oxidation such as the time needed for the θ→α transformation do have 
an influence on the microstructure of Al2O3, in particular its grain size, and therefore affect 
growth rates observed on the longer term. In this respect, because of the p-type nature of θ-
Al2O3 [89, 90, 91], a reduced 𝑝O2

 at the oxide surface in the presence of CxAy could have an 

indirect effect on the α-Al2O3 eventually established, by slowing the growth of the 
metastable polymorph. Due to its high reactivity, the presence of CaO certainly had an 
impact on the transient stage of the reaction, as evident in Figure 42, although potential 
effects on Al2O3 microstructure were beyond the scope of this investigation. 

A second observation arising from the data gathered in Table 7 is that a significant 
difference exists between the p’ values obtained for the two alloys, which is not accounted 
for in the present analysis. This is most evident when considering p’ from direct Al2O3 
thickness measurements. Similarly, the CxAy-to-Al2O3 thickness ratio, while approximately 
constant with time for each alloy as expected for diffusion-controlled growth processes, 
was found to be quite different for the two alloys: 12.8 ± 0.8 for Ni-20Co-16Cr-23Al-0.1Y, 
versus 6.2 ± 0.2 for Ni-30Co-33Cr-12Al-0.1Y. This could possibly be due to a difference in 
the constitution of the CxAy scale, as varying relative thicknesses would affect the average 
scale stoichiometry. This could not be assessed with sufficient accuracy because of the non-
uniform, locally rumpled morphology of the reaction product. Another potential effect is 
related to the presence of liquid calcium chromate. In the case of the γ-rich alloy, the 
calcium and oxygen required for CxAy and Al2O3 growth must be provided by the LCaCrO 
which forms a thick and continuous layer. If ionic transport in the liquid is not sufficiently 
rapid, it could limit the rate of CxAy growth, and allow a relatively thicker Al2O3 to persist. 
Furthermore, a slow transport would also involve a local chromium enrichment in the 
liquid, and, since the latter occupies a small composition range at 1100 °C (Figure 41b), this 
could result in the precipitation of CaCr2O4. The phase transformation would involve a 
partial reduction of chromium (the liquid contains a mixture of Cr III and Cr VI, while 
CaCr2O4 contains only Cr III), which would affect oxygen both in the mass balance 
underlying Eq. (12) and in the interpretation of the TGA data, via Eq. (16). Again the 
constitution of the LCaCrO could not be characterized with the degree of accuracy required 
because of experimental limitations. 

Overall, the present results indicate that beyond a reduction in thickness, the growth 
mechanism of Al2O3 is affected by the reaction with CaO. The details of the associated 
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processes, as well as the role played by alloy composition, are outside the scope of the 
present work and deserve further investigation. Yet, the present analysis is useful in that it 
provides a semi-quantitative evaluation of the effect of CaO on the rate of Al consumption. 
In essence, as Al2O3 reacts to form CxAy, its thickness is reduced, and so is its ability to act as 
a diffusion barrier: the instantaneous oxidation rate p/X increases. This rate is expressed as  

(d𝑋)p d𝑡⁄ = 𝑝 √2𝑝′𝑡⁄ , and since 𝑝′ < 𝑝, it is indeed larger than its CaO-free counterpart, 

𝑝 √2𝑝𝑡⁄ . Another metric that can be used to characterize Al consumption is the rate of β 

dissolution. Due to the larger oxidation rate, β is dissolved at a greater rate in the presence 
of CaO, as seen in Figure 46. Extrapolation of the observed kinetics provides an estimation 
of the time needed for β depletion over half the thickness of a typical 7.5 mil (190 µm) 
bondcoat: 16,000 h in the presence of CaO, versus 31,000 h in a situation of pure oxidation. 
Of course this estimate is an extreme, as it corresponds to the case where the bondcoat 
would continuously be in contact with a CaO-rich fly ash at 1100 °C. At this temperature, 
interdiffusion with the superalloy substrate would probably more relevant as a limiting 
factor. Furthermore, the present experiments showed that calcium aluminate scales were 
particularly prone to spallation upon cooling. In an actual gas turbine where maintenance 
periods impose some amount of thermal cycling, the presence of CaO-rich fly ash in contact 
with the bondcoat would potentially cause even more damage, as spallation of the 
corrosion product would expose an Al-depleted coating, which would then be particularly 
subject to liquid calcium chromate formation. 

 
3.2.3.3 Effect of gas composition and temperature on reaction with CaO 
 

Advancing toward more complex exposure conditions, the γ-rich alloy Ni-30Co-27Cr-
12Al-0.1Y was used in a series of experiments involving Al2O3-40 wt. % CaO deposits. In 
CO2-H2O-O2 at 1100 °C, the alloy formed CxAy and Al2O3 layers, but no calcium chromate 
(Figure 47a). This is attributed to the lower alloy Cr content (27 at. %, versus 33 at. % for 
the alloy studied in Section 3.2.3), and to the presence of Al2O3 in the deposit itself, which 
partially neutralized CaO by forming calcium aluminates. Based on the results presented in 
Section 3.2.2, the presence of CO2 and H2O in the gas is deemed to not have played a 
significant role. Changing the gas to O2-SO2, however, suppressed the formation of calcium 
aluminates. As shown in Figure 47b, small amounts of Cr and Co oxides were found mixed 
with the deposit, but the Al2O3 scale was not found to have reacted and overall no 
significant alloy consumption occurred. This can be understood by considering the relative 
stability of calcium sulfate and calcium aluminate in the presence of SO3. As seen in the 
predominance diagram of Figure 48, CaO is not stable in the O2-SO2 mixture of interest. 
Furthermore, CaSO4 is more stable than most calcium aluminates. Only one of the 
displacement reactions, 

CaSO4 + 6Al2O3 = CA6 + SO3 (23) 
is thermodynamically possible, but it involves an Al2O3-rich compound which was not 
previously seen to grow significantly fast – this would result in minimal Al2O3 destruction. 
Essentially, CaO has been neutralized because of the pronounced stability of CaSO4 in the 
SO3-containing atmosphere. 
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Figure 47: Reaction morphology observed after 50 h exposure of γ-rich Ni-30Co-27Cr-12Al-
0.1Y to Al2O3-CaO in (a) CO2-H2O-O2 and (b) O2-SO2 at 1100 °C. 
 

 
Figure 48: Predominance diagram (log pSO3 vs temperature) for calcium oxide, aluminates 
and silicate versus calcium sulfate, based on the general displacement reaction: 
xCaSO4 + yA = CxAy + xSO3. Cement notation employed: C = CaO, S = SiO2, A = Al2O3. Also 

includes equilibrium pSO3 in O2-0.1SO2. All results were obtained from data in HSC software 
[92]. 
 

Reaction of the same alloy with Al2O3-CaO in the SO3-free mixture CO2-H2O-O2 at 
900 °C resulted in a situation of non-selective oxidation, where significant amounts of 
(Ni,Co)O oxide were formed, and no passivation was observed after 50 h. As shown in 
Figure 49, an Al-rich oxide layer is present at the base of the corrosion product, but 
protrusions grow inward into the alloy: the alloy/Al2O3 interface is not kinetically stable. In 
the absence of a CaO deposit, oxidation of this alloy at 900 °C led to the formation of an 
Al2O3 scale surmounted by a layer of mixed Cr-Co-Ni oxide, and, locally, of shallow (~1 µm 
deep) Al2O3 protrusions. Furthermore, the θ→α transformation was not complete after 50 
h. Surface PSLS characterization (not shown here) showed that while most of the surface 
consisted of α-Al2O3, a significant fraction was still predominantly θ. 
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Figure 49: Reaction morphology observed after 50 h exposure of γ-rich Ni-30Co-27Cr-12Al-
0.1Y to Al2O3-CaO in CO2-H2O-O2 at 900 °C. 

 
In order to rationalize the alloy failure to form and maintain an external Al2O3 scale 

when exposed to Al2O3-CaO at 900 °C, it is useful to consider Wagner’s [93] criterion for 
sustained Al2O3 growth. Briefly, this is based on the principle that external Al2O3 growth can 
be sustained so long as the outward Al flux in the metal at the interface with the oxide 
equals the flux required for the oxide to grow. A maximum flux is obtained in the alloy when 
the interfacial Al content is set to zero. This defines the minimum bulk concentration for 
external Al2O3 growth, 𝑁Al

∗ . Under the assumptions of parabolic oxidation kinetics and of a 
constant Al diffusion coefficient in the alloy (𝐷Al) in the composition range of interest, 𝑁Al

∗  is 
given by [93] 

𝑁𝐴𝑙
∗ = 𝐹 (√

1

2

𝑘c

𝐷Al 
) (24) 

where F is the auxiliary function defined by 𝐹(𝑢) = √𝜋𝑢(1 − erf 𝑢) exp(𝑢2) and kc the 
parabolic constant for metal recession, defined by 𝑑2 = 𝑘c𝑡 with d the depth of the 
metal/oxide interface relative to the original alloy surface. In a situation of individual Al2O3 
growth, the mass balance on the Al contained in the oxide scale is written 

2𝑋

𝑉Al2O3

=
𝑑

𝑉a
 (25) 

with Va the molar volume of the alloy, which yields a simple relationship between kc and p 

𝑘𝑐 = (
2𝑉a

𝑉Al2O3

)

2

𝑝 (26) 

and  

𝑁𝐴𝑙
∗ = 𝐹 (

2𝑉a

𝑉Al2O3

√
𝑝

 2𝐷Al
) (27) 

Ihen Al2O3 reacts with CaO to form calcium aluminates, Eq. (25) becomes 
2𝑋

𝑉Al2O3

+
2𝑦𝑌

𝑉CxAy

=
𝑑

𝑉a
 (28) 

Using Eqs. (7) and (12), Y can be written 
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𝑌 =
𝑉CxAy

𝑦𝑉Al2O3

(√2
𝑝2

𝑝′
𝑡 − 𝑋) (29) 

and the relationship giving kc from measurable constants becomes 

𝑘c = (
2𝑉a

𝑉Al2O3

)

2
𝑝2

𝑝′
 (30) 

which finally yields 

𝑁Al
∗ = 𝐹 (

2𝑉a

𝑉Al2O3

 √
𝑝2/𝑝′

2𝐷Al
) (31) 

A comparison between Eqs. (26) and (30), or Eqs. (27) and (31), shows that changing from 
an individual Al2O3 scale to a multi-layer Al2O3-CxAy scale amounts to replacing p by 𝑝2/𝑝′ 
when considering the flux of Al incorporated in the reaction product. 
 This analysis is now used to study the effect of a varying temperature on the reaction 
of Ni-30Co-27Cr-12Al-0.1Y with Al2O3-CaO deposits. No measured value of p or p’ is 
available for this alloy; instead,  𝑁Al

∗  is evaluated as follows. The constant p is taken from 
data by Brumm and Grabke [78] for α and θ-Al2O3 growth on NiAl-Cr alloys, using activation 
energies of 350 and 231 kJ/mol, respectively. In the absence of direct data, q is first 
calculated at 1100 °C from Eqs. (14) and (15) using q’ measured here for Ni-30Co-33Cr-
12Al-0.1Y (Table 7) and p for α-Al2O3 in Ref. [78]. Activation energies reported in the 
literature for the growth of calcium aluminates vary widely [79], with most values in the 
150-250 kJ/mol range [81]; the median 200 kJ/mol is used here, in good agreement with 
results reported in Refs. [80, 94]. Values of q at varying temperatures are then calculated 
from q at 1100 °C, based on the Arrhenius equation. Constants p’ and q’ are then obtained 
for each of α and θ-Al2O3 using Eqs. (13) to (15) and the constants for individual Al2O3 (p) 
and CxAy (q) growth. Interdiffusion in a 5-component, 2-phase alloy system is complex. 
Since β is quite rapidly depleted from the subsurface of the γ-rich alloys, only diffusion in γ 
is considered. Nesbitt and Heckel [95] published experimental interdiffusion data for the 
ternary Ni-Cr-Al system, including a regression equation allowing interdiffusion coefficients 
to be calculated as a function of alloy composition. Chromium concentration gradients were 
seen to have little effect on Al diffusion, such that the main term 𝐷̃Al,Al

Ni   was prevalent. At 

1100 °C, replacing Co by Ni and ignoring Y, one calculates 𝐷̃Al,Al
Ni = 3.4 × 10−10 cm2 s-1 for 

the nominal composition (27Cr, 12Al), and 𝐷̃Al,Al
Ni = 1.1 × 10−10 cm2 s-1 for an alloy fully 

depleted of its Al. Equation (31) is based on a constant diffusion coefficient; the average 
value 𝐷̃Al,Al

Ni = 2 × 10−10 cm2 s-1 is chosen as an approximation. This value is consistent with 

other experimental and calculated values for dilute NiCrAl alloys at 1100 °C gathered in Ref. 

[96]. The activation energy for 𝐷̃Al,Al
Ni , 288 kJ/mol, is taken from Ref. [95]. 

Minimum Al concentrations calculated using Eq. (31) are plotted as a function of 
temperature in Figure 50 for both α and θ-Al2O3 growth, with and without CaO reaction. All 
predicted 𝑁Al

∗  values are below the alloy nominal Al content (12 at. %). Considering α-Al2O3 
at 1100 °C, the reaction with CaO leads to a relatively small increase of 𝑁Al

∗ , from 1.2 at. % 
with no deposit to 2.8 at. % with CaO. This is consistent with the observed ability of Ni-
30Co-27Cr-12Al-0.1Y to maintain an external Al2O3 layer at this temperature. For α-Al2O3 
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reaction with CaO, the 900 °C value of 𝑁Al
∗ , 4.9 at. %, is higher than the 1100 °C value, but 

still relatively low. This indicates that the decrease in the alloy diffusion rate is partly 
compensated by the slowing of diffusion in Al2O3 and CxAy. However, PSLS measurements 
showed that θ-Al2O3 was still present in significant amounts after 50 h at 900 °C, which 
suggests that the metastable polymorph controlled the oxidation rate for an extended 
period at this temperature. Indeed, several investigators [77, 78] have shown that a 
temperature decrease from 1100 to 900 °C considerably delayed the θ→α transition. The 
value of 𝑁Al

∗  calculated for θ-Al2O3 reaction with CaO at 900 °C, 8.1 at. %, is significantly 
higher than that obtained for α-Al2O3. 

 

 
Figure 50: Minimum bulk Al content to maintain external Al2O3 growth with and without 
CaO reaction as a function of temperature. Calculated from Eqs. (27), (31), and parameters 
described in text. 

 
Uncertainties in the activation energies and the limiting assumptions used here are 

such that predicted 𝑁Al
∗  values should be regarded as rough estimates. Nevertheless, the 

trends are valid and indicate that reaction with CaO will be significantly more severe in 
terms of Al consumption, relative to its availability at the metal/oxide interface, at 900 °C 
than at 1100 °C. This is mainly due to the persistence of θ-Al2O3 at the lower temperature. 
These observations are consistent with the observed failure of Ni-30Co-27Cr-12Al-0.1Y to 
passivate in the presence of CaO at 900 °C. 
 The above analysis neglects the multi-phase nature of the alloys studied here. 
Compositional changes in oxidizing multi-phase alloys have been studied in the past [97, 
98, 99]. Applying a diffusional analysis to β-γ alloys shows that for a given bulk 
composition, the interfacial aluminum flux in steady-state conditions is greater when γ 
contains more Al and the volume fraction of β is correspondingly smaller. This is 
particularly evident using the analytical method of Ref. [97], as the minimum bulk 
concentration to maintain Al2O3 scaling according to Wagner’s criterion, i.e., 𝑁Al

∗  in Eq. (24), 
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is to be replaced by the expression √𝑁Al
γ

[𝑁Al
γ

+ 2𝑓𝛽(𝑁Al
β

− 𝑁Al
γ

)] , where 𝑁Al
𝑖  is the Al mole 

fraction in phase i and fβ is the volume fraction of β. In the case of the Ni-30Co-27Cr-12Al-
0.1Y alloy, as the temperature decreases, fβ increases, which is compensated by a decrease 
in 𝑁Al

γ
, from 9.7 at. % at 1100 °C to 7.3 at % at 900 °C (measured by SEM-EDS). This results 

in a reduced interfacial Al flux, and further weighs against the alloy ability to sustain Al2O3 
growth at the lower temperature. 

To conclude this series of experiments using Al2O3-CaO deposits, the Ni-30Co-27Cr-
12Al-0.1Y alloy was reacted in O2-SO2 at 900 °C. As shown in Figure 51a, the alloy 
developed locally different reaction morphologies, which reflect an evolution consistent 
with that identified in the case of class C ash at 1100 °C (see Section 3.2.2): inward growth 
of Al2O3 protrusions from an initially protective scale, formation of an outer Cr-rich oxide 
layer and of a new Al2O3 layer across the base of the protrusions, oxidation of the metal 
located above the passive layer. In some regions however, no continuous Cr-rich oxide layer 
is present, and the mixed oxide contains significant amounts (3-5 at. %) of Ca and S. In 
these regions the passive layer locally shows early signs of disruption (small protrusions 
and internal oxide particles), indicating that an active, non-protective type of corrosion 
could possibly persist. In the gas of interest at 900 °C, CaSO4 is much more stable than any 
calcium aluminate (see Figure 48). The process of Al2O3 disruption does not then involve a 
displacement reaction like Eq. (23), but rather the formation of another type of compound, 
possibly a mixed sulfate. Indeed, in an experiment carried out in the same conditions but 
directly using CaSO4 as the deposit, a distinct yet undefined phase was formed of 
approximate composition (at. %) 10Al-10Cr-4Ca-5S-71O, and the alloy showed signs of 
non-selective oxidation (Figure 51b). The mixed oxide regions growing below the original 
alloy surface were seen to be Al- and Cr-rich, with significant sulfur enrichment. These 
features are characteristic of a hot corrosion type of attack, even though no liquid phase is 
known to exist in this system at this temperature. Further investigations are needed to 
better comprehend this CaSO4-induced attack. 
 
 

  
Figure 51: Reaction morphology observed after 50 h exposure of γ-rich Ni-30Co-27Cr-12Al-
0.1Y to (a) Al2O3-CaO and (b) CaSO4 in O2-SO2 at 900 °C. 
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3.2.4 Reaction with oxide, sulfate, and oxide-sulfate mixtures 

 
The preceding sections were focused on degradation modes induced by CaO and 

CaSO4. The scope is now extended to various oxide-sulfate mixtures, with the aim of 
identifying the key aspects of corrosion by industrial fly ash. It is first noted that while 
reaction with class-C ash in dry air at 1100 °C produced significant degradation (Figure 36), 
exposure to either a deposit of the same composition with no sulfate, or to Na2SO4 alone, in 
the same conditions, resulted in exclusive Al2O3 scaling. Similarly, no attack was observed 
when using a series of mixtures based on a SiO2-rich composition similar to class F fly ash 
(50SiO2-25Al2O3-10CaO-10Fe2O3-5MgO, in wt. %), prepared with the addition of K2SO4 
(Figure 52a), or with increasing CaO contents (up to 46 wt. %, Figure 52b), the other 
constituents being held in a constant ratio. We thus observed that in isothermal conditions 
at 1100 °C, external Al2O3 was readily established and maintained in the presence of most 
realistic ash mixtures. Cases of Al2O3 failure were specific to γ-rich alloys contacted with 
deposits combining some sulfate and a high CaO concentration. 

 

  
Figure 52: Reaction morphology observed after 50 h exposure of γ-rich Ni-30Co-30Cr-12Al-
0.1Y to (a) SiO2-24Al2O3-10CaO-10Fe2O3-5MgO-5K2SO4 and (b) SiO2-15Al2O3-46CaO-
6Fe2O3-3MgO in dry air at 1100 °C. Deposit compositions in wt. %. 

 
In order to refine this preliminary observation, a variety of ash mixtures were 

prepared by combining the following “building blocks”: an acidic oxide (Al2O3 or SiO2), a 
basic oxide (CaO or MgO) and a sulfate (Na2SO4). Since the gas 𝑝SO3

 was found to play a 

significant role during reaction with CaO/CaSO4, experiments were conducted in an SO3-
free gas (CO2-H2O-O2) and in O2-SO2, at 900 and 1100 °C. The γ-rich Ni-30Co-27Cr-12Al-
0.1Y alloy was used for all exposures. This represents a large amount of experimental 
results; the most significant are presented here. 

Reaction in CO2-H2O-O2 at 1100 °C is considered first. Taking the results obtained 
with Al2O3-CaO (Figure 47) as a baseline, it is found that adding 30 wt. % SiO2 at the 
expense of Al2O3 suppresses calcium aluminate formation. Transient oxidation of Cr, Co and 
Ni was more important with Al2O3-SiO2-CaO than in the absence of a deposit, but no sign of 
reaction with the thermally grown Al2O3 scale was found (Figure 53a). Analysis of the 
deposit after exposure showed that CaO had preferentially reacted with SiO2 to form 
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CaSiO3. This is due to the greater stability of the silicate, compared to the aluminates (Table 
8). The addition of 10 wt. % Na2SO4 to this oxide mixture, however, resulted in significant 
degradation (Figure 53b), as the alloy developed a reaction morphology much alike that 
observed with class C ash. 

 
Table 8: Standard free energy of formation of calcium silicates and aluminates per unit CaO, 
ΔrG0 (kJ/mol-CaO). Cement notation employed: C = CaO, S = SiO2, A = Al2O3. Data from HSC 
Chemistry [92]. 

 

T (°C) 900 1100 

Calcium silicates 
CS -90.8 -90.7 
1/2 C2S -69.0 -70.7 
1/3 C3S -43.6 -45.0 
1/3 C3S2 -82.8 -83.6 

Calcium aluminates 
CA -42.0 -45.8 
CA2 -54.5 -60.6 
CA6 -72.1 -83.1 
1/2 C2A -6.5 -6.8 
1/3 C3A -18.4 -21.2 
1/12 C12A7 -29.0 -32.9 

 
 

  
Figure 53: Reaction morphology observed after 50 h exposure of γ-rich Ni-30Co-27Cr-12Al-
0.1Y to (a) Al2O3-30SiO2-40CaO and (b) Al2O3-25SiO2-40CaO-10Na2SO4 in CO2-H2O-O2 at 
1100 °C. Deposit compositions in wt. %. 

 
Similar observations were made after reaction in the O2-SO2 atmosphere: no calcium 

aluminates were formed, and exposure to the Al2O3-SiO2-CaO-Na2SO4 deposit also produced 
significant corrosion (Figure 54). It is noted however that in the latter case, the reaction 
product was different from that formed in CO2-H2O-O2. In the SO3-containing gas, the Al2O3 
layer at the base of the corrosion product was interrupted by Cr-rich sulfides, also present 
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as internal particles in the alloy. The rest of the scale was a multiphase mixture composed 
of Cr-rich oxide and ash constituents. Overall, the extent of corrosion was more important 
than in the SO3-free gas. In particular, (i) no Cr-rich oxide layer was developed in the outer 
part of the corrosion product, which allowed the ash to contact the alloy, and (ii) sulfidation 
at the metal/oxide interface seemed to hamper repassivation. Remarkably, reaction with 
Al2O3-Na2SO4 and Al2O3-CaO-Na2SO4 mixtures in O2-SO2 did not cause non-selective 
oxidation. This indicates that while the presence of Na2SO4 in the deposit is necessary to 
trigger Al2O3 failure at 1100 °C, the composition of the oxide mixture associated with the 
sulfate is also very important. In particular, some SiO2 must be present for the attack to 
proceed. 

 

 
Figure 54: Reaction morphology observed after 50 h exposure of γ-rich Ni-30Co-27Cr-12Al-
0.1Y to Al2O3-25SiO2-40CaO-10Na2SO4 in O2-SO2 at 1100 °C. Deposit composition in wt. %. 

 
Regarding the role of gaseous sulfur, it is noted that the corrosion products peeled off 

from most of the alloy surfaces during cooling after exposures in O2-SO2. This also occurred 
in CO2-H2O-O2, but to a lesser extent. In addition, in O2-SO2, internal yttrium sulfides and 
oxy-sulfides were found in the reacted alloys. The detrimental effects of sulfur, in terms of 
neutralizing reactive elements and weakening the metal-oxide interface, are well known 
[100]. Spalled regions were left unoxidized, which indicates that delamination occurred 
during cooling, and did not affect the nature of the corrosion products in the isothermal 
experiments reported here. 

Now turning to experiments conducted in O2-SO2 at 900 °C, reaction with Al2O3-CaO is 
again used as a baseline, where CaO conversion to CaSO4 caused non-selective oxidation 
(Figure 51a). As shown in Figure 55a, substituting SiO2 for Al2O3 in the deposit did not 
prevent Al2O3 failure. Despite the relatively high stability of calcium silicate, calcium sulfate 
is more stable in the O2-SO2 mixture used here at 900 °C (Figure 48), and was therefore not 
neutralized by SiO2. The addition of Na2SO4 did not significantly affect the ash reactivity, as 
exposures to SiO2-CaO, Al2O3-SiO2-CaO-Na2SO4 (Figure 51b), and class C fly ash (not shown 
here) all produced the same non-selective oxidation morphology. Thus what is found to 
cause Al2O3 failure and govern the corrosion process is CaSO4, produced by conversion of 
CaO in the deposit. As mentioned in Section 3.2.3.3, direct exposure to a CaSO4 deposit did 
not quite yield the same reaction morphology, as a hot corrosion type of attack was 
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observed (Figure 51b). The presence of more acidic oxides (Al2O3, SiO2) alongside CaSO4 
seems to have enhanced the sulfate reactivity toward the thermally grown Al2O3. 

 

  
Figure 55: Reaction morphology observed after 50 h exposure of γ-rich Ni-30Co-27Cr-12Al-
0.1Y to (a) SiO2-40CaO and (b) Al2O3-25SiO2-40CaO-10Na2SO4 in O2-SO2 at 900 °C. Deposit 
compositions in wt. %. 

 
Type I hot corrosion experiments are typically done using Na2SO4 as the deposit, 

which is liquid at 900 °C. The γ-rich alloy used here was found not to be sensitive to this 
type of attack; as shown in Figure 56a, exposure to Na2SO4 produced small scattered 
protrusions of S-containing Al-Cr oxide, but overall the degradation was not significant. 
This was also found to be the case after exposure to a SiO2-Na2SO4 mixture (not shown 
here). However, quite remarkably, exposure to Al2O3-Na2SO4 did trigger a hot corrosion 
type of attack, as internal Cr-rich sulfides developed in the alloy, and the main corrosion 
product was a mixed oxide-sulfate scale (Figure 56a). Solubility measurements by Rapp and 
coworkers [54] showed that at 927 °C, Al2O3 dissolved in liquid Na2SO4 according to a basic 
process, which may be written as 

Al2O3 + O2− = 2AlO2
− (32) 

The solubility limit depends on the local 𝑝SO3
 but is rather small – of the order of 500 ppm 

mol Al/mol Na2SO4 in the gas mixture of interest. Thus mixing Na2SO4 in a large excess of 
Al2O3, as was done here, has the effect of increasing the melt acidity, and saturating it with 
aluminate ions AlO2

−. In these conditions, the melt is not expected to dissolve a thermally 
grown Al2O3, and failure to establish an Al2O3 scale must involve some reaction of the melt 
with transient oxides. Chromium was found to be present in the corrosion product. 
However, since Cr2O3 and Al2O3 are both subject to basic dissolution in the conditions of 
interest [101], the acidification of the melt by dissolution of one would reduce the driving 
force for dissolution of the other – no phenomenon of synergistic dissolution, as 
documented by Hwang and Rapp for the Fe2O3-Cr2O3 couple [102], is expected. 
Understanding the reasons why the Ni-30Co-27Cr-12Al-0.1Y alloy failed to establish a 
protective Al2O3 scale in an Al2O3-Na2SO4 mixture, but succeeded when contacted to Na2SO4 
or SiO2-Na2SO4, will require further investigation of the complex interactions governing 
molten sulfate chemistry. This would be helpful with regards to Na2SO4-induced hot 
corrosion, but, as shown in the present work, is also relevant to CaSO4-induced attack. 
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Figure 56: Reaction morphology observed after 50 h exposure of γ-rich Ni-30Co-27Cr-12Al-
0.1Y to (a) Na2SO4 and (b) Al2O3-10Na2SO4 in O2-SO2 at 900 °C. Deposit composition in 
wt. %. 

4 Conclusions and Future Work 

Cyclic testing of APS TBCs with deposits in controlled gas atmospheres was shown to 
severely reduce TBC lifetime. Two different types of 7YSZ top coats commonly used in land-
based turbines were tested. The failure of the YSZ top coat was caused by infiltration of ash 
constituents that resulted from liquid formation at 1100°C. Liquid K2SO4 was responsible 
for the transport of ash constituents into the porous top coat during exposure at high 
temperature. When a TBC cooled on thermal cycling, the infiltrated species solidified and 
changed the compliance of the YSZ. The exact mechanisms of the infiltration depended on 
deposit chemistry, but the overall effect was to reduce strain tolerance and increase elastic 
modulus which promoted early spallation of the top coat.     
 Top coat microstructure influenced deposit-induced attack on TBCs. The DVC top 
coats were more resistant to the infiltration compared to HPLD coatings. The relatively 
dense microstructure of the DVC coating was less susceptible to liquid infiltration. Also, the 
absence of horizontal splat boundaries did not provide easy pathways for crack 
propagation. The splat morphology of the HPLD top coat allowed for large regions of 
infiltrated YSZ to break away before complete TBC delamination, in a similar manner to 
erosion failure where the YSZ would spall away from the top down. Significant cracking 
could be observed in the HPLD top coat (far away from the TGO). The DVC top coats, in 
contrast, remained intact until delamination near the TGO. This type of failure in a DVC TBC 
was sudden and catastrophic, and it would very difficult to predict by visual inspection of a 
TBC.  
 Detrimental effects of fly-ash were observed in several atmospheres. Cyclic exposures 
in steam-containing atmospheres did not significantly accelerate TBC failure. This indicated 
that these TBCs were not susceptible to additional degradation from moisture effects on the 
YSZ. Atmospheres containing SO2, however, interfered with alumina growth on the bond 
coat and resulted in more accelerated TBC failure. This additional effect on TBC lifetime is 
relevant to land-based gas turbines where TBCs are typically exposed to harsh gas 
atmospheres that contain SO2. This type of degradation could enhance TBC failure even in 
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the absence of deposits.  
 This study provides important insight into deposit-induced failure that has not been 
well-understood in the past. Molten CMAS deposits are often studied at very high 
temperatures (>1200°C), and the effects of salt deposits in hot corrosion are generally well-
understood at lower temperatures (700-900°C). The results presented here show a type of 
TBC failure that exists at intermediate temperatures (1000-1100°C) where the oxide 
constituents are expected to be solid. The effects of K2SO4 are typically not considered in 
similar oxide-containing (CMAS) deposits, and hot corrosion studies have reported that 
sulfates (without oxides) were not detrimental to TBC lifetime. When considered along 
with oxides, however, K2SO4 has been shown to play a very important role in TBC 
degradation. Delamination of the TBC top coat could potentially expose the underlying 
bond coat to the buildup of fly-ash deposits.    

Based on experiments involving model as well as industrial ash mixtures, the results 
presented here help to identify the deposit compositions which potentially pose a threat to 
MCrAlY materials, and to elaborate an understanding of the associated reaction 
mechanisms. Of the individual oxides commonly found in fly ash, only MgO and CaO were 
found to have a detrimental effect on oxidation. Reaction with CaO at 1100 °C initially 
produced a liquid calcium chromate, which rapidly consumed the Cr-rich γ phase until an 
Al2O3 layer could be formed. The extent of degradation was greatly reduced by increasing 
the Al content and decreasing the Cr content of the alloy. In the steady-state regime 
eventually established, Al2O3 was simultaneously produced by oxidation of the alloy and 
consumed by reaction with CaO to form calcium aluminate. The kinetics of this process 
were analyzed in details, with particular attention to the Al flux required to sustain Al2O3 
growth, and its evolution with temperature. This set the basis for an understanding of the 
conditions leading to Al2O3 failure from its solid-state reaction with deposits. The presence 
of SO3 in the gas was found to be of importance, as it readily converted CaO into CaSO4, 
which suppressed calcium aluminate formation but introduced yet another type of 
deleterious solid-state interaction with Al2O3 at 900 °C. 

While oxide mixtures and individual sulfates were generally found not to alter Al2O3 
scaling, the combination of oxides and sulfates induced, in certain cases, failure of the 
protective scale. This was interpreted in terms of modification of the sulfate chemistry by 
the added oxides, and of the reactivity of the resulting melt with the thermally grown 
oxides. High chromium contents promoted the formation of an external Cr2O3 layer after 
the initial Al2O3 failed, which protected the underlying alloy from the ash, and allowed the 
establishment of a new protective Al2O3 layer at the base of the corrosion product. This 
reaction sequence was observed in a variety of gas mixtures, with no significant effect of 
CO2, H2O or of the gas 𝑝O2

. Nitrogen caused internal nitridation in air, but this did not 

prevent repassivation. However, in O2-SO2, sulfidation of chromium and aluminum 
hampered the establishment of a continuous Al2O3 layer, and the adherence of the 
corrosion product was greatly reduced, compared to the sulfur-free atmospheres. This 
would potentially be quite detrimental in thermal cycling, as was indeed observed in cyclic 
experiments involving complete TBCs. 

Bondcoat compositions typically used in modern TBCs exhibit a fairly good resistance 
to the fly ash deposits tested here. Significant degradation was only observed for γ-rich 
alloys, when the ash combined a large amount of CaO, some SiO2 and some Na2SO4. As part 
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of an ongoing effort to examine the chemical and microstructural aspects of alloy 
susceptibility to a variety of degradation modes, joint work with colleagues at the 
Pennsylvania State University has led to the use of computational thermodynamics to 
design MCrAlY alloys with independently varying phase fractions or phase compositions. 
Testing is in progress, but has already showed that γ-rich alloys which tended to fail in 
contact with class C ash also exhibited the best resistance to type I hot corrosion, while β-
rich alloys exhibited an opposite trend. Combined with the experience of deposit 
reactivities gained from the present study, this approach of systematic alloy testing will be 
of considerable help to both elucidate the complex interactions between alloy and deposit 
chemistries, and to optimize bondcoat compositions based on the degradation modes 
defined by the operating conditions of interest. 
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