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Abstract 

 

Gas atomization reaction synthesis (GARS) was employed as a simplified method 

for producing precursor powders for oxide dispersion strengthened (ODS) ferritic 

stainless steels (e.g., Fe-Cr-Y-(Ti,Hf)-O), departing from the conventional mechanical 

alloying (MA) process.  During GARS processing a reactive atomization gas (i.e., Ar-

O2) was used to oxidize the powder surfaces during primary break-up and rapid 

solidification of the molten alloy.  This resulted in envelopment of the powders by 

an ultra-thin (t < 150 nm) metastable Cr-enriched oxide layer that was used as a 

vehicle for solid-state transport of O into the consolidated microstructure.  In an 

attempt to better understand the kinetics of this GARS reaction, theoretical cooling 

curves for the atomized droplets were calculated and used to establish an oxidation 

model for this process.  Subsequent elevated temperature heat treatments, which 

were derived from Rhines pack measurements using an internal oxidation model, 

were used to promote thermodynamically driven O exchange reactions between 

trapped films of the initial Cr-enriched surface oxide and internal Y-enriched 

intermetallic precipitates.  This novel microstructural evolution process resulted in 

the successful formation of nano-metric Y-enriched dispersoids, as confirmed using 

high energy X-ray diffraction and transmission electron microscopy (TEM), 

equivalent to conventional ODS alloys from MA powders.  The thermal stability of 

these Y-enriched dispersoids was evaluated using high temperature (1200°C) 

annealing treatments ranging from 2.5 to 1,000 hrs of exposure.  In a further 

departure from current ODS practice, replacing Ti with additions of Hf appeared to 

improve the Y-enriched dispersoid thermal stability by means of crystal structure 

modification.  Additionally, the spatial distribution of the dispersoids was found to 

depend strongly on the original rapidly solidified microstructure.  To exploit this, 

ODS microstructures were engineered from different powder particle size ranges, 
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illustrating microstructural control as a function of particle solidification rate.  The 

consolidation of ultra-fine powders (dia. ≤ 5µm) resulted in a significant reduction in 

dispersoid size and spacing, consistent with initial scanning electron microscopy 

studies on as-atomized cross-sectioned particles that suggested that these powders 

solidified above the threshold velocity to effectively solute trap Y within the α-

(Fe,Cr) matrix.  Interestingly, when the solidification velocity as a function of 

particle size was extracted from the aforementioned theoretical particle cooling 

curves, it could be offered as supporting evidence for these microstructure 

observations.  Thermal-mechanical treatments also were used to create and evaluate 

the stability of a dislocation substructure within these alloys, using microhardness 

and TEM analysis of the alloy sub-grain and grain structure.  Moreover, elevated 

temperature tensile tests up to 800°C were used to assess the initial mechanical 

strength of the ODS microstructure.   
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Chapter 1. Introduction 

 

1.1 Thesis Organization 

This thesis begins with a general description of the purpose and goals of this study 

(Chapter 1).  The literature review will discuss considerations for selecting structural 

materials for future generation power plants, and will compare several material 

candidates for such applications (Chapter 2).  Furthermore, oxide dispersion 

strengthened (ODS) ferritic stainless steels will be reviewed, using a focused 

discussion centered around the strengthening mechanism, creep resistance, growth 

and formation, thermal stability, and processing of these alloys (Chapter 3).  

Additionally, specific examples of previously available commercial ODS ferritic 

stainless steels (MA956 and PM2000) will be evaluated and compared to a new 

superior type of ODS material termed nano-structured ferritic alloys (NFAs). 

The novel gas atomization reaction synthesis (GARS) process used to create 

precursor chemical reservoir (CR) powders for the simplified production of ODS 

ferritic stainless steel alloys will be discussed in Chapter 4.  This chapter was 

formulated near the end of this study, but will be used as prelude to explain the CR-

alloy composition and microstructure using a compilation of experimental results 

combined with theoretical droplet cooling curves and calculated particle 

solidification velocities.  Next, an internal oxidation model will be shown as a 

method for determining the consolidation or heat treatment procedure required for 

dispersoid formation in these CR-alloys (Chapter 5).  The subsequent six chapters 

are comprised of individual papers that depict different aspects of this ODS study.  

Chapters 6 and 7 are used to demonstrate the microstructure evolution in these CR-

alloys, highlighting the O exchange reaction between the initial Cr-enriched surface 

oxide phase and Y-enriched intermetallic precipitates, while demonstrating the need 



2 
 

to achieve an ideal balance between the initial concentrations of Y and O in these 

CR-alloys.  Chapters 8 and 9 focus on the thermal stability of mixed Y-(Ti or Hf)-O 

dispersoids, which provided insight into the coarsening kinetics associated with 

these dispersoids, indicating increased thermal stability through the addition of Hf.  

Chapter 10 marks one of the more important discoveries of this study, which 

indicated that the atomized solidification structure predefines the spatial 

distribution of the Y-enriched dispersoids, signifying the need to utilize ultra-fine 

(e.g., dia. ≤ 5µm) precursor powders to reduce the ensuing dispersoid size and 

spacing.  Lastly, Chapter 11 illustrates initial thermal mechanical treatments and 

grain structure stability in these CR-alloys.  Additionally, this chapter will discuss 

the preliminary assessment of the elevated temperature mechanical properties 

associated with the CR-alloy microstructure. 

General conclusions highlighting the main results of this study are provided in 

Chapter 12.  In addition, an overall acknowledgement section and all references can 

be found at the end of this thesis.     

1.2 Purpose of Study 

Oxide dispersion strengthening (ODS) has been shown to be an effective method for 

improving the high temperature strength and creep resistance of ferritic stainless 

steels [1, 2].    These ODS alloys contain a large number density of nano-metric oxide 

particles that impede dislocation movement and stabilize the alloy grain structure 

[3-6].  For this reason, ODS ferritic stainless steels are considered a viable choice for 

structural components within future generation fossil-fueled power plants (e.g., heat 

exchanger tubing) [7, 8].  Additionally, the enhanced microstructural stability 

associated with these ODS alloys has been shown to establish a strong resistance to 

neutron induced void swelling, promoting these steels as candidate materials for 

fuel cladding within future generation nuclear reactors [9, 10].    
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Traditionally, ODS ferritic alloys are fabricated from a precursor particulate that is 

made by a lengthy mechanical alloying (MA) process, by means of high-energy ball 

milling [11, 12].  This process has been proven as an effective method for creating 

nano-metric oxides throughout the consolidated ferritic stainless steel 

microstructure [13].  Although effective, this conventional procedure faces several 

processing challenges that has limited the widespread use of commercial ODS alloys 

(e.g., MA956 and PM2000), including the high cost of MA particulate, controlling 

alloy homogeneity and impurities, batch-to-batch variability, and anisotropic 

microstructure formation [9].  These processing challenges eventually lead to the 

recent termination of commercial availability of MA956 and PM2000 and provided 

motivation for the development of a fundamentally new and improved ODS 

fabrication process, which inspired the study presented in this thesis. 

This thesis will be used to demonstrate the feasibility and control of gas atomization 

reaction synthesis (GARS) [14] as a novel processing method for the streamlined 

production of precursor stainless steel powder that, when consolidated, will 

undergo phase transformations resulting in the formation of an ODS microstructure 

[15].  This GARS process utilizes a reactive atomization gas that contains small 

additions of oxygen, in order to strategically surface oxidize atomized droplets in 

situ during rapid solidification.  These atomized droplets were designed to solidify 

with two inherent chemical reservoirs for the eventual formation of an ODS 

microstructure from the resulting precursor powders.  First, the formation of a 

kinetically favored metastable chromium (Cr) enriched surface oxide phase, which is 

trapped along prior particle boundaries (PPBs) during consolidation, was intended 

to function as a source (i.e., reservoir) of O for the formation of more 

thermodynamically stable oxide dispersoids.  Second, specific alloying additions of 

yttrium (Y) were anticipated to function as dispersoid forming agents, which 

initially persist as intermetallic compound (IMC) precipitates throughout the rapidly 

solidified microstructure, and are intended  to be subsequently converted into nano-
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metric Y-enriched oxide dispersoids, though O exchange reactions with the Cr-

enriched PPB oxide.   

In an attempt to better understand the kinetics of this GARS reaction, theoretical 

cooling curves for the atomized droplets will be discussed as means for predicting 

the extent of surface oxidation (i.e., O addition) that occurs during this process.  An 

internal oxidation model will then be evaluated as a processing tool to predict the 

required heat treatment time necessary for stable dispersoid formation in these CR-

alloys.  Additionally, the microstructure evolution that occurs during dispersoid 

formation will be examined.  Next, the thermal stability of these Y-enriched 

dispersoids will be evaluated on the basis of CR-alloy composition.  Furthermore, 

initial solidification structure as a function of precursor powder size will be 

discussed as a viable technique for controlling the ensuing ODS microstructure.  

Finally, preliminary thermal mechanical treatments will be shown as a method for 

modifying the CR-alloy sub-grain and grain structure, and elevated temperature 

tensile testing will be used to assess the initial mechanical properties of the CR-

alloys.   
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Chapter 2. Structural Materials for Future Generation Power Plants   

 

2.1 World Energy Concerns 

Energy concerns have become an increasingly important topic over the past several 

years.  The rapid consumption of the world’s fossil fuel supply, in conjunction with 

projected world population growth (i.e., 6 to 10 billion by 2050) and an ever existing 

strive to improve quality of life has prompted a large push towards efficient, clean, 

safe, and long lasting energy supplies [16, 17].  It has been estimated that the world’s 

energy needs will more than double over the next four decades moving from 14TW 

to 25-60TW by 2050 [17].  This projected massive increase in energy demand has 

generated a great driving force towards improving the efficiency of current large 

energy producing technologies (e.g., coal-fired power plants and nuclear fission 

reactors) and exploring new alternative energy sources (e.g., fusion reactors).     

To improve the efficiency of coal and fission power plants, as well as other heat 

engines, the operational temperature will need to be increased.  This assumption is 

based on the Carnot cycle, which is the basis for the second law of thermodynamics 

[18].  This cycle can be used to interpret the efficiency of a heat engine as function of 

input temperature (t2) and output temperature (t1) (Figure 2.1).  The efficiency of a 

heat engine is a direct function of Δt (i.e., t2-t1), and assuming that the heat reservoir 

at low temperature (t1) is held at constant temperature, then efficiency will improve 

when the heat reservoir at high temperature (t2) is increased (Equation 1).  

Increasing the operational temperature of a power reactor presents several 

challenges.  The most important of these challenges is proper material selection.  The 

materials in use will now be subjected to higher temperatures and pressures, which 

can often lead to shorter material life cycles.  The design life of many structural 

components in future power reactors is approximately 60 yrs (~105 hours) [16].  

Understanding reactor operational conditions is a critical step in selecting structural 
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material alloys.  This chapter will highlight the proposed operational conditions for 

future reactors and projected structural materials.  Many different materials and 

material systems are being considered as structural components for future reactors, 

but advanced oxide dispersion strengthened ferritic stainless steels are proving to be 

a prominent material choice.  Advanced ferritic stainless steels (e.g., nanostructured 

ferritic alloys (NFAs) Section 3.6) have improved elevated temperature mechanical 

properties, in conjunction with good inherent oxidation, corrosion, and neutron 

radiation resistance over that of traditional ferritic stainless steels.    

 

Figure 2.1.  Schematic illustrating the working of a heat engine [18] 

 

 

          = 
             

          
 

 

  
 

     

  
 

     

  
 

 Equation 1 

 

2.2 Future Generation Power Reactors 

2.2.1 Ultra Supercritical Coal-Fired Power Reactors  

Ultra supercritical (USC) coal-fired power reactors operate in the supercritical water 

regime (Figure 2.2).  A supercritical regime is derived from the thermodynamic term 

meaning, there is no clear distinction between a liquid and gaseous phase (i.e., a 

homogenous fluid) [19].  
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Figure 2.2. H2O temperature and pressure phase diagram [19] 

 

Coal is one of the most abundant fossil fuel sources found in the world.  The United 

States Department of Energy (USDOE) has estimated that the world contains a 350 

year supply of coal (given current energy consumptions) [20].  USC coal-fired power 

reactors are currently being developed in the USA, and are part of the USDOE Fossil 

Energy FutureGen project [20].  The goal of FutureGen is to create revolutionary 

new, clean coal burning technology, while reducing green house emissions [21].   

USC coal-fired reactors burn coal mixed with forced air to extremely high boiler 

temperature (T~800°C).  The thermal energy produced inside the boiler is extracted 

using a heat exchanger and is converted into mechanical energy.   Inside the heat 

exchanger, water is converted into supercritical steam, and in return the steam 

powers a turbine engine.  These reactors are planned to operate with 760°C/35MPa 

steam [22].  Early stage conventional pulverized coal (PC) power plants operate 

using 565°C/24MPa steam [7].  This dramatic increase in operating temperature and 

pressure will result in increased efficiencies of 37-47%, with an expected fuel cost 

savings of $248M over the first 20 yrs of the plants life, and will result in a reduction 

of CO2 and other related gas emissions by 22% [22].  A fundamental schematic of an 

USC coal-fired reactor is shown below (Figure 2.3).  
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Figure 2.3. Ultra supercritical coal-fired power plant schematic [23] 

 

2.2.2 Future Generation Nuclear Reactors 

Generation IV Fission Reactors 

Nuclear power is a prominent choice for clean, sustainable, and affordable energy.  

Currently, nuclear power plants are the largest non-greenhouse gas emitting source 

of energy and produce 16% of the world’s electricity [16].  In comparison to fossil 

fuel power reactors, nuclear reactors release a significant more amount of energy per 

unit mass of fuel.  The complete fission of one pound of 235U generates 

approximately the same amount of energy as 6,000 barrels of oil or 1,000 tons of coal 

[24].  Fission power reactors were first constructed in the USA in the early 1940’s, 

and the first power plant went online producing electricity in 1951 [25].  Since then, 

the fission process has become a well established source of energy.  Generation type 

IV fission reactors could operate at efficiencies between 44-50% (depending on 

reactor type) [16]. 
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During the fission process a radioactive fuel material (i.e., 233U, 235U, 239Pu, or 241Pu) 

is bombarded with neutrons (238U and 232Th are only fissionable in the presence of 

fast neutrons), and when the nucleus captures a neutron the internal force balance 

between protons and neutrons becomes highly unstable [25].  Due to this instability, 

the nucleus will split into two lighter nuclei and emit several neutrons.  The mass of 

the resulting nuclei is less than the previous nucleus plus the neutrons, and this 

mass difference results in an energy product [26].  From Einstein’s famous energy 

equation (i.e., E = mc2) the amount of energy resulting from a single fission reaction 

can be determined.  The energy from a fission reaction is converted into heat 

following several collisions among fission fragments, neutrons, structural materials, 

and fuel cladding [26].  The attractive, yet dangerous aspect of a fission reaction is 

the cascade effect or chain reaction that occurs.  Where, the neutrons that are given 

off during the first fission reaction initiate successive fission reactions at an 

exponential rate.  For this reason, control rods (e.g., B, Hf, or Cd) are used to absorb 

neutrons, reducing the concentration of neutrons to an optimum level [25].   

During the fission process the ejected neutrons are moving at such a high velocity 

that interacting with another fissionable atom (e.g., 235U) is unlikely.  In a thermal 

reactor the fission process is induced by neutrons that are in thermal equilibrium 

with the reactor core material [24].  A thermal reactor uses a moderator (e.g., water) 

to slow down the fast moving neutrons to equilibrium thermal energies.  In a fast 

reactor no moderator is used, and the fast moving neutrons are used to convert large 

quantities of fertile 238U and 232Th to fissionable 239Pu and 233U, respectively [24].  

Reactors that convert less fertile material to fissionable material than consumed (e.g., 

a thermal reactor) are called burner reactors, and reactors that convert more fertile 

material to fissionable material than consumed (e.g., a fast reactor) are called breeder 

reactors [25].  
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The evolution of nuclear fission reactors has lead to the improvement of reactor 

efficiencies largely due to the increased neutron fluence, which results in higher in-

core operating temperatures.  A timeline illustrating the evolution of nuclear fission 

reactors in the USA is shown in Figure 2.4.   

 

Figure 2.4. Evolution of USA fission reactors [16] 

 

Several different generation IV fission reactors are being developed.  A list of 

acronyms for generation type IV reactors is displayed in Table 2.1, and a schematic 

of a supercritical-water-cooled reactor system is shown in Figure 2.5. 

Table 2.1.  Possible generation IV type fission reactors 

Generation IV System  Acronym  

Gas-Cooled Fast Reactor System  GFR  
Lead-Cooled Fast Reactor System  LFR  

Molten Salt Reactor System  MSR  
Sodium-Cooled Fast Reactor System  SFR  

Supercritical-Water-Cooled Reactor System  SCWR  
Very-High-Temperature Reactor System  VHTR  
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Figure 2.5.  Schematic of generation IV supercritical-water-cooled fission reactor [16] 

 

First Generation Fusion Reactors 

Nuclear fusion reactors are still in the early development stages, but considerable 

progress has been made towards harnessing the same power produced by the stars.  

Nuclear fusion, if sustained, could be a tremendous source of clean, abundant, 

renewable, and inexpensive energy.  An international thermonuclear experimental 

reactor (ITER) is being built as a joint international project that focuses on research 

and development of fusion power.  Many countries are part of the ITER project team 

including, the European Union, Japan, the People’s Republic of China, India, the 

Republic of Korea, the Russia Federation, and the USA.  A schematic showing the 

proposed ITER reactor is shown in Figure 2.6.  Recently, A detailed plan 

highlighting the development of a fusion demonstration power plant within the next 
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35 yrs has been published [27].  This plan gives insight to the critical components 

required for a fusion power reactor, and gives a detailed description on the steps 

required to move forward into an era of fusion power.      

 

 

Figure 2.6  ITER demonstration device for the use of fusion power [28] 

 

A fusion reaction occurs when two lighter nuclei are combined (i.e., fused together), 

resulting in the formation of a heavier nuclei and the ejection of a neutron(s).  The 

mass difference between the two initial nuclei and the resultant nuclei can be used to 

calculate the reaction energy using Einstein’s energy equation (i.e., E=mc2), just as in 

a fission reaction.  The two easiest nuclei that can be fused together are tritium (T) 

and deuterium (D), both isotopes of hydrogen.  Tritium has a short half-life (i.e., 

~12yrs), and is not readily found on Earth, but tritium can be bred from 6Li and 7Li 

transmutation reactions, while deuterium is readily available and can be extracted 

from seawater [25].  When accelerated to very high velocities, in order to overcome 
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repulsion forces, the hydrogen nuclei (D, T) will combine, resulting in the formation 

of a He nuclei and the ejection of a high energy neutron (Figure 2.7).   

 

Figure 2.7.  Deuterium-Tritium fusion reaction [29] 

 

Extremely high temperatures are required to reach critical fusion velocities. These 

critical velocities can be achieved by ionization of the hydrogen fuel, during 

ionization the nucleus of the hydrogen atoms (D-T) is separated from its electrons 

and the gas changes to a state of plasma.  Plasma can reach temperatures upwards of 

106 °C and must be carefully controlled during the fusion reaction [27].  A strong 

magnetic field (i.e., 105 times stronger than Earth’s magnetic field) is used to control 

the plasma field inside a toroidal shaped core, in order to keep it away from the core 

wall [25].  During the fusion reaction the ejected neutron, with an energy of 14MeV, 

escapes the plasma field and strikes the first wall of the blanket material in the core 

of the reactor [30].  The large amount of heat generated during these collisions is 

converted to mechanical energy using a series of heat exchangers and a turbine 

generator.  A schematic illustrating a theoretical design of a fusion power plant is 

shown in Figure 2.8.   
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Figure 2.8  Basic design of a theoretical fusion power plant [29] 

 

2.3 Material Selection 

2.3.1 Ultra Supercritical Coal-Fired Reactors 

Ferritic stainless steels, austenitic stainless steel, and Ni-based superalloys are being 

considered as the main structural components (i.e., boiler material and heat 

exchanger tubing) within ultra supercritical (USC) coal-fired reactors.  USC boilers 

operate at a temperature ~800°C and the heat exchanger tubing transports steam at a 

temperature of 760°C and a pressure of 35MPa [22].  The inherent strength and 

corrosion resistance of conventional ferritic stainless steels (e.g., HT91: Fe-12Cr-

1.0Mo wt.%) is limited to a temperature of 620°C [7].  This limits the use of 

conventional ferritic stainless steels in new USC coal-fired reactors.  Austenitic 

stainless steels and Ni-based superalloys offer improved strength and corrosion 

resistance at higher temperatures, but can be considerably more expensive than 

ferritic stainless steels (Table 2.8).  A comparison of high temperature strengths for 

the considered alloys can be seen in Figure 2.9. 
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Figure 2.9. Yield strength (a) and rupture life stress tests (b) for possible structural materials [31] 

 

Advanced oxide dispersion strengthened ferritic stainless steels known as 

nanostructured ferritic alloys (e.g., MA957) have demonstrated a vast improvement 

in high temperature strength over conventional ferritic stainless steels, with 

strengths comparable to Ni-based superalloys (Figure 2.10).  Typically these 

advanced ODS alloys are chromia (i.e., Cr2O3) formers, which will not provide  long 

term corrosion resistance to ultra supercritical steam, for this reason these alloys 

would require an alumina (Al2O3) forming corrosion resistant bond coat.  

The limiting factor, which prevents the use of advanced ODS ferritic stainless steel 

alloys in USC reactors, is the high cost of these alloys.  This high cost stems from the 

expensive manufacturing process required to achieve an ideal ODS microstructure.  

This expensive processing route (Section 3.4: Mechanical Alloying) results in alloy 

costs similar to or greater than Ni-based superalloys (Table 2.8). If the 

manufacturing process could be simplified, and the cost for producing advanced 

ODS ferritic stainless steels was significantly reduced, the cost savings could 
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promote the use of such alloys over Ni-based superalloys for bulk structural 

components within USC coal-fired reactors.     

 

Figure 2.10.  Yield strength (a) and ultimate tensile strength (b) as a function of temperature for Fe-
based ODS commercial alloys (MA956 and PM2000) and advanced nanostructured ferritic alloys  

(MA957 and 12YWT) [1] 

 

2.3.2 Generation IV Nuclear Fission Reactors and First Generation Fusion 

Reactors  

Structural materials (regardless of reactor type) proposed for use in future 

generation nuclear reactors will need to meet rigorous material requirements.  

Material selection will be based on material properties, economic constraints, and 

environmental restrictions.  The material properties of interest include, thermal (i.e., 

elevated temperature strength, creep resistance, and corrosion-oxidation resistance), 

nuclear (i.e., resistance to radiation induced: hardening, embrittlement, swelling, 

phase instabilities, creep, and helium embrittlement), and processing (i.e., 

fabrication, machining, and joining) [32].  The economics of producing a nuclear 

reactor are directly influenced by the inherent raw material, fabrication, and 

processing costs of its structural components.  Improved materials and simplified 

processing routes offer an opportunity to reduce reactor capital costs.  Also, the 

disposal of radioactive structural materials has become a growing environmental 
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concern.  To address this concern, new structural materials are limited to the use of 

low or reduced activity elements (i.e., elements with a short-to-moderate radioactive 

life span).  

Irradiation Damage 

The microstructure of neutron irradiated materials is constantly evolving.  

Irradiation damage in structural materials results from atomic displacements and 

nuclear transmutation reactions. The net effect of neutron irradiation is dependent 

on the balance between irradiation damage and thermal annealing, as well as the 

composition and microstructure of the alloy. 

Atomic displacements occur during elastic collisions between nuclear reaction 

particles and atoms of a target material (e.g., in-core nuclear structural components).  

During these collisions an atom of the structural material can be moved from its 

lattice position forming a vacancy-interstitial pair (i.e., Frenkel pair) [33].  If the 

energy of the collision is sufficiently large, an atomic displacement cascade can 

occur, resulting in a large concentration of point defects throughout the lattice.  

Recombination of defect pairs can occur, but under continued elevated temperature 

irradiation conditions, defects will diffuse away from the heavily damaged area, due 

to a large defect concentration gradient.  During the diffusion process the defects can 

be annihilated at defect sinks (e.g., dislocations, grain boundaries, and interfaces).  

Defects that do not recombine, or are not annihilated can lead to lattice swelling, and 

overall geometrical changes in the structural component [33].      

Nuclear transmutation of atoms also can occur during interactions between nuclear 

particles and structural materials.  The products of such reactions are generally 

unstable and decay via particle emission (e.g., helium and hydrogen).  An important 

transmutation reaction within nuclear materials is neutron induced alpha-particle 

(4He) decay (n, α).  During this reaction, unstable atomic nuclei will decay via α-

particle emissions.  The emitted α-particle can then diffuse and precipitate as a 



18 
 

defect impurity (e.g., helium gas bubble) within the structural material lattice, along 

grain boundaries, or interfaces, which can lead to swelling or embrittlement [34].  

This reaction is directly influenced by neutron bombardment energies and the 

inherent nuclear cross-section of elements within the structural material.  Elements 

with larger nuclear cross-sections are more likely to undergo nuclear transmutation 

reactions leading to increased defect impurity levels.   

Radiation induced damage can result in the overall degradation of structural 

material properties.  The different damaging phenomena include hardening, 

embrittlement, creep, and void swelling.  The specific phenomena are directly 

influenced by the irradiation temperature, as displayed in Figure 2.11.   

 

Figure 2.11 Radiation damage phenomena normalized to material melting temperature [35]   

     

Irradiation at lower temperatures results in hardening and embrittlement at dose 

rates >0.1 dpa, due to a loss in work-hardenability and ductility within a material 

[36].  During this stage, there is a severe loss in material fracture toughness, which 

can result in an increase of the ductile-to-brittle transition temperature (DBTT) for 

body-centered cubic (BCC) lattice structured materials.  For this reason, reactors that 
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utilize BCC structural materials have a lower operating temperature constraint, 

which should hopefully prevent brittle fracture and catastrophic failure of structural 

components.  Irradiation at intermediate temperatures can cause irradiation creep 

and void swelling within structural components.  This stage is promoted by the 

formation of defect clusters typically at a dose rate >10 dpa [37].  High temperature 

embrittlement can occur from the formation of transmutation helium that 

precipitates as bubbles along grain boundaries, leading to intergranular fracture at 

low stresses and dose rates >10 dpa [37].          

Reactor Operation Conditions 

Structural materials in first generation fission reactors were subjected to a maximum 

dose rate of ~1 dpa and maximum temperatures of 300°C [37].  Second generation 

thermal reactor structural materials were exposed to a maximum dose of ~30 dpa 

and a maximum temperature of 350°C, while second generation fast reactors had a 

maximum dose rate of ~100 dpa with maximum temperatures of 600°C [37].  The 

structural materials in fourth generation reactors will face an increasingly severe 

environment.  Materials located in the reaction core of thermal and fast reactors will 

be subjected to neutrons with energies ranging from several MeV down to ~0.025 eV 

and ~10 KeV, respectively [38].  The pressures inside the reaction vessel will range 

with rector type from ~0.1-25MPa [16].  The maximum dose rate in fourth 

generation thermal reactors is 30 dpa with a maximum temperature of 1000°C, while 

fast reactors have a maximum dose rate of 150 dpa and a maximum temperature of 

850°C [16].  A summary of fourth generation fission reactor conditions is listed in 

Table 2.2. 
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Table 2.2.  Generation IV fission reactor operational conditions [16] 

Reactor 

Type  

Coolant Inlet 

Temp (°C)  

Coolant Outlet 

Temp (°C)  

Pressure 

(MPa)  
Coolant  

SCWR  290  500  25  Water  

VHTR  600  1000  7  Helium  

SFR  370  550  0.1  Sodium  

LFR  600  800  0.1  Lead  

GFR  450  850  7  Helium  

MSR  700  1000  0.1  Molten Salt  

 

Structural materials in fusion reactors will be subjected to high energy 14 MeV 

neutrons.  A list of operational performance goals for the ITER, a large scale 

demonstration reactor, and a first generation fusion reactor are shown in Table 2.3.  

First generation fusion reactors will have a maximum proposed structural dose rate 

of 50-150 dpa and at a maximum proposed temperature of 550-1000°C [37]. 

Fusion reactor structural materials will also be subjected to high amounts of 

transmutation H and He, produced as a result of the energetic D-T fusion process.  

Impurity concentrations of ~1500 appm He are expected in fusion reactors 

compared to <10 appm He in fission reactors [37].  A comparison of radiation 

induced defect production in steels is show in Table 2.4. 
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Table 2.3. Fusion operational performance goals for ITER, demonstration, and first generation 
reactors [36, 39-41] 

 
ITER DEMO Reactor 

Fusion power 0.5-1 GW 2-4 GW 3-4 GW 

Neutron wall loading (first wall) 0.5-1 MW m-2 2-3 MW m-2 2-3 MW m-2 

Integrated wall load (first wall) 
0.3-1 MWy m-2 

3-10 dpa 

3-8 MWy m-2 

30-80 dpa 

10-15 MWy m-2 

100-150 dpa 

Operational mode 
Pulsed (1000 s) 

< 5 x 104 cycles 

Quasi-continuous 

 

Quasi-continuous 

 

Plant lifetime 
  

~30 FPy 

Net plant efficiency 
  

~30% 

 

Table 2.4.  Radiation induced defect production in steels [33] 

Defect production 

(in steels) 

Fusion neutrons 

(3-4 GW reactor, 

first wall conditions) 

Fission neutrons 

(BOR 60 reactor) 

Damage rate 

(dpa year-1) 
20-30 ~20 

Helium 

(appm dpa-1) 
10-15 ≤1 

Hydrogen 

(appm dpa-1) 
40-50 ≤10 
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Structural Material Alloy Selection 

Prominent alloy choices for both in and out-of-core structural components for 

nuclear reactors include, stainless steels (austenitic, ferritic, and ferritic/martensitic 

(F/M)), nickel (Ni)-based superalloys, vanadium (V)-based alloys, and silicon 

carbide/silicon carbide (SiCf/SiCm) reinforced composites.  Alloy systems are 

evaluated based on thermal and mechanical properties, resistance to radiation 

induced damage, economical constraints and radioactive decay behavior.  

Thermal and Mechanical Properties 

The power density capability for structural materials is used to identify the 

maximum allowable heat load, as a function of neutron wall loading and thickness 

(MWm-2) for 1.0 mm thick first wall material [42].  A comparison of the select alloys 

shows that vanadium based alloys and ferritic-martensitic steels offer the greatest 

power potential, while  austenitic stainless steels, SiCf/SiCm composites, and Ni-

based superalloys (not shown) offer the worst power potential (Figure 2.12).  Power 

density is a function of ultimate tensile strength, thermal conductivity, thermal 

expansion, and elastic modules (Equation 2) [42].   

 

Figure 2.12. Power density capability of proposed structural materials [42] 
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Equation 2 

  =Power Density (MW m-2) 

RM = Tensile Strength (MPa) 

λ = Thermal Conductivity (Wm-1K-1) 

ν = Poisson Ratio 

α = Thermal Expansion Coefficient (µm m-1K-1 

E = Elastic Modules (GPa) 

 

The power density of a structural material can be increased by improving alloy 

tensile strength and thermal conductivity, or by reducing its elastic modules and 

thermal expansion.  Evaluation of these inherent material properties can help to 

identify specific shortfalls within an alloy.  A relative comparison highlighting the 

material properties of interest can be seen in Figure 2.13. 

This comparison shows what material properties are lacking, and thus should be 

modified for a particular alloy to gain in power density.  As seen in Figure 2.12, 

martensitic stainless steels and V-based alloys contain near-ideal material properties 

for the greatest power potential.  Austenitic stainless steels (e.g., 316L) are limited in 

power density due to poor thermal conductivity and large thermal expansions.  Ni-

based alloys offer ideal tensile strengths, but poor thermal conductivity and large 

thermal expansions, leading to a low power density.  SiCf/SiCm composites have 

low tensile strengths, poor thermal conductivity, and a large elastic modules, all of 

which contributes to a low power density.  Although ferritic stainless steels contain 

many ideal properties, its power density (e.g., 430SS) is severely limited by its tensile 

strength.  Improving the tensile strength of a ferritic stainless steel alloy, through the 

addition of nano-metric oxide dispersoids, results in a vast increase in power 

density (Figure 2.14).    
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Figure 2.13.  A relative comparison of tensile strength (orange), thermal conductivity (blue), elastic 
modules (green), and thermal expansion (red) for potential nuclear reactor structural materials [43-

48] 
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Figure 2.14.  Relative power density comparison for potential structural component materials, 
based on material properties found in the literature [1, 43-48] 

 

The creep rupture strength of potential nuclear structural materials is displayed in 

Figure 2.15.  This Larson-Miller plot compares austenitic stainless steel (316 LN), a 

conventional 9-12%Cr ferritic-martensitic stainless steel (MANET), and vanadium 

based alloys (V-Cr-Ti).  This figure shows that V-based alloys offer the greatest high 

temperature creep resistance.   

The high temperature creep strength in ferritic stainless steels can be drastically 

improved through the addition of nano-metric oxide dispersoids.  The creep rupture 

strength, as predicted using a Larson-Miller plot, for conventional Fe-based ODS 

ferritic stainless steels (e.g., MA-956) and advanced Fe-based nanostructured ferritic 

alloys (e.g., 12YWT) is shown in Figure 2.16.  It can be seen that the high 

temperature creep strength of the advanced NFAs is comparable to V-based alloys 

(Figure 2.15). 
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Figure 2.15. Larson-Miller plot for a select group of radiation resistant materials [36] 

 

 

Figure 2.16. Larson-Miller plot for Fe-based ODS ferritic alloys [1] 
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Oxidation and Corrosion Properties 

Elevated temperature oxidation and corrosion resistance is highly dependent on 

alloy type.  In many cases, structural materials will form a thin oxide layer which 

protects the alloy from further corrosion attack.  The effectiveness of the oxide layer 

is dependent on environmental conditions and operating temperatures.  During 

oxidizing conditions, most stainless steels and some Ni-based superalloys will form 

a protective chromium enriched surface oxide layer, typically chromia (i.e., Cr2O3) 

[49].  Generally, corrosion resistance in chromia forming alloys is increased with 

increasing chromium content.  For this reason, ferritic stainless steels offer increased 

corrosion resistance in comparison to ferritic/martensitic steels.  Chromia is 

protective up to ~900-1100°C (alloy dependant), above which it can react with 

oxygen and form chromium trioxide (i.e., CrO3) [49].  Chromium trioxide is highly 

volatile and can vaporize, leading to chromium metal loss and severe alloy 

degradation [50].  Also, chromia is not protective in chloride containing 

atmospheres, due to the formation of a volatile corrosion product [50].   

Through the addition of aluminum, stainless steels and Ni-based superalloys can 

form a protective alumina (i.e., Al2O3) surface oxide layer.  Alumina can offer better 

oxidation resistance and slower scaling kinetics than chromia, and does not suffer 

from oxidative evaporation [50].  Also, alumina is considered one of the best options 

for protection against sulfidation [50].  The parabolic scaling constants for several 

surface oxides are shown in Figure 2.17.          
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Figure 2.17.  Parabolic scaling constants for different oxides [51] 

 

Vanadium based alloys (e.g., V-4Cr-4Ti) have a large affinity for interstitial elements 

(e.g., O, N, H, and C), which can lead to embrittlement of the alloy [36].  The oxygen 

solubility in vanadium can range between 1-3 wt.% from RT-800°C, and the 

formation of a protective surface oxide layer is not effective at preventing oxygen 

uptake at temperatures where these alloys are proposed to operate [52].  For this 

reason, V-based alloys should be limited to environments with very low oxygen 

partial pressures (i.e., <10-8 Pa), or restricted to reducing environments (e.g., molten 

Li cooled reactors) [53].       

The oxidation behavior of SiCf/SiCm composites is quite complex and differs 

significantly from that of monolithic SiC.  At high partial pressures of oxygen and 

high temperatures, SiC based composites will form a surface protective layer of 
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silica (i.e., SiO2), but reaction rates and growth kinetics are highly dependent on 

processing methods and resultant porosity [54, 55].  Under intermediate partial 

pressures of oxygen SiO2 transforms to SiO, which is volatile and can lead to 

oxidative vaporization and corrosive attack of SiC [54].  Furthermore, the carbon 

layer located at the interface between the SiC matrix and fibers is highly susceptible 

to oxidation, resulting in interface separation and reduced mechanical strength [56].         

Radiation Induced Damage 

Radiation induced swelling can lead to unacceptable dimensional instability within 

reactor structural components. The volume change is a direct function of 

displacement dose.  Several structural alloys have been compared, and it can be 

deduced that BCC structured materials (e.g., commercial ferritic steels) offer the 

greatest resistance to neutron induced swelling (Figure 2.18).    

 

Figure 2.18.  Radiation induced swelling for different structural materials as a function of 
displacement dose [57] 
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Transmutation reactions can also lead to swelling and embrittlement in structural 

materials.  Neutron induced α-particle decay transmutation reactions are directly 

related to a materials nuclear cross-section for reaction type (n, α).  The α-particle 

cross-section (σ) for several structural material alloys under fission and fusion 

reactor conditions is shown in Table 2.5 and Table 2.6, respectively. 

Table 2.5. Nuclear fission cross-section (n, α) reactions [58]  

Reaction  Average Fission Cross-Sections  

Type-(n,α)  Eeff (MeV) σ (mb)  

28
Si,

 30
Si 

     8.7, 10.2  0.56, 0.07  

51
V

    11.2  0.024  

56
Fe,

 58
Fe

       9.6, 11.4  0.25, 0.019  

58 
Ni

  7.6  4.4  

 

Table 2.6.  Nuclear fusion cross-section (n, α) reactions [59-63]  

Reaction  Avg. Fusion Cross-Sections (mb)  

 
14.1 MeV  14.5 MeV  14.9 MeV  

30
Si (n,α)

27
Mg

    -  -   70+10  

51
V(n,α)

48
Sc

    15+2  17+3  19+4  

58
Fe (n,α)

55
Cr

    -  -  21+2  

58
Ni (n,α)

55
Fe

    125+16  -  -  
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Further analysis of neutron induced α-particle decay reactions in pure Fe (i.e., 

predominantly 56Fe), and pure Ni (i.e., predominantly 58Ni) can be seen in Figure 

2.19.  This comparison shows that the nuclear cross-section in Ni is approximately 

twice that of Fe at neutron energies near fusion conditions.      

 

Figure 2.19.  Neutron induced α-particle production cross-sections in pure Fe (a) and pure Ni (b) 
[64] 

 

Larger neutron induced α-particle cross-sections will result in increased α-particle 

decay reactions, which ultimately lead to the nucleation of He bubbles along grain 

boundaries and interfaces inside structural components [34].  Ni-based and Si-based 

structural components are the most susceptible to He induced swelling and 

embrittlement, due to larger nuclear (n, α) cross-sections.  V-based and Fe-based 

alloys offer the lowest (n, α) cross-sections, which should help to minimize He 

nucleation within structural components.   

Reactor operational temperature windows will be limited to the high temperature 

physical, mechanical, radiation resistance properties of its structural materials.  The 

proposed operational temperature window for several reactor structural materials is 
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shown in Figure 2.20.  The largest operational temperature range can be achieved 

using ODS ferritic steels, and the highest operational temperatures can be reached 

using SiCm/SiCf composites. 

 

 

Figure 2.20. Operating temperature window for reactor structural materials [65] 

 

Nuclear Reactor Economics 

The investment cost of nuclear reactors is dependent on several cost components, 

including operational, maintenance, and capital costs.  Capital costs, which are 

directly influenced by structural material costs, make up a significant percentage of 

the reactor investment.  A cost summary for power plants being built in the year 

2015 is displayed in Table 2.7.  This summary compares important parameters that 

are considered when building future nuclear, combined-cycle gas turbines (CCGT), 

coal fired, integrated coal gasification combined cycle (IGCC), and wind generated 

power plants.     
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Table 2.7.  Cost summary for power plants starting in 2015 [66] 

Parameter  Unit  Nuclear  CCGT  
Coal 

Steam  
IGCC  

Wind 

(onshore)  

Thermal efficiency  %  33  58  44  46  -  

Investment cost  $/KW  2000-2500  650  1400  1600  900  

Construction 

period  
Months  60  36  48  54  18  

Plant Life  Years  40  25  40  40  20  

Decommissioning  $ Million  350  0  0  0  0  

Unit Cost of fuel  

$ per 

MBtu or 

Ton 

0.5/MBtu  6.00/MBtu  55/ton  55/ton  -  

 

By reducing structural material costs it should be possible to improve the economics 

of building a nuclear reactor.  A comparison of bulk quantity structural material 

costs are highlighted in Table 2.8.  It can be seen that standard ferritic and austenitic 

stainless steels are the most inexpensive alloy choices, while V-4Cr-4Ti, SiC/SiC 

composites, and Fe-based ODS steels are the most expensive alloy choices.  The high 

cost for improved elevated temperature material properties is rather apparent in 

these alloys.  It is thought, that Fe-based ODS steels offer the greatest potential for 

significant alloy cost reduction, due to an inherent low raw material cost.   
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Table 2.8.  Bulk quantity structural material cost [49, 65] 

Material  Cost/kg (USD)  Notes  

Austenitic Stainless Steel ~$3-7 316L Plate form 

Ferritic Stainless Steel  ~$2-5 446 Plate form 

F/M Fe-9Cr steels  <$5.50  Plate form 

V-4Cr-4Ti  ~$200  

Plate form 

(Average between 1994 and 1996 

US fusion program large heats) 

SiC
f
/SiC

m
 composites  

~$1000  

~$200  

Chemical vapor infiltration,  

and Chemical vapor reaction 

Ni-based ~$35 Inconel 718 Sheet (Special Metals) 

Fe- based ODS  ~$165 MA956 Sheet (Special Metals) 

 

Environmental Constraints  

The radioactivity, as a function of time after reactor shutdown, for select group of 

chemical elements is shown in Figure 2.21.  It can be seen that of the proposed 

structural material alloys, the base materials Si and V offer the lowest induced 

activity, followed by Fe with a moderate activity, and Ni with a large activity. 

Classification of induced activity of elements is listed in Table 2.9.   From this table it 

can be seen that radioactive Ni-based alloys would require an excessive amount of 

time to decay, and should be restricted to out-of-core applications.     
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Figure 2.21.  Calculated radioactivity as a function of time after reactor shutdown [67] 

 

Table 2.9.  Induced activity of elements, adapted from [68, 69] 

Element Activity Elements 

Very low activation (decays within 2 weeks) Li, Be, B, C, O, Mg, Si, P, S 

Low activation (decays in 1 month – 5 years) Ti, V, Cr, Zr, W, Pb, Y 

Moderate activation (decays in 10-30 years) Mn, Fe, Zn, Hf 

High activation (does not decay in 100 years) Al, Ni, Cu, Nb, Mo, Sn 
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Alloy Placement 

Several alloy systems have been selected as possible material choices for structural 

materials in future generation nuclear reactors.  Alloy systems were selected on the 

premise of the aforementioned material properties.  A group of proposed structural 

materials for future generation fission and fusion reactors are listed in Table 2.10 

and Table 2.11, respectively. 

 

Table 2.10. Description of generation IV fission reactor system in and out of core material 
considerations (note highlighted ODS material sections), adapted from [16] 

 
Structural Materials  

System  
Spectrum, 

T
outlet

  
Cladding  In-Core  Out-of-Core  

GFR  Fast, 850°C  Ceramic  

Refractory metals and 

alloys, Ceramics, ODS 

Vessel F-M  

Primary circuit: Ni-based 

superalloys, conventional F-

M alloys with TBC or ODS  

LFR  

Fast, 550°C 

and Fast, 

800°C  

High Si F-M, 

Ceramics, or 

refractory alloys  

-  
High-Si austenitics, ceramics, 

or refractory alloys  

MSR  
Thermal, 

700-800°C  
Not Applicable  

Ceramics, refractory metals, 

High-Mo, Ni-based alloys, 

Graphite  

High-Mo Ni-based alloys  

SFR  Fast, 520°C  F-M (HT9 or ODS)  F-M ducts, 316SS grid plate  Ferritics, austenitics  

SCWR  

Fast, 

Thermal, 

550°C  

F-M alloys, Incoloy 

800, Inconel 690,  

625, and 718, ODS  

Same as cladding options  F-M  

VHTR  
Thermal, 

1000°C  

ZrC and 

surrounding 

graphite 

Graphites, PyC, SiC, ZrC 

Vessel: F-M  

Primary circuit: Ni-based 

superalloys, conventional F-

M alloys with TBC or ODS  

Abbreviations: 

F-M:          Ferritic-martensitic stainless steels (typically 9 to 12 wt.% Cr) 

ODS:         Oxide dispersion-strengthened steels (typically ferritic-martensitic) 

TBC:       Thermal Barrier Coating  
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Table 2.11. Proposed structural materials for fusion reactors, adapted from [33] 

Function First Wall Breeding Blanket Divertor 

Structural 

 Material 

RAFM steel, ODS steel,  

V-base alloy, SiC/SiCf 

RAFM steel, ODS steel,  

V-base alloy, SiC/SiCf 

ODS steel,  

W-base alloy 

Coolant None Water, helium, eutectic Pb-Li, Li Water, helium 
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Chapter 3. Oxide Dispersion Strengthening  

 

Oxide dispersion strengthening (ODS) has become a well established method for 

increasing the high temperature strength of an alloy.  Increased mechanical 

properties are highly dependent on the final microstructure of the alloy, following 

processing and heat treatment.  Basic strengthening mechanisms related to ODS 

alloys, and traditional processing routes used to obtain an ODS microstructure will 

be discussed in this chapter.  Several commercial Fe-based ODS alloys and advanced 

nanostructured ferritic alloys (NFAs) will be used to demonstrate potential 

microstructures, thermal mechanical properties, and preliminary thermal nuclear 

properties.   

3.1 Oxide Dispersion Strengthening Mechanisms 

3.1.1 Strengthening Mechanisms  

Several methods can be used to increase the strength of a metal alloy.  Common 

strengthening methods include grain size refinement, work hardening, solid 

solution strengthening, precipitate strengthening, and dispersoid strengthening.  

Although effective at room temperature, several of these methods lose their 

effectiveness at elevated temperatures.  For example, smaller grains can coarsen and 

large dislocation densities established from work hardening can be annealed away 

at elevated temperatures.  For this reason, structural materials that are in service at 

elevated temperatures (T > 0.4Tm) are most effectively strengthened with 

precipitates or dispersoids.  Approximate service temperature limitations for specific 

strengthening methods are shown in Table 3.1. 
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Table 3.1.  Strengthening mechanisms in metals, adapted from [68] based on [70] 

Strengthening Mechanism Effective Temperature 

Work Hardening ~0.3 Tm 

Grain Size ~0.3 Tm 

Solid Solution Strengthening ~0.4 Tm 

Precipitation Strengthening ~0.6 Tm 

Oxide Dispersion Strengthening ~0.9 Tm 

 

Oxide dispersion strengthened materials contain an array of nano-metric oxide 

dispersoids which impede dislocation movement and stabilize dislocation 

substructures.  Strength gains in these alloys are derived from the size, spacing, 

distribution, and volume fraction of the dispersed phase.  Dispersoid strengthening 

can be fundamentally different than precipitate strengthening, with the two 

methods being separated based on particle-dislocation interactions.  When a gliding 

dislocation meets an array of obstacles, it will first try to bend between them [71].  At 

a certain critical bend angle (Φc), the dislocation will bypass the obstacle and 

proceed along the slip plane until meeting another obstacle (Figure 3.1) [3].   

 

Figure 3.1.  A random arrangement of obstacles in a dislocation slip plane, highlighting the 
obstacle spacing (L) and critical bend angle Φc [3] 
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The overall strength of the obstacle will determine dislocation flow.  If the obstacle is 

strong and impenetrable to moving dislocations then Φc will approach zero.  In 

contrast, Φc will approach 180° for obstacles that are weak and penetrable.  The 

required shear stress for sustained dislocation motion is a function of the dislocation 

line tension and obstacle spacing (see  Equation 3 and Equation 4) [71]. 

 

                     
  

 
   

  

 
 

 

 Equation 3 

                  
  

 
    

  

 
 
 
  

 Equation 4 

 

G = shear modules 

b = burgers vector 

L = obstacle spacing 

Φc= critical bend angle  

 

Strong Obstacles 

Strong obstacles are commonly referred to as Orowan particles, owing this to the 

specific dislocation bypassing mechanism.  During this process a dislocation will 

migrate through an obstacle field by forming a dislocation loop around each 

particle, this is known as the Orowan process (Figure 3.2) [70]. 

An advanced examination of the strengthening effects by strong obstacles can be 

obtained by evaluating the average particle spacing, dislocation dipole effect, and 

dislocation line tension value [70].  Assuming the average particle spacing on a 

given slip plane is much greater than the size of the particles (i.e., λ >> r), then the 

average particle spacing can be defined by Equation 5 [72].  From this equation, it 
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can be inferred that the flow stress for dislocation movement will be reduced by a 

factor of 1/1.25 (i.e., 0.8) [70].   

 

Figure 3.2.  Illustrating the Orowan process, when dislocations bend between particles (a), 
bypassing the particles leaving a dislocation loop (b), highlighting dislocation screw (c), and edge 

(d) type [70] 

 

 
             

  

  
 
 
  

Equation 5 

   

λ = particle spacing 

r = particle radius 

f = volume fraction of particle phase 

 

Dislocation dipole effects arise from the interaction between bending dislocation 

arms on opposite sides of neighboring particles.  The dislocation arms have opposite 
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signs and are attracted towards each other, forming a dipole which reduces the 

bypass stress.  The dislocation dipole will have a width equal to the diameter of the 

particles (i.e., 2r), and the stress reduction can be written in a logarithmic term (i.e., 

ln(2r/ro), where, ro is the dislocation core radius), which can be used to scale the 

dislocation line tension [70]. 

The line tension value of a screw dislocation is less than that of an edge dislocation 

by a factor of (1-ν)-1, where ν is Poisson's ratio for the alloy.  During the formation of 

an Orowan loop, the curvature for a screw dislocation is less than that for an edge 

dislocation, resulting in an increase in average obstacle spacing for screw 

dislocations compared to edge dislocations, which balances out the difference in line 

tension values.  During shear stress calculations, the line tension value should 

represent the geometrical mean value for both edge and screw dislocations [70]. 

Combination of these factors results in a more precise estimate of the strengthening 

effects gained using strong particles (Equation 6) [70]. 

                    
      

       
 
  

    
  
  
 

      
 

Equation 6 

 

This theoretical model can be used to predict the resolved shear stress in both single 

crystal and polycrystalline metal alloys (Figure 3.3). The yield stress in 

polycrystalline materials is related to the resolved shear stress using the Taylor 

factor. The Taylor factor takes into account the average orientation of polycrystalline 

grains.  For both face centered cubic and body centered cubic metals the most 

consistent value for the Taylor factor has been found to be 3.06 [73]. 
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Figure 3.3.  Orowan  theoretical model predictions compared with experimental results: (A) single 
crystal copper containing Al2O3 or BeO oxide dispersoids and (B) polycrystalline Co-Ni-Cr 
superalloy with Ni3Ti precipitates (verification of Orowan looping was performed using 

transmission electron microscopy) [74, 75] 

 

The effectiveness of strong particle strengthening is highly dependent on the spacing 

of the particles.  It can prove to be extremely difficult to obtain particle spacing that 

can significantly increase the strength of the alloy, but due to the substantial work 

hardening rate found in alloys containing strong particles (e.g., oxide dispersoids), 

specific processing routes can be used to introduce a large degree of stored energy 

into the material (Figure 3.4) [76].  This warrants the use of thermal-mechanical 

treatments (TMT) for alloys containing strong particles, in order to obtain a sizeable 

increase in alloy strength.   
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Figure 3.4.  The work hardening rate for precipitate strengthened Cu-Be with shearable particles 
(a), oxide dispersion hardened Cu-BeO with non-shearable particles (b), and pure copper (c) [76] 

 

The fundamental principal of using fine stable oxide dispersoids to inhibit recovery 

and recrystallization has been demonstrated using thoria dispersed nickel (TD-Ni) 

[77].  The microstructure of this alloy contains a low volume fraction (~2.0 vol.%) of 

thoria oxide particles with an average radius of 30nm.  This material was processed 

using a series of thermal-mechanical treatments, leading to the formation of a 

cellular dislocation sub-grain structure with diameters ranging from 1-10µm.  In 

order to identify the strength gains due to the nano-metric oxide dispersoids and the 

sub-grain structure, the material was tested in the as-received and fully 

recrystallized condition (Figure 3.5) [78]. 
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Figure 3.5.  Flow-stress of TD-Ni and pure Ni as a function of temperature [78] 

 

This comparison shows that the sub-grain structure plays a significant role in 

strengthening the material.  The increase in strength due to the presence of oxide 

dispersoids can be predicted using the aforementioned hard particle resolved shear 

stress Orowan model (Equation 6), while the increase in strength due to the sub-

grain structure can be best estimated using a Hall-Petch relationship for Ni [3].  The 

sub-grain structure was observed to be stable up to 1200°C, where the sub-grain 

boundaries showed no tendency to migrate in the presence of the thoria particles.  

This promotes the idea that the significant strength gains witnessed in ODS 

materials are of direct consequence to the large amounts of stored energy within the 

material [79].       
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ODS materials can utilize evenly distributed nano-metric oxide particles to initiate 

and stabilize sub-grain dislocation structures.  The sub-grain structure achieved by 

thermal-mechanical processing results in a much finer grain structure compared to 

heavily deforming pure materials [80].  It has been shown that extensive plastic 

deformation of metal alloys containing strong particles leads to the formation of 

cells within the microstructure with dimensions approximately equal to the 

interparticle spacing of the dispersoids [3].  The stability of this sub-grain structure 

appears to be dependent on the size and spacing of the hard particles.  It has been 

found that fine oxide dispersions can either accelerate or decelerate the 

recrystallization process depending on particle size and spacing [81].  Generally, a 

particle spacing greater than 0.8µm will accelerate recrystallization, while those with 

smaller spacing will slow the process.   

Weak Obstacles 

Weak obstacles are sheared by moving dislocations.  The strength increase provided 

by weak obstacles is a function of the force (F) required to overcome the shear 

strength of such particles.  Several sources can contribute to the overall value of the 

shearing force.  These sources include coherency hardening, surface or chemical 

hardening, order hardening, and modulus hardening [70].              

Coherency hardening results from the elastic stresses surrounding the particle in the 

alloy matrix.  The stress field will attract or repeal dislocations, resulting in an 

increase in yield strength [71].  This strengthening phenomenon is analogous to 

solid solution strengthening, except the particles can be orders of magnitude larger 

than a single solute atom, leading to a larger strain field and stronger interaction 

forces.  The increase in resolved shear stress from coherency hardening can be 

approximated by Equation 7 and Equation 8 [71]. 

 



47 
 

            
 
   

  

 
 
 
   Equation 7 

   

      
     

  
 

 Equation 8 

   

   
G = shear modulus 

r = particle radius 

f = volume fraction 

b = Burger’s vector 

α = lattice parameter 

 

Surface or chemical hardening occurs as a result of the formation of new particle-

matrix interface during the shearing process.  Additional interfacial area is created 

when a dislocation enters and exits the particle.  The increase in the surface energy 

associated with an increase in interfacial area requires work to be done to complete 

the process [70].  This hardening effect is thought to have a minimal impact on the 

overall strength of the alloy, except when the particles are extremely fine and 

contain a large surface area to volume ratio.  The increase in resolved shear stress 

from chemical hardening can be approximated using Equation 9 and Equation 10 

[71]. 

               
 
  
  

 
 
 
  

 Equation 9 

 

 

       
  
  

  
 Equation 10 

   
γs = particle-matrix interphase surface energy 

Order hardening can arise when a particle contains an ordered crystal structure.  

Within this ordered crystal structure, it can be assumed that the bond energy 
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between atoms is in a low energy state.  When a dislocation shears the particle, 

creating new interfacial surface area, the low energy bonds are broken and the 

ordered structure is disrupted.  This can result in the formation of a high energy 

bond structure.  The energy increase is commonly referred to as antiphase boundary 

energy (APBE) [71].  The difference between ordered hardening and chemical 

hardening is that the rise in APBE increases as the dislocation moves through the 

particle, instead of solely when the dislocation enters and exits the particle [71].  The 

increase in resolved shear stress from an ordered particle can be approximated using 

Equation 11-Equation 13 [71].   

               
 
  
  

 
 
 
    (low εord) 

 

 Equation 11 

   

           
   

 
  

  

 
 
 
             (high εord) 

 Equation 12 

   

      
    

  
  

 

 Equation 13 

Modulus hardening occurs when a dislocation enters a particle having a shear 

modulus different than that of the matrix, which results in alteration of the 

dislocation line tension (i.e., Gb2/2) [70].  Knowing that the energy associated with a 

dislocation is a function of the shear modulus of the lattice, when a dislocation meets 

a particle with a different elastic modulus a change in energy is required to shear the 

particle and continue on the same slip plane [71].  The increase in resolved shear 

stress as a result in modulus hardening can be approximated by Equation 14 and 

Equation 15 [71]. 

          
  

 
  

  

 
 
 
  

 Equation 14 

   

                 Equation 15 
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The total strength provided by weak particles results from a combination of all the 

aforementioned sources (see Equation 16).  The effectiveness of the particles will be a 

function of particle size, volume fraction, distribution, and bond type.   

                           Equation 16 

  

 

Strengthening Summary 

The mechanism for strong and weak particle strengthening is inherently different.  

Classifying the particles within each alloy system can be important in forming an 

ideal microstructure.  For the most part, dislocation interactions with oxide 

dispersoids (in a metal matrix) are thought to follow the Orowan bypassing process 

and are considered to be non-shearable (i.e., strong obstacles) [82].  Precipitate 

strengthening can be classified as strong or weak obstacle strengthening, but many 

precipitates are designed to be sheared by moving dislocations (e.g., Ni3Al-γ’ 

precipitates in Ni-based superalloys) [83].  A relative comparison can be made 

between the strength of the particles and the yield strength of the matrix material, 

but theoretical classification of strengthening particles can be misleading and should 

be verified using experimental analysis.  The effective strengthening size of the 

particles is highly dependent on particle type.  The size effectiveness of strong 

particles is known to scale indirectly with particle size (assuming a constant 

spacing), while the size effectiveness of weak particles has shown to be highly 

dependent on alloy system and particle chemistry, requiring a series of experimental 

testing to determine an ideal particle size (e.g., age hardening).  

3.2 ODS Creep Resistance 

Creep is defined as the plastic deformation the takes place during a constant applied 

load and temperature in time [84].  This phenomenon generally occurs in metals at 

high temperature (i.e., T > 0.4Tm) and low stress levels (i.e., σ << σy).  Creep behavior 
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can be separated into three stages, including primary, secondary, and tertiary creep 

as a function of time and strain (Figure 3.6).   During primary creep (transient creep) 

the creep rate decreases with time and strain, during this stage dislocation densities 

are increased (analogous to work hardening), consequently decreasing the creep 

rate.  Secondary creep is commonly referred to as steady-state creep, when work 

hardening effects are matched by annealing or recovery effects.  Tertiary creep 

occurs when the creep rate increases continuously with time and strain.  Typically, 

material failures are expected to take place during the tertiary creep stage [71].     

Dislocation and diffusion creep are the primary deformation mechanisms that effect 

metals at high temperatures.  The creep rate found at temperatures above 0.5Tm, 

where dislocation creep (i.e., power-law creep) is the dominating mechanism, can be 

approximated using Equation 17 [85]. 

 

Figure 3.6.  Typical creep deformation curve with a constant applied load, adapted from [85] 
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 Equation 17 

   

   = strain rate    A = dimensionless material constant 

Deff = effective diffusion coefficient  G = shear modulus 

b = Burgers vector   k = Boltzmann constant 

T = absolute temperature σ = applied stress 

 

The stress exponent, n, typically has a value ranging from 3-8, which indicates the 

primary deformation mechanism (Table 3.2). 

Table 3.2.  Relationship between stress exponent (n) and deformation mechanism during 
dislocation dominated creep [85] 

Stress 
 Exponent (n) Deformation Mechanism  

~ 3  Dislocation glide  

~ 5  
Dislocation glide plus climb or 

lattice diffusion at high 
temperatures  

~ 7  Dislocation core diffusion at low 
temperatures  

~ 8  Lattice diffusion through a constant 
dislocation substructure  

      

Diffusion dominated creep is dependent on the atomic diffusion path.  At slightly 

elevated temperatures atomic diffusion will occur primarily along grain-boundaries 

(Coble creep), while at high temperatures atomic diffusion will predominantly occur 

throughout the lattice of the material (Nabarro-Herring creep).  The creep rate due 
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to Coble and Nabarro-Herring diffusion creep deformation can be approximated 

using Equation 18 and Equation 19, respectively [85]. 

     
        

  
 
 

 
  
 

 
 

 

 Equation 18 

 

   

     
       

  
 
 

 
  

 

 
  

 

 Equation 19 

   

DGB = grain boundary diffusion  

DL = lattice diffusion 

d = grain diameter 

Creep deformation maps are used to identify the primary creep mechanism at a 

given temperature and stress for a particular material system (Figure 3.7).  The use 

of such maps can be critical to microstructure design and material life predictions.       

 

Figure 3.7.  Creep deformation mechanism map for pure polycrystalline materials [85] 
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3.2.1 Creep in Oxide Dispersion Strengthened Materials 

Creep resistance in ODS alloys is related to the strengthening mechanism (e.g., 

Orowan process), in which the dispersoids invoke a strong resistance to dislocation 

creep.  The stress exponent (n), defined by dislocation creep (Equation 17), is usually 

less than 10 for dispersoid free alloys, but has been found to be extremely high (n >> 

20) in dispersion strengthened materials, in conjunction with unusually large 

activation energies required for creep deformation (i.e., activation energies for bulk 

lattice diffusion) [86].  This unusual creep behavior is thought to be linked to the 

threshold stress required for dislocations to climb dispersoids, and the detachment 

stress required to overcome the attractive interaction force between the dislocations 

and dispersoids [87]. 

Creep deformation in ODS materials can occur well below the Orowan stress 

(Equation 6) at elevated temperatures, due to dislocations climbing over localized 

dispersoids.  The dislocation climb process requires an increase in the dislocation 

line length, resulting in an increase in energy.  Thus, a threshold stress must be 

exceeded before the climbing process can occur.  The addition of a threshold stress 

(σth) variable to the conventional power law creep equation is not straight forward, 

because σth is a poor material constant which can vary greatly with temperature and 

stress [88].  Also, it has been shown that dislocation climb does not lead to unusually 

high stress exponents, suggesting that dislocation climb alone does not explain the 

creep behavior in ODS materials [89]. 

The concept of a detachment stress threshold arises from the attractive interaction 

between a dislocation and dispersoid particle.  This attraction results when the stress 

field surrounding the dislocation is relaxed at the incoherent or strained 

dispersoid/matrix interface by slipping and rapid diffusion [88].  A dislocation 

located at the detachment edge of a dispersoid particle after slow creep deformation 

is shown in Figure 3.8.  Further research has shown that detachment stress required 
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to overcome this attractive force is far greater than stress predictions for dislocation 

climb [87].   

 

Figure 3.8. Weak beam TEM micrograph identifying a dislocation attached to a dispersoid particle 
in dispersion strengthened MA6000 [90] 

An Arrhenius type model for predicting dislocation creep in ODS materials has been 

developed and has demonstrated moderate success in predicting dislocation creep 

in ODS alloys (Equation 20) [88].  This model considers the activation energy 

required for dislocation detachment from attractive dispersoid interfaces. 

            
  
   

  
 Equation 20 

 

   

    
      

 
 

 Equation 21 

   

Dv = volume diffusivity    λ = particle spacing 

ρ = density of mobile dislocations  b = Burgers vector 

kB = Boltzmann’s constant   T = absolute temperature  

Ed = activation energy required for dislocation detachment 
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The activation energy required for dislocation detachment is a function of the 

dislocation line tension, relaxation parameter, and applied stress (see Equation 22) 

[88].   

                  
 

  
 

 
 

 

 Equation 22 

 

   

G = shear modules  b = Burgers vector    

r = dispersoid radius k = relaxation parameter 

σ = applied tensile stress σd = detachment stress 

 

For a relaxation parameter equal to unity (i.e., k=1), no attraction between the 

dispersion particles and the dislocation exists, but for a relaxation parameter less 

than unity (i.e., k<1), an attractive interaction is present and increases as k 

approaches zero.  The relaxation parameter has shown to be dependent on particle 

spacing, size, and volume fraction, and can be determined experimentally using 

Equation 23, where the resolved shear stress required for dislocation detachment in 

polycrystalline materials is related to σd by the Taylor factor [88]. 

 

            
 Equation 23 

   

τd = detachment resolved shear stress 

τO = Orowan resolved shear stress 

 

The experimental creep behavior in dispersion strengthened Al-2.16C-0.80O (wt.%) 

was used to test the validity of this creep model (Figure 3.9).  This alloy contains 

Al2O3 and Al4C3 dispersion strengthening particles, and displays characteristic ODS 
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creep behavior at intermediate strain rates with an extremely high stress exponent 

value (i.e., n≈200) [91].  The creep mechanism during intermediate strain rates was 

found to be controlled by interactions between single dislocations and dispersion 

particles using in situ TEM analysis.  At higher strain rates (  /Dv > 1012 m-2) the 

effectiveness of the dispersion particles is negated, due to the formation of a large 

dislocation networks which also can be found in dispersoid-free materials.  At low 

strain rates and high temperatures the degradation in creep strength is thought to be 

related to the materials fine grain size, and the creep mechanism is most likely 

controlled by the onset of grain boundary sliding [91].   

 

Figure 3.9.  The normalized creep rate as a function of stress for fine grained dispersion 
strengthened Al-2.16C-0.80O (wt.%) [91] 
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This model seems to be well suited for predicting creep behavior in ODS materials 

when dislocation creep is the primary deformation mechanism at intermediate strain 

rates.  In order to better understand the creep properties of ODS materials a detailed 

creep analysis is required on a per alloy basis, due to the strong dependence 

between creep behavior and microstructural features in ODS alloys.  Furthermore, 

the development of creep mechanism maps for specific ODS alloys will be necessary 

for predicting creep behavior during elevated temperature operation of these 

materials.    

3.3 Oxide Particle Formation and Growth 

The effectiveness of oxide dispersion strengthening (ODS) is highly dependent on 

alloy microstructure (see Strengthening Mechanisms 3.1).  The ideal ODS 

microstructure should contain an array of evenly distributed, finely spaced, nano-

scale oxide particles.  The distribution and size of such particles will depend on 

thermodynamic and kinetic mechanisms.  The formation of second phase particles, 

within a solid-solution parent phase matrix, has been shown to result from 

precipitation [80].  Precipitation is a thermally activated process, in which a critical 

nucleation energy barrier must be overcome to progress forward with nucleation 

and growth.   

3.3.1 Precipitation 

During homogeneous nucleation, precipitation of a second phase occurs by means 

of nucleation and growth without the benefit of preexisting defects or impurities.  

The thermodynamics of nucleation are governed by the relationship between the 

change in volumetric Gibbs free energy (ΔGv), interfacial energy (σ), and strain 

energy (ε) in solids (Equation 24) [80].    

                   Equation 24 
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It can be seen in Figure 3.10A, that a critical thermodynamic nucleation barrier (ΔG*) 

must be overcome before nuclei growth becomes energetically favorable.  This 

barrier can be very large and is unlikely to be overcome during homogeneous 

nucleation (see Figure 3.10B).   

 

Figure 3.10. Change in Gibbs free energy as a function of nucleus size (A) and thermodynamic 
nucleation barrier comparison for homogeneous and heterogeneous nucleation (B) [92] 

 

Heterogeneous nucleation occurs at regions with higher than average free energy, 

such as dislocations or grain boundaries.  During precipitation the nucleus replaces 

part of the high energy dislocation line or grain boundary and uses the favorable 

change in Gibbs free energy to drive the reaction [92].  For this reason, 

heterogeneous nucleation requires less energy and has a smaller nucleation barrier 

than homogeneous nucleation (see Figure 3.10B).  Several common defects that 

promote heterogeneous nucleation include grain boundaries, grain edges, grain 

corners, dislocations, surfaces, and impurity particles [80].  Furthermore, the 

precipitation formation rate can also be impacted by the presence of such defects, 

when considering the increased concentrations of solute atoms and increased 

diffusivities found in these regions [80].  
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3.3.2 Precipitate Growth 

The precipitate growth rate is limited to the rate in which atoms are brought to the 

precipitate interface, or the rate in which the atoms cross the interface.  During early 

stage growth the rate limiting step is typically interface controlled, due to the initial 

diffusion distances being negligible [80].  As the precipitate grows the rate limiting 

step becomes diffusion controlled, as a result of increased diffusion distances and a 

reduction in the solute concentration gradient (which drives the reaction) [80].   

If the precipitates are assumed to be small, coherent spheres and diffusion is 

considered the rate limiting step, then the growth of such precipitates in a 

supersaturated solid solution with a radius (R) as a function of time (t) can be 

described using Equation 25 [80].  Precipitates will continue to grow in a t1/2 manner 

until the solute concentration within the matrix reaches equilibrium.  This marks the 

end of the precipitate growth stage. 

       
 
  

 

 Equation 25 

   

   
       

        
 

 

 Equation 26 

   

D = volume diffusivity coefficient  

CI = concentration at the precipitate/matrix interface 

CM = concentration in the matrix at a remote point  

CP = solute concentration in the precipitate 

 

3.3.3 Precipitate Coarsening     

The coarsening of precipitates occurs as a result of the interfacial free energy 

between the precipitate and the matrix.  Coarsening of precipitates is commonly 

referred to as ―Ostwald ripening‖, after fist being discovered by Ostwald during 
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examination of salt precipitates in aqueous solutions [93].  The interfacial free energy 

of metallic precipitates in a metal matrix has been found to vary from 0.2-0.6 Jm-2 

[80].  Interfacial energy is related to the coherency and bonding of the precipitate as 

compared with the matrix phase.  Lowest energy values are found in coherent 

precipitates with similar metallic bonds, while highest energy values are found in 

incoherent precipitates with a different bond structure (e.g., ionic or covalent 

bonding in oxides) [80].   

In the case of incoherent precipitates (e.g., oxides in a metal matrix), the precipitates 

usually grow and coarsen in a spherical geometry to minimize the interfacial surface 

energy.  The surface area to volume ratio for a sphere decreases as the radius of the 

sphere increases, so as coarsening progresses the larger precipitates grow at expense 

of the smaller ones in an effort to lower the overall free energy of the alloy system.     

The mechanism of coarsening (Ostwald ripening) is derived from the increased solid 

solubility found in smaller precipitates.  This increased solubility is a direct result of 

the increased surface area to volume ratio found in these smaller precipitates.  This 

increased ratio can shift (increase) the local equilibrium solid solubility at the 

precipitate/matrix interface [92].  This is known as the Gibbs-Thomson effect, which 

takes into account the rise in chemical potential (Δμ), as a result of increased 

interfacial energy (σ) at the precipitate/matrix interface (Equation 27) [80].  This 

increased solubility creates a concentration gradient driving the solute atoms 

towards the larger precipitates via diffusion.  As the coarsening process continues 

the solute concentration gradient becomes more severe, thus promoting an increased 

rate of diffusion until the smaller precipitates are fully dissolved.  

            

 

 Equation 27 

   
Vm = precipitate molar volume 

2/r = curvature of spherical surface 
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Precipitate coarsening is controlled by a rate limiting step that is highly dependent 

on the microstructure of the alloy.  Assuming a kinetic relationship for the 

coarsening of precipitates (Equation 28), this rate limiting step can be identified 

using Table 3.3 [80]. 

        Equation 28              

   

r = precipitate radius 

n = rate limiting exponent 

k = material constant defined by diffusion mechanism and temperature 

t = coarsening time 

 

Table 3.3.  Coarsening rate limiting step identification exponent [94-97] 

Exponent (n) Rate Limiting Step 

2 Atom transfer across interface 

3 Matrix diffusion 

4 Grain boundary diffusion 

5 Dislocation pipe diffusion 

 

The solid solubility of oxides in metals is extremely low, and thus oxide precipitates 

resist Ostwald ripening even at extremely high temperatures.  Alloys containing fine 

oxide dispersoids as a strengthening mechanism have shown a strong resistance to 

coarsening and recrystallization at elevated temperatures, even when considerable 

dislocation substructures have been introduced into the alloy by cold or hot working 

[80].  The resulting mechanical properties of such alloys are related to both the oxide 

precipitates and the stabilized substructure, thus the stability of the entire alloy 

microstructure is heavily dependent on the dispersoids resistance to coarsening.  

Coarsening experiments preformed on thoria-dispersed nickel (TD-Ni) showed the 



62 
 

solubility of thoria to be only 5x10-2 wt.% at 1350°C with an average particle size of 

60nm after 200 hours at a temperature of 0.94Tm [95].             

3.3.4 Summary 

Precursor alloy powders used for ODS alloy formation are engineered to start with a 

supersaturated solid-solution microstructure. Defect concentrations in these 

powders should be increased to promote heterogeneous nucleation of oxide 

precipitates.  Consolidation and heat treatment procedures should be designed to 

promote an even distribution of nano-scale oxide precipitates, while minimizing 

growth effects, until equilibrium conditions are reached.  Due to oxide dispersoids 

being extremely resistant to coarsening in a metal matrix, the alloy should be cold or 

hot worked in order to develop a dislocation substructure to increase alloy strength.        

3.4 Mechanical Alloying 

Mechanical alloying was first used to form an oxide dispersion strengthened (ODS) 

microstructure in 1970. The discovery was made by J.S. Benjamin at the International 

Nickel Company (INCO, currently known as Special Metals) [98].  The motivation of 

this research was to develop a Ni-based superalloy with a wide operating 

temperature range, in which the alloy would provide both a strong intermediate and 

high temperature strength and creep resistance.  The solution was to combine the 

advantages of both gamma-prime (e.g., Ni3Al) precipitates and nano-scale oxide 

precipitates (e.g., Y2O3 or ThO2).  The ideal microstructure was produced by 

mechanically blending nickel, chromium, yttria or thoria, and nickel-aluminum-

titanium master alloy powders together in a high energy attritor mill for 40 hrs in 

air.  The resulting particles were consolidated using hot extrusion techniques at a 

temperature of ~1177°C or below with extrusion ratios of 12:1 or greater [98].  The 

consolidated parts were heat treated at 1274°C for 2 hours in Ar and air cooled, 

followed by a solution treatment at 1080°C for 7 hours in air and air cooled, 

concluding with an aging treatment at 705°C for 16 hours in air and air cooled [98].  
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The solution and aging treatment is typical for conventional Ni-based superalloys.  

The resulting microstructure was found to contain both gamma-prime precipitates 

and nano-scale oxide dispersoids.  This initial experiment was deemed a success, 

proving the ability to form a nano-scale ODS microstructure using mechanical 

alloying techniques.             

3.4.1 Mechanical Alloying Process 

Mechanical alloying (MA) has been used for the formation of ODS microstructures 

for several decades, but much is still not readily understood about this complex and 

stochastic process [12].  This process has traditionally been used for the fabrication 

of precursor ferritic stainless steel ODS powders (see Figure 3.11).   

 

Figure 3.11.  Mechanical milling followed by hot deformation processing for the formation of an 
ODS microstructure [12] 

 

During mechanical alloying the base metal and alloying additives are inserted into a 

high energy shaker, planetary, or attritor mill.  The milling time can last for up to 80 

hours, during which alloying occurs through a complex series of cold welding, 

fracturing, and folding at the nano-metric particle interfaces (see Figure 3.12) [99].   

The as-milled particles have been shown to have a single phase microstructure, 

signifying that all alloying constituents were forced into a supersaturated solid 
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solution and that the ceramic powders were dissociated [100].  This result shows 

that solid solubility limits can be expanded beyond equilibrium predictions using 

mechanical alloying.  In some cases MA can achieve a far greater degree of solute 

trapping than possible using rapid solidification processing (RSP) [101].   

 

Figure 3.12. Microstructural evolution during mechanical milling of both ductile and brittle 
powders (typical of ODS alloys) [101]  

 

After the milling process the resulting powders are consolidated using elevated 

temperature extrusion and subsequent heat treatments to promote the formation 

and distribution of nano-metric oxide dispersoids [1].  Also, to achieve ideal 

mechanical properties the alloy will commonly be subjected to a series of thermal 

mechanical treatments (TMT), in order to form a stable dislocation sub-grain 

structure [102].  This processing method has proven to be effective in introducing 

nano-metric oxide dispersoids into a parent matrix phase, which has been reported 

to drastically increase the mechanical performance of select ferritic alloys [2].   

3.4.2 Problems with Mechanical Alloying 

Mechanical alloying (MA) unfortunately contains many key problems that can 

severely limit the process at a commercial scale.  Many of the processing problems 

stem from the extended time requirement needed for uniform alloying to occur.  The 
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processing time is important because it can greatly affect the final cost of the 

precursor powder, which can ultimately limit the applications of the resulting alloy 

[12]. The time required for sufficient milling of an alloy is directly dependant on the 

energy of the mill.  For example, a process that takes a few minutes in a SPEX mill 

(i.e. shaker mill) can take hours in an attritor mill, or a few days in a commercial 

planetary mill [103].  This illustrates the difficulties faced when scaling up a milling 

procedure from a SPEX mill, with a capacity of approximately 0.01 kg, to an attritor 

mill with a capacity up to 45 kg, or to a large planetary (or rod) commercial mill that 

can produce up to 180 kg of material at a time [103].  A comparison of the relative 

processing rate for MA and a common RSP technique (i.e., gas atomization) is 

shown in Figure 3.13.   

Longer milling times can also lead to unwanted contamination within the alloy 

powders (e.g., carbon, oxygen, argon, and milling debris).  This contamination can 

lead to the formation of non-ideal impurity phases that can limit the mechanical 

integrity of the final consolidated part.   

 

Figure 3.13. Relative processing rate comparison between MA processing and RSP (i.e., gas 
atomization) [103, 104] 
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3.5 Fe-based Oxide Dispersion Strengthened Alloys 

The composition of two Fe-based ODS alloys (i.e., MA956 and PM2000) is displayed 

in Table 3.4.  MA956 was developed by Special Metals Inc., and PM2000 was 

developed at Schwarzkopf Technologies, both alloys were designed to be Fe-based 

superalloys for high temperature creep and oxidation resistant applications.  These 

alloys have been used as burner hardware in coal-fired boilers and as heat 

exchanger tubing in advanced energy conversion power plants [105].   

 

Table 3.4.  Alloy composition for commercial Fe-based ODS MA956 and PM2000 [1, 106, 107] 

Element (wt. %) Fe Cr Y Al Ti W O 

MA956 Bal. 21.7 0.4 5.8 0.3 - 0.2 

PM2000 Bal. 18.9 0.4 5.1 0.5 - 0.2 

 

3.5.1 Mechanical Alloying Process and Consolidation 

These Fe-based ODS alloys were produced using a proprietary high energy 

mechanical alloying process.  Specifics about the milling process are unknown, but 

the basic processing steps have been defined (Figure 3.14).  First, elemental and 

master alloy gas atomized powders are blended with nano-sized yttria (Y2O3) 

particles in a high energy ball mill.  The milling process is highly critical in achieving 

an ideal ODS microstructure, and the process should continue until the heavily 

deformed powder particles reach a super-saturated solid solution condition.  The 

heavily deformed particulate is then consolidated using various hot compaction 

techniques (e.g., hot extrusion or hot isostatic pressing), during which formation of 

the nano-sized oxide dispersoids takes place.  The final step is to recrystallize and 
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grow the grains in the consolidated part for increased creep resistance.  

Recrystallization takes place during high temperature zone annealing of the 

consolidated part.  Zone annealing is used to promote directional recrystallization 

and growth to assist in the formation of a large grain aspect ratio (GAR).  GARs 

found in Fe-based ODS materials can be as large as 100:1, and are typically limited 

only by the length of the part [105].   

 

Figure 3.14.  Mechanically alloyed Fe-based ODS processing method [108] 

 

3.5.2 Macrostructure and Microstructure 

The macrostructure found in as-received Fe-based ODS MA956 is shown in Figure 

3.15.  The macrostructure transverse to the extrusion direction contains an average 

grain size of ~4 mm (Figure 3.15A), while the macrostructure longitudinal to the 

extrusion direction contains large columnar grains with an average size ~120 mm 

(Figure 3.15B) [4].  This alloy contains a GAR of ~30:1, which was formed upon high 

temperature recrystallization.  Large GARs were developed for superior creep 

resistance in the longitudinal direction, but this highly anisotropic macrostructure 

can severely limit part applications (e.g., tubing), where the stress field promotes 

creep in the transverse direction [1].      
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Figure 3.15.  As-received MA956 rod macrostructure: (a) transverse section and (b) longitudinal 
section highlighting the long columnar grains [4] 

 

These alloys contain an α-Fe matrix with ~2.0 vol.% nano-sized oxide precipitates 

(see Figure 3.16).  The average size of the oxide precipitates in the as-received 

condition is ~13nm and ~9nm for MA956 and PM2000, respectively [109].  The 

precipitates are generally found to be predominantly mixed oxides of Y2O3 and 

Al2O3 (e.g., Y-Al garnets, Y-Al pervoskite, Y-Al monoclinic, and Y-Al tetragonal), 

with a few precipitates being larger Al2O3, TiC, and Ti(N,C) particles [4, 105]. 

 

Figure 3.16.  ODS microstructure of as-received (a) PM2000 and (b) MA956 [4, 110] 
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3.5.3 Recrystallization of Deformed ODS Microstructures 

As-consolidated Fe-based ODS materials are often very difficult to recrystallize, 

requiring an extremely high annealing temperatures sometimes above 0.9Tm [111].  

This is quite a unique phenomenon, since the as-consolidated structure contains a 

large amount of stored energy, which can lower the activation energy required for 

grain recrystallization.  The barrier to grain nucleation during recrystallization is 

related to the fine dislocation substructure (i.e., ultra-fine grains) that develops 

during hot consolidation of the heavily deformed mechanically alloyed particles.  In 

this case, the submicron grain boundary junctions act as pinning points, preventing 

large angle bowing or bulge formation from reaching a critical nucleation size (see 

Figure 3.17) [112].         

 

Figure 3.17.  Nucleation of grain recrystallization in as-consolidated MA ODS materials, 
illustrating that grain boundary junctions act as barriers to grain boundary bulge formation [112] 

 

A similar dislocation substructure can be developed in coarse grained ODS materials 

using a series of thermal-mechanical-treatments (TMT) (Figure 3.18).  During this 

process, the alloy is heavily deformed by means of hot or cold working, which leads 

to very large defect concentrations, due to the inherent rapid work hardening rate 
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found in ODS materials (See Figure 3.4).  The material is subsequently annealed to 

invoke recovery and not recrystallization.  The recovery time is dependent on defect 

concentration and temperature [5].  Recrystallization will lead to the annihilation of 

the dislocation substructure.  Several TMT cycles may be required to develop an 

ideal dislocation substructure. As previously mentioned (Section 3.1: Strengthening 

Mechanisms), this process could be used to increase the strength in ODS alloys.   

 

Figure 3.18.  Bright field TEM image of the dislocation substructure found in MA 956 after 47% 
cross-section reduction with a recovery anneal at 800°C for 1 hour [5] 

 

3.5.4 Mechanical Properties 

The mechanical properties found in Fe-based ODS MA956 and PM2000 are highly 

dependent on microstructure.  Elevated temperature yield strength, tensile strength, 

and total elongation data are shown in Figure 3.19.  PM2000 proves to be 

significantly stronger than MA956 at lower temperatures (i.e., T ≤ 600°C), but at 

higher temperatures (T  800°C) the strengths of the two alloys began to converge.  

The differences in strength values can be explained by the varying microstructure in 

the tested specimens.  It has been reported that the microstructure of the MA956 



71 
 

alloy was tested in the fully recrystallized condition, while the microstructure of the 

PM2000 alloy contained regions that were unrecrystallized [1].  Also, it was reported 

that the grain size for the MA956 alloy was larger than the grains found in the 

PM2000 alloy (although no quantifiable data was provided), and by assuming a 

simple Hall-Petch strength relationship the differing strength values found at lower 

temperatures can be justified [1].  The similar strength values found at higher 

temperatures can be explained by assuming each ODS alloy contains a near identical 

spatial distribution of alike dispersoids (see Figure 3.16), which requires a 

comparable detachment stress during dislocation climb at elevated temperatures.  

The difference in grain size also effects the elongation found in the two alloys, and 

knowing that ductility is inversely related to grain size explains why PM2000 

demonstrated a greater elongation than MA956.  This analysis highlights the 

importance of identifying the processing state and microstructural features present 

in the alloy prior to testing.  Additionally, a peak in ductility was highlighted at 

~600°C, which has been postulated as the transition temperature between 

transgranular and intergranular fracture within these alloys [113].      

A comparison between the elevated temperature creep behavior found in Fe-based 

ODS MA956 and PM2000 and Ni-based IN 100 (precipitate strengthened) and IN 

617 (solid solution strengthened) alloys is shown in Figure 3.20.  This comparison 

provides insight into the stability of the Fe-based ODS microstructure at elevated 

temperatures, in contrast to the Ni-based alloys where large strength losses are 

related to an evolving microstructure.  
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Figure 3.19.  Elevated temperature yield (dashed) and tensile (solid) strength (A) and total 
elongation (B) comparison of Fe-based ODS MA956 (red) and PM2000 (blue) [106, 107] 
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Figure 3.20.  Creep resistance of Fe-based ODS alloys MA956 and PM2000 compared to Ni-based 
superalloys IN 100 (precipitate strengthened) and IN 617 (solid solution strengthened) [105] 

 

3.5.5 Precipitate Thermal Stability  

The high temperature stability of the mixed Y-Al oxide precipitates found in MA956 

and PM2000 was evaluated at 1350°C (Figure 3.21) [109].  These data revealed that 

the precipitates found in MA956 coarsened at a faster rate compared to the 

precipitates found in PM2000.  The coarsening rate found in MA956 at 1350°C 

follows a ~t1/4 relationship, indicative of grain boundary coarsening.  The 

coarsening rate found in PM2000 follows a ~t1/5 relationship, indicative of 

coarsening by dislocation pipe diffusion.  Bright field TEM images of the evolving 

microstructures can be seen in Figure 3.22. 
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Figure 3.21.  Coarsening rate of Y-Al mixed oxide precipitates at 1350°C found in Fe-based ODS 
MA956 and PM2000 [109]  

 

 

Figure 3.22.  Bright field TEM images used to characterize precipitate stability and coarsening rate 
at 1350°C  for Fe-based ODS PM2000 (blue a=1hr, b=6hr, and c=607hr) and MA956 (red d=1hr, 

f=6hr, and e=607hr) [109] 
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3.6 Advanced Nanostructured Ferritic Alloys (NFAs) 

Nanostructured ferritic alloys were discovered in 1999 by three-dimensional atom 

probe (3-DAP) mapping of alloy 12YWT [114, 115].  This analysis proved the 

existence of Y, Ti, and O enriched nano-metric clusters.  A subsequent 3-DAP 

analysis of MA957 rendered similar results, which showed the two microstructures 

to be similar [116].  The nano-metric phases were termed nanoclusters (NCs).  The 

NCs were found to be highly defective non-equilibrium phases, which are thermally 

stable up to 800°C and for short times at temperatures as high as 1300°C [6, 117].  A 

third NFA has been produced at the laboratory scale (~200 gm) termed 14YWT [2].   

NFAs differ from traditional commercial grade Fe-based ODS (e.g., MA956 and 

PM2000) alloys in composition, processing, and microstructure.  The composition of 

three NFAs (i.e., MA957, 12YWT, and 14YWT) is displayed in Table 3.5.  One main 

difference between NFAs and MA956 or PM2000 is that aluminum has been 

removed from alloy composition, in order to prevent the formation of complex Y-Al 

mixed oxide precipitates. 

Table 3.5.  Alloy composition for NFAs MA957, 12YWT, and 14YWT [1, 2] 

Element (wt.%) Fe Cr Y Al Ti W Mo O 

MA957 Bal. 13.7 0.28 - 0.98 - 0.30 0.21 

12YWT Bal. 12.25 0.20 - 0.39 3.00 - 0.05 

14YWT Bal. 13.93 0.21 - 0.22 1.97 - 0.05 

 

3.6.1 Mechanical Alloying Process and Particulate Consolidation 

The mechanical alloying (MA) and consolidation process for MA957 is proprietary, 

but the process used to obtain a similar microstructure in 12YWT and 14YWT has 
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been reported in the literature [6, 118].  Alloy 12YWT has been produced by milling 

70μm master alloy gas atomized powders with 20nm Y2O3 powders in a high energy 

attritor mill for 48 hrs under Ar.  The MA particulate are then placed into a mild 

steel can, degassed at 400°C under a vacuum of 10-2 Pa for 2.0 hrs and sealed.  The 

particulate is consolidated into a bar by hot extrusion techniques at 1150°C [6].  

Alloy 14YWT is produced in a similar manner related to 12YWT, where first master 

alloy (Fe-14.0Cr-3.0W-0.4Ti wt.%) gas atomized powders (45-150μm) and 0.3 wt.% 

Y2O3 powders (17-31nm) are blended together.  The mixed powders are then ball 

milled in a high energy attritor mill for 40 or 80 hours with an Ar gas atmosphere 

and a ball-to-powder mass ratio of 10:1.  After ball milling the powders are placed in 

a mild steel can, degassed at 400°C under a vacuum of ~10-2 Pa, and sealed.  The 

powders are subsequently heated to 850°C for 1.0 hr and consolidated using hot 

extrusion or hot isostatic pressing at 850°C or 1150°C [118].  A schematic 

highlighting the MA and consolidation process is shown in Figure 3.23.  Similar to 

Fe-based ODS alloys, NFAs can be strategically consolidated or worked and heat 

treated to form a microstructure with a fine dislocation substructure for additional 

strengthening.    

 

Figure 3.23.  Schematic of the mechanical alloying, consolidation, and subsequent working and 
heat treatment process for the formation of a NFA [9] 



77 
 

3.6.2 NFA Microstructure 

Analysis of the NFA microstructure has been conducted in detail using small angle 

neutron scattering (SANS) [68].  The experimental procedure and mathematical 

models used for microstructure interpretation are explained in detail within the 

literature [68].  The average radius, volume fraction, and number density for the 

NCs found in as-HIPped at 1150°C 14YWT, and as-extruded at 1150°C MA957 and 

12YWT is shown in Figure 3.24.  The average Vickers microhardness values for each 

alloy in the as-consolidated state also is shown in Figure 3.24.  It can be seen that the 

average radius of the Y-Ti-O enriched NCs range in size from approximately 1.25-

1.75nm, which is significantly less than the radius of the oxide dispersoids found in 

as-received MA956 or PM2000.  The volume fraction of NCs found within these 

NFAs is approximately 0.6 vol.%, with a number density of ~1024 m-3.  MA957 

contains the largest number density of the NCs, presumably due the increased 

concentration of Y and Ti found in the alloy.   

 

Figure 3.24.  NFA microstructural evaluation of cluster radius (r), volume fraction (f), number 
density (N), and Vickers hardness (DPH) [119] 
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The composition of the NCs found in the NFAs has been derived using atom probe 

tomography (APT) (see Table 3.6).  It can be seen that the NCs contain a varying 

amount of Y, Ti, O, Fe, and Cr.  Accurate measurements of the matrix dominant 

elements (Fe+Cr) can be difficult using APT, because accuracy of this measurement 

is dependent on the interface structure between the cluster and the matrix [120].   In 

most cases, the metal-to-oxygen ratio is greater than one, signifying the formation of 

an oxygen deficient or sub-oxide phase.  The cluster compositions do not match 

known equilibrium oxide phases (e.g., Y2Ti2O7, Y2TiO5, or YTiO3), signifying that the 

clusters might be a non-equilibrium phase or a highly stable transition phase [117].   

 

Table 3.6.  Summary of the NCs composition from APT [6, 116-119]   

Alloy Y Ti O Fe + Cr 

14YWT* 0.17 0.28 0.33 0.22 

MA957 0.15 0.33 0.40 0.12 

12YWT 0.09 0.20 0.24 0.47 

12YWT 0.08 0.42 0.40 0.10 

12YWT 0.06 0.39 0.42 0.13 

14YWT** 0.06 0.42 0.46 0.06 

* HIPed at 1000°C and ** Extruded at 850°C 

Bright field TEM micrographs reveal the submicron dislocation substructure and the 

distribution of the NCs found in as-consolidated (1150°C) MA957 (Figure 3.25).  The 

dislocation substructure is formed during hot extrusion consolidation of the heavily 
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deformed MA powders.  The NCs were found to have a radius ranging from 1.05 

±0.2nm, which agreed well with data published from the aforementioned SANS 

analysis [121].        

 

Figure 3.25.  Microstructure of as-consolidated NFA MA957 highlighting the dislocation 
substructure (A) and dispersoid distribution (B) [121] 
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NFAs are also extremely difficult to recrystallize in the as-consolidated condition 

due to the presence of a fine dislocation substructure (as previously discussed 

Section 3.5).  Figure 3.26 illustrates the microstructure found in as-extruded (Figure 

3.26A) and as-recrystallized (Figure 3.26B) MA957. Differential scanning calorimetry 

measurements of as-extruded MA957 show recrystallization to start at 1370°C and 

end at 1412°C, which is approximately 0.9Tm [122].           

 

Figure 3.26.  Grain structure of as-consolidated MA957 (A) and as-recrystallized (1400°C) MA957 
(B) [111] 
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3.6.3 Mechanical Properties 

Vickers microhardness values for MA957, 12YWT, and 14YWT have been reported 

in the literature and are shown in Figure 3.27 [68].  The composition, milling type, 

and consolidation temperature for NFA 14YWT was manipulated, in an effort to 

better understand the effects each variable has on the alloys as-consolidated 

microhardness.  Four different alloys were prepared for this analysis by removing 

certain elements from the original 14YWT alloy composition, thus resulting in alloy 

14YT (removal of tungsten), alloy 14Y (removal of tungsten and titanium), and alloy 

14 (removal of tungsten, titanium, and yttrium).  The alloys were then mechanically 

alloyed in a shaker (S) or attritor (A) mill, followed by hot consolidation (i.e., HIPed) 

at 850°C (red) or 1150°C (blue).   

The results show that the MA957, 12YWT, and 14YWT have a similar microhardness 

value when consolidated at the 1150°C, but 14YWT displays a substantial increase in 

hardness when consolidated at 850°C.  The large increase in hardness could be 

attributed to the formation of a finer primary grain structure, and an increased NC 

number density.  It can also be seen that titanium has a stronger influence on the as-

consolidated hardness value when compared to tungsten.  The comparison between 

S14YWT and A14YWT highlights the difference in milling energies and resulting 

powder deformation.  The powders that were more heavily deformed (i.e., shake 

mill) during the milling process display a larger microhardness value in the as-

consolidated condition.  This hardness increase is likely due to the formation of 

smaller primary grains upon consolidation, or due to an increased concentration of 

residual defects compared to powders mechanically alloyed in the attritor mill.  In 

summary, the NFA 14YWT is much harder when consolidated at 850°C as opposed 

to 1150°C and when the alloy contains both yttrium and titanium.     
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Figure 3.27.  Vickers hardness values for various Fe-based and NFAs consolidated at different 
temperatures (red = 850°C and blue = 1150°C) [13, 68, 119] 

 

High temperature tensile and total elongation data for both NFAs (i.e., MA957 and 

12YWT) and ODS alloys (i.e., MA956, PM2000, and 12Y1) are displayed in Figure 

3.28 [1].  The samples were tested in the longitudinal direction in reference to the 

extrusion direction.  It can be seen that the NFAs exhibit a greater tensile strength 

compared to the ODS alloys, but the different alloys begin to converge at 

temperatures above 800°C.  Total elongation values are not simply inversely related 

to strength, but more dependent on alloy microstructure.  Alloy grain structure and 

processing state (e.g., as-consolidated or partial/fully recrystallized) can dictate the 

degree of ductility found in NFAs or ODS alloys.  Without a clear understanding of 

the tested alloy microstructure a relative comparison of the elongation data is quite 

difficult.                
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Figure 3.28.  Tensile strength (A) and total elongation (B) values as a function of temperature for 
NFAs MA957 and 12YWT compared to Fe-based ODS alloys 12Y1, MA956, and PM2000 [1] 

 

Yield strength and creep data for NFA MA957 in the as-extruded, cold-worked, and 

fully recrystallized condition is displayed in Figure 3.29.  The fine grain structure 

found in the as-extruded and cold-worked specimens promotes an increased yield 

strength over the recrystallized coarse grained specimen at lower temperatures (T ≤ 

600°C), but at higher temperatures the yield strength values for the three specimens 
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converege (Figure 3.29A).  Creep data shows that the fine grained MA957 alloy has 

superior creep resistance over recrystallized MA957 at 650°C for rupture times less 

than 104 hours (Figure 3.29B).  It also can be assumed that the creep resistance found 

in MA957 could be extened to much longer times by reducing the stess below the 

threshold or detachment stress limit as defined by the alloys microstructure (see 

Section 3.2: Creep Resistance).  

 

Figure 3.29.  Yield strength values as a function of temperature for NFA MA957 in the cold-worked 
(CW), as-extruded, and recrystallized condition (A) and creep resistance properties found in fine-

grained and recrystallized MA957 compared to austenitic stainless steel (15/15Ti) and 
ferritic/martensitic stainless steel (EM12) (B) [123] 
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3.6.4 Thermal Stability and Coarsening of Nanoclusters 

The thermal stability of the Y-Ti-O enriched NCs found in NFAs has been examined 

using APT and small angle neutron scattering (SANS).  APT was used to evaluate 

the size and number density of the NCs found in as-consolidated and annealed 

(1300°C for 24 hrs) MA957.  The average Guinier radius was determined using the 

maximum separation method [120].  The average radius of the NCs in the as-

consolidated sample were found to be 1.2±0.4nm with a number density of ~2x1024 

m-3, while the average radius of the NCs in the annealed (1300°C for 24hrs) sample 

were found to be 4.6±1.1nm with a number density of ~8x1022 m-3 (see Figure 3.30) 

[117].  This analysis shows that quantifiable coarsening occurred in the NCs during 

high temperature annealing, but a significant amount of particles still remain within 

the alloy matrix.       

SANS has also been used to evaluate the NC thermal stability in as-milled 14YWT 

powder particulate (Figure 3.31).  The powder particulate was annealed at 1000°C 

for selected time increaments up to 27 hrs.  It can be seen (Figure 3.31A) that the NCs 

are highly stable at 1000°C with a near constant raidus of ~1.5nm and a number 

density of ~0.7x1024 m-3.  A similar series of SANS analysis of annealed 14YWT 

particulate was used to create a NC coasening model (Figure 3.31B).  This model 

predicts the NCs to coasen at a t1/5 rate, which is indicative of disslocation pipe 

diffusion as the rate limiting step (see Section 3.3: Oxide Particle Formation and 

Growth) [124].             
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Figure 3.30.  Atom probe tomography (APT) elemental maps of MA957 comparing the coarsening 
of nano-cluster particles in the as-consolidated condition (A) and annealed at 1300°C for 24hrs 

condition (B) [117]    
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Figure 3.31.  Nano-cluster stability analysis of alloy 14YWT at 1000°C as a function of time (A) and 
nano-cluster coarsening rate predictions for alloy 14YWT as a function of time and temperature (B) 

[124] 
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3.6.5 Irradiation Resistance 

Neutron irradiation of fine grained (as-consolidated) MA957 at 325°C for doses of 2 

and 6 dpa were conducted to investigate the alloys resistance to neutron induced 

hardening and embrittlement (Section 2.2: Irradiation Damage) [123].  The increased 

yield strength, as a result of neutron induced hardening, for MA957 was compared 

to two conventional martensitic stainless steels (i.e., Fe-10Cr-0.6MoVNb-MANET2 

and Fe-7.5Cr2WTaV-F82H) irradiated in the same conditions.  The results show that 

the yield strength of MA957 increased the least amount compared with the two 

martensitic stainless steels (Figure 3.32A).  Loss in ductility as an effect of neutron 

induced hardening was also evaluated for MA957, MANET 2, and F82H (Figure 

3.32B).  It can be seen that MA957 contains the least amount of ductility loss and the 

loss rate is far less extreme when compared to the two martensitic stainless steels.    

Hellium has been stratigecally implanted into the microstructure of both NFA 

MA957 and tempered martensitic stainless steel F82H, in order to evaulate He 

bubble formation and growth within the alloy microstructure [125].  Hellium was 

uniformily implanted to a depth of 5-8 mm using NiAl coatings deposited on alloy 

TEM discs [125].  Hellium is produced as a by product during neutron induced 

transmutation reactions with 58Ni(n,α), which results in α-particle decay (Section 2:3 

Irradation Damage).  The samples were irradiated at 500°C to ~9 dpa producing 340 

appm of He [126].  The TEM microstructure of the two alloys is shown in Figure 

3.33.  The MA957 sample was reported to contain a large number density of small 

He bubbles (3x1023 m-3) with a radius ≤ 1 nm, which were typically found at NC 

interfaces with no evidence of large He bubble precipitation within the He 

implanted zone [34, 125].  The F82H sample was reported to have a slightly lower 

number density of He bubbles (~1X1023 m-3) with a radius ~2 nm [125].  Also, the 

grain boundaries in the F82H sample were found to be highly decorated with small 

He bubbles, while the grain boundaries in the MA957 sample were found to be 



89 
 

relatively clean.  Therefore, the NFA microstructure of MA957 was shown to 

prevent He bubble formation along grain boundaries, which can lead to grain 

boundary embrittlement and sever ductility loss.  This initial study showed that 

NFAs are able to manage high concentrations of He, which can result from high 

energy neutron bombardment within a fusion reactor.   

 

Figure 3.32.  Neutron induced hardening as a function of dose (dpa) at 325°C displayed as an 
increase in yield strength for alloys MA957, MANET 2, and F82H (A), and decrease in ductility as a 

function of dose (dpa) at 325°C for MA957, MANET 2, and F82H (B) [123]  
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Figure 3.33.  As-irradiated microstructural comparison of MA957 (a and c) and martensitic stainless 
steel F82H (b and d) highlighting He bubble formation throughout the microstructure [125]    

 

3.6.6 Summary 

In a recent review summarizing a group of radiation resistant steels, NFAs are 

concluded as being ideal candidates for advanced fission and fusion nuclear reactors 

[9].  The review article also states that the practical development of nanodispersion-

strengthened Fe-based alloys faces some specific challenges including, the high cost 

of mechanically alloyed powder-consolidated materials compared with the cost for 

melt-processed alloys, the anisotropic microstructure that arises from mechanical 

alloying, and the batch-to-batch variability in mechanical alloying [9].  These 

challenges provide motivation for further research into new processing methods for 

the production of ODS ferritic stainless steel alloys.   



91 
 

Chapter 4. Gas Atomization Reaction Synthesis (GARS) Processing  

 

A new molten metal processing technique involving rapid solidification has been 

implemented for the simplified production of precursor ODS ferritic stainless steel 

powder.  This process is known as gas atomization reaction synthesis (GARS) [14].  

During this process, a reactive atomization gas (i.e., Ar-O2) is used to surface oxidize 

molten ferritic stainless steel alloy droplets during primary break-up and rapid 

solidification of the atomized powders (see Figure 4.1a, b, and c).    

 

Figure 4.1.  High pressure gas atomizer with highlighted reaction zone a) and b) and actual image 
of atomization spray illustrating ligament formation during shearing of the metal (blue arrow) and 

droplet formation (green arrow) c) 

 

This rapid high temperature reaction promotes the formation of a metastable or 

kinetically favored (e.g., Cr-enriched) ultra thin (ξ < 150nm) continuous surface 

oxide layer.  This oxide layer is used as a method to transport a specific amount of 

solid-state O into the consolidated microstructure.  Elevated temperature heat 

treatment (during consolidation or post-consolidation) is then used to dissociate this 

Cr-enriched surface oxide phase, allowing O to diffuse away from prior particle 
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boundaries (PPBs), which leads to the internal oxidation of more thermodynamically 

stable alloy additions (e.g., Y), shown schematically in Figure 4.2.   

 

 

Figure 4.2.  The ODS microstructure evolution during hot consolidation (or heat treatment) of 
GARS precursor powder:  a) initial low temperature consolidation showing intact PPBs, b) 

dissociation of the PPBs (simulating heat treatment) and O diffusion into the α-(Fe,Cr) matrix, and 
c) formation of Y-enriched oxide dispersoids throughout the microstructure 

 

This new processing technique contains many key advantages over mechanical 

alloying (MA).  These advantages can improve the production efficiency of 

precursor ODS ferritic stainless steel powders.  GARS (atomization) processing has 

the potential of reaching commercial production rates up to 10-100 kg/min., which 

is orders of magnitude greater than the production rates associated with the 

traditional MA process [101, 104].  Gas atomization also could minimize batch-to-

batch variability and strictly limit contamination within the powder particles.  

Furthermore, the spherical morphology of the atomized powders is ideal for HIP 

consolidation, which has been demonstrated as a successful method for the retention 

of equiaxed grains and isotropic mechanical properties [127]. 

The aim of this chapter is to highlight the GARS process and illustrate how this 

novel atomization method can be used to create precursor powder for ODS ferritic 

stainless steel alloys.  Additionally, a surface oxidation model, derived from 

theoretical powder particle cooling curves, will be discussed as a method for 

controlling the in situ alloying addition of O during this GARS process.  
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Furthermore, observations of solidification velocity, as a function of powder size, 

will be discussed and used as a prelude to the ODS microstructures illustrated in the 

chapters to follow.   

4.1 Chemical Reservoir (CR) Alloys 

These ODS alloys have been termed chemical reservoir (CR) alloys due to the 

distinctive O exchange reaction that leads to dispersoid formation.  This process 

relies on the initial formation of an O reservoir phase (i.e., Cr-enriched surface 

oxide), in combination with a reservoir containing the dispersoid forming alloy 

additions (e.g., Y-enriched intermetallic compound (IMC) precipitates).  For this 

reason, this GARS process is highly dependent on the thermodynamic stability 

hierarchy of each oxide phase (see Figure 4.3).  Therefore, it is essential to limit 

consumption of the dispersoid forming element (i.e., Y) during initial surface oxide 

phase formation, which could prevent the ensuing O exchange reaction from 

occurring (i.e., Y-enriched dispersoid formation).  This is thought to be possible 

through strategic alloy design, which involves the addition of highly mobile surface 

oxide phase forming elements (e.g., Cr).   

The increased activity of Cr in these CR-alloys, relative to the activity of Y, appears 

to provide the necessary chemical gradient required to kinetically favor a 

predominately Cr-enriched surface oxide phase with small concentrations of Fe and 

Y (see Table 4.2).  Further experimental results have shown that the addition of a 

dispersoid stabilizing element (i.e., Ti or Hf), if added in adequate atomic 

concentration, also prevents (or severally limits) Y consumption during this rapid 

oxidation reaction.  It is thought that these dispersoid stabilizing elements also 

compete for O during GARS processing, forming a Ti or Hf doped Cr-enriched 

surface oxide.  Additionally, these secondary alloy additions might suppress Y 

mobility through the formation of mixed IMC (Fe-(Hf or Ti)-Y) precipitates.  The 

specific mechanism for limiting Y consumption will require further experimental 
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trials, but initial results have shown that a Ti/Y ratio of at least 2.5 and Hf/Y ratio as 

low as 1.3 can successfully limit Y consumption during GARS processing (see Table 

4.2, Figure 4.11, and Figure 4.14).      

 

Figure 4.3.  Thermodynamic stability of oxides comparing the free energy of formation between 
Cr2O3 and Y2O3 (see purple arrows) at the atomization temperature (1700°C) used for these GARS 

trials [128] 

 

The composition of these CR-alloys has been designed around similar MA ODS 

ferritic alloys (See Section 3.6).  The primary alloying additions include Cr, Y, (Ti or 

Hf), W, and O.  The intended purpose for each alloying element and ideal 

concentration range (at.%) are displayed in Table 4.1.  
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Table 4.1.  Individual alloying components, purpose, and ideal concentration for these CR-alloys   

Element Purpose 
Ideal Conc. 

(at.%) 
Ref. 

Cr 
Surface reactant 

corrosion/oxidation resistance 
14.5-15.0 [129, 130] 

Y 
nano-metric oxide dispersoid former 

corrosion/oxidation resistance 
0.12-0.20 [131, 132] 

Ti 
Surface  reactant, dispersoid stabilizer, 

interstitial impurity scavenger  
0.40-0.60 

[116, 132, 
133] 

Hf 
Surface  reactant, dispersoid stabilizer, 

interstitial impurity scavenger 
0.15-0.25 [134] 

W 
Solid solution strengthener or precipitate 

strengthener 
~1.0 [135] 

O 
Surface oxidant and nano-metric oxide 

dispersoid former 
0.40-0.70 - 

 

Cr is highly soluble in Fe and stabilizes the BCC ferrite (α) crystal structure [130].  

From the binary phase diagram it can be seen that a Cr content (or equivalent)  ≥14.3 

at.% is required to stabilize the α-Fe microstructure during consolidation, heat 

treatment, and high temperature operation of the alloy (see Figure 4.4) [130].  

Preventing the allotropic phase transformation (i.e., α-Fe → γ-Fe) during elevated 

temperature exposure should prevent the rise of microstructural instabilities in the 

alloy (e.g., grain recrystallization or neutron induced void swelling).  Additionally, 

Cr is required for increased corrosion and oxidation resistance during elevated 

temperature operation (see Section 2.3).  A minimum Cr content of ~14 at.% is 

typical for the formation of a stable Cr-oxide passivation scale (in dry air) [129].  

Although a Cr content of ≥14.3 at.% is warranted in these alloys, it should be kept to 

a minimum in order to prevent significant sigma (σ) phase formation, which can 

reduce the toughness of the alloy by increasing the ductile to brittle transition 

temperature (DBTT) [136].   



96 
 

 

Figure 4.4.  Fe-Cr binary phase diagram [130] 

 

Y was selected as the dispersoid forming agent in these CR-alloys.  Y is nearly 

insoluble in α-Fe and maintains limited diffusivity over the range of consolidation 

and heat treatment temperatures (700-1300°C), which helps to stabilize the nano-

metric oxide dispersoids after formation, and slows growth and coarsening kinetics.  

Additionally, Y oxide (Y2O3) having a highly negative Gibbs free energy is extremely 

stable even at considerably low oxygen concentrations (i.e., low oxygen activity) (see 

Figure 4.3).  The desired final volume fraction of nano-metric Y-enriched oxide 

dispersoids is ~0.6-1.0 vol.%, which is similar to the volume fraction of nano-clusters 

(NCs) found in superior NFAs (Section 3.7) [124].  This volume fraction should 

promote an ideal balance between strength and ductility in the alloy, and is thought 

to require ~0.12-0.20 at.% Y, but the ideal concentration range is highly dependent 

on the final composition of the Y-enriched oxide dispersoids [132].  Moreover, Y is 
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extremely reactive in the molten state (i.e., readily oxidizes) and needs to be over-

alloyed in the atomization melt, in order to account for oxidation that occurs during 

the melting process.  Unfortunately, Y loss has proven difficult to accurately predict, 

ranging from 30-60 at.% during these experiments, and will require special attention 

in future GARS trials.  It should be noted that planned upgrades to the experimental 

atomizer, including an O2 analyzer coupled with an O2 gettering furnace and the 

ability to make late additions of pre-alloyed Fe-Y arc melted buttons (a common 

industrial practice), should help to control Y loss during future GARS trials.     

Additions of Ti or Hf were used to stabilize the average size of the Y-enriched oxide 

dispersoids by reducing the growth or coarsening kinetics during elevated 

temperature dispersoid formation, based on the previous results reported by Uchida 

et al. [137].  As previously mentioned, these reactive elements also were used to 

suppress Y consumption during initial surface oxide phase formation.     

Small additions (~1.0 at.%) of W were used to increase solid solution strength of the 

α-(Fe,Cr) matrix.  Increased concentrations of W also can lead to the formation of a 

detrimental Fe2W laves (λ) phase, which can severely limit the fracture toughness of 

the alloy, if greater than a critical size [135].   

The resulting composition for the as-atomized CR-alloy powders is shown in Table 

4.2.  The atomic percentage of each metallic constituent was identified using 

inductively coupled plasma / mass spectroscopy or atomic emission spectroscopy 

(ICP / MS or AES).  Additionally, the chemistry of the surface oxide phase was 

evaluated using auger electron spectroscopy (AES) depth profiling and (in a few 

instances) transmission electron microscopy (TEM) with energy dispersive 

spectroscopy (EDS).  The semi-quantitative assessment of the surface oxide phase 

revealed a primary enrichment of Cr and O with varying amounts of Fe, (Ti or Hf), 

or Y, depending on the CR-alloy chemistry (see Table 4.2).   
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Table 4.2.  Resulting as-atomized CR-alloy composition and resulting surface oxide phase 

Alloy 
Fe 

(at.%) 
Cr 

(at.%) 
W 

(at.%) 
Ti 

(at.%) 
Hf 

(at.%) 
Y 

(at.%) 

Surface 

Oxide 

Phase 

CR-112 83.24 15.52 - - - 0.09 
Cr-enriched + Y 

and Fe* 

CR-118 83.47 15.84 - 0.50 - 0.20 
Cr-enriched + Ti 

and Fe*,# 

CR-126 82.75 15.13 0.90 0.56 - 0.09 Cr-enriched + Ti* 

CR-144 82.55 16.16 0.94 - 0.27 0.08 Cr-enriched + Fe* 

CR-156 84.49 15.84 - - 0.11 0.18 Cr-enriched* 

CR-160 78.00 20.88 - 0.58 - 0.09 - 

CR-162 83.01 16.23 - 0.31 - - - 

CR-164 83.59 15.55 - - 0.12 0.09 Cr-enriched*,# 

CR-166 83.53 15.91 - 0.12 - 0.09 
Cr-enriched + Y 

and Fe*,# 

    * - Evaluated using AES depth profiles of the as-atomized powders 

    # - Evaluated using TEM analysis with EDS linescans 

 

4.1.1 GARS Processing Parameters 

The processing parameters for each experimental GARS trial are displayed in Table 

4.3.  Several of the key parameters include, atomization nozzle characteristics, pour 

tube geometry, and reactive gas composition (and injection point).  These processing 

parameters can significantly influence the resulting O content in the atomized 

powders, and interlinked relationships between all processing parameters must be 

fully considered when establishing a predictive oxidation model for this GARS 

process.  For this reason, specific empirical trends were evaluated in an effort to 

provide further insight into controlling this in situ oxidation reaction.     
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Table 4.3.  GARS processing parameters for each CR-alloy  

Alloy CR-112 CR-118 CR-126 CR-144 CR-156 CR-160 CR-162 CR-164 CR-166 

Atomization Nozzle 

         

Apex Angle (°) 14 14 45 14 45 45 45 45 45 

No. Jets 30 30 30 30 22 30 30 30 30 

Jet Dia. (mm) 0.74 0.74 0.74 0.74 1.32 0.74 0.74 0.74 0.74 

Atomization Gas 

         

Composition (Vol. %) Ar-0.5O2 Ar-0.5O2 
Ar-

0.25O2 
He Ar-0.12O2 

Ar-

0.19O2 

Ar-

0.19O2 

Ar-

0.19O2 

Ar-

0.19O2** 

Pressure (MPa) 6.89 6.89 6.89 5.52 5.52 6.55 6.55 6.55 6.55 

über Halo 

         

Composition 

   

Ar-

0.25O2 
     

Pressure (MPa) 

   

2.75 

     

Pour Tube 

         

Type Straight Straight Straight Straight 

Truncated 

Trumpet 

Straight Straight Trumpet 

Truncated 

Trumpet 

Diameter (mm) 3.18 3.18 4.75 3.18 2.77 2.77 2.77 2.77 2.77 

Material ZrO2 ZrO2 ZrO2 ZrO2 

Y2O3 

Lined 

ZrO2 

Y2O3 

Lined 

ZrO2 

Y2O3 

Lined 

ZrO2 

Y2O3 

Lined 

ZrO2 

Y2O3 

Lined 

ZrO2 

Avg. Particle Size 

(μm)* 
48 53 27 - 41 43 31 29 36 

Standard Deviation 

(d84-d16)/2 (μm)* 
30 33 18 - 24 23 23 21 23 

* Calculated from the size distribution generated using Microtrac analysis (Nikkiso, Co., Ltd.) of a 
random sample taken from the riffled as-atomized powders 

** Reaction gas not certified  
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A high pressure close-coupled atomization nozzle (see Figure 4.5 and Figure 4.7c) 

was used for each GARS trial, in an effort to improve the energy transfer between 

the high velocity gas and superheated metal stream [138].  Both open wake (14° apex 

angle) and closed waked (45° apex angle) conditions were evaluated during these 

experiments (see Figure 4.5 and Table 4.3) [139].   

 

Figure 4.5.  A schematic showing the gas flow features for a close-coupled atomization nozzle: a) 
closed wake and b) open wake configuration [140] 

 

Initial GARS trials (results not shown) with ~1.0 vol. % O2 content in the reaction gas 

revealed that the use of a closed wake nozzle would unexpectedly cut-off (―freeze-

off‖) the stream.  It was later determined that the inherent strength of the gas 

recirculation zone (especially potent when the Mach disk is disrupted by the molten 

metal, see Figure 4.5a) associated with closed wake nozzles was slowing the melt 

flow rate, allowing the melt to oxidize along the pour tube exit orifice, resulting in 

increased melt viscosity and subsequent ―freeze-off‖ of the stream.   
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This was remedied through the use of an open wake nozzle (i.e., 14°), which 

contains a much weaker recirculation zone and operates with uninterrupted 

aspiration (i.e., a sub-ambient pressure zone at the melt exit orifice over the full 

range of gas supply pressure) that draws the melt stream into the primary 

atomization zone (i.e., within the geometrical intersection of the gas jets).  Although 

the open wake condition offered the continuous aspiration behavior that promoted a 

more stable atomization stream, it lacked the necessary gas flow structure of the 

closed wake condition, i.e., the augmented atomization effect of the Mach disk, to 

produce high yields of fine (dia. < 20μm) powders.   

Since fine (dia. < 20μm) powders are the sort of precursor powder that leads to a 

more ideal ODS microstructure, as identified in Chapter 10, the closed wake nozzle 

(i.e., 45°) was re-evaluated using a more appropriate (lower) concentration of 0.12-

0.25 vol.% O2 in the reactive gas.  Notably, lowering the partial pressure of O2 in the 

reaction gas allowed for stable atomization conditions to be established while 

utilizing a closed wake nozzle.  Consequently, the enhanced recirculation zone 

associated with these nozzles was successfully used to force the melt to spread 

across the transverse cross-section of the pour tube, creating a thin molten metal 

film, which was subsequently sheared by the high velocity gas, forming droplets 

(according to the acceleration wave break-up model [141]) without ―freezing-off‖ 

the metal stream (see Figure 4.6).  These droplets were then driven into the intense 

secondary break-up zone, where the high energy Mach disk and successive shock 

fields (i.e., super-sonic core [142]) promoted further disintegration of the initial 

droplets into finer particles, reducing the average particle size (see Table 4.3).  A 

more detailed description of closed and open wake atomization nozzles can be 

found in the literature [138, 140].   

Thus, it is not surprising that the energy intensity of the gas patterns generated 

during these GARS trials, as a function of processing parameters, noticeably altered 
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each resulting particle size distribution (see Table 4.3).  Each size distribution can be 

related to the specific surface area (SSA) generated per time interval of atomization, 

which controls the amount of O2 being consumed from the reactive atomization gas 

(i.e., reducing the local O2 partial pressure within a specific reaction volume) as the 

particles oxidize during solidification.  Additionally, the geometry of the nozzle jets 

and atomization pressure (see Table 4.3) dictate the mass flow rate of the 

atomization gas, which influences the cooling profile of the droplets and the 

resulting oxidation kinetics.                 

 

Figure 4.6.  High speed video (8,000 fps) stills (in time sequence) showing the atomization stream 
being pinched and lifted due to the gas recirculation zone, and subsequently sheared by the high 

velocity gas along the periphery of the pour tube, adapted from [143] 
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In general, two pour tube geometries (i.e., straight and ―trumpet bell‖) were used to 

deliver the melt during these GARS experiments (see Figure 4.7 a and b).  The 

straight cylindrical pour tube seemed to promote a reproducible melt delivery.  

Conversely, the trumpet geometry seemed to encourage increased thinning of the 

melt film prior to atomization. This is due to the aforementioned gas recirculation 

zone (see Figure 4.5a), which created a stabilized hollow melt envelope within the 

internal cavity of the pour tube.  This hollow structure appeared to extend the 

molten metal exposure time within the oxidizing environment.  Additionally, slight 

modifications to the final machined geometry of the trumpet pour tubes were found 

to significantly alter the oxidation of the atomized droplets.  For example, these pour 

tube were initially designed to flare to a so-called ―knife-edge‖, as indicated by the 

arrow in Figure 4.7a.  In one case, errors during the machining process resulted in a 

truncated (for shortened) trumpet geometry, as indicated schematically by the 

horizontal red dashed line in Figure 4.7a.  The truncated trumpet geometry resulted 

in oxidation values in line with values corresponding with straight cylindrical pour 

tubes, while the ―knife-edge‖ trumpet pour tube resulted in significantly increased 

oxidation (~2X) and a slightly coarser powder size distribution [143].  Since both 

predictable oxidation and finest particle size are of critical importance for this GARS 

application, further experiments in this series of GARS trials will not use the 

trumpet pour tube. 

The concentration of O2 in the reactive atomization gas (i.e., Ar-XO2 vol.%) had the 

strongest influence on the resulting O content in the as-atomized powders.  This 

reactive gas was injected through the primary atomization nozzle during the vast 

majority of these GARS trials.  Alternatively, the reactive gas was injected through a 

so-called ―über halo‖ (named by D. Byrd) for CR-144 (see Figure 4.8b).  The use of 

this über halo significantly reduced the surface oxidation kinetics, resulting in a 

much lower O content in the CR-144 as-atomized powders (see Figure 4.9).  Again, 

this relatively unpredictable oxidation value was a disadvantage experimentally in 
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the current series of trials, but was a useful illustration of the range of GARS 

reaction intensities that are possible.   

 

Figure 4.7.  Typical pour tube geometry, a) trumpet and b) straight, with c) gas nozzle schematic  

 

 

Figure 4.8.  a) Ames Lab - USDOE high pressure gas atomization (HPGA) nozzle (45°) and b) 
HPGA nozzle with attached über halo 
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The oxidation kinetics of the predominant type of GARS reaction in the current 

series was empirically found to scale linearly with O2 content in the reactive 

atomization gas.  This finding is specifically for Y-containing CR-alloys that resulted 

in a predominately Cr-enriched surface oxide layer (i.e., containing no appreciable Y 

– see Table 4.2) and were atomized using a similar pour tube geometry (i.e., straight 

or truncated trumpet – see Table 4.3), as displayed in Figure 4.9 (see dashed black 

linear trendline).  For this reason, only CR-118, CR-126, CR-156, and CR-160 were 

used selectively to establish and compare a predictive oxidation model based on the 

theoretical cooling curves for a specific particle size range.   

 

Figure 4.9.  Resulting O content as a function of particle size and reactive atomization gas 
composition 
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4.1.2 Resulting Oxygen Content 

The as-atomized powders were mechanically sieved into specific size ranges from 

20-75μm in dia. (see Table 4.4).  Additionally, the bulk O content in the as-atomized 

powders was measured using an inert gas fusion (LECO) analyzer (see Table 4.4).   

Table 4.4.  Resulting O content as a function of as-atomized powder size 

As-Atomized CR-112 CR-118 CR-126 CR-144 CR-156 CR-160 CR-162 CR-164 CR-166 

Size Range O2 (at.%) O2 (at.%) O2 (at.%) O2 (at.%) O2 (at.%) O2 (at.%) O2 (at.%) O2 (at.%) O2 (at.%) 

20-25 um 0.99 1.02 0.53 0.17 0.39 0.52 0.52 0.77 0.42 

25-32 um 0.85 0.96 0.51 0.14 0.38 0.48 0.48 0.68 0.39 

32-38 um 0.78 0.92 0.50 0.13 0.41 0.47 0.45 0.63 0.36 

38-45 um 0.72 0.93 0.51 0.13 0.38 0.46 0.44 0.66 0.34 

45-53 um 0.69 0.89 0.51 0.13 0.36 0.45 0.43 0.64 0.35 

53-63 um 0.66 0.85 0.51 0.12 0.34 0.43 0.41 0.64 0.33 

63-75 um 0.62 0.82 0.51 0.11 0.34 0.44 0.42 0.62 0.32 

 

The resulting O content in the powders was plotted against the average particle 

specific surface area (SSA) for the size ranges displayed in Table 4.4 and a linear fit 

was established (see Figure 4.10).  This is known as the chemical granular analysis 

(see Equation 29), for which a linear fit of the data should represent an equivalent 

oxide layer thickness for all powder sizes (assuming an equivalent oxide density) 

[144, 145].    
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Figure 4.10.  Chemical granular plot for each CR-alloy 

 

          
       

   

   
                 

 

 
Equation 29 

 

Initially, this analysis seemed to represent the surface oxide layer associated with 

these CR-alloy powders quite well, but further analysis of the surface oxide layer 

revealed that the powders contained a varying oxide thickness, depending on 

particle size.  For example, AES depth profiles of as-atomized CR-156 powders 

indicated that the oxide layer thickness increased with increasing powder size, as 

shown by the vertical dashed red lines in Figure 4.11 d, e, and f [146].  For this 

reason, it was established that the chemical granular method could not be used to 

accurately describe the surface oxide layer thickness.     
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Figure 4.11.  As-atomized powder morphology with accompanying AES depth profiles (note 
vertical dashed red line indicating oxide layer thickness): a) and d) dia. 20-53μm, b) and e) dia. 5-

15μm and c) and f) dia. < 5μm 

 

The resulting surface oxide layer on select CR-164 powders was analyzed further 

using TEM with EDS.  The TEM samples were prepared for analysis using focused 

ion beam (FIB) milling at the Electron Microscopy Center for Materials Research at 

Argonne National Laboratory–USDOE (see example in Figure 4.12).   

 

Figure 4.12.  As-atomized surface oxide analysis of an as-atomized powder with dia. ~58μm: a) and 
b) SEM images showing the original as-atomized particle and extracted TEM specimen following 

FIB milling preparation  
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This analysis again clearly indicated a variation in surface oxide thickness as a 

function of particle size (see Figure 4.13).  The smaller (dia. ~2μm) CR-164 particle 

was found to contain a surface oxide layer thickness of ~10 nm (see yellow arrow in 

Figure 4.13 a), while the larger (dia. ~58μm) CR-164 particle was observed to have a 

surface oxide layer thickness of ~85 nm (see yellow arrow in Figure 4.13 b). 

 

Figure 4.13.  TEM analysis of the surface oxide (see yellow arrow, outlined by dashed red lines) as 
a function of powder size (note the layer of Au (green arrow) used to protect the surface oxide 

layer during FIB milling and matrix (red arrow)): a) dia. ~2μm and b) dia. ~58μm 

 

Furthermore, EDS linescans were used to qualitatively evaluate the chemistry of the 

surface oxide phase on these CR-164 powders.  This analysis indicated that these 

CR-164 powders (dia. ~58μm) contained a Cr-enriched surface oxide layer (see 

Figure 4.14), which agreed quite well with a separate AES depth profile analysis (not 

shown).   
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Figure 4.14.  a) bright field (BF) TEM analysis with b) accompanying EDS linescan of the surface 
oxide phase (see yellow arrow, outlined by dashed red lines), indicating a Cr-enriched surface 

oxide phase 

 

Interestingly, if the bulk O content associated with these powders was converted 

into a corresponding surface oxide layer thickness (assuming Cr2O3 phase 

formation, see Equation 30), the expected surface oxide layer thickness would be ~85 

nm, which is near identical to the TEM analysis.  For this reason, the bulk O content 

for each CR-alloy was converted into a surface oxide layer thickness (assuming 

Cr2O3 formation) and is displayed in Table 4.5.  It should be noted that this analysis 

is most likely only representative of those CR-alloys containing no appreciable Y in 

the Cr-enriched surface oxide phase, as displayed in Table 4.2. 

     
      

        
 

 

 

 

Equation 30 
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  Table 4.5.  Calculated surface oxide thickness, assuming Cr2O3 phase formation, based on the 
resulting bulk O2 content in the as-atomized powders  

As-Atomized CR-112 CR-118 CR-126 CR-144 CR-156 CR-160 CR-162 CR-164 CR-166 

Size Range ξ (nm) ξ (nm) ξ (nm) ξ (nm) ξ (nm) ξ (nm) ξ (nm) ξ (nm) ξ (nm) 

20-25 um 53 53 27 9 20 27 27 40 22 

25-32 um 57 63 32 9 24 32 31 45 25 

32-38 um 64 76 39 10 32 38 36 50 29 

38-45 um 69 89 46 12 36 44 42 62 32 

45-53 um 74 95 53 14 40 50 48 71 39 

53-63 um 84 109 62 15 45 58 55 85* 44* 

63-75 um 92 121 71 17 53 69 66 97 50 

            *Thickness verified to be accurate using TEM analysis of the as-atomized powders 

4.2 Theoretical Particle Cooling Curves 

Analysis of the high temperature oxidation kinetics associated with GARS 

processing is required to adequately predict O content (primarily as a surface oxide 

film) for the resulting precursor powders for the oxide dispersion strengthened 

(ODS) alloys.  For this reason, theoretical cooling curves for as-atomized ferritic 

stainless steel droplets were modeled, and oxidation profiles were extracted for 

specific powder size fractions.  These oxidation profiles were then used to calculate a 

predicted surface oxide layer thickness. 

The theoretical cooling curves were assembled using a similar method as previously 

demonstrated by Mathur et al. [147].  This model describes the thermal profile of as-
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atomized droplets as a function of droplet size (diameter), using droplet-gas 

interactions to describe particle acceleration and cooling rate.  Thus, it provided a 

quantitative assessment of the oxidation time and temperature for a given particle 

size.  It should be noted that the primary goal of this analysis was to evaluate the 

droplet thermal profile, in an effort to better understand the oxidation kinetics 

associated with the GARS reaction, but several intriguing solidification trends, 

including recalescence heating effects, (as a function of particle size) were also 

revealed.   

4.2.1 Droplet Model 

A description of the variables used for this model can be found at the end of this 

chapter (see Table 4.6).  Additionally, specific thermodynamic and physical 

properties also are listed at the end of this chapter (see Table 4.7).  The time 

resolution of this model was 1μs per time interval, except for during solidification 

when the time resolution was increased to 0.01μs.  

Particle Velocity 

The mass flow rate of the atomization gas was calculated using the choked mass 

flow equation described by Poirier and Geiger, in combination with the calculated 

density of the atomization gas and an assumed discharge coefficient (see Equation 

31-Equation 33) [148].  It should be noted that compressibility effects were not taken 

into consideration during this calculation (i.e., z = 1).  Additionally, the atomization 

gas was assumed to be pure Ar, although it contained small additions of O2 (see 

Table 4.3).   

             
 

   
 
   
   

   

 

 Equation 31 

 

Where, γ = 1.67 (specific heat ratio for Ar)   
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 Equation 32 

 

Where, B2=1(turbulent flow) and ef=0.4 [148]  

 

 

   
 

  
    

 
 
 

 
 Equation 33 

 

 

The initial velocity of the atomization gas was assumed to be limited to the speed of 

sound in Ar (i.e., Ma = 1) within each atomization gas jet passageway, since the 

critical pressure ratio (Equation 34) was satisfied for this GARS process (see 

atomization pressure in Table 4.3) [148].   

   
  

  
  

 

   
 

 
   

                              
 

 

 

Equation 34 

 

                                                                     Where, Ma = 1     

 

 

Furthermore, the temperature and pressure of the gas within the atomization jets 

was calculated using Equation 35 and Equation 36, as a function of the atomization 

parameters (see Table 4.3) [148].   

            
   

 
  

  
  

 
 

 

 

Equation 35 

 

Where,     = -40°C  

(unpublished experimental results [149]) 
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Equation 36 

 

These values were then used to determine the velocity of the gas, as described by the 

free expansion model (Equation 37-Equation 39), in which the gas accelerates to 

super-sonic velocity [148].  Moreover, the time required for the gas to achieve 

maximum velocity was neglected (i.e., acceleration was assumed to be 

instantaneous) and gas temperature was assumed not to change during expansion.    

     
 

   
   

  

  
 
   
 
     

 

 

 

Equation 37 

 

               

 

Equation 38 

      
      

  
  

 

 

Equation 39 

 

The velocity profile of the atomization gas was assumed to follow the decay function 

described by Alam et al. (Equation 40), which was found to be dependent on the 

effective diameter (de) of the gas nozzle [150, 151].  

                
 

   
  
  

 

  
  
    

 

 

 

Equation 40 

 

Where, η=0.0841 and χ=0.06035 [150]   

de=center bore of atomization nozzle [151]   

 

The initial velocity (i.e., after the first time interval) of the as-atomized droplets was 

calculated using Bernoulli’s equation (see Equation 41 and Equation 42) [152], and 
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the effects of aspiration were disregarded.  Additionally, it was assumed that the 

molten alloy exits the pour tube as a predefined volumetric distribution of spherical 

droplets, thus neglecting the time required for droplet formation.  This volumetric 

distribution was defined using experimental data from post-atomized size 

distribution analysis.    

    
 

  
   
 

   
 

  
  

  
       

 

 Equation 41 
 

           Equation 42 

 

Consequently, the velocity profile of the droplets is related to the velocity profile of 

the gas, as described by the momentum equation (Equation 43 and Equation 44), 

which is a function of the drag coefficient (Equation 45) as defined by the Reynolds 

number (Equation 46) [147, 153, 154]. 

    
   
  

   
      

   

 
      

 Equation 43 

   

   
                     

     
      

 Equation 44 

 

   

         
 

  
 
 

   
  

  
  

 Equation 45 

   

    
    
  

 
 

 

Equation 46 
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Thermal Profile 

Heat is extracted from the droplets through convective cooling between the droplets 

and atomization gas, and through radiation loss to the chamber wall for each given 

time interval (Equation 47).  The heat transfer coefficient between the droplet and 

gas is inversely related to droplet size (dd), i.e., Equation 48.      

                        
    

     Equation 47 

   

   
          

 
   

 
  

  
 

 Equation 48 

   

    
    

  
 

 Equation 49 

 

Where, Cg is constant for inert gases    

 

The heat extracted from the particle is gained by the atomization gas, which in turn 

is cooled by the atomization chamber wall.  This heat exchange sequence is thought 

to occur as a complete series during each time interval.  The net heat increase in the 

atomization gas is shown in Equation 50 and Equation 51.  It should be noted that 

the atomization chamber wall was assumed to maintain an average temperature of 

70°C during the time-span of this model, a reasonable approximation for steady 

state of an industrial system that is actively cooled. 

       

    

   

                                         

 Equation 50 

 

Where, xc,i - xc,f is the total distance that the droplet travels during one time interval 
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 Equation 51 

   

Where, Φ = number of particles and θd = weight fraction of droplet distribution 

 

The heat transfer coefficient between the atomization gas and atomization chamber 

wall is described using Equation 52-Equation 55 [152, 155]. 

   
     

  
 

 

 

Equation 52 

 

    
 
 
        

          
 
  

 
 

    

 
    

 

 

 

 

 

Equation 53 

    
    

  
 

 

 

 

Equation 54 

  

 

 
  

        
   
   

    
    
    

    

 
 

 
 

 

 

 

 

 

 

Equation 55 

Where, ε=0.002 [152]   

 

Therefore, the net change in droplet temperature and atomization gas temperature 

for each given time interval was determined from Equation 56 and Equation 57, 

respectively.   

    
    

    
 

 Equation 56 
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  Equation 57 

 

Solidification Kinetics 

The homogenous nucleation temperature for the droplets was defined using the 

spherical cap model (Equation 58) [156].  This model was put into terms of relative 

undercooling, based on the work of Gao et al. (see Equation 59 and Equation 60) 

[157], for which iterations were then used to calculate the ideal value for thermal 

undercooling.   

    
      

   
 

       
       

 
 Equation 58 

 

   

       
      

 

       
       

 
 Equation 59 

   

  
   
  

 
 

 

Equation 60 

Where,              

 

The fraction of thermal undercooling was determined using Turnbull’s hypothesis 

of mote isolation (Equation 61) [158].  It should be noted that a nucleant density of 

2x106 cm-3 was used for this calculation, based on the experimental results of Mathur 

et al. [147].  Furthermore, the effect of droplet curvature on undercooling also was 

taken into consideration in this model (Equation 62 and Equation 63) [159].  

Therefore, the real nucleation temperature used for the onset of droplet solidification 
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is shown in Equation 64.  It should be noted that no chemical (solute) effects or 

kinetic effects on the total undercooling of the droplets were considered.   

                 Equation 61 

 

Where, λ= 2x106  

 

 

      
  

  
 

 

 

 

Equation 62 

  
   
   

 

 

 

 

Equation 63 

                     Equation 64 

 

The thermal supersaturation of the droplet (Equation 65) describes the droplet’s 

ability to absorb the latent heat released during solidification [160].  Therefore, 

hypercooling is defined to occur when thermal supersaturation (i.e., ) is greater 

than or equal to unity [160].  The Peclet number was calculated using the model 

derived by Wang et al., which approximates the Ivanstov function with respect to 

thermal supersaturation (Equation 66) [161].    

  
    

      
 

 

 

 

Equation 65 

 

      
 

   
 
 

 
 

 

 

Equation 66 

where a=0.4567 and b=1.195 [161] 
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The Peclet number was then used to calculate the dendrite tip radius and resulting 

dendrite velocity using a truncated version of the LKT model (see Equation 67-

Equation 69) [162].  It should be noted that the droplets were assumed to solidify as 

a single dendrite grows across the particle diameter [163].  Therefore, the heat 

released during solidification (i.e., recalescence) was determined using Equation 70.   

     
    

                
 

 

 

 

Equation 67 

 

  
 

   
 

     

 
 

 

 

Equation 68 

     
     

    
 

 

 

Equation 69 

Where, α=6.09x10-6 (m2s-1) [164]  

 

 

                 Equation 70 

   

If a droplet’s total undercooling met or exceeded the hypercooling condition (i.e.,  

= 1), then the dendrite interface was assumed to be planar (i.e., smooth) [159].  

Therefore, the thermal absolute solidification velocity was defined by the interface 

stability model described by Trivedi et al. (see Equation 71) [165]. 

          
     

     
  

 Equation 71 

     

4.2.2 Cooling Curves 

The resulting theoretical cooling curves with respect to droplet diameter as a 

function of time and distance are displayed in Figure 4.15 and Figure 4.16, 

respectively.  The initial (sharp) inflection point on these curves (see red arrow in 
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Figure 4.15 and Figure 4.16) indicates the onset of solidification (i.e., start of 

recalescence) and the second inflection point (see green arrow in Figure 4.15 and 

Figure 4.16) highlights the completion of solidification.  Therefore, it can be seen that 

undercooling is inversely related to droplet size, i.e., smaller particles achieve 

greater undercooling prior to solidification.  Furthermore, these curves illustrate the 

increased cooling rate associated with smaller droplets, as a direct consequence of 

the enhanced heat transfer coefficient due to the increased surface area to volume 

ratio of these powders.  This implies that the larger droplets are subjected to 

prolonged oxidation at elevated temperature during this GARS process, which is 

consistent with experimental data of larger powders containing a thicker surface 

oxide layer (see Figure 4.11 and Table 4.5).  It should be noted that particles with a 

dia.  69μm were omitted from these cooling curve figures, since the current state of 

this model did not accurately describe solidification when the temperature of these 

particles was raised above the solidus temperature (Ts) during recalescence. 

The relative flight distance of the atomized droplets as a function of atomization 

time is shown in Figure 4.17.  Interestingly, it was observed that the smallest 

droplets (e.g., 5μm) initially achieve the highest velocity, i.e., value of distance/time 

(see red arrow in Figure 4.17), but due to the increased momentum associated with 

the larger (i.e., heavier) droplets, these smaller droplets are quickly overcome during 

droplet descent (see green arrow in Figure 4.17), as gravity takes over as the 

dominant acceleration factor.  This can lead to interparticle collisions during the 

atomization process, which can result in ―satellite‖ particle formation (see red arrow 

in Figure 4.18) [104] or surface dimple formation (see yellow arrow in Figure 4.18) 

when the particles collide.      
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Figure 4.15.  Theoretical particle cooling curves for CR-156 (T vs. t): note that the alloy solidus 
temperature (Ts) is marked by the horizontal dashed red line and liquidus temperature (TL) is 

marked by the horizontal dashed blue line 

 

Figure 4.16.  Theoretical particle cooling curves for CR-156 (T vs. D): note that the alloy solidus 
temperature (Ts) is marked by the horizontal dashed red line and liquidus temperature (TL) is 

marked by the horizontal dashed blue line 
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Figure 4.17.  Theoretical particle cooling curves for CR-156 (D vs. t) 

 

 

Figure 4.18.  As-atomized powder morphology as a function of particle size: a) dia. < 20μm and b) 
dia. 45-75μm (note the satellite particles (red arrow) and surface dimples (yellow arrow))  
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4.2.3 Solidification Curves 

The theoretical droplet solidification velocity was found to be significantly 

influenced by the extent of droplet undercooling.  The finest droplets (dia. ≤ 15μm, 

see green arrow in Figure 4.19 a and b) were calculated to undercool below the 

hypercooling threshold (see vertical red dashed line in Figure 4.19a) prior to 

nucleation (see Equation 65), thus achieving the absolute limit of solidification 

velocity (see horizontal red dashed line in Figure 4.19a) [165].  Furthermore, the 

theoretical dendrite tip radius was determined to initially decrease with increasing 

undercooling, but then rapidly increased as undercooling approached the 

hypercooling limit (see vertical red dashed line in Figure 4.19b), which, as suggested 

by Trivedi et al. [165], illustrates the formation of a stable planar (smooth) growth 

interface.  Moreover, the stability of the planar interface was shown to be linked to 

achieving the absolute solidification velocity limit, which requires nucleation and 

growth below the hypercooling threshold.  Stabilizing a planar interface is thought 

to promote microsegregation-free solidification (i.e., solute-trapping in excess of 

equilibrium solubility), as previously demonstrated by Boettinger et al. [166].        

The calculated solidification velocity as a function of particle solid fraction (%) with 

respect to droplet diameter is shown in Figure 4.20.  Notably, the solidification 

velocity of the finest droplets (i.e., dia. ≤ 15μm) starts at the absolute solidification 

velocity (see Equation 71), and maintains this velocity until the droplet temperature 

rises above the hypercooling threshold (as indicated by the red arrow in Figure 

4.20), but still below the solidus temperature (see Figure 4.15 and Figure 4.16).  This 

analysis suggests that the majority of the ultra-fine gas atomized droplets (i.e., dia. ≤ 

5μm) should solidify under stable planar growth conditions.  Furthermore, this 

should promote microsegregation-free solidification (i.e., solute trapping of Y) in 

these ultra-fine CR-alloy powders, which was experimentally confirmed to result in 

a more ideal (homogeneously distributed nano-metric (dia. ≤ 10nm) Y-enriched 

dispersoids) ODS microstructure (see Chapter 10) [146].  Conversely, larger droplets 
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were found to contain appreciable amounts of Y microsegregation throughout the 

atomized microstructure, consistent with the reduced solidification velocities 

predicted by this model (see Chapter 10) [146].          

 

Figure 4.19.  Initial solidification velocity a) and resulting dendrite tip radius b) as a function of 
particle undercooling: note the green arrow indicating a particle dia. of 15μm 
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Figure 4.20.  Solidification velocity (CR-156) as a function of solid fraction (%) for varying droplet 
diameters 

 

4.3 GARS Oxidation Model 

The aforementioned theoretical droplet cooling curves were used to develop an 

oxidation model for this GARS process.  It was assumed that the surface oxide layer 

will form as Cr oxide (i.e., Cr2O3) based on a compilation of experimental results (see 

Table 4.2).  For this reason, the parabolic oxidation rate constant for Cr2O3, 

formulated from the results of Gulbransen et al., was calculated for each time 

interval (i.e., 1μs) as the droplets were cooled (Equation 72).  It should be noted that 

the parabolic oxidation pre-factor (B) was modified from 0.156 to 5.0, in order to 

achieve a better fit with the experimentally determined oxide layer thickness.  

Additionally, the parabolic rate constant was scaled with respect to the oxygen 
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partial pressure (   ) in the reactive atomization gas (see Equation 73).  Notably, the 

parabolic rate constant was found to scale linearly with    (i.e., n=1), similar to the 

empirical relationship highlighted in Figure 4.9.            

         
  

  
  

 

 

Equation 72 

 

Where, E=249kJ/mol [167] and  

B=5 g2cm-4s-1 (this work) 

 

 

 

 

        
 
  

 Equation 73 

 

Where, n=1 

 

 

 

 

The change in mass associated with uptake of O during each time interval (i.e., 1μs) 

of oxidation was determined using Equation 74.  The mass of O was then converted 

to oxide thickness using Equation 75.  The net rate of oxidation then was evaluated 

using Equation 76.  It should be noted that this oxidation reaction was deemed 

complete when the rate of oxidation decreased to a value less than 400 nm s-1.     
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Equation 75 

Where,       

 

  

  
    
  

 
 Equation 76 

 

The predicted surface oxide layer thickness as a function of reactive atomization 

time with respect to droplet diameter for CR-156 is shown in Figure 4.21.  These 
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calculations clearly indicate that surface oxide layer thickness increases with droplet 

diameter.  Furthermore, each oxidation curve was found to contain a small inflection 

point (see red arrow in Figure 4.21), which represents solidification in the droplet.  

Interestingly, this model suggests that the majority of oxidation occurs prior to 

droplet solidification.    

 

Figure 4.21.  Predicted oxide layer thickness (CR-156) as a function of droplet diameters: note the 
red arrow highlighting the inflection point that indicates droplet solidification 

 

The predicted Cr2O3 surface oxide layer thickness was then compared to 

experimental data for CR-118, CR-126, CR-160, and CR-156 (i.e., the CR-alloys that 

contained a linear relationship identified in Figure 4.9, due to the formation of a 

similar Cr-enriched surface oxide phase) (see Figure 4.22).  Remarkably, the 

predicted oxide layer thickness was found to agree quite well with the experimental 
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oxide thickness data, especially for the CR-alloys atomized with a reaction gas 

containing a lower concentration of O2 (i.e., CR-160 and CR-156, see Table 4.3).  

Therefore, this oxidation model is recommended as a processing tool to accurately 

predict the in situ alloying addition of O during future GARS trials.     

 

Figure 4.22.  Comparison of predicted oxide layer thickness with experimentally determined 
values (see Table 4.5) 

 

Analysis of the results of this oxidation model resulted in a range of parabolic rate 

constants (contained within the solid red lines in Figure 4.23), due to the 

aforementioned influence of    (i.e., different reaction gas compositions).  The 

calculated parabolic rate constant as a function of temperature used for this 

oxidation model was compared to literature values for Cr2O3 oxidation on solid 
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surfaces (see Figure 4.23).  Interestingly, the results of this work coincide quite well 

with the central range of the literature values.       

 

Figure 4.23.  The range of Cr2O3 parabolic rate constants (see red lines) used for the GARS 
oxidation model compared to literature values [167-174] 

 

4.4 Summary 

Gas atomization reaction synthesis (GARS) was used to produce precursor powders 

for ODS ferritic stainless steel alloys.  This reactive gas atomization process results in 

the formation of an ultra thin (ξ < 150 nm) Cr-enriched surface oxide layer.  This 
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surface oxide layer is utilized as an O reservoir for the formation of Y-enriched 

nano-metric dispersoids following consolidation and heat treatment of these 

precursor powders.  A theoretical oxidation model, formulated from droplet cooling 

curves and based on the parabolic oxidation kinetics of Cr2O3, was designed as a 

method for predicting the resulting surface oxide layer thickness and corresponding 

O content as function of particle size.  This oxidation model was shown to be a 

practical method to accurately predict the oxidation kinetics associated with GARS 

processing, assuming the formation of a Cr2O3 surface oxide phase.  Furthermore, 

this oxidation model was suggested as a processing tool to predict and control O 

additions in future GARS trials.   Additionally, this model also provided insight into 

the solidification velocity associated with varying droplet diameters.  The increased 

dendrite solidification velocity associated with the ultra-fine droplets (dia. ≤ 5μm) 

was calculated to form a stabilized planar growth front, signifying the ability to 

achieve a microsegregation-free solidification structure in these powders that is 

consistent with recent experimental observations (see Chapter 10) [146].        
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4.6 Variable Identification 

 

Table 4.6.  Variable identification 

Variables 

  Peclet number fit parameter 

  cross sectional area (m2) 

  Peclet number fit parameter 

  parabolic oxidation pre-factor (g2/cm4*s) 

  speed of sound in medium (m/s) 

  specific heat capacity (J/mol*K) 

   drag coefficient 

  diameter (m) 

   effective diameter of nozzle (m) 

  discharge coefficient 

   sudden contraction friction loss factor 

  oxidation activation energy (J/mol) 

  friction factor 

  force (N) 

  gravitational acceleration (m/s2) 

  heat transfer coefficient (W/m2*K) 

    enthalpy of formation (J/mol) 

  thermal conductivity (W/m*K) 

  Boltzmann constant (J/K) 

   parabolic rate constant (g2/cm4*s) 

   mass flow rate (kg/s) 

  mass (kg) 

   change in mass (kg) 

  Mach number 

  oxidation proportionality constant 

  number of atoms in droplet 

   Nusselt number 

  partial pressure (Pa) 

  total pressure (Pa) 
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   Peclet number 

   Prandtl number 

  heat flux (J/s) 

  radius (m) 

  universal gas constant (J/mol*K) 

   Reynolds number 

  surface area (m2) 

    entropy of formation (J/mol*K) 

  time (s) 

   time interval (s) 

  temperature (K) 

   undercooling (K) 

  volume droplet (m3) 

  velocity (m/s) 

  molecular weight (kg/mol) 

  vertical distance (m) 

  oxide stoichiometry MaOy 

z compressibility  

Greek Letters 

  thermal diffusivity (m2/s) 

   discharge coefficient scalar 

  specific heat ratio (Cp/Cv)=1.667 (Ar) 

  rate of change in oxide thickness (nm/s) 

  roughness of chamber=0.002 

  emissivity=0.4 

  velocity decay fit parameter for atomization gas 

  weight fraction of droplets of specific size 

  mote concentration (cm-3) 

  dynamic viscosity (Pa*s) 

  kinematic viscosity (m2/s) 

  oxide thickness (cm) 

  density (kg/m3) 

    interfacial energy (J/m2) 

   Stefan-Boltzmann constant (W/m2*K4) 
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   stability parameter;           

  velocity decay fit parameter for atomization gas 

  height of molten metal in crucible 

  Gibbs-Thomson coefficient (mK) 

  Fraction of homogeneous nucleation temperature 

  number of particles of a specific size 

  nucleation temperature function;           

  thermal supersaturation 

subscripts 

  atomization pressure (see run parameters in Table 4.3) 

  chamber 

    curvature 

   crucible inner diameter 

  droplet 

    dendrite 

  final time of time step 

  gas 

    homogeneous temperature 

  initial time of time step 

  atomization nozzle jet 

  liquidus 

  metal 

  nucleation 

   oxygen 

   pour orifice 

   oxide 

  relative 
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Table 4.7.  Thermophysical properties used for experimental model 

Thermophysical 

Properties 

Value Material Reference 

Metal    

Liquid Specific Heat,    41.868 (J/mol*K) Fe [175] 

Solid Specific Heat,    37.15+6.171x10-3T-238.3T-1/2 (J/mol*K) Fe [175] 

Liquidus,    1783 (K) 430SS [136] 

Solidus,    1698 (K) 430SS [136] 

Latent heat of fusion,     1.62x104 (J/mol) Fe-16Cr [175] 

Thermal diffusivity,    6.09x10-6 (m2/s) Fe [164] 

Interface energy,     0.204 (J/m2) Fe [176] 

Density of metal,    7830 (kg/m3) CR-alloy This work 

Atomic weight,    55.84 (g/mol) Fe [175] 

Gas    

Kinematic viscosity,    1.24x10-6 (m2/s) Ar [177] 

Density,    1.784 (kg/m3) Ar [177] 

Thermal conductivity,    1.772x10-2 (W/m*K) Ar [177] 

Specific heat ratio,   1.667 Ar [177] 

Specific heat,    20.83 (J/mol*K) Ar [177] 

Atomic weight,    39.948 (g/mol) Ar [177] 

Temperature,    233 (K) Ar [149]  

Oxide    

Activation energy,     249,000 (J/mol) Cr2O3 [167] 

Pre-exponential,     5 (g2/cm4*s) Cr2O3 This work 

Density,     5300 (kg/m3) Cr2O3 [178] 

Atomic weight,     0.152 (kg/mol) Cr2O3 [178] 
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Chapter 5. Heat Treatment 

 

Gas atomization reaction synthesis (GARS) has been shown as a viable method to 

produce precursor CR-alloy powders for oxide dispersion strengthened (ODS) 

ferritic stainless steels (see Chapter 4 and 7) [179].  These powders undergo an O 

exchange reaction between the initial Cr-enriched prior particle boundary (PPB) 

oxide and Y-enriched intermetallic compound (IMC) precipitates, resulting in the 

formation of Y-enriched nano-metric dispersoids throughout the α-(Fe,Cr) 

microstructure [146].  This chapter will be used to demonstrate an analogous O-

exchange reaction, using a coarser as-cast ferritic stainless steel (Fe-Cr-Y) alloy 

microstructure, in an effort to evaluate the reaction kinetics for dispersoid formation 

in similar CR-alloys.  Moreover, an internal oxidation model will be discussed as 

method for predicting the necessary heat treatment required to form Y-enriched 

dispersoids as a function of the CR-alloy precursor powder size and chemistry.   

5.1 Internal Oxidation Procedure 

Ferritic stainless steel cubes with a composition of Fe-16.0Cr-1.25Y (at.%) were used 

for this internal oxidation study.  The initial ferritic stainless steel cubes contained 

~15 vol. % of Fe17Y2 IMC precipitates, which was distributed as an interdendritic 

network throughout the α-(Fe,Cr) matrix phase.  These stainless steel cubes were 

precision ground from (Cu hearth) chill cast alloy fingers to a final edge length of 4 

mm.  Prior to testing the cubes were surface polished to a 1.0µm finish.  The cubes 

were embedded in a so called ―Rhines pack‖ mixture containing 1.5 moles of Cr 

powder (dia. ≤ 45μm) for every mole of Cr oxide (Cr2O3) powder (dia. ≤ 250μm), and 

subsequently sealed in quartz tubes under a vacuum of ~0.6 Pa (see Figure 5.1) 

[180].  The purpose of the Rhines pack was to prevent external oxide scale formation 

thereby permitting continued internal oxidation of the stainless steel cubes at the 

Cr/Cr2O3 equilibrium O partial pressure (   ) for a given temperature.  Sealed 
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Rhines packs were heat treated isothermally over the temperature range of 1000-

1300°C using 100°C increments for a variation of times (see Table 5.1).        

 

Figure 5.1.  Internal oxidation (Rhines pack) experimental setup 

 

Table 5.1.  Rhines pack heat treatment procedure 

Heat Treatment Temperature Heat Treatment Time (hr) 

1000 12, 72, & 120 

1100 4, 12, & 24 

1200 1, 2, & 3 

1300 1, 2, & 3 

 

The low     established by the excess metal molar concentration in the Rhines packs 

during heat treatment determined the O concentration at the surface of the alloy, 

which was intended to create an O concentration gradient equivalent to that formed 

at the local Cr2O3 PPB oxide/α-(Fe,Cr) interface within the consolidated CR-alloy 

powder microstructure.  The diffusivity and solubility of Y is extremely limited in 

the α-(Fe,Cr) matrix [181], therefore, O must diffuse to these Y reservoirs prior to 

dispersoid formation. This type of multicomponent internal oxidation has been 

defined in the literature as diffusionless or ―in situ‖ oxidation, because the internal 

oxides form without any substantial diffusion of the metal component (i.e., Y),  as 
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shown schematically in Figure 5.2 [182].  Since Y formed the most 

thermodynamically stable oxide in this multicomponent system, as O diffused into 

the ferritic alloy cubes the initial Y-enriched IMC precipitates (i.e., Fe17Y2) were 

dissociated during internal oxidation of the alloy, allowing for the formation of the 

more thermodynamically stable Y-enriched oxides (Figure 5.2) [182].  In this process 

the IMC precipitates act as a chemical reservoir (CR) phase, which supplies Y for the 

formation of highly stable Y-enriched oxide particles, analogous to the O exchange 

reaction that occurs during consolidation and heat treatment of the CR-alloy 

precursor powders [179].        

 

Figure 5.2.  Schematic of the diffusionless internal oxidation within these Rhines packs, adapted 
from Gesmundo et al.  [182] 

 

Due to the precision ground planar faces of the cubes and consistent surface 

concentration, the oxygen diffusion profiles during heat treatment were planar.  

Therefore, the Fe17Y2 IMC precipitates were dissociated during internal oxidation of 

the cubes in a planar fashion, which revealed the O penetration depth (ξ).  

Furthermore, submicron Y-enriched (i.e., (Y,Cr)2O3) oxides were identified in the 
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wake of the O penetration, with a spatial distribution similar to that of the original 

Fe17Y2 IMC precipitates (see Figure 5.3D).  The planar penetration depth of these 

oxides for a given temperature and time was determined using image analysis 

(ImagePro™) of SEM micrographs of the heat treated cubes.  Measurements 

revealed that the internal oxidation reaction was seemingly parabolic, suggesting 

that the reaction kinetics are intrinsically linked to diffusion.  An example of the 

evolving ferritic stainless steel microstructure at 1100°C is displayed in Figure 5.3A-

C.                 

 

Figure 5.3.  SEM analysis of cross-sectioned stainless steel (Fe-16.0Cr-1.25Y at.%) cubes after 
Rhines pack heat treatment at 1100°C for 4hrs (A), 12hrs (B), and 24hrs (C) revealing the internal 

oxidation of Fe17Y2 IMC precipitates, and (D) the subsequent formation of mixed (Y,Cr)2O3 
dispersoids    
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5.1.1 Internal Oxidation Model 

The relative O diffusivity coefficient (DO) in α-(Fe,Cr) was determined 

experimentally using the measured O penetration depth (ξ), heat treatment time (t), 

and the relative kinetics parameter (γ), as previously described by Wagner and Rapp 

(see Equation 77) [183, 184].    

   
  

    
   

 Equation 77 

   

It has been shown that γ is a function of the O concentration (mole fraction) at the 

surface of the alloy (  
 ), concentration (mole fraction) of Y in the bulk alloy (  

 ), 

stoichiometric coefficient of O in the oxide (ν), and two auxiliary functions G(γ) and 

F(h) (see Equation 78-Equation 80) [183]. 
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 Equation 80 

   

The variable h is related to γ by the square root of the diffusivity coefficient ratio 

between O and Y in α-(Fe,Cr) (Equation 81), but since the diffusivity of Y in α-

(Fe,Cr) is extremely limited (considered diffusionless) [181], the function F(h) can be 

approximated as unity.  As a result, Equation 78 was simplified to Equation 82 [185]. 

     
  

  
 
 
 
  

 Equation 81 

   

  
 

  
         

 Equation 82 

   

The concentration of O at the surface of the Rhines pack cubes (  
 ) was determined 

using Sievert’s law (Equation 83) [186].  It was assumed that the ratio of Sievert’s 



141 
 

coefficient (   ) for pure Fe compared to Fe-16Cr (at.%) could be approximated as 

unity.  This assumption allows the use of literature values for   
  in Fe, measured at 

the equilibrium     for Fe-FeO (Equation 84), for calculating   
  for solid solution Fe-

16Cr (at.%) at the lower equilibrium    for Cr-Cr2O3 (Equation 88) [187].       

  
         

 
    

 Equation 83 

   

  
       

           
      

  
   

 Equation 84 

   

 

Thermochemical data was used to calculate the equilibrium reaction constant (keq) 

for FeO (i.e.,        
 

 
            ) and Cr2O3 (i.e.,         

 

 
               ) 

using the free energy of formation per mole of oxide (ΔGf) (see Equation 85) [188].  

The equilibrium reaction constant (keq) for FeO and Cr2O3 formation over the 

temperature range of 1000-1300°C is shown in Table 5.2. 

        
    

  
    Equation 85 

   
   

Table 5.2.  Equilibrium constants for FeO and Cr2O3 oxide formation per mole of compound [188] 

Temperature (°C) keq (Fe-FeO) keq (Cr-Cr2O3) 

1000 5.74X107 1.53X1033 

1100 1.16X107 1.78X1030 

1200 3.01X106 5.67X1027 

1300 9.40X105 4.05X1025 

 

The equilibrium dissociation     for FeO and Cr2O3 was determined using Equation 

86 and Equation 87, respectively (see Table 5.3).  It should be noted that the activity 

(a) for FeO and Fe was taken to be equal to unity (Equation 86).  The activity of 

Cr2O3 also was taken to equal unity, but the activity of Cr was assumed to be 0.16 
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(Equation 87) based on the composition of the cubes (assuming an ideal solution) 

[92].      

     
    

      

 
 

  
 Equation 86 

   

    
      

   
    

 
 

  
   Equation 87 

   

 

Table 5.3.  Equilibrium dissociation PO2 for FeO and Cr2O3 

Temperature (°C)     FeO (atm)     Cr2O3 (atm) 

1000 3.04X10-16 9.44X10-22 

1100 7.37X10-15 8.56X10-20 

1200 1.11X10-13 3.95X10-18 

1300 1.13X10-12 1.06X10-16 

 

Values for   
  at the equilibrium     for Cr-Cr2O3 were determined using Equation 

88 (shown in Table 5.4), and values for G(γ) were calculated using Equation 82, 

knowing that the   
  was equal to 0.0125 and ν was equal to 1.5 for (Y,Cr)2O3 oxide 

formation. 

  
      

  
        

  
           

           
 
   
   

   

     
 

 
 

  

   Equation 88 
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Table 5.4.  Predicted equilibrium O solubility at the surface of the Rhines pack cubes and G(γ) for 
the alloy system 

T (°C)   
        (mole fraction) 

G(γ) 

1000 3.62X10-08 1.93X10-06 

1100 1.43X10-07 7.65X10-06 

1200 4.67X10-07 2.49X10-05 

1300 1.30X10-06 6.93X10-05 

 

Values for γ were determined through mathematical iterations using Equation 79 

and the values for G(γ) displayed in Table 5.4 (shown in Table 5.5).  Using γ, the 

experimental value for DO was determined using the internal oxidation reaction 

depth (ξ) (see Figure 5.3 and Equation 77).  The experimental value for DO was then 

compared to literature values for the diffusion of O, Cr, and Fe in α-Fe (shown in 

Figure 5.4) [189-192], indicating that O diffusion is the likely controlling rate, due to 

the closer matching of the experimental measurements to the literature trend for O 

diffusion in Fe.  

Table 5.5.  Values for the kinetic parameter γ over the experimental temperature range 

Temperature (°C) Kinetics Parameter (γ) 

1000 9.82X10-4 

1100 1.96X10-3 

1200 3.53X10-3 

1300 5.89X10-3 
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Figure 5.4.  Comparison of the experimentally determined O diffusivity coefficient and literature 
values for O, Cr, and Fe diffusion in α-Fe   

 

The activation energy (Q) and frequency factor (A) for the experimental value for DO 

was calculated from linear regression analysis of the data shown Figure 5.4, where 

the slope of the data equaled -6.9, and the y-intercept equaled -4.1 (see Table 5.6). 

 

Table 5.6.  Activation energy (Q) and frequency factor (A) values for the experimentally 
determined DO in α-(Fe,Cr) compared to literature values for the diffusion of O, Cr, and Fe in α-Fe 

Diffusion Species Q (kJ) A (cm2s-1) 

O in Fe (experimental) ~57.5 ~0.017 

O in Fe [189] 98.0 0.037 

Cr diffusion in Fe [191] 250.8 8.52 

Fe self diffusion in Fe [192] 258.3 6.8 
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The activation energy for the experimentally determined DO value was calculated to 

be lower (i.e., ~57.5 kJ) compared to literature values for O diffusion in α-Fe (i.e., 98 

kJ).  A reduction in the activation energy could be related to the O diffusion path.  

One conjecture to explain the observed increased diffusion kinetics is that the O 

diffused preferentially along Fe17Y2/α-(Fe,Cr) phase boundaries during internal 

oxidation, which is consistently higher than lattice diffusion [175].  This higher rate 

may also be exacerbated by incoherent phase boundaries, which act similar to high 

angle grain boundaries [92].  Therefore, this internal oxidation reaction is seemingly 

linked to the initial scale and distribution of the precursor Y-enriched IMC 

precipitates.   

5.1.2 Reaction Kinetics 

The motivation for these internal oxidation experiments was to gain insight about 

the kinetics associated with the O exchange reaction (i.e., dispersoid formation), 

which takes place during the consolidation and heat treatment of precursor CR-alloy 

powders.  A low     was used to approximate the O concentration gradient 

expected at the Cr-enriched PPB oxide/α-(Fe,Cr) interface in the consolidated CR-

alloy microstructure.    

This analysis demonstrated that the reaction kinetics of this diffusionless internal 

oxidation reaction could be defined by γ and DO for a given CR-alloy composition.  

Furthermore, these parameters can then be used to calculate the parabolic rate 

constant (kox) for each CR-alloy, in an effort to establish a heat treatment procedure 

for dispersoid formation (Equation 89) [183, 184].   

            Equation 89 

 

The experimentally determined value for DO appeared to be enhanced due to the 

connected interdendritic structure of the Fe17Y2 IMC precipitates observed in the as-

cast Rhines pack cubes (see Figure 5.3).  Conversely, the rapidly solidified as-
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atomized powders have been shown to contain either solute-trapped Y or a fine 

scale cellular network of Y-enriched IMC precipitates (see Figure 5.5), as a function 

of solidification velocity (see Chapter 4 and Chapter 10).  For this reason, a literature 

value for DO, representing lattice diffusion of O in α-Fe, was used for a conservative 

prediction of the CR-alloy heat treatment conditions (see blue line in Figure 5.4)  

[189]. 

 

Figure 5.5.  Cross-sectioned as-atomized CR-156 powders, showing the solidification structure of 
the Y-enriched IMC precipitates (see yellow arrow): a) dia. ~50μm, b) dia. ~20μm, and c) dia. ~5μm 

(note regions of apparent solute trapped Y in sample c) 

   

Values for γ were calculated using the aforementioned   
         predicted for Fe-

16Cr (at.%) during equilibrium dissociation of Cr-Cr2O3 (shown in Table 5.4), while 

considering the specific value of   
  and ν for each CR-alloy.  For example, CR-118 

contains a mole fraction of Y equivalent to 0.002 (see Chapter 4) and a stoichiometric 

coefficient of O equal to 3.5, which represents the formation of Y2Ti2O7 dispersoids 

(see Chapter 7).  The predicted parabolic rate constant for CR-118, as a function of 

heat treatment temperature, is shown in Table 5.7. 
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Table 5.7.  Parabolic rate constant predictions for the internal oxidation of CR-118 as a function of 
γ and DO  

Temperature (°C) γ2 DO (cm2s-1)    (cm2s-1) 

1000 2.6X10-6 3.7X10-6 1.9X10-11 

1100 1.0X10-5 7.2X10-6 1.5X10-10 

1200 3.3X10-5 1.3X10-5 8.6X10-10 

1300 9.3X10-5 2.1X10-5 4.0X10-09 

 

Specific heat treatment procedures were then calculated using this parabolic rate 

constant for each CR-alloy.  The time required for the internal oxidation reaction 

zone to diffuse from the PPB oxide to the center of the largest consolidated particle 

can be predicted using the parabolic rate law (Equation 90) [186].  A predicted heat 

treatment procedure for the internal O exchange reaction that occurs in CR-118, as a 

function of particle size and heat treatment temperature, is displayed in Figure 5.6.  

  
  

    
  

 

 Equation 90 

 

This heat treatment model was used to establish a theoretical heat treatment 

procedure for each CR-alloy (see example in Figure 5.7).  Clearly, an optimum 

balance between heat treatment time and temperature is strongly dependent on the 

specific powder size fraction and resulting spatial distribution of Y or Y-enriched 

IMC precipitates.  It should be noted that this model was used as a guideline for 

heat treating the CR-alloys, and actual heat treatment times were typically extended 

beyond the predicted value by a factor of two. 
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Figure 5.6.  Heat treatment predictions for CR-118 as a function of particle size for heat treatment 
temperatures ranging from 1000-1300°C. 

 

Figure 5.7.  Predicted heat treatment procedure for each CR-alloy as a function of particle size for a 
temperature of 1200°C. 
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5.2 Summary   

Internal oxidation experiments were used to analyze the kinetics of the O exchange 

reaction that occurs during elevated temperature consolidation or heat treatment of 

precursor CR-alloy powders, which results in the formation of Y-enriched oxide 

dispersoids.  A heat treatment procedure, formulated from an internal oxidation 

model, was established for predicting the required heat treatment time for 

dispersoid formation within each CR-alloy as a function of precursor powder size.   
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Chapter 6. Atomized Precursor Alloy Powder for Oxide Dispersion 

Strengthened Ferritic Stainless Steel 

 

Modified from a paper published in: Advances in Powder Metallurgy and 

Particulate Materials, 2008, Vol. 10, pp. 324-342 

 

J. R. Rieken1,2,3, I. E. Anderson4, M. Kramer4, Y.Q. Wu4, J. Anderegg4, A. Kracher4, 

and M. Besser4 

 

6.1 Abstract 

Gas atomization reaction synthesis (GARS) was used to surface oxidize atomized 

droplets of a ferritic stainless steel alloy, with a nominal chemical composition of Fe-

(12.5-15.0)Cr-(0.5-1.0)Y-(0.0-0.54)Ti wt.%, during the break-up and rapid 

solidification of the resulting spherical powders.  The surface oxide of the particles 

was intended to perform as an O reservoir for the formation of nano-metric Y-

enriched oxide dispersoids.  The formation of the nano-metric dispersoids occurred 

during elevated temperature consolidation of the powders and was driven by an O 

exchange reaction between the initial surface oxide (e.g., Cr-enriched oxide) and 

alloying additions of Y.  The precursor powders were consolidated using hot 

isostatic pressing (HIP) at 850°C or 1300°C. This consolidation procedure resulted in 

distinctively different microstructures.  The lower temperature consolidation (i.e., 

850°C HIP) resulted in a fully dense microstructure with limited dissolution of the 

original surface oxide phase.  The elevated temperature consolidation (i.e., 1300°C 
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HIP) resulted in a fully dense microstructure and partial dissolution of the original 

surface oxide phase, permitting interparticle bonding.  Scanning electron 

microscopy (SEM) with energy dispersive spectroscopy (EDS) was used to evaluate 

the microstructure of the alloys.  Transmission electron microscopy (TEM) with EDS 

was used to evaluate the Y-enriched oxide dispersoids.  High-energy X-ray 

diffraction (HE-XRD) was used for preliminary phase analysis of the nano-metric 

oxide dispersoids.  Furthermore, elevated temperature tensile testing was used to 

examine the strength of the as-consolidated (1300°C HIP) specimens. 

6.2 Introduction 

Many of the inherent qualities of ferritic stainless steels, i.e., high thermal 

conductivity and low thermal expansion, and low void swelling during neutron 

irradiation, distinguish these alloys as a prominent choice for many applications in 

fossil-fueled power plants, as well as for cladding material in nuclear reactors [102].  

However, traditional ferritic stainless steels lack the high temperature strength 

required for future generation reactors [132].  To resolve this issue much work has 

been done to develop the use of nano-metric oxide particles as strengthening agents 

within the ferritic matrix [193].  Improved dispersoids have become more effective at 

impeding dislocation movement and minimizing grain boundary slip, thus 

increasing the strength of these alloys [2].   

Most of the fabrication approaches for ODS ferritic stainless steels employ a 

mechanical alloying (MA) technique to generate precursor particulate.  This MA 

process has several inherent drawbacks that were recently highlighted in a review 

article by Odette et al. [9], which states that the practical development of 

nanodispersion-strengthened Fe-based alloys face specific challenges including, the 

high cost of MA powder-consolidated materials, anisotropic microstructures that 

result from MA, and batch-to-batch variability.  These challenges provide 
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motivation for further research into new processing methods for the production of 

ODS ferritic stainless steel alloys. 

An innovative processing method, involving gas atomization reaction synthesis 

(GARS), has been developed for the fabrication of precursor ODS ferritic stainless 

steel powder.  During this process each individual powder particle is oxidized in 

situ, forming a thin surface oxide layer during rapid solidification.  This oxide layer 

is then used as an O reservoir for the formation of nano-metric Y-enriched oxide 

dispersoids during high temperature consolidation.  This paper will evaluate the 

microstructure resulting from consolidation of powders produced using this new 

atomization processing technique.  In addition, initial as-consolidated tensile 

properties will be compared to commercially produced MA ODS ferritic stainless 

steels.   

6.3 Background 

6.3.1 Mechanical alloying (MA) 

MA has been used to successfully form ODS microstructures for several decades, 

but much is still not readily understood about this complex and stochastic process 

[12].  This process has traditionally been used for the fabrication of precursor ferritic 

stainless steel ODS powders (see Figure 6.1).  During MA the base metal and 

alloying additions are inserted into a high energy shaker, planetary, or attritor mill.  

The milling time can last for ~48 hours, during which alloying occurs through a 

complex series of cold welding, fracturing, and folding at the nano-metric particle 

interfaces [99].  After the milling process, the resulting powders are consolidated 

using elevated temperature extrusion and subsequent heat treatment to promote the 

formation of nano-metric oxide dispersoids [1].   This processing method has proven 

to be an effective way to introduce nano-metric oxide dispersoids into a parent 

matrix phase, which has been reported to drastically increase the mechanical 

performance of select ferritic alloys [108].   
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Figure 6.1.  Basic MA processing method for the formation of an ODS microstructure, adapted 
from [12] 

 

Unfortunately, the MA process contains several inherent problems that seemingly 

limit the production of ODS alloys at a commercial scale.  These processing issues 

stem from the extended milling times required to uniformly distribute the alloying 

additions.  Longer milling times also can lead to contamination within the alloy 

powders (e.g., C, O, N, or other milling debris), which can limit the strength of the 

final consolidated part.  The time required for sufficient milling of an ODS alloy is 

directly dependant on the energy of the mill, for example a process that takes a few 

minutes in a SPEX mill (i.e., shaker mill) can take hours in an attritor mill, or a few 

days in a commercial planetary mill [103].  This illustrates the difficulties in scaling a 

milling procedure from a SPEX mill, with a capacity of ~0.01 kg, to an attritor mill, 

with a capacity up to ~45 kg, or to a large planetary (or rod) commercial mill that 

can produce up to ~180 kg of material per batch [103].   

6.3.2 Innovative molten ODS processing 

A new molten metal processing technique involving rapid solidification has been 

implemented for the production of precursor ODS ferritic stainless steel powder.  

This process is known as gas atomization reaction synthesis (GARS) [14, 15].  During 

this process, a reactive gas (i.e., Ar-O2) is used to surface oxidize powders, forming a 

thin oxide layer during rapid solidification of the molten alloy droplets.  This rapid 
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high temperature reaction is thought to promote the formation of a kinetically 

favored oxide (e.g., Cr-enriched oxide).  This oxide layer is then used as an O-

reservoir for the formation of more thermodynamically stable oxide dispersoids 

(e.g., Y-enriched oxide).   

These powder particles are typically consolidated using hot isostatic pressing (HIP). 

The initial oxide layer dissociates and an O exchange reaction occurs between the 

prior particle boundary (PPB) oxide and Y additions, as schematically demonstrated 

in Figure 6.2.  Trapping the O source along the PPBs reduces the O diffusion 

distance, which accelerates the internal oxidation reaction kinetics.  The resulting 

nano-metric oxide dispersoids (in an ideal system) are equally distributed 

throughout the microstructure.    

 

Figure 6.2.  ODS microstructure evolution during consolidation of GARS precursor powders:  A) 
low temperature consolidation showing no dissociation of the PPBs, B) initial dissociation of the 

PPBs during high temperature consolidation and O diffusion into the ferritic matrix, and C) 
formation of Y-enriched oxide dispersoids throughout the microstructure  

 

This new processing technique contains several potential advantages over the 

traditional MA process.  For example, improved production efficiency of precursor 

ODS ferritic stainless steel powder and consolidated parts Figure 6.3.  This GARS 

(atomization) process has the potential of reaching commercial production rates up 

to 10-100 kg/min, which is significantly greater than the production rates associated 

with the aforementioned MA process [104].  Gas atomization also could minimize 

batch-to-batch variability and strictly control contamination within the powder 
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particles.  Moreover, the spherical morphology of the as-atomized powder particles 

is ideal for HIP consolidation (see Figure 6.4), which helps to retain an equiaxed 

grain structure and isotropic mechanical properties [127]. 

 

Figure 6.3.  The GARS chemical reservoir ODS consolidation process [194] 

 

Figure 6.4.  As-atomized precursor ODS ferritic stainless steel powder (dia. 20-53μm): A) Surface 
analysis and B) Cross-sectional analysis   

 

6.4 Experimental Methods 

6.4.1 Gas Atomization and Powder Consolidation 

The reaction parameters (i.e., reactive gas content and injection point) and the 

nominal chemical composition of each alloy are displayed below in Table 6.1.  The 

atomization charge was super heated to 1700°C within a yttria stabilized zirconia 

(YSZ) crucible.  Once reaching the pouring temperature, the melt was released and 

poured through a YSZ pour tube.  Upon exiting the pour tube the melt was 
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immediately impinged by the atomization gas (i.e., Ar or Ar-0.5O2 vol.%).  The 

atomization gas pressure was 6.9 MPa within the primary nozzle manifold. 

As the powder particles fell away from the primary break-up zone, two gas halos 

were used to subsequently cool the powder.  These halos were located ~15 cm and 

~142 cm below the primary nozzle.  The gas pressure within the halo manifold was 

0.34 MPa, with a gas composition of Ar or Ar-5.0O2 vol.%.  The resulting powders 

were collected and mechanically sieved into a selected size range (i.e., dia. 20-53μm) 

prior to consolidation.  The bulk O content of the as-atomized powder particles was 

measured using an inert gas fusion (LECO type) analyzer and the composition of 

each alloy was verified using inductively coupled plasma / atomic emission 

spectroscopy (ICP-AES).     

Table 6.1.  Nominal alloy composition (wt.%) and atomization processing parameters 

Alloy 
Fe 

(wt.%) 

Cr 

(wt.%) 

Y 

(wt.%) 

Ti 

(wt.%) 

Reactive Gas 

Content (vol.%) 

Gas Inlet 

Position 

CR-96 Bal. 12.5 1.0 - Ar-5.0O2 First Halo 

CR-112 Bal. 15.0 0.5 - Ar-0.5O2 Nozzle 

CR-118 Bal. 15.0 0.5 0.54 Ar-0.5O2 Nozzle 

 

The powder particles (dia. 20-53µm) were inserted into a 316L stainless steel can 

(25.4 mm in dia. x 127 mm in length), and evacuated to a pressure of ~10-5 Pa prior 

to the can being welded closed.  These powders were then HIPed at a temperature 

of 850°C or 1300°C at a pressure of 300 MPa for a duration of 4.0 hours.   

6.4.2 Mechanical Testing 

A mechanical testing system (MTS 810) with a high temperature resistance (657.01 

HT) furnace was used to examine the elevated temperature tensile strength of the 

alloys.  The tests were performed at room temperature (21°C), 400°C, 600°C, and 
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700°C (CR-96 was not tested at 700°C) in open air.  The alloys were tested in the 

1300°C HIPed condition.  The sample geometry was designed using finite element 

analysis to ensure that all localized necking would occur in the specified gage length 

(see Figure 6.5).  The test procedure was based on the standard test methods for 

tension testing of metallic materials (ASTM-E 21-05) with a displacement rate of 0.1 

mm/min.  The test specimens were secured in Inconel 718 threaded grips to provide 

sufficient high temperature capacity.  True stress values were used in determining 

the tensile strength for these alloys.        

 

Figure 6.5.  A) FEA analysis of the tensile bar geometry, B) tensile bar test specimen, C) room 
temperature plastically deformed tensile bar  

 

6.4.3 Electron Microscopy and Synchrotron Analysis 

Microstructure analysis of the as-consolidated alloys and fracture analysis of the 

failed tensile specimens was completed using scanning electron microscopy (SEM) 

with energy dispersive spectroscopy (EDS).  Cross-sectional samples were ground 

using 400, 600, and 1000 SiC grit paper and polished using 6.0, 1.0, and 0.25 μm 

diamond suspensions.   
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The nano-metric dispersoids, in the as-consolidated (i.e. 1300°C HIP) condition, 

were preliminarily characterized using transmission election microscopy (TEM) at 

200 keV.  The chemical composition of the nano-metric dispersoids was evaluated 

using a high angle annular dark field (HAADF) detector in combination with EDS.  

The TEM samples were ground flat using 400, 600, and 1000 SiC grit paper, and 

polished using 6.0 and 1.0μm diamond pastes to a final thickness of ~50μm.  The 

samples were then mechanically dimpled to a thickness of ~20μm, and ion milled at 

5keV and 1.0 mA until perforation was detected.   

High-energy X-ray diffraction (HE-XRD) using synchrotron radiation at the 

Advanced Photon Source (APS), Argonne national laboratory-USDOE, was used for 

initial phase analysis of the Y-enriched dispersoids.  The high photon flux and area 

detector resulted in a superior signal to noise ratio, allowing for minor phase 

identification.  The samples were evaluated in the as-consolidated (i.e., 1300°C 

HIPed) condition at room temperature (CR-96 was not examined).  Cylindrical 

specimen test geometry was used with 1.0 mm dia. x 12.5 mm length.  The 

specimens were exposed at 10 s time intervals and a CCD detector was used for data 

collection.     

6.5 Results 

The chemical composition of the as-atomized powder is shown below in Table 6.2.  

Generally, the Cr loss during atomization was considered inconsequential and was 

measured to be less than a 2.0% change in weight fraction.  The Y loss during 

atomization was more significant and varied with each chemical reservoir (CR) 

alloy.  The extent of Y loss for CR-96, CR-112, and CR-118 was measured to be a 

33.0%, 70.0%, and 36.0% decrease in weight fraction, respectively. 
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Table 6.2.   As-atomized CR-alloy chemical composition 

Alloy 
Fe 

(wt.%) 

Cr 

(wt.%) 

Y 

(wt.%) 

Ti 

(wt.%) 

O 

(wt.%) 

CR-96 Bal. 12.44 0.67 - 0.08 

CR-112 Bal. 14.72 0.15 - 0.40 

CR-118 Bal. 14.90 0.32 0.43 0.40 

 

The surface chemistry of the as-atomized powder particles for the three CR-alloys 

was analyzed using AES depth profiling.  The sputtering rate was assumed to be 10 

nm/min based on a SiO2 standard.  The AES depth profiles for each CR-alloy are 

shown in Figure 6.6. 

 

Figure 6.6.  AES compositional depth profiles: A) CR-96, B) CR-112, and C) CR-118 
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The AES surface analysis of CR-96 powders showed elevated intensities of O and Y 

at the powder particle surface, indicative of a Y-enriched oxide layer containing a 

thickness of ~23 nm.  Conversely, analysis of the CR-112 and CR-118 powders 

revealed a primary enrichment of Cr and O at the surface, representing a Cr-

enriched oxide with a thickness of ~112 nm and ~125 nm, respectively (see Figure 

6.6B and C).  

6.5.1 As-consolidated Microstructure 

The 850°C HIPed microstructures for each CR-alloy are shown in Figure 6.7.  CR-96 

contained clean PPBs with no observable oxide, but contained regions of apparent 

Y-enriched microsegregation.  On the contrary, CR-112 and CR-118 had significant 

PPB oxide, measured at 2.52 vol.% and 2.22 vol.%, respectively, using image analysis 

of the SEM images (ImageProTM).  This PPB oxide was identified as Cr2O3 and TiO in 

CR-112 and CR-118, respectively, using WDS linescan analysis (not shown). 

 

Figure 6.7. Low temperature HIPed (850°C) microstructures for CR-96 (purple), CR-112 (green), and 
CR-118 (blue) 
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The 1300°C as-HIPed microstructures for each CR-alloy are shown in Figure 6.8.  

CR-96 contained Fe-Y intermetallic compound (IMC) precipitates (i.e., Fe17Y2), in 

combination with smaller (dia. < 1.0 µm) Y-enriched dispersoids.  The PPB oxide in 

CR-112 (i.e., Cr2O3) and CR-118 (i.e., TiO) was reduced to a volume percent of ~1.1 

vol.% and ~0.7 vol. %, respectively.  Additionally, CR-112 and CR-118 also formed 

smaller (dia. < 1.0 μm) Y-enriched dispersoids throughout the α-(Fe,Cr) matrix.  This 

microstructure evolution is thought to provide evidence of an O exchange reaction. 

 

Figure 6.8. 1300°C as-HIP microstructures for alloy CR-96 (purple), CR-112 (green), and CR-118 
(blue) 

 

6.5.2 Initial Dispersoid Analysis 

Phase analysis of the 1300°C as-HIPed microstructure for CR-112 and CR-118 was 

evaluated using HE-XRD.  The resulting diffraction patterns for the two CR-alloys 

are displayed in Figure 6.9. 

This analysis revealed two minor phases within the α-(Fe,Cr) matrix for both CR-112 

and CR-118.  Full phase refinement of the secondary phases was not completed, and 
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phase identification was assigned using peak position matching (of the most intense 

peaks) from the literature [178, 195-197].  The minor phases in CR-112 were 

identified as Cr2O3 (PPB oxide) and (Y,Cr)2O3 (dispersoid phase).  Alternatively, the 

observed minor phases in CR-118 were found to be TiO (PPB oxide) and Y2Ti2O7 

(dispersoid phase).   

 

Figure 6.9.  As-consolidated (1300°C HIP) HE-XRD patterns A) CR-112 and B) CR-1118 

 

STEM with EDS also was used to evaluate the chemical composition of the Y-

enriched dispersoid phase after high temperature (i.e., 1300°C) HIP consolidation 

(shown in Figure 6.10).  Dispersoids that were of a similar size to those detected in 

the SEM were chosen for chemical analysis. Although numerical values were 

assigned to the dispersoid elements, this analysis was used to qualitatively evaluate 

the chemistry of theses nano-metric oxides. 

The dispersoids in CR-96 and CR-112 were found to contain varying amounts of Y, 

Cr, and O, while the dispersoids in CR-118 were observed to contain varying 

amounts of Y, Ti, and O.  Interestingly, the chemistry of the dispersoids in CR-112 
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and CR-118 corresponded quite well with the aforementioned dispersoid phases 

(i.e., (Y,Cr)2O3 and Y2Ti2O7) identified using HE-XRD, especially considering the 

analytical measuring errors associated with this EDS analysis.  

 

Figure 6.10.  STEM images with corresponding EDS results for CR-96 (purple), CR-112 (green), and 
CR-118 (blue)  

 

6.5.3 Preliminary Mechanical Properties 

The resulting CR-alloy ultimate tensile strength (UTS) was compared to literature 

values for commercial Fe-based ODS alloys (see Figure 6.11).  The three alloys used 

for comparison were MA-956, MA-957, and PM 2000 [1, 107, 198, 199].   

Each CR-alloy exhibited similar UTS over the tested temperature range.  

Additionally, the UTS for these CR-Alloys were comparable to the strength of MA-

956.  It should also be noted that the strength of all the commercial alloys seem to 

converge above 800°C.  
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Figure 6.11.  Elevated temperature tensile strength comparison of Fe-based ODS alloys 

 

Microstructure analysis of the fractured CR-alloys indicates that failure was due to 

micro-void formation and coalescence, which resulted from debonding between the 

α-(Fe,Cr) matrix and residual non-ideal phases (i.e., Fe17Y2 or PPB oxide), as shown 

in Figure 6.12.   

The surface fracture analysis of CR-96 found Fe17Y2 particles at the base of micro-

void dimples, and cross-sectional analysis showed debonding between the α-(Fe,Cr) 

matrix and Fe17Y2 particles.  Surface fracture analysis of CR-112 and CR-118 

highlighted river lines, which identified micro-crack formation along residual PPB 

oxide.  Furthermore, cross-sectional analysis of CR-112 and CR-118 showed PPB 

oxides aligned with surface crack initiation sites (i.e., valleys along the fracture 

surface). 
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Figure 6.12.  Surface and cross-sectional failure analysis of fractured tensile bar specimens CR-96 
(purple), CR-112 (green), and CR-118 (blue) 

 

6.6 Discussion 

6.6.1 As-Atomized Powders 

Powder particle surface chemistry was shown to be dependent on the CR-alloy 

composition, and potentially linked to the reactive gas injection method.  The CR-96 

powders contained the most Y and were presumed to have been oxidized in the 

semi-solid state (downstream halo), which resulted in the formation of a Y-enriched 

surface oxide layer.  Consumption of Y during surface oxidation will limit further 

dispersoid formation during subsequent elevated temperature consolidation, thus 

preventing uniform distribution of the dispersoids throughout the α-(Fe,Cr) matrix.   

Conversely, oxidizing the powders in the molten state (CR-112 and CR-118) resulted 

in the formation of a Cr-enriched surface oxide layer.  Furthermore, the addition of 

Ti (CR-118) seemed to successfully limit the consumption of Y during this high 

temperature reaction (see Figure 6.6).   
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The thickness of the resulting oxide layer was found to be controlled by the reactive 

gas composition.  Previous results demonstrated that atomizing with a reactive gas 

containing 5.0 vol.% O2 leads to an oxide layer thickness of ~1.5 µm on similar 

powders (i.e., dia. 20-53 μm) [200].  Notably, these results show that the surface 

oxide thickness can be significantly decreased (approximately an order of 

magnitude: t~125 nm) when reducing the O2 content in the reaction gas to 0.5 vol.%.  

These initial results show that this rapid oxidation reaction is quite sensitive to the 

O2 content in the reactive atomization gas (i.e., O2 partial pressure), indicating the 

ability to tailor this process for specific O additions. 

6.6.2 Dispersoid Formation 

High temperature HIP consolidation at 1300°C was used to promote the dissociation 

of the PPB oxide phase and to permit the formation of nano-metric oxide dispersoids 

(comparing Figure 6.7 with Figure 6.8).  This microstructure evolution is driven by 

the thermodynamic stability of oxides (see Figure 6.13).  During this internal 

oxidation reaction, O diffuses away from the less stable PPB oxide, driven by a 

chemical potential gradient, similar to the internal oxidation reactions described by 

Rapp [184].   

The initial formation of a less thermodynamically stable (i.e., kinetically favored) 

surface oxide layer (e.g., Cr oxide) is germane to this novel oxide dispersion forming 

particulate process.  The initial metastable surface oxide layer is trapped internally 

along the PPBs during consolidation, thus lowering the local O activity at the phase 

boundary, which promotes oxide dissociation during elevated temperature 

consolidation.  The O is thought to diffuse away from the PPB oxide, driven by a 

concentration gradient or chemical potential, in an effort to reach equilibrium 

conditions with the α-(Fe,Cr) matrix.  As the O diffuses towards the center of the 

powders it was consumed by Y, forming more thermodynamically stable nano-

metric oxide dispersoids, thereby eliminating O from solid solution within the α-
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(Fe,Cr) matrix phase, which promotes further dissolution of the PPB oxide.  

Therefore, this O exchange reaction is thought to continue until the PPB oxide is 

fully dissociated or until all Y has been reacted.   

 

Figure 6.13.  Oxide free energy of formation as a function of temperature [201] 

 

Moreover, this illustrates the need to achieve an ideal balance between the initial Y 

and O content in the as-atomized powder, which should permit full dissolution of 

the PPB oxide and prevent residual Fe17Y2 IMC precipitates from lingering 

throughout the CR-alloy microstructure.  Of course, this ideal ratio is derived from 

the resulting dispersoid stoichiometry, thus, it is important to accurately predict the 

specific dispersoid phase that will form based of the CR-alloy composition.  For 

example, the composition of CR-96 and CR-112 (see Table 6.2) seemed to promote 

the formation of mixed Y-Cr-O (i.e., (Y,Cr)2O3) dispersoids, while the composition of 

CR-118 (mainly the addition of Ti) results in the formation of mixed Y-Ti-O (i.e., 

Y2Ti2O7) dispersoids (see Figure 6.9).  
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6.6.3  Initial Mechanical Properties (Tensile Strength) 

The initial tensile strength of the CR-alloys were tested in the as-consolidated (i.e., 

1300°C HIP) condition.  Interestingly, theses CR-alloys contained a similar elevated 

temperature UTS compared to MA-956, even though these CR-alloys contained 

several microstructural deficiencies.  Each CR-alloy had approximately the 

equivalent residual non-ideal (i.e., Fe17Y2 or PPB oxide) phase fraction, and during 

fracture analysis of the microstructure it was determined that the primary cause of 

failure occurred from debonding along the α-(Fe,Cr) matrix and non-ideal phase 

boundaries.   

The UTS of these CR-alloys should increase once an ideal microstructure can be 

achieved (i.e., full dissolution of the PPB oxide and Fe17Y2 IMC precipitates and the 

homogenous distribution of the nano-metric Y-enriched oxide dispersoids).  

Therefore, the GARS processing parameters will need to be modified for a given CR-

alloy composition, in order to optimally oxidize the precursor powders. 

6.7 Summary 

A new simplified ODS processing technique involving gas atomization reaction 

synthesis (GARS) was demonstrated for the production of precursor ferritic stainless 

steel powder.  This new process has the ability to oxidize powder particles in situ 

during rapid solidification.  The resulting metastable Cr-enriched surface oxide layer 

is then dissociated during high temperature consolidation, leading to the formation 

of more thermodynamically stable nano-metric Y-enriched oxide dispersoids.  This 

internal O exchange reaction is driven by the hierarchy of thermodynamic stability 

for oxides within the CR-alloy microstructure.   

The atomization processing parameters can be used to control the initial 

concentration of O introduced into the alloy system (i.e., controlling initial surface 

oxide layer thickness).  The initial ratio of Y to O was shown to control the resulting 
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CR-alloy microstructure.  Excess Y lead to residual Fe17Y2 precipitates within the CR-

alloy microstructure, while too much O prevented full dissolution of the PPB oxide.  

The initial tensile strength of the CR-alloys seemed limited to the interfacial bond 

strength between the α-(Fe,Cr) matrix and residual non-ideal phases (i.e., Fe17Y2 or 

PPB oxide).  Therefore, the global CR-alloy microstructure will need to be improved 

to ascertain the ideal strength of these ODS CR-alloys, but the local nano-structure of 

these CR-alloys demonstrated potential to effectively generate an ODS ferritic 

stainless steel alloy using this simplified processing method.        
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Chapter 7. Microstructure Evolution of Gas-Atomized Fe-based ODS 

Alloys 

 

A paper published in: International Journal of Powder Metallurgy, 2010, Vol. 46, 

Issue 6, pp. 17-31 

 

J. R. Rieken1,2,3, I.E. Anderson4, and M.J. Kramer4 

7.1 Abstract 

In a simplified process to produce precursor powders for oxide dispersion 

strengthened (ODS) alloys, gas atomization reaction synthesis (GARS) was used to 

induce a surface oxide layer on molten droplets of three differing ferritic stainless 

steel alloys (i.e., Fe-(15.10-15.70)Cr-(0.09-0.20)Y-(0-0.56)Ti-(0-0.90)W a/o), during the 

break-up and rapid solidification of the spherical powders.  The chemistry of the 

surface oxide was identified using auger electron spectroscopy (AES) and scanning 

electron microscopy (SEM) with energy dispersive spectroscopy (EDS).  The 

precursor Fe-based powders were consolidated at 850°C and 1300°C using hot 

isostatic pressing (HIPing).  Low temperature (i.e., 850°C) consolidation was used to 

create a fully dense microstructure, while preventing substantial prior particle 

boundary oxide dissociation.  Microstructure analysis of the high temperature (i.e., 

1300°C) consolidated alloys revealed a significant reduction in prior particle 

boundary oxide volume fraction, in comparison to the low temperature consolidated 

sample.  This provided evidence that a high temperature internal oxygen exchange 

reaction occurred between the less stable prior particle boundary oxide phase (e.g., 
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chromium oxide) and the yttrium contained within each prior particle.  This internal 

oxygen exchange reaction is shown to result in the formation of yttrium enriched 

oxide dispersoids throughout the alloy microstructure.  The evolving alloy 

microstructure was characterized using transmission electron microscopy (TEM) 

and high-energy X-ray diffraction (HE-XRD).  

7.2 Introduction 

Oxide dispersion strengthening (ODS) has been used to significantly enhance the 

elevated temperature strength and creep resistance of specific ferritic stainless steel 

alloys [1, 2, 202].  The extensive development of these ODS ferritic stainless steels 

concluded that the Fe-Cr base system required the addition of yttrium (Y) to form 

dispersoids with high temperature stability and a titanium (Ti) addition to further 

refine the resulting oxide dispersoids size  [6, 9, 13, 114-119].  A tungsten (W) 

addition was usually included as a solid solution strengthener for the Fe-Cr matrix 

phase, as well [115].  These iron (Fe) based alloys are being considered as structural 

materials for use in future generation power reactors [9, 16, 38, 65].  However, a 

major drawback to the widespread use of Fe-based ODS steels stems from the rather 

expensive cost associated with finished forms of these alloys (e.g.,~$340USD/kg for 

PM2000) [203].  Traditionally, ODS alloys are produced using an inefficient, time 

intensive, high-energy mixing process known as mechanical alloying [11, 99, 101, 

204].    The goal of this paper is to show the feasibility of a new, simplified, and more 

efficient powder processing method for the direct production of precursor ferritic 

stainless steel powders with very similar alloy compositions that, when 

consolidated, undergo microstructural transformations leading to the formation of 

an improved isotropic ODS microstructure.  This new processing concept would 

allow for full consolidation of precursor oxide dispersion forming powders from the 

as-atomized state, thus eliminating the complicated mechanical alloying step from 

the ODS processing sequence.      
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7.3 Background 

This new simplified process utilizes a unique alloying method termed gas 

atomization reaction synthesis (GARS), a rapid solidification process, for the 

production of precursor ferritic stainless steel powder particles [14, 205].  The 

powder particles are surface oxidized in situ, during the GARS process, and solidify 

with an ultra thin (i.e., t < 150nm) surface oxide layer. The surface oxide layer forms 

as a less thermodynamically stable oxide phase, which can later be dissociated 

during high temperature consolidation of the powders.  During consolidation, the 

less stable surface oxide layer is enveloped into the consolidated microstructure, and 

resides along prior particle boundaries (PPBs).  As the high temperature 

consolidation process continues, the less stable PPB oxide phase begins to dissociate, 

releasing oxygen for the formation of more stable Y containing nano-metric oxide 

dispersoids. 

7.4 Experimental Methods 

7.4.1 Gas Atomization Reaction Synthesis  

The reactive atomization gas contained a volumetric mixture of argon (Ar) with 

small concentrations of oxygen (O2) for production of this experimental powder 

[206].  The reactive gas content and chemical composition for each alloy are 

displayed in Table 7.1.  These chemical reservoir (CR) alloys were designed to 

contain a ferritic iron (α-Fe) matrix.     

The atomization charge was super heated to 1700°C within a yttria (Y2O3) washed 

zirconia (ZrO2) crucible.  Once reaching the pouring temperature, the melt was 

tapped and pouring commenced through a yittria-stabilized-zirconia pour tube.  

Upon exiting the pour tube, the melt was immediately impinged upon by the 

reactive atomization gas (i.e., Ar-(0.25 or 0.5)O2 v/o).  The atomization gas pressure 

was 6.9 MPa within the atomization nozzle manifold.  The bulk oxygen content 

found in the as-atomized powder particles was measured using an inert gas fusion 
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(LECO) analyzer, and the chemical composition of each alloy was verified using 

inductively coupled plasma/atomic emission spectroscopy (ICP/AES).     

Table 7.1.  Resulting as-atomized chemical composition and reactive atomization gas composition 
used in forming precursor oxide dispersion forming powders CR-112, CR-118, and CR-126 

Alloy Fe (a/o) Cr (a/o) Y (a/o) Ti (a/o) W (a/o) O (a/o) Gas (v/o) 

CR-112 Bal. 15.53 0.09 - - 1.10 Ar-0.5O
2
 

CR-118 Bal. 15.70 0.20 0.49 - 1.12 Ar-0.5O
2
 

CR-126 Bal 15.13 0.09 0.56 0.9 0.56 Ar-0.25O
2
 

 

7.4.2 Consolidation 

Cold isostatic pressing (CIP) was used to consolidate as-atomized powder samples 

for metallographic preparation prior to hot consolidation.  As-atomized particles 

(dia. 20-53µm) were blended with 70 v/o copper powders (dia. < 20µm) and sealed in 

latex CIP bags.  The blended powders were subsequently CIPped at 60ksi for ~60sec.  

Following the CIP process each consolidated powder sample was impregnated with 

epoxy and cross-sectioned for microstructural analysis.      

Powder samples that were screen classified to 20-53µm in diameter were 

consolidated to full density using hot isostatic pressing (HIP).  Prior to 

consolidation, each powder sample was inserted into a 316L stainless steel HIP can, 

which measured 25.4mm in diameter x 127mm in length.  Each HIP can was slowly 

evacuated using a diffusion pumped vacuum system to a pressure of ~7x10-7 mbar 

and transported under vacuum to a laser welding apparatus, where the can was 

evacuated further using a turbo-molecular pump to a pressure of ~7x10-8 mbar and 

welded shut.  Each sealed can was HIPed at 850°C or 1300°C at a pressure of 303 

MPa for a duration of 4.0 hr at the selected temperature and peak pressure.  
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7.4.3 Electron Microscopy 

Surface analysis of the as-atomized powder particles was conducted using a JEOL 

JAMP 7830F scanning electron microscope (SEM) with auger electron spectroscopy 

(AES).  The microstructure of the powders was examined using a JEOL 5910LV SEM 

with energy dispersive spectroscopy (EDS).  The chemistry of the PPB oxide phase 

was evaluated using a JEOL JXA-8200 WD/ED Microanalyzer, and the HIP 

consolidated alloy microstructure was analyzed using a Hitachi S-2460N SEM with 

EDS. 

The nano-metric features present in the HIP consolidated samples were 

characterized using a Tecnai G2 F20 transmission electron microscope (TEM) under 

bright field imaging (BFI) conditions at 200 keV.  The TEM samples were ground flat 

using 400 and 600 SiC grit paper, and polished using 6.0μm and 1.0μm diamond 

polishing compound to a thickness of ~50μm.  The samples were then mechanically 

dimpled to a thickness of ~20μm, and dual jet polished using an electrolytic solution 

for stainless steels (i.e., 700ml methanol, 100ml 2-butoxyethanol, and 35ml perchloric 

acid) at -21°C. 

7.4.4 Synchrotron Phase Analysis 

High energy X-ray powder diffraction (HE-XRD) phase analysis was conducted on 

the as-atomized powders and HIP consolidated specimens at the Advanced Photon 

Source (APS), beamline 11-BM, located at Argonne National Laboratory-USDOE.  

The as-atomized powder samples contained particles sieved to 20-53µm in diameter.  

The HIP consolidated APS specimens were electro-discharge machined into 0.8mm 

dia. x 15.0mm miniature rods.  Diffraction data was collected using a continuous 

scan at room temperature covering 34 degrees with a scan speed of 0.01 degree/sec. 

and a wavelength of 0.4588690 Å.  A detailed description of the beamline 11-BM 

instrument can be found in the literature [207].   
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7.5 Experimental Results 

7.5.1 Chemical Reservoir Alloy Composition 

The Y and O concentrations are considered the most integral chemical components 

in the chemical reservoir (CR) alloys.  CR-112 contained 0.09 a/o Y and 1.10 a/o O.  Y 

concentration levels were approximately doubled in alloy CR-118, while 

maintaining a similar O concentration compared to CR-112 (see Table 4.2).  This 

similar O concentration was achieved by using the same reactive atomization gas 

mixture (i.e., Ar-0.5O2v/o).  The Y concentration in CR-126 was again lowered to 0.09 

a/o, while the O concentration was reduced to 0.56 a/o, by halving the O content in 

the reactive atomization gas (see Table 4.2).  

7.5.2 Alloy CR-112 Microstructure 

Auger electron spectroscopy (AES) depth profiling of as-atomized CR-112 powders 

revealed significant enrichment of O and Cr with a slight enrichment of Y found at 

the particle surfaces (Figure 7.1A).  The average thickness of the resulting Cr 

enriched oxide layer was determined to be 110±10nm (approximated from the 

etching rate of SiO2).  SEM with EDS was used to analyze the interface of the as-

CIPped CR-112 powders in polished cross-sections.  The results verified increased 

concentrations of Cr and O and decreased concentrations of Fe at particle/particle 

interfaces (Figure 7.1B), but no enrichment in Y was detected, due to its lower 

concentration.        
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Figure 7.1.  AES depth profile (A) and SEM cross-sectional analysis with EDS chemical linescan 
(B) for as-atomized CR-112 powders 

 

Electron probe microanalysis (EPMA) with quantitative wavelength dispersive 

spectroscopy (WDS) was used to evaluate the chemistry of the prior particle 

boundary (PPB) oxides found within the HIP consolidated CR-112 microstructure.  

These results showed that the low temperature (i.e., 850°C) HIP consolidated 

microstructure contains a non-stoichiometric Cr-enriched oxide phase along the 

PPBs.  The chemistry of this PPB oxide phase shifted towards stoichiometric 

chromium III oxide (i.e., Cr2O3) after high temperature (i.e., 1300°C) HIP 

consolidation.  The volume percent of the Cr-enriched PPB oxide phase was reduced 

from 6.0±0.1 v/o in the 850°C as-HIPped microstructure to 4.1±0.2 v/o in the 1300°C 

as-HIPped microstructure, reflecting progress in PPB oxide dissociation.  Volume 

percent measurements were completed using quantitative image analysis (see 

examples of cross-sectioned images in Figure 7.2A and C).  

Transmission electron microscopy (TEM) was used to evaluate the nano-metric 

phases found in the low and high temperature HIP consolidated samples.   TEM 

micrographs revealed the formation of nano-metric oxide dispersoids located 

throughout the microstructure in both low and high temperature HIP consolidated 
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samples (Figure 7.3A-D).  The size of the oxide dispersoids ranged from 3-30 nm in 

the high temperature consolidated sample with a number density of ~1021 m-3 

(assuming a TEM foil thickness of 100nm).  The oxide particles were not able to be 

identified by electron diffraction due to their small size, but later HE-XRD results 

were successful (see next section).   

 

Figure 7.2.  Microstructure comparison of 850°C as-HIPped CR-112 (outlined in green: SEM images 
A and B) and 1300°C as-HIPped CR-112 (outlined in blue: SEM images C and D)   
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Figure 7.3. Microstructure comparison of 850°C as-HIPped CR-112 (outlined in green: TEM BFI 
images A and B) and 1300°C as-HIPped CR-112 (outlined in blue: TEM BFI images C and D)   

 

7.5.3 Alloy CR-118 Microstructure 

AES depth profiling of the as-atomized CR-118 powders revealed an enrichment of 

O, Cr, and Ti (very slight) at the surface of the particles (Figure 7.4A).  This 

measurement revealed the average thickness of the oxide scale to be ~125±10nm 

(approximated from the etching rate of SiO2).  SEM with EDS analysis of as-CIPped 
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CR-118 powders (in polished cross-section) showed increased concentrations of Ti 

and O and decreased concentrations of Fe at particle/particle interfaces (Figure 

7.4B), without any detectable Cr increase. 

 

Figure 7.4. AES depth profile (A) and SEM cross-sectional analysis with EDS linescan (B) for as-
atomized CR-118 powders 

 

EPMA results showed the PPB oxide phase in the 850°C as-HIPped microstructure 

to be Ti and Cr enriched, although no specific stoichiometric phase was identified.  

The chemistry of the PPB oxides in the 1300°C as-HIPped microstructure was shown 

to contain varying amounts of Ti with O.  The volume percent of the PPB oxide 

phase was decreased, as expected, from 5.9±0.2 v/o in the 850°C as-HIPped 

microstructure to 2.5±0.2 v/o in the 1300°C as-HIPped microstructure (see Figure 

7.5A and Figure 7.5C).  

TEM analysis of the 850°C as-HIPped sample showed very few Y-containing oxide 

dispersoids (Figure 7.6A and B).   The dispersoids found in this sample were less 

than 10nm in diameter and displayed a globular morphology.  TEM analysis of the 

1300°C as-HIPped sample revealed a significant increase in the number of nano-

metric Y-enriched oxide dispersoids throughout the alloy microstructure (Figure 
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7.6C and D).  The size of the dispersoids ranged from 3-50 nm with a number 

density of ~1021 m-3 (assuming a TEM foil thickness of 100nm).  The morphology of 

dispersoids larger than 10nm was found to be cubodial, while smaller dispersoids 

maintained a globular morphology.  The majority of the dispersoids found in this 

sample contained a cubodial morphology and were later identified using HE-XRD 

(see next section).   

 

Figure 7.5. Microstructure comparison of 850°C as-HIPped CR-118 (outlined in green: SEM images 
A and B) and 1300°C as-HIPped CR-118 (outlined in blue: SEM images C and D)   
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Figure 7.6. Microstructure comparison of 850°C as-HIPped CR-118 (outlined in green: TEM BFI 
images A and B) and 1300°C as-HIPped CR-118 (outlined in blue: TEM BFI images C and D)   

 

7.5.4 Alloy CR-126 Microstructure  

Surface analysis of the as-atomized CR-126 powders also revealed high 

concentrations of O, Cr, and Ti (Figure 7.7A), similar to CR-118.  The average 

thickness of the resulting oxide layer was determined to be ~85±10nm based on AES 

depth profiling measurements (approximated from the etching rate of SiO2).  SEM 
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with EDS analysis of as-CIPped CR-126 powders verified increased concentrations 

of Ti and O and decreased concentrations of Fe at particle/particle interfaces (Figure 

7.7B), again without a detectable Cr increase (similar to CR-118). 

 

Figure 7.7.  AES depth profile (A) and SEM cross-sectional analysis with EDS linescans (B) for as-
atomized CR-126 powders   

 

EPMA results confirmed Ti enrichment of the PPB oxide phase during HIP 

consolidation of the powder particles.  Consistent with the dissociation mechanism, 

the volume percent of the PPB oxide phase also was reduced from 5.0±0.2 v/o in the 

850°C as-HIPped microstructure to 2.3±0.1 v/o in the 1300°C as-HIPped 

microstructure (see Figure 7.8A and Figure 7.8C).   

TEM analysis revealed the formation of Fe17Y2 intermetallic precipitates in the 850°C 

as-HIPped microstructure, which seemed to decorate prior as-solidified cell 

boundaries, and the formation of a very low number density of other precipitates, 

which could be nano-metric Y-enriched oxide dispersoids (Figure 7.9A and B) in the 

same area.  TEM analysis of the 1300°C as-HIPped microstructure showed a 

significant increase in the number of Y-enriched dispersoids throughout the alloy 

microstructure (Figure 7.9C and D).  The size of the dispersoids ranged from 5-60nm 

with a number density of ~1020 m-3 (assuming a TEM foil thickness of 100nm).  The 
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morphology of the dispersoids seemed analogous to those found in alloy CR-118, 

where most exhibited a cuboidal morphology, but required HE-XRD for 

identification (see next section).   

 

Figure 7.8. Microstructure comparison of 850°C as-HIPped CR-126 (outlined in green: SEM images 
A and B) and 1300°C as-HIPped CR-126 (outlined in blue: SEM images C and D)   
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Figure 7.9. Microstructure comparison of 850°C as-HIPped CR-126 (outlined in green: TEM BFI 
images A and B) and 1300°C as-HIPped CR-126 (outlined in blue: TEM BFI images C and D) 

 

7.5.5 Synchrotron Phase Analysis 

Phase analysis of the chemical reservoir alloys was completed using through-

penetrating high energy X-ray diffraction (HE-XRD).  The alloys were examined in 

the as-atomized (red), 850°C as-HIPped (green), and 1300°C as-HIPped (blue) 

condition (See Figure 7.10).  The resulting diffraction peaks were compared using 
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the reciprocal lattice vector Q (Å-1), which is commonly used to compare X-ray 

diffraction data independent of wavelength.  Rietveld refinement of the diffraction 

data was completed using a generalized structural analysis system (GSAS) [208, 

209].  The corresponding refinement figures of merit (i.e., goodness of fit (χ2), profile 

residual (Rp), and weighted profile residual (wRp)) used to calculated the α-Fe 

lattice parameter and resulting Y-enriched dispersoid volume percent are listed in 

Table 7.2. 

Table 7.2.  Rietveld refinement figures of merit (χ2, Rp, and wRp), α-Fe matrix lattice parameter 
measurements, and dispersoid vol. percent measurements for CR-112, CR-118, and CR-126 

Alloy  

(condition) 
Reduced χ2 Rp wRp 

α-Fe Lattice Parameter  

(Å) 

Y-enriched Dispersoid  

(v/o) 

CR-112 (powder) 4.983 0.1193 0.1548 2.87282 - 

CR-118 (powder) 3.993 0.1467 0.1790 2.87413 - 

CR-126 (powder) 4.488 0.1290 0.1681 2.87717 - 

CR-112 (850°C HIP) 3.336 0.1367 0.1586 2.87236 - 

CR-118 (850°C HIP) 3.792 0.1876 0.2106 2.87258 - 

CR-126 (850°C HIP) 3.679 0.1562 0.1686 2.87605 - 

CR-112 (1300°C HIP) 2.800 0.1507 0.1698 2.87221 0.13 

CR-118 (1300°C HIP) 4.143 0.1118 0.1497 2.87277 0.94 

CR-126 (1300°C HIP) 1.721 0.1192 0.1481 2.87624 0.58 

 

Refinement of the synchrotron diffraction data taken from as-atomized CR-112 

powder (see Figure 7.10A) showed that the particles contain a single phase α-Fe 

matrix.  The ultra thin surface oxide phase was not identified using HE-XRD.  Phase 

analysis of the low temperature as-consolidated (i.e., 850°C HIPped) microstructure 

recognized the minor presence of crystalline Cr2O3 and Fe17Y2 within the α-Fe 

matrix.  Examination of the high temperature consolidated (i.e., 1300°C HIPped) 

microstructure revealed the presence of Cr2O3, (Y,Cr)2O3, and Cr2N within the α-Fe 
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matrix.  The volume percent of (Y,Cr)2O3 and Cr2O3 in this sample was determined 

to be 0.13±0.013 v/o and 1.18±0.029 v/o, respectively, using GSAS refinement of the 

diffraction data.  It should also be noted that after high temperature consolidation, 

no diffraction peaks representing Fe17Y2 were witnessed.  Diffraction data 

comparing microstructural phase changes that occur during consolidation of 

precursor oxide dispersion forming CR-112 powders are summarized in Figure 

7.10A.   

 

Figure 7.10. HE-XRD phase analysis for as-atomized powders (red), 850°C HIP microstructure 
(green), and 1300°C HIP microstructure (blue): (A) CR-112, (B) CR-118, and (C) CR-126 
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Synchrotron diffraction data for the as-atomized CR-118 (see Figure 7.10B) powders 

revealed a small volume fraction of intermetallic Fe17Y2 present in α-Fe matrix.  It 

should also be noted that no identifiable oxide phases could be resolved in the as-

atomized diffraction data.  The product phases of the alloy seemed mostly 

unchanged during low temperature consolidation.  During this consolidation step, 

the volume fraction of Fe17Y2 was increased and several unidentified minor peaks 

began to emerge above background.  The formation of yttrium titanate (i.e., Y2Ti2O7) 

and full dissolution of Fe17Y2 resulted from high temperature consolidation of the 

alloy powders.  The volume percent of Y2Ti2O7 was determined to be 0.94±0.019 v/o, 

using GSAS refinement (see Table 7.2).  Diffraction data highlighting these 

microstructural phase changes are gathered in Figure 7.10B.   

The as-atomized CR-126 powders (see Figure 7.10C) also were found to contain a 

small volume fraction of intermetallic Fe17Y2 within the rapidly solidified α-Fe 

microstructure.  The alloy microstructure seemingly was unchanged after low 

temperature consolidation, analogous to the CR-118 microstructure. High 

temperature consolidation of this alloy also resulted in the formation of Y2Ti2O7 

dispersoids and titanium nitride (TiN), in conjunction with full dissociation of 

Fe17Y2.  The volume fraction of Y2Ti2O7 was determined to be 0.58±0.022 v/o, using 

GSAS refinement (see Table 7.2).  Diffraction data comparing phase changes in the 

CR-126 microstructure are compiled in Figure 7.10C. 

7.6 Discussion 

The chemical reservoir (CR) alloys contained ~15.5 a/o Cr, in order to stabilize the α-

Fe matrix over the consolidation temperature range.  These alloys also contained 

small alloying additions of Y, which was used as a dispersoid forming agent during 

high temperature consolidation of the powder particles.  Y is thought to be basically 

insoluble in α-Fe [210], but small concentrations were solute trapped in the α-Fe 

matrix using rapid solidification processing (i.e., close-coupled Ar gas atomization).  
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Small Ti alloying additions (i.e., ~0.5 a/o) were added to CR-118 and CR-126 in an 

effort to promote the nano-metric oxide dispersoid phase.  The addition of Ti led to 

the formation of Y2Ti2O7 dispersoids, as opposed to the (Y,Cr)2O3 dispersoids found 

in CR-112.  These results are in good agreement with previous studies of similar 

mechanically alloyed ODS steels [137, 211].  W was added to CR-126 as a solid 

solution strengthening element [115].  The addition of W seemed to limit the amount 

of Y that could be solute trapped during rapid solidification, but did not seem to 

influence the chemistry of the resulting nano-metric oxide dispersoid phase upon 

hot consolidation.   

7.6.1 As-atomized Surface Oxide 

The surface of the powder particles were oxidized in situ using reactive gas 

atomization.  This oxidizing reaction occurs during the primary break-up of molten 

metal ligaments into atomized microspheres.  Oxidizing the particles in the 

superheated, fully molten state enhances the kinetics of the surface reaction and 

allows for oxide layer formation prior to complete powder solidification, which 

results in compressive forces being applied to the surface oxide layer.  These 

compressive forces are believed to help prevent oxide spallation during powder 

handling prior to consolidation.   

This high temperature rapid reaction resulted in powder particles with an ultra thin 

surface oxide layer.  This surface layer appeared to form as an amorphous oxide 

phase.  AES surface analysis of the powder particles showed an apparent oxide 

layer, but no crystal structure reflections could be detected using HE-XRD (i.e., 

resolution of 2x10-4 Q).  This result provides evidence that the surface oxide phase 

likely solidifies in an amorphous state, promoted by rapid solidification of the ultra 

thin (i.e., t <150nm) oxide layer.   

The chemical composition of the surface oxide layer is also thought to be controlled 

by the rapid kinetics of the oxidizing reaction.  This rapid reaction seems to promote 
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the formation of the most kinetically favored oxide phase, rather than the most 

thermodynamically stable phase.  This concept highlights the importance of limiting 

the concentration of Y in the atomization melt, which in return reduces the available 

surface activity of Y relative to other reactive alloying additions (e.g., Cr or Ti) in the 

molten atomized droplets.  This appeared to help prevent the powder particles from 

forming a Y-containing surface oxide layer during atomization and permitted 

formation of an ODS microstructure upon high temperature consolidation by a 

delayed O exchange reaction.  

Surface analysis of CR-112 powders of the simple Fe-Cr-Y alloy showed an enriched 

layer of O and Cr, with a slight enrichment of Y.  The chemistry of the surface layer 

is indicative of a Cr-enriched oxide, but as previously mentioned no structural 

information was confirmed using HE-XRD analysis.  The surface layer is thought to 

be a mixed amorphous oxide phase containing mostly Cr and O, with small 

concentrations of Y.  CR-118 powders were atomized using the same reactive 

atomization gas as CR-112, but surface analysis showed an enriched layer of mostly 

O and Cr, with small concentrations of Ti.  Apparently, the extreme reactivity of Ti 

prevented the consumption of any Y during the reactive atomization process.  

Analysis of CR-126 powders revealed a surface chemistry similar to that of CR-118, 

with an enriched layer of O, Cr, and Ti.  Both CR-118 and CR-126 likely contain an 

amorphous Cr-enriched surface oxide layer doped with small amounts of Ti.  

The difference in average oxide layer thickness on CR-112 and CR-118 powders is 

within statistical error of the AES measurement, but the surface oxide layer found on 

CR-126 powders is ~35nm thinner than the oxide layers found on similar CR-112 

and CR-118 powders.  The thickness of the surface oxide layer is thought to be 

directly influenced by the concentration of O in the reactive atomization gas.  

Reducing the concentration of O in the reactive gas certainly reduces the activity of 

O within the gas striking the surface of the metal droplets during atomization, 
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promoting slower oxidation kinetics and the formation of a thinner surface oxide 

layer, given similar alloy droplets.   

7.6.2 CR-Alloy Microstructure Evolution 

The microstructure of the CR alloys was manipulated during elevated temperature 

consolidation of the powder particles.  The volume percent of PPB oxide phase was 

reduced in all CR-alloys during high temperature consolidation of the powders.  

This result showed that the less thermodynamically stable PPB oxide could be 

dissociated, which in return releases O for the formation of nano-metric Y-enriched 

oxide dispersoids throughout the microstructure.  This delayed O exchange reaction 

is believed to be driven by the relative thermodynamic stability of oxides.  It is 

theorized that the PPB oxide phase begins to dissociate during elevated temperature 

consolidation, in an effort to reach equilibrium conditions with the α-Fe matrix.  

During this process, the initial PPB oxide (e.g., Cr-enriched oxide) begins to 

dissociate and releases O into solid solution within the α-Fe matrix.  O diffuses away 

from the PPBs driven by a concentration gradient or chemical potential within the 

consolidated microstructure.  The solid solubility limit of O in α-Fe is inherently low 

(i.e., ~0.104 a/o [212]), and the dissociation of the PPBs should theoretically 

discontinue once the solubility limit is reached and an equilibrium concentration of 

O is achieved, but consumption of O by Y allows the reaction to continue until all Y 

has been depleted.  This illustrates the importance of achieving a critical balance 

between initial O and Y concentrations in the CR-alloy powders.   

The ideal balance of O to Y should be defined by the stoichiometric ratio of O/Y 

linked with an explicit dispersoid product phase.  Optimization of this ratio is 

thought to allow for complete dissociation of the PPB oxide phase, coupled with 

total conversion of Y into nano-metric oxides.  This optimized reaction would 

eliminate non-ideal phases from the alloy microstructure (e.g., PPB oxides and 

Fe17Y2 precipitates), which can act as void nucleation sites during mechanical 
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evaluation of these alloys [205].  This internal O exchange reaction is possible since Y 

containing oxides are extremely thermodynamically stable, in comparison to Cr or 

Ti oxides [213].  Figure 7.11 illustrates the free energy of formation comparison for 

Cr, Ti, and Y oxides over the relevant consolidation temperature range.   

 

Figure 7.11.  Comparison of the thermodynamic stability for potential oxides that could form 
within these CR-alloy microstructures during  powder consolidation [213] 

 

7.7 Future Plans and Technology Outlook 

Modifications to the reactive gas atomization process will be tested on a series of 

future CR-alloys.  These tests will be used to formulate processing parameters that 

can establish an optimum ratio of O to Y for a select powder particle size range.  

Careful selection of an ideal particle size range should preface modifications to the 

processing parameters, knowing that O content is directly linked to the specific 

surface area of the powders (see Figure 7.12).  
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Figure 7.12. Resulting oxygen content relative to as-atomized powder particle size for different 
reactive gas concentrations 

 

Microsegregation of Y and Ti to as-solidified cell boundaries can occur during rapid 

solidification of the CR-alloy powders (see Figure 7.13).  Refinement of this 

microsegregation could be used to increase the spatial and number density of nano-

metric oxide dispersoids that form at these former cell boundaries during the 

elevated temperature O exchange reaction.  An increased density of oxide 

dispersoids should successfully impede dislocations movement along these 

boundaries, allowing for the development of a very fine (<1µm) and highly stable 

dislocation substructure.  Nano-metric oxide dispersoids are known to stabilize 

dislocation substructures, hindering thermally induced recrystallization during 

elevated temperature mechanical testing, promoting maximum strength gains in 

ODS alloys [78, 79, 214].   
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Figure 7.13.  EPMA elemental composition map of as-atomized CR-118 powders showing: (A) as-
solidified microstructure, (B) titanium microsegregation, and (C) yttrium microsegregation 

 

A carefully selected powder particle size range will be used during consolidation of 

future CR-alloys.  This critical size range will be defined by the O and Y contents 

and the as-solidified cell size in the powders.  The goal of this selection process will 

be to consolidate powders with an optimum O to Y ratio, in conjunction with a 

sufficiently fine cell size (<1 µm).  These powders will be consolidated and heat 

treated at elevated temperatures (T > 850°C), in order to promote the O exchange 

reaction and Y-enriched nano-metric oxide dispersoid formation.  The ODS 

microstructure will then be subjected to thermal mechanical treatments, in an effort 

to develop a fine scale (<1 µm) dislocation substructure for ultimate strengthening of 

the ODS microstructure.  Elevated temperature mechanical testing will be used to 

compare these new CR-alloys with more conventional ODS ferritic alloys fabricated 

using the conventional mechanical alloying process (e.g., MA956, MA957, and 

PM2000).   

This new reactive gas atomization process offers the potential for a considerable 

increase in processing capacity for the production of precursor oxide dispersion 

forming particulate compared to traditional mechanical alloying methods (see 

Figure 7.14).  This more efficient processing technique could significantly reduce the 
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high cost of manufacturing ODS ferritic stainless steel alloys, thus making them a 

more viable and economical choice as structural materials in future generation 

power reactors (e.g., advanced ultra supercritical steam and Generation IV fission). 

 

Figure 7.14.  Comparison of approximate mechanical alloying and gas atomization processing rates 
[101, 104] 

 

7.8 Summary 

A new simplified processing technique involving gas atomization and in situ 

oxidation has been developed to produce precursor ferritic stainless steel powders 

that can be consolidated into an ODS isotropic microstructure.  Microstructural 

results showed a clear ability to manipulate oxide and intermetallic phases within 

the alloy using high temperature consolidation.  HE-XRD phase analysis coupled 

with TEM microstructure analysis confirmed the operation of an O exchange 

reaction between a less stable prior particle boundary oxide (i.e., Cr-enriched oxide) 

and Y. This O exchange reaction results in the formation of nano-metric Y-

containing oxide dispersoids throughout the ferritic microstructure. The atomization 
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processing parameters will need to be further optimized, in order to generate an 

ideal O/Y ratio in improved CR-alloy powders.  This ideal ratio should permit full 

dissociation of both the PPB oxides and any previously formed Fe17Y2 precipitates, 

resulting in a stronger and more uniform alloy microstructure.   
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Chapter 8. Gas Atomized Chemical Reservoir ODS Ferritic Stainless 

Steels 

 

Modified from a paper published in: Advances in Powder Metallurgy and 

Particulate Materials, 2010, Vol. 2, pp. 112-131 

 

J. R. Rieken1,2,3, I.E. Anderson4, and M.J. Kramer4 

 

8.1 Abstract 

Gas atomization reaction synthesis was used to surface oxidize ferritic stainless steel 

powders (i.e., Fe-16.0Cr-(0.1-0.2)Y-(0.1-0.5)(Ti or Hf) at.%) during the primary break-

up and solidification of the molten alloy.  This rapid surface reaction resulted in 

envelopment of the powders by an ultra thin (i.e., t < 100nm) metastable Cr-enriched 

oxide layer.  This metastable oxide phase was subsequently dissociated, and used as 

an oxygen reservoir for the formation of more thermodynamically favored Y-(Ti,Hf) 

nano-metric oxide precipitates during elevated temperature heat treatment of the as-

consolidated powders.  This oxygen exchange reaction promoted the formation of 

nano-metric oxide dispersoids throughout the alloy microstructure. The atomization 

processing parameters were adjusted to tailor the oxygen content in the as-atomized 

powders.  Microstructure phase analysis was completed using transmission electron 

microscopy and X-ray powder diffraction.   
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8.2 Introduction 

Oxide dispersion strengthened (ODS) ferritic stainless steel alloys are being 

considered for structural components within future generation power reactors [9, 16, 

38, 65].  These alloys have demonstrated superior elevated temperature strength and 

creep resistance [1, 2, 202].  The improved mechanical properties are a direct result 

of the stabilization of a fine scale (<500 nm) dislocation substructure, which can be 

developed through a series of thermal mechanical treatments, and inherently 

stabilized by impeding dislocation recovery through the use of finely spaced nano-

metric oxide precipitates [4, 5, 78, 79, 214].  Thus, the functionality of an ODS alloy 

relies on developing a microstructure which contains a consistent distribution of 

finely spaced and highly stable nano-metric oxide particles.   

Traditionally, mechanical alloying (MA) processing has been used to generate 

precursor oxide dispersion forming particulate, but this process has been found to 

be time intensive and rather inefficient, resulting in an expensive final product (e.g., 

$340/kg for PM2000) [11, 99, 101, 203, 204].  Alternatively, gas atomization reaction 

synthesis (GARS) utilizes in situ oxidation of molten chemical reservoir (CR) alloy 

droplets (e.g., Fe-Cr-(Ti or Hf)-Y) [14].  During this process a metastable Cr-enriched 

oxide layer forms and envelops the rapidly solidified powder particles (See Figure 

8.1A).  This metastable surface oxide phase is used as an O supply reservoir, which 

can be continuously dissolved using elevated temperature consolidation and heat 

treatment, through an O exchange reaction with specifically distributed and 

essentially immobile Y atoms (See Figure 8.1B-D).  This novel process eliminates the 

need for MA and should be able to dramatically lower the fabrication cost of ODS 

ferritic stainless steels.  This paper aims to demonstrate the microstructure evolution 

of these chemical reservoir alloys and will highlight the progress being made in 

GARS process development and alloy design.      

 



198 
 

 

Figure 8.1.  A) Gas atomization reaction synthesis processing and oxygen exchange reaction: B) initial 

configuration of low temperature consolidated powders, C) partially dissociated prior particle boundary 

oxide, and D) dispersoid formation   

 

8.3 Procedure 

8.3.1 Gas Atomization Reaction Synthesis (GARS) 

The reactive gas contained a volumetric mixture of argon (Ar) with small 

concentrations of oxygen (O2) [206].  The composition of the reaction gas, injection 

point, atomization gas, and atomization pressure for each GARS trial is shown in 

Table 8.1.  Additionally, the resulting chemical composition for each CR-alloy is 

displayed in Table 8.2. 

The atomization charge was inductively super-heated to 1700°C within a yttria 

(Y2O3) washed alumina (Al2O3) crucible.  Once reaching the pouring temperature, 

the melt was tapped and pouring commenced through a yittria-stabilized (8 wt.%) 

zirconia pour tube.  Upon exiting the pour tube, the melt was immediately impinged 

upon by the atomization gas (Table 8.1).  The atomization gas pressure was 6.9 or 5.5 

MPa within the atomization nozzle manifold.  The reactive gas was injected through 

the primary high pressure gas atomization (HPGA) nozzle during GARS of CR-
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118Ti-Y and CR-156Y-Hf (Figure 8.2B), while the reactive gas was injected down-

stream (~5 cm) using an über halo during GARS of CR-144Hf-Y (Figure 8.2C).    

Table 8.1.  Reaction gas composition and inlet position 

Alloy Reaction Gas (vol.%) Reaction Gas Inlet Atomization Gas 

CR-118Ti-Y Ar-0.5O2 Atomization Nozzle Reaction Gas 

CR-144Hf-Y Ar-0.25O2 Über Halo He 

CR-156Y-Hf Ar-0.12O2 Atomization Nozzle Reaction Gas 

 

The bulk oxygen content found in the as-atomized powder particles was measured 

using an inert gas fusion (LECO) analyzer, and the chemical composition of each 

alloy was verified using inductively coupled plasma/atomic emission spectroscopy 

(ICP/AES).     

Table 8.2.  Resulting as-atomized CR-alloy powder chemical composition 

Alloy Fe (at.%) Cr (at.%) W (at.%) Ti (at.%) Hf (at.%) Y (at.%) O (at.%) 

CR-118Ti-Y Bal. 15.84 - 0.50 - 0.20 1.67 

CR-144Hf-Y Bal. 16.16 0.94 - 0.27 0.08 0.23 

CR-156Y-Hf Bal. 15.84 - - 0.11 0.18 0.38 

 

 

Figure 8.2.  Reactive gas injection position: A) schematic of the high pressure gas atomizer (HPGA), B) 

close-coupled HPGA nozzle, and C) near-field über halo 
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8.3.2 Consolidation 

Cold isostatic pressing (CIP) was used to consolidate as-atomized powder samples 

for metallographic preparation prior to hot consolidation.  As-atomized particles 

(dia. 20-53µm or dia. < 20μm) were blended with 70 vol.% copper powders (dia. < 

20µm) and sealed in latex CIP bags.  The blended powders were subsequently CIPed 

at 400MPa for ~60sec.  Following the CIP process, each consolidated powder sample 

was impregnated with epoxy and cross-sectioned for microstructural analysis.      

Additionally, hot isostatic pressing (HIP) was used to fully consolidate the as-

atomized powders.  Prior to consolidation, each powder sample was inserted into a 

316L stainless steel HIP can (Figure 8.3A), which measured 25 mm in diameter x 127 

mm in length.  Each HIP can was slowly evacuated using a diffusion pumped 

vacuum system to a pressure of ~7x10-7mbar and welded shut.  The sealed cans 

were HIPed at 700°C at a pressure of 303MPa for 4.0hr at the selected temperature 

and peak pressure.  An example of the resulting HIP bar is shown in Figure 8.3B.  

 

Figure 8.3.  A) 316L stainless steel HIP can and B) as-consolidated (700°C) HIP bar (CR-156Y-Hf) 

 

8.3.3 Heat Treatment 

As-consolidated HIP bars were sectioned into 10 mm thick specimens and heat 

treated under vacuum (1x10-7 mbar) according to Table 8.3.  Heat treatment times 

were calculated using a diffusionless internal oxidation model [182, 185].  A more 

detailed description of this model can be found in the literature [183, 184].  It should 

be noted that CR-144Hf-Y was only heat treated at 1000°C and 1300°C.   



201 
 

Table 8.3.  CR-alloy heat treatment schedule 

Temperature (°C) Time (hr) 

1000 25 

1100 5.0 

1200 2.5 

1300 1.0 

  

8.3.4 Electron Microscopy 

Surface analysis of the as-atomized powder particles was conducted using a JEOL 

JAMP 7830F scanning electron microscope (SEM) with auger electron spectroscopy 

(AES).  The microstructure of the powders was examined using a JEOL 5910LV SEM 

with energy dispersive spectroscopy (EDS), while the as-consolidated and post heat 

treated alloy microstructure was analyzed using a Hitachi S-2460N SEM with EDS.  

Area fraction measurements of microstructural features were completed using 

image analysis (Image-Pro Plus™ version 3.0).   

The nano-metric features present in the CR-alloys were characterized using a Tecnai 

G2 F20 transmission electron microscope (TEM) using bright field imaging (BFI) and 

energy-filtered TEM (EFTEM) chemical mapping at 200 keV [215].  The TEM 

samples were ground flat using 400 and 600 SiC grit paper, and polished using 

6.0μm and 1.0μm diamond polishing compound to a thickness of ~50μm.  The 

samples were then mechanically dimpled to a thickness of ~20μm, and dual jet 

polished using an electrolytic solution for stainless steels (i.e., 700 ml methanol, 120 

ml distilled water, 100 ml glycerol, and 80 ml perchloric acid) at -21°C. 

8.3.5 X-ray Diffraction 

Crystal structure analysis of the CR-alloys was completed using a Phillips 

PANalytical X-Pert Pro Diffraction System with Co-Kα radiation (i.e., λ=1.78901Å).  

A scanning real time multiple strip (RTMS) X-ray detector was used with an active 
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length of ~0.05 Q (Å-1).   Diffraction data was collected from 1.5-6.0 Q (Å-1) with a 

step size of 5x10-4 Q and a dwell time of 500 s.  The reciprocal lattice vector (Q) 

describes the momentum difference between incoming and diffracted X-rays 

(Equation 91), and is commonly used to compare X-ray diffraction data (i.e., Bragg 

angle (θ) of resulting peaks) independent of wavelength (λ) [216]. 

  
      

 
  

 Equation 91 

 

8.4 Experimental Results 

8.4.1 Reactive Gas Atomization Processing 

The O content associated with a particular particle size range and reactive gas 

concentration is highlighted in Figure 8.4.  It can be seen that smaller particles 

contain a greater percentage of O in comparison to larger particles, owing this to an 

increased surface area to volume ratio.  This analysis also shows a progressive linear 

trend in resulting O content and reactive gas composition when utilizing the HPGA 

nozzle as the injection point.  The resulting O content for the newest CR-alloy (i.e., 

CR-156Y-Hf) was predicted (See Figure 8.4-dashed orange horizontal line) using this 

progressive linear trend, which was adapted from previously measured as-atomized 

O content for CR-118Ti-Y and CR-126Ti-Y[179].  Furthermore, resulting O content 

was found to be reduced by injecting the reactive gas downstream using the near-

field über halo.  This reduction in resulting O content can be seen in Figure 8.4 

through direct comparison of alloys CR-126Ti-Y (black circle) and CR-144Hf-Y (red 

circle), where the reactive gas composition (i.e., Ar-0.25O2 vol.%) was identical.            
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Figure 8.4.  Resulting oxygen content measured from as-atomized powder particles relative to reaction 

gas content and injection point 

 

8.4.2 As-Atomized Microstructure Analysis 

Chemical analysis of the as-atomized surface oxide layer was completed using AES 

depth profiling.  The resulting AES depth profiles for all CR-alloys can be seen in 

Figure 8.5-A1, B1, and C1.  All CR-alloys contained a surface oxide layer primarily 

enriched in Cr, Fe, and O with small concentrations of secondary alloy specific 

additions (e.g., Ti, Hf, W, and Y).  The resulting surface oxide thickness was 

measured to be 80±8nm, 7±2nm, and 33±3nm for CR-118Ti-Y, CR-144Hf-Y, and CR-

156Y-Hf, respectively.       

Examples of the as-atomized particle morphology for these CR-alloys are shown in 

Figure 8.5-A2, B2, and C2.  The as-atomized particles were found to be quite 

spherical with very few satellites [104].  The scarce number of satellites is most likely 
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an effect of forming a thin surface oxide layer, which solidifies first and acts as a 

fusion barrier during the chaotic atomization process.   

 

Figure 8.5.  Auger depth profiles and as-atomized SEM surface images: A1-A2) CR-118Ti-Y, B1-B2) CR-

144Hf-Y, and C1-C2) CR-156Y-Hf 

 

Cross-sectional analysis of the as-atomized CR-alloy particles is shown in Figure 8.6.  

CR-118Ti-Y contained an α-Fe matrix with a small volume fraction of Fe11TiY 

precipitates according to XRD results (not shown), and although these precipitates 

were not resolved during SEM analysis (Figure 8.6A1-2), some microsegregation of 

Y and Ti was revealed during electron probe micro-analysis [179].  Microsegregation 

of Hf and Y was readily visible during SEM analysis of as-atomized CR-144Hf-Y 

(Figure 8.6B1) and CR-156Y-Hf (Figure 8.6C1), furthermore, small volume fractions 

of Fe2Hf and Fe17Y2 precipitates also were identified using XRD analysis of the 

powders (not shown).  Further analysis discovered that fine (dia. < 5μm) CR-156Y-

Hf particles resisted microsegregation (See Figure 8.6C2), owing this to an increased 

solidification rate, although equally fine CR-144Hf-Y (See Figure 8.6B2) particles 

were found to still contain microsegregation of the reactive elements.              
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Figure 8.6.  As-atomized SEM cross-sectional analysis of CR-alloy powders blended and CIPped 

(400MPa) in 75 vol.% Cu powder: A1-A2) CR-118Ti-Y, B1-B2) CR-144Hf-Y, and C1-C2) CR-156Y-Hf 

 

8.4.3 As-Consolidated Microstructure Analysis 

SEM analysis of the as-HIPped (i.e., 700°C-300MPa-4hr) CR-alloy microstructure is 

shown in Figure 8.7.  This consolidation procedure resulted in a fully dense 

microstructure for CR-118Ti-Y and CR-156Y-Hf, and a highly dense (i.e., porosity < 

2.0%) microstructure for CR-144Hf-Y.  The presence of residual porosity in CR-

144Hf-Y was probably due to increased hardness caused by the addition of W (See 

Table 8.2).  After consolidation, a continuous oxide layer was found along the prior 

particle boundaries (PPBs) in alloy CR-118Ti-Y (Figure 8.7A1-2) and CR-156Y-Hf 

(Figure 8.7C1-2), while no apparent oxide layer was resolved in alloy CR-144Hf-Y 

(Figure 8.7B1-2).  The volume percent of PPB oxide was determined to be 4.2±0.1 

vol.% and 0.6±0.2 vol.% in CR-118Ti-Y and CR-156Y-Hf, respectively.  Additionally, 

the PPB oxide in CR-118Y-Ti seemed to become enriched in Ti, and was later 

identified as Ti3O5 using XRD analysis (not shown).   A significant amount of solute 
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segregation also was evident in CR-144Hf-Y (Figure 8.7B2) and CR-156Y-Hf (Figure 

8.7C2), where Hf and Y seemed to persist along previous as-solidified cell 

boundaries.   

 

Figure 8.7.  As-consolidated SEM cross-sectional analysis of HIPped (700°C-300Mpa-4hr) CR-alloy 

powders: A1-A2) CR-118Ti-Y, B1-B2) CR-144Hf-Y, and C1-C2) CR-156Y-Hf 

 

TEM analysis of the as-consolidated CR-alloy microstructure is shown in Figure 8.8.  

A low number density of nano-metric Y-enriched intermetallic compound (IMC) 

precipitates was found to be rather evenly distributed throughout the as-

consolidated CR-118Ti-Y (Figure 8.8A1-2) microstructure.  Additionally, increased 

number densities of nano-metric Y-enriched IMC precipitates were found in close 

proximity to as-consolidated grain boundaries in CR-144Hf-Y (Figure 8.8B1-2) and 

CR-156Y-Hf (Figure 8.8C1-2).  These IMC precipitates were found to range between 

10-40 nm in CR-118Ti-Y, and between 2-50 nm in CR-144Hf-Y and CR-156Y-Hf.  It 

also should be noted that larger elongated Y-enriched IMC precipitates were 

identified to have formed along grain boundaries in CR-156Y-Hf (see Figure 8.8C1-

2).      
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Figure 8.8.  As-consolidated TEM-BFI analysis of HIPped (700°C-300Mpa-4hr) CR-alloys: A1-A2) CR-

118Ti-Y, B1-B2) CR-144Hf-Y, and C1-C2) CR-156Y-Hf 

 

8.4.4 As-Reacted Microstructure Analysis 

As-consolidated specimens were heat treated (See Table 8.3) at elevated 

temperatures to promote an oxygen exchange reaction between the less stable PPB 

oxide and oxide dispersion forming elements (i.e., Y, Ti, and Hf).  SEM analysis of 

the as-reacted (i.e., H.T. 1300°C-1hr) CR-alloy microstructure is shown in Figure 8.9.  

The PPB oxide in CR-118Ti-Y (Figure 8.9A1-2) was reduced to 1.7±0.3 vol.% (~Δ2.5 

vol.%), while the PPB oxide in CR-156Y-Hf (Figure 8.9C1-2) was completely 

dissolved (~Δ0.6 vol.%).  Full dissolution of the less stable PPB oxide (comparing 

Figure 8.7C1 and Figure 8.9C1) provides clear evidence of an O exchange reaction.  

Additionally, the PPB oxide in CR-118Ti-Y progressed into a more stable Ti-enriched 

oxide phase (i.e., Ti3O5 → Ti2O3), identified using X-ray diffraction (not shown).  
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This phase evolution indicates a reduction in O content within the PPB oxide, 

providing further evidence of an apparent O exchange reaction.  Residual Fe2Hf 

intermetallic precipitates also were found in both CR-144Hf-Ti (Figure 8.9B1-2) and 

CR-156Y-Hf (Figure 8.9C1-2).   The volume percent of this intermetallic phase was 

measured to be 1.2±0.1 vol.% and 0.8±0.05 vol.% in CR-144Hf-Y and CR-156Y-Hf, 

respectively.     

 

Figure 8.9.  As-reacted SEM analysis of heat treated (1300°C-1hr) CR-alloys: A1-A2) CR-118Ti-Y, B1-

B2) CR-144Hf-Y, and C1-C2) CR-156Y-Hf 

 

TEM analysis of the as-reacted specimens confirmed the formation of nano-metric 

oxide dispersoids throughout the CR-alloy microstructure (See Figure 8.10).  The 

distribution and morphology of the nano-metric oxide dispersoids were found to be 

significantly different between CR-118Ti-Y and CR-144Hf-Y or CR-156Y-Hf.  The 

nano-metric oxides found in CR-118Ti-Y were more evenly distributed throughout 

the alloy microstructure (Figure 8.10A1-2), in comparison to the dispersoids found 

in CR-144Hf-Y and CR-156Y-Hf, which seemed to form primarily around previous 

as-solidified cell boundaries (Figure 8.10B1-2 and Figure 8.10C1-2).  The dispersoids 
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found in CR-118Ti-Y also contained a cubodial morphology, in contrast to the more 

spherical morphology associated with dispersoids found in CR-144Hf-Y and CR-

156Y-Hf.  The size of the dispersoids ranged between 5-100nm in each CR-alloy, 

although the majority of the dispersoids seemed to be less than 50nm.  Several larger 

Ti-enriched oxides also were found in the CR-118Ti-Y microstructure (Figure 

8.10A1).   

 

Figure 8.10.  As-reacted TEM-BFI analysis of heat treated (1300°C-1hr) CR-alloys: A1-A2) CR-118Ti-Y, 

B1-B2) CR-144Hf-Y, and C1-C2) CR-156Y-Hf 

 

Elementally sensitive EFTEM mapping was used to highlight compositional changes 

between the matrix and nano-metric oxide dispersoids within as-reacted (H.T. 

1200°C-2.5hr) CR-alloy microstructures (Figure 8.11-Figure 8.13).  These maps 

qualitatively indicate element enrichment using bright contrast and element 

deficiency using dark contrast.  This analysis showed that the dispersoids in CR-
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118Ti-Y were enriched in O, Ti, and Y (Figure 8.11).  It also should be noted that 

several of the oxide particles in CR-118Ti-Y seemed to contain an enriched core of O, 

Ti, and Y, while the exterior envelope of the particle seemed to contain more Fe and 

Cr.  Additionally, EFTEM analysis confirmed that dispersoids formed in as-reacted 

CR-144Hf-Y (Figure 8.12) and CR-156Y-Hf (Figure 8.13) contained varying amounts 

of O, Hf, and Y.  These results provide evidence that the dispersoids form as mixed 

oxide precipitates, which contain varying amounts of Y-(Ti or Hf)-O.  The addition 

of Ti or Hf is intended to further stabilize the dispersoid phase by creating 

complexity in oxide stoichiometry, which could require coupled multicomponent 

diffusion during coarsening.  Similar alloying techniques have been used to develop 

coarsening resistant multicomponent carbides (M2C) in Fe [217].   

 

Figure 8.11.  As-reacted (H.T. 1200°C-2.5hr) CR-118Ti-Y EFTEM chemical mapping of nano-metric 

oxide dispersoids 
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Figure 8.12.  As-reacted (H.T. 1200°C-2.5hr) CR-144Hf-Y EFTEM chemical mapping of nano-metric 

oxide dispersoids 

 

 

Figure 8.13.  As-reacted (H.T. 1200°C-2.5hr) CR-156Y-Hf EFTEM chemical mapping of nano-metric 

oxide dispersoids 
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8.4.5 X-ray Diffraction Analysis 

X-ray diffraction was used to identify the crystal structure of the nano-metric oxide 

dispersoids in each as-reacted CR-alloy.  The relative Q-space (Å-1) of interest is 

highlighted in Figure 8.14.  Dispersoid phase formation was detected in all post heat 

treated CR-alloy samples, but not in the as-atomized or as-consolidated samples.  

Diffraction peaks representing Y2Ti2O7 (Figure 8.14-dashed blue vertical line) were 

observed in heat treated CR-118Ti-Y specimens (Figure 8.14-blue diffraction 

pattern).  Alternatively, dispersoids that formed in CR-144Hf-Y (Figure 8.14-red 

diffraction pattern) were found to contain a crystal structure most closely related to 

HfO2 (Figure 8.14-dashed light-red vertical line) or Y2Hf2O7 (Figure 8.14-dashed 

dark-red vertical line), while dispersoids in CR-156Y-Hf (Figure 8.14-green 

diffraction pattern) were found to contain a Y2O3 (Figure 8.14-dashed green vertical 

line) crystal structure.   

Apparent dispersoid size was estimated using the Scherrer formula (Equation 92) 

[216].  This formula predicts crystallite size as a function of peak broadening: 

  
  

      
 

 Equation 92 

 

Where, t is equal to dispersoid thickness, k is a shape constant, λ is incident X-ray 

wavelength, β is the measured peak broadening at full width half max, and θ is the 

Bragg angle.  A shape constant of 0.8551 was used for the cubodial dispersoids in 

CR-118Ti-Y and a shape constant of 0.8290 was used for the spherical dispersoids in 

CR-144Hf-Y and CR-156Y-Hf [218].  The calculated dispersoid crystallite size for 

each CR-alloy as a function of heat treatment temperature is shown in Figure 8.15.      
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Figure 8.14.  X-ray diffraction phase analysis of as-atomized, as-consolidated, and as-reacted CR-118Ti-Y 

(blue), CR-144Hf-Y (red), and CR-156Y-Hf (green) 

 

Figure 8.15.  Crystallite size analysis of resulting nano-metric oxide dispersoids formed during heat 

treatment of CR-118Ti-Y (blue), CR-144Hf-Y (red), and CR-156Y-Hf (green)   
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8.5 Discussion 

8.5.1 Gas Atomization Reaction Synthesis 

Precisely controlling the addition of O during rapid solidification is germane to this 

novel processing technique.  Over saturating the CR-alloys with O will prevent 

complete dissolution of the PPB oxide layer, while insufficient amounts of O may 

result in residual intermetallic precipitates (e.g., Fe17Y2) persisting throughout the as-

reacted microstructure.  The critical concentration of O will depend on the 

stoichiometry of the resulting dispersoid phase.  For example, if the resulting 

dispersoid phase is Y2Ti2O7, then the concentration of O would need to be 3.5 times 

the concentration of Y.  Additionally, relative O content is influenced by specific 

surface area of the powders, which results in an O concentration gradient as a 

function of particle size (See Figure 8.4).  This effect requires careful classification of 

resulting CR-alloy powder, in order to select powders with an ideal O/Y 

concentration ratio for consolidation.     

Interestingly, O content in the reaction gas was found to have a progressive linear 

effect on resulting O content in as-atomized powders.  This result made it possible to 

precisely predict resulting O content in CR-156Y-Hf.  Unfortunately, the O/Y ratio 

was found to be lower (i.e., ~2.1) than predicted (i.e., ~3.5), due to excess Y.  The 

resulting Y content in CR-156Y-Hf was designed to be 0.11 at.%, but excess Y (i.e., 

~60% increase) was added to the atomization charge to account for predicted losses 

to the melt slag, but only ~40% of the excess Y was lost during melting.  Although 

this newest attempt (CR-156Y-Hf) at achieving an ideal balance of O/Y was 

unsuccessful, it did show a clear ability to predict O content using the 

aforementioned progressive linear model.       
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8.5.2 Microstructure Analysis 

The as-solidified CR-alloy powders were enveloped by a metastable Cr-enriched 

oxide layer during GARS processing (Figure 8.5).  The exact chemistry of this 

metastable Cr-enriched oxide layer is quite difficult to measure due to its thickness 

(e.g., ~7-80nm).  In addition, X-ray diffraction experiments were unable to identify 

the surface oxide crystal structure (not shown), suggesting that this surface oxide 

phase could be amorphous.  Oxide layer formation occurs throughout rapid 

solidification and cooling of powders, during which atomic movement is severely 

limited and oxidation progresses in a kinetically favored manner.  It seems that the 

activity of Cr in these CR-alloys is sufficient to promote Cr-enriched oxide 

formation, while preventing consumption of Y during this reaction.   

Thickness of the Cr-enriched surface oxide layer was directly related to reaction 

temperature and O2 content in the reactive gas.  Injecting the reactive gas through 

the close-coupled HPGA nozzle promoted rapid oxidation of the CR-alloy droplets.  

Alternatively, surface oxidation was significantly reduced by injecting the reactive 

gas after primary atomization using the downstream near-field über halo.  The 

kinetics of this reaction seems to be more dependent on reaction temperature as 

opposed to O2 content in the reactive gas.  As a result, oxide layer thickness was 

reduced by ~80% in CR-144Hf-Y (Figure 8.5B1), in comparison to CR-156Y-Hf 

(Figure 8.5C1), although the reactive gas contained twice the concentration of O2.   

Microsegregation was found to occur during rapid solidification of these CR-alloys.  

This was most noticeable in the Hf containing CR-144Hf-Y and CR-156Y-Hf 

powders.  The solubility of Hf and Y is severely limited in α-Fe [210, 219], therefore 

these atoms are rejected during nucleation and growth of the α-Fe lattice, resulting 

in solute pile-up (i.e., microsegregation) along as-solidified cell boundaries.  This 

creates a continuous network of dispersoid forming solute, which will subsequently 

be transformed into high number densities of nano-metric oxide dispersoids during 
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elevated temperature heat treatment.  Furthermore, this network will likely define 

the size and distribution of any resulting dislocation substructure, which would be 

stabilized by the oxide dispersoids and used for ultimate strengthening of the alloy 

[78, 79, 214].  Additionally, microsegregation appeared to be prevented in ultra-fine 

(dia. < 5µm) CR-156Y-Hf powders (Figure 8.6C2), where dramatic increases in 

particle solidification rate and decreased recalescence effects permit apparent 

complete solute trapping of Hf and Y [104].  Aging these powders, during 

consolidation, would provide an opportunity to control precipitation and growth of 

Fe-(Hf,Y) intermetallic precipitates from the supersaturated solid solution, which 

could result in smaller and more evenly distributed oxide dispersoids within the as-

reacted microstructure.  On the other hand, similar CR-144Hf-Y powders (dia. < 

5µm) still contained significant microsegregation, an effect potentially caused by the 

addition of W (See Table 8.2).  W is a potent α-Fe solid solution strengthener, 

providing significant lattice strain, which could prevent further solute entrapment 

during solidification.  Furthermore, the addition of W might increase the nucleant 

density within the molten CR-alloy, which could have limited droplet undercooling 

during atomization, resulting in decreased solidification velocities and increased 

microsegregation.      

Interconnected PPB oxide was found in both CR-118Ti-Y and CR-156Y-Hf following 

low temperature (i.e., 700°C) consolidation.  The PPB oxide in CR-118Ti-Y evolved 

into mostly Ti3O5, according to XRD results (not shown), which illustrates the 

instability of the initial Cr-enriched metastable oxide layer.  Alternatively, the PPB 

oxide in CR-156Y-Hf was seemingly unchanged, remaining Cr-enriched, which 

provides insight into the activation energy required for considerable Hf or Y 

diffusion, in comparison to Ti diffusion in α-Fe.  Further stabilization of the PPB 

oxide phase prior to dispersoid formation (e.g., CrxOy →TixOy) is unfavorable, since 

it could significantly decrease the O exchange rate between the PPB oxide and Y-
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enriched IMC precipitates, which could result in unnecessary IMC precipitate 

coarsening and an increased dispersoid size.  

Elevated temperature heat treatment (T > 1000°C - See Table 8.3) was used to 

promote an O exchange reaction between less stable PPB oxide and Y-enriched IMC 

precipitates, which resulted in the formation of nano-metric oxide dispersoids 

throughout the CR-alloy microstructures.  This thermally activated reaction is 

thought to be controlled by the free energy of formation for oxides (Figure 8.16).  It 

is theorized, that during heat treatment, O diffuses away from PPB oxides, driven by 

a concentration gradient or chemical potential, in order to reach equilibrium 

concentrations within α-Fe.  Throughout this process, soluble O combines with Y-

enriched IMC precipitates forming highly stable nano-metric oxide dispersoids (e.g., 

7O + 2Fe11TiY → Y2Ti2O7 + 22Fe).  This reaction should continue until all PPB oxide 

is dissociated or until all Y has been reacted, which again highlights the importance 

of achieving an ideal balance between O and Y within the as-atomized powders.  

 

Figure 8.16.  Free energy of formation for potential CR-alloy oxides [128] 
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Specific dispersoid phase formation was influenced by the initial CR-alloy 

chemistry.  Preliminary dispersoid phase identification was achieved by coupling 

the X-ray diffraction results with EFTEM chemical mapping data.  It was found that 

the addition of Ti resulted in the formation of Y2Ti2O7 dispersoids, while the 

addition of Hf resulted in mixed Y-Hf-O dispersoids.  Furthermore, dispersoid 

formation in Hf-containing CR-alloys was influenced by the ratio of Y/Hf.  When 

the ratio of Y/Hf < 1 (i.e., CR-144Hf-Y) the dispersoids seemed to form as HfO2+Y 

(See Figure 8.12 and Figure 8.14), but when Y/Hf >1 (i.e., CR-156Y-Hf) the 

dispersoids seemed to form as Y2O3+Hf (See Figure 8.13 and Figure 8.14).          

Microsegregation during rapid solidification of the CR-alloy powders was shown to 

dictate distribution patterns of the nano-metric oxide dispersoids (See Figure 8.6 and 

Figure 8.10).  This effect was most noticeable in the Hf containing CR-alloys.  A 

direct correlation between as-solidified cell size and resulting oxide dispersoid 

network spacing is apparent in CR-144Hf-Y and CR-156Y-Hf.  This correlation 

shows that a specific oxide dispersoid network could be tailored by selecting as-

atomized particles with an ideal initial cell size.  Additionally, consolidation and 

heat treatment of supersaturated single phase particles (i.e., dia. < 5μm for CR-156Y-

Hf) could significantly reduce the average oxide dispersoid network spacing, 

through controlled precipitation of Fe-(Y,Hf) intermetallic precipitates. 

A difference in dispersoid morphology is thought to be related to the strain energy 

at the dispersoid/matrix interface.  The Gibbs-Wulff theorem shows that precipitate 

morphology is controlled by the shape which results in the lowest interfacial free 

energy for a given volume, thus a precipitate grows by allowing planes with lower 

interfacial free energy to occupy more of the surface [80, 220, 221].  The dispersoids 

formed in CR-118Ti-Y (i.e., Y2Ti2O7) contained a cuboidal morphology, suggesting 

some degree of lattice coherency along certain α-Fe planes.   Furthermore, these 

dispersoids have been shown to contain a Kurdjumov-Sachs orientation relationship 
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within α-Fe [222].  However, the dispersoids formed in CR-144Hf-Y (i.e., HfO2+Y) 

and CR-156Y-Hf (i.e., Y2O3+Hf) contained a spherical morphology, which minimizes 

surface area for a given volume, suggesting incoherency between these dispersoids 

and α-Fe.  This incoherency could be related to the increased d-spacing associated 

with these dispersoids (See Figure 8.14).           

8.5.3 Dispersoid Stability 

An increase in dispersoid thermal stability was achieved in CR-144Hf-Y (i.e., 

HfO2+Y) and CR-156Y-Hf (i.e., Y2O3+Hf), in comparison to dispersoids found in CR-

118Ti-Y (i.e., Y2Ti2O7) (See Figure 8.15).  This increased stability is believed to result 

from the improved coarsening resistance attained by replacing Ti with Hf.  Diffusion 

of Hf in α-Fe is significantly slower than that of Ti (Table 8.4), a result likely caused 

by its larger metallic radius and increased molar mass [223].  Classical volume-

controlled diffusion coarsening theory is shown in Equation 93 [224, 225]:          

     
  

 

 
        

 Equation 93 

   

Where, r is average particle radius after time t, ro is initial particle radius at time to, 

and K is the kinetic rate constant defined by Equation 94:  

  
   

       
  

 

 Equation 94 

   

Where,   
  is diffusivity coefficient for element M in matrix α, C∞ is equilibrium 

solid solubility limit of solute in the matrix, σs is interfacial free energy between the 

matrix and precipitate, Vm is molar volume of the precipitate, R is the gas constant, 

and T is absolute temperature. 

This theory has been shown to work well in predicting the coarsening rate of 

precipitates in binary solutions [225], but decreased coarsening rates associated with 

multicomponent precipitates require slight modifications to the rate constant [226].    
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Equation 95 defines an effective rate constant (Keff) for the coarsening kinetics of 

multicomponent precipitates in Fe [226]: 

     
     

 

          
                

    
 

  
 

 

 

  

 

 Equation 95     

   

Where, kM is partitioning coefficient of element M,    ∞
  is mole fraction of element 

M in the matrix phase at equilibrium with a particle of infinite radius, and As is 

particle aspect ratio. 

This model describes coarsening of multicomponent precipitates through parallel 

diffusion of precipitate elements, and indicates that the slowest moving element will 

still dominate the coarsening rate [217, 226].   

Diffusion data for the dispersoid forming elements in α-Fe are shown in Table 8.4.  

This data indicates a vast decrease in diffusion rate between Hf and Ti, which offers 

a possible explanation to the aforementioned increase in thermal stability witnessed 

among Hf containing dispersoids.  In addition, the diffusion data for Y could not be 

identified in the literature, although, if Y diffusion was rate limiting during 

coarsening of these dispersoids, then the average dispersoid size would be 

anticipated to be more consistent between all CR-alloys.  These preliminary stability 

results offer motivation for a more in depth coarsening study of the dispersoids 

found in these CR-alloys.        

Table 8.4.  Diffusion data for dispersoid forming elements 

Element D0 (cm
2
/s) Q (kJ) D1300°C (cm

2
/s) Ref. 

O 2.9x10
-3 

89.5 3.1x10
-6 

[227] 

Y U U - - 

Hf 1.31 290.1 3.0x10
-10 

[228] 

Ti 0.56 216.5 3.6x10
-8

 [229] 

                                  U = Unknown Value 
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8.6 Summary 

Gas atomization reaction synthesis was used for the production of precursor oxide 

dispersion forming ferritic stainless steel powders.  A progressive linear model was 

used to accurately predict resulting O content within the most recent as-atomized 

CR-alloy.  The formation of nano-metric oxide dispersoids occurred, during heat 

treatment of as-consolidated specimens, through internal O exchange between less 

stable PPB oxide and Y-containing IMC precipitates.  Dispersoid distribution was 

found to be influenced by microsegregation that occurs during rapid solidification of 

the CR-alloy powders.  Apparent dispersoid thermal stability was increased by 

replacing Ti with Hf in CR-144Hf-Y and CR-156Y-Hf, which resulted in the 

formation of mixed Y-Hf-O dispersoids.   
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Chapter 9. Innovative Powder Processing of Oxide Dispersion 

Strengthened (ODS) Ferritic Stainless Steels 

 

Modified from a paper published in: Advances in Powder Metallurgy and 

Particulate Materials, 2011, Vol. 2, pp. 31-49 

 

J. R. Rieken1,2,3, I.E. Anderson4, and M.J. Kramer4 

 

9.1 Abstract 

An innovative gas atomization reaction synthesis technique was employed as a 

viable method to dramatically lower the processing cost for precursor oxide 

dispersion forming ferritic stainless steel powders (i.e., Fe-Cr-(Hf,Ti)-Y).  During this 

rapid solidification process the atomized powders were enveloped by a nano-metric 

Cr-enriched metastable oxide layer.  Elevated temperature heat treatment was used 

to dissociate this metastable oxide phase through oxygen exchange reactions with Y-

(Hf,Ti) enriched intermetallic compound precipitates.  These solid state reactions 

resulted in the formation of highly stable nano-metric mixed oxide dispersoids (i.e., 

Y-Ti-O or Y-Hf-O) throughout the alloy microstructure.  Subsequent high 

temperature (1200°C) heat treatments were used to elucidate the thermal stability of 

each nano-metric oxide dispersoid phase.  Transmission electron microscopy 

coupled with X-ray diffraction was used to evaluate phase evolution within the alloy 

microstructure.   
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9.2 Introduction 

Oxide dispersion strengthened (ODS) ferritic stainless steel alloys offer improved 

high temperature strength and creep resistance [1, 2, 202].  For this reason, these 

alloys are being considered for high temperature applications within future 

generation thermal power reactors [8, 9, 16, 38].  The improved mechanical 

properties associated with ODS alloys stems from interactions between nano-metric 

oxide dispersoids and dislocations within the alloy microstructure [3, 70, 80].  The 

dispersoids act as pinning points that stabilize the alloy grain or sub-grain structure 

by impeding dislocation movement.  Essentially, the effectiveness of the dispersoids 

to immobilize a dislocation can be thought of as a force balance between driving and 

dragging forces over a given dislocation line length [230].  Consequently, the 

resulting ODS grain or sub-grain structure is dependent on the size, distribution, 

and volume fraction of the dispersoid phase.  For this reason, the high temperature 

microstructure stability of the ODS alloy is inherently linked to the thermal stability 

of the dispersoid phase.   

Gas atomization reaction synthesis (GARS) was employed, as an economic 

alternative to the traditional high cost mechanical alloying (MA) processing route, 

for the production of oxide dispersion forming ferritic stainless steel particulate [14, 

15].  During this process, a reactive atomization gas (i.e., Ar-O2) is used to oxidize 

the surface of nascent molten metal droplets in situ during primary break-up and 

rapid solidification of the alloy.  This rapid solidification process promotes the 

formation of an ultra-thin kinetically favored metastable Cr-enriched surface oxide 

layer, which is used as a vehicle to transport a prescribed amount of solid-state O 

into the consolidated microstructure.  Elevated temperature heat-treatments are then 

used to drive an internal O exchange reaction between the metastable Cr-enriched 

prior particle boundary (PPB) oxide and Y-enriched intermetallic compound (IMC) 

precipitates.  This results in the formation of Y-enriched nano-metric oxide 

dispersoids throughout the alloy microstructure [146, 179].   
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The size and distribution of the resulting Y-enriched dispersoids is controlled by the 

length-scale of microsegregation that occurs upon rapid solidification within the 

powders (i.e., particles with increased amounts of solute trapping or highly refined 

solidification structures result in smaller and more evenly distributed nano-metric 

oxide dispersoids) [146].  This offers the unique ability to tailor ODS microstructures 

as a function of precursor powder size (i.e., powder solidification rate).   

The aim of this study was to further examine the GARS process as a function of alloy 

composition.  The resulting microstructural evolution and dispersoid thermal 

stability will be discussed in detail.    

9.3 Procedure 

9.3.1 Gas Atomization Reaction Synthesis 

The nominal atomization charge chemistry for both CR-164HfY and CR-166TiY is 

displayed in Table 9.1 [206].  The charge was melted in a yttria (Y2O3) painted 

zirconia (ZrO2) bottom pour crucible and superheated to 1700°C.  The melt pour was 

initiated by raising a pneumatically actuated composite (Y2O3-W-Al2O3) stopper rod, 

which allowed the molten alloy to flow through a plasma sprayed Y2O3 lined ZrO2 

pour tube. 

Table 9.1. Resulting chemical reservoir (CR) alloy composition with respect to powder particle size 
for CR-164HfY (dia. < 20µm) and CR-166TiY (dia. < 20µm) 

Alloy Powder Size Fe (at.%) Cr (at.%) Y (at.%) Hf (at.%) Ti (at.%) O (at.%) 

CR-164HfY Nominal Bal. 16.00 0.21 0.12 - - 

CR-166TiY Nominal Bal. 16.00 0.21 - 0.12 - 

CR-164HfY < 20µm Bal. 15.55 0.09 0.12 - 1.04 

CR-166TiY < 20µm Bal. 15.91 0.09 - 0.12 0.49 

 

Upon exiting the pouring orifice, the melt was immediately impinged by the 

reactive atomization gas.  This gas contained 0.19 vol.% O2 mixed with high purity 
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Ar and was directly injected through the high pressure close-coupled atomization 

die at a pressure of 6.55MPa.   

The resulting as-atomized powders were mechanical sieved into specific size 

divisions (i.e., <20, 20-45, and 45-75µm) prior to chemical or microstructural 

evaluation.  Powder particles with a dia. < 20µm were selected for comparison 

between CR-164HfY and CR-166TiY.  The bulk O content for each powder alloy was 

measured using an inert gas fusion (LECO) analyzer, while the percentage of each 

metallic constituent was identified using inductively coupled plasma / mass 

spectroscopy (ICP/MS).   

9.3.2 Hot Consolidation and Thermal Treatment 

As-atomized powders from each alloy were placed into individual 316L stainless 

steel cans measuring 25.4 mm in dia. x 127 mm in length (see Figure 9.1).  Each can 

was evacuated to a pressure of ~10-4 Pa, outgassed at 415°C for 1hr, and electron-

beam welded shut using a 316L stainless steel cap.  The atomized powders then 

were consolidated using hot isostatic pressing (HIPing) at 700°C with 300MPa 

pressure for 4hrs.  An example of the as-consolidated HIP can also is displayed in 

Figure 9.1.   

The 316L HIP can was turned off following consolidation and the resulting rods 

were sectioned into 20 mm dia. x 10 mm length disks. The as-HIPed disks were then 

heat treated under vacuum (~10-4 Pa) at 1200°C for 2.5hrs.  This heat treatment 

schedule had previously been reported as an effective method for forming nano-

metric oxide dispersoids within similar CR-alloys [231].  Additionally, two disks 

from each alloy were further heat treated under vacuum (~10-4 Pa) at 1200°C for a 

total time of 100 and 1,000hrs. 
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Figure 9.1.  316L stainless steel HIP can geometry and resulting as-consolidated HIP bars 

 

9.3.3 Microstructure Characterization 

Surface analysis of the as-atomized powder particles was conducted using a JEOL 

JAMP 7830F scanning Auger microprobe (SAM) with a hemispherical auger electron 

spectrometer (AES) and Ar-ion sputtering gun for depth profiling.   

The nano-metric oxide layer at the surface of the as-atomized powders was 

evaluated using an FEI Tecnai F20ST transmission electron microscope (TEM) / 

scanning transmission electron microscope (STEM) at the Electron Microscopy 

Center (EMC) for Materials Research at Argonne National Laboratory.  The powder 

particles also were prepared for TEM/STEM analysis at the EMC using a Zeiss 

1540XB focused ion beam (FIB) scanning electron microscope (SEM).  The powders 

were coated with a thin layer of Au (t~20nm) prior to FIB milling to protect the as-

atomized surface oxide layer.  Additionally, carbon deposition was used to bond the 

powders to a manipulator during FIB milling and to secure the as-thinned specimen 

to a slotted Cu TEM grid prior to analysis.        

The interior microstructure of the powders was examined using a JEOL 5910LV SEM 

with energy dispersive spectrometer (EDS).  Electron probe microanalysis (EPMA) 

chemical mapping of the powder microstructure was completed using a JEOL JXA-

8200 WD/ED microanalyzer. 
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The consolidated and heat treated alloy microstructures were analyzed in the as-

polished and as-etched condition using a Hitachi S-2460N SEM with EDS.  The α-Fe 

grains were revealed by dip-etching the as-polished SEM samples into a ferritic 

stainless steel etchant (i.e., 30 ml hydrochloric acid, 30 ml glycerol, and 10 ml nitric 

acid) for ~60s.  The grain size was measured using lineal intercept method according 

to ASTM E112 – 96 (2004).   

Additionally, the nano-metric features present in the consolidated and heat treated 

samples were characterized using a Tecnai G2 F20 TEM/STEM at 200 keV.  

Miniature cylinders measuring 3 mm in dia. x 10 mm in length were cut from each 

sample disk using wire electro-discharge machining.  These cylinders were 

subsequently sliced into 1 mm thick sections, ground flat using 400 and 600 SiC grit 

paper, polished using 6.0μm and 1.0μm diamond polishing compound, 

mechanically dimpled to a thickness of ~20μm and dual jet polished using an 

electrolytic solution for stainless steels (i.e., 700ml methanol, 120ml distilled water, 

100ml glycerol, and 80ml perchloric acid) at -21°C in preparation for TEM analysis.  

The presence of Y-enriched nano-metric oxide dispersoids was verified within each 

step of this simplified process using a Phillips PANalytical X-Pert Pro Diffraction 

System with Co-Kα radiation.  A scanning real time multiple strip (RTMS) X-ray 

detector was used with an active length of ~0.05 Q (Å-1).   Diffraction data was 

collected from 1.8-4.8 Q (Å-1) with a step size of 5x10-4 Q and a dwell time of 500 s 

per step. The reciprocal lattice vector (Q) describes the momentum difference 

between incoming and diffracted X-rays (Equation 96), and is commonly used to 

compare X-ray diffraction data (i.e., Bragg angle (θ) of resulting peaks) independent 

of wavelength (λ) [216]. 

  
      

 
 

 Equation 96 
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The microhardness of each heat treated sample was measured using Vickers 

diamond pyramid indentation with a 500gm load.  The average of 10 consecutive 

indentations for each sample was plotted for each data point.     

9.4 Results 

9.4.1 Gas Atomization Reaction Synthesis 

The resulting as-atomized chemical reservoir (CR) alloy chemistry can been found in 

Table 9.1.  Each CR-alloy contained an equivalent atomic fraction of Y + group IV 

(Hf or Ti) alloying addition. Alternatively, powders from CR-164HfY contained 

approximately twice the amount of O compared to CR-166TiY.   

An example of the as-atomized powder (dia. < 20µm) morphology can be seen in 

Figure 9.2A and B.  The resulting powders were found to be quite spherical with 

very few satellite particles.  It seems that the thin surface oxide film formed during 

this GARS process protects the powders during solidification and prevents bonding 

from occurring during particle-particle collisions.       

 

Figure 9.2.  As-atomized powder (dia. < 20µm) morphology: A) CR-164HfY and B) CR-166TiY  

 

AES depth profile chemical analysis of powders (~20µm in dia.) from each CR-alloy 

revealed a surface enrichment of O and Cr (see Figure 9.3A and B), indicative of a 

Cr-enriched surface oxide layer.  Additionally, a slight denuded zone of Fe also was 
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identified at the surface of the powder particles.  The average surface oxide 

thickness was measured at ~105nm and ~52nm for CR-164HfY and CR-166TiY, 

respectively (see vertical orange dashed line in Figure 9.3A and B).  The increase in 

surface oxide layer thickness identified on the CR-164HfY powders accounts for the 

increase in O concentration compared to CR-166TiY (see Table 9.1). 

 

Figure 9.3.  AES depth profile chemical surface analysis of as-atomized powders (~20µm in dia.): 
A) CR-164HfY and B) CR-166TiY 

 

The physical presence of a surface oxide layer was observed utilizing TEM analysis 

of an as-atomized powder specimen (see Figure 9.4).  This analysis was conducted 

on a CR-164HfY powder particle measuring ~2µm in diameter (note: this powder 

size was selected due to difficulties in manipulating larger particles within the FIB-

SEM).  The ultra-thin surface oxide layer was found encapsulating the powder 

particle and was measured at a thickness of ~10nm.  A qualitative chemical analysis 

of the surface oxide layer was completed using STEM with an EDS linescan across 

the surface oxide phase (see horizontal orange line in Figure 9.4C).  This qualitative 

analysis identified an enrichment of Cr (yellow line) and O (green line) within the 

surface oxide layer, which agreed well with the aforementioned AES depth profile 

measurements.  Additionally, a slight denuded zone of Cr was identified within the 
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α-(Fe,Cr) matrix near the surface oxide interface, illustrating that Cr was pulled from 

solution during this rapid oxidation process.   

Furthermore, the apparent variation in oxide layer thickness between the smaller 

~2µm dia. powder particle (see Figure 9.4B: t~10nm) and the larger ~20µm dia. 

powder particles (see Figure 9.3A: t~105nm) illustrates the effect of cooling rate on 

surface oxide layer growth.  Thus, it is reasonable to assume smaller powders will 

form a thinner surface oxide layer, due to increased convective heat extraction as a 

result of larger surface area to volume ratios.     

 

Figure 9.4.  TEM/STEM analysis of a CR-164HfY (dia. ~2µm) powder particle: A) and B) bright 
field images (BFIs) identifying the surface oxide layer and C) high angle annular dark field 

(HAADF) image with EDS linescan across the surface oxide layer  

 

Cross-sectional analysis of the CR-alloy powders revealed microsegregation along 

the as-solidified cell boundaries (see yellow arrows in Figure 9.5).  EPMA chemical 

mapping was used to identify elemental concentrations at the cell boundaries.  The 

bright phase identified within the CR-164HfY powders was found to be enriched in 

Y and Hf (see yellow arrow in Figure 9.5A and C).  Additionally, a region of 

apparent solid solution was identified near the surface of the powder particles 

extending to a depth of ~1-2µm (see red arrow in Figure 9.5A).  Microsegregation 

was not readily apparent within the as-solidified CR-166TiY powders (Figure 9.5B), 
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but EPMA chemical mapping identified increased concentrations of Y along the as-

solidified cell boundaries (Figure 9.5D).      

 

Figure 9.5. Cross-sectional SEM-EPMA analysis of the CR-alloy powders with corresponding Y-
concentration map: A) and C) CR-164HfY and B) and D) CR-166TiY 

 

9.4.2 Dispersoid Formation 

Low temperature HIPing (700°C – 300MPa – 4hr) was used to fully consolidate the 

as-atomized CR-alloy powders.  Microstructural analysis of the as-consolidated 

samples revealed a continuous network of Cr-enriched oxide along the PPBs (see 

yellow arrows in Figure 9.6A and B).  The volume percent of PPB oxide was 

measured, using image analysis software (i.e., Image-Pro™), at ~3.0±0.5 and 

~2.1±0.4 vol. % for CR-164HfY and CR-166TiY, respectively.  Furthermore, each as-

consolidated sample contained an internal structure of intermetallic particles that 
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seemed to outline the previous as-solidified cell boundaries (see red arrows in 

Figure 9.6A and B).   

TEM analysis was used to evaluate features within the as-consolidated 

microstructure at a much finer size scale.  This analysis illustrated the formation of 

fine intermetallic compound (IMC) precipitates along cell boundaries within the α-

(Fe,Cr) matrix (see yellow arrows in Figure 9.7A and B).  These IMC phases were 

later identified as Fe-(Hf,Y) (i.e., Fe2Hf and Fe17Y2) in CR-164HfY and Fe-(Y,Ti) (i.e., 

Fe11YTi) in CR-166TiY using XRD (results not shown). 

 

Figure 9.6.  SEM (BEC) analysis of the as-HIPed and heat treated microstructure: A) and C) CR-
164HfY (outlined in red) and B) and D) CR-166TiY (outlined in blue) 
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Elevated temperature (1200°C) heat treatment was used to promote the internal O-

exchange reaction between the metastable Cr-enriched PPB oxide and internal Y-

containing IMC precipitates.  During this reaction the volume percent of PPB oxide 

was reduced to ~1.5±0.4 and ~0.4±0.1 vol. % in CR-164HfY and CR-166TiY, 

respectively (see yellow arrows in Figure 9.6C and D).  Interestingly, the PPB oxide 

chemistry was seemingly unchanged in CR-164HfY (i.e., remaining Cr-enriched), 

but evolved into a mixed Ti-Cr oxide in CR-166TiY (i.e., Ti-Cr-O).  This provides 

some insight into the relative diffusivity difference between Ti and Hf within the α-

(Fe,Cr) matrix.   

Additionally, the Y-containing IMC precipitates seemed to be fully consumed or 

transformed during this internal O-exchange reaction.  This reaction resulted in the 

formation of mixed oxide dispersoids throughout the alloy microstructure.  Larger 

mixed oxide particles seemed to form at grain boundaries, as a result of increased 

reactive element (i.e., Y, Hf, and Ti) concentration, in conjunction with enhanced 

diffusion kinetics (see green arrows in Figure 9.6C and D).  

TEM analysis of the as-heat treated microstructure revealed a more uniform 

distribution of nano-metric oxide dispersoids throughout the alloy microstructure 

(see Figure 9.7C and D).  The volume fraction of these oxide particles was measured 

at ~0.5 vol. % for both CR-alloys through refinement of XRD data (results not 

shown).  Furthermore, the number density of the oxide particles was calculated at 

~3x1021 m-3 for each CR-alloy, assuming a TEM foil thickness of 100nm.  These nano-

metric dispersoids also were found to contain a spheroidal morphology.               
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Figure 9.7.  TEM (BFI) analysis of the as-HIPped and heat treated microstructure:  A) and C) CR-
164HfY (outlined in red) and B) and D) CR-166TiY (outlined in blue)  

 

9.4.3 Dispersoid Thermal Stability 

Extended (i.e., 2.5, 100 and 1,000hrs) elevated temperature (1200°C) heat treatments 

were used to evaluate the thermal stability of the nano-metric oxide dispersoids.  

SEM analysis revealed a severe difference in coarsening rate between the residual 

PPB oxide (see red arrows in Figure 9.8) and larger Hf or Ti enriched oxide particles 
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(see yellow arrows in Figure 9.8) within both CR-alloy microstructures.  

Additionally, this analysis reveals the importance of fully dissolving the PPB oxide, 

in order to prevent large precipitate formation during coarsening of the 

microstructure, which could act as void nucleation sites leading to subsequent crack 

formation during operational use of such materials.  Complete dissociation of the 

PPB oxide should be possible through the internal O exchange reaction, if an 

optimum balance of Y/O is achieved during initial GARS processing [179].      

 

Figure 9.8.  SEM (BEC) analysis of CR-164HfY (outlined in red) and CR-166TiY (outlined in blue) 
following heat treatment at 1200°C: A) and D) 2.5hrs, B) and E) 100hrs, and C) and F) 1,000hrs 

 

The thermal stability of the nano-metric oxide dispersoids within the CR-alloy 

matrix was evaluated using TEM-BFI analysis (see Figure 9.9).  The dispersoid 

number density very gradually decreased as heat treatment time increased, 

assuming an equivalent TEM foil thickness of 100nm (Table 9.2). Overall, the 

dispersoids in each CR-alloy displayed remarkable thermal stability, in that, only a 

small degree on measurable coarsening was apparent after 1,000hrs at 1200°C.   
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Figure 9.9.  TEM-BFI analysis of CR-164HfY (outlined in red) and CR-166TiY (outlined in blue) 
following heat treatment at 1200°C: A) and D) 2.5hrs, B) and E) 100hrs, and C) and F) 1,000hrs 

 

Table 9.2.  Dispersoid number density as a function of heat treatment time at 1200°C 

Time at 1200°C 

(hrs) 

CR-164HfY 

Dispersoid No. Density (No. m-3) 

CR-166TiY 

Dispersoid No. Density (No. m-3) 

2.5 3x1021 3x1021 

100 2x1021 2x1021 

1,000 9x1020 6x1020 

 

9.4.4 Phase Identification 

A qualitative chemical analysis of the dispersoid particles was accomplished using 

STEM with an EDS linescans across the nano-metric oxides (see horizontal red line 

in Figure 9.10B and D).  The dispersoids in CR-164HfY (Figure 9.10A and B) were 

found to be enriched in Hf (green line) and O (blue line) with only small amounts of 
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Y (purple line), while the dispersoids in CR-166TiY (Figure 9.10C and D) were found 

to contain equal amounts of Y (dashed purple line) and Ti (green line) in addition to 

increased amounts of O (blue line).  

 

Figure 9.10.  Accompanying TEM-BFI with STEM-EDS linescan chemical analysis of the nano-
metric oxide dispersoids: A) and B) CR-164HfY and C) and D) CR-166TiY   

 

XRD was used to characterize dispersoid phase formation within the CR-alloy 

microstructure following elevated temperature heat treatment (see Figure 9.11).  

These XRD results clearly indicate dispersoid formation following heat treatment at 

1200°C for 2.5hrs, which agrees well with the aforementioned microstructure 
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analysis (see Figure 9.6 and Figure 9.7), providing further evidence of an apparent 

internal O-exchange reaction.  The mixed oxide dispersoids were identified as either 

Y2Hf2O7 (vertically dashed light-red line) or Y0.33Hf0.67O1.83 (vertically dashed dark-

red line) within CR-164HfY and as Y2Ti2O7 (vertically dashed blue line) within CR-

166TiY.  Crystal structure parameters for each phase are listed in Table 9.3. 

Table 9.3.  Crystal structure parameters for each possible dispersoid phase [197, 232, 233] 

Phase Space Group Lattice Parameter (Å) Molar Volume (m3 mol-1) 

Y2Hf2O7 Fm-3m 5.19 2.10x10-5 

Y0.33Hf0.67O1.83 Fm-3m 5.15 2.06x10-5 

Y2Ti2O7 Fd-3m 10.09 7.73x10-5 

 

 

Figure 9.11.  XRD results revealing dispersoid phase formation and phase stability for CR-164HfY 
(red lines) and CR-166TiY (blue lines) 
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Additionally, the XRD data (Figure 9.11) was used to calculate the average 

dispersoid radius using the Scherrer formula (Equation 97), which estimates 

crystallite size as a function of peak broadening [216].   

  
  

      
 

 Equation 97 

   

Where, t is equal to dispersoid thickness, k is a shape constant, λ is incident X-ray 

wavelength, β is the measured peak broadening at full width half max, and θΒ is the 

Bragg angle.  A shape constant of 0.8290 was used during this analysis, due to the 

spheroidal morphology of the dispersoids in both CR-alloys [218].  

The calculated dispersoid radius for each CR-alloy as a function of heat treatment 

time is displayed in Table 9.4.  This analysis shows the average dispersoid radius in 

CR-164HfY increased ~10% after 1,000hrs at 1200°C, while the average dispersoid 

radius in CR-166TiY increased ~15% during the same heat treatment.  This 

comparison signifies that the dispersoids formed within CR-164YHf are more 

thermally stable compared to those formed in CR-166TiY.     

Table 9.4.  Calculated dispersoid radius as a function of heat treatment time at 1200°C 

Time at 1200°C 

(hrs) 

CR-164HfY 

Calc. Dispersoid Radius (nm) 

CR-166TiY 

Calc. Dispersoid Radius (nm) 

2.5 11.7 19.2 

100 11.9 19.8 

1,000 12.9 22.0 

 

9.4.5 Microhardness Evaluation 

The microhardness of each CR-alloy decreased with increased heat treatment time at 

1200°C (see Figure 9.12A).  The decrease in microhardness is thought to be related to 

α-(Fe,Cr) grain growth, as result of dispersoid coarsening.  For this reason, the α-
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(Fe,Cr) grain size also was evaluated as a function of heat treatment time (see Figure 

9.12B).   

 

Figure 9.12.  A) microhardness evaluation as a function of heat treatment time for CR-164HfY (red 
line) and CR-166TiY (blue line) and B) grain growth analysis as a function of heat treatment time 

compared to predicted values for CR-164HfY (red line) and CR-166TiY (blue line) 

 

Furthermore, the measured grain size was compared with the predicted grain size 

using the Zener model (see Figure 9.12B).  This model (Equation 98) predicts the 

average grain size as a function of dispersoid size and volume fraction, assuming a 

uniform dispersoid distribution [230].      

   
  

  
 

 Equation 98 

   

Where, Rc is the Zener limit (i.e., predicted grain size), r is dispersoid radius, and f is 

dispersoid volume fraction.     
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9.5 Discussion 

9.5.1 Gas Atomization Reaction Synthesis 

The rapid oxidation kinetics associated with GARS processing have previously been 

found to scale linearly with the O2 content within the atomization gas (see Figure 

9.13) [231].  The rate of oxidation is thought to be related to the local O2 partial 

pressure (Po2), developed within the primary atomization zone, as defined by the 

concentration of O2 within the atomization gas.  The caveat of this empirically 

determined relationship is that, the atomized droplets are assumed to have been 

exposed to the oxidizing environment for an equal duration as a function of droplet 

size.  Therefore, modifications to the atomization processing parameters that affect 

melt delivery and subsequent atomization spray characteristics could significantly 

influence the overall oxidation of the powders from one CR-alloy to the other.    

 

Figure 9.13.  Resulting powder O content as a function of reactive atomization gas concentration: 
CR-164HfY (red circle) and CR-166TIY (blue circle) 
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Interestingly, the oxidation of CR-164HfY powders seemed to deviate from the 

empirically developed linear oxidation model (red circle in Figure 9.13), compared 

to CR-166TiY powders.  This deviation is thought to be related to the change in pour 

tube geometry (see Figure 9.14).  The pour tube used for CR-164HfY contained a 

flared exit orifice that came to a sharpened tip, similar to that of a trumpet (see 

yellow arrow in Figure 9.14A).  Additionally, this pour tube contained four fins that 

protruded from the interior wall of the pour tube into the path of the liquid, acting 

as barriers to melt rotation (see red arrow in Figure 9.14).   On the other hand, the 

exit orifice of the pour tube for CR-166TiY was partially flared and contained a blunt 

tip with ~1mm wall thickness (see yellow arrow in Figure 9.14C).    

 

Figure 9.14. Pour tube exit geometry and atomization spray characteristics: A) and B) CR-164HfY 
and C) and D) CR-166TiY 

 

Modifications to the pour tube geometry appeared to dramatically affect melt 

delivery and subsequent atomization break-up characteristics between the two 

alloys.  The sharpened pour tube tip (CR-164HfY) seemed to promote increased 

thinning of the melt film prior to atomization compared to the blunt pour tube tip 

(CR-166TiY), as illustrated by the narrower melt ligaments around the periphery of 

the pour tube (see yellow arrows in Figure 9.14B and D).  Furthermore, the 
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sharpened pour tube tip appeared to stabilize a hollow spray structure within the 

primary atomization zone (see Figure 9.14B), as direct consequence to increased melt 

filming.  This hollow structure is believed to have extended into the internal cavity 

of the pour tube, thus lengthening the molten metal exposure time within the 

oxidizing environment, which lead to an increased O content within the CR-164HfY 

powders.   

These results highlight the importance of controlling the atomization processing 

parameters and indicate the need for further GARS experimental trials, in order to 

better understand and model this rapid oxidation process.   

9.5.2 Dispersoid Formation 

The rapid kinetics of this GARS process promoted the formation of an ultra-thin 

metastable Cr-enriched surface oxide layer (see Figure 9.3 and Figure 9.4).  Upon 

consolidation, this kinetically favored phase was strategically positioned along 

internal PPBs (Figure 9.6A and B).  Isolating this metastable oxide phase internally is 

thought to further reduce the oxide stability by lowering the O activity along the 

phase boundary.  As a result, elevated temperature heat treatment was successful at 

dissociating the PPB oxide, allowing O to diffuse towards the interior of the powder 

particle driven by a concentration gradient.  The O was subsequently consumed 

through internal oxidation of Y-containing IMC precipitates, which resulted in the 

formation of more thermodynamically stable mixed nano-metric Y-(Hf or Ti)-O 

dispersoids throughout the CR-alloy microstructure (see Figure 9.7C and D).    

This type of O-exchange reaction is described as diffusionless internal oxidation 

[182], assuming the rate of reaction is controlled by the internal diffusion of only O, 

since Y contains limited solubility and diffusivity within the α-(Fe,Cr) matrix (see 

Figure 9.16B).  This prevents the internal O exchange reaction from occurring 

predominantly along the PPBs, allowing for dispersoid formation throughout the 

microstructure.  As a result, the internal structure of Y-containing IMC precipitates, 
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that forms during rapid solidification or subsequent low temperature consolidation 

(see Figure 9.5 and Figure 9.6), is thought to predefine the size and distribution of 

nano-metric oxide dispersoids.  For this reason, larger Y-containing IMC precipitates 

that generally form along previous as-solidified cell boundaries result in the 

formation of larger oxide dispersoids (see green arrow in Figure 9.15A and B).  

Alternatively, internal regions of the as-solidified cellular structure, where 

significant solute trapping of Y occurs, seems to yield a more homogenous 

distribution of much finer nano-metric oxide dispersoids (see red arrow in Figure 

9.15A and B).  Furthermore, larger Hf (CR-164HfY) or Ti (CR-166TiY) enriched 

oxides were identified along the PPBs (see yellow arrow in Figure 9.15A and B). This 

highlights the importance of achieving an ideal balance between the initial O and Y 

content within the consolidated CR-alloy microstructure, in an effort to achieve full 

dissociation of the PPB oxide and elimination of the large oxide particles.    

This analysis provides insight on how to control the resulting ODS microstructure 

through selection of precursor as-atomized powders with an optimum solidification 

structure (e.g., solidification cell size or super-saturated solid solution).    

 

Figure 9.15.  Resulting dispersoid size and distribution: A) CR-164HfY (outlined in red) and B) CR-
166TiY (outlined in blue) 
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9.5.3 Thermal Stability 

The mixed Y-Hf-O dispersoids in CR-164HfY were found to be more thermally 

stable than the Y-Ti-O dispersoids in CR-166TiY (see Table 9.4).  This increased 

stability resulted in better microhardness retention, which indicates a notably stable 

alloy grain structure (see Figure 9.12).     

A linear fit to the dispersoid coarsening data measured at 1200°C (Figure 9.16A) was 

used to calculate the dispersoid coarsening rate constant and initial dispersoid 

radius (see Table 9.5) using the classical LSW volume-controlled coarsening theory 

(Equation 99) [224, 225].  

     
      Equation 99 

   

Where, r is average dispersoid radius after time t, ro is initial dispersoid radius at the 

onset of coarsening, and K is the coarsening rate constant. 

 

 

Figure 9.16. A) average dispersoid radius (r3) as a function of heat treatment time at 1200°C, and B) 
relative α-Fe atomic diffusion coefficient for each alloying addition [181, 227, 228, 234, 235] 
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Table 9.5.  Coarsening rate constant and initial dispersoid radius at 1200°C  

Alloy K (m3s-1) ro (m) 

CR-164HfY 1.4x10-31 1.17x10-8 

CR-166TiY 9.6x10-31 1.93x10-8 

 

The coarsening rate constant for the Y-Hf-O dispersoids (KY-Hf-O) was calculated to 

be ~7 times less than that of the Y-Ti-O dispersoids (KY-Ti-O) (see Table 9.5).  The 

variables that define the coarsening rate constant are shown in Equation 100 [224, 

225].   

  
   

         
   

 
 Equation 100 

   

Where, DMα is diffusivity coefficient for the rate limiting element M in matrix α, X∞ 

is the equilibrium concentration limit of solute M in matrix α (assuming an infinite 

(∞) dispersoid radius), σint is interfacial free energy between the matrix and 

dispersoid, Vm is molar volume of the dispersoid, R is the gas constant, and T is 

absolute temperature. 

According to LSW theory, the element with the lowest flux (i.e., DMα X∞) through the 

parent matrix will be considered rate limiting and should determine the coarsening 

constant.  A comparison of the relative α-Fe diffusivity coefficients for each alloying 

addition is shown in Figure 9.16B.  This analysis demonstrates that Y (solid black 

line) will be the slowest diffusing element through the α-Fe matrix, and is likely the 

rate limiting element for both the Y-Hf-O and Y-Ti-O dispersoids.   

Therefore, Equation 100 can further be simplified by eliminating interconnected 

variables between the two dispersoid types (Equation 101).  

         Equation 101 
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Furthermore, the interfacial energy of the dispersoids is thought to be similar, due to 

analogous dispersoid morphology.  For this reason, it is logical to assume that the Y-

Hf-O dispersoids would contain a smaller molar volume compared to the Y-Ti-O 

dispersoids, in order to account for the decrease in coarsening rate, which is consist 

with the data in Table 9.3.   Moreover, the EDS linescan results (see Figure 9.9B) 

seem to indicate that the dispersoids were enriched in Hf, suggesting that 

dispersoids formed in CR-164HfY were Y0.33Hf0.67Y1.83 as opposed to Y2Hf2O7 (see 

Table 9.3), but further experimental analysis will be required to confirm these initial 

observations.     

Additionally, a theoretical ro ratio between the two presumed dispersoid types for 

each CR-alloy (i.e., (roHf) and (roTi)) can be determined using a simple geometrical 

relationship of the dispersoid molar volumes, assuming an equivalent number of 

moles (Equation 102-Equation 104).  This comparison predicts an ro ratio of ~1.6 

between the two phases, which is in quite good agreement with the experimentally 

determined ro ratio value of ~1.6 (see Table 9.5) 

  
         

  
 

 

 Equation 102 

   

 

 
    

  
  

 
    

  

 

 Equation 103 

   

  
  

  
  
      

 Equation 104 

   
   

Overall, the decrease in molar volume associated with mixed Y-Hf-O compared to 

Y2Ti2O dispersoids (see Table 9.3) accounts for an expected ~3.5 times decrease in 

coarsening rate between the dispersoids found in CR-164HfY and CR-166TiY, in 

contrast to the experimental value indicating an ~7 times decrease.  This indicates 
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that other factors might also be influencing the coarsening rate difference between 

the dispersoids (e.g., interfacial energy or multi-component coupled diffusion [226]). 

The product of Vm and σint (see Equation 101) can be thought of as a scalar for change 

in chemical potential at the dispersoid-matrix interface (see Equation 105) [80]. 

         
 

 
 

 Equation 105 

   

Where, Δµ is change in chemical potential and 2/r is the curvature of the spherical 

dispersoid. 

Thus, a decrease in Vm can lower the Δµ for a given dispersoid radius, by reducing 

the Gibbs-Thompson solubility and lessening the concentration gradient at the 

dispersoid interface, resulting in slower coarsening kinetics.   

This analysis postulates that strategic additions of Hf can be used to modify the 

resulting dispersoid crystal structure and corresponding Vm, which has been 

suggested as an effective method for increasing dispersoid thermal stability.   

These preliminary findings are quite interesting and offer a possible explanation for 

the increased thermal stability gained through the addition of Hf over Ti in Fe-based 

oxide dispersion forming powders [137, 231], but further experimental trials will be 

necessary to confirm this mechanism.    

9.6 Summary 

Gas atomization reaction synthesis (GARS) was used to produce two oxide 

dispersion forming ferritic stainless steel alloys (i.e., Fe-Cr-Y-(Hf or Ti)).  

Modification to the atomization pour tube geometry was found to influence melt 

delivery and subsequent atomization characteristics, which effectively doubled the 

oxidation rate between the two alloys.  Elevated temperature heat treatment of the 

consolidated powders promoted an internal O exchange reaction between 
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metastable Cr-enriched prior particle boundary oxide and Y-containing IMC 

precipitates, leading to the formation of mixed nano-metric Y-(Hf or Ti)-O 

dispersoids.  The dispersoids were preliminarily identified as Y0.33Hf0.67O1.83 or 

Y2Hf2O7 in the Hf-containing alloy and as Y2Ti2O7 in the Ti-containing alloy.  

Extended heat treatments at 1200°C found reduced coarsening kinetics associated 

with the Y-Hf-O dispersoids compared to Y-Ti-O dispersoids.  A decrease in molar 

volume associated with the mixed Y-Hf-O dispersoid phase was offered as an 

explanation for increased dispersoid thermal stability.      
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Chapter 10. Reactive Gas Atomization Processing for Fe-based ODS 

Alloys 

 

A paper published in: Journal of Nuclear Materials, 2011, In Press, DOI: 

10.1016/j.jnucmat.2011.08.015 

 

J.R. Rieken1,2,3, I.E. Anderson4, M.J. Kramer4, G.R. Odette5, E. Stergar5, and E. Haney5 

 

10.1 Abstract 

Gas atomization reaction synthesis was employed as a simplified method for 

processing oxide dispersion forming precursor Fe-based powders (e.g., Fe-Cr-Y-Hf).  

During this process a reactive atomization gas (i.e., Ar-O2) was used to oxidize the 

powder surfaces during primary break-up and rapid solidification of the molten 

alloy.  This resulted in envelopment of the powders by an ultra-thin (t < 50nm) 

metastable Cr-enriched oxide shell that was used as a vehicle to transport oxygen 

into the consolidated microstructure.  Subsequent elevated temperature heat 

treatment promoted thermodynamically driven oxygen exchange reactions between 

trapped films of Cr-enriched oxide and internal (Y,Hf)-enriched intermetallic 

precipitates, resulting in highly stable nano-metric mixed oxide dispersoids (i.e., Y-

Hf-O) that were identified with X-ray diffraction.  Transmission electron microscopy 

and atom probe tomography results also revealed that the size and distribution of 
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the dispersoids were found to depend strongly on the original rapidly solidified 

microstructure. To exploit this, several oxide dispersion strengthened 

microstructures were engineered from different powder particle size ranges, 

illustrating microstructural control as a function of particle solidification rate.  

Additionally, preliminary thermal-mechanical processing was used to develop a fine 

scale dislocation substructure for ultimate strengthening of the alloy. 

10.2 Introduction 

Oxide dispersion strengthened (ODS) ferritic alloys contain a large number density 

of nano-metric oxide particles that impede dislocation movement and stabilize the 

alloy microstructure [3, 5, 6].  This enhanced microstructural stability promotes 

improved elevated temperature mechanical properties and strong resistance to 

neutron induced void swelling, making ODS ferritic steels an attractive candidate 

for use as fuel cladding or structural materials in future generation nuclear systems 

[1, 2, 9, 10, 13, 202, 236, 237].   

Traditionally, ODS ferritic alloys are fabricated using a multi-step series of 

mechanical alloying by means of ball milling, hot consolidation, and final thermal-

mechanical processing [11, 99, 101].  This manufacturing route has proven the ability 

to generate a nano-scale ODS microstructure within specific ferritic alloys (e.g., 

nanostructured ferritic alloys or NFAs) [13], but the intrinsic complexity of this 

process faces several developmental challenges.  Some of these challenges, as 

described by Odette et al.[9], include reducing the overall cost of precursor oxide 

dispersion forming particulate, controlling alloy and microstructure homogeneity 

(and impurities), batch-to-batch variability, and preventing anisotropic 

microstructure formation during hot consolidation and subsequent thermal-

mechanical processing. 

Gas atomization reaction synthesis (GARS) was employed as a simplified approach 

to generate precursor oxide dispersion forming powders directly, thus eliminating 
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the time intensive mechanical alloying step from the ODS fabrication series [14].  

This high-throughput rapid solidification process utilizes a reactive atomization gas 

(i.e., Ar-O2) to surface oxidize nascent ferritic alloy (e.g., Fe-Cr-Y-Hf (or Ti)) droplets 

in situ during primary disintegration of the molten metal.  The rapid reaction 

kinetics associated with GARS promotes the formation of a nano-metric metastable 

Cr-enriched surface oxide layer.  This metastable oxide phase is used as a vehicle to 

transport a prescribed amount of O into the consolidated microstructure, where it 

resides along prior particle boundaries (PPBs).  Elevated temperature heat 

treatments then are used to drive solid-state internal O exchange reactions between 

this metastable oxide phase and Y-enriched intermetallic precipitates, forming 

highly stable nano-metric mixed oxide (i.e., Y-(Hf or Ti)-O) dispersoids throughout 

the alloy microstructure [179, 231].  These alloys are termed ―chemical reservoir‖ 

(CR) alloys due to the unique O exchange reaction between the strategically 

distributed metastable Cr-enriched oxide phase (i.e., O reservoir) and Y-enriched 

intermetallic precipitates (i.e., Y reservoir).   

In this study a select series of alloy microstructures engineered from varying 

powder size ranges were examined to identify the relationship between initial as-

solidified powder microstructure and resulting ODS microstructure.  The influence 

of solidification rate and apparent solute segregation will be discussed as a method 

for controlling the ODS microstructure using this simplified GARS processing 

approach.        

10.3 Experimental 

The nominal atomization charge chemistry is displayed in Table 9.1 [206].  The 

charge was loaded into the experimental gas atomization system and the 

atmosphere in the melting chamber and (connected) atomization system was 

evacuated with a mechanical pump to < 26.6 Pa prior to backfilling to 111 kPa of 

high purity Ar.  Melting was performed in a yttria (Y2O3) painted zirconia (ZrO2) 
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bottom pour crucible and superheated to 1700°C.  The melt pour was initiated by 

raising a pneumatically actuated Y2O3 painted alumina (Al2O3) stopper rod, which 

allowed the molten alloy to flow through a plasma sprayed Y2O3 lined ZrO2 pour 

tube. 

Table 10.1.  Resulting CR-156 alloy composition with respect to powder particle size: CR-A) 20-
53µm, CR-B) 5-20µm, and CR-C) dia. < 5µm 

Alloy Powder Size Fe (at.%) Cr (at.%) Y (at.%) Hf (at.%) O (at.%) 

CR-156YHf Nominal Bal. 16.00 0.31 0.12 - 

CR-156YHf (CR-A) 20-53µm Bal. 15.84 0.18 0.11 0.38 

CR-156YHf (CR-B) 5-20µm Bal. 15.84 0.18 0.11 0.76 

CR-156YHf (CR-C) Dia. < 5µm Bal. 15.84 0.18 0.11 1.45 

 

Upon exiting the pouring orifice, the melt was immediately impinged by the 

reactive atomization gas.  This gas contained 0.12 vol.% O2 mixed with high purity 

Ar and was directly injected through the high pressure close-coupled atomization 

die at a pressure of 6.9MPa.   

The resulting as-atomized powders were classified into three size divisions, 

measuring 20-53µm, 5-20µm, and dia. < 5µm prior to chemical or microstructural 

evaluation and will be referred to hereafter as CR-A, CR-B, and CR-C, respectively 

(see Table 9.1).  The bulk O content for each powder range was measured using an 

inert gas fusion (LECO-type) analyzer, while the percentage of each metallic 

constituent was identified using inductively coupled plasma / mass spectroscopy 

(ICP/MS).   

Powders representing each size division were blended with 70 vol.% Cu (dia.< 

20µm), sealed in latex bags, and cold isostatically pressed (CIPed) at a pressure of 

413MPa for ~60s.  These cold compacts were then impregnated with epoxy and 

cross-sectioned for microstructural analysis.  Additionally, loose powders from each 
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size division were blended with small granules of conductive BakeliteTM and warm 

pressed to form a consolidated mount, in preparation for electron probe 

microanalysis (EPMA).   

Separately, as-atomized powders from CR-A and CR-B were placed into individual 

316L stainless steel cans measuring 25.4mm in dia. x 127mm in length (see Figure 

10.1a), while as-atomized powders from CR-C were placed into a 316L stainless steel 

can measuring 6.3mm in dia. x 76.2mm in length.  Each can was evacuated to a 

pressure of ~10-4 Pa, outgassed at 415°C for 1hr, and electron-beam welded shut 

using a 316L stainless steel cap (see Figure 10.1a).  The atomized powders then were 

consolidated using hot isostatic pressing (HIPing) at 700°C with 200MPa pressure 

for 4hrs.  An example of the as-consolidated rod from CR-A can be seen in Figure 

10.1b.   

The as-HIPed rods then were heat treated under vacuum (~10-4 Pa) at 1200°C for 

2.5hrs.  This heat treatment schedule had previously been reported as an effective 

method for forming nano-metric oxide dispersoids within similar CR-alloys [231].    

 

Figure 10.1.  (a) 316L stainless steel HIP can and cap and (b) as-HIPed rod made from CR-A 

 

Following heat treatment, sample bars were fabricated from each heat treated rod.  

These bars measured 13.5mm x 13.5mm x 43.6mm (Figure 10.2a) and 13.5mm x 

8.5mm x 13.5mm (Figure 10.2c), respectively.  Each bar was cold rolled (at room 

temperature) to an ~80% reduction in area (RA) using 10% RA increments without 

intermediate anneals.  A small section was cut from the end of each cold rolled bar 



255 
 

following every ~20% RA stage (Figure 10.2b and d) in the progression.  These 

sections were further segmented and annealed at 500°C or 600°C for 1hr in air.  

The microhardness of each cold rolled and annealed specimen was measured using 

Vickers diamond pyramid indentation with a 500gm load.  The average of 10 

consecutive indentations for each segmented sample was plotted for each data point.    

 

Figure 10.2.  Sample bars prior to cold rolling (a and c) and cross-sectioned bars following 20-80% 
RA (b and d), where samples in a) and b) were made from powders with dia. of 20-53µm (CR-A) 

and c) and d) were made from powders with dia. of 5-20µm (CR-B) 

 

Surface analysis of the as-atomized powder particles was conducted using a JEOL 

JAMP 7830F scanning Auger microprobe (SAM) with a hemispherical auger electron 

spectrometer (AES) and Ar-ion sputtering gun for depth profiling.  The surface and 

interior microstructure of the powders was examined using a JEOL 5910LV scanning 

electron microscope (SEM) with energy dispersive spectrometer (EDS).  Chemical 

mapping of the surface shell and interior microstructure was carried out using 

EPMA (Cameca SX100) at the University of California Santa Barbara (UCSB). The 

rapidly solidified powders were also characterized using an Imago local electrode 

atom probe (LEAP 3000X-HR), at UCSB. The atom probe tomography (APT) 

samples were prepared using a focused ion beam (FIB) microscope.  Powders from 

CR-B and CR-C were extracted and mounted on pre-shaped Si-stubs and 
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subsequently sharpened with the FIB.  APT measurements of the medium sized 

powders (CR-B) were carried out in laser mode at an energy <0.2nJ at approximately 

-213°C (~60K). The measurements of the finest powders (CR-C) were carried out in 

voltage mode using a 0.2 pulse fraction, again at a temperature of approximately -

213°C (~60K).  The APT data was analyzed using the Imago-IVAS reconstruction 

software. 

The HIPed and heat treated alloy microstructures were analyzed using a Hitachi S-

2460N SEM with EDS.  The nano-metric features present in the HIPed and heat 

treated samples were characterized using a Tecnai G2 F20 transmission electron 

microscope (TEM) at 200 keV.  Miniature cylinders measuring 3mm in dia. x 10mm 

in length were cut from HIPed and heat treated rods using wire electro-discharge 

machining.  These cylinders were subsequently sliced into 1mm thick disks, ground 

flat using 400 and 600 SiC grit paper, polished using 6.0μm and 1.0μm diamond 

polishing compound, and mechanically dimpled to a thickness of ~20μm in 

preparation for TEM analysis.  Specimens containing powders from CR-A were then 

dual jet polished using an electrolytic solution for stainless steels (i.e., 700ml 

methanol, 120ml distilled water, 100ml glycerol, and 80ml perchloric acid) at -21°C, 

while specimens containing powders from CR-B and CR-C were Ar-ion milled to 

perforation using a milling angle of 15° at -90°C. 

The dislocation substructure developed during cold rolling of the heat treated bars 

to a reduction in area of ~80% followed by a 1hr anneal at 500°C in air was 

examined using the aforementioned TEM.  These TEM samples also were prepared 

using the previously described method consisting of dual jet polishing.  

The presence of Y-enriched nano-metric oxide dispersoids was verified within each 

step of this simplified process using a Phillips PANalytical X-Pert Pro Diffraction 

System with Co-Kα radiation.  A scanning real time multiple strip (RTMS) X-ray 

detector was used with an active length of ~0.05Q (Å-1).   Diffraction data was 
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collected from 1.8-4.8Q (Å-1) with a step size of 5x10-4 Q and a dwell time of 500s per 

step.  It should be noted that the heat treated XRD specimen from CR-C contained a 

much smaller cross-sectional area compared to CR-A and CR-B, resulting in 

significantly reduced counts. 

10.4 Results 

The resulting alloy chemistry for each powder size division is listed in Table 9.1.  It 

should be noted that this CR-alloy contained an excess nominal concentration of Y to 

account for oxidation losses (~42 at.%) that were determined (roughly) to occur 

during the melting procedure.  As part of our efforts to improve control of the Y-

addition, pre-alloyed Fe-Y pieces (i.e., Fe-23.7Y at.%) were added to the CR-alloy 

charge in place of pure Y, to reduce the oxidation kinetics and limit Y loss during 

melting. 

The extent of Y loss is thought to be indirectly related to the O2 content within the 

melting chamber atmosphere.  For this reason, an O2 gettering furnace (max. 

temperature of 650°C) was adapted to the atomizer melting chamber in combination 

with an O2 sensor, in order to better replicate the melting atmosphere environment 

and permit prediction of Y loss during future atomization trials.  These 

modifications resulted in similar Y loss (~57 at.%) during GARS processing of two 

related CR-alloys, i.e., although an increase in Y loss was recorded, the goal of 

controlling Y loss was achieved [238].  Further improvements to the melting 

procedure (e.g., incorporating the ability to add late alloy additions) will be 

evaluated in the future.                

10.4.1 As-atomized microstructure 

An example of the as-atomized powder morphology for each powder size division is 

displayed in Figure 10.3a-c.  Most of the powders were found to be primarily 

spherical in shape.  However, several of the larger powders (CR-A) contained 

satellite particles and surface dimples (see arrows in Figure 10.3a) caused by 
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particle-particle collisions that occur between smaller solidified powders and larger 

semi-solid powders.  On the other hand, various smaller powders (CR-C) seemed to 

have solidified prior to succumbing to the effects of surface tension, resulting in a 

pillow-like morphology (see arrows in Figure 10.3c).  These slight variations in 

surface morphology provide some insight into the solidification rate experienced by 

individual powders. 

Following atomization, the resulting O content associated with the as-atomized 

powders was found to scale inversely with powder size (see Table 9.1), as surface 

area to volume ratio increases.  Surface chemistry analysis revealed a primary 

enrichment of Cr (dark blue line) and O (dark green line) at the as-atomized powder 

surface (see Figure 10.3d-f) for each size division of powders, which provided 

evidence of Cr-enriched surface oxide phase formation during this GARS process.  

Furthermore, this qualitative analysis indicates that the chemistry of this surface 

oxide layer becomes more O-enriched compared to Cr as particle size decreases.   

The thickness of the surface oxide layer was taken to be the midpoint between the 

maximum and minimum intensity value for O, which resulted in average thickness 

measurements of 33nm, 24nm, and 9nm for as-atomized powders from CR-A, CR-B, 

and CR-C, respectively (see vertically dashed line in Figure 10.3d-f).  It also can be 

seen that the thickness of the oxide layer increases with particle size, suggesting that 

this rapid oxidation reaction is sensitive to particle cooling rate (i.e., as expected, 

coarser particles cool slower).  

Cross-sectional analysis of the as-CIPed powders showed that CR-A and CR-B 

contained significant microsegregation at the as-solidified cellular boundaries, but 

the powders from CR-C were found to contain an apparent single phase or highly 

refined solidification structure (see Figure 10.4a-c).  Additionally, EDS 

measurements indicated that the light contrast phase found at the cell boundaries in 

CR-A and CR-B was enriched in Y and Hf (see arrows in Figure 10.4a and b), 
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providing evidence of solute rejection upon solidification in these powders.  

Furthermore, no observable chemical difference was detected at (apparent) grain 

boundaries in CR-C (see arrows in Figure 10.4c), indicating that significant solute 

trapping or nano-metric chemical segregation occurred during solidification of these 

ultra-fine powders.   

 

Figure 10.3.  As-atomized powder morphology with accompanying AES depth profile: a) and d) 
were made from 20-53µm (CR-A), b) and e) were made from 5-20µm (CR-B), and c) and f) were 

made from dia. < 5µm (CR-C) 

 

 

Figure 10.4. Cross-section SEM analysis of as-CIPed powders: a) 20-53µm (CR-A), b) 5-20µm (CR-
B), and c) dia. < 5µm (CR-C) 
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EPMA chemical mapping confirmed that the as-solidified cell boundaries in CR-A 

and CR-B were enriched in Y and Hf (see arrow in example Figure 10.5a, d and e).  

These results also identified a slight Fe and Cr denuded zone located near the 

surface of the powders, in conjunction with slight O enrichment, and although this 

layer is too thick to represent the metastable surface oxide layer it might indicate the 

O depth of penetration during this GARS process (see arrow in example Figure 

10.5b, c and f).   

 

Figure 10.5.  An example of the EPMA chemical maps used to identify Y and Hf microsegregation 
in as-atomized powders from CR-B:  a) backscattered electron (BSE) image, b) Fe, c) Cr, d) Hf, e) Y, 

and f) O 

 

10.4.2 As-HIPed microstructure 

Low temperature HIPing (700°C -200MPa - 4hrs) was used to consolidate the as-

atomized particles and encourage nucleation of fine Fe-(Y,Hf) intermetallic 

precipitates from super-saturated regions within the rapidly solidified 
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microstructure, while limiting internal O exchange reactions.  This processing step 

allows the opportunity to study the microstructure evolution of these CR-alloy 

powders prior to dispersoid formation. 

An example of the as-HIPed microstructure for each powder size division can be 

seen in Figure 10.6.  This consolidation procedure resulted in a fully dense 

microstructure for CR-A and CR-B, but was unsuccessful at eliminating porosity 

within CR-C (see arrows in Figure 10.6c).  This result was unexpected, since 

sintering kinetics are known to accelerate in powders with increased specific surface 

area [239].  For this reason, it seems that the primary impediment to consolidation 

was the lack of plastic deformation (needed to expand the interparticle contact area 

and to minimize open porosity), not the lack of diffusion, and that the powders from 

CR-C exhibited an increased yield strength compared to CR-A and CR-B. 

 

Figure 10.6.  Resulting as-HIPed microstructures following low temperature consolidation (700°C - 
200MPa - 4hrs) of the size classified powders:  a) with dia. of 20-53µm (CR-A), b) with dia. of 5-

20µm (CR-B), and c) with dia. < 5µm (CR-C) 

 

The metastable Cr-enriched surface oxide layer was observed to reside along prior 

particle boundaries (PPBs) within the as-HIPed microstructures (see dark arrows in 

Figure 10.6a and b).  Additionally, microsegregation of Y and Hf was again 

identified at retained remnants of as-solidified cell boundaries in CR-A and CR-B 

(see light arrows in Figure 10.6a and b).  These results reveal that the microstructure 

of the powders, at this size scale, is seemingly unchanged compared to the as-
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solidified microstructure (see Figure 10.4), signifying that this consolidation time 

and temperature were insufficient to activate the O exchange between the Cr-

enriched oxide phase and (Y,Hf)-enriched cell boundary regions.   

TEM was used to resolve features within the as-HIPed microstructure at a much 

finer size scale.  The fragile nature of these low temperature consolidated TEM 

samples limited the area that could be observed.  These results revealed the internal 

structure for one of the previous as-solidified cells within CR-A (see Figure 10.7a) 

highlighted by larger features along the cell boundary (see dark arrow in Figure 

10.7d) with numerous nano-metric features located near the edge of the boundary 

(see light arrow in Figure 10.7d). Similar nano-metric features were found to be 

distributed more uniformly throughout the microstructure in CR-B and CR-C 

(Figure 10.7b and c).  The size of these nano-metric features in CR-C ranged between 

2-6nm (see Figure 10.7f) with a number density of ~4x1022 m-3 (number densities 

were estimated assuming a TEM foil thickness of 100nm).  This large number 

density of fine precipitates could explain the aforementioned apparent increase in 

yield strength associated with CR-C.  

These features have been identified as Fe-(Y,Hf) (e.g., Fe17(Y,Hf)2 and Fe2(Hf,Y)) 

intermetallic compound (IMC) precipitates using XRD (results not shown).  

Additionally, APT measurements confirmed the presence of similar features within 

the as-atomized powders, which contain both Y and Hf with large concentrations of 

Fe (see Figure 10.15 in Section 10.5 below).  It seems that considerable amounts of Y 

and Hf were rejected from solution in the α-(Fe,Cr) lattice during rapid solidification 

of the largest powders (CR-A) and significant solute pile-up at the as-solidified cell 

boundaries lead to the formation of larger elongated intermetallic precipitates.  On 

the other hand, small amounts of solute trapping appear to have occurred near the 

cell boundaries in the intermediate sized (CR-B) powders, leading to the formation 

of some larger IMC particles and many smaller intermetallic precipitates.  Notably, 
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significant solute trapping was apparent throughout the microstructure in the finest 

powders (CR-C), which lead to the formation of a higher number of smaller, 

uniformly distributed intermetallic precipitates.  These nano-metric precipitates 

could have formed immediately after solidification due to recalescence effects or, 

perhaps, during this low temperature (700°C) HIPing procedure.   

 

Figure 10.7. TEM micrographs following low temperature HIP consolidation (700°C - 200MPa - 
4hrs) of the size classified powders:  a) and d) with dia. of 20-53µm (CR-A), b) and e) with a dia. of 

5-20µm (CR-B), and c) and f) with a dia. < 5µm (CR-C) 

 

10.4.3 As-reacted microstructure 

Elevated temperature heat treatment (1200°C - 2.5hrs) was used to drive O exchange 

between the metastable Cr-enriched PPB oxide and Y-enriched IMC precipitates, 

promoting the formation of Y-enriched nano-metric oxide dispersoids.  
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Examples of the resulting heat-treated microstructure for each powder size class are 

shown in Figure 10.8a-c.  Only limited amounts of residual (Y,Hf)-enriched 

intermetallic phase could be identified in CR-A and CR-B (see arrows in Figure 10.8a 

and b), and the PPB oxide seemed to be fully dissolved.  Conversely, small amounts 

of residual PPB oxides were found within the microstructure of CR-C (see arrows in 

Figure 10.8c) accompanied by a large population of nano-metric features uniformly 

distributed in the grains (Figure 10.9f).  These results seem to provide clear evidence 

of an apparent O exchange reaction between the metastable Cr-enriched PPB oxide 

phase and (Y,Hf)-intermetallic precipitates.  

Furthermore, these results highlight the importance of achieving an ideal balance of 

dispersoid forming elements (Y, Hf, and O) and a realistic (empirical) selection of 

the final oxide stoichiometry within the atomized powders prior to consolidation.  

For example, significant solute trapping and sufficient O is required for the uniform 

formation of nano-metric oxides throughout the CR-alloy microstructure that begins 

with dia. < 5µm particles (CR-C).  On the other hand, the GARS process could be 

tuned for a specific particle size range (e.g., CR-B) and a fixed (resulting) Y 

concentration with the desired O concentration, in order to achieve this ideal 

balance.  

 

Figure 10.8.  Resulting heat treated microstructures (1200°C - 2.5hrs - Vac.) of  as-HIPed samples 
made from:  a) 20-53µm (CR-A), b) 5-20µm (CR-B), and c) dia. < 5µm (CR-C). 
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The resulting Y-enriched nano-metric oxide dispersoids were identified using TEM.  

The heat treatment resulted in the formation of ~0.5 vol.% oxide dispersoid phase 

throughout the CR-alloy microstructure.  The distribution and size of the 

dispersoids varied significantly between the three powder classes (see Figure 10.9a-

c).  The dispersoids identified in CR-A seemed to be primarily distributed along 

previous as-solidified cell boundaries, and manifested a globular morphology, with 

a size range from ~20-50nm and a number density of ~3x1021m-3 (see Figure 10.9d).  

Dispersoids found in CR-B were spaced more closely, but still appeared to be 

arranged in a network, possibly resulting from a more refined cellular solidification 

structure.  These dispersoids had a near spherical morphology with diameters 

ranging from ~5-20nm and a number density of ~8x1021m-3 (see Figure 10.9e).  A 

region with a large cluster of dispersoids also was identified in CR-B (see arrow in 

Figure 10.9b), which could have originated from a local region with higher Y content 

(e.g., an as-solidified cell boundary triple junction).  The spherical dispersoids found 

in CR-C seemed to be distributed uniformly throughout the alloy microstructure, 

with a diameter of ~3-12nm and a number density of ~3x1022m-3 (see Figure 10.9f).  

Notably, the resulting dispersoids in all three powder size classes seemed to 

approximately mimic the spatial and size distribution of the precursor Y-enriched 

intermetallic precipitates.  Identification of the dispersoid phases was carried out 

using XRD (see Figure 10.12 in Section 4.2 below). 
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Figure 10.9. TEM micrographs of the heat treated (1200°C - 2.5hrs - Vac.) as-HIPed samples made 
from powders with:  a) and d) dia. of 20-53µm (CR-A), b) and e) dia. of 5-20µm (CR-B), and c) and f) 

dia. < 5µm (CR-C) 

 

10.4.4  Microhardness evaluation 

Cold rolling of CR-A and CR-B in the as-heat treated condition was used to develop 

a fine scale dislocation substructure throughout the alloy microstructure, following 

the example of strengthening in MA956 [5].  The cold deformation was followed by 

a low temperature anneal (600°C or 500°C) to recover dislocations to dispersoid 

boundaries. 

Microhardness measurements were used to evaluate the work hardening rate of 

these CR-alloys and to identify a suitable annealing temperature for a given amount 

of cold deformation or strain (i.e., amount of stored energy).  The average 
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microhardness data with standard deviations in the as-heat treated, as-cold rolled, 

and as-annealed condition are shown in Figure 10.10.     

The microhardness of CR-A, CR-B, and CR-C in the as-heat treated condition were 

137±3 Hv, 158±5 Hv, and 185±8 Hv, respectively.  This systematic increase in 

hardness is likely a combined effect of decreasing powder grain size (Hall-Petch), in 

conjunction with an increasing oxide dispersoid number density and uniformity (see 

Figure 10.9). 

Bars machined from as-heat treated CR-A and CR-B were subsequently cold rolled 

up to an ~80% reduction in area (RA) [240].  Examples of the cold rolled bars are 

shown in Figure 10.2.  The cold deformation did not produce observable 

macroscopic damage, except for the ~80% RA pass for CR-B, which resulted in crack 

formation through the transverse face at the leading edge of the sample bar (see 

arrow in Figure 10.2d).  This crack likely formed as a result of the reduced sample 

thickness, in coincidence with large amounts of stored energy and reduced ductility 

at this stage in the deformation process.   

Notably, both as-deformed CR-A and CR-B were found to generally have similar 

work hardening rates (see solid green and blue line in Figure 10.10, respectively), 

maintaining a consistent microhardness difference of ~20-30 Hv over the range of 

deformation. The apparent work hardening rate was higher in the range from 0 to 

~20% RA, followed by a roughly linear trend with increasing strain.  The 

microhardness values at ~80% RA for CR-A and CR-B were 282±4 and 315±6 Hv, 

respectively.   

The microhardness results measured in CR-A and CR-B following a 1hr anneal at 

600°C are shown in Figure 10.10 as a coarse dashed green and coarse dashed blue 

lines, respectively.  Cold worked CR-A exhibited apparent uniform microhardness 

recovery except at an 80% RA, where the microhardness decrease was roughly twice 
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as large. This behavior may signal dislocation recovery at the lower strains and 

partial recrystallization at ~80% RA.  In contrast, microhardness recovery in CR-B 

was larger at the lowest ~20% RA compared to strains of 40 and 60% RA.  The 

hardness recovery in CR-B was largest at 80% RA, again possibly signaling partial 

recrystallization. 

 

Figure 10.10.  Resulting alloy microhardness following dispersoid formation and subsequent cold 
rolling and annealing trials on samples made from size classified powders identified as CR-A 

(green), CR-B (blue), and CR-C (red) 

 

In order to prevent the apparent partial recrystallization occurring in ~80% cold-

worked alloys at 600°C, the annealing temperature was reduced to 500°C for 1hr in 

air.  The resulting microhardness values for CR-A of 259±5 Hv and CR-B of 296±6 
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Hv are shown in Figure 10.10 by the solid green and blue diamonds, respectively.  

The recovery at 500°C is consistent with that observed at the 40 and 60% RA at 

600°C (see fine dashed green line and fine dashed blue line in Figure 10.10).  These 

CR-alloy values are compared to average microhardness reported for MA956 (~275 

Hv) and MA957 (~340 Hv) [119, 198].  The microhardness value used for 

comparison to PM2000 is a combined average (291±14 Hv) between an 

experimentally determined value of 312±20 Hv and a reported value of 270±8 Hv for 

the as-received condition [241].  The microhardness of CR-A and CR-B are 

approximately equal to those of MA956 and PM2000, respectively.  

10.5 Further Evaluation, Analysis and Discussion 

10.5.1 GARS process control 

The rapid oxidation kinetics associated with this GARS reaction has been found by 

experiment to scale linearly with O concentration in the reactive atomization gas 

(Figure 10.11).  It is believed that a consistent partial pressure of O2 (po2), defined by 

the reactive gas chemistry, is formed around the local atomization zone, thus 

dictating the rate of oxidation during GARS processing.  Further GARS experiments 

will be required to better understand and model this rapid oxidation process, but 

early results have shown a reasonable ability to predict as-atomized O content for 

larger particle size classes (see horizontally dashed line in Figure 10.11).  But while 

this empirically developed relationship has proven to work well in predicting the O 

content for as-atomized powders in the size range of CR-A (20-53µm) and larger, it 

will require further tuning to accurately predict O content in powders within the 

range of CR-B or CR-C (5-20µm or dia. < 5µm), which have significantly greater 

surface area to volume ratios.   
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Figure 10.11. Resulting O content as a function of reactive atomization gas concentration for 
several (labeled) close size fractions 

 

10.5.2 Microstructural evolution 

This GARS process promoted the formation of an ultra-thin (t < 50nm) metastable 

Cr-enriched surface oxide layer (see Figure 10.3), which encase the CR-alloy 

powders during rapid solidification.  Upon low temperature consolidation, this 

metastable phase was locked into position along internal PPBs (Figure 10.6).  

Trapping the metastable Cr-enriched oxide phase internally is thought to further 

reduce the oxide stability by lowering the O activity along the phase boundary, 

seemingly creating a near perfect vacuum for the ensuing dissociation and O 

exchange process.  As a result, elevated temperature heat treatments were successful 

in dissociating this PPB oxide, allowing O to diffuse towards the interior of the 

powder particle driven by a concentration or chemical potential gradient.  The O 
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was subsequently consumed through internal oxidation of Fe-(Y,Hf) intermetallic 

precipitates, resulting in the formation of more thermodynamically stable mixed 

nano-metric Y-Hf-O dispersoid phases, in the case of CR-C, located throughout the 

alloy microstructure (see Figure 10.9 and Figure 10.12).    

This type of O exchange reaction is described as diffusionless internal oxidation 

[182], given that the rate of reaction is controlled by the internal diffusion of only 

interstitial O, since both reactive metal species (i.e., Y and Hf) have limited solubility 

and diffusivity in the α-(Fe,Cr) matrix.  In the case of CR-C the internal O exchange 

reaction allows for fine scale oxide dispersoid formation throughout the 

microstructure.  More generally, internal patterns of Fe-(Y,Hf) intermetallic 

precipitates, that form (most likely) upon rapid solidification (Figure 10.6 and Figure 

10.7), are transformed into nano-metric oxide dispersoids.  That is, the chemistry, 

size, and distribution of these oxide dispersoids is intrinsically linked to the 

precursor intermetallic chemistry, size, and distribution (see Figure 10.9 and Figure 

10.12).     

The oxide dispersoid chemistry was found to be influenced not only by the 

precursor intermetallic chemistry, but also by the initial O content in the as-

atomized powders.   Precursor intermetallic precipitates were found to contain both 

Y and Hf (Figure 10.5 and Figure 10.15) and are believed to be either Fe17(Y,Hf)2 or 

Fe2(Y,Hf) IMC phases based on preliminary XRD and APT results.  These precursor 

phases were internally oxidized during elevated temperature heat treatment, 

resulting in the formation of mixed Y-Hf-O nano-metric oxide dispersoids (see XRD 

results in Figure 10.12).  It should be noted that only CR-C contained a uniform 

distribution with dispersoids (dia. < 10nm) throughout the α-(Fe,Cr) matrix.  

The presence of Y, Hf, and O within the dispersoids also was confirmed using 

energy filtered TEM (see example in reference [231]).  However, the specific 

dispersoid phase in each powder size class was found to contain a different crystal 
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structure (see XRD data in Figure 10.12).  These dispersoids seem to form as Hf-

modified Y2O3 (CR-A), Y2Hf2O7 (CR-B), and Y-modified HfO2 (CR-C).  This shift in 

crystal structure seems linked to the initial local chemistry of the precursor Fe-(Y,Hf) 

IMC precipitates.  Additionally, the O content in the powders increases in going 

from CR-A to CR-C, and the corresponding dispersoid phases reflect an increased O 

to Hf + Y ratio, thus, highlighting the importance of O in phase selection.  

Furthermore, the asymmetrical XRD peak shape or shift in peak position associated 

with the dispersoid phases (see displacement of dashed and solid color lines in 

Figure 10.12) is likely related to varying concentrations of Y or Hf within the 

modified oxide structure.  It should again be noted that the heat treated (1200°C) 

CR-C XRD specimen contained a much smaller cross-sectional area compared to CR-

A and CR-B, resulting in significantly reduced counts, but still a distinct peak above 

background.  To verify these observations of peak shifts and oxide structure 

differences, analogous samples from each CR-alloy will be re-examined in the near 

future using high-energy through-penetrating X-rays (where a significantly reduced 

sample size is sufficient: see example in [179]), in order to more accurately 

characterize the dispersoid crystal structure.   

The size and distribution of the nano-metric oxide dispersoids was shown to closely 

mimic that of the precursor intermetallic precipitates (see Figure 10.7 and Figure 

10.9).  The scale of this precursor microstructure is thought to be controlled by the 

rapid solidification rate and cooling rate for a given powder size.  The powders in 

CR-A (20-53µm) and CR-B (5-20µm) contained significant amounts of 

microsegregation, while powders in CR-C (dia. < 5µm) seemed to contain an 

apparent single phase or highly refined microstructure (see APT in Figure 10.15).  

This infers that the ultra-fine (CR-C) powders were successful in solute trapping Y 

and Hf within the α-(Fe,Cr) lattice, by suppressing microsegregation during 

solidification.   
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Figure 10.12.  XRD data revealing dispersoid formation following elevated temperature heat 
treatment of CR-A (green trace and peak marker), CR-B (blue trace and peak marker), and CR-C 

(red trace and peak marker) with reference peak positions (adjacent black dashed lines) for Y2O3, 
Y2Hf2O7, and HfO2 [232, 242, 243] 

 

Achieving such non-equilibrium microstructures is possible through the enhanced 

kinetics of rapid solidification.  This phenomenon has been explained by Glicksman 

[244], through the concept of a kinetic phase diagram (see Figure 10.13), based on the 

work of Chernov et al. [245, 246].  This phase diagram illustrates how equilibrium 

solidus and liquid lines move together with increasing solidification velocity, thus 

approaching the T0 limit [80].  Therefore, the ultra-fine (CR-C) powders must have 

solidified above the threshold solidification rate to suppress Y and Hf segregation.     
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Figure 10.13.  Kinetic phase diagram for an ideal A-B binary alloy adapted from Glicksman [244] 
(created from data produced by Aziz et al. [247]) 

 

Larger undercoolings associated with production of ultra-fine gas atomized 

powders supports the idea of an apparent increased solidification rate found in CR-

C.  These powders are capable of reaching large undercooling, due to the absence of 

heterogeneous nucleation sites or ―motes‖ within each individual particle volume 

[248].  The concept of mote isolation, as described by Turnbull [249], indicates that 

the fraction of ―mote‖ free volume can be significantly enhanced by subdividing a 

melt into finely dispersed particles, thus decreasing radically the probability that a 

given particle will contain a potent nucleation catalyst (see Figure 10.14).   
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Figure 10.14.  Description of mote isolation as a function of volume, where x indicates the fraction 
of mote free volume [248] 

 

Atom probe tomography (APT) was used to evaluate chemical segregation within 

the rapidly solidified powders (see Figure 10.15), specifically comparing CR-B 

(~15µm) and CR-C (~5µm) powders.  A low density of larger Y,Hf-enriched 

intermetallic precipitates were observed in CR-B.  A much higher number density of 

3.5x1022 m-3 Y,Hf-enriched clusters with an average diameter of 3nm were found in 

CR-C (see arrow in Figure 10.15b), in good agreement with the IMC precipitates 

identified in the as-HIPed alloy microstructure (see Figure 10.7f).   The size and 

spacing of these microstructural features provide further evidence that the ultra-fine 

(CR-C) powders solidified at an increased rate, resulting in the formation of a highly 

refined solidification structure containing uniformly distributed Y-Hf enriched 

nano-metric clusters.  APT also provides information on the composition of the 

precipitates. Nominally, they are highly enriched in Fe as well as with smaller 

amounts of Y and Hf.  However, the Fe may be an artifact of APT trajectory 

aberrations. The nominal Y/Hf ratio was found to be ~2.1 in the coarser precipitates 

(CR-B) and ~3.6 in the nano-metric features (CR-C). 
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Figure 10.15.  APT atom maps of the as-atomized powders: a) ~15µm dia. powder (CR-B) and b) 
~5µm dia. powder (CR-C) 

 

10.5.3 Dislocation substructure 

Thermal-mechanical processing was used to develop a fine scale dislocation 

substructure within heat treated samples CR-A and CR-B.  This procedure was 

adapted from previous work reported on the recovery and recrystallization of 

MA956 using various cold swaging and annealing treatments [5], which revealed 

how the balance between driving and dragging forces can influence dislocation 

recovery within the ODS microstructure.  Furthermore, this critical balance was 

shown to depend strongly on the distribution of oxide particles throughout the 

microstructure, which controls deformation homogeneity and effective particle 

pinning forces [5].  

The apparent work hardening rate witnessed in these CR-alloys (Figure 10.10) is 

comparable to other metal systems containing non-deforming hard particles (e.g., 

Cu-BeO) [76].   An initial increased hardening rate (up to ~20% RA) is thought to 

occur due to the formation of Orowan loops around the nano-metric oxide 

dispersoids, which further reduces their effective spacing, and results in large 
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internal stresses [71].  Additionally, further deformation of these CR-alloys resulted 

in a noticeable decrease in work hardening rate, which is likely due to stain induced 

activation of secondary dislocation slip systems [250]. 

The heavily deformed cold rolled samples (i.e., ~80% RA) contained large amounts 

of stored energy which is a large driving force for recrystallization. Subsequent 

annealing of these samples at 600°C seemed to provide the necessary energy for 

boundaries to be sufficiently mobile even when restricted by dragging forces (i.e., 

Zener pinning [230]) of the nano-metric oxide dispersoids, leading to partial 

recrystallization and more significant loss in microhardness than at lower strains 

associated primarily with dislocation recovery processes.  On the other hand, 

annealing these samples at 500°C appeared to limit boundary mobility, encouraging 

dislocation recovery to dispersoid interfaces, resulting in the formation of a fine 

cellular (sub-grain) dislocation substructure throughout the CR-alloy microstructure 

(see Figure 10.16).  This agrees well with the findings of Ritherdon et al. [251], which 

showed a threshold temperature of 570°C for preventing the occurrence of 

recrystallization in as-milled ODS-Fe3Al and PM2000 powders.    

As expected, the cell (sub-grain) size of these dislocation substructures was found to 

closely follow the distribution of nano-metric mixed Y-Hf-O dispersoids in these 

samples (see Figure 10.9).  These results suggest that the dislocation substructure 

pattern is intrinsically linked to the original solidification structure within the as-

atomized powders, i.e., this solidification structure predefines the size and 

distribution of the ensuing oxide dispersoids in these CR-alloys.  This offers the 

unique possibility to engineer specific ODS microstructures through the use of 

selected precursor powder particles.     
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Figure 10.16.  Dislocation substructure after HIP and annealing, followed by ~80% RA and a 1hr 
anneal at 500°C in air in samples made from size classified powders of: a) 20-53µm (CR-A) and b) 

5-20µm (CR-B) 

 

10.6 Summary 

Gas atomization reaction synthesis (GARS) was used as a simplified approach to 

produce precursor oxide dispersion forming ferritic stainless steel powders.  Mixed 

nano-metric Y-Hf-O dispersoids formed through solid state O exchange reactions 

between metastable Cr-enriched oxide and Fe-(Y,Hf) intermetallic precipitates, 

during elevated temperature heat treatment of these precursor powders.  Resulting 

ODS microstructures were shown to be highly dependent on powder particle size 

(i.e., solidification rate).  Small powders with increased amounts of solute trapping 

or highly refined solidification structures resulted in finer and more uniformly 

distributed nano-metric oxide dispersoids.  Selection of powder particle size range 

(i.e., solidification morphology) was shown to be a viable method to control the final 

ODS microstructure.  Thermal-mechanical processing was used to develop a fine 

scale dislocation substructure, which resulted in significant increases (~2X) in alloy 

microhardness. 
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Chapter 11. A Novel Fe-based ODS Fabrication Process 

 

A paper to be submitted to: Metallurgical and Materials Transactions A, 2012 

 

J.R. Rieken1,2,3, I.E. Anderson4, and M.J. Kramer4 

 

11.1 Abstract 

Oxide dispersion forming ferritic stainless steel (i.e., Fe-Cr-Ti-Y-O) powders were 

generated using a novel gas atomization reaction synthesis technique.  During this 

process an ultra-thin metastable Cr-enriched surface oxide layer formed and 

encapsulated the rapidly solidified powders.  This oxide layer was used as a vehicle 

to transport a prescribed amount of solid-state O into the consolidated 

microstructure.  Elevated temperature heat treatment was then used to facilitate 

thermodynamically driven internal O exchange between trapped films of Cr-

enriched oxide and Y-containing intermetallic precipitates, resulting in highly stable 

mixed oxide dispersoids (i.e., Y-Ti-O) that were identified using X-ray diffraction 

and transmission electron microscopy.  Following dispersoid formation, thermal-

mechanical processing was used to fabricate a fine scale dislocation substructure.  A 

series of annealing treatments were used to evaluate the stability of the dislocation 

substructure.  Additionally, preliminary mechanical properties were examined 

using elevated temperature tensile testing.   
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11.2 Introduction 

Oxide dispersion strengthened (ODS) ferritic stainless steel alloys are being 

considered for elevated temperature applications within several types of future 

generation power plants [8, 9, 22, 38].  These alloys contain a large number density 

of nano-metric oxide particles that impede dislocation movement and stabilize the 

intrinsic strengthening effect of the sub-grain structure [3, 70, 80].  As a result, ODS 

materials exhibit excellent thermal stability and improved high temperature 

mechanical properties [1, 2, 113].   

It has been shown that mechanical alloying (MA) by high energy ball milling of gas 

atomized master alloy powder (e.g., Fe-Cr-Ti-W) with nano-metric oxide particulate 

(e.g., Y2O3), followed by hot consolidation and thermal-mechanical processing can 

successfully yield a highly stable nano-scale ODS microstructure [6, 13].  Although 

effective, this conventional processing method faces several of the same 

developmental challenges that limited the widespread use of previously available 

commercial ODS alloys (e.g., MA-956 and PM 2000), including the high cost of MA 

particulate, control of alloy homogeneity and impurities, batch-to-batch variability, 

and anisotropic microstructure formation [9].  

Gas atomization reaction synthesis (GARS) was developed as an economic 

alternative to the complex and time intensive MA process for the streamlined 

production of oxide dispersion forming particulate [14, 15].  This novel process 

utilizes a reactive atomization gas (i.e., Ar-O2) to surface oxidize nascent ferritic 

alloy droplets during primary break-up and rapid solidification of the molten alloy, 

creating a highly robust ultra-thin (t <100 nm) Cr-enriched metastable surface oxide 

layer.  This surface oxide layer is used as a vehicle to transport a prescribed amount 

of solid-state O into the consolidated microstructure.  Elevated temperature heat 

treatment is then used to promote thermodynamically driven O-exchange between 

this Cr-enriched prior particle boundary (PPB) oxide and Y-enriched intermetallic 
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compound (IMC) precipitates, resulting in the formation of highly stable nano-

metric mixed Y-(Ti or Hf)-O dispersoids throughout the alloy microstructure [146, 

179].  These alloys have been termed chemical reservoir (CR) alloys, since dispersoid 

formation is promoted through O-exchange between an O-reservoir phase (i.e., PPB 

oxide) and Y-reservoir phases (i.e., Y-enriched IMC precipitates).  Furthermore, the 

size, distribution, and chemistry of the dispersoids have been linked to the initial 

solidification structure in the rapidly solidified powders, providing a unique ability 

to control the resulting ODS microstructure as a function precursor powder size (i.e., 

powder solidification rate) [146]. 

The aim of this paper is to illustrate the feasibility of this novel reactive gas 

atomization process for the production of ODS ferritic stainless steel alloys with 

distinct types of microstructures.  The resulting ODS microstructures made from 

two different powder size ranges extracted from the same batch of base ferritic alloy 

powder will be compared.  Additionally, results from initial thermal-mechanical 

treatment and elevated temperature tensile properties will be discussed.       

11.3 Experimental 

The nominal atomization charge chemistry for CR-166TiY is displayed in Table 11.1 

[206].  The charge was loaded into the experimental gas atomization system of the 

Materials Preparation Center [206] and the atmosphere in the melting chamber and 

(connected) atomization system was evacuated with a mechanical pump to < 26.6 Pa 

prior to backfilling to 111 kPa of high purity Ar.  The charge was melted in a yttria 

(Y2O3) painted zirconia (ZrO2) bottom pour crucible and superheated to 1725°C.  The 

melt pour was initiated by raising a pneumatically actuated composite (Y2O3-W-

Al2O3) stopper rod [252], which allowed the molten alloy to flow through a plasma 

sprayed Y2O3 lined ZrO2 pour tube. 
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Table 11.1 Resulting CR-166TiY alloy composition with respect to powder particle size: CR-A) dia. 
< 20µm and CR-B) 45-75µm 

Alloy Powder Size Fe (at.%) Cr (at.%) Y (at.%) Ti (at.%) O (at.%) 

CR-166TiY Nominal Bal. 15.95 0.21 0.12 - 

CR-166TiY (CR-A) Dia. < 20µm Bal. 15.91 0.09 0.12 0.49 

CR-166TiY (CR-B) 45-75µm Bal. 15.91 0.09 0.12 0.33 

 

Upon exiting the pouring orifice, the melt was immediately impinged by the 

reactive atomization gas, following the GARS procedure [14, 15].  This gas contained 

0.19 vol.% O2 mixed with high purity Ar and was directly injected through the high-

pressure close-coupled atomization die at a pressure of 6.5MPa.   

The resulting as-atomized powders were mechanically sieved into specific size 

divisions for this study, measuring dia. < 20μm and 45-75μm prior to chemical and 

microstructural evaluation and will be referred to hereafter as CR-A and CR-B, 

respectively (See Table 9.1).  The bulk O content for each powder range was 

measured using an inert gas fusion (LECO) analyzer, while the percentage of each 

metallic constituent was identified using inductively coupled plasma / mass 

spectroscopy (ICP/MS).   

Powders representing each size division were blended with 70 vol.% Cu (dia.< 

20µm), sealed in latex bags, and cold isostatically pressed (CIPed) at a pressure of 

413 MPa for ~60 s.  These cold compacts were then impregnated with epoxy and 

cross-sectioned for microstructural analysis.   

Separately, as-atomized powders from CR-A and CR-B were placed into individual 

316L stainless steel cans measuring 25.4 mm in dia. x 127 mm in length.  Each can 

was evacuated to a pressure of ~10-4 Pa, outgassed at 415°C for 1hr, and electron-

beam welded shut using a 316L stainless steel cap.  The canned powders were 
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consolidated using hot isostatic pressing (HIPing) at 700°C with 300 MPa pressure 

for 4 hrs. 

The resulting low temperature HIPed rod for CR-A was then heat treated under 

vacuum (~10-4 Pa) at 1200°C for 2.5 hrs, while the low temperature HIP rod for CR-B 

was heat treated during a secondary HIP cycle at 1200°C with 300 MPa pressure for 

5 hrs.  These separate heat treatment procedures have been reported previously as 

an effective method for forming nano-metric oxide dispersoids within similar CR-

alloys [231].    

Following heat treatment, sample bars were fabricated from each heat treated rod.  

These bars measured 9.7 mm x 12.9 mm x 12.9 mm (CR-A) and 11.8 mm x 12.2 mm x 

60.9 mm (CR-B), respectively.  Each bar was cold rolled (at room temperature) to an 

~85% reduction in area (RA) using 6% RA increments without intermediate anneals.  

An example of the heat treated bar and resulting cold rolled sheet for CR-B is shown 

in Figure 11.1.   

Small coupons measuring 1.0 mm x 5.0 mm x 9.0 mm were cut from each of the 

resulting as-cold rolled sheets and used for annealing experiments.  These coupons 

were first annealed at 500°C for 1 hr in air and subsequently annealed at 600, 700, 

800, or 900°C for 1 hr in air.  The microhardness for a transverse cross-section of the 

as-cold rolled sheet and annealed coupons was measured using Vickers diamond 

pyramid indentation with a 500 gm load.  The average of seven consecutive 

indentations for each sample was plotted for each data point.  

 

Figure 11.1. (a) CR-B sample bar prior to cold rolling and (b) resulting cold rolled sheet following 
85% RA 
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The majority of the remaining cold rolled sheets were then annealed at 500°C for 1 

hr in air followed by a secondary anneal at 800°C for 1 hr in air.  The sheets were 

then surface ground to a thickness of 0.76 mm and coupons measuring 28.6 mm x 6.4 

mm were electro-discharged machined (EDMed) longitudinal to the rolling 

direction.  Additionally, coupons measuring 18.0 mm x 6.4 mm were EDMed 

transverse to the rolling direction for only CR-B.  These coupons then were milled 

into SS-3 tensile specimens with nominal gage dimensions of 7.62 mm x 1.52 mm x 

0.76 mm (see Figure 11.2) [253].  The tensile specimens were tested in air at room 

temperature and at elevated temperatures ranging from 400-800°C using a 

displacement rate of 0.1 mm-min-1, which produced a strain rate of 2.2 x 10-4 s-1, 

using a MTS 810 machine.  The engineering yield strength (YS), engineering ultimate 

tensile strength (UTS), and total elongation (TE) for each tensile specimen was 

plotted for comparison.       

 

Figure 11.2.  (a) SS-3 tensile specimen geometry before and after testing at room temperature 

 

Surface analysis of the as-atomized powder particles was conducted using a JEOL 

JAMP 7830F scanning Auger microprobe (SAM) with a hemispherical auger electron 

spectrometer (AES) and Ar-ion sputtering gun for depth profiling.  Additionally, 

electron probe microanalysis (EPMA) chemical mapping of the powder 

solidification structure was completed using a JEOL JXA 8200 WD/ED 

microanalyzer.   
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The nano-metric oxide layer at the surface of the as-atomized powders was 

evaluated using an FEI Tecnai F20ST transmission electron microscope (TEM) / 

scanning transmission electron microscope (STEM) at the Electron Microscopy 

Center (EMC) for Materials Research at Argonne National Laboratory.  The powder 

particles also were prepared for TEM/STEM analysis at the EMC using a Zeiss 

1540XB focused ion beam (FIB) scanning electron microscope (SEM).  The powders 

were coated with a thin layer of Au (t~10 nm) prior to FIB milling to protect the as-

atomized surface oxide layer.  Additionally, carbon deposition was used to bond the 

powders to a manipulator during FIB milling and to secure the as-thinned specimen 

to a slotted Cu TEM grid prior to analysis.       

The CR-alloy microstructure and tensile fracture analysis was completed using a 

Hitachi S-2460N SEM with EDS.  Furthermore, the resulting nano-metric oxides and 

grain size was evaluated using a Tecnai G2 F20 TEM/STEM at 200 keV.  Miniature 

cylinders measuring 3.0 mm in dia. x 10.0 mm in length were EDMed from HIPed 

and heat treated rods, while 3.0 mm dia. x 0.76 mm thick disks were EDMed from 

the cold rolled sheets after annealing both at 500°C for 1hr in air and at 800°C for 1hr 

in air.  The cylinders were subsequently sliced into 1.0 mm thick disks, and all disks 

were ground flat using 400 and 600 SiC grit paper, polished using 6.0 μm and 1.0 μm 

diamond polishing compound, and mechanically dimpled to a thickness of ~20 μm 

in preparation for TEM analysis.  The disks were then dual jet polished using an 

electrolytic solution for stainless steels (i.e., 700 ml methanol, 120 ml distilled water, 

100 ml glycerol, and 80 ml perchloric acid) at -12°C.  Additionally, the CR-alloy 

grain size was measured using the lineal intercept method according to ASTM E112-

96 (2004). 

The structural identification of all product phases, including Y-enriched nano-metric 

oxide dispersoids, was performed at each step of this simplified process using a 

Phillips PANalytical X-Pert Pro Diffraction System with Co-Kα radiation.  A 
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scanning real time multiple strip (RTMS) X-ray detector was used with an active 

length of ~0.05Q (Å-1).   Diffraction data was collected from 1.8-4.8Q (Å-1) with a step 

size of 5x10-4 Q and a dwell time of 500 s per step. The reciprocal lattice vector (Q) 

describes the momentum difference between incoming and diffracted X-rays 

(Equation 106), and is commonly used to compare X-ray diffraction data (i.e., Bragg 

angle (θ) of resulting peaks) independent of wavelength (λ) [216]. 

  
      

 
 

 Equation 106 

11.4 Results  

The resulting as-atomized CR-alloy composition is listed in Table 9.1.  It can be seen 

that each powder size division contains equivalent alloying additions of Y and Ti 

with different amounts of resulting O.  The increased O content associated with the 

finer powders (CR-A) is related to an increased surface area to volume ratio.  

Additionally, a significant portion (i.e., ~57 at.%) of the nominal Y concentration was 

lost during the powder synthesis process, presumably as a consequence of oxidation 

that occurs during melting of the alloy charge prior to gas atomization.  Although 

this loss was expected, based on previous GARS trials [238], upgrades to the current 

experimental atomizer are planned to better control the loss of Y during future 

GARS trials.  These upgrades include the installation of an O2 gas analyzer, an O2 

gettering furnace, and the capability to make a late alloy addition (a common 

industrial practice) of Fe-Y master alloy shortly before releasing the melt for 

atomization. 

11.4.1 As-Atomized Powders 

The resulting gas atomized powders exhibited a spherical morphology.  The surface 

of the CR-A (fine) particles were found to be rather smooth and typically free of 

satellite particles (Figure 11.3a), while the surface of the larger CR-B particles 

seemed to contain more irregularities (e.g., satellite particles (red arrow) and 
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dimples (yellow arrow) in Figure 11.3d).   Interestingly, the frequency of surface 

dimples on the CR-B particles seemed to greatly outweigh the number of satellite 

particles.  Perhaps this indicates that surface oxide formation initiates prior to 

particle solidification, acting as a pliable solid interface, which prevents particle 

adhesion during collisions between smaller solid particles (CR-A) and larger semi-

solid particles (CR-B).   

Compositional maps of cross-sectioned CIPed powders (see Figure 11.3b and e) 

revealed increased Y levels along apparent as-solidified cell boundaries (see red 

arrow in Figure 11.3c and f), as a result of Y rejection from the α-(Fe,Cr) matrix 

during the rapid solidification process.  A small Y-denuded zone also was identified 

at the surface of the particles, extending to a depth of ~1µm or ~4µm in the CR-A 

and CR-B, respectively.  Additionally, several regions along the surface of the 

particles showed increased levels of Y (see yellow arrow in Figure 11.3c and f), 

representing the occasional presence of Y in the surface oxide layer. 

 

Figure 11.3. As-atomized powder morphology and cross-sectioned CIPed powders with EPMA 
WDS compositional maps of Y: a), b), and c) represent powders with a dia. < 20µm (CR-A) and d), 

e), and f) represent powders with a dia. between 45-75µm (CR-B) 
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Further analysis of the cross-sectioned CIPed powders revealed several CR-B 

powders that contained large voids (see yellow arrow in Figure 11.4).  These voids 

are thought to be Ar bubbles that were entrapped during the gas atomization 

process.  It should be noted that similar voids were not readily apparent in the finer 

CR-A powders, which agrees well with the findings of Korth et al., which indicated 

an inverse relationship between the prevalence of noble gas entrapment and particle 

size [254].    

 

Figure 11.4.  An example of a pore found in cross-sectioned CIPed powders with a diameter 
between 45-75µm (CR-B) 

 

AES depth profiles representing the surface chemistry for powders CR-A (dia. 

~10µm) and CR-B (dia. ~58µm) are shown in Figure 11.5.  This semi-quantitative 

assessment of the surface oxide chemistry revealed a primary enrichment in O and 

Cr with varying amounts of Y and Fe.  The thickness of the surface oxide (based on a 

SiO2 standard) was taken as the midpoint between the maximum and minimum 

intensity value for O, resulting in a surface oxide thickness prediction of ~10 nm and 

~70 nm for CR-A and CR-B, respectively (see dashed vertical lines in Figure 11.5).  

These results show a direct relationship between surface oxide thickness and particle 

size, which indicates that prolonged surface oxidation of the coarser particles had 

occurred (i.e., illustrating the cooling rate sensitivity of this GARS process).      
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Figure 11.5.  AES depth profiles for as-atomized powders: a) with ~10µm dia. (CR-A) and b) with 
~58µm dia. (CR-B) 

 

FIB milling was used to prepare an as-atomized powder particle from CR-B (dia. 

~58µm) for TEM analysis (see Figure 11.6a and b), in order to confirm and evaluate 

the physical characteristics of the resulting surface oxide layer.  Two distinct surface 

oxide layers (see Figure 11.6d) were identified during this analysis, initially based on 

contrast differences.  The outer oxide layer (~15nm thick) was found to contain O, 

Cr, and Y and the inner oxide layer (~20nm thick) was found to contain O, Fe, and 

Cr (see EDS linescan in Figure 11.6e), which provided a cause for the apparent 

contrast difference.  Notably, these results agree well with the aforementioned AES 

compositional depth profile (see Figure 11.5b), while illustrating a more accurate 

representation of the surface oxide thickness and the interesting dual nature of this 

surface layer. 



291 
 

 

Figure 11.6.  As-atomized surface oxide analysis of a powder with ~58µm dia. (CR-B): a) and b) 
SEM images showing the original as-atomized particle and extracted TEM specimen following FIB 
milling, c) and d) bright field TEM images indentifying the surface oxide layer, and e) high angle 

annular dark field (HAADF) image with EDS linescan across the surface oxide layer 

 

11.4.2 Oxide Dispersoid Formation 

A continuous network of PPB oxide was formed during low temperature (700°C) 

HIP consolidation of the CR-alloy powders (see yellow arrow in Figure 11.7a and c).  

The initial PPB oxide volume percent was measured at ~0.78±0.03% and 

~0.52±0.05% for CR-A and CR-B, respectively (calculated from SEM images using 

ImageProTM 5.1).  Compositional analysis of the PPB oxide, using WDS linescans 

(not shown), revealed a primary enrichment of Fe, Cr, and O with smaller 

concentrations of Ti and Y in both CR-alloys.   

Elevated temperature (1200°C) heat treatment of the as-consolidated powders 

decreased the volume percent of PPB oxide by ~0.4±0.02% and ~0.3±0.05% in CR-A 

and CR-B, respectively (see yellow arrow in Figure 11.6b and d).  This provided 

evidence of an apparent O-exchange reaction.  Additionally, the residual PPB oxide 
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seemed to coarsen during heat treatment, transitioning from elongated films to 

spheroidized particles along the PPBs.  Compositional analysis of the residual PPB 

oxide, using WDS linescans (not shown), showed an increase in Ti concentration 

following heat treatment.  Furthermore, several PPB oxides from each of the CR-

Alloys were found to contain increased concentrations of both Ti and Y, but electron 

probe interaction with the surrounding α-(Fe,Cr) matrix and other nano-scale oxides 

prevented accurate identification of these particular oxide phases. 

 

Figure 11.7.  As-consolidated CR-alloy microstructure (a and c) and resulting microstructure 
following heat treatment at 1200°C (b and d): a) and b) for powders with a dia. < 20µm (CR-A) and 

c) and d) for powders with a dia. 45-75µm (CR-B) 

 

TEM analysis revealed the formation of nano-metric oxide dispersoids throughout 

the α-(Fe,Cr) matrix following elevated temperature (1200°C) heat treatment of the 

CR-alloys (see Figure 11.8).  The dispersoids were found to form in a cellular pattern 
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(see Figure 11.8a and d), which seems to mimic the solidification structure of the 

atomized powders (see Figure 11.3c and f).   

CR-A was found to contain two distinct size classes of dispersoids. Larger 

dispersoids with a spherical or globular morphology (20-100nm in dia.) were found 

organized in a cellular pattern (see yellow arrow in Figure 11.8).   Furthermore, the 

interior core of this cellular structure was found to contain a second set of smaller 

dispersoids (see green arrow in Figure 11.8) with a spherical morphology (5-10nm in 

dia.).  Notably, the two sets of dispersoids were separated by a precipitate free zone 

(PFZ) ranging from 200-300nm in thickness.       

CR-B also contained dispersoids typically organized in a cellular pattern, but the 

interior core of the cells did not contain smaller dispersoids, as seen in CR-A.  These 

dispersoids also had a large size distribution (10-200nm).  The majority of the 

dispersoids contained a spherical or globular morphology, although several regions 

were found to contain dispersoids with a cubic morphology.  This change in 

dispersoid morphology is thought to be related to the α-(Fe,Cr) grain orientation, 

perhaps indicating a crystallographic orientation relationship between the matrix 

and dispersoid phase (as shown in [222]), but confirmation of this assumption will 

require further TEM analysis.   

Furthermore, dispersoid number density was found to vary between 1-4x1021 m-3 

and 1-10x1020 m-3 (assuming a TEM foil thickness of 100nm) for CR-A and CR-B, 

respectively.  This variation in dispersoid number density seems to illustrate 

increased dispersoid uniformity with decreasing powder size (i.e., CR-B → CR-A).  
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Figure 11.8.  TEM micrographs of the heat treated (1200°C) CR-alloy microstructure made from 
powders with: a), b), and c) dia. < 20µm and d), e) and f) dia. of 45-75µm 

 

XRD was used to evaluate product phase evolution and served to confirm 

dispersoid formation in these CR-Alloys (Figure 11.9).  This analysis indicated 

dispersoid formation following elevated temperature (1200°C) heat treatment.  The 

resulting dispersoid phase was identified as Y2Ti2O7 with a calculated volume 

percent of 0.51% for both CR-alloys [255].   
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Figure 11.9.  XRD results revealing dispersoid phase formation in CR-A (red lines) and CR-B (blue 
lines) 

 

11.4.3 Thermal-Mechanical Treatment (TMT) 

Cold rolling was used to strain harden the CR-alloys following dispersoid formation 

(see example in Figure 11.1b).  The cold rolled sheets were first annealed at 500°C to 

recover dislocations to dispersoid-decorated boundaries, in an effort to establish a 

dislocation substructure with reduced strain energy.  This procedure was adapted 

from previous results reported for similar CR-alloys [146].  Additional annealing 

treatments at a succession of higher temperatures also were used to evaluate the 

stability and strengthening effectiveness of the dislocation substructure, as 

measured by ambient temperature microhardness.   

The initial CR-alloy microhardness values following dispersoid formation 

(horizontal dashed lines) and the resulting as-cold rolled and annealed 

microhardness values for CR-A (red line) and CR-B (blue line) are shown in Figure 

11.10.  Interestingly, the microhardness for each CR-alloy was increased ~136 Hv 
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after cold rolling, resulting in an as-cold rolled microhardness of 316±6 Hv and 

271±4 Hv for CR-A and CR-B, respectively.  This microhardness value was 

significantly reduced at annealing temperatures above 600°C, resulting in lower but 

consistent microhardness values of 166±4 Hv and 140±5 Hv for CR-A and CR-B, 

respectively.  This large drop in microhardness is believed to indicate the onset of 

recrystallization in both of these heavily strained CR-alloys.  Notably, the CR-alloys 

seem to maintain a similar microhardness differential following each annealing 

treatment.   

 

Figure 11.10.  CR-alloy microhardness following dispersoid formation (horizontal dashed lines) 
compared to subsequent cold rolled (open box and open triangle) and annealed (closed box and 
closed triangle) microhardness: CR-A (red lines and boxes) and CR-B (blue lines and triangles) 

 

STEM analysis revealed the CR-alloy grain structure and dispersoid distribution 

following dispersoid formation (1200°C heat treatment), and after cold rolling (85% 

RA) and annealing at 500°C or at 500˚C+800°C (see Figure 11.11).  The average grain 
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size following dispersoid formation was measured at 1.1±0.2µm and 1.1±0.1µm for 

CR-A and CR-B, respectively.  This average grain size was reduced to 0.33±0.07µm 

and 0.37±0.06µm after annealing the cold rolled sheets at 500°C.  Increasing the final 

annealing temperature to 800°C apparently recrystallized the CR-alloy grain 

structure, resulting in a grain size of 13.5±1.0µm and 13.9±0.5µm for CR-A and CR-B, 

respectively.  Furthermore, the recrystallized grain boundaries were found to 

contain undulations due to localized pinning from the nano-metric oxide 

dispersoids (see Figure 11.11c).   It should be noted that the grain size for the 

500˚C+800°C annealed microstructures was measured from SEM images of 

electrolytically polished TEM samples, since the grains were found to be too large 

for accurate identification using STEM image analysis.   

 

Figure 11.11.  Bright field (BF) STEM images showing the CR-alloy grain structure and dispersoid 
distribution following dispersoid formation (a and d) and after being cold rolled to 85% RA and 
then annealed at 500°C (b and e) or 500˚C+800°C (c and f) for powders with: a), b), and c) a dia. < 

20µm and d), e), and f) a dia. 45-75µm 
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11.4.4 Initial Mechanical Properties 

The elevated temperature yield (YS) and ultimate tensile strength (UTS) with 

corresponding total elongation (TE) values for the cold rolled CR-alloy sheets in the 

800°C (final) annealed condition (i.e., recrystallized) are shown in Figure 11.12.  

These results were compared to previously reported literature values for 

recrystallized MA-956 (see black lines in Figure 11.12) [198].   

The YS of CR-A was found to be ~100 MPa greater than CR-B, but ~100-160 MPa 

less than MA-956 at lower testing temperatures (T ≤ 400°C).  As the test temperature 

was increased (T ≥ 600°C), the YS of CR-A and CR-B converged to near equivalent 

values, which were ~50-70 MPa less than MA-956 (see Figure 11.12a).  Similar trends 

also were observed for the UTS of the CR-alloys and MA-956.  Notably, the YS and 

UTS for CR-B were found to be identical in the longitudinal (closed blue triangles) 

and transverse (open blue triangles) orientations relative to the rolling direction, 

indicating isotropic mechanical properties.  It should be noted that CR-A was only 

tested in the sample orientation longitudinal to the rolling direction. 

The CR-alloys exhibited peak ductility at 600°C, analogous to the ductility trend also 

reported for MA-956.  Furthermore, the CR-alloys demonstrated good ductility with 

total elongation values above 30% over the range of testing temperatures, which 

equated to approximately a threefold increase compared to MA-956.  It also can be 

seen that CR-B contained nearly identical total elongation values in the longitudinal 

and transverse rolling direction.    
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Figure 11.12.  A comparison of the a) tensile strength (UTS) and yield strength (YS) and b) total 
elongation as a function of temperature for CR-A (red line), CR-B (blue lines), and MA-956 (black 

lines) 
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Cross-sectional analysis of the fractured CR-A room temperature tensile specimen 

showed debonding between residual PPB oxide and the α-(Fe,Cr) matrix (see yellow 

arrow in Figure 11.13a).  Furthermore, these residual PPB oxides were identified at 

the base of primary ductile dimples along the fractured surface of the tensile 

specimen (see Figure 11.13b), in conjunction with smaller secondary dimples that 

could have originated at the interface between larger Y2Ti2O7 oxides and the α-

(Fe,Cr) matrix (see green arrow in Figure 11.13a and b).   

 

Figure 11.13.  Fracture analysis of the cross-section (a and c) and surface (b and d) of a ruptured 
room temperature tensile specimen made from powders with: a) and b) a dia. < 20µm and c) and d) 

a dia. 45-75µm 

 

A similar cross-sectional analysis of the fractured CR-B room temperature tensile 

specimen revealed porosity near the fractured surface of the specimen (see yellow 

arrow in Figure 11.13c), which could be related to the aforementioned gas porosity 

observed in the as-atomized CR-B powders (Figure 11.4) that would have been 
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flattened by the cold rolling process.  Surface analysis of this specimen showed large 

voids interconnected by smaller ductile dimples.  The larger voids probably 

originated from the porosity witnessed in the cross-sectional analysis (see yellow 

arrows in Figure 11.13c and d), while the smaller dimples probably form during 

debonding between larger Y2Ti2O7 oxides and the α-(Fe,Cr) matrix (see green arrow 

in Figure 11.13c and d).  

11.5 Discussion 

11.5.1 Precursor Powder Formation 

A reactive atomization gas (i.e., Ar-0.19O2 vol. %) was used to create a controlled 

oxidizing environment to oxidize the nascent surfaces of molten CR-alloy droplets 

during primary disintegration and subsequent rapid solidification and cooling of the 

powders.  The oxidation reaction rate has been empirically linked to O concentration 

in the reactive atomization gas (i.e., O partial pressure), thus illustrating controlled 

or predictable oxidation kinetics as a function of particle size and, thus, particle 

cooling rate (see Figure 11.14).  Consequently, the increased cooling rate associated 

with smaller particles (CR-A) lead to the formation of a thinner surface oxide layer 

compared to larger particles (CR-B) (see Figure 11.5).   

The chemistry of this kinetically favored metastable oxide seems to be controlled by 

the activity and mobility of the alloying additions.  Initial oxide formation is thought 

to occur prior to particle solidification, when the reactive alloying additions exhibit 

increased atomic mobility.  This explains the elevated concentration of Y within the 

Cr-enriched exterior surface oxide layer on CR-B particles (see Figure 11.5b and 

Figure 11.6e).  Once the particle solidifies, the atomic mobility of Y is severely 

limited (see extremely low values for Y diffusivity in α-Fe [181]), thus prohibiting 

further Y consumption during subsequent oxide growth (see Figure 11.6d and e).  

Moreover, forming the surface oxide prior to solidification is thought to enhance the 

robust nature of the oxide by introducing residual compressive forces along the 
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particle surface, as a result of shrinkage during solidification, which seems to 

prevent oxide spallation during subsequent powder handling before consolidation.  

Small disconnected regions of Y concentration within the surface oxide layer could 

be tolerated during this process, especially among smaller powders that form 

extremely thin (t < 15nm) surface oxide layers, since they can ultimately result in 

discrete residual Y-enriched nano-metric oxides along PPBs following dissolution of 

the predominantly Y-free surface oxide phase.  Furthermore, increasing the 

concentration of other reactive alloying additions (e.g., Ti or Hf) might further limit 

the consumption of Y during the initial stages of this surface oxide reaction by the 

formation of complex intermetallic precipitates that follow solidification 

microsegregation patterns or are trapped within supersaturated regions by 

extremely rapid solidification.   

 

Figure 11.14.  Resulting O content in the as-atomized powders as a function of O content in the 
reactive atomization gas  
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11.5.2  Microstructure Evolution 

Elevated temperature heat treatment of the as-consolidated powders was used to 

promote thermodynamically driven O exchange between the initial metastable Cr-

enriched PPB oxide and Y-containing (e.g., Fe17Y2) IMC precipitates.  During this 

reaction, O is thought to diffuse away from the metastable PPB oxide due to a 

chemical potential gradient, converting Y-containing IMC precipitates into nano-

metric Y2Ti2O7 dispersoids. 

This type of O exchange reaction is considered diffusionless internal oxidation [182], 

since the rate of reaction is controlled only by O diffusion due to the limited 

solubility and diffusivity of Y in α-(Fe,Cr) [181].  For this reason, particle 

solidification rate (indirectly related to powder size, in general) that controls the 

ensuing length scale of Y segregation within the precursor atomized powders, 

becomes an important factor in predetermining the spatial distribution of the nano-

metric Y2Ti2O7 dispersoids. 

The CR-A particles appeared to have solidified at an increased rate compared to CR-

B, resulting in a refined cellular structure, increasing the resulting dispersoid 

distribution uniformity throughout the α-(Fe,Cr) matrix.  Furthermore, this refined 

cellular structure also contained an interior core with a greater number density of 

dispersoids (see Figure 11.8a-c).  These dispersoids are thought to have formed from 

supersaturated regions within the solidified microstructure that contained trapped Y 

solute.  This analysis agrees well with previously reported data that illustrated the 

opportunity to create a homogeneous nano-metric ODS microstructure by 

consolidating ultra-fine (dia. < 5µm) powders produced by this GARS process [146].      

11.5.3 Thermal Mechanical Treatment (TMT) 

Cold rolling was used to introduce large amounts of strain energy into the CR-alloy 

microstructure following dispersoid formation.  Both CR-alloys demonstrated good 

cold workability characteristics with no signs of macroscopic damage following 85% 
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RA.  Interestingly, this cold rolling procedure resulted in a near identical increase in 

microhardness for both CR-alloys, perhaps indicating a similar increase in defect 

density.  Also, annealing the cold rolled sheets at 500°C promoted dislocation 

recovery to dispersoid boundaries, forming a fine-scale (dia. < 1µm) dislocation 

substructure.  This dislocation substructure proved unstable at increased annealing 

temperatures, resulting in grain recrystallization (see Figure 11.10 and Figure 11.11).   

It appears that stored strain energy within the dislocation substructure provided a 

significant driving force towards recrystallization, which was insufficiently 

counterbalanced by the dragging forces created from the current distribution (size 

and volume fraction) of dispersoids within these CR-alloys (i.e., Zenner pinning 

force [230]).  Furthermore, it has been shown that larger precipitates (~0.5-1.0µm) 

can encourage the formation of recrystallization nuclei due to enlarged strain fields 

around such particles [256], suggesting that residual PPB oxide particles might 

accelerate the recrystallization kinetics in these alloys.  Additional TMT experiments 

will be required to better understand and control the grain structure in these CR-

alloys.  

Notably, the microhardness of the recrystallized CR-alloys was found to be similar 

to that of the initial microhardness value prior to cold rolling, although grain size 

was increased an order of magnitude (see Figure 11.10 and Figure 11.11), probably 

demonstrating that the dispersoids are the primary source of strength in these CR-

alloys.  Furthermore, CR-A and CR-B maintained a consistent microhardness 

differential during recovery and recrystallization, despite near identical grain sizes 

(see Figure 11.11), which is likely an effect of the distinct differences in dispersoid 

distribution (size, spacing, and uniformity) witnessed in these CR-Alloys (see Figure 

11.8).   
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11.5.4  Mechanical Properties 

The low temperature (T ≤ 400°C) systematic increase in YS of CR-B, CR-A, and MA-

956 is thought to be related to a similar systematic decrease in the average 

dispersoid spacing within each alloy.  This spacing is a function of dispersoid size, 

volume fraction, and spatial distribution, which represents the mean free path 

(MFP) for dislocation movement through the ODS microstructure (assuming that all 

dispersoids act as non-shearable obstacles).  Further, this MFP is the prevailing 

variable in the Orowan strengthening model [70], which has been shown to 

adequately predict the relative YS in recrystallized ODS alloys within this 

temperature range [82]. 

In order to minimize the dispersoid spacing and improve the YS in CR-type alloys, 

the initial precursor powders must contain a more homogeneous distribution of Y or 

Y-containing IMC precipitates, which predefines the spatial distribution of the 

ensuing Y2Ti2O7 dispersoids.  This can be achieved by utilizing a more exclusive size 

fraction of ultra-fine precursor powders (e.g., dia. < 5µm), which have been shown 

to solidify at the necessary velocity to solute trap sufficient amounts (0.18 at. %) of Y 

within the α-(Fe,Cr) lattice [146].  Consolidation and heat treatment of such 

extremely ultra-fine powders should result in a nano-metric ODS microstructure, 

similar to that of the interior core structure illustrated in the CR-A (see Figure 

11.8C), but more homogeneously distributed throughout the α-(Fe,Cr) matrix.          

Interestingly, the lower temperature (T ≤ 400°C) YS advantage observed in CR-A 

over CR-B was negated at higher temperatures (T ≥ 600°C), perhaps illustrating a 

change in strengthening mechanism associated with the thermal activation of 

dislocation climb that was not as dependent on the differences in dispersoid 

population and distribution (see Figure 11.12).  During the climb process, a 

threshold stress must be overcome to account for the energy required to increase the 

dislocation line length [89].  Furthermore, it has been suggested that a detachment 
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stress is then required to overcome the attractive force that arises when the stress 

field around the dislocation is relaxed at the dispersoid/matrix interface [88].  

Moreover, it has been shown that this detachment stress is far greater than stress 

predictions for dislocation climb, thus illustrating the significant role that the strain 

field at the dispersoid/matrix interface can have at elevated temperatures [87].  

Therefore, the YS in CR-A and CR-B might coincide due to a related detachment 

stress associated with the Y2Ti2O7 dispersoid phase, assuming that the detachment 

stress becomes an increasingly important variable compared to dispersoid spacing 

(or MFP) at these elevated temperatures (T ≥ 600°C).  This might also explain the 

increased elevated temperature YS observed in MA-956, which contains a different 

dispersoid phase (mixed Y-Al-O) and presumably an increased detachment stress 

value [109].  Further research will be required to better understand the 

strengthening mechanism at these elevated temperatures.        

The strength of these CR-alloys could also be limited due to the presence of non-

ideal phases (e.g., residual PPB oxides and entrapped Ar bubbles) within the CR-

alloy microstructure.  Fracture analysis indicated void formation along these non-

desirable phase boundaries, which possibly contributed to premature specimen 

failure.  Adjusting the GARS processing parameters should help to eliminate these 

phases by establishing an ideal initial ratio of Y/O within the precursor oxide 

dispersion forming powders, which should result in full dissolution of the PPB 

oxide during subsequent O exchange reactions.  Furthermore, Ar bubble entrapment 

during gas atomization can also be suppressed by lowering the atomization 

chamber pressure or by reducing the average particle size (i.e., inert gas 

concentration is inversely related to powder size) [254].      

11.6 Summary 

Gas atomization reaction synthesis (GARS) was used to produce precursor oxide 

dispersion forming ferritic stainless steel (Fe-Cr-Ti-Y-O) powders.  These powders 
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contained an ultra thin (t < 100 nm) metastable Cr-enriched surface oxide layer, 

which was used as a vehicle to transport solid state O into the consolidated 

microstructure.  Elevated temperature heat treatment was then used to promote 

thermodynamically driven O exchange reactions between the Cr-enriched surface 

oxide and Y-containing IMC precipitates, resulting in the formation of nano-metric 

Y2Ti2O7 dispersoids within the α-(Fe,Cr) microstructure.  Two sets of precursor 

powders (CR-A: dia. < 20µm and CR-B: dia. 45-75µm) were compared to study the 

effects of solidification structure on resulting dispersoid uniformity and subsequent 

mechanical properties.  It was shown that reducing the initial precursor particle size 

resulted in a more uniform distribution of nano-metric dispersoids.  Both CR-alloys 

contained good cold workability with no signs of macroscopic damage after cold 

rolling to ~85% RA.  Low temperature annealing of the cold rolled sheets resulted in 

a fine-scale (dia. < 1μm) dislocation substructure.  This substructure proved unstable 

at elevated temperatures (T ≥ 700°C), resulting in grain recrystallization.  Elevated 

temperature tensile tests of the recrystallized CR-alloys revealed an increased low 

temperature (T ≤ 400°C) YS in CR-A, presumably due to the improved dispersoid 

uniformity.  The YS of the CR-alloys converged at higher temperatures (T ≥ 600°C), 

which was postulated as an effect of both alloys containing a similar dislocation 

detachment stress value.     

11.7 Acknowledgements 

Support from the Department of Energy, Office of Fossil Energy (ARM program) 

through Ames Laboratory contract no. DE-AC02-07CH11358 is gratefully 

acknowledged.  Additionally, the electron microscopy of the as-atomized surface 

oxide layer was accomplished at the Electron Microscopy Center for Materials 

Research at Argonne National Laboratory, a U.S. Department of Energy Office of 

Science Laboratory operated under Contract No. DE-AC02-06CH11357 by U. 

Chicago-Argonne, LLC.  Furthermore, the authors would like thank D. Byrd and J. 

Anderegg from Ames Laboratory-USDOE, E. Fair from Iowa State University, D. 



308 
 

Hoelzer and M. Sokolov from Oak Ridge National Laboratory-USDOE, and J. Hiller 

and R. Cook from the Electron Microscopy Center for their individual contributions 

to this paper.   

 
 

  



309 
 

Chapter 12. General Conclusions 

 

Gas atomization reaction synthesis (GARS) was adapted to produce precursor 

powders for oxide dispersion strengthened (ODS) ferritic stainless steel alloys.  This 

reactive gas atomization process results in the formation of an ultra thin (t < 150 nm) 

Cr-enriched surface oxide layer that encapsulated the atomized powders.  This 

surface oxide layer was utilized as an O reservoir for the formation of Y-enriched 

nano-metric dispersoids following consolidation and heat treatment of these 

precursor powders.  A theoretical oxidation model, formulated from droplet cooling 

curves, and based on the parabolic oxidation kinetics of Cr2O3, was designed as a 

method for predicting the resulting surface oxide layer thickness and corresponding 

O content as function of particle size (see Chapter 4).  This oxidation model coupled 

with empirical results showed that the oxidation kinetics of this GARS process scales 

linearly with O2 partial pressure in the reactive gas, demonstrating the novel ability 

of being able to control the in situ addition of O during this rapid solidification 

process. 

Internal oxidation experiments were used to analyze the kinetics of the O exchange 

reaction that occurs during elevated temperature consolidation or heat treatment of 

precursor CR-alloy powders, which results in the formation of Y-enriched oxide 

dispersoids.  Furthermore, a heat treatment procedure, formulated from an internal 

oxidation model, was established for predicting the required heat treatment time for 

dispersoid formation within each CR-alloy, as a function of precursor powder size 

(i.e., required diffusion distance), see Chapter 5.   

Microstructural results showed a clear ability to manipulate oxide and intermetallic 

phases within each CR-alloy using high temperature consolidation or heat 

treatment.  High energy X-ray diffraction phase analysis coupled with TEM 

microstructure analysis confirmed the operation of an O exchange reaction between 
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the less stable Cr-enriched prior particle boundary (PPB) oxide phase and the Y-

enriched intermetallic compound (IMC) precipitates.  This O exchange reaction 

resulted in the formation of nano-metric Y-enriched oxide dispersoids throughout 

the ferritic microstructure.  Additionally, the atomization processing parameters 

were shown to control the concentration of O introduced into the alloy system (i.e., 

oxide layer thickness), as a function of particle size.  It was demonstrated that the 

initial ratio of Y to O controls the resulting CR-alloy microstructure (see Chapter 6 

and 7).  Excess Y lead to residual Fe17Y2 IMC precipitates within the CR-alloy 

microstructure, while too much O prevented full dissolution of the PPB oxide.  The 

ideal balance of Y to O is inherently linked to the resulting dispersoid stoichiometry, 

indicating a need to accurately predict the specific dispersoid phase in these CR-

alloys, in order to adjust the GARS processing parameters accordingly. 

The resulting dispersoid thermal stability was enhanced through the addition of Hf 

as a substitute for Ti in these CR-alloys (see Chapter 8). The dispersoids were 

preliminarily identified as Y0.33Hf0.67O1.83 or Y2Hf2O7 in the Hf-containing CR-alloys 

and as Y2Ti2O7 in the Ti-containing CR-alloys.  Extended annealing treatments at 

1200°C confirmed reduced coarsening kinetics associated with the Y-Hf-O 

dispersoids compared to Y-Ti-O dispersoids (see Chapter 9).  A decrease in molar 

volume associated with the Hf-containing dispersoids, seemed to lower the chemical 

potential gradient at the dispersoid/matrix interface, which was offered as an 

explanation for the apparent increased thermal stability.      

The ODS microstructures in these CR-alloys were shown to be highly dependent on 

powder particle size (i.e., solidification rate).  Smaller powders with increased 

amounts of solute trapping or highly refined solidification structures resulted in 

finer and more uniformly distributed nano-metric oxide dispersoids (see Chapter 

10).  Selection of powder particle size range (i.e., solidification morphology) was 

shown to be a viable method to control the final ODS microstructure.  Furthermore, 
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consolidated samples of ultra-fine powders (dia. ≤ 5µm) were found to contain the 

most ideal ODS microstructure with nano-metric (dia. ≤ 10nm) dispersoids 

distributed evenly throughout the α-(Fe,Cr) matrix.  These experimental 

observations confirmed earlier SEM observations of cross-sectioned as-atomized 

particles and indicated that these ultra-fine powders solidified above the threshold 

velocity required to effectively solute trap Y in the α-(Fe,Cr) matrix.  Additionally, 

calculated particle solidification velocity was extracted from theoretical droplet 

cooling curves (see Chapter 4), to substantiate these experimental observations.  

Furthermore, these results indicated the need to modify the atomization processing 

parameters to dramatically increase the yield of these ultra-fine powders, in order to 

achieve a more ideal ODS microstructure (i.e., similar to that of the superior 

nanostructured ferritic alloys (NFAs), see Section 3.6), while maintaining this 

simplified processing scheme.    

Two sets of precursor powders (Fe-Cr-Ti-Y-O with dia. < 20µm and dia. 45-75µm) 

were compared to evaluate the effects of solidification structure on resulting 

dispersoid uniformity and subsequent mechanical properties (see Chapter 11).  It 

was again shown that reducing the initial precursor particle size results in a more 

uniform distribution of nano-metric dispersoids.  Both CR-alloys contained good 

cold workability with no signs of macroscopic damage after cold rolling to ~85% 

reduction in area.  Low temperature annealing of the cold rolled sheets resulted in a 

fine-scale (dia. < 1μm) dislocation substructure.  This substructure proved unstable 

at elevated temperatures (T ≥ 700°C), resulting in grain recrystallization.  Elevated 

temperature tensile tests of the recrystallized CR-alloys revealed an increased low 

temperature (T ≤ 400°C) yield strength in the samples containing the smaller 

powders (dia. < 20µm), attributed to the improved dispersoid uniformity.  

Interestingly, the yield strength of the CR-alloys converged at higher temperatures 

(T ≥ 600°C), which was postulated as an effect of both CR-alloys containing a similar 

dislocation detachment stress value.  Notably, the initial elevated temperature (T ≥ 



312 
 

600°C) tensile strength of these CR-alloys was found to be similar to that of a 

commercial Fe-based ODS alloy (i.e., MA956), while maintaining a three-fold 

increase in total elongation.          
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