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Abstract

We propose an approach to simulating the dynamic evolution and transport of charged point defects within and through the oxide
scales that form during corrosion. The method follows the cluster dynamics formalism widely adopted for radiation damage in
solids, which can apply in both quasi-static and far from equilibrium conditions, such as in radiation environments. By treating
each charged defect as a cluster of an atomic defect and associated unit charges, the proposed model flexibly allows charge state
transitions and shifts in the Fermi level by absorption and emission of charge carriers from point defects in a reaction network with
rates constrained by local equilibrium. Applying this model to hematite predicts changes in self-diffusion and oxidation kinetics
in irradiation environments, surprisingly showing reduced oxidation rates in many conditions, despite enhanced self-diffusion. The
origin of this effect lies in a change in Fermi level induced by excess vacancies formed under irradiation, which in turn suppresses
the transport of cation interstitials which facilitate hematite growth.

1. Introduction

Mass transport through crystalline solids is mediated by the
presence and migration of defects in the crystal. Point defects
in the lattice structure, such as atoms which are missing from
a lattice site (vacancies) or extra atoms which sit between or
doubly occupy lattice sites (interstitials) can transition from site
to site, allowing atoms to move through the solid. Point defect
transport kinetics through oxides are of particular technological
importance. For example, oxides are particularly attractive as
fast ion conductors [1]. In non-equilibrium environments, un-
derstanding radiation effects in functional oxides such as Ga, O3
requires knowing the kinetics of point defects[2]. Similarly, the
evolution of nuclear fuels such as UO, is dictated by point de-
fect and defect cluster transport [3]. The process of forming
stable oxide scales on a metal surface is critically important in
protecting the metal from further corrosion and from the ingress
of embrittling contaminants such as hydrogen and carbon[4].
Critical components of the energy infrastructure such as tur-
bines, reactors, and heat exchangers require structural materials
where such scales form to protect the base metal, but also do
not experience oxidation so rapid that it becomes ineffective to
prevent further corrosion through fracture and spallation.

Oxide growth requires either inward transport of oxygen to
the underlying metal, or outward transport of metal to the oxi-
dizing environment (or both), mediated by point defect migra-
tion. The conditions under which corrosion occurs are highly
non-equilibrium, and the extreme environments relevant to the
energy infrastructure are often expensive and complicated to
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replicate in laboratory environments, even more so for nuclear
reactor conditions. To facilitate understanding corrosion in
these scenarios, we advance a generalized model describing the
growth of oxide scales in terms of the coupled kinetics of point
defect transport, with specific application to the growth of a-
Fe,> O3 (hematite) in both thermal and radiation environments.

Several well-established models based on the migration of
ions (interstitial atoms) or vacant lattice sites through the ox-
ide are in regular use, each invoking different individual mech-
anisms and driving forces for mass transport[5]. These mod-
els have individually rationalized the empirically observed
logarithmic-type growth behavior at small thicknesses and low
temperatures[6, 7, 8, 9, 10] and quadratic growth with an Ar-
rhenius temperature dependence for thicker scales[11]. The
dominant species facilitating growth can be either the anion or
cation, with either vacancy or interstitial type defects as the ve-
hicle for the flux of those atoms. These possibilities each pro-
vide different dependencies on oxidizing environment and tem-
perature, with the possibility that a mechanism inactive in one
set of conditions governs the kinetics in a different set of con-
ditions. To further complicate matters, exposure to radiation
produces point defects athermally throughout the oxide scale
(rather than thermally at surfaces and interfaces) which may
significantly alter defect populations and fluxes. The manner in
which these additional defects will impact corrosion kinetics is
comparatively very poorly understood, and it is far from clear
that any of the trends that describe oxidation in conventional
environments will still apply. In particular, non-equilibrium de-
fects with low thermal populations that are created by irradia-
tion might provide transport mechanisms not available by ther-
mal self-diffusion.
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Within the existing fleet of light water reactors, stainless steel
has widely shown increased pitting and crevice corrosion in ad-
dition to substantially higher susceptibility to stress corrosion
cracking compared to similar conditions without irradiation.
Both effects are presently understood as consequences of elec-
trolysis in the coolant water and/or microstructural and micro-
chemical changes in the base metal, rather than differences in
mass transport through the oxide itself[12, 13, 14, 15, 16, 17].
On the other hand, in the context of zirconium - used nearly
universally for fuel cladding in existing reactors - recent mod-
els accounting for radiation enhanced diffusion (RED) in zir-
conia scales reproduced a pronounced acceleration in corro-
sion in high dose rate tests, but demonstrated minimal radiation
effects in the lower damage rate PWR regime[18, 19]. Fur-
ther, structural materials for next generation reactors will be
exposed to different coolants, with a diverse set of possibilities
including high temperature gas and lead-bismuth eutectic lig-
uid metal, each of which have unique corrosion behavior[20].
For many fusion and advanced fission reactor applications, fer-
ritic/martensitic steels with chromium content at or near 10
% are leading candidates to mitigate concerns with activation,
void swelling, dimensional instability, and other effects unique
to radiation environments[21, 22, 23]. These steels tend to form
an inner layer of iron-chrome spinel beneath an outer layer of
Fe rich oxide consisting of porous magnetite (Fe;O4) which
may be decorated or capped with hematite depending on oxi-
dizing conditions[24, 25, 26, 27, 28]. Provided a hematite scale
is present and continuous, it is rate controlling for oxidizing
pure Fe or Wiistite (FeO;_,)[29]. If absent, the Cr rich inner
spinel layer becomes most protective.

In the case of hematite, tracer diffusion measurements at
high temperatures have broadly shown similar transport kinet-
ics on anion and cation sublattices[29, 30, 31, 32, 33]. Diffu-
sivity broadly declines with oxygen activity, implying that an-
ion vacancies and cation interstitials dominate mass transport,
consistent with the iron rich deviations from stoichiometry in
hematite[34]. However, it is far from clear that this will re-
main the case in an irradiation environment due to direct pro-
duction of thermodynamically unfavored defects by ballistic re-
coil during radiation. Further, point defects in oxides may ac-
quire different charge states - each with unique properties - and
these charge states may change under irradiation. The preferred
charge state depends on the location of the Fermi level within
the band gap, which can change significantly due to disorder or
off-stoichiometry induced by irradiation[35, 36, 37]. It stands to
reason then that changes in the content of defects which mediate
mass transport — whether due to oxide chemistry or exposure
environment — can lead to a divergence in corrosion behavior
from empirically calibrated models. Such a possibility moti-
vates the development of theories which can account for and
predict charge state transitions, and their impact on corrosion.

This work formulates a kinetic model for point defect trans-
port that allows for the dynamic evolution of defect and charge
density in a reaction-advection-diffusion framework. This
proposed model encompasses processes such as interstitial-
vacancy recombination, direct production in radiation events,
development of space charge, and defect charge state transi-

tions as the system evolves. First, we write the equilibrium
conditions which determine thermal point defect content in ki-
netic rather than static form. A model built on this framework
has the advantage of applying far from equilibrium, accommo-
dating spatially dependent solutions, charge flow, and dynamic
response to changing conditions. Next, we illustrate how this
model can be directly tied to electronic structure calculations
of key point defect properties and applied to hematite where a
comprehensive library of these properties is well-known. Com-
parisons are drawn between the model and observed properties
such as tracer diffusion and growth kinetics, showing good fi-
delity across a variety of exposure environments and tempera-
tures. Finally, the model is used to predict changes in defect
content and mass flow for both bulk hematite and protective
hematite scales on materials exposed to radiation conditions
typical of nuclear reactor and accelerated testing environments.

2. Methods

The objective of this model is to dynamically and self-
consistently evolve point defect populations through the thick-
ness of oxide films consistent with the chemical environment,
any electric fields, and possible direct production from ener-
getic particle collisions in a radiation environment. The man-
ner in which these excess defects might modify mass transport
through an oxide scale is illustrated schematically in Figure 1.
To this end, we seek a kinetic formulation of the interaction
of point defects with one another while allowing exchange of
charges, and transport of both mass and charge. First, we de-
scribe the general framework for evolving species density be-
ginning with the interactions between atomic defects, followed
by a similar treatment for charge carriers and charged defects.
The kinetic approach then extends to mass and charge transport,
fully consistent with an evolving electrical potential. The model
description concludes by showing how to define the model pa-
rameters from density functional theory (DFT) calculations for
a particular material system.

In the cluster dynamics formalism[38, 39, 40, 41, 3, 42],
the concentration ¢ of each defect species i is governed by a
diffusion-advection-reaction equation of the form

dci
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where J is the flux, g is the rate of direct production in radia-
tion events, D is the species diffusivity, k% is known as the sink
strength, ¢’ is the thermal equilibrium concentration and R is
the net rate of production or consumption in reactions. Flux is
in turn determined by the chemical potential i as

Dic;

Ji= kb_T

Vi @
where k;, is Boltzmann’s constant and 7 is the temperature,
which for the purpose of this model will be assumed constant.
This section describes the formulation of each of the other
terms in greater detail, particularly the reaction network R. This
methodology is typically applied to simulate agglomeration of
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Figure 1: Comparison of oxide growth mechanisms in thermal and irradiation
corrosion environments. In the thermal case, thermodynamically faroverd point
defects form at one interface or the other and traverse the scale. Under irradia-
tion, ballistic recoils produce mass-conservative pairs of point defects through-
out the bulk, many of which would not be available from thermally activated
processes.

radiation induced defects into large microstructural damage. In
this application, it will be extended to included charge carriers,
allowing charge state transitions to be represented as defect-
carrier reactions[43].

2.1. Point defect chemical potential

For point defects in solids, the dilute limit is typically re-
spected for any environment where the crystalline lattice re-
mains stable, such that

i = H =TS + kT log (ci/c)) + g 3)

where H/ and S/ are the enthalpy and entropy (excluding the
configurational component) associated with forming the defect,
c" the (sub)lattice site density, ¢ the defect charge, ¢ the elec-
trostatic potential, and the logarithmic term is the dilute limit
configurational entropy. The formation energetics can be deter-
mined from atomistic calculations, but are inherently tied to a
specific set of reference conditions. Here, the reference poten-
tial for oxygen will be O, at standard temperature and pressure,
and the reference for electrons will be the middle of the unde-
fected oxide band gap. In principle any reference can be taken,
but must be consistent across all defect types considered.

When point defects form in the oxide by a charge conserving
reaction with another phase (e.g. metal, oxygen gas, water, etc,
the thermal equilibrium defect concentration near the interface
is given by

st —H - yintAp
o' =l exp 7’ exp # C))

where Ap* refers to the difference in chemical potential for par-
ticle x (e.g. Fe, O, e7, etc.) from the reference state defining
HY, and n; is the change in the number of particles of x in the
crystal by forming the defect (i.e. -1 for vacancies and +1 for
interstitials). Note that for all charge conserving reactions, any
dependence on ¢ must vanish, as in Eq (4). It will be convenient
to define a free energy of formation

G =H —-TS! —nw*Ay* 5)

which accounts for all contributions to the thermodynamics ex-
cept configurational entropy. As a concrete example, the charge
neutral anion interstitial forming against oxygen gas follows

1
Of = 502

H ~TST +k,Tlog (" /cy) = Goz(T ») (6)
at equilibrium, such that Au® = %GOZ(T, p). Configurational
entropy in the dilute limit is described by the logarithmic term,
and leads to the definition of the equilibrium density specified
by Eq (4). Importantly, for charged defects the electron chemi-
cal potential Au® appears in G/, a matter which will be treated
in more detail later.

2.2. Kinetics of binary reactions

Point defects can react with one another, leading to either re-
combination or clustering into larger defect complexes. These
processes take the form A + B = C. For example, recombi-
nation on the anion lattice follows Vg' + O;’z = —(q1 + q2)e”
where ¢, and ¢, are the charges on the vacancy and interstitial
defects. When the energetics for the forward reaction are favor-
able and there is no short-range repulsion, the process is diffu-
sion limited, and this is almost always the case for point defect
interactions. For isotropic diffusion, binary reactions follow the
Smolukowski rate[44, 45]

¢a =ép=—éc = —4nrap(Da + Dp)cacp (7
which defines the forward rate coefficient
kXB = 47TrAB (DA +DB). (8)

The reverse reaction is governed by a dissociation coefficient

k5. When A, B, and C are in thermal equilibrium, both

k/:BCC = k:{BCACB (9)

He = pa + U (10)
must be satisfied, which is sufficient to determine

0.0 f f
c,c G.—-G, -
Kap = Kip—25" exp ———7—= (11)
ct kT
where the numerator of the exponential defines the binding free
energy between A and B. For recombination reactions, this is
the Frenkel pair formation energy.



These equations are general for binary reactions, and used
to construct all the reaction kinetics which factor into defect
production and consumption R in Eq (1). Particularly, for a
given defect i,

R = Z (k;ijCk _ k_;kci) - Z (k;fjc,-cj - k;jck) (12)

Jrk—i i+j—k

summed over all possible binary reactions that produce or con-
sume species i. In this application, recombination between va-
cancy and interstitial type defects on the same sub-lattice are
the predominant reaction, though the same equations apply to
agglomeration of defects into larger clusters. In the case of pure
recombination (where the defects are oppositely charged) there
is no product species, such that the reverse reaction (Frenkel
pair formation) rate becomes constant and cg and Gé vanish
from Eq (11). This fully describes reaction kinetics between
point defects. We will now generalize to the case of charge
transitions.

2.3. Delocalized electrons

The self-interstitial and vacancy defects on the atomic lattice
are in some sense analogous to electrons and holes within the
electronic system, though the physics governing the two sys-
tems is entirely different. The relationship between concentra-
tion and chemical potential is governed instead by Fermi-Dirac
statistics, and takes the form

0o E— -1
n = f o(E) |1 +exp "el dE (13)
CBM kT
VBM -1
—E
c,,:f o(E) |1+ exp - ] dE (14)

for electrons (n) and holes (p) respectively. Here, p, is the
Fermi level, p(E) is the density of states (DOS) surrounding the
band gap, and CBM and VBM are the conduction and valence
band edges. When assuming that the DOS is well represented
as a Fermi gas and that the Fermi level is at least a few kT
away from the band edges, this reduces to

mk,T\**  -E, e = Eng
= |22 Be—Zms (15
¢ [ (2ﬂh2) P kT | TP T kT 1)
kT2 _E Epe—pio
=12 = = 16
v [ (2nh2 ) P T | TP kT (16)

where E, = CBM — VBM is the band gap and E,,, = VBM +
E,/2 is the mid gap energy. Here, m" is the effective mass of
the electrons and holes, and encapsulates deviations of the ac-
tual DOS from the Fermi gas approximation. The terms in the
square brackets are material properties with units of density,
and are constant under isothermal conditions. These terms con-
stitute ¢ and cg. Defining the reference potential for electrons
as a system with the Fermi level at mid gap and ¢ = 0 will
prove convenient, as the electron and hole chemical potentials
become

Hn :/Je_Enzg_¢:ka10gcr1/cg_¢ (17)
Hp = Emg — e + ¢ = kT logc, /) + ¢ (18)

which can be viewed as distinct quasi-Fermi levels for electrons
and holes.

The chemical potentials for charge carriers and point defects
have the same functional form. Therefore, Eq (11) determines
the constraints for charge carrier reactions between one another
(electron-hole recombination) and with point defects (charge
state transitions). The former is outlined below, while the latter
will be examined in Section 2.4. Recombination follows n +
p = {}, such that at equilibrium

Ky = KipCuC (19)
fn+ 1y = 0 0)

which results in the law of electronic mass action,

k- kT fm*m’; 3 _E
=" _y 22N exp—g. 1)
2ﬂh2 ka

This reaction pathway constrains the density of electrons and
holes in the system. Any deviation from Eq (21) which devel-
ops within the system will be remediated, either by pair pro-
duction or recombination. The relaxation time for electronic
equilibration is governed by the recombination constant. In
principle, the kinetics of this process and the charge state transi-
tions discussed next could be described with high fidelity quan-
tification of the cross sections for recombination and carrier
capture[46, 47]. For the purposes of the present application -
which emphasizes ionic transport - it will be sufficient to apply
Eq (8) with diffusivities for charge carriers much higher than
those in the atomic system, effectively driving the system to-
ward the Born-Oppenheimer approximation.

2.4. Charge state transitions

This model evolves electron and hole densities explicitly us-
ing the master equation - Eq (1) - while treating charge state
transitions for point defects as binary reactions between defects
and carriers. There are two principal advantages of solving the
problem in this manner instead of using Fermi level dependent
charge states and defect formation energies. First, it casts all
charge state transitions as charge conservative binary reactions,
meaning all kinetic coefficients become constants applicable
across the entire band gap and independent of the electrostatic
potential. Second, it allows the inclusion of a mixture of charge
states simultaneously. In what follows, we will demonstrate
these points using the example reaction V3 + n = V;, (writ-
ten using Kroger-Vink notation), with the equilibrium condition
u(VE) +ue™) = u(vy).

With no explicit reference to the electron as a reactant, this
takes the form V' = V¢, with

Gy = =Cvy = avgevy = Prgevy (22)

where a and S represent rate coefficients for electron absorption
and emission from the vacancy, and will differ between charge
states. In order to reach equilibrium one must write

Bvs 1 h h
2 =exp kb_T GV(. Gy —He— ¢ (23)
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Figure 2: Recasting the charge state transitions into a kinetic reaction network
which allows absorption and emission of charge carriers, and can facilitate an
mixture of charge states, illustrated for the cation vacancy. Reaction rate coeffi-
cients are defined by constrained equilibrium conditions. Compressed notation
is used for rate coefficient subscripts.

such that the forward coeflicient, reverse coefficient, or both
would need to be defined as variables dependent on the Fermi
level and potential ! , which in turn depend on c(Vy)and c(V().
Every change in Fermi level will result in an evolving ratio of
reaction coefficients, and therefore a change in the ratio be-
tween point defects at different charge states. This feedback
loop between rate coefficients and defect density produces a
poorly conditioned system that is difficult to solve as the com-
plexity of the reaction network R increases.

In the approach used here instead, the electron density is
evolved explicitly. In this case, one can use Eq (17) to expand
the mass action relationship to

éV&‘ = i‘” = —L"Vl-) = k;/o,nCV(-) - k‘to,nchV; (24)
\7/(‘),»1 ) 1 f f

. =, exp k;,_T [G . (E,,,g) - Gv;; (Emg) 25)
0 °

where the reaction coeflicients are now constants determined
solely by the formation energies of the defects. The appropri-
ate reference level for defining the defect energies becomes at
mid gap, and any dependence on electrostatic potential unam-
biguously vanishes from the energetics. This extends to other
charge states for the vacancy, and may also include a similar
set of reactions with holes, creating the reaction network illus-
trated in Figure 2 for vacancy charge state transitions. These
evolve dynamically as new vacancies are introduced, until the
electrons, holes, and vacancy charge states reach equilibration.
Similar reaction networks can be established for other point de-
fects, and are all coupled through the (dynamically evolving)
electron and hole densities.

This reaction network is easily generalized to a wide set of
interactions and charge state transitions and also more tractable
from the standpoint of numerical integration than attempting to
solve for the Fermi level directly. The densities of electrons
and holes can simply be co-evolved with the densities of differ-
ently charged defects during dynamic simulation. As electron

I'The appearance of ¢ in this construction is ambiguous, and will depend on
whether the Fermi level is referenced to the band edges or the vacuum level

density ¢, increases (implying a rising Fermi level) the forward
reaction rate increases and the point defects favor a more neg-
ative charge state, and the opposite occurs should ¢, fall. In
this case, the reference formation energies for charged defects
become well-defined constants - the mid-gap energies (where
the reference concentration for y, and u, is defined). A sim-
ilar absorption/emission balance is included for holes. In this
way, maintaining a balance of charge states consistent with the
electron potential is handled through the reaction network. Any
pair of reactions out of equilibrium is driven toward equilib-
rium, and this proceeds dynamically as the populations of point
defects evolve.

2.5. Polarons and Impurities

The same framework used here to describe the localization of
charge carriers to point defects can also be applied to impurity
elements (dopants) and primary constituent elements within the
lattice (polarons). For impurity cations, the preferred ionization
state of the impurities may be different than that of the host lat-
tice. Using D to denote a dopant and Q to refer to the ionization
state of cations in the pure material, one has the binary reactions
D? + ¢~ = D?! and D? + p* = D?*! for changing charge
states. As with defects, these can extend to further charge states
via additional reaction steps. The kinetics are governed by

-, X

k':z; = CS exp kbLT [Gi)u—l (Emg) - G{)‘/ (E’"g )] (26)
n,

k. 1

k%: = Cfr)r exp k,,_T [G{)qu (Emg) - Ggﬂ (E”’g)] @n

such that the kinetic coefficients are determined by the change
in system energy at mid gap as the impurity changes charge
state. For a given charge state

Rpn = kpyor yepe en s e €p=(Kpgar, + ks ) epo (28)

DI+

defines the net reaction rate.

For hematite in particular, the electron polaron strongly in-
fluences the behavior of the material. Intuitively, this follows
from the flexibility of Fe to adopt Fe?* and Fe®* charge states,
such that the reaction Fef, + n’ — Fep, has a (charge transi-
tion level) CTL deep below the conduction band edge. This has
been found in DFT calculations [48, 49] and confirmed exper-
imentally [50]. The hole polaron level is more controversial,
with many calculations unable to localize the hole, others find-
ing localization on O atoms using hybrid exchange-correlation
functionals[51], and some experiments reporting Fe**[52].

Conductivity with polarons can occur either by delocalizing
the charge or by direct transfer to a neighboring site. The for-
mer is accommodated directly by the reaction network (via the
dissociation rates), while the latter implies a polaron diffusivity,
governed by the reorganization energy for the localized charge
to hop from one atom to the next[53, 54]. In this sense, polaron
transport is analogous to lattice point defect transport. How-
ever, it is mathematically more complicated to implement, re-
quiring an exchange current with neutral atoms in order to pre-
serve lattice density. For this reason, only the delocalization



process is included in this study. This simplification may im-
pact electrical conductivity, but is not expected to significantly
modify steady state space charge distributions or ionic trans-
port of primary interest to the present study. Polaron reactions
with mobile carriers (recombination) and mobile point defects
(charge state transitions), however, are included.

2.6. Transport and boundary conditions

The flux of each defect and carrier follows from Eq (2). For
all species, inserting the definition of chemical potential gives

Ji=-D; [Vc,- tor V¢] 29)
and allows Eq (1) to be evolved solely in terms of species con-
centrations provided the electrostatic potential is known. This
expression gives an accurate description of transport by both
Fickean diffusion and electrostatically driven migration so long
as gVob << k,T with b as the nearest neighbor spacing, typi-
cally valid outside the Cabrerra-Mott regime (films thinner than
10 nm). This study applies finite volume discretization[55, 56]
for straightforward and exact enforcement of conservation prin-
ciples for mass and charge flow. Simulations proceed by evolv-
ing the concentration of each defect species and charge carrier
in time according to Eq (1) and concurrently updating the elec-
trostatic potential according to any resultant space charge accu-
mulation. For all species, spatial transport uses diffusion coeffi-
cients consistent with the construction of the reaction networks.
Electron and hole mobilities are treated phenomenologically,
but in principle could be described in greater detail to target
electrical properties such as conductivity which are not critical
in the current study.

For point defects, diffusivity will be defined here in terms of
the usual Arrhenius relationship

_fm

D; = D? exp kﬂi (30)

where E" is the height of the saddle point along the migration
pathway for species i to move from one lattice site to another.
In non-cubic crystals (such as hematite), D may be anisotropic,
a consideration beyond the scope of this study. The prefactor
DY accounts for the attempt frequency, saddle point vibrational
entropy, and jump distance, and is usually within the range 10~*
to 1078 m?/s.

All reactions defined in this framework are charge conserva-
tive, so only spatial transport of charged species can produce
net space charge. When this occurs the resulting potential ¢
must satisfy Poisson’s equation

-eVip = Z (gici) (€2))

where € is the permittivity of the material and the right hand
side represents the net free charge density. At each timestep,
the potential must be solved concurrently and consistently with
reactions and transport. As described previously, the potential
does not modify the structure or coefficients within the reac-
tion network. Instead, it only modifies the spatial distribution

of species through changes to the fluxes. As we show in Ap-
pendix A, the zeroth moment of the space charge distribution
determines the net charge which must develop external to the
scale to terminate any fields. Similarly, the first moment gov-
erns the voltage drop across the scale from the internal charge
distribution. An additional uniform field may also be imposed
across the scale based on external charge separation, and this
can be reflected in the boundary conditions applied to the po-
tential, and to the charge carrier concentrations.

The final term in Eq (1) is generation rates of radiation in-
duced defects. This will take the form

8 = c{n® (32)

where © is the mean displacement rate, usually given in dis-
placements per atom per second (dpa/s). Many displaced atoms
are eliminated rapidly through correlated recombination[57],
and the displacement rate can vary between sublatticies with
significantly different atomic mass. These effects are encapsu-
lated in the parameter 7, which can vary between conditions and
here we use a uniform value of 0.1 for both O and Fe defects,
though in practice it is likely to be for cation defects than an-
ion defects. Radiation also creates electron hole pairs, and the
number of such ionization events per displacement is a strong
function of irradiation conditions.

‘We consider two options for charge flow at the boundaries:
(a) insulating and (b) fixed potential conditions. The former fol-
lows Mott’s concept of the oxidation process in dry air, shown
schematically in Figure 3. Here, neutral oxygen atoms in the
gas require electrons to become charged adsorbed anions, cre-
ating holes in the valence band and pulling the valence band
maximum toward these adsorption states at the interface. If O,
is not already ionized, this process must be charge neutral and
the boundary is insulating. In contact with a metal on the other
hand, electrons can be transferred to and from the metal, such
that the Fermi level at the interface is pinned to the Schottkey
barrier for inserting electrons into the oxide. Both conditions
allow for space charge accumulation and a net potential drop
across the film. For thick oxide scales, most of the material sits
at the charge neutrality level.

For a purely insulating boundary the net charge carried across
the interface must be zero. Imposing a zero flux boundary con-
dition on all charged species at the interface is the simplest
means to satisfy this condition. The density of neutral species
(e.g. point defects) at the interface follows Eq (3), defined by
local equilibrium with the adjacent phase. This constraint is
sensitive to Fermi level and electrostatic potential for charged
species, but fully independent of these quantities for neutral
ones. Thus, the neutral defect concentrations at an interface
are determined only by the chemical activity (e.g. Au®) which
are properties of the neighboring phase. Charged defects at an
insulating interface form subsequently through the reaction net-
work, consuming or producing electrons and holes to change
charge state. That is, we do not consider the direct formation of
charged species at the interface but rather allow them to evolve
from the formation of neutral defects. The quasi-Fermi lev-
els at an insulating interface float together with the densities
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Figure 3: Example of electron energy levels within an oxide scale growing
on metal in air. Band levels near the boundaries can be influenced by oxide
termination conditions, with internal band bending governed by space charge
density consistent with Eq (31). For sufficiently thick scales, the interior of
the oxide away from the influence of adsorption states or the Schottkey barrier
reverts to the charge neutrality level (CNL).

of charged defects toward a constrained equilibrium, reached
within the relaxation time of the electronic system. Adsorption
states can be included as a set of species which occupy only
the interface integration point, and do not diffuse into the bulk
crystal. For this work, the charge transition levels of the oxygen
interstitial were replicated for adsorbed oxygen.

Conducting boundaries are simpler to enforce, and the net
charge flux need not be zero. Instead, the electron and hole po-
tentials are fixed (much the same way as the neutral defects) to
maintain a prescribed Shottky barrier height (SBH) between the
conduction band edge in the oxide and the electron potential in
the conductor. This results in a well-defined Fermi level at the
interface, allowing the density of all species at the interface to
be determined a priori, not just neutral ones. This allows flex-
ibility for the charged species (other than electrons and holes)
to be handled either (a) through the reaction network, similar to
the insulator or (b) by directly applying Eq (4) while including
any change in Fermi level from mid gap in Au¢. In practice, the
SBH is often influenced by charge dipoles and the character of
the interface such that "bulk" work functions (¢,¢0) and elec-
tron affinities (y) are poor descriptors of the SBH[58]. As such,
the nature of this potential is interface dependent, and much
more difficult to determine directly from ab initio calculations
than point defect properties.

2.7. Parameterization

Formation energies of point defects can be found from
atomistic  simulations. Following the Zhang-Northrup
formalism[59], the formation energy of defect X can be writ-
ten

H] = EX;] = EI0) + Eor — il (W/IX1 = /[0])  (33)
J

where E[X;] is the energy of the cell with the defect i, E[0] is
the energy of the perfect cell, and E is a correction which

accounts for any (artificial) interaction of the defect with itself
across periodic boundaries, typically due to charge or strain[60,
61, 62]. Finally, n; is the number of particles of type j in the
cell, and ,uf is the DFT chemical potential of those particles.
This is subject to the constraint E[0] = ¥;n/ul, such that a
system with N elements leaves N — 1 degrees of freedom in
choosing reference chemical potentials.

This work aligns the reference for oxygen to oxygen gas
at STP. This sets the reference potential at half of the energy
of an O, molecule. However, it is well known that (a) many
DFT appoaches overbind oxygen[63, 64], (b) those with a Hub-
bard U parameter often do a poor job of representing the heat
of formation for transition metal oxides[65, 66] and (c) the
STP reference for O, gas used in practice is neither at the
same pressure (indeterminate) nor temperature (0K) as the DFT
calculations[67]. A number of corrections have been proposed
to try to accommodate some of these shortcomings[68, 69, 70].
Here, we include only a single offset energy ¢ to account for all
artifacts in chemical potential alignment at the DFT level

1
I =5El0:]+¢ (34)

e =§ (ElFex05] - 3u0)

which is treated as a fitting parameter. The change in chemical
potential against this reference follows the formulae in Table
1 and tabulated thermochemistry data for hematite, O, (oxy-
gen rich conditions), and magnetite (metal rich conditions)[71].
Migration energies are not influenced by chemical potential and
can be found using saddle point identifying techniques such as
nudged elastic band methods[72]. Point defect thermokinetics
information for Fe,O3[73, 74, 75, 48] is summarized in Ap-
pendix B.

02 Fe304

Au® Go,(T, p) 3Gre,0,(T) — 2GFey0,(T)
Aufe %GFegog(Tl) -3Go,(T,p) 3GFe304(T1) —4Gre,0,(T)
0 0

_EGFEQC); _EGFEZOz

Table 1: Deviation in cation and anion potentials in hematite defined with re-
spect to the STP O reference state. Formulae are given for reactions with either
oxygen gas or magnetite. Gx(7, p) is the tabulated molar free energy of phase
X, while Gg]( is its value at STP.

Together, this fully parameterizes Eq (1) for evolving the
defects in an oxide with spatial resolution. In this study, this
capability will be used to simulate the concurrent transport of
charged point defects through a film. Anion and cation defects
of both interstitial and vacancy character are included, coupled
through charge reactions with delocalized electrons and holes,
as well as polarons. The resulting electrostatic potential and
mass flux across that develops within oxide scales can be deter-
mined for conventional thermal corrosion in addition to irradi-
ation affected environments.



3. Results

This section reports the behavior of the model as applied to
hematite. First, we will demonstrate the ability of the model
to reproduce the bulk properties of hematite at high tempera-
ture by benchmarking to experimental data and analytical ex-
pressions for well-equilibrated states. Next, we examine the
kinetics of oxidation of magnetite (Fe3O4) to hematite in dry
air, which compares favorably to experimental reference mea-
surements. This is followed by a transition to the effects of
irradiation, looking first at changes in the defect populations
and Fermi level in bulk material. Finally, we look at changes in
the oxidation kinetics under irradiation, often finding a counter-
intuitive reduction in corrosion kinetics in irradiation environ-
ments, though the effect is non-monotonic in nature. By acti-
vating individual mechanisms separately, the origin of this ef-
fect is identified as an internal potential from charged vacancies
which inhibits cation flux, and can induce transitions in charge
state for the cation interstitial from Fe;* to the less mobile Fe;.

3.1. Pure hematite

Simulations of bulk hematite were carried out using 1d slabs
of hematite material with interfaces on either side correspond-
ing to oxygen gas as illustrated in Figure 4. The crystal was ini-
tialized in an undefected state, and promptly heated to a fixed
temperature. After initialization, point defects flow in from ei-
ther surface, evolving dynamically until reaching a well equili-
brated condition. The mean charge of the defect species evolves
consistently with the Fermi level until reaching an equilibrated
state. Due to the insulating boundary conditions and conserva-
tive nature of the reaction network and integration scheme, the
net system charge remains zero to within numerical precision
throughout the simulations. Simulations of this type were re-
peated for a wide range of temperatures and oxygen activities.

Defect densities in the center of a hematite slab once steady
state is achieved can be compared to the experimental proper-
ties on stoichiometry and mass transport in hematite. The self-
diffusion and high temperature oxygen deficiency of hematite
can be captured accurately both with and without inclusion

Fe,0,

O O
Discretization points

Vo Density (10%m~?)

Depth (nm)

Figure 4: Basic cluster dynamic type simulations of charged defect profiles in
hematite showing an illustration of a 1d simulation of a hematite film in air and
the evolution of anion vacancy profiles upon prompt heating to 800 C.
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Figure 5: Comparison of the performance of the kinetic model (lines) to the
empirically observed (points) high temperature behavior of hematite(points).
The (a) self-diffusion from the model including polarons for hematite exposed
to air is compared to both anion and cation measurements with conventional
tracer diffusion experiments from Amami et al[31] and Reddy et al[30] and
atom probe enabled measurements from Kaspar and co-workers[76]. The oxy-
gen deficiency (b) is compared to the data reported by Dieckmann[34], for both
the polaron (solid lines) and polaron-free models (dashed lines).

of the polaron state, as shown in Figure 5. With polarons
omitted, oxygen deficiency declines strictly to the power 1/2
with O, partial pressure, consistent with neutral anion vacan-
cies. When polarons are included, the power law exponent of
pressure dependence varies, and this occurs due to a transition
from charged to charge neutral vacancies as oxygen activity in-
creases. Self-diffusion on both lattices compares well to the
experimental measurements, and thermal self-diffusion mea-
surements are included from both conventional tracer diffusion
measurements, and more recent work at lower temperatures en-
abled by atom probe tomography characterization across finer
length scales. An apparent change in activation occurs in the
anion self-diffusion, and reflects a transition from vacancy med-
itated to interstitialcy mediated transport as temperature de-
creases. This possibility was suggested in prior work which did
not allow for changes in Fermi level[77], and it remains active
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Figure 6: Brouwer diagrams of the defect content in hematite at (a) 300 (b) 800 and (c) 1200 “C when polaron states are omitted. In each case, the upper panel
shows net defect density summed over all charge states while the lower shows mean charge for each point defect class. Points are determined by the equilibrated
state of a hematite slab using the kinetic model proposed for this work, while solid lines are computed by finding the charge neutrality level according to Eq (36)

in the full model here.
In bulk material, equilibrium defect content respects a self-
consistent solution to the charge neutrality condition

0= Z qjcj. (35)
J

So long as the dilute limit is respected and the Fermi level does
not encroach on either band edge, the concentrations are deter-
mined as

ENT,p) - 4 (Er = Eng)
kyT

=0
cj=cjexp

(36)

for each species j. The resulting sum is transcendental in Fermi
level, but can be solved by fixed point iteration to determine the
charge neutrality level (CNL) corresponding defect and carrier
densities[78] that satisfy charge neutrality. The calculated CNL
and defect densities from this approach are essentially identical
to the equilibrium condition attained by the dynamic model in
the center of a hematite slab once steady state is achieved, as
shown for a wide range of oxygen pressures at selected temper-
atures in Figure 6 for a case where polaron states are neglected?.
At 300°C, the population of cation vacancies was still slowly
increasing, and had not fully equilibrated at the simulation end
time owing to the high migration barriers for these defects. This
is appears as a slight difference between analytical equilibrium
and simulated vacancy content.

As temperature increases, the intrinsic region (where ¢, =~
¢,) narrows because the ratio of point defects to charge carriers

2Similar agreement is attained when polaron states and/or dopant atoms are
included, but these diagrams are omitted for brevity.

increases and requires additional charge compensation. At high
temperature, the material displays n-type behavior for oxygen
pressures below atmosphere, consistent with the known prop-
erties of the mineral[34]. As the Fermi level continues to rise
with decreasing O, pressure, the CTL to lower charge states is
passed. The anion vacancy prefers +1 at mid gap, and the cation
interstitial prefers +2, but both are pushed toward charge neu-
tral states as oxygen activity drops. At lower pressures still, the
anion interstitial transitions to the —2 charge state. The cation
vacancy is already at its lowest charge state (—3) at mid gap,
and remains there for every thermal condition simulated in this
study. These charge transitions - evident in the lower panels
of Figure 6 - are not step-wise binary process, and instead oc-
cur via a mixture of defect charge states with ratios that evolve
with oxygen activity. This is reflected in a non-integer mean
charge for each point defect type, one that increases smoothly
with oxygen activity alongside a corresponding drop in Fermi
level. The reaction network based approach captures this be-
havior inherently, dynamically, and - as will prove important in
the subsequent results - in a manner that respects spatial gradi-
ents.

3.2. Oxidation kinetics

Mass transport through the hematite layer of an oxide scale
was simulated by changing one of the boundaries to have an
oxygen chemical potential consistent with magnetite. This can
represent either the oxidation of bulk magnetite to hematite or
the magnetite sublayer which forms in oxide scales during the
corrosion of Fe metal. In either case, the lower oxygen poten-
tial at the inner (magnetite/hematite) boundary drives a net flux
of oxygen inward and metal outward. Following an approach
otherwise identical to the bulk material, defects flow in from the
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Figure 7: The evolution of cation interstitial profiles upon prompt heating to
800 °C in a 100 nm thick film of hematite grown on magnetite. Defect flux first
increases, then decreases with time, with space charge accumulation occurring
in the first 10 nm of the film. Changing the inter-oxide boundary condition from
a fixed Fermi level (conductive) to zero charge flux (insulating) modifies only
the boundary layer.

boundaries and evolve until reaching steady state. The simula-
tion setup and evolution of defects in a passive scale are shown
in Figure 7.

Two limiting cases are shown commensurate with the pre-
viously discussed boundary conditions. In the first, magnetite
is treated as a conductor, and the Schottkey barrier at the in-
terface (electron potential) is held fixed midway to the polaron
level. In this case, a significant positive space charge devel-
ops in the first 10 nm of the film, primarily from anion vacan-
cies. A nearly linear cation defect profile is established within
a 100 ns. As the slower anion vacancies diffuse in over sev-
eral ms, space charge accumulates near the interface, causing
a noticeable drop in Fe* concentration and corresponding flux.
This serves as a barrier for injecting these defects into the scale,
and induces a drift current opposing the concentration gradient,
slowing net cation transport. In the second, magnetite is treated
as an insulator, and the flux of charge across the interface is
zero. In this case the Fermi level at the interface rises, lowering
the cation interstitial density directly at the interface, but space
charges are much less pronounced. Outside of the first 10 nm,
defect concentrations are almost identical, and the steady state
flux is not substantially influenced.

In these simulations the boundaries are held fixed, such that
the growth of the film cannot be simulated directly. In this case,
the final product of the simulation is not an equilibrium condi-
tion, but rather a steady state flux of O and Fe atoms through a
hematite scale of a given thickness. The corresponding growth
velocity of hematite when this condition is reached follows

v = Qfe,0, (4.5 jFe — 3jo) 37

where Qge,0, is the formula unit volume. This follows from
the 4 formula units produced for each Fe atom that leaves the
magnetite interface, 3 for each O that arrives there, and half a
formula unit for each Fe that reaches the oxidizing environment,
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Figure 8: Oxide growth rates calculated from steady state defect flux shown
(a) as a function of film thickness at selected temperatures and (b) using ex-
tracted parabolic rate constants and compared to experimental measurements
of hematite growth from Caule[79] and Channing[80, 81].

consistent with the reactions

3Fe;04 — Fe + 4Fe, 03,
2Fe;04 + O — 3Fe, 03, and
Fe +3/20, — 1/2Fe,0s. (38)
Bringing scales of different thickness to steady state determines
the growth trajectory for scales in excess of about 10 nm, where
the initial transient may influence kinetics. Growth rate as
a function of thickness for hematite growing on magnetite is
shown for selected temperatures in Figure 8.

The strictly inverse relationship between thickness and
growth rate displayed by this model characterizes conventional
diffusion-controlled parabolic oxidation. The parabolic rate co-
efficient (by thickness x) for this process can be written

kp(T) = X(T, x)/x (39)
and quantifies the growth kinetics in a manner that can be com-
pared to experimental data. Arrhenius plots of simulated and
experimentally measured oxidation kinetics are also given in
Figure 8. At all temperatures, growth was mediated solely
by the outward flow of cation interstitials with all other de-
fects providing negligible contributions to growth. The major-
ity charge state was Fe*, with some triply and single charged
defects present, particularly as temperature increased. The acti-
vation energy and magnitude of corrosion kinetics demonstrate
reasonable agreement with experimental work. Caule et. al.
quantified the hematite and magnetite layers separately, identi-
fying an early time regime where magnetite thickness was con-
stant and growth proceeded only by hematite expansion[79].
At higher temperatures, Channing and co-workers oxidized Fe
films, measuring the later progression of hematite growth after
all underlying metal had converted to magnetite[80, 81]. Both



cases isolate exactly the processes simulated here, and these
data are also shown.

An analysis by Atkinson and Taylor[29] concluded that a no-
tional parabolic constant for Fe oxidation accounting for the
multi-layer scale structure of Fe/FeO/Fe;04/Fe,O5 collapses
oxidation rates for Fe metal, FeO, and Fe;O,4 substrates onto
a single curve. This provided an activation energy similar
to self-diffusion by n-type defects in hematite generated at
the hematite/magnetite interface. Their analysis implies mass
transport through hematite is rate limiting during Fe oxidation,
and occurs by Fe; or Vo migration. Our model produces a
similar agreement in activation energy for parabolic oxidation
kinetics, and suggests Fe;*® transport alone mediates hematite
growth. Extrapolating from high temperature diffusivity data,
the notional rate constant analysis of Aitkinson and Taylor un-
derpredicted oxidation kinetics by 1-2 orders of magnitude. Our
model, however, agrees for both activation energy and magni-
tude.

Another feature of the model is that the parabolic constants
above 500 °C do not follow a strictly Arrhenius relationship,
though the deviation is subtle. This is due to a rising density of
V' defects which begin to shift the Fermi level toward the con-
duction band. These defects outnumber Fe interstitials by sev-
eral orders of magnitude, but owing to their low relative mobil-
ity make vanishing contributions to oxide growth. This results
in an extra barrier for inserting Fe;* defects into the charge neu-
tral region of the oxide per Figure 7, and an increasing fraction
of Fe; defects, which are less mobile than their doubly charged
counterparts (see Appendix B). This subtle decrease in effec-
tive mobility at high temperature may well explain why the di-
rect extrapolation by Atkinson et al from high temperature data
gives lower expected rate constants than seen here. The ac-
tivation energy in the linear regime does not perfectly match
the experimental data, and linear regression indicates a 0.1 eV
difference, well within the margins between different levels of
theory for computing formation and migration energies in DFT.

3.3. Irradiation-induced defects

Irradiation produces defects throughout the material, rapidly
generating a supersaturation of both vacancy and interstitial de-
fects. For hematite in air, the evolution of defect content is op-
posite from the prompt heating shown earlier. Instead of flow-
ing in from surfaces, vacancies accumulate in the interior and
flow outward to the surface. Eventually, a steady state profile
is reached, with more defects in the center of the material than
at the surfaces as shown in Figure 9. Cation vacancies also ac-
cumulate in the material ultimately reaching a higher density
due to lower mobility as compared to anion vacancies. Conse-
quently, more of cation vacancies are annihilated by recombi-
nation rather than diffusion to surfaces. Further, cation defects
are oppositely charged and attract while anion interstitials are
charge neutral. This further increases recombination density
for cation defects, as the electrostatic fields developed by the
cation vacancies restricts the escape of interstitials to the free
surfaces.

The significantly higher mobility of interstitial defects on
both sublattices leaves far fewer present in the material, shown
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Figure 9: Depth distribution of anion and cation vacancy net density (summed
over all charge states) in a thin film of hematite irradiated at 300 °C and 1076
dpay/s, shown at selected doses.
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in Figure 10. While the vacancy species linearly accumulate to
at least a few dozen appm, interstitial densities saturate almost
immediately at far lower concentrations. As vacancy densities
continue to climb, interstitials begin annihilating by recombina-
tion before reaching surfaces, and their densities drop further.
This is particularly true on the cation lattice, but evident to a
lesser extent for anions as well. This general behavior of va-
cancy and interstitial defects is typical during irradiation[82].
Another consequence of the rising cation vacancy supersatu-
ration is a falling Fermi level, reflected in the lower panel of
Figure 10. These defects absorb electrons during the transient
3 because their preferred charge state is V. By 10~* dpa, the
Fermi level drops below the +2/+3 CTL for cation interstitials,
and by 1072 dpa stabilizes near the -3/-1 CTL for the now pre-
ponderant cation vacancy.

The additional defects present under irradiation lead to
higher mobility of atoms and faster self-diffusion on both sub-
lattices. The extent of this radiation enhanced diffusion (RED)
depends on the mean free path of defects to annihilation, which
is influenced by both microstructure and recombination den-
sity. Figure 11 shows the self-diffusion during irradiation for
films with several thicknesses. At large thickness (low sink
strength) diffusivity transitions between two Arrhenius regimes,
high temperature thermal self diffusion and a low temperature
regime governed by diffusion of irradiation induced defects,
with densities limited primarily by recombination.

At higher sink densities (thinner films), there is a transitional

3Moving through the unstable Vi, state (which does not lie on the convex
hull) slows the kinetics of reaching this charge in comparison to the cation
interstitial and anion vacancy
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region with no temperature dependence. In these conditions,
recombination is negligible, and defect densities are limited
purely by loss to sinks. As shown in Appendix C, the radia-
tion enhanced diffusion coefficient in these cases becomes

DRED 2g

40
ok (40)

with equal contributions from vacancy and interstitial defects.
As temperature continues to drop, the recombination regime is
reached. Under these conditions, one instead finds

1 ( D, )1/2
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with an effective activation energy of half of the vacancy migra-
tion barrier. These simple approximations describe the full sim-
ulation results well, though small deviations are evident from
the influence of space charge accumulation on the defect con-
tent. This is most evident for anion diffusion in the 10 nm film,
where a slight negative activation appears. Radiation induced
space charges will play a much more significant role in trans-
port through growing oxides, discussed at length in the next
section. Finally, we note that in cases where both vacancy and
interstitial defects become immobile, RED will occur primar-
ily by ballistic mixing directly in damage events, rather than by
transport of point defects. In hematite, both cation and anion in-
terstitials are mobile even at room temperature and this regime
is unlikely for any of the conditions considered here.

This compares well to the dose and temperature depen-
dence of experimental measurements of RED in hematite in
general[83]. However, the recombination limit for anions and
cations seen in experiments was notably closer in magnitude
than seen here. This likely reflects coupling of the two lattices
through defect clustering into larger agglomerates of vacancy
and/or interstitial defects. Regardless, the effects of irradiation
significantly enhance atomic mobility within the oxide. As we
show next however, this only translates into accelerated oxida-
tion kinetics under very specific conditions. In fact, in many
conditions oxide growth may actually be slowed.

3.4. Oxide growth during irradiation

This subsection outlines the influence of irradiation on the
scale growth conditions outlined in section 3.2. First we
demonstrate a somewhat counterintuitive reduction in oxidation
kinetics during irradiation at technologically relevant tempera-
tures. Isolating and selectively removing individual aspects of
the physics from the model demonstrates that this effect stems
from shifts in the charge neutrality level detrimental to cation
interstitial transport. Other factors are also active, including
drift flux in the electric field and internal recombination in the
oxide scale, but less pronounced.

Irradiation generally suppresses oxidation kinetics in the fis-
sion reactor relevant regime of dose rates and temperatures, as
seen in Figure 12. Data are shown for 10~° dpa/s relevant to
pressure vessels and spent fuel, 107° dpa/s as expected for fast
reactor cladding, and 10~* dpa/s typical of accelerated mate-
rial testing in ion beam facilities. The effect is non-monotonic,
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Figure 12: Hematite growth rates at a dose of 1 dpa as a function of oxide
thickness during continuous irradiation. Selected dose rates are compared to
thermal growth for three temperatures demonstrating a non-monotonic effect of
increasing damage rates and deviations from parabolic growth.

and both 300 and 400°C simulations show slowing growth with
damage at low dose rates, which then transitions to a recov-
ery or even increase in growth rate when reaching the highest
dose rates. At the higher temperatures, radiation has no effect
at sufficiently low damage rates, and growth becomes indistin-
guishable from the thermal case. The growth trajectory does
not follow parabolic trends overall once radiation is introduced,
though in many cases L ~ 1/L still holds for selected ranges of
thickness. Interestingly, for the highest dose rate, the growth
trends at all temperatures converge toward a single curve at
large thickness.

Lack of a clear and uniform effect suggests multiple com-
peting mechanisms are active. The absence of any effects at
high temperature are relatively easily explained by the abun-
dance of thermal defects overwhelming radiation induced de-
fects in transport processes. The critical temperature for this
to occur naturally increases with internal densities of radia-
tion induced defects, and therefore with dose rate. Such ef-
fects have been widely observed in other aspects of irradiation
damage[84]. The other mechanisms are more difficult to iden-
tify, but in what follows, we consider three possibilities: recom-
bination altering the distance atoms need to travel, separation of
oppositely charged defects by an electric field, and irradiation
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induced shifts in the Fermi level.

Removing all the electrostatic dependencies of the problem
isolates the first mechanism. To accomplish this, all defects are
made charge neutral, with formation and migration energetics
fixed to the CNL energies. This simplified problem has only
four species, no electrons or holes, and no space charge. In this
case, the only effect of irradiation is to increase growth rates, as
seen in Figure 13 at 300 °C and 1 dpa for several growth rates.
However, the nature of this effect is transient, as demonstrated
in 13(b). The apparent growth rates as a function of dose (time)
show a radiation induced transient stage, many orders of mag-
nitude longer than for thermal growth. The thermal transient for
the conditions examined resolves within 1 ms, but under irradi-
ation a second transient appears that persists for hours. Once
steady state is reached, identical kinetics to thermal conditions
are restored. Furthermore, suppressing recombination leads to a
net flux which matches thermal conditions throughout the sim-
ulation (not shown) with no additional transient stage. Despite
significant radiation enhanced diffusion, oxidation kinetics are
identical.

This may seem counter-intuitive, but follows directly from
point defect partitioning. Radiation induced defects are intrinsi-
cally mass conservative overall, so if half the interstitials arrive
at each interface, and same for vacancies, it results in no excess
mass flux. With only Fickean diffusion operating, the radiation
induced populations superimpose linearly on the concentration
profiles from the thermal defects, and only the thermal flux re-
mains unchanged. Recombination between thermal and irradi-
ation induced defects breaks the the linear superposition princi-
ple, but only during dynamic evolution in the transient stage be-
fore the vacancy content reaches steady state. While vacancies
are still accumulating within the scale, mass conservation im-
plies excess interstitial flux to the interfaces. Any excess mass
arriving at phase boundaries is merely a consequence of an in-
creasing vacancy population. It is difficult to sustain vacancy
densities against recombination at higher than 1000 ppm, sug-
gesting that the transient stage can account for no more than an
0.1% increase in oxide thickness in practice. Indeed, integrat-
ing the excess growth from the irradiation transient in Figure
13(b) gives less than 1 nm excess growth for a 1000 nm oxide.

Returning to the full problem with electrostatic effects and
space charge, drift in an electric field can polarize the flux of
oppositely charged interstitial and vacancy defects in opposite
directions, breaking the symmetry of the pure diffusion prob-
lem. The excess vacancies accumulated in the scale do induce
significant space charge. This leads to an internal potential and
corresponding shift in the Fermi level, which remains present
when steady state is reached. The strong preference for V[
pushes the electron level toward the valence band, while V3
pushes it toward the conduction band. The latter effect is seen
in the thermal case at high temperature, but under irradiation
they compete. To demonstrate this competitive effect, simula-
tions where one type of vacancy is restricted to the neutral state
are shown in Figure 14. Simulations that enforce Vi neutrality
result in falling Fermi levels, and accelerated corrosion.

Demanding Vg, neutrality instead creates an opposite Fermi
level shift, with magnitudes sufficient to induce a charge state
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Figure 13: Growth rates when defect charge and charge state transitions are
neglected. Thermal growth is compared to several irradiation dose rates (a) as
a function of thickness at 1 dpa and (b) as a function of dose (up to 1 dpa) at a
fixed thickness of 1 ym.

transition to Fe;. This charge state has a significantly higher mi-
gration barrier than Fe;*, further suppressing cation transport.
The effects do not superimpose linearly when both vacancy su-
persaturations are free to transition between charge states. Near
the magnetite layer, most Vg, are recombined by thermal Fe;
leaving an n-type shift, and a barrier to further inward Fe}*
fluxes. Consequently, near the outer surface a much higher den-
sity of Vg, are left, and material shifts significantly p-type. The
separation of charge induces a 300 mV potential drop across the
scale, but a nearly 100 mV internal barrier height.

This n-type barrier is rate-limiting for cation transport, re-
sulting in the decrease in corrosion kinetics seen for these con-
ditions in Figure 12. However, as just demonstrated, the na-
ture of the irradiation effect is specific to the location of the
charge transition levels for each point defect within the gap, and
how these interact. If the anion vacancy preferred the neutral
charge state across the majority of the gap (similar to the inter-
stitial), an acceleration in transport kinetics would be seen in-
stead. Other materials where thermal oxide growth is mediated
by other defects will interact with space charge distributions in
a different manner. Finally, conditions with a significant exter-
nally generated potential, such as from electro-chemical effects,
could bias the flux of irradiation induced defects, and this effect
could be significant for thinner films (lower temperatures) out-
side of the parabolic growth regime.
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4. Discussion

This study has not considered internal clustering of point de-
fects into large complexes and damage microstructures. Va-
cancies from opposite sublattices holding opposing charge will
be driven by the Coloumb interaction to form di-vacancy pairs,
larger clusters, and eventually voids. Similarly, interstitials ag-
gregate into prismatic dislocation loops. Presumably, these fea-
tures would prefer and stabilize charge neutral configurations
in contrast to the preferences of isolated point defects. As such,
the Fermi level shifts from monomer defects as reported here
are best interpreted as an upper limit, and the response of a real
material will likely be moderated by cluster formation.

The general reduction in transport kinetics for hematite in
the reactor relevant temperature and dose rate regime cannot be
easily generalized to other materials. The space charge that de-
velops from irradiation induced defects is sensitive to the CTL
for each defect, as demonstrated by modifying the properties
of different types of vacancies. The balance between compet-
ing effects could easily shift in favor of accelerated corrosion
for a different material with different charge transition levels.



Further, for oxides where significant internal charge develops
under thermal corrosion conditions, superposition with radia-
tion induced defects may follow different patterns than the ones
seen here. In fact, the type of space charge which builds up
from radiation induced defect supersaturations should be ex-
pected to be a delicate function of the specific defect properties
of each oxide that can vary substantially between compounds,
or even between nominally similar materials with different im-
purity/dopant content dictating the initial Fermi level.

Finally, the question of boundary conditions on the electro-
statics problem has been left largely unaddressed here. The
interior contact with magnetite has followed a contact barrier
height consistent with the CNL of bulk material. This may well
prove a poor assumption. However, we saw little to no dif-
ference to oxidation properties using a charge insulating inter-
face instead. The interface may develop a strong charge dipole
that would substantially shift the contact Fermi level one di-
rection or the other, and the nature of that dipole itself might
change substantially in an interface modified by irradiation.
However, such an effect would be depleted within the Debye
length, and parabolic behavior should be re-established once
such a scale thickness is reached. A similar effect might be cre-
ated by strongly charged adsorbed oxygen, which here has been
treated as primarily charge neutral like the anion interstitial in
bulk. The anticipated effect is similar, only modifying kinetics
significantly for thin films and early times. Notably, the early
behavior of iron oxidation does deviate from the parabolic rates
of thicker films, and the direction of that deviation varies with
temperature[85].

5. Conclusions

This work outlines a kinetic framework for simulating point
defect transport in bulk oxides and through oxide scales grow-
ing on metals or other oxide phases. This approach is capable of
directly interfacing with atomistic calculations of charged point
defect formation and migration energetics. It’s flexibility enable
a wide range of potential applications ranging from irradiation
effects on transport in functional oxides and predicting thermal
and irradiation modified corrosion kinetics. In this study, our
model was applied to hematite and closely reproduced a vari-
ety of properties including non-stoichiometry, diffusivity, and
parabolic growth constants under thermal conditions.

The model was also applied to hematite in irradiation envi-
ronments, predicting significant changes in bulk oxide proper-
ties. However, the nature of irradiation effects in bulk mate-
rial were demonstrated to be quite different from those in oxide
scales formed during corrosion. Principally, This work demon-
strates that radiation enhanced diffusion RED - even when many
order of magnitude faster than thermal self-diffusion in bulk
material - cannot accelerate corrosion kinetics meaningfully on
its own. However, radiation induced defects can shift the Fermi
level and establish electrostatic potentials that alter net defect
current, modify dominant charge states for defects, and thereby
influence corrosion kinetics. For hematite scales, vacancy prop-
erties as reported in existing literature promote slower oxida-
tion due internal charge accumulation from radiation induced
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vacancies that unfavorably impacts cation interstitial transport
through hematite layers.
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Appendix A. Electrostatic potential from internal defects

The electrostatic potential can be divided into two separate
parts via the superposition principle. The first is governed by
the distribution of charges internal to the oxide scale. The spa-
tial variation in electric field E = —V¢ follows

V.

E= (A1)

P
o
The second component is created by an unknown distribution of
external charges. This contribution to the field must be uniform
and constant within the oxide, and will be written here as E.y.
The internal charge density can be divided into uniform and
spatially varying components

1t
p=1 fo p(x)dx (A2)
px) = p(x) = p (A3)

the first of which determines the difference in field at each edge
of the scale, but cannot create a potential difference. The poten-
tial drop across a scale of thickness L due to internal charges is
then given by

L X~
Ap = —f f @dfdx (A4)
o Jo €
which integrates by parts to produce
Lx-Lp2
A = f G- LDpM) (A5)
0 €

which is the first moment of the charge density. This acts in
addition to any externally applied field E.y, which is an envi-
ronmental parameter independent of the charge distribution in
the oxide itself.



Midgap Formation Energy (eV)

Charge Vo VEe O, Fe; n p
0 346 3.16 228 4.88 0.00 0.00
1 339 220 4.81 456 0.65 1.10
2 344 2.68 2.89 438 n/a n/a
3 nfa 0.80 n/a 484 n/a n/a

Migration Energy (eV)

Charge Vo VEe O, Fe;
0 1.30 2.12 046 241
1 1.18 2.05 n/a 146
2 1.24 133 044 0381
3 nfa 148 n/a 0.64

Table B.2: Point defect formation and migration energies by charge state.
Charges are positive for Vo and Fe; and negative for Vg, and O;. For polarons,
charge 0 indicates the absence of a polaron, while charge 1 represents the lo-
calization of a single carrier to an atom.

Appendix B. Defect thermodynamics

Defect formation and migration energies for hematite have
been reported previously[75]. For self-consistency, we use the
data reported by Banerjee, also shown in Table B.2. Migration
barriers are given for each charge state, as well the mid gap for-
mation energy against O, gas at STP. Also shown is the relevant
polaron levels used in this work, where the electron polaron was
reported by Lee and Han[48].

Notably, certain charge states are highly unfavorable, and do
not appear on the convex hulls, plotted in figure B.15. Namely,
O; and V{, do not appear, and are notably both charge +1 with
respect to the full formal charge. Similarly, the hole polaron is
difficult to localize in isolation. In the simplest analysis, this
all aligns well with the high cost of localizing a single positive
charge to form either Fe** or O'~ among the defect’s neighbor
atoms. The relative ease of creating Fe>* renders the full range
of n-type defect charge states easier to attain.

Aligning the DFT reference oxygen level to data recorded in
thermochemistry tables was treated as a fitting parameter (as
described in section 2.7), as were defect mobility prefactors.
These were selected by linear regression against the empirical
data included in Figure 5, and are listed in Table B.3. Sepa-
rate regressions were done for cases including and excluding
polaron states, with slight differences between the two. The
mobility prefactor for Vg, had no influence on observable prop-
erties within the physically relevant range. Additional material
parameters for hematite are given in Table B.4.

‘With Polaron  Without Polaron
. (eV) 0.227 0.042
STVol (k) 0.63 2.59
Do[Vol (m?/s) 2.39x1077 1.05 x 1077
Do[O;] (m?/s) 1.29x107° 7.74 x 1073
Do[Fe;] (m*/s) 2.81x107* 458 x 1073

Table B.3: Fitted O, alignment parameter ¢ and point defect properties for
models including and excluding polaron states. Cation vacancy parameters had
no effect on fit quality in the physically relevant range.
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Figure B.15: Convex hulls for point defect and polaron formation energies in
Hematite referenced to O, (uncorrected) in DFT.

Parameter Value Unit
Dielectric constant (€) 23.67 &
Anion site density (c%) 620 nm™
Cation site density (c(}e) 414 nm™
Reaction radius (r4p) 0.60 nm
Effective mass (mj,, m,) 1

Band Gap (E,) 22 eV
Production efficiency (17) 0.1

Table B.4: Additional material properties for hematite required for the cluster
dynamics models. Dielectric constant, lattice densities, and bandgap were taken
from the same DFT calculations as the defect energetics, other parameters are
assumed or empirical.

Appendix C. Radiation Enhanced Diffusion

Here we produce the expressions for the recombination and
sink limited cases for radiation enhanced diffusion. The net
self-diffusion is given by the sum of interstitial and vacancy
mediated transport

1
DRED = o (Dici + Dycy) (C.1)

and the homogenized steady state concentrations are given by

0 = g — Dik%ci — kycicy (C2)
0 = g - D,K%c, — kycicy (C.3)
kiv = 471'7‘,", (D, + Dv) (C4)

including loss to sinks and recombination. In the limit that re-
combination is negligible, the concentrations are given trivially
by
o 2
¢i = g/Dik
c, = g/kaz.

(C.5)
(C.6)



When inserted into Eq (C.1), the diffusivities cancel and self-
diffusion becomes
DRED _ 2_8
C0k2
which has no explicit temperature dependence.
As recombination becomes more prevalent, the solution to
Eq (C.2) becomes

(X))

ci = DK/ 2k;, (C.8)
¢y, = Dik*a/2k;, (C.9)
DREP = D.D.k*a/coksy (C.10)
instead, with
dgki, '
=1+ == -1 C.11
¢ ( DD 1D

defining the balance between loss to sinks and recombination.
The two limiting expressions for alpha are

2gkiy 4
m k DiDv >> gk,",

4gks \1/2
(#KD‘) k4D,'D‘, << gkiv

(C.12)

for sink and recombination limited cases, respectively. The for-
mer reduces to Eq (C.7), while the latter gives

( 4gkiv

DRED DD,k 12
D.D,i*

C.13
COkiv ( )

The recombination rate coefficient k;, is governed by the diffu-
sivity of the faster species (interstitials in hematite), and the self
diffusion becomes

D. 1/2
DRED — (—g) (C.14)

r;,

which is equivalent to Eq (41) in the main text.

When no sinks at all are present, defects can only recombine,
such that their concentrations must be identical in order to con-
serve mass. The steady state concentration of both defects is
then given by

2 172
Cipy = (k_) (C.15)
w
with self diffusion given by
1 (gD \"?
DRED ~ — (g—) (C.16)
co \4nr,

but this limit was never realized in this study, even up to 10 um
oxide films.
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Highlights

¢ Developed a new kinetic model for oxide growth kinetics in extreme
environments

¢ Directly informed by point defect energetics from density functional theory

¢ Reproduces observed macroscopic properties of Hematite

¢ Predicts changes in oxidation kinetics and self-diffusion due to irradiation
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