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Abstract

A new concept of refractory high-entropy metal-ceramic composites (HEMCC) has been
proposed that combines the outstanding physical properties of both high-entropy alloy (HEA)
and high-entropy ceramic (HEC). As the first HEMCC system, to the best of our knowledge,
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TiTaNbZr-(TiTaNbZr)C, has been developed by a powder metallurgy process. The HEA and
HEC phases exhibit body-centered cubic (BCC) and rock-salt B1 crystal structures,
respectively, and both phases have non-equimolar chemical compositions. With the increase
of the HEC phase in HEMCC, the hardness is enhanced while the density and fracture
toughness are decreased. HEA50C sintered from 50 vol.% HEA and 50 vol.% HEC precursor
powders shows a favorable combination of flexural strength (541±48 MPa) and fracture
toughness (6.93±0.27 MPa·m1/2) at room temperature and a high compressive strength at
1300 ºC (275 MPa). The optimized mechanical performance of HEMCC might be attributed
to the combination of the ductile HEA and strong HEC phases, smaller grain size, and crack
arrest at HEC/HEA interfaces.

Keywords: high-entropy alloy (HEA); high-entropy ceramic (HEC); mechanical property

1. Introduction

Advanced materials with outstanding phase stability, high-temperature mechanical strength,
corrosion and irradiation resistance in extreme environments are critical for multiple
applications such as gas turbine engine blades, gas-cooled fast reactors, tokomak fusion
systems, and hypersonic vehicles. Currently, Ni- or Co-based superalloys [1], W- or Nb-
based refractory alloys [2], and SiCf/SiC composites [3] are the main candidates for
applications with a service temperature over 1000 ºC. However, these materials fall short in
meeting one or more of the required properties in extreme environments. For example, the
operating temperatures of Ni- or Co-based superalloys are bottlenecked by their relatively
low melting points (i.e., Tm of Ni=1455 ºC, Tm of Co=1495ºC) [4]. Refractory alloys such as
C-103 (Nb-10%Hf-1%Ti) and TZM (Mo-0.5%Ti-0.8% Zr-0.02%C) [5] are characterized by
high bulk density, low oxidation resistance [6,7], and irradiation embrittlement at
temperatures below 30% of their melting points [8]. Ceramic materials generally have higher
melting temperatures and high-temperature strength than those of metal alloys, but their
applications are hindered by their intrinsic brittleness and low fracture toughness.

In recent years, the novel concept of “multi-principal component” has opened up new
possibilities for discovering and developing novel materials with more complex compositions
and superior properties by exploring the center region of the phase diagrams [9,10]. These
“high entropy” materials including high-entropy alloys (HEAs) and high-entropy ceramics
(HECs) have become a hot topic of the research field. HEAs, such as NiCoFeMnCr [11] or
NbMoTaW [12], contain four or more metallic elements in equimolar or near-equimolar
concentrations that form a single-phase lattice structure. HECs, such as
(Hf0.2Zr0.2Ta0.2Nb0.2Ti0.2)C [13,14] or (Hf0.2Zr0.2Ta0.2Mo0.2Ti0.2)B2 [15], are ceramic materials in
which multiple metal elements in equal or near-equal atomic ratios in the metal positions
while a nonmetal element (e.g., C, B, O) occupies the anion position. These “high entropy”
materials have a broad composition space in a single-phase solid solution, which can be used
to tailor physical and chemical properties to meet the complicated requirements for the
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specific applications. Although this manuscript adopts the common terminology of “high
entropy” materials, this group of materials may be better referred to as “multi-principal
component” materials to avoid confusions. Recent studies indicate that the thermodynamic
stability of high-entropy carbides may not be controlled by entropy stabilization but through
the competition between entropy and enthalpy of mixing [16,17]. In addition, the concept of
compositionally complex alloys [18] and ceramics [19] have also been proposed to include
single-phase non-equimolar compositions.

Refractory HEAs with a body-centered cubic (BCC) structure have been reported to exhibit
higher thermal stability and high-temperature strength than the traditional Ni-based
superalloys, especially at temperatures above 1000 ºC [20,21]. Senkov et al. [22] reported
that both NbMoTaW and VNbMoTaW HEAs have yield strengths of 840 and 550 MPa,
respectively, at 1000 ºC, which are much higher than those of nickel superalloys Inconel 718
and Haynes 230 (~180 MPa). On the other hand, hardness of high-entropy carbides is much
higher than the estimated value by the rule-of-mixture of constitute monocarbides, which
may be related to the mechanisms of mass inhomogeneity and solid solution hardening.
Compared to individual monocarbides, a number of high entropy carbides can retain their
flexural strength to higher temperatures [9]. Feng et al. [23] reported that the flexural strength
of Hf0.2Zr0.2Ta0.2Nb0.2Ti0.2)C is above 400 MPa from room temperature to 1800 ºC, while
those of monocarbides such as TiC, TaC and HfC are decreased to be less than 400 MPa at
1400 ºC.

Metal-ceramic composites may combine the microstructures and physical properties of both
metals and ceramic materials to achieve an attractive combination of hardness, strength, and
toughness. Previous studies reported either HEA or HEC as the matrix phase, with the
addition of ceramic or metal particles with a simple composition (not a “high entropy” phase)
as the strengthening phases. For example, Wei et al. [24] fabricated MoNbRe0.5W-
(TaC)x composites by vacuum arc melting, which formed an eutectic microstructure
consisting of alternate layers of BCC and MC phases (M=metal). Microhardness, yield
strength and compressive strength of these composites are improved significantly with the
addition of TaC. Zhou et al. [25] developed WC-AlCrFeCoNi-cemented carbide composites
by mechanical milling and sintering at 1300 to 1450 °C, which exhibited a high compressive
strength up to 4395 MPa due to the inhibition of grain growth of WC by the HEA phase (10
or 20 mass%). Zhang et al. [26] used CrMnFeCoNi HEA as a sintering aid of B4C ceramics
during spark plasma sintering at 1500 to 2100 °C. The rupture strength of B4C-5 vol.% HEA
composite (619 MPa) was 37% higher than that of B4C ceramics. Recently, Arai et al. [27]
fabricated TiZrHfNbTaBx using arc melting, which vary from HEA (when x=0, 0.1, 1) to
HEC (when x=10) depending on the boron content. TiZrHfNbTaBx (x = 0.1 or 1) showed a
BCC matrix with MB (M = Ti, Zr, Hf, Nb, Ta) phases, while (TiZrHfNbTa)B2 (when x=10)
exhibited MB2 structure. The Vickers hardness and Young’s modulus of TiZrHfNbTaBx

increased with an increasing B-content due to the formation of borides.

This study aimed to explore a new concept of refractory high-entropy metal-ceramic
composites (HEMCC) for applications in extreme environments [28]. HEMCC is a unique
material that contains both HEA and HEC phases in its microstructure. Compared to the
existing HEAs or HECs, the novelty of HEMCC is that the second phase is also high-entropy.
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This paper presents the synthesis, microstructure, and mechanical properties of the first
HEMCC system, TiTaNbZr-(TiTaNbZr)C.

2. Experimental process

TiTaNbZr-(TiTaNbZr)C HEMCC were synthesized by spark plasma sintering (SPS) process.
Commercially available TiC, TaC, NbC, ZrC, Ti, Ta, Nb, and Zr (99.5%, powder size < 45
µm) powders from Alfa Aesar were used as starting materials. The metal element powders of
Ti, Ta, Nb, and Zr were mixed in an equimolar composition (Ti: Ta: Nb: Zr =1: 1: 1: 1) and
ball milled at 400 rpm for 30 h to form HEA precursor powders. The ceramic powders of
TiC, TaC, NbC, and ZrC were mixed in an equimolar composition (TiC: TaC: NbC: ZrC =1:
1: 1: 1) and ball milled at 250 rpm for 6 h to form HEC precursor powders. HEA and HEC
precursor powders were then mixed in specific volume ratios (0, 25, 50, 75, and 100%
volume percentage of HEC) and ball milled at 250 rpm for 8 h. All the ball milling processes
were performed by a planetary ball mill (Model Pulverisette 7, Fritsch Gmbh) using stainless
steel balls of 10 mm in diameter with a ball-to-powder ratio of 5:1, which was located inside
a glove box filled with Ar gas to avoid oxidation of metal and carbide powders.

Sintering of the ball-milled powders (0, 25, 50, and 75 vol.% HEC) was conducted on a SPS
system (Model 10-4, Thermal Technologies) under a vacuum level of 2×10-2 Torr. The
sintering conditions of the HEMCC and HEA were 1500 ℃ for 10 min at a pressure of 50
MPa. However, since HEC samples sintered at 1500 ℃ are porous and the HEC phase was
not formed, their sintering temperature condition was increased to 2000 ℃ for 10 min at a
pressure of 50 MPa, following our previous work [29]. The heating and cooling rates for all
these SPS processes were 100 ℃/min. The as-synthesized samples were discs with a
diameter of 20 mm and a thickness of 3~5 mm, which were mechanically polished to remove
the surface contamination by graphite molds. Subsequently, they were polished using
diamond lapping films with a surface roughness of 15, 9, 6, 3, and 1 µm to achieve a mirror
finish. The SPSed HEMCC samples were labeled as follows: HEA0C (sintered from 100
vol.% HEA precursor powders), HEA25C (sintered from 75 vol.% HEA+25 vol.% HEC
precursor powders), HEA50C (sintered from 50 vol.% HEA+50 vol.% HEC precursor
powders), HEA75C (sintered from 25 vol.% HEA+75 vol.% HEC precursor powders), and
HEA100C (sintered from 100 vol.% HEC precursor powders).

Sample Phases were identified by X-ray diffraction on a diffractometer (AXS D8 Discover,
Bruker) operated at 40 kV and 44 mA with the Cu Kα radiation. Scanning electron
microscopy (SEM) of microstructures was conducted on a focused ion beam (FIB)/SEM
dual-beam workstation (Helios 660 NanoLab, FEI) using the secondary electron imaging
mode. Energy-dispersive X-ray spectroscopy (EDS) was performed by an EDS detector
(Octane Super, EDAX) to reveal the element distribution. To assess the presence of steel
contamination during planetary ball milling, EDS point analysis was conducted to reveal
elemental composition information for the milled powder. The theoretical density of each
sample was calculated using the rule of mixtures from the volume fractions of HEA and HEC
phases. The real density of the samples was measured by the Archimedes method. The
porosity of the samples was measured from SEM images. The grain size was estimated from



5

the SEM images of the polished surface and fracture morphology. Scanning transmission
electron microscopy (STEM) with EDS characterizations was carried out on a Thermo
Scientific Talos F200X field emission gun (FEG) scanning/transmission electron microscope
(S/TEM) equipped with ChemiSTEMTM and operated at 200 kV. STEM-EDS was used for
elemental mapping and composition analysis. All EDS quantifications were in the Thermo
Scientific VeloxTM software using the default Brown-Powell ionization cross-section and
multi-polynomial models for background correction. Selected-area electron diffraction
patterns and STEM-EDS results were combined for phase identification. TEM foils were
extracted and ion-milled to electron transparency by Ga+ ions in the FIB/SEM dual-beam
workstation.

Vickers hardness was measured on a hardness tester (Tukon 2500, Wilson) with 9.8 N load
and 15 s dwell time. The nanohardness was measured by nanoindentations on a triboindentor
(Hysitron TI 950, Bruker) with a pyramid diamond Berkovich tip at 8000 μN load and 5 s
dwell time. The grid nanoindentation technique was used to map the nanomechanical
properties including elastic modulus and nanohardness [30]. The rectangular grid mapping
mode was used to obtain their spatial maps. The grid spacing in both the vertical and
horizontal directions was set at 5 μm, which is more than 20 times the indentation depth of a
Berkovich tip on our samples to prevent geometric overlap of indents and mitigate any
influence from the residual strain field of neighboring indents [31]. Flexural strength was
measured by the three-point bending test using rectangular bars of 18×2×3 mm3 without a

notch (MTS 810 materials testing system). The standard equation for the flexural

strength in three-point flexure is as follows:

(1)

Where is the break force, is the support span, is the specimen width, and is the specimen
thickness.

Fracture toughness was measured by the single-edge notched beam (SENB) method using
rectangular bars (18×3×4 mm3) with a notch of 1 mm depth and a 0.3 mm width in the center.
The specimen size was scaled down due to limitations from the graphite mold dimensions in
the SPS system. However, the ratio of dimensions in these sub-size specimens was
maintained the same as the standard full-size specimens in the ASTM C1421 standards of
SENB tests to ensure the representative mechanical behavior. The span size of both flexural
strength and fracture toughness test specimens was 15 mm, and the crosshead speed was 0.2
mm/min. The fracture toughness was calculated based on the equation [32]:

, (2)

where , B is the thickness, W is the width, a is the notch depth, S is the support span, and P is
the load. Compressive tests were conducted at room temperature (MTS 810) in air and 1300
ºC (Instron universal tester) in vacuum, respectively, with a sample dimension of 3×3×4.5
mm3 and a strain rate of 10-3/s. The ultimate compressive strength was determined from
stress-strain curves.
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3. Results and discussion

XRD of HEA0C, HEA25C, HEA50C, HEA75C and HEA100C samples are shown in Fig.
1a. XRD of HEA100C is consistent with the previous report [29]. HEA100C and HEA75C
samples have a single-phase HEC with a rock-salt B1 crystal structure (space group ) of
transition metal carbide (MC). The lattice parameter of HEA100C was calculated as
a=0.4495 nm. HEA0C sample contains a HEA with body-centered cubic (BCC, lattice
parameter a=0.3311 nm) structure as the major phase while the impurity peaks were
identified as Zr3O (space group P6322) by Jade Software. HEA50C and HEA25C samples
consist of two phases, including both B1 HEC and BCC HEA (Figs. 1a and 1b). Notably, the
XRD spectrum showed no detectable iron (Fe) peaks, indicating the absence of steel
contamination in the milled HEA50C powder.

Fig. 1. (a) XRD of HEA0C, HEA25C, HEA50C, HEA75C and HEA100C samples; (b) XRD
results reveal the phases in the HEA50C sample: HEA (BCC structure), HEC (B1 structure),

and Zr3O impurity.

SEM images of the HEA0C, HEA50C, and HEA100C samples are presented in Fig. 2. The
chemical composition range of HEA0C and HEA50C according to the EDS analysis is listed
in Table 1. In the HEA0C sample (Fig. 2a), the dark grey contrast (about 40 vol.%) is Zr-
and Ti-rich while the light grey contrast (about 60 vol.%) is slightly enriched with Ta. This
may indicate element segregations in HEA although it is a single phase of BCC structure
according to XRD (Fig. 1a). In the HEA25C sample (Fig. 2b), the dark grey region
(approximately 25.3 vol.%) represents the Zr-rich HEC phase, while the light grey region
(about 74.7 vol.%) corresponds to the Ta- and Nb-rich HEA phase. In the HEA50C sample
(Fig. 2c), the dark grey region (51.5 vol.%) is Zr-rich HEC phase whereas the light grey
region is Ta- and Nb-rich HEA phase. The HEA75C sample (Fig. 2d) predominantly consists
of dark grey regions of the HEC phase. The HEA100C sample (Fig. 2e) has a homogenous
single contrast. The average grain sizes of both HEA0C and HEA100C are 0.63 and 20 µm,
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respectively (Table 2). In the HEA50C sample, the average grain size is 1.41 µm, in which
HEC phase has an average grain size of 1.20 µm while the HEA phase has an average grain
size of 1.64 µm.

Fig. 2. SEM images of the polished surfaces of the (a) HEA0C, (b) HEA25C, (c) HEA50C,
(d) HEA75C, and HEA100C samples. Black contrast (arrowed) indicates porosity (voids).

Table 1. Chemical compositions in the HEA0C and HEA50C samples (at. %).

Elements HEA0C HEA50C

Dark
grey

Light grey HEA phase HEC phase

C - - 13.4~18.7 36.8~49.6

Zr 41.3 23.6 10.0~11.1 27.9~28.3

Ti 29.1 23.3 20.5~22.5 21.2~22.0

Ta 17.3 30.4 34.7~35.5 8.2~9.1

Nb 12.3 22.7 32.2~34.1 5.9~7.2

TiTaNbZr HEA fabricated by arc melting has been reported in the literature. Qian et al.,
[35,36] reported the formation of a single phase with BCC structure by arc melting, in which
the sample was rapidly cooled from melting to room temperature. In contrast, Liu et al., [37]
fabricated a dual-phase TiTaNbZr HEA consisting of Zr- and Ti-rich HCP phase and Nb- and
Ta-rich BCC phase. The fabrication process involved arc melting, followed by
homogenization at 1100 °C for 24 h, and finally water quenching. According to both
literatures, it is likely that the phase transformation of a single-phase BCC may occur in
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TiTaNbZr HEA at 1100 °C, during which two separate phases (HCP and BCC) were formed.
In this study, because SPS is a solid-state process in which the temperature (1500 ℃) is
below the melting point but much higher than 1100 ºC, a single-phase BCC HEA was formed
but the element segregations (Table 1) may result from the incomplete alloying of Ti, Ta, Nb,
and Zr metal element powders. Incomplete alloying was also observed during SPS of other
refractory HEAs such as CrMoNbTiW [38] and Nb42Mo20Ti13Cr12V12Ta1 [39].

To further reveal the element and phase distributions in the HEA50C sample, EDS analysis in
TEM was conducted. Fig. 3a is a high-angle annual dark field (HAADF) image in which the
light grey contrast indicates higher average atomic number and the dark grey region lower
atomic number. HAADF image reveals the coexistence of the HEC and HEA phases with a
well-defined interface between them. It displays a clear boundary and intimate contact
between the two phases, indicating a distinct interfacial region. EDS mapping analysis (Fig.
3b to 3g) suggests that the light grey contrast region is enriched with Nb and Ta, while the
dark grey region is enriched with C, Ti, and Zr, suggesting that the light grey contrast is the
HEA phase, and the dark grey contrast is the HEC phase. EDS line scanning (Fig. 3h) across
the interface of both phases show that the HEA phase has ~9 at.% C, ~9 at.% O, ~11 at.% Ti,
~31 at.% Ta, ~31 at.% Nb, and ~8 at.% Zr, while the HEC phase has ~13 at.% C, ~10 at.% O,
~19 at.% Ti, ~13 at.% Ta, ~6 at.% Nb and ~38 at.% Zr. Nevertheless, it is important to note
that the quantitative chemical compositions in the EDS analysis are not accurate for low-Z
elements such as oxygen (O) or carbon (C). Both the HEA and HEC phases in HEA50C are
single-phase non-equiatomic solid solutions [40]. In the microstructure analysis, a small
portion of impurity inclusions were also observed, highlighted by yellow arrows, which
exhibited deficiencies of Ti and C. Based on EDS mapping (Fig. 3d and 3g) and XRD (Fig.
1b) analysis, these inclusions were very likely Zr3O. The slight contrast differences among
the HEC grains observed in the HAADF image (Fig. 3a) may be attributed to variations in
crystal orientations.
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Fig. 3. (a) HAADF of HEA50C; (b)-(g) EDS element mapping analysis and (h) EDS line
scanning along the red arrow in (a). Black contrast (light grey arrowed) indicates porosity.

Yellow arrows indicate small Zr3O inclusions.

The formation mechanisms of both HEA and HEC phases in HEA50C may need more
investigations. Previous research from our team suggested that a single-phase solid solution
was not formed in the HEC precursor powder after ball milling at 250 rpm for 6 h, which is
still a mixture of TiC, TaC, NbC, and ZrC [13,40]. In contrast, a single-phase solid solution
was possible to be formed in the HEA precursor powder after ball milling at 400 rpm for 30
h. When the HEA and HEC precursor powders were mixed, ball milled, and consolidated by
SPS at 1500 ºC, the solid solution of the HEC phase was formed. Compared to the HEA
phase, the HEC phase has more Zr, which is consistent with the order of Gibbs free energy of
ZrC (-339 J·K-1mol-1) < TiC (-306 J·K-1mol-1) < TaC (-300 J·K-1mol-1) < NbC (-286
J·K-1mol-1). The phase stability of the HECs may be influenced by chemical potential, which
is the partial derivative of the Gibbs free energy with respect to a particular component
[9,16]. The atomic diffusion of Zr from HEA to HEC phase is driven by the chemical
potential, as atoms tend to redistribute themselves to minimize the overall Gibbs free energy.
On the other hand, C was detected both in the HEA and HEC phases, suggesting the possible
diffusion of C from the HEC to HEA phase.

The bulk density of the HEMCC samples were measured by the Archimedes method and
listed in Table 2, which shows that the density was decreased with more HEC phase, from
8.72 of HEA0C to 8.02 g/cm3 of HEA100C. It is noted that porosity (0.2 to 0.5 µm) is present
in the SEM and TEM images (Figs. 2 and 3) with a black contrast. The porosity in each
HEMCC sample was measured from the SEM and TEM images, which are in the range of 1.7
to 2.8 vol.%. Furthermore, voids were observed at the interphase between the HEA and HEC
phases according to the TEM image (Fig. 3). The coefficients of thermal expansion (CTE) for
HEA and HEC phases have significant differences. The CTE for HEA ranges from
approximately 2.178 × 10-5 K-1 at 1700 K to 1.786 × 10-5 K-1 at 300 K [41], while for HEC, it
varies from 6 to 7 × 10-6 K-1 at 300 K [40,42]. Thus, some voids may be generated at the
HEA/HEC interphases due to the different shrinkage rates during the cooling process.

Table 2. Bulk density and mechanical properties of the HEMCC samples.

Theoretical
density
(g·cm-3)

Bulk
density
(g·cm-3)

Porosity
(%)

Average
grain size

(µm)

Vickers
Hardness

(GPa)

Flexural
strength
(MPa)

Fracture
toughness
(MPa·m1/2

)

Compressive
strength
(MPa)

HEA0C 8.91 8.72 2.1 0.63±1.07 6.15±0.19 455±26 7.97±0.40
1691 (25 ºC)

58 (1300 ºC)

HEA25C 8.80 8.63 2.0 1.29±0.70 6.49±0.38 - - -

HEA50C 8.69 8.55 1.7 1.41±1.69 9.12±0.36 541±48 6.93±0.27
2423 (25 ºC)

275 (1300
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ºC)

HEA75C 8.58 8.34 2.8 4.28±6.90
18.03±1.2

3
- - -

HEA100C 8.47 8.02 5.4 20.0±11.2
17.70±2.0

0
343±15 4.70±0.17 -

The mechanical properties of the HEMCC samples are also summarized in Table 2. Small-
scale hardness tests were performed first due to the ease of sample preparation. The Vickers
hardness of HEA100C (17.7 GPa) was much higher than HEA0C (6.15 GPa) and HEA50C
(9.12 GPa). Figs. 4a to 4d are SEM images of the Vickers indentations created by the same
load of 10 N on each HEMCC sample. The indentation size decreases from HEA0C to
HEA75C, suggesting an increase in the Vickers hardness. Cracks were generated from the
corners of the Vickers indentations on the HEA75C sample, while HEA0C, HEA25C, and
HEA50C do not have obvious cracks. Fig. 4e shows the Vickers indentation on HEA50C at a
higher magnification, in which small cracks were initiated from the corners of the Vickers
indentation, propagated in the HEC phase, and then arrested at HEC/HEA interface in
HEA50C. No crack deflection along the HEC/HEA interface was observed, suggesting a
strong interfacial strength [44,45]. Therefore, these findings indicate that although crack
initiation can occur in the HEC phase, the HEA/HEC interfaces and HEA phase can provide a
high resistance to crack growth. This provides an effective mechanism for improving the
facture toughness of HEA50C. In addition, because HEA has a higher CET than HEC, tensile
residual stresses may be developed in the HEA phase while compressive residual stress in the
HEC phase upon cooling following the high-temperature processing (1500 ºC). The
compressive residual stress in the HEC phase may cause a reduction of driving force for
crack propagation. The HEA phase can accommodate plastic deformation and absorb elastic
energy associated with crack propagation, leading to crack arrest at the HEA/HEC interface.
Similar crack arrest mechanisms have been observed in other metal/ceramic composites, such
as Ti/Al2O3 and Al/Al2O3 composites [46–48].



11

Fig. 4. SEM images of the Vickers indentations and corner cracks in each HEMCC sample:
(a) HEA0C; (b) HEA25C; (c) HEA50C; and (d) HEA75C. (e) Crack propagation near a
corner of the Vickers indentation in HEA50C.

Nanoindentation of HEA50C sample was conducted to further reveal the local mechanical
properties. Fig. 5 presents mapping of elastic modulus and nanohardness in HEA50C using
the grid nanoindentation technique, which revealed the significant difference between the
HEA and HEC phases. The elastic modulus (281±9.0 GPa) of the HEC phase is 61% higher
than that (174±15 GPa) of the HEA phase. The nanohardness (42.7±3.9 GPa) of the HEC
phase is 4.2 times of that of the HEA phase (10.0±1.0 GPa).

Fig. 5. Mapping of nanohardness and elastic modulus in HEA50C
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Macroscale mechanical tests were conducted to further evaluate the mechanical performance
of HEMCC, which were mostly conducted at room temperature except for the compressive
tests at both room temperature and 1300 ºC. Interestingly, the flexural strength of HEA50C
(541±48 MPa) was 19% and 58% higher than those of HEA0C (455±26 MPa) and HEA100C
(343±15 MPa), respectively (Table 2). The fracture toughness is decreased with more HEC
phase, from 7.97±0.40 MPa·m1/2 of HEA0C to 4.70±0.17 MPa·m1/2 of HEA100C. Fracture
surfaces of HEA0C, HEA50C, and HEA100C are shown in Fig. 6. The fracture mode of the
HEA0C sample is mainly transgranular fracture (Fig. 6a), while that of HEA100C is mainly
transgranular cleavage in large grains and intergranular fracture in smaller grains (Fig. 6b).
The fracture mode of HEA50C (Fig. 6c) is a combination of transgranular and intergranular
fractures, which is indicative of brittle fracture behavior.

Fig. 6. Fracture surfaces of the (a) HEA0C, (b) HEA100C, and (c) HEA50C samples.

Overall, HEA50C shows a favorable combination of flexural strength (541±48 MPa) and
fracture toughness (6.93±0.27 MPa·m1/2) at room temperature. Notably, these mechanical
properties surpass those reported for most other HEAs, HECs or composites when utilizing
the standard sub-sized specimens and SENB test method., such as (Ta,Zr,Nb)C with a
flexural strength of 460 MPa and fracture toughness of 2.9 MPa·m1/2 [51],
Cf/BNi/(TiZrHfNbTa)C-SiCm with a flexural strength of 269 MPa [52], V20Nb20Mo20Ta20W20

with a flexural strength of 378 MPa [53], (VNbTaMoW)C with a flexural strength of 192
MPa and fracture toughness of 3.34 MPa·m1/2 [54], and Al2O3/(NbTaMoW)C with a flexural
strength of 530 MPa and fracture toughness of 4.5 MPa·m1/2 [55]. Compared to HEA0C
(100% HEA phase), HEA50C has a higher flexural strength and lower fracture toughness,
which can be attributed to the strengthening effect of strong but brittle HEC phase in
HEA50C. Compared to HEA100C (100% HEC phase), HEA50C has a higher flexural
strength and fracture toughness, which may be attributed to the smaller grain size (1.41 µm)
of HEA50C than that of HEA100C (20 µm) as well as the HEA/HEC interface that provide
crack growth resistance (see Fig. 5e).

Fig. 7 shows the stress-strain curves of HEA0C and HEA50C during compression tests at
1300 ºC. The ultimate compressive strengths of HEA0C are 1691 MPa at 25 ºC and 58 MPa
at 1300 ºC (Table 2). With the addition of 50% HEC, the ultimate compressive strength of
HEA50C had a significant increase to 2423 MPa at 25 ºC and 275 MPa at 1300 ºC. Such
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significant improvement in the high-temperature strength is attributed to the strengthening
effect of the HEC phase, which can retain its strength to high temperatures (up to 1800 ºC
[10]). The ultimate compressive strength of HEA50C at 1300 ºC (275 MPa) is higher than
that of most existing refractory HEAs (i.e. 253 MPa for Mo25Nb50V20W5 [56]) and other
refractor alloys such as C-103 (<100 MPa) [57] or TZM (200 MPa) [58] at 1300 ºC. It is also
noted that after its ultimate strength, the HEA50C sample still experienced plastic
deformation with a plastic strain over 23% (Fig. 7). The high strength and ductility of
HEA50C at 1300 ºC may indicate that it is a promising structural material for high-
temperature extreme environments, such as in gas turbine blade applications.

Fig. 7 Compressive stress-strain curves for HEA0C and HEA50C at 1300 ºC.

4. Conclusions

The novel HEMCC system of TiTaNbZr-(TiTaNbZr)C was developed by a powder
metallurgy process that combined high-energy ball milling and SPS. In its microstructure, the
Ta- and Nb-rich HEA phase has BCC, while the Zr-rich HEC phase has rock-salt B1 crystal
structure. With the increase of the HEC phase in HEMCC, the hardness is enhanced, the
density and fracture toughness are decreased. HEA50C shows a good combination of flexural
strength (541±48 MPa) and fracture toughness (6.93±0.27 MPa·m1/2) at room temperature
and a high compressive strength at 1300 ºC (275 MPa). The homogeneous distribution of
ductile HEA and strong HEC phases in microstructures, small grain size, and crack arrest at
the HEA/HEC interface, may lead to the excellent mechanical properties of HEMCC in
extreme environments.
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