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Abstract 

A widespread implementation of large scale additive manufacturing (AM) processes, such 

as wire arc-directed energy deposition (WA-DED) AM can transform the current manufacturing 

supply chain networks. Naturally, such implementation requires control of the microstructural 

attributes, such as texture, and phase evolution in the processed alloys. Currently, the texture 

evolution in fusion-based AM (F-BAM) processes is majorly rationalized by phenomena occurring 

only during solidification. However, such rationalization is insufficient for understanding the 

evolution of primary and secondary crystallographic orientations, and consequently limits the 

comprehensive understanding and control of overall texture in F-BAM processed alloys. To this 

end, we report a single crystal (SX)-like texture in WA-DED processed SS316L for the first time. 

Furthermore, we assess the physical phenomena that may lead to such unique microstructural 

evolution during WA-DED AM. Subsequently, using microstructural characterization spanning 

the build height and thermomechanical simulations we investigate the effect of competitive growth 

and epitaxial growth occurring during solidification and thermally induced plastic deformation 

occurring post solidification on the overall texture of WA-DED processed SS316L. A spatial 

variation in solidification pathway is also established and correlated with variation in 

undercoolings across the build. Tensile tests revealed a strong orientation dependence of 

deformation mechanisms with over 110% elongation to failure of specimens deformed along 
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<011>. Such anisotropy is rationalized using Schmid’s analysis of dislocation slip and deformation 

twinning. Overall, the mechanisms outlined in this work will facilitate an enhanced understanding 

and subsequent control of texture evolution, solidification behavior and mechanical behavior of 

WA-DED processed steels. 

Keywords: Large scale additive manufacturing; crystallographic texture; alloy solidification; 

deformation twinning; phase transformations; steels. 

1. Introduction 

Fusion-based additive manufacturing (F-BAM) processes have emerged as a prospective 

alternate manufacturing route for manufacturing and repairing geometrically complex components 

within a small lead time. Large-scale metal additive manufacturing (AM) processes, such as wire 

arc-directed energy deposition (WA-DED) take F-BAM further with their capabilities of 

producing fully functional large-scale structural components at much cheaper costs as compared 

to powder bed F-BAM processes [1,2]. Although such capabilities of F-BAM processes have been 

demonstrated with prototypes, the widespread implementation of these processes in structural 

applications necessitates control of the evolving microstructure, residual stress and distortion, and 

the mechanical properties. Furthermore, while several legacy alloys have been successfully 

processed with F-BAM, the physical phenomena involved in F-BAM processes and the interplay 

thereof that may determine the microstructure and the subsequent mechanical behavior of these 

alloys remain inadequately understood. 

Evolution of crystallographic texture is one such microstructural attribute that is governed 

by multiphysics [3–8]. While the effects of texture on mechanical behavior of the F-BAM 

processed alloys are widely reported, the attempts to investigate the mechanisms behind texture 

evolution and the pertinent multiphysics in F-BAM are still limited. In addition to affecting the 

room and high temperature mechanical behavior, texture also affects the grain boundary energy 

and consequently, affects the cracking susceptibility of the F-BAM processed alloys [9]. The 

importance of texture control becomes even more significant for manufacturing structural 

components, such as turbine blades where single crystalline texture is one of the key microstructure 

requirements and is critical for good creep resistance of the component. Conventionally, turbine 

blades are manufactured using Bridgman technique, which is a directional solidification process. 

Naturally, manufacture of such components requires a rigorous control of the dimensions, 
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geometry, as well as the microstructure. Notably, F-BAM is expected to eventually mature into a 

process that will manufacture such geometrically complex structural components with required 

microstructural attributes. Therefore, for F-BAM to be a cost-, time-, and labor-effective alternate 

for conventional processes, manufacture of geometrically complex components and the fine tuning 

of microstructural attributes, including texture and phase evolution must be collectively realizable. 

However, control of texture evolution during F-BAM requires a comprehensive assessment of 

several physical phenomena occurring during and after solidification. 

Formation of a strong preferential texture during F-BAM may result from columnar growth 

that is prevalent during solidification in F-BAM [10]. Furthermore, the substrate-enabled epitaxy 

in F-BAM provides a low energy pathway for crystal nucleation and growth during the rapidly 

occurring solidification in F-BAM and may lead to preferential texture across the build. 

Interestingly, a few researchers in the F-BAM community have reported formation of a single 

crystal (SX)-like texture in electron beam melting (EBM) and laser-powder bed fusion (L-PBF) 

AM processes [9,11–15]. Naturally, for achieving such SX-like texture in F-BAM processed 

components, a uniform alignment of both primary and secondary crystallographic orientations is 

necessary. Note that here the term ‘primary orientations’ represents the crystallographic 

orientations in the build direction (BD), whereas the term ‘secondary orientations’ represents 

orientations in the two directions perpendicular to the BD, i.e., bead or scanning direction (SD) 

and the transverse direction (TD) respectively. For clarity, the primary and the secondary 

crystallographic orientations for a cubic crystal with respect to the BD, TD, and the SD, as defined 

in this work, are illustrated in Fig. 1. 
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Figure 1: Illustration depicting the terminologies used for crystallographic orientations with 

respect to the build coordinates in this work. The outer cuboid with black edges represents the built 

component and the build coordinates are labeled as BD, SD, and TD. The inner cube with green 

edges represents an arbitrary crystal within the build. The primary and secondary crystallographic 

orientations are defined with respect to the build coordinates, such that primary orientations are 

parallel to the BD and the secondary orientations are parallel to the SD or the TD. 

For elucidating the mechanism behind formation of a SX-like texture, researchers have 

mostly invoked directional solidification- or competitive crystallographic growth-based argument 

which essentially asserts that the steep thermal gradients in the BD lead to the alignment of <001> 

crystallographic directions normal to the melt pool boundary during F-BAM. While such 

competitive growth-based arguments may explain the uniform alignment of <001> 

crystallographic orientations normal to the melt pool boundaries, they fail to rationalize the 

uniform alignment of both primary and secondary crystallographic orientations throughout the 

build. Notably, such uniform alignment of both elements of crystallographic orientations, i.e., 

primary, and secondary (Fig. 1), is necessary for achieving an SX-like texture. In addition, the 
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competitive growth-based arguments fail to consider other physical phenomena, such as plastic 

deformation that may occur during F-BAM processing [3–8]. Subsequently, the origin of uniform 

alignment of both primary and secondary orientations has not been detailed in majority of the 

studies reporting SX-like microstructure in F-BAM processed alloys [9,11,14–21]. Furthermore, 

a vast majority of these studies are limited to investigating the Ni-based superalloys. This limits 

the understanding of the chemistry-processing-microstructure-properties relationships for other 

alloy systems and consequently hinders the microstructure design efforts with F-BAM. Another 

shortcoming of the existing works that have investigated SX-like texture evolution in F-BAM is 

that none of the reported works use the large-scale F-BAM processes, such as WA-DED. 

Considering that WA-DED offers a unique advantage of on-demand manufacture of large scale 

structural components, e.g., steam turbine blades, such shortcoming inhibits a comprehensive 

understanding of texture evolution in F-BAM processes. To this end, we report a SX-like 

microstructure in WA-DED-processed stainless steel (SS) 316L. To the best of our knowledge, 

such SX-like texture has not been reported previously for WA-DED-processed steels. 

Subsequently, we assess the implications of multiple physical phenomena occurring during and 

post solidification and their interaction for selection of primary and secondary crystallographic 

orientations in WA-DED. The phenomena specifically investigated in this work include 

competitive and epitaxial growth occurring during solidification and thermally induced plastic 

deformation occurring post solidification. Solidification during large scale F-BAM processes, such 

as WA-DED may occur at a length scale that is order(s) of magnitude larger than other F-BAM 

processes like L-PBF, EBM, and laser-directed energy deposition (L-DED) [10,22]. As a result, 

the thermokinetics (characterized by thermal gradients, G and growth rates, R) that determine the 

morphology and scale of the microstructure differ significantly in WA-DED. Consequently, the 

effects of unique thermokinetics associated with WA-DED process on location-specific 

crystallization, solute segregation behavior, tip temperature of the solid-liquid interface, and the 

ensuing phase transformation behavior are demonstrated and discussed. Furthermore, the effects 

of SX-like texture of WA-DED-processed SS316L on mechanical behavior are assessed. The 

implications of crystallographic orientation for dislocation slip and deformation twinning are also 

discussed in detail. 
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2. Methods 

2.1 Experimental methods 

SS316L filler wire of diameter 1.14 mm was obtained through a collaborative agreement 

with Lincoln Electric. The chemical composition of the wire is listed in Table 1. A Lincoln Electric 

WA-DED system with an ABB robotic arm and Lincoln Electric R450 welder was used to deposit 

the material. A low carbon steel plate was used as a substrate. A RapidX weld mode was used to 

achieve spray transfer with a fixed travel speed of 16.93 mm/s, wire feed speed of 169.33 mm/s, 

welder trim set to 0.9, and a shielding gas mixture of 98% Ar/2% CO2. The resulting current and 

voltage values were ~22 V and ~260 A with a 12 mm stickout distance from torch to melt pool 

and a resulting final heat input of ~0.337 kJ/mm. Four beads with an inter-bead overlap of ~4 mm 

were deposited using a 'paperclip’ type deposition path, i.e., one continuous weld starting from the 

center of the part and looping twice to fabricate a four bead thick block, as illustrated in Fig. 2(a). 

The interpass temperature resulting from the deposition of such ‘paperclip’ type deposition path, 

spanning over a length and width of 355 mm and 20 mm, respectively was ~400 °C. The resulting 

interlayer height was ~2 mm. A rectangular block of dimensions 355 (L)×20 (W)×100 (H) mm3 

was manufactured and specimens for microstructural and mechanical characterization were 

extracted from this block throughout this study. 

Table 1: Chemical composition of SS316L alloy wire used in this work. 

Element Fe Cr Ni Mo Mn Si C Cu P S 

Concentration 

(wt.%) 

Bal 18.50

± 

0.50 

12.10

± 

1.10 

2.40

± 

0.40 

1.60

± 

0.60 

0.36

± 

0.06 

0.02± 

0.01 

0.09± 

0.05 

0.02± 

0.01 

0.02± 

0.01 

Specimens for microstructural characterization were extracted from the top and the bottom 

portion of the build as highlighted by the rectangles in Fig. 2(b). The extracted specimens were 

hot mounted such that the surfaces containing TD and BD could be prepared for metallography. 

Mounted specimens were polished to ~ 1 µm surface finish using diamond suspension. A final 

vibratory polishing was performed for ~ 8 hrs. using 0.05 µm colloidal silica. Next, electrolytic 

etching was performed using 10 vol.% aqueous solution of oxalic acid. Optical microscopy was 

performed with Leica DM4000M and Leica S8 APO microscopes. Backscattered electron (BSE) 

images and energy dispersive X-ray spectroscopy (EDS) maps were acquired using Gemini 450 

field emission scanning electron microscope (SEM) whereas electron backscatter diffraction 
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(EBSD) measurements were acquired using Zeiss Crossbeam 550 field emission SEM equipped 

with Oxford detector. EBSD data analysis was performed using MATLAB MTEX software. Zeiss 

Metrotom system was used for performing X-ray computed tomography (XCT) and the voxel size 

was set to ~40 µm. The XCT data was analyzed using VGSTUDIO software. Small scale SS-J3 

tensile specimens were extracted at different orientations with respect to the TD, BD, and SD. All 

tensile specimens were extracted only from the SX-like region (above the build height of ~10 mm). 

Three specimens from each orientation were tested. Tensile tests were conducted at room 

temperature and a strain rate of 10-3 s-1. For investigating the deformation-induced microstructural 

evolution, fractured tensile specimens were hot mounted and prepared for metallography using the 

same procedure as used for preparing as-built specimens. 

 

Figure 2: Illustrations depicting the scan strategy and specimen extraction location for 

microstructural characterization. (a) Depiction of a ‘paperclip’ type scan contour in the TD-SD 

plane. The heat source begins deposition from the point indicated by the solid black arrow and first 

traverses along the red inner contour and then follows the blue contour depositing a total of four 

beads. (b) An XCT generated image from the BD-TD plane outlining the topmost and bottom most 

portions of the build that were used for extracting specimens for microstructural characterization 

in this work. 

2.2 Numerical methods 

Thermo-mechanical finite element (FE) model was implemented using Abaqus2020 

software to simulate the evolution of plastic strain during the WA-DED build [23]. The FE model 

utilizes a progressive element activation method to describe material addition from the wire. A 

build volume of 355 (L) × 18 (W) ×20 mm3 (H) was simulated. DC3D8 and C3D8 hexahedral type 

elements were used for thermal and mechanical simulation, respectively. A characteristic mesh 
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size of 2 mm for the wall and 6 mm for the substrate was used. The tool path was converted from 

G-code (i.e., motion and deposition command) to modeling input parameters. Such tool path 

produces four beads in a contour pattern, also termed as ‘paperclip’ type deposition strategy in this 

work (Fig. 2(a). The mild steel substrate was considered as fully constrained in three dimensions. 

The transient moving heat source was described as Goldak’s double ellipsoidal model representing 

three-dimensional volumetric heat source. A combined heat transfer coefficient was used to 

consider heat loss into ambient environment [24]. Temperature-dependent material properties were 

used for the thermal and mechanical simulations and have been shown in the supplementary Figs. 

S2.1(a)-(e) [25]. Detailed simulation procedure as used here has been described in previously 

published work from the authors [26]. 

3. Results 

3.1 Evolution of crystallographic texture with build height 

Fig. 3 shows the results from XCT and EBSD measurements of the as-built SS316L alloy. 

A reconstructed XCT image (Fig. 3(a)) shows the BD-TD plane of the sectioned build and 

highlights the regions within the build that were used to acquire the IPF orientation maps in Figs. 

3(b)-(e). The IPF maps reveal the crystal orientations relative to BD and SD, and thus these maps 

collectively reveal the three-dimensional crystallographic orientations within the top (Figs. 3(b)-

(c)) and the bottom (Figs. 3(d)-(e)) sections of the build. An almost uniform alignment of <011> 

crystallographic directions in the BD (Fig. 3(b)) and <100> crystallographic directions in the SD 

(Fig. 3(c)) establishes a SX-like texture in the top section. Also, in the middle region of the melt 

pools (as highlighted in Fig. 3(a)), the <001> directions align with the BD. Notably, stray grains 

are evident near the edges of the top section (Figs. 3(b)-(c)). For the bottom section, the 

crystallographic orientations in the BD and SD are shown in Figs. 3(d) and 3(e), respectively. 

While the top section of the build exhibited a strong SX-like texture, majority of the bottom section 

exhibits a polycrystalline texture, particularly in the bottom most region. Also worth noting is that 

with increasing height of the build, a <011> and <100> texture becomes more prominent in the 

BD and the SD, respectively. 
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Figure 3: Crystallographic orientations in specimens extracted from top and bottom sections of 

the build. (a) XCT reconstruction of the sectioned build; the black and green highlighted regions 

represent the regions of interest for acquiring EBSD measurements. IPF maps from the (b)-(c) top 

and (d)-(e) bottom sections of the build representing crystallographic orientations along BD in (b) 

and (d) and along SD in (c) and (e). 

3.2 Melt pool geometry, solidification growth modes, and direction of solidification within 

melt pool 

A low magnification optical micrograph in Fig. 4(a) shows several melt pools within the 

SX-like region of the WA-DED-processed 316L. Considering the melt pool geometry, conduction 

mode appears to be the dominant mode of heat transfer as opposed to the keyhole mode. Due to 

the polycrystalline texture within the bottom most melt pools the columnar grains were readily 

observed to grow such that their long axes remained almost perpendicular to the melt pool 

boundaries (Figs. 3(d)-(e)). Such perpendicularity between the long axes of columnar grains and 

the melt pool boundary is also evident in the top section of the build (Fig. 4(b)). Notably, such a 

trend is only evident in regions far from the left and right edges of the build as shown in the orange-

highlighted region of Fig. 4(c). For the columnar grains near the edges (blue highlighted region in 

Fig. 4(c)), the long axes appear to grow almost parallel to the edges. Higher magnification optical 
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micrographs in Figs. 4(d) and 4(e) establish this disparity in the growth directions between grains 

near and far from the edges, respectively. Note that the columnar solidification may proceed 

through planar, cellular, cellular dendritic or dendritic growth modes [10]. Figs. 4(d)-(e) reveal 

that solidification proceeded majorly through the columnar dendritic mode in the WA-DED-

processed SS316L. However, in regions very close to the melt pool boundaries cellular or cellular 

dendritic growth mode is observed depending on the proximity from the melt pool boundary. Two 

melt pool boundaries are highlighted by red and black dashed curves in Fig. 4(e). These boundaries 

bound three regions (labeled as 1, 2, and 3 in Fig. 4(e)) from three different melt pools. The 

solidification direction in region 1 is from the bottom left corner to the top right corner of the 

micrograph, whereas the solidification direction for the regions 2 and 3 is towards the top left 

corner of the micrograph. The arrows in Fig. 5(e) indicate these directions of solidification within 

regions 1, 2, and 3. Right above the red melt pool boundary in region 1, the columnar growth 

occurred through cellular mode. However, the secondary arms appear after a few hundred microns 

and become prominent towards the top right edge of the micrograph. Careful observation of the 

melt pools corresponding to regions 1 and 2 reveals the cellular to dendritic transition in these melt 

pools. Note that region 3 represents the top region of the melt pool in the previously deposited 

layer. Secondary dendritic arms are very prominent in this region; this indicates that the columnar 

growth occurred through dendritic mode towards the melt pool top. 
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Figure 4: Optical micrographs highlighting multiscale features ranging from growth morphology 

of sub-granular features to the melt pool geometry. (a) Low magnification micrograph covering 

several melt pools and (b) a relatively higher magnification micrograph from yellow highlighted 

region in (a). (c) Optical micrograph covering microstructure from regions near the edge 

(highlighted in blue) and far from the edge (highlighted in orange). Higher magnification 

micrographs from regions (d) near the edge and (e) far from the edge. The solid arrow represents 

BD for all micrographs. 

  



 12 

3.3 Evolution of solidification growth modes with build height 

In Figs. 3(d)-(e), the gradual evolution of texture from polycrystalline in the bottom-most 

region to SX-like above the build height of ~10 mm is evident. Furthermore, considering that 

solute segregation behavior affects texture evolution during rapid solidification [27], the changes 

in microstructural attributes, such as growth morphology and segregation behavior with build 

height were investigated next. Fig. 5(a) was acquired from the bottom-most melt pool of the build 

(polycrystalline region), whereas Fig. 5(b) was acquired from the region that had attained the SX-

like texture. Furthermore, both micrographs in Fig. 5 were acquired from the top region of their 

respective melt pools and the red arrows in Fig. 5(b) point to a melt pool boundary. Fig. 5(a) 

reveals cellular and cellular dendritic sub granular morphology, whereas Fig. 5(b) shows columnar 

dendritic sub granular morphology. Note that in the bottom most melt pool in Fig. 5(a), the cellular 

sub granular features are prominent even towards the melt pool top. On the other hand, for the 

region with SX-like microstructure in Fig. 5(b), the sub granular features towards the melt pool 

top are fully columnar dendritic and the sub granular features right above the melt pool boundary 

indicated by red arrows are cellular or cellular dendritic. Also worth noting is that the color contrast 

in the inter cellular region in Fig. 5(a) is different from the contrast in the inter dendritic region in 

Fig. 5(b). Such variation in color contrast indicates variation in the solute segregation or phase 

transformation behavior in the two regions. To further investigate such variation, EDS and EBSD 

maps were acquired from the regions with cellular and cellular-dendritic microstructure in the 

bottom most melt pool and the region that had attained the SX-like microstructure. 

Figure 5: Evolution of microstructural attributes with build height. SEM BSE images (a) from the 

bottom most melt pool of the build with a polycrystalline texture and (b) from a region with SX-

like texture. BD is along the vertical axes of these maps, as also depicted by the solid black arrow. 



 13 

3.4 Evolution of segregation and phase transformation behavior with build height 

Fig. 6 shows the solute segregation behavior within the two regions of the build, i.e., the 

region with polycrystalline texture from the bottom most region of the build (Fig. 6(a1)-(a6)) and 

the region with SX-like texture towards the top (Fig. 6(b1)-(b6)). Both regions are distinguishable 

from the different modes of columnar growth, i.e., cellular, and cellular dendritic in the bottom 

and columnar dendritic towards the top. Such distinct columnar growth modes in the 

polycrystalline and SX-like regions of the build are clearly evident in the lower magnification BSE 

micrographs shown in the supplementary Fig. S1 that also highlights the field of view of the EDS 

maps shown in Fig. 6. Notably, both regions exhibit segregation of Cr (Figs. 6(a1) and 6(b1)), Mo 

(Figs. 6(a2) and 6(b2)), Mn (Figs. 6(a4) and 6(b4)), and Si (Figs. 6(a5) and 6(b5)). However, the 

bottom region exhibits a relatively wider presence of Ni (Fig. 6(a3)) as compared to the upper 

region where Ni is localized within the dendrites (Fig. 6(b3)). Second phase particles rich in Mn, 

Si, and O that are distributed at the dendritic boundaries as well as within the dendritic arms are 

also evident in both regions. 
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Figure 6: EDS maps revealing elemental segregation behavior in different regions of the build. 

EDS maps from (a1) - (a6) the region with polycrystalline texture in the bottom of the build and 

(b1)-(b6) the region with SX-like texture. Same scale bar is applicable for all EDS maps. BD is 

along the vertical axes of these maps, as also depicted by the arrow. 

Considering that the vermicular morphology of the Cr and Mo-rich interdendritic regions 

(Figs. 5(b), 6(a1)-(a2), and 6(b1)-(b2)) is usually associated with δ ferrite phase, high 

magnification EBSD maps were acquired from the bottom region and the region with SX-like 

texture of the build to determine the evolution of phases with build height [28,29]. Fig. 7(a) and 

7(b) represent the EBSD phase maps from the region with polycrystalline texture at the bottom 

and the region with SX-like texture towards the top, respectively. The pattern quality maps 

corresponding to Figs. 7(a) and 7(b) are shown in Figs. 7(c) and 7(d), respectively. At the bottom 

of the build, a more widespread austenite phase is evident even in the intercellular regions (Fig. 

7(a)), whereas towards the top of the build, δ ferrite phase is dominant in the interdendritic regions 
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(Fig. 7(b)). Notably, at several instances, the vermicular δ ferrite phase in the interdendritic regions 

forms a continuous network such that the longer branches of this network remain in the direction 

of solidification (Figs. 5(b), 7(b) and 7(d)). 

 

Figure 7: Phase evolution with build height. EBSD phase maps from regions with (a) 

polycrystalline texture at the bottom of the build and (b) SX-like texture towards the top. Color 

keys are provided towards the right of Fig. (b). (c)-(d): pattern quality maps corresponding to Figs. 

(a) and (b), respectively. BD is along the vertical axes of these maps, as also depicted by the arrow. 

3.5 The ‘skin’ effect 

A shallow layer of stray grains was observed towards the topmost portion of the build (Figs. 

3(a)-(b)). The formation of stray grains within a few hundreds of microns of the outermost surface 

is termed as the skin effect. Since the crystallographic texture in this superficial layer deviates from 

that within the build, further investigations into the solidification behavior in this region were 

performed. Fig. 8(a) shows an optical micrograph from the TD-BD plane in the topmost region of 

the build. The growth direction of cells and dendrites within ~400 µm of the build surface is starkly 

different from those within the build; subsequently, stray grains are formed within this ~400 µm 

deep ‘skin’. The growth direction of cells and dendrites beyond the ‘skin’ is different from that 

within the ‘skin’ in the sense that the primary dendritic arms beyond the ‘skin’ remain 
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perpendicular to the melt pool boundary, whereas no such perpendicularity is observed between 

the primary cellular/dendritic arms and the melt pool boundary within the ‘skin.’ Another 

interesting observation is the appearance of planar solidification growth mode within ~10 µm from 

the topmost surface of the build as indicated by white dashed arrows in the higher magnification 

optical micrograph in Fig. 8(b). Cellular and cellular dendritic solidification morphologies are 

observed beyond the planar region; the yellow arrows in Fig. 8(b) point towards the tip of a few 

such cells. 

 

Figure 8: Distinct solidification behaviors within the superficial layer or ‘skin’. (a) Optical 

micrograph covering solidification growth directions in the superficial layer as well as within the 

rest of the build and (b) higher magnification optical micrograph from the green highlighted region 

in (a). BD is along the vertical axes of these micrographs, as also depicted by the solid black arrow. 

3.6 Mechanical behavior 

Crystallographic texture leads to anisotropy in mechanical properties. Since the WA-DED-

processed SS316L exhibits a sharp crystallographic texture, we investigate the effect of such 

texture on the tensile deformation behavior of the WA-DED-processed SS316L. Fig. 9(a) 

illustrates the different directions of application of the tensile load. Note that the tensile axes of 

these specimens exhibiting SX-like texture coincide with either BD∥<011>, SD∥<100> or ~35° 

counterclockwise from TD in the SD-TD plane (∥<111>) crystallographic directions. Hereinafter, 

these specimens loaded along <011>, <100>, and <111> directions are referred to as <011>, 

<100> and <111> specimens, respectively. Fig. 9(b) shows the tensile engineering stress vs. 

engineering strain curves for the three orientations. The averaged tensile properties obtained from 

testing three specimens from each orientation are also tabulated in Table 2. Evidently, the WA-
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DED-processed SS316L exhibited an anisotropic tensile behavior. The <111> specimen exhibited 

the highest yield strength (YS). While the <011> and <100> specimens exhibited similar YS, 

interestingly, the former exhibited the maximum elongation to failure (EF) of over ~100%. 

Furthermore, a stark difference in work hardening rates (WHR) is notable (Fig. 9(c)). The <011> 

specimen exhibited a sustained WHR until much later stages of plastic deformation as compared 

to the <111> specimen; nevertheless, the latter exhibited a sustained WHR at higher stress levels. 

As for the specimen loaded along the SD (or <100> specimen), a monotonically decreasing WHR 

was observed as opposed to sustained WHR. Note that the sustained WHR in <111> and <011> 

specimens indicate that the microstructure in these specimens could consistently provide obstacles 

to slip until late stages in plastic deformation [27,30]. 
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Figure 9: Direction of tensile loading and tensile behavior of the WA-DED-processed SS316L 

specimens with SX-like texture. (a) Illustration of specimen extraction methodology and 

subsequent tensile loading directions for different specimens. (b) Engineering stress vs. 

engineering strain curves and (c) work hardening behavior for tensile specimens loaded in different 

directions. 

Table 2: Tensile properties of WA-DED-processed SX-like textured SS316L specimens loaded in 

different directions. Averaged tensile properties as obtained from tensile testing of three specimens 

from each orientation are reported. 

Direction of tensile loading YS (MPa) Ultimate tensile strength (MPa) EF (%) 

BD (<011>) 291.9±11.8 489.4±4.4 110.8±3.9 

SD (<100>) 285.3±6.0 514.0±13.3 40.3±0.5 

~35° from the TD (<111>) 347.5±12.8 554.3+27.9 42.6±6.8 
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4. Discussion 

4.1 Texture evolution 

Noting the melt pool geometry and the major axis of the columnar grains in the WA-DED-

processed SS316L (Figs. 4(b) and 4(e)), a distinct crystallographic growth pattern is seen wherein 

the crystallographic growth direction is perpendicular to the melt pool boundaries. For constrained 

or columnar growth, such perpendicularity between crystallographic growth direction and the melt 

pool boundaries indicates that the heat extraction occurred in the direction opposite to the 

crystallographic growth direction [10,31]. The green arrows in Fig. 10(a) indicate the 

crystallographic growth direction or the direction of maximum thermal gradient. Considering the 

competitive growth mechanism for cubic crystals, the crystals with <001> directions aligned with 

the direction of maximum thermal gradient will outgrow the other non-aligned crystals; this will 

lead to the alignment of <001> directions perpendicular to the melt pool boundaries and may 

subsequently lead to the alignment of <011> in the BD. Note that in this discussion, the alignment 

of <011> in BD is an indirect manifestation of competitive growth mechanism. However, we note 

that such competitive growth can also be facilitated by different crystallographic configurations, 

as exemplified in Figs. 10 (b)-(c). In other words, the crystal can rotate about the direction of heat 

extraction and still facilitate a competitive growth. Therefore, the alignment of <011> in BD is just 

one of the several possibilities through which competitive growth may occur. Consequently, 

competitive growth alone does not explain the formation of SX-like texture, where the primary 

crystallographic orientation (in BD) is <011>, whereas the secondary orientations are <100> in 

the SD and <011̅> in the TD (Fig. 3). 
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Figure 10: Crystallographic growth during WA-DED processing of SS316L. (a) Optical 

micrograph depicting competitive crystallographic growth perpendicular to the melt pool 

boundaries. (b)-(c) illustrations exemplifying a few crystallographic orientations that can facilitate 

competitive growth of crystals. Although configurations illustrated in both (b) and (c) can facilitate 

competitive growth, the primary and secondary crystallographic orientations in the final build will 

vary for the two configurations. 

Having established that competitive growth-based argument alone is insufficient to 

elucidate the SX-like texture in WA-DED-processed SS316L, we investigate other mechanisms 

occurring during as well as post solidification. During solidification, in addition to competitive 

growth, the epitaxial growth may determine the crystallographic texture in WA-DED [4,7,32]. 

Whereas, post solidification, thermally induced plastic deformation within the previously 

deposited layers may determine the crystallographic texture in WA-DED, as also established in 

other solidification processing routes [12]. Therefore, to elucidate the texture evolution during 

WA-DED, we consider competitive growth and epitaxial growth occurring during solidification, 
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and thermally induced plastic deformation occurring post solidification. While competitive growth 

may lead to the alignment of <001> crystallographic directions perpendicular to the melt pool 

boundary, plastic deformation of the solid in melt pool vicinity may lead to rotation of the 

competitively grown crystals. Notably, plastic deformation-induced crystal rotation leads to a 

specific stable final orientation depending on the nature of deformation (tensile or compressive). 

For f.c.c. lattice in compression, a stable final orientation is reached when <110> crystallographic 

direction becomes parallel to the compression loading axis (Fig. 11), whereas in tension the stable 

final orientation is reached when <211> of the f.c.c. lattice is aligned along the tensile loading axis 

[33]. In essence, thermally induced plastic deformation may lead to lattice rotation in previously 

deposited solid and depending on the nature of such deformation (compressive or tensile), either 

the <110> or <211> crystallographic direction may become parallel to the direction of maximum 

plastic strain [34]. Therefore, we investigate the nature of plastic thermal strains developed in 

SS316L during WA-DED processing. 

 

Figure 11: Portion of a cubic stereogram illustrating rotation of a cubic lattice under compression 

along the marked compression axis (CA). As an f.c.c. lattice is compressed along a CA located 

inside the basic stereographic triangle with vertices [100], [110] and [111], the normal to the slip 

plane orients parallel to the CA [33]. For such relative orientation between the lattice and the CA 

as illustrated, slip occurs primarily on the (111̅)[101] system. As the crystal plastically deforms 

under compression, the CA rotates towards the slip plane normal [111̅] and reaches the [100]-[110] 

boundary. Subsequently, duplex slip is activated, i.e., slip occurs simultaneously in the (111̅) and 

the conjugate (111) plane. Such duplex slip causes a net rotation of the CA towards the [110] 

direction, also termed as the stable final orientation for an f.c.c. lattice with respect to the CA. 
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The red highlighted elements in Fig. 12(a) illustrate the regions in the BD-TD plane that 

were used for comparing the plastic strain values in the BD, TD, and SD. Fig. 12 (b)-(e) show the 

evolution of plastic thermal strains in TD (ε11), SD (ε22), and BD (ε33) from the four red highlighted 

regions in Fig. 12(a) during WA-DED processing. Notably, the plastic strains developed in the BD 

(ε33) are compressive in nature, whereas those in TD (ε11) and SD (ε22) direction are tensile. 

Furthermore, the magnitudes of compressive plastic strains in the BD during a vast majority of the 

process are higher than those of the tensile plastic strains in the SD and TD. The contour plots 

representing the plastic strains accumulated in the region of consideration (blue shaded region in 

Fig. 12(a)) towards the completion of 18 mm of build height are also shown in the supplementary 

Figs. S2.2(a)-(c). We note that the thermomechanical FE simulations performed in this work 

capture the thermomechanical behavior at a macroscale as opposed to capturing such behavior at 

the crystal scale with as solidified microstructural attributes. Therefore, rather than revealing the 

precise values of thermal strains, such FE simulations reveal the trend in thermal strains along the 

three build axes. The trends revealed in the thermomechanical FE simulations performed here are 

propaedeutic for further computational investigations. Nevertheless, the prominent compressive 

plastic strains in the vertical direction can result in a stable final orientation of <011>∥BD (Fig. 

11). A stable final orientation of <011>∥BD means that further compressive loading in the 

vertical direction will not cause rotation of these stabilized lattices. Note that prior to such a plastic 

deformation-induced reorientation, the secondary crystallographic directions may be randomly 

oriented. Few possibilities of such randomly oriented secondary crystallographic orientations were 

illustrated in Figs. 10 (b)-(c); the plastic deformation induced stable final orientation of <011>∥

BD is also illustrated in Fig. 10(b). 
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Figure 12: Evolution of plastic thermal strains during WA-DED processing of SS316L. (a) 

Illustration depicting the region considered for comparing plastic thermal strain values obtained 

from the thermomechanical FE simulations in TD, SD, and BD. The evolution of plastic strains in 

locations (b) 1, (c) 2, (d) 3, and (e) 4 also marked in red in (a). ε11, ε22, and ε33 in (b)-(e) represent 

the thermal plastic strains in TD, SD, and BD, respectively. 

We postulate that such an argument that is based on plastic deformation-induced 

reorientation is applicable to the material located below the solidifying melt pool where the 

temperatures are slightly less than the solidus temperature. For understanding this postulation, it 

is important to understand that the constrained thermal expansion of the material at high 
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temperatures is considered as the principal contributor to the compressive strains calculated in this 

work. At lower temperatures, the strains and the subsequent crystal reorientation will be smaller, 

whereas for the solid at higher temperature below the solidifying layer, the magnitude of plastic 

thermal strains will be higher. Additionally, thermokinetics (G and R) during WA-DED processing 

are likely to determine the strain rate of the thermally induced deformation and the subsequent 

magnitude of the crystallographic rotation [35]. Notably, the bottom-most layers did not exhibit a 

SX-like texture. Instead, the texture gradually evolved from polycrystalline in the bottom-most 

layers to SX-like in the upper layers (Figs. 3(b)-(e)). Therefore, with deposition of each new layer, 

the compression-induced crystallographic rotation must occur in the previously deposited layers. 

However, under compressive loads, a few important factors that will determine whether the crystal 

reaches the stable final orientation of <011>∥BD are the initial orientation of the crystal and the 

magnitude of compressive plastic thermal strains acting upon it. The initial primary 

crystallographic orientation (∥BD) may be determined by competitive growth (for small melt 

pool curvatures) or epitaxial growth, whereas the initial secondary orientations during 

solidification in the case of columnar dendritic morphology are largely determined by epitaxial 

growth. With deposition of every new layer, the crystals present in the previously deposited layers 

will gradually rotate to attain the stable final orientation of <011>∥BD. As the build progresses, 

the crystals towards the top of the build reach closer to this stable final orientation as compared to 

the crystals towards the bottom, in that the latter grew epitaxially on the crystals from the substrate 

plate, and thus may require large compressive strains to attain the stable final orientation. An 

instance of the crystals within the bottom most region of the build growing epitaxially is provided 

in the supplementary Figs. S3(a)-(c). Such large compressive strains may not be available during 

WA-DED processing, and thus the crystals towards the bottom of the build retain their 

polycrystalline texture (Figs. 3(d)-(e)). Nevertheless, crystals towards the bottom will still rotate 

in an attempt to reach the stable final orientation under compressive loads. With the gradual 

rotation of crystals in previously solidified layers, a stable end orientation can be reached after a 

particular build height; in this work, a stable final orientation of <011>∥BD is observed more 

prominently at a build height of more than ~10 mm (Figs. 3(d)-(e)). Once this stable final 

orientation is attained, the crystals continue to deform under compressive thermal strains, however, 

no further rotation happens. Such crystals with a stable final orientation of <011>∥BD will 

facilitate epitaxial growth of crystals in the solidifying melt pool and will consequently lead to 



 25 

uniformity in secondary crystallographic orientations (<100>∥SD and <011̅>∥TD). As a result, 

SX-like texture is retained within the upper section of the WA-DED processed SS316L. Note that, 

here, the alignment of <001> perpendicular to the melt pool boundary, and <011>∥BD inherently 

constrains the secondary crystallographic orientations <100>∥SD and <011̅>∥TD. 

Despite an SX-like texture within majority of the build volume, we note that a 

crystallographic misorientation exists between crystals in the middle region of the melt pool and 

the crystals elsewhere (Figs. 3(b)-(c)). The crystals in the middle region of the melt pool grew 

vertically upwards antiparallel to the heat extraction in this region and perpendicular to the melt 

pool boundary (Fig. 10(a)). As a result, the <001> directions of these crystals remain aligned 

parallel to the compressive loading direction. Invoking the fundamentals of crystal plasticity 

reveals that due to crystal symmetry, loading along any of the axes that coincide with the directions 

as given by the corners of a stereographic triangle (Fig. 11) leads to an equal rotation rate in each 

of the active slip systems, and thus, leads to no crystal rotation [36]. Therefore, the crystals in the 

middle of the melt pool retained their <001>∥BD orientation. Notably, melt pool geometry is a 

key factor in determining texture evolution during solidification. The geometrical parameters, such 

as the ratios of melt pool dimensions in different build planes (BD-TD, BD-SD, or SD-TD), and 

the angle between melt pool boundary and the substrate/previously deposited layer can determine 

the crystallographic orientations of the solidifying crystals [37]. From WA-DED process 

parameters viewpoint, such geometrical parameters of the melt pool may change from conduction 

mode to keyhole mode of melting [10,38,39]. For example, a melt pool with larger depth to width 

ratio in the BD-TD plane is more likely to lead to <001>∥TD orientations [37,38]. Such melt 

pools are readily formed in the keyhole mode [10,39]. However, even for such cases, various 

possibilities of crystallographic growth still exist in the BD and SD as illustrated in Figs. 10 (b)-

(c). 

4.2 Evolution of solidification growth modes within the build and the ‘skin effect’ 

The solidification parameters, thermal gradient (G) and growth rates (R), determine the 

solidification morphology/growth mode and the scale of the microstructure. At a given growth rate 

that is below the limit of absolute stability, high G values can stabilize the solid-liquid interface 

and consequently, growth of the solid-liquid interface may proceed through planar mode. As G 
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reduces, cellular growth mode may become stable and with further reduction in G, other growth 

modes, such as cellular dendritic and columnar dendritic may stabilize [10,31]. The results 

reported in this work suggest that the predominant growth modes within WA-DED-processed 

SS316L were either cellular, cellular dendritic, or columnar dendritic depending on the location 

within the build, rather than planar (Figs. 5(a)-(b)). Due to its closer proximity from the substrate, 

large thermal gradients exist at the bottom layers. At such high thermal gradients, cellular and 

cellular dendritic growth modes are more stable in this region (Fig. 5(a)) as compared to the 

columnar dendritic mode. Note that the high thermal gradients at the solid-liquid interface are 

imposed by the heat flux towards the heat sink or substrate plate in this case. As subsequent layers 

are deposited and the thermal gradients reduce due to increasing distance from the heat sink, 

columnar dendritic growth mode becomes more prominent towards the top (Fig. 5(b)). The 

evolution of growth modes within a melt pool is also explicable using same principle. Due to high 

thermal gradients at the bottom of the melt pool, cellular and cellular dendritic growth modes were 

observed in this region, whereas columnar dendritic growth mode was observed towards the melt 

pool top (Figs. 4(e) and 5(b)). However, careful observation of Figs. 4(e), 5(a), 5(b) reveals that 

the cellular region at the bottom of the build spans over much larger area as compared to that 

within the melt pools from the top of the build. Such reduced span of the cellular/cellular-dendritic 

region towards the build top establishes that the thermal gradients at the solid-liquid interface 

decreased as the build progressed from bottom to top. 

A stray-grained region in the topmost layer of the build (Fig. 8(a)-(b)), termed as ‘skin’ in 

this work, is believed to be a manifestation of the reduced cooling rate-induced change in the heat 

extraction direction towards the build top. Elaborating, as the build height increases, the thermal 

gradients established due to the heat extraction from the primary heat sink, or the substrate plate 

reduce and so do the cooling rates within the melt pool. Subsequently, a small fraction of the melt 

pool volume from the top may reject heat to the ambient atmosphere. While such transport 

phenomenon has been explored in arc welding [40], the process attributes of WA-DED process 

and arc welding are different, in that depending on the build height, the melt pool in WA-DED can 

be farther from the primary heat sink, such as the substrate plate. Therefore, for a given heat input 

and preheat temperature, the heat transfer occurring between the melt pool surface and the ambient 

atmosphere may become more prominent with increasing build height in WA-DED as compared 

to the arc welding, due to the reduced heat flux towards the substrate with increasing build height 
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in the former. Considering that the columnar growth occurs in the direction opposite to the heat 

extraction direction or when positive thermal gradients exist ahead of the solid-liquid interface, a 

change in the heat extraction direction within the ‘skin’ also leads to change in the growth direction 

of dendrites from bottom-to-top to top-to-bottom of the melt pool. Subsequently, a ’skin’ of stray 

grains is formed. Notably, the ‘skin effect’ was not seen in the layers below the topmost layer 

because remelting of this ‘skin’ of stray grains occurred as each new layer was deposited. 

Remelting regions are common in fusion based additive manufacturing processes and are required 

for mitigation of lack-of-fusion porosity. The remelting of the skin from previous layer would be 

followed by competitive and epitaxial growth driven crystal growth during solidification and 

plastic deformation induced crystal rotation after solidification. Note that the deformation induced 

rotation would only occur if a stable end orientation has not been attained yet. 

The microstructural features within the ‘skin’ are indicative of change in the heat extraction 

direction in this region. To discuss such microstructural features, we invoke the concepts from 

solidification. Under the thermokinetic conditions where a planar growth front destabilizes and the 

perturbations in the solid-liquid interface stabilize, the growth front adopts a curvature, in that 

curved interface is more effective in rejecting solute and subsequently facilitating constitutional 

undercooling as compared to its planar counterpart [31,41]. Also, very high thermal gradients at 

the solid-liquid interface close to the heat sink may lead to the stabilization of a planar front in this 

region. As solidification proceeds in regions away from the heat sink and the thermal gradients 

reduce, the planar front destabilizes and may transition to cellular and eventually to dendritic 

growth mode. The presence of a ~10 µm deep layer with evident planar growth in the topmost 

region of the build as well as the presence of downward facing dendritic tip in the cellular/dendritic 

region, as indicated by the yellow arrows in Fig. 8(b), establish the change in heat extraction 

direction and the subsequent change in the dendritic growth direction. Note that the layer that 

solidifies through planar mode is contained within the ‘skin;’ overall, the skin extends to up to 

~400 µm from the topmost surface of the build (Fig. 8(a)). Furthermore, the depth of the overall 

‘skin’ where the crystallographic growth direction is inverted is much smaller as compared to the 

rest of the melt pool where growth occurs normal to melt pool boundaries (see Figs. 4(a)-(b) for 

overall melt pool dimensions). Therefore, the secondary heat sinks, such as the ambient 

atmosphere that led to a discrepancy in the general dendritic growth direction are less effective as 

compared to the primary heat sinks. Consequently, before the less effective heat sinks can extract 



 28 

heat from a larger volume of the melt pool and lead to formation of a larger stray-grained region, 

the directional crystal growth occurring due to the primary (or more effective) heat sinks will 

outgrow the stray crystals. Therefore, in such a competitive heat transfer phenomenon, the 

effectiveness of the primary heat sink determines the depth of the ‘skin,’ and, thus, determines the 

span of the stray grains. For a very effective primary heat sink or for a much smaller melt pool 

volume as in the powder-based fusion AM processes, the ‘skin’ of stray-grained region may not 

exist at all. In the context of this work, once the SX-like texture was attained, the ‘skin’ effect did 

not cause a disruption in this texture because: (a) the primary heat flux (towards the substrate and 

previously deposited layers) remained dominant, (b) the ‘skin’ of stray grains was remelted with 

deposition of each new layer, and (c) the WA-DED processing conditions were kept consistent 

throughout the build. Under WA-DED processing conditions that satisfy these three criteria, the 

‘skin effect’ is not expected to influence the overall texture of a large scale component. 

4.3 Evolution of phase transformation behavior with build height: an interplay between 

alloy chemistry and solidification conditions 

A variation in phase transformation behavior was evident in the bottom and the top portions 

of the build (Figs. 7(a)-(b)). In stainless steels, the first solid that forms from the liquid may either 

be δ-b.c.c. (ferrite) or γ-f.c.c. (austenite) depending on the alloy chemistry and the solidification 

conditions during processing [42–50]. From a thermodynamic standpoint, alloying elements, such 

as Ni, C, and Mn are austenite stabilizers, whereas alloying elements, such as Cr, Mo and Si are 

ferrite stabilizers. The solidification path for stainless steels can be predicted by calculating the 

ratio of equivalent Cr content (Creq) to equivalent Ni content (Nieq) or Creq/Nieq ratio [42–45]. 

Where the terms Creq and Nieq account for the effect of ferrite and austenite stabilizers, respectively 

on the solidification path. For the SS316L alloy processed in this study, the Creq/Nieq ratio was 

calculated using eq. 1 and 2 [42–45]. 

𝐶𝑟𝑒𝑞 = 𝑋𝐶𝑟 + 𝑋𝑀𝑜 + 1.5𝑋𝑆𝑖   (1) 

𝑁𝑖𝑒𝑞 = 𝑋𝑁𝑖 + 30𝑋𝐶 + 0.5𝑋𝑀𝑛  (2) 

Where XCr, XMo, XSi, XNi, XC, and XMn are the concentrations in wt.% for Cr, Mo, Si, Ni, C, and 

Mn, respectively. The resulting Creq/Nieq ratio of 1.62 was obtained for the SS316L alloy. A 

Creq/Nieq ratio of over ~1.5 indicates that the solidification mode is δ-b.c.c (ferrite)–γ-f.c.c. 
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(austenite), commonly referred to as ferritic-austenitic (F-A) mode [29,42,44,49]. Therefore, 

during solidification, the first solid to appear is the high temperature δ phase and as the temperature 

decreases, most of the δ phase transforms to γ phase. Subsequently, the solidification path is L 

(liquid)→L+δ→L+γ+δ→γ+δ. However, under non-equilibrium processing conditions, such as L-

DED, L-PBF AM or even fusion welding, SS316L may exhibit a fully austenitic microstructure 

through a fully austenitic solidification mode [49,51,52]. Note that depending on the growth rates 

of the solid-liquid interface during AM processing, small traces of ferrite phase may still be 

observed in some cases due to Cr-segregation in the intercellular or interdendritic regions [53]. For 

such cases, the solidification mode becomes austenitic-ferritic (A-F), i.e., the first solid appears as 

γ phase. 

Considering the arguments made in the discussion above, the phase evolution in the WA-

DED-processed SS316L alloy as evident in this work (Figs. 7(a)-(b)) would also depend on the 

kinetics during solidification. One of the methods of capturing the solidification kinetics is by 

calculating the cooling rate. The cooling rate towards the bottom of the build, where the 

microstructure was almost fully austenitic (Fig. 7(a)) was calculated using eq. 3. 

 𝜆1 = 80(𝜀̇)−0.33  (3) 

where λ1 is the primary dendritic arm spacing (see Fig. 5(b)) and 𝜀̇ is the cooling rate. The cooling 

rates of the order of ~103 K/s were obtained towards the bottom of the build. For perspective, such 

cooling rates are within the range of cooling rates reported during the L-DED process [54]. 

Considering that cellular/dendritic growth is prominent in the current study as opposed to planar 

growth, such high cooling rates also imply a high growth rate regime towards the bottom of the 

build; consequently, solidification proceeded through A-F mode. Whereas, towards the top, the 

solidification proceeded through F-A mode due to lower cooling rates as also established by well-

developed secondary dendritic arms in this region (Fig. 5(b)). A continuous network of δ-b.c.c 

(ferrite) phase (Figs. 5(b), 6(b1)-(b6), and 7(b)) also indicates that solidification proceeded through 

F-A mode. During solidification at lower cooling rates towards the build top, γ-f.c.c. stabilizers, 

such as Ni segregated to the interdendritic regions of the δ-b.c.c phase due to their low solubility 

in the δ phase. At lower temperatures, these Ni-enriched regions led to the formation of γ-f.c.c. 

phase, whereas the regions rich in Cr and Mo (δ-b.c.c. stabilizers) remained as δ phase. Note that 

what appears like interdendritic region in the solidified microstructure (Figs. 5(b), 6(b1)-(b6), and 
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7(b)) was essentially a dendritic core at higher temperatures during solidification. Such changes in 

primary solidification mode from F-A to A-F or fully austenitic in stainless steels solidifying under 

different solidification conditions are rationalized by invoking growth rate dependence of solid-

liquid interface (tip) temperatures [47–50,55]. For a given growth rate during solidification, and 

thus for a given undercooling, the phase with a higher tip temperature will be more stable as 

compared to the one with a lower tip temperature, in that the latter would require a higher 

undercooling. Constitutional undercooling (ΔTc) along with the curvature undercooling (ΔTr) 

determine the tip temperature (eq. 4). Here, thermal undercooling is not considered because it 

depends on the externally imposed heat flux and not on the tip attributes. 

𝛥𝑇 =  𝛥𝑇𝐶 +  𝛥𝑇𝑟    (4) 

Furthermore, ΔTc is dependent on the partition coefficient (k) of the solute as expressed in eq. (5). 

 𝛥𝑇𝐶 = −𝑚 𝐶0(1 − 𝑘)/𝑘  (5) 

The partition coefficient of Ni in δ phase is lower than that of Cr in the γ phase [45,56], i.e., the 

rejection of Ni by δ dendrites is more thermodynamically feasible than the rejection of Cr by the 

γ dendrites. Assuming no nucleation barrier exists, for solidification conditions that facilitate 

instability of the planar front and proceed at high cooling rates, an accompanying high 

constitutional undercooling may reduce the tip temperature of the δ phase below the tip 

temperature of the γ phase. Subsequently, γ phase becomes more stable and the solidification 

proceeds through either A-F or fully austenitic mode. Note that thus far, contributions to reduced 

tip temperature from only constitutional undercooling have been considered. Eq. 4 establishes that 

curvature undercooling can also contribute to the reduced tip temperature. In fact, such 

contributions from curvature undercooling have also been explored previously [57]. Therefore, at 

high growth rates, the reduced tip temperature of δ phase as compared to that of the γ phase stems 

from constitutional and curvature undercoolings. In this work, such solidification conditions are 

available at the bottom of the build, and thus this region of the build exhibits A-F solidification 

mode. We believe that such an interplay of chemistry and processing conditions during powder-

based fusion AM processes is also the reason behind widely reported fully austenitic 

microstructures of the processed SS316L alloy [51,52,58]. 
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4.4 Mechanical behavior: orientation dependence of deformation mechanisms 

The trend in the YS and hardening behavior of WA-DED processed SS316L with SX-like 

microstructure (Fig. 9(b) and Table 2) is explicable from Schmid’s law. Loading along <111> 

leads to lowest Schmid factor of 0.272, and thus highest YS. To achieve high synergistic strength 

and ductility, it is important to produce dislocations and simultaneously provide hierarchical 

microstructural barriers to dislocation motion [30]. A high Schmid factor facilitates dislocation 

generation, whereas activation of a higher number of slip systems facilitates dislocation interaction 

and leads to a high WHR. A high WHR of the <100> specimen as compared to the <011> specimen 

(Fig. 9(c)) stems from a higher number of active slip systems in the former, i.e., eight slip systems 

in <100> as compared to four in the <011> specimen. However, the high WHR of the <100> 

specimen could not be sustained until later stages in plastic deformation. Whereas, although the 

<011> specimen exhibited a lower Stage III WHR as compared to its <100> and <111> 

counterparts (inset, Fig. 9(c)), its WHR was sustained until much later stages in plastic 

deformation; this led to a remarkably high elongation to failure of more than 100% in the <011> 

specimen [59]. A sustained WHR indicates that the microstructural hierarchy in the alloy can store 

geometrically necessary dislocations (GNDs) until later stages in plastic deformation and provide 

continuous barrier to slip. Such microstructural hierarchy may include solute atoms, stacking 

faults, twins, particles, and grain boundaries [27,60]. If a microstructural hierarchy that provides 

continuous obstacles to dislocation motion during plastic deformation is not present, then dynamic 

recovery prevails. An earlier dynamic recovery in the <100> specimen, as evidenced by its 

continuously decreasing work hardening rate which decreases to a minimum at a lowest strain 

level as compared to the <110> and <111> specimens (inset, Fig. 9(c)), indicates that the 

microstructural hierarchy did not provide a continuous barrier to slip, and subsequently, could not 

store GNDs until later stages in plastic deformation [27,30]. Such deformation behavior is typical 

of dislocation slip mediated plasticity. For the <011> specimen, although smaller number of active 

slip systems explain its low WHR, a sustained WHR and a high elongation to failure of over 100% 

of this specimen is uncharacteristic of dislocation slip mediated plastic deformation. Such tensile 

deformation behavior indicates that other deformation mechanisms may be present. Similarly, for 

the <111> specimen, a sustained WHR of this specimen indicates that deformation mechanisms 

other than dislocation slip mediated deformation mechanisms may be present. Note that the effect 

of active number of slip systems on the work hardening behavior is well reflected in the WHR vs 
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true strain plot shown in the inset of Fig. 9(c), in that the <100> specimen with highest number of 

active slip systems (eight) has highest WHR in the Stage III, followed by the <111> specimen with 

six slip systems, and the <011> specimen with four slip systems. It is the sustained WHR and the 

resulting high ductility that cannot be rationalized with just dislocation slip mediated plastic 

deformation. To rationalize such sustained WHR and high ductility of the <011> and the <111> 

specimens, we investigate the post deformation microstructure of the WA-DED processed 

SS316L. 

Fig. 13 (a)-(c) show the EBSD IPF maps from the gage sections of the <011>, <111> and 

<100> specimens deformed to failure. The evident deformation induced twinning in the <011> 

and <111> specimens elucidates the sustained WHR and subsequent high elongation to failure in 

these specimens (Figs. 13(a)-(b)); the white arrows point towards the twin boundaries for the 

<011> and the <111> specimens in Figs. 13(a) and (b), respectively. On the other hand, the absence 

of deformation twinning in the <100> specimen (Fig. 13(c)) indicates that the plastic deformation 

majorly occurred through dislocation slip; this explains the early dynamic recovery and the 

subsequent low elongation to failure of the <100> specimen. 

 

Figure 13: Post deformation (to failure) microstructural evolution in WA-DED processed 

SS316L. EBSD IPF maps along indicated tensile direction for the (a) <011>, (b) <111> and (c) 

<100> specimens. White arrows in (a) and (b) point towards the twin boundaries. 

Stacking fault energy (SFE) is one of the factors determining the propensity of an alloy to 

exhibit deformation twinning [61,62]. The SFE of additively manufactured SS316L is towards the 
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lower end of medium stacking fault energy alloys [63,64]. Solute segregation, which is prominent 

in cellular and dendritic solidification, also affects the alloy SFE, e.g., the segregation of austenite 

stabilizers, such as Mn reduces the SFE of the matrix γ-f.c.c. phase and subsequently increases the 

propensity of an austenitic alloy to exhibit deformation induced twinning or phase transformation 

[27,61]. Moreover, the effective SFE (γeff) of an alloy is orientation dependent (eq. 6) [65] 

 𝛾𝑒𝑓𝑓 = 𝛾 +  𝜎  𝑏𝑝 ( 𝑚𝑡 −  𝑚𝑙)/2  (6) 

where γ, σ, bp, mt, and ml represent the SFE, applied stress, Burgers vector for partial dislocations, 

and the Schmid factors for the trailing and leading partial dislocations, respectively. A high Schmid 

factor of the leading partial reduces the alloy SFE and increases its twinning propensity. The 

orientation dependence of deformation twinning in WA-DED processed SS316L can also be 

rationalized by invoking the premise that deformation twinning competes with dislocation slip 

[66–68]. Elaborating, a higher force on a twinning/leading partial as compared to the trailing 

partial favors twinning, whereas a higher force on the trailing partial favors slip. The 

crystallographic orientation relative to the loading direction determines if a twinning or a trailing 

partial will be favored. Invoking Schmid factor-based arguments, twinning is favored for a given 

orientation if for that orientation, ml>mt [62,66,69]. Subsequent calculation of ml and mt reveals 

that the propensity for deformation twinning is higher in the <011> (ml = 0.47; mt = 0.24), and 

<111> (ml = 0.31; mt = 0.16) specimens as compared to the <100> specimen (ml = 0.24; mt = 0.47). 

For deformation occurring at room temperatures, twinning occurs at higher stresses than those 

needed for slip [70]. Therefore, for the <011> and <111> specimens, the initial plasticity still stems 

from slip, whereas, at the later stages of plastic deformation, twin boundaries continuously obstruct 

the dislocation motion. Such activation of multiple deformation mechanisms at different stages 

leads to a sustained WHR and an enhanced elongation to failure of the <011> and the <111> 

specimens. A remarkably high elongation to failure in the <011> specimen as compared to its 

<111> counterpart is attributed to the additional strain hardening caused by plastic deformation 

induced crystallographic rotation in the <011> specimen [36,71,72]. A prominent change in the 

crystallographic texture of the <011> specimen upon deformation (Fig. 13(a)) establishes such 

tensile deformation induced crystal rotation in this specimen. Qualitatively, such deformation 

induced change in texture is considerably less prominent in the <111> specimen (Fig. 13(b)) and 

not noticeable in the <100> specimen (Fig. 13(c)). This result matches with the theory of crystal 
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plasticity, in that the f.c.c. crystals with <011>∥tensile axis are known to rotate unlike the crystals 

with <001> and <111> ∥ tensile axis [36]. Therefore, in addition to deformation twinning, 

deformation induced crystallographic rotation contributes to the strain hardening of the <011> 

specimen and leads to a sustained WHR until much later stages in plastic deformation and a very 

high elongation to failure of over 110%. However, for the <111> specimen, since a prominent 

deformation induced texture change is not evident, only deformation twinning is believed to be 

the major contributor to the strain hardening. 

5. Conclusions 

Despite the prevalence of strong crystallographic texture and anisotropic mechanical 

behavior in the alloys processed using fusion-based additive manufacturing processes, the 

crystallographic texture evolution during F-BAM is widely rationalized by the phenomena 

occurring only during solidification. To this end, we report a single crystal-like texture with <011>

∥ BD, and <100>∥ scanning direction in a wire arc-directed energy deposition additive 

manufacturing processed SS316L. Additionally, we investigate the implications of the physical 

phenomena occurring during and post solidification for texture evolution during WA-DED. During 

solidification, competitive growth led to the alignment of <001> perpendicular to the melt pool 

boundaries. Whereas, post solidification, the compressive maximum thermal plastic strains act 

along the BD and may lead to the reorientation of <011> closer to the BD. Such reoriented crystals 

will facilitate epitaxial growth of new crystals with aligning secondary crystallographic 

orientations. With deposition of new layers, further reorientation of these epitaxially grown 

crystals occurs until a stable final orientation of <011>∥BD is reached. 

Towards the build top, chemistry effects characterized by Creq./Nieq. are dominant in 

determining the solidification mode, consequently, solidification proceeds through ferrite-

austenite mode. However, at higher growth rates present at the bottom of the build, constitutional 

and curvature undercoolings lead to a reduced tip temperature of the δ-b.c.c. phase. Consequently, 

the γ-f.c.c phase is stabilized, and the solidification proceeds through austenite-ferrite mode. 

Furthermore, the formation of stray grains within a few hundred micrometers of the topmost layer 

was attributed to change in heat extraction direction from top-to-bottom to bottom-to-top in the 

topmost layer. 
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In accordance with its SX-like texture, an anisotropic tensile behavior was evident in the 

processed alloy. The anisotropy in tensile behavior was rationalized using Schmidian analysis for 

slip and deformation twinning. Schmid’s analysis for partial dislocations revealed propensity for 

twinning under tension for the <011> and <111> specimens. Consequently, deformation twinning 

contributed to the sustained work hardening rates of the <011> and <111> specimens. 

Furthermore, in addition to deformation twinning, deformation induced crystal rotation is believed 

to contribute to the strain hardening of the <011> specimen leading to its very high elongation to 

failure of over 110%. 

Consideration of physical phenomena occurring during and post solidification, as 

demonstrated in this work, will lead to a comprehensive understanding and the ensuing orientation-

dependent deformation mechanisms in F-BAM processed steels. Overall, this work facilitates 

control of solidification behavior, crystallographic texture, and ensuing mechanical behavior of 

large scale F-BAM processed steels, and thus facilitates a widespread outreach of large scale F-

BAM processes in structural applications. 

6. Declaration of Competing Interest 

The authors declare that they have no known competing financial interests or personal 

relationships that could have appeared to influence the work reported in this paper. 

7. Acknowledgements 

Research was sponsored by the US Department of Energy, Office of Energy Efficiency 

and Renewable Energy (EERE), Advanced Manufacturing Office, and the Office of Fossil Energy, 

Crosscutting Research Program, under contract DE-AC05-00OR22725 with UT-Battelle LLC and 

performed in partiality at the Oak Ridge National Laboratory’s Manufacturing Demonstration 

Facility, an Office of Energy Efficiency and Renewable Energy user facility. Much of the 

microscopy presented in this work was performed with the support of Carl Zeiss via a cooperative 

research and development agreement (NFE-19-07705). Authors thank Professor Sudarsanam S. 

Babu for meaningful discussions. Authors also extend thanks to Derek Vaughan, Quinn Campbell, 

Sarah Graham, and Ryan Duncan for assistance with additive manufacturing experiments, CT data 

visualization, metallography, and machining, respectively. 

8. References 



 36 

[1] Mike Mueller, Digging In: Oak Ridge National Laboratory Creates World’s First 3D Printed 

Excavator, Department of Energy (2017). https://www.energy.gov/eere/articles/digging-

oak-ridge-national-laboratory-creates-worlds-first-3d-printed-excavator (accessed 

September 21, 2022). 

[2] L. Love, B. Post, M. Noakes, A. Nycz, V. Kunc, There’s plenty of room at the top, Addit 

Manuf 39 (2021). https://doi.org/10.1016/j.addma.2020.101727. 

[3] W. Liu, J.N. DuPont, Effects of melt-pool geometry on crystal growth and microstructure 

development in laser surface-melted superalloy single crystals. Mathematical modeling of 

single-crystal growth in a melt pool (part I), Acta Mater 52 (2004) 4833–4847. 

https://doi.org/10.1016/j.actamat.2004.06.041. 

[4] D.N. Lee, Orientations of dendritic growth during solidification, Metals and Materials 

International 23 (2017) 320–325. https://doi.org/10.1007/s12540-017-6360-2. 

[5] H. Tao, L. Deyang, Z. Yaohe, Diffusion-convection effects on constrained dendritic growth 

in dilute alloys, Acta Astronaut 17 (1988) 997–1002. 

https://doi.org/https://doi.org/10.1016/0094-5765(88)90067-7. 

[6] Y. Lu, C. Beckermann, A. Karma, Convection Effects in Three-Dimensional Dendritic 

Growth, MRS Online Proceedings Library (OPL) 701 (2001) T2.2.1. https://doi.org/DOI: 

10.1557/PROC-701-T2.2.1. 

[7] D.N. Lee, K. Kim, Y. Lee, C.-H. Choi, Factors determining crystal orientation of dendritic 

growth during solidification, Mater Chem Phys 47 (1997) 154–158. 

https://doi.org/https://doi.org/10.1016/S0254-0584(97)80044-2. 

[8] K. Dragnevski, A.M. Mullis, D.J. Walker, R.F. Cochrane, Mechanical deformation of 

dendrites by fluid flow during the solidification of undercooled melts, Acta Mater 50 (2002) 

3743–3755. https://doi.org/https://doi.org/10.1016/S1359-6454(02)00186-6. 

[9] E. Chauvet, P. Kontis, E.A. Jägle, B. Gault, D. Raabe, C. Tassin, J.J. Blandin, R. Dendievel, 

B. Vayre, S. Abed, G. Martin, Hot cracking mechanism affecting a non-weldable Ni-based 

superalloy produced by selective electron Beam Melting, Acta Mater 142 (2018) 82–94. 

https://doi.org/10.1016/j.actamat.2017.09.047. 



 37 

[10] R.S. Mishra, S. Thapliyal, Design approaches for printability-performance synergy in Al 

alloys for laser-powder bed additive manufacturing, Mater Des (2021) 109640. 

https://doi.org/https://doi.org/10.1016/j.matdes.2021.109640. 

[11] P. Fernandez-Zelaia, M.M. Kirka, A.M. Rossy, Y. Lee, S.N. Dryepondt, Nickel-based 

superalloy single crystals fabricated via electron beam melting, Acta Mater 216 (2021). 

https://doi.org/10.1016/j.actamat.2021.117133. 

[12] J. Pistor, C. Körner, A novel mechanism to generate metallic single crystals, Sci Rep 11 

(2021). https://doi.org/10.1038/s41598-021-04235-2. 

[13] S.H. Sun, T. Ishimoto, K. Hagihara, Y. Tsutsumi, T. Hanawa, T. Nakano, Excellent 

mechanical and corrosion properties of austenitic stainless steel with a unique 

crystallographic lamellar microstructure via selective laser melting, Scr Mater 159 (2019) 

89–93. https://doi.org/10.1016/j.scriptamat.2018.09.017. 

[14] T. Todo, T. Ishimoto, O. Gokcekaya, J. Oh, T. Nakano, Single crystalline-like 

crystallographic texture formation of pure tungsten through laser powder bed fusion, Scr 

Mater 206 (2022). https://doi.org/10.1016/j.scriptamat.2021.114252. 

[15] T. Ishimoto, K. Hagihara, K. Hisamoto, S.H. Sun, T. Nakano, Crystallographic texture 

control of beta-type Ti–15Mo–5Zr–3Al alloy by selective laser melting for the development 

of novel implants with a biocompatible low Young’s modulus, Scr Mater 132 (2017) 34–

38. https://doi.org/10.1016/j.scriptamat.2016.12.038. 

[16] E. Chauvet, C. Tassin, J.J. Blandin, R. Dendievel, G. Martin, Producing Ni-base superalloys 

single crystal by selective electron beam melting, Scr Mater 152 (2018) 15–19. 

https://doi.org/10.1016/j.scriptamat.2018.03.041. 

[17] K. Hagihara, T. Ishimoto, M. Suzuki, R. Ozasa, A. Matsugaki, P. Wang, T. Nakano, Factor 

which governs the feature of texture developed during additive manufacturing; clarified 

from the study on hexagonal C40-NbSi2, Scr Mater 203 (2021). 

https://doi.org/10.1016/j.scriptamat.2021.114111. 



 38 

[18] S.H. Sun, K. Hagihara, T. Nakano, Effect of scanning strategy on texture formation in Ni-

25 at.%Mo alloys fabricated by selective laser melting, Mater Des 140 (2018) 307–316. 

https://doi.org/10.1016/j.matdes.2017.11.060. 

[19] J. Pistor, C. Breuning, C. Körner, A single crystal process window for electron beam powder 

bed fusion additive manufacturing of a cmsx-4 type ni-based superalloy, Materials 14 

(2021). https://doi.org/10.3390/ma14143785. 

[20] M.R. Gotterbarm, A.M. Rausch, C. Körner, Fabrication of single crystals through a μ-helix 

grain selection process during electron beam metal additive manufacturing, Metals (Basel) 

10 (2020). https://doi.org/10.3390/met10030313. 

[21] S.H. Sun, T. Ishimoto, K. Hagihara, Y. Tsutsumi, T. Hanawa, T. Nakano, Excellent 

mechanical and corrosion properties of austenitic stainless steel with a unique 

crystallographic lamellar microstructure via selective laser melting, Scr Mater 159 (2019) 

89–93. https://doi.org/10.1016/j.scriptamat.2018.09.017. 

[22] W. Ou, T. Mukherjee, G.L. Knapp, Y. Wei, T. DebRoy, Fusion zone geometries, cooling 

rates and solidification parameters during wire arc additive manufacturing, Int J Heat Mass 

Transf 127 (2018) 1084–1094. https://doi.org/10.1016/j.ijheatmasstransfer.2018.08.111. 

[23] Abaqus Analysis User’s Manual, vol1, n.d. 

[24] J. Goldak, A. Chakravarti, M. Bibby, A New Finite Element Model for Welding Heat 

Sources, Metallurgical Transactions 15 (1984) 299–305. 

[25] A. Özcan, S. Kollmannsberger, J. Jomo, E. Rank, Residual stresses in metal deposition 

modeling: Discretizations of higher order, Computers & Mathematics with Applications 78 

(2019) 2247–2266. https://doi.org/10.1016/J.CAMWA.2018.10.027. 

[26] A. Nycz, Y. Lee, M. Noakes, D. Ankit, C. Masuo, S. Simunovic, J. Bunn, L. Love, V. 

Oancea, A. Payzant, C.M. Fancher, Effective residual stress prediction validated with 

neutron diffraction method for metal large-scale additive manufacturing, Mater Des 205 

(2021) 109751. https://doi.org/10.1016/J.MATDES.2021.109751. 

[27] S. Thapliyal, P. Agrawal, P. Agrawal, S.S. Nene, R.S. Mishra, B.A. McWilliams, K.C. Cho, 

Segregation engineering of grain boundaries of a metastable Fe-Mn-Co-Cr-Si high entropy 



 39 

alloy with laser-powder bed fusion additive manufacturing, Acta Mater (2021) 117271. 

https://doi.org/https://doi.org/10.1016/j.actamat.2021.117271. 

[28] J.W. Elmer, S.M. Allen, T.W. Eagar, Microstructural Development during Solidification of 

Stainless Steel Alloys, Metallurgical Transactions A 20 (1989) 2117–2131. 

[29] J.C. Lippold, W.F. Savage, Solidification of Austenitic Stainless Steel Weldments: Part 2-

The Effect of Alloy Composition on Ferrite Morphology, Weld J 59(2) (1980) 48s–58s. 

[30] M.F. Ashby, The deformation of plastically non-homogeneous materials, Philosophical 

Magazine 21 (1970) 399–424. https://doi.org/10.1080/14786437008238426. 

[31] W. Kurz, D.J. Fisher, Fundamentals of Solidification, 4th ed., Trans Tech Publications 

Limited, 1998. https://books.google.com/books?id=bFaxDwAAQBAJ. 

[32] I. Markov, S. Stoyanov, Mechanisms of epitaxial growth, Contemp Phys 28 (1987) 267–

320. https://doi.org/10.1080/00107518708219073. 

[33] W.F. Hosford, Mechanical behavior of materials, 2nd ed., Cambridge university press, New 

York, 2010. www.cambridge.org/9780521195690 (accessed December 29, 2022). 

[34] S. Thapliyal, J. Cheng, J. Mayeur, Y. Yamamoto, P. Fernandez-Zelaia, A. Nycz, M.M. 

Kirka, Outlook on texture evolution in additively manufactured stainless steels: Prospects 

for hydrogen embrittlement resistance, overview of mechanical, and solidification behavior, 

J Mater Res (2023). https://doi.org/10.1557/s43578-023-01130-6. 

[35] A. Bhattacharyya, D. Rittel, G. Ravichandran, Effect of strain rate on deformation texture 

in OFHC copper, Scr Mater 52 (2005) 657–661. 

https://doi.org/10.1016/j.scriptamat.2004.11.019. 

[36] L.A. Zepeda-Ruiz, A. Stukowski, T. Oppelstrup, N. Bertin, N.R. Barton, R. Freitas, V. V. 

Bulatov, Atomistic insights into metal hardening, Nat Mater 20 (2021) 315–320. 

https://doi.org/10.1038/s41563-020-00815-1. 

[37] W. Liu, J.N. DuPont, Effects of melt-pool geometry on crystal growth and microstructure 

development in laser surface-melted superalloy single crystals. Mathematical modeling of 



 40 

single-crystal growth in a melt pool (part I), Acta Mater 52 (2004) 4833–4847. 

https://doi.org/10.1016/j.actamat.2004.06.041. 

[38] S.A. David, J.M. Vitek, Correlation between solidification parameters and weld 

microstructures, International Materials Reviews 34 (1989) 213–245. 

https://doi.org/10.1179/imr.1989.34.1.213. 

[39] S. Thapliyal, R.S. Mishra, Chapter Eight - Linking materials systems approach to alloy 

design and part qualification for laser powder bed fusion additive manufacturing, in: J. 

Kadkhodapour, S. Schmauder, F. Sajadi (Eds.), Quality Analysis of Additively 

Manufactured Metals, Elsevier, 2023: pp. 321–354. 

https://doi.org/https://doi.org/10.1016/B978-0-323-88664-2.00002-6. 

[40] A.B. Murphy, J.J. Lowke, Heat transfer in arc welding, in: Handbook of Thermal Science 

and Engineering, Springer International Publishing, 2018: pp. 2657–2727. 

https://doi.org/10.1007/978-3-319-26695-4_29. 

[41] H. Biloni, W.J. Boettinger, Solidification, in: R.W. Cahn, P. Haasen (Eds.), Physical 

Metallurgy, 4th ed., Elsevier Science & Technology, Amsterdam, NETHERLANDS, 1996: 

pp. 669–842. http://ebookcentral.proquest.com/lib/oakridge/detail.action?docID=344673. 

[42] K. Rajasekhar, C.S. Harendranath, R. Raman, S.D. Kulkarni, Microstructural Evolution 

during Solidification of Austenitic Stainless Steel Weld Metals: A Color Metallographic 

and Electron Microprobe Analysis Study, Mater Charact 38(2) (1997) 53–65. 

[43] J.A. Brooks, A.W. Thompson, Microstructural development and solidification cracking 

susceptibility of austenitic stainless steel welds, International Materials Reviews 36 (1991) 

16–44. https://doi.org/10.1179/imr.1991.36.1.16. 

[44] N. Suutala, T. Takalo, T. Moisio, Ferritic-Austenitic Solidification Mode in Austenitic 

Stainless Steel Welds, Metallurgical Transactions A 11 (1980) 717–725. 

https://doi.org/10.1007/BF02661201. 

[45] P.L. Ferrandini, C.T. Rios, A.T. Dutra, M.A. Jaime, P.R. Mei, R. Caram, Solute segregation 

and microstructure of directionally solidified austenitic stainless steel, Materials Science 

and Engineering A 435–436 (2006) 139–144. https://doi.org/10.1016/j.msea.2006.07.024. 



 41 

[46] S. Astafurov, E. Astafurova, Phase composition of austenitic stainless steels in additive 

manufacturing: A review, Metals (Basel) 11 (2021). https://doi.org/10.3390/met11071052. 

[47] N. Suutala, Effect of Solidification Conditions on the Solidification Mode in Austenitic 

Stainless Steels, Metallurgical Transactions A 14 (1983) 191–197. 

[48] S.S. Babu, J.M. Vitek, J.W. Elmer, T.A. Palmer, S.A. David, Nonequilibrium Phase 

Selection during Weld Solidification of Fe-C-Mn-Al Steels, in: TMS 2004: Solidification 

Processes and Microstructures, 2004: pp. 339–344. 

[49] J.C. Lippold, Solidification Behavior and Cracking Susceptibility of Pulsed-Laser Welds in 

Austenitic Stainless Steels, Weld J 73:6 (1994). https://www.osti.gov/biblio/7167543 

(accessed June 12, 2023). 

[50] T. Hashimoto, H. Terasaki, Y. Komizo, Effect of solidification velocity on weld 

solidification process of alloy tool steel, Science and Technology of Welding and Joining 

13 (2008) 409–414. https://doi.org/10.1179/174329308X300145. 

[51] E. Liverani, S. Toschi, L. Ceschini, A. Fortunato, Effect of selective laser melting (SLM) 

process parameters on microstructure and mechanical properties of 316L austenitic stainless 

steel, J Mater Process Technol 249 (2017) 255–263. 

https://doi.org/10.1016/j.jmatprotec.2017.05.042. 

[52] D.R. Feenstra, V. Cruz, X. Gao, A. Molotnikov, N. Birbilis, Effect of build height on the 

properties of large format stainless steel 316L fabricated via directed energy deposition, 

Addit Manuf 34 (2020). https://doi.org/10.1016/j.addma.2020.101205. 

[53] K. Saeidi, X. Gao, Y. Zhong, Z.J. Shen, Hardened austenite steel with columnar sub-grain 

structure formed by laser melting, Materials Science and Engineering A 625 (2015) 221–

229. https://doi.org/10.1016/j.msea.2014.12.018. 

[54] A.B. Kustas, D.F. Susan, K.L. Johnson, S.R. Whetten, M.A. Rodriguez, D.J. Dagel, J.R. 

Michael, D.M. Keicher, N. Argibay, Characterization of the Fe-Co-1.5V soft ferromagnetic 

alloy processed by Laser Engineered Net Shaping (LENS), Addit Manuf 21 (2018) 41–52. 

https://doi.org/10.1016/j.addma.2018.02.006. 



 42 

[55] S.S. Babu, J.W. Elmer, S.A. David, M.A. Quintana, In situ observations of non-equilibrium 

austenite formation during weld solidification of an Fe-C-Al-Mn low-alloy steel, 

Proceedings of the Royal Society A: Mathematical, Physical and Engineering Sciences 458 

(2002) 811–821. https://doi.org/10.1098/rspa.2001.0891. 

[56] H.W. Kerr, W. Kurz, Solidification of peritectic alloys, International Materials Reviews 41 

(1996) 129–164. https://doi.org/10.1179/imr.1996.41.4.129. 

[57] S. Fukumoto, W. Kurz, Prediction of the δ to γ Transition in Austenitic Stainless Steels 

during Laser Treatment, ISIJ International 38 (1998) 71–77. 

https://doi.org/10.2355/isijinternational.38.71. 

[58] Y. Zhong, L. Liu, S. Wikman, D. Cui, Z. Shen, Intragranular cellular segregation network 

structure strengthening 316L stainless steel prepared by selective laser melting, Journal of 

Nuclear Materials 470 (2016) 170–178. https://doi.org/10.1016/j.jnucmat.2015.12.034. 

[59] S.R. Kalidindi, Modeling the strain hardening response of low SFE FCC alloys, Int J Plast 

14 (1998) 1265–1277. https://doi.org/https://doi.org/10.1016/S0749-6419(98)00054-0. 

[60] S. Thapliyal, S. Shukla, L. Zhou, H. Hyer, P. Agrawal, P. Agrawal, M. Komarasamy, Y. 

Sohn, R.S. Mishra, Design of heterogeneous structured Al alloys with wide processing 

window for laser-powder bed fusion additive manufacturing, Addit Manuf 42 (2021) 

102002. https://doi.org/10.1016/j.addma.2021.102002. 

[61] R.S. Mishra, S.S. Nene, M. Frank, S. Sinha, K. Liu, S. Shukla, Metastability driven 

hierarchical microstructural engineering: Overview of mechanical properties of metastable 

complex concentrated alloys, J Alloys Compd 842 (2020) 155625. 

https://doi.org/10.1016/j.jallcom.2020.155625. 

[62] I. Karaman, H. Sehitoglu, K. Gall, Y.I. Chumlyakov, H.J. Maier, Deformation of single 

crystal Hadfield steel by twinning and slip, Acta Mater 48 (2000) 1345–1359. 

https://doi.org/10.1016/S1359-6454(99)00383-3. 

[63] W. Woo, J.S. Jeong, D.K. Kim, C.M. Lee, S.H. Choi, J.Y. Suh, S.Y. Lee, S. Harjo, T. 

Kawasaki, Stacking Fault Energy Analyses of Additively Manufactured Stainless Steel 



 43 

316L and CrCoNi Medium Entropy Alloy Using In Situ Neutron Diffraction, Sci Rep 10 

(2020). https://doi.org/10.1038/s41598-020-58273-3. 

[64] M.S. Pham, B. Dovgyy, P.A. Hooper, Twinning induced plasticity in austenitic stainless 

steel 316L made by additive manufacturing, Materials Science and Engineering A 704 

(2017) 102–111. https://doi.org/10.1016/j.msea.2017.07.082. 

[65] S.M.; Copley, B. H. Kear, THE DEPENDENCE OF THE WIDTH OF A DISSOCIATED 

DISLOCATION ON DISLOCATION VELOCITY*, Acta Metallurgica 16 (1968) 227–

231. https://doi.org/10.1016/0001-6160(68)90118-1. 

[66] R.J. McCabe, I.J. Beyerlein, J.S. Carpenter, N.A. Mara, The critical role of grain orientation 

and applied stress in nanoscale twinning, Nat Commun 5 (2014). 

https://doi.org/10.1038/ncomms4806. 

[67] Y.T. Zhu, X.Z. Liao, S.G. Srinivasan, E.J. Lavernia, Nucleation of deformation twins in 

nanocrystalline face-centered-cubic metals processed by severe plastic deformation, J Appl 

Phys 98 (2005). https://doi.org/10.1063/1.2006974. 

[68] B.Q. Li, M.L. Sui, S.X. Mao, Twinnability Predication for fcc Metals, J Mater Sci Technol 

27 (2011) 97–100. https://doi.org/https://doi.org/10.1016/S1005-0302(11)60032-7. 

[69] I. Gutierrez-Urrutia, S. Zaefferer, D. Raabe, The effect of grain size and grain orientation 

on deformation twinning in a Fe-22wt.% Mn-0.6wt.% C TWIP steel, Materials Science and 

Engineering A 527 (2010) 3552–3560. https://doi.org/10.1016/j.msea.2010.02.041. 

[70] L. Bracke, L. Kestens, J. Penning, Direct observation of the twinning mechanism in an 

austenitic Fe-Mn-C steel, Scr Mater 61 (2009) 220–222. 

https://doi.org/10.1016/j.scriptamat.2009.03.045. 

[71] X. Yang, X. Wang, M. Brochu, X. Wang, N.M. Harrison, S.B. Leen, J. Segurado, 

Understanding orientation-dependent plasticity in laser beam powder bed fusion stainless 

steel through crystal plasticity modelling, Materials Science and Engineering: A 852 (2022). 

https://doi.org/10.1016/j.msea.2022.143682. 

[72] X. Wang, J.A. Muñiz-Lerma, M. Attarian Shandiz, O. Sanchez-Mata, M. Brochu, 

Crystallographic-orientation-dependent tensile behaviours of stainless steel 316L fabricated 



 44 

by laser powder bed fusion, Materials Science and Engineering: A 766 (2019). 

https://doi.org/10.1016/j.msea.2019.138395. 

  


