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ABSTRACT: The predictive design of flexible and solvent-free polymer electrolytes for solid-
state batteries requires the understanding of the fundamental principles governing the ion transport.

In this work, we establish a correlation between the composite structures, polymer segmental



dynamics and lithium ion (Li") transport in a ceramic-polymer composite. Elucidating this
structure-property relationship will allow tailoring the Li" conductivity by optimizing the
macroscopic electrochemical stability of the electrolyte. The ion dissociation from the slow
polymer segmental dynamics was found to be enhanced by controlling the morphology and
functionality of the polymer/ceramic interface. The chemical structure of the Li" salt in the
composite electrolyte was correlated with the size of the ionic cluster domains, the conductivity
mechanism, and the electrochemical stability of the electrolyte. Polyethylene oxide (PEO) filled
with lithium bis(trifluoromethanesulfonyl)imide (LiTFSI) or lithium bis(fluorosulfonyl) imide
(LiFSI) salts was used as a matrix. A garnet electrolyte, aluminum substituted lithtum lanthanum
zirconium oxide (AI-LLZO) with planar geometry was used for the ceramic nanoparticle moieties.
The dynamics of the strongly bound and highly mobile Li" were investigated using dielectric
relaxation spectroscopy. The incorporation of the AlI-LLZO platelets increased the number density
of the more mobile Li". The structure of the nanoscale ion-agglomeration was investigated by
small angle X-ray scattering while molecular dynamics (MD) simulation studies were conducted
to obtain the fundamental mechanism of the decorrelation of the Li" in the LiTFSI and LiFSI salts

from the long PEO chain.

INTRODUCTION

Solid-state batteries (SSBs) are one emerging technology for energy storage with a
potential for high energy density and superior safety. Realizing SSBs requires development in both
material discovery and processing. Fabricating SSBs especially with ceramic electrolyte remains

challenging.! From material processing perspective, polymer electrolytes could be a near-term



solution to manufacture SSBs due to their flexibility, roll-to-roll processing, and excellent
interfacial properties.>* To this end, it requires the design of next-generation lightweight, flexible,
solvent-free, and electrochemically stable polymer electrolyte materials with ultrafast and well-
defined ion transport properties (conductivity values 10 to 10 S cm™!, and transference number
higher than 0.5).? Tailoring the nanostructure-property interdependencies associated with the ion
transport is a viable approach toward the predictive design of polymer electrolytes with ultrahigh
conductivity. The ion transport can be quantitatively expressed by three basic transport parameters:
the ion mobility, the free ion concentration, and the transference number.* To tailor these
parameters several electrolyte architectures have been proposed and investigated.>!! Among the
vast structural variability of the studied electrolytes, representative electrolyte types are related to
single-ion conductors, cross-linked, gel, plasticized, nanostructured block copolymers and
composite electrolytes.'?!” Each type has significant advantages and disadvantages. For example,
the single-ion polymer electrolytes possess the unique advantage of ion transference number close
to unity?® where the anions are covalently bonded to the polymer backbone and the free ions
(cations) transport through the polymer chains.* This configuration enables high transference
numbers, can also utilize multifunctional groups along the polymer backbone but suffers from low
conductivity values. Gel electrolytes exhibit high conductivity values at room temperature and
may also be in-situ polymerized in a battery assembly; however, their dendrite resistance is poor
and passive filler material such as glass fibers are typically used to enhance their electrochemical
stability and critical current density.?! Among the different electrolyte types, polymer composite
electrolytes commensurate property advantages from both phases. The ceramic oxide phase is
highly conductive and dendrite resistance whereas the polymer phase, although less conductive,

provides a flexible and easily processable matrix for dispersing the ceramic phase and synthesizing



a standalone thin film electrolyte with excellent interfacial properties with the cathode and the
anode. The structure-property interdependencies between the ceramic phase and the ionic transport

mechanism is still an intriguing concept in composite polymer electrolytes for SSBs.

In that respect, the focus of this work is to elucidate the fundamental principles of nanoscale
Li" motion that govern the Li" ion transport and conductance at mesoscale in polyethylene oxide
(PEO) electrolyte filled with lithium bis(trifluoromethanesulfonyl)imide (LiTFSI) or lithium
bis(fluorosulfonyl) imide (LiFSI) salts. To further enhance Li" transport, a garnet-type electrolyte,
aluminum substituted lithium lanthanum zirconium oxide (Al-LLZO) was used for the ceramic
phase. Focusing on the PEO/AI-LLZO interfacial properties, the AI-LLZO fillers were synthesized
with planar geometry. This configuration resulted in a better adsorption of the PEO segments on
the surface of the AI-LLZO. At this interface, the Li" ion motion is highly correlated at the
nanoscale that affect the mesoscopic transport mechanism due to the strong coupling between the
Li" and the PEO, the formation of cationic and anionic ionic cluster domains (due to the high salt
loading), and the presence of ionically conducting ceramic interfaces. The nanoscale diffusion of
the Li" ions may take place through the PEO segmental motion (coordination to the PEO oxygen
atoms), or through an interfacial diffusion at the AI-LLZO/PEO boundaries, or through a diffusion
process within a salt cluster (intra-cluster diffusion) or among adjacent clusters (inter-cluster
diffusion).??>* To establish the design parameters that govern the macroscopic properties of a SSE
with respect to the SSB performance, it is essential to understand the mesoscale transport
properties. The latter are inevitably dependent on a synergistic combination of the nano- and meso-

scale transport mechanisms.

In this work, the molecular mechanisms at the nanoscale responsible for the long-range

conductivity were investigated. Li" ions in SSE may exist in different phases such as ions that are



strongly bound to their coordination sites, ions that are loosely bound to the coordination sites and
free ions that participate in the long-range conductivity mechanism.?>?® The number density of the
different states depends on the electrostatic interactions between the Li" ions and the coordination
sites. To design ultrafast ionic interfaces, it is essential to delineate the mechanism responsible for
optimizing the number density of the free and more mobile ions. In this study, we show that by
tuning the morphology and functionality of the polymer/ceramic interface, the Li" ions can
dissociate (decouple) from the local polymer environments and diffuse over long-range macroscale
domains. The dynamics of the polymer segment rearrangements (cooperative dynamics)
responsible for the facilitation of the conductivity mechanism are very slow and prohibit the fast
ion transport through the polymer phase. A thermodynamically favorable coordination of the ions
to the Li" conductive ceramic interfaces will enhance the long-range migration of the ions. The
dynamical interfacial processes were quantitatively analyzed using dielectric relaxation
spectroscopy. The LiTFSI and LiFSI are two of the most typical salts used in SSEs. The correlation
between their chemical structure and the conductivity mechanism was studied extensively. The
formation of ionic cluster domains in the bulk structure of the electrolyte was correlated with the
chemical structure of the Li" salts and the size of these clusters was estimated from small-angle X-
ray scattering (SAXS) measurements. Molecular dynamics (MD) simulation studies were used to
model the Li" ion transport mechanism with respect to the PEO segmental motion and the
formation of the ionic cluster domains. This work focuses on the fundamental understanding of
the correlations between motional processes with different time and length scales that superimpose
and dictate the Li" ion conductivity mechanism. The conductivity mechanism was correlated with

the electrochemical stability of the electrolyte to identify the design principles that govern the Li*



ion conduction process in polymer electrolyte materials with tailored ionic conductivity and

electrochemical stability for SSBs.

RESULTS AND DISCUSSION

Figure 1. SEM image of the electrospun Al-LLZO platelets. The scale bar is 10 um. The inset
shows a cross-sectional SEM image of a composite PEO electrolyte filled with 15 wt% Al-

LLZO. The scale bar is 4 um.

The morphology of the electrospun AI-LLZO platelets is shown in Figure 1. Although
their lateral dimensions are several micrometers, the platelets are sub-micrometer in thickness.
The planar configuration is expected to provide enhanced resistance against the formation of Li"
dendrites, result in a better adsorption of the polymer electrolyte on the surface of the ceramic
electrolyte AI-LLZO and facilitate the self-assembled configuration of AlI-LLZO/PEO structures
during the drying process of the electrolyte. A cross-sectional SEM image of a composite PEO

electrolyte filled with 15 wt% AIl-LLZO is shown in the inset of Figure 1 (EDX analysis of the



cross-sectional image as well as additional SEM images of the top and side view of the
electrolyte are provided in Figures S16 and S17). A stack of assembled sub-micrometer thick Al-
LLZO platelets is evident in the image. The planar geometry and the large surface size of the
fillers is expected to induce an interfacial conductivity mechanism through interconnected or

adjacent AI-LLZO platelets.
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Figure 2. Summarized Arrhenius plot for the composite LiTFSI and LiFSI PEO electrolytes

filled with AI-LLZO. The electrochemical testing was performed at 60 °C (dotted line on the

plot).

The Li" ion conduction mechanism is a synergistic motion that can be correlated with the

bulk polymer phase and the polymer/ceramic interfaces. It can be facilitated through the segmental



motion of PEO amorphous domains, ion-hopping tangentially along the surface of the dispersed
Al-LLZO platelets.?’*® To study the conductivity mechanism of the composite LiTFSI and LiFSI
electrolytes, DRS measurements were performed. In Figure 2, the conductivity measurements
show that the pristine PEO/LiFSI electrolyte is more conductive than the PEO/LiTFSI
electrolyte.?’ The transference numbers*® were calculated from the diffusion coefficients in the
MD simulations and are shown in Figure S13. The higher transference number of the LiFSI
electrolyte is consistent with the higher conductivity values in Figure 2. The Al-LLZO composite
with LiTFSI and LiFSI electrolytes are more conductive than the respective pristine electrolytes
in the entire temperature range. Furthermore, Al-LLZO/LiFSI composites are more conductive
than the AI-LLZO/LiTFSI. In both systems (LiTFSI and LiFSI) the 7 wt% composite exhibits the
highest conductivity. This optimum filler concentration can be related to a better filler distribution
due to the large size of the Al-LLZO fillers and their planar geometry. The temperature dependence

of the conductivity values was fitted with the Vogel-Fulcher-Tammann (VFT) equation,

04c(T) = opexp (- =) (1)

T—Ty

, where, 0y, B, and T, are temperature independent parameters. g, denotes the conductivity value
in the high temperature limit, B can be used to calculate the pseudo activation energy (change of
slope of the fitting curve as a function of temperature), and T is a temperature that is dependent
on the glass transition temperature (it is close to the ideal glass transition temperature which is
approximately 50 K lower than the thermodynamic glass transition temperature, Tg). The fitting
parameters as well as the conductivity values of the electrolytes at 60 °C are summarized in Table
S1 in the Supporting Information. Above the melting temperature of the (PEO)-Li" complexes (or

above the Ty for non-crystalline polymers) the conductivity is typically described by a VFT



dependence, which indicates that ionic transport is governed by the disentangled motion of the
polymeric chains resulting in ion-hopping from cluster to cluster (inter-cluster diffusion).
Currently, the most common performance limitations in polymer electrolytes are linked to the ion
mobility and free ion concentration, which are limited by the slow segmental motion and poor
solvation properties of the polymer host as well as by the formation of strongly aggregated
crystalline domains.?!* In the 50 — 100 °C temperature range above T, ionic transport occurs only
when the local conformations of the polymeric chains (segmental motion) enable the uncorrelated
ion interstitial motion. Furthermore, The VFT curves of the LiTFSI with AI-LLZO (red/blue
sphere) composites in Figure 2 are parallelly shifted to higher conductivity values compared to the
pristine PEO/LiTFSI electrolyte (black sphere). The VFT dependence of the LiFSI electrolytes is
significantly different, i.e., the conductivity values merge in the high temperature limit and
decouple at lower temperatures. This distinctively different conductivity mechanisms are also
evident in the different B parameter fitting values of the LiTFSI and LiFSI electrolytes (Table S1).
The apparent activation energies of the conductivity mechanism are shown in Figure S19. The
variation of the Eap, values showed a weaker dependence with temperature for the composite
electrolytes indicating a synergistic ion transfer mechanism through the segmental polymer phase
(VFT-type) and through the AI-LLZO platelets (Arrhenius-type).>* To further investigate the
conductivity mechanism, a comparison of the dielectric loss spectra was performed at 60 °C
(operating temperature of the electrolytes) and the analysis results were compared with structural

(SAXS) and MD simulation studies.
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Figure 3. Dielectric loss spectra and fitting analysis of the pristine PEO/LiTFSI electrolyte and
the 7 and 15 wt% AI-LLZO composite electrolytes at 60 °C. The solid lines are the best fitting
of Eq. 3 to the experimental data. The dashed lines correspond to the two relaxation processes

according to the fitting analysis. The calculated relaxation strengths for the low frequency (Ag;f)

and high frequency (Aey) processes are also indicated on the plots.

A comparison plot of the imaginary part of the permittivity function for the LiTFSI

electrolytes at 60 °C is shown in Figure 3. The pristine PEO/LiTFSI electrolyte is characterized by

10



a bimodal relaxation mechanism and a low frequency power law contribution due to conductivity
and polarization effects. Least-square fitting analysis to the dielectric spectra was performed by
using a superposition of two Havriliak-Negami (HN) expressions and a power law contribution to
simulate the low frequency conductivity process.*>=” The permittivity analysis method is described
in the Experimental section. The low and high frequency peaks of the pristine PEO/LiTFSI
electrolyte in Figure 3 correspond to mechanisms with slower and faster dynamics, respectively
(the relaxation time is inversely proportional to the frequency). According to the fitting analysis,
the exponent s in Eq. 3 was found to be lower than 1 indicating that the low frequency power law
contribution is due to bulk polarization effects.*® Considering the high values of the dielectric
losses and the absence of relaxation mechanisms in that frequency range for the PEO without
LiTFSI salt (Figure S2), the two relaxation mechanisms can be attributed to polarization processes
due to the dispersed Li" ions and the induced dipole moments in the bulk structure of the
electrolyte. The time scales of these two processes follow a VFT dependence (Figure S3)
indicating a conductivity mechanism dependent on the slower segmental dynamics of the PEO.
Therefore, the relaxation with the slower dynamics can be associated with the less mobile Li* (i.e.,
strongly bound to the PEO polymer chain), whereas the relaxation with the faster dynamics can be
associated with dispersed Li" ions that are more mobile. The relaxation strength is a measure of
the number density of the relaxing units that contribute to the relaxation process. A change in the
ratio of the A¢ values of the two measured relaxation processes would be directly related to the
relative change in the number density of the respective relaxing units. The dielectric spectra
analysis of the PEO/LiTFSI in Figure 3, show two well separated peaks in the low and high
frequency ranges. The relaxation strength of the slower relaxation is five times higher than that of

the faster relaxation at the higher frequency range. This dynamical behavior correlates well with

11



the macroscopic conductivity values. Among all electrolytes, the lowest conductivity values of the
pristine PEO/LiFTSI electrolyte (Figure 2) can be associated with the increased number density of
the less mobile (strongly bound) Li" ions and the less correlated motion between the strongly
bound and the more mobile Li" ions (the fmax of the peaks are approximately two orders of
magnitude separate in the frequency domain indicating motions with very different time scales).
The dispersion of AI-LLZO fillers resulted in a significant different dynamical behavior. The 15
wt% composite is more conductive than the pristine electrolyte. The relaxion strength of the high
frequency mechanism increased and became almost equal to that of the low frequency mechanism
suggesting an increased ratio between the more mobile and the less mobile ions. Moreover, the
two processes are now closer positioned. The more pronounced overlapping may also indicate
higher degree of correlated motion between the Li" ions with PEO segmental dynamics and an
easier transition between the strongly bound and the more mobile states. Similar dynamical
behavior is observed for the most conductive 7 wt% electrolyte. The relaxation strength of the
faster Li" ions is approximately three times higher than that of the slower relaxing Li" ions at lower
frequencies. The position of maximum frequency, fmax, of the faster relaxation was shifted to lower
frequencies for the composite electrolytes and the frequency shift was more pronounced for the 7
wt% electrolyte. This change in the conductivity mechanism can be attributed to an interfacial
conduction of the Li" ions through the AI-LLZO/PEOQ interface. The adsorption of the PEO on the
Al-LLZO surface is expected to slow down the dynamics of the local polymer conformations and
therefore the associated interfacial conduction process. However, this retardation in the dynamics
is compensated by the increase of the mobile Li" ions and the formation of less tortuous conductive
paths due to the planar geometry of the AI-LLZO as opposed to a more complex diffusion

mechanism through the bulk PEO phase. The dielectric loss spectra of the LiFSI electrolytes are
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shown in Figure S3d. The dynamical behavior of the unfilled LiFSI electrolyte is notably different
than that of the unfilled LiTFSI. A single broad relaxation is present indicating a more uniform
conductivity mechanism compared to the double relaxation process in the LiTFSI electrolyte. This
dynamical behavior correlates well with the more pronounced ionic cluster formation and the
suggested conduction mechanism through percolating cluster domains in the LiFSI electrolytes
according the SAXS and MD results that are presented below. The composite LiFSI electrolytes
are characterized by a single and less broad relaxation at higher frequencies, resembling the
dynamic behavior of the LiTFSI electrolytes. The impact of the electrolyte structure and the space
charge on the interfacial transport in composites electrolytes is still under investigation.??* Our
studies showed substantially different ion dynamics (due to the different ion distribution according
to SAXS and MD results) in the pristine LiTFSI and LiFSI electrolytes. However, the composite
electrolytes are characterized by more uniform ion dynamics that can be corelated with the ion

transport through the ceramic fillers.
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Figure 4. Experimental SAXS patterns and model-fits of the (a, b) PEO/LiFSI electrolytes at 25
°C and 60 °C. (c, d) PEO/LiTFSI electrolytes at 25 °C and 60 °C. The SAXS model-fits were
based on multiple SAXS model functions as indicated in each plot. The fitting parameters of the
SAXS functions that were used to fit the scattering curves are summarized in the Supporting

Information.

To correlate the dynamical properties with the phase behaviors of the PEO/salts, SAXS
measurements were carried out. The SAXS analysis method is described in the Experimental
section. The SAXS curves of PEO/LiFSI and PEO/LiTFSI electrolytes measured at 25 °C and 60

°C are shown in Figure 4. It is first observed that the measured SAXS curves of PEO/LiFSI exhibit
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complex multiple scattering features originating from the nanoscale, multiphasic morphologies of
the PEO/LiFSI electrolytes. Here, scattering vector, Q = 41 - sinf /A with 6 and A being the half
of scattering angle and X-ray beam wavelength, respectively. To identify the observed multiple
scattering features, the SAXS curves of pristine PEO were also collected at the same temperatures
and coplotted with those of PEO/LiFSI in Figure S4 (a) and S4 (b), respectively, for comparison
purpose. At both 25 °C and 60 °C, the pristine PEO exhibited first order and second order peak
maxima (red arrows). The first and second order SAXS peaks are the signature of the periodic
layer-by-layer arrangements of alternating crystalline lamellae and amorphous layers stacked on
top of each other within spherulites, which is the unique crystallization habit of long covalently
bonded polymer chains. The lamellar long periods, Lp's obtained from the first order peak position,
QLS by Lp = 2m/Q[St, were ~30.2 and ~36.0 nm, at 25 °C and 60 °C, respectively, and listed in
Table S2. Here, the Q position of second order peak, Q2% = 2 x Q¢ . The presence of first order
and second order peak at 60 °C implied that the temperature is still below the melting point of PEO
lamellar crystals. Also, comparing the SAXS patterns of pristine PEO to those of PEO/LiFSI
presented that the scattering humps of PEO/LiFSI (scattering shoulders marked by black arrows)
observed at Q5L =0.029 A (25 °C) and Q}5£,=0.023 A" (60 °C) resembled the first order lamellar
peaks of pristine PEO (red arrows) (see the dotted rectangles in both Figures S4 (a) and S4(b)).
Hence, we assigned the humps as the first order peak of PEO lamellar stacks in PEO/LiFSI, while
the well-developed first order (Qffrs;) and second order (QLZi”F%,) peaks are associated with the
correlated spherical LiFSI clusters (green arrows). Including the power-law scattering at O < 0.005
A"l (orange arrows) and Guinier-type scattering shoulders near O < 0.009 A! (blue arrows), we

combined total four SAXS models (fiota1) to fit the measured SAXS curves as seen in Figure 4 (a)

and 4(b), i.e., power-law model (/pL), Guinier-Porod model (Igp), two-phase lamella model (Zlamelia)
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and Schultz sphere model with structure factor (Zsphere) and, fiotat = IpL + IGp + lamella + Isphere. /pL can
be associated with the micrometer size scale inhomogeneities associated with such as spherulites
and/or the micron scale phase separation. /gp is to account for scattering shoulder observed at O ~
0.009 A™!. Since the scattering shoulders were not observed in the pristine PEO, they could be due
to the added LiFSI. Two phase lamellar model is to represent the periodic stacking of alternating
PEO lamellar crystal/amorphous layer and the Schultz sphere model with structure factor to
comprise the correlated spherical LiFSI clusters. Additional information on the SAXS fit functions
and the summarized fit parameters are provided in the SAXS models section, Equations (6) ~ (20)
and Table S3. At 25 °C and 60 °C, the mean radii of the LiFSI clusters in the PEO/LiFSI electrolyte
obtained from Schultz sphere model were ~8.5 and ~8.7 nm and the local volume fractions were
~0.35 and ~0.28, respectively. The reduced volume fraction of LiFSI clusters at the elevated
temperature, 60 °C implies that some fraction of LiFSI clusters were solvated and diffused into the
amorphous PEO phase. For the scattering shoulders appeared at O ~ 0.009 A! at both 25 °C and
60 °C, presumably LiFSI phase domains or aggregates of LiFSI clusters were formed. Note that
the scattering shoulders were not observed in the pristine PEO. The applied Guinier-Porod model
(Iop) to fit the scattering shoulders implied that the radii of gyration, R, =
~24.0 nm and ~25.6 nm at 25 °C and 60 °C, respectively. Increasing temperature from 25°C to
60°C, reduced the scattered intensity (Igp) from ~45.9 cm™! to ~42.7 cm™. About 7 % decrease in
the scattered intensity (/gp) may represent that a fraction of LiFSI domains were solvated while a
larger fraction Li" diffused into the clustered, amorphous PEO phase. The diffusion of a larger
percentage of LiFSI into amorphous phase PEO at the elevated temperature is expected as 60 °C

is above the glass transition temperature of PEO and close to the melting temperature of PEO.
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Therefore, amorphous PEO chains are in swollen by thermal expansion and provide more room

(free volume) for the Li" to diffuse into the softened, amorphous PEO phase.

The SAXS patterns of PEO/LiTFSI appeared differently from those of PEO/LiFSI as seen
in Figure 4(c) and 4 (d), and Figure S5. The SAXS curve of PEO/LiTFSI measured at 25 °C shows
low-Q upturn at Q < 0.005 A as well as the first order and second order peak maxima. At 60 °C,
the first and second peaks disappeared completely while leaving the low-Q upturn at O < 0.005 A
!'and broad scattering shoulder at 0.009 < O <0.08 A"!. Since 60 °C is below melting point of PEO
lamellar crystal, the first and second peaks seen at 25 °C and disappeared at 60°C were not due to
the PEO lamellar crystals. Instead, the ordered peaks are associated with the LiTFSI clusters
correlated one to another in PEO matrix. To account for the SAXS curve measured at 25 °C
exhibiting the low-Q upturn, first and second order peak maxima, and broad scattering shoulder,
we combined the Power-law model (/pL), Schultz sphere model with structure factor (Zsphere) and
Guinier-Porod model (/gp) leading to fiotal = IpL + Isphere + Ip. To fit the SAXS curves measured at
60 °C, we used Iiotal = Ipr + Igp. From the SAXS model fit, at 25 °C, the obtained mean radius of
LiTFSI from (Zsphere) Was ~26.2 nm and the volume fraction was 0.16, Table S4. As compared to
LiFSI with the mean radius, ~8.5 nm and volume fraction ~0.35 at 25 °C, LiTFSI showed about
three times larger cluster (correlated clusters) size while the volume fraction was about two times
less. The lower volume fraction of LiTFSI than LiFSI implied that LiTFSI solvated more than
LiFSI did and diffused into PEO phase during sample preparation process. It can be thought that
LiTFSI is more miscible with PEO than LiFSI. At 60 °C, the first order and second order peaks
disappeared completely indicating that all the LiTFSI solvated completely in PEO matrix. Here,
the miscibility difference between PEO/LiFSI and PEO/LiTFSI bears important implication in the

crystallization of PEO. In immiscible polymer/filler blends, the existence of fillers in polymer
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matrix does not affect the crystallization of polymer significantly. This is because, the blending
components are well phase separated and polymer chains can crystallize in its isolated phases
without interference from the filler. In immiscible polymer/filler blends, the existence of fillers in
polymer matrix does not affect the crystallization of polymer significantly. This is because, the
blending components are well phase separated and polymer chains can crystallize in its isolated
phases as they do in homopolymer system. In homopolymer system, polymeric chains crystallize
into spherulites, where stacked crystalline lamellae radially grow outwards as bundles from the
central nuclei forming spherulites.*® The growth of lamellar crystal is facilitated by the diffusion
of polymer chains onto a crystal growth front in a series followed by the crystallization of the
diffused polymer chains on the crystal growth front one after another. In miscible blends, however,
the diffusion of polymer chains is hampered greatly by the presence of filler.** In this case, the
growth of lamellar crystals is frustrated, or small number of polymer chains crystallize locally into

small crystals and independently into isolated crystallites rather than crystallizing into spherulites.

In miscible blends, however, the crystallization of polymer chains is hampered greatly by
the filler due to the crystal growth facilitated by the diffusion of polymer chains onto other. In this
case, polymer crystallization is frustrated, or polymer chains crystallize locally and independently
into isolated (uncorrelated) crystallites rather than following the typical crystallization habits, i.e.,
crystallizing into regularly stacked lamellar bundles. Hence, the missed first order SAXS peak of
PEO in PEO/LiTFSI can be due to the good miscibility between PEO and LiTFSI resulting in
isolated crystal growth showing no correlation peak. Based on this understanding, we assigned the
broad scattering shoulder appeared at 0.009 < Q < 0.08 A™! to isolated PEO crystals, where the

applied Guinier-Porod model provide the R;'s of the isolated PEO crystallites. The R,'s at 25 °C

and 60 °C were 3.1 and 3.4 nm, respectively.
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Figure S6(a) and S6(b) compares the SAXS curves of PEO/LiTFSI and
PEO/LiTFSI/LLZO. The SAXS curves of PEO/LiTFSI/LLZO were multiplied by 1.07 (~1/0.93)
to normalize the scattering intensity for the less fraction of PEO/LiTFSI due to the added 0.07
(7%) LLZO. The much stronger low-Q scattering of PEO/LiTFSI/LLZO as compared to
PEO/LiTFSI at 25 °C and 60 °C (red arrows), were due to the added micrometer size scale LLZO
of which size is out of measurable SAXS range. The well overlapped scattering curves of
PEO/LiTFSI and PEO/LiTFSI/LLZO at Q > 0.009 (25 °C) and Q > 0.015 (60 °C), on the other
hand, implied that the addition of LLZO does not alter the structure of PEO and LiTFSI in the
PEO/LiTFSI/LLZO. As tabulated in Table S5, the mean radius of LiTFSI cluster in the
PEO/LIiTFSI/LLZO at 25 °C was ~2.6 nm identical to that in in the PEO/LiTFSI. Also, the Rg’s
of the isolated PEO crystallites at 25 °C and 60 °C were ~3.1 and ~3.3 nm, respectively. Since the
R;'s of PEO crystallites in the PEO/LiTFSI without LLZO at 25 °C and 60 °C were ~3.1 and ~3.2
nm, respectively, they were in the same ranges implying no impact of LLZO in the PEO/LiTFSI

behavior in the PEO/LiTFSI/LLZO.
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Figure 5. Structural behavior of Li" ions. Radial distribution function (RDF) of Li" with

respect to (a) fluorine, (b-c) oxygen of salt and oxygen of PEO at two different temperatures,

r(in A)

12

60 °C and 120 °C. (d) Li" with nitrogen atoms of salt. (¢) and (f) snapshots showing LiFSI and

LiTFSI respectively. For clarity only Li" and Li" salts are shown.
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Figure 6. The mean-square-displacement (MSD) and diffusivities of the Li", FSI/TFSI anions,
and PEO chains. (a) Comparison of Li*, FSI and PEO MSDs for LiFSI samples at 50 °C. (b)
Comparisons of Li*, TFSI and PEO MSDs for LiTFSI sample at 50 °C. (¢) Comparison of Li*
and PEO dynamics (MSDs) for LiFSI and LiTFSI at 50 °C (solid lines) and 120 °C (dashed
lines) respectively. The color schemes are shown in legends. (d) Diffusivity, calculated from
Einstein’s relation, of Li*, FSI/TFSI and PEO chain. The circles (solid lines) and triangles

(dashed lines) represent LiFSI and LiTFSI samples respectively.

To this end, we performed large-scale MD simulations of two systems, LiTFSI and LiFSI.
The purpose of the MD simulation study to explain the structure and dynamics of individual
40

molecules and Li" ions, length and time-scales that are generally unreachable in experiments.

Radial distribution functions (RDF) showing atomistic length-scale structures at 60 °C and 120 °C
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are shown in Figure 5. For Li" positions with respect to the fluorine (F), oxygen (O), and nitrogen
(N) (Figures 5a, b and d) of the anions (FSI/TFSI) shows higher first peaks in FSI sample (black
and red) than TFSI (blue and green). The first peak positions in these plots corresponds to Li-F,
Li-O and Li-N distances respectively in salt clusters. The higher peak heights in LiFSI exhibits
more agglomeration with salt than in LiTFSI. These represent formation of clustered doublet
structures in LiFSI than LiTFSI. LiTFSI form smaller doublet structures. At higher temperatures,
the agglomeration becomes weaker, exhibited by shorter RDF peaks representing availability of
more free Li" ions. While the FSI clusters are more pronounced with the Li* salt, LiTFSI clusters
around oxygen of PEO (blue and green lines in Figure 5c¢) show higher agglomeration than LiFSI
(black and red). These RDFs represent that structurally the Li" preferably clusters with FSI domain
in LiFSI, and smear into PEO chains in LiTFSI as observed in SAXS (Figure 4). There are certainly
large number of Li" from LiFSI remains within the free state in FSI for transport. The most
distinctive structure is observed in Li" and nitrogen (N) of Li" salt (Figure 5d). The nitrogen is the
negatively charged atom in the LiFSI/LiTFSI (Figure S10). For LiTFSI sample, the first peak
(~4.35 A) followed by a broad second peak at longer distances, representing Li" salt form weak
agglomeration (slower relaxation in DSC) but self-assembled in a percolated amorphous spread
over longer length-scales as the Li" in LiTFSI are closely packed with PEO domains (faster
relaxation).*!**> However, for LiFSI samples, an extremely weak first peak (2.15 A) followed by a
second shell layered peaks as exhibited by second and third peaks represents a layered
agglomerated structure of Li" with FSI. The larger amorphous broad peak can also be seen because
of the dispersed Li" distribution over the entire simulation box. For both the cases, increase in
temperature reduces the peak heights resulting in weaker agglomeration as observed in SAXS. The

snapshots of the Li" salt domains for these two systems are shown in Figure 5e and f. Higher
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resolution snapshots are available in the SI (Figure S11 and S12). The dynamics of the different

species are obtained from MD simulations, represented by the mean-square-displacement (MSD),
MSD = %Z?’ﬂ |7;(t) — 1;(0)|? (where N is the total number atoms, ri(t) and ri(0) are the positions

of atoms at time t and zero) and diffusion coefficient (D) as shown in Figure 6. The MSDs,
representing the motion of the atoms/molecules over time, at 50 °C for Li*(blue), anions FSI/TFSI
and the PEO chains (green) are shown in Figure 6a and 6b. The PEO monomeric motions (green)
are the fastest due to a large number of monomers in a PEO polymer chains that provides higher
degree of flexibility and hence movement. Moreover, the PEO chain motion is governed by the
reptation dynamics which is segmental. The PEO monomers also have their own dynamics, and a
PEO chain center-of-mass dynamics. Therefore, the PEO has larger diffusivity due to the fact that
the majority of the PEO chain monomers are free from clusters and can move due to their flexibility
even though some monomers are part of the cluster. The FSI/TFSI (blue) shows the intermediate
motion, while the Li* shows the slowest MSD due to their agglomerated states within a cluster in
LiFSI and percolated states in LiTFSI. Interestingly MSDs of Li*, TFSI and PEO (Figure 6b)
follow each other parallelly at longer times, meaning they show coupled dynamics. However, in
LiFSI system the Li" MSD increases in longer times that approaches FSI representing the
clustering of Li" with FSI and decoupled dynamics of Li". In Figure 6¢, the MSDs of Li" and PEO
are compared for LiFSI and LiTFSI systems at 50 °C and 120 °C. For both the temperatures, Li"
dynamics (red and blue) are faster in LiFSI than LiTFSI (green and orange). MSD for Li" at all
temperatures are shown in Figure S13. As temperature increases from 50 °C (solid lines) to 120 °C

(dashed line) the motion becomes faster due to entropic effect. The diffusivity (D), calculated from

(D) —x:(0) 2
the Einstein’s relation, D = %limM

1 m , are shown in Figure 6d.** The diffusion

coefficients match exactly with previously reported diffusion coefficients by Choo et al.?’ The
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fastest diffusivity is seen in PEO (green) as the segmental motion®’ of polymer chain in a polymer-
Li" salt composite is the fastest. The FSI/TFSI are intermediate anionic self-diffusion and the Li"
diffusivity exhibit slow movement because of agglomeration within the domains. The LiTFSI
(triangles) show slowest movement. The diffusivities of Li" and FSI (blue and red spheres) of
LiFSI are closer to each other compared to Li" and TFSI of LiTFSI (red and blue triangles)
representing more agglomerated Li'/FSI clusters conforming with our structural findings in SAXS
(Figure 4) and RDF observations (Figure 5). To address the ability of Li" releasing from the cluster
to hop to another cluster, the dissociation energies of Li" ions are calculated using atomistic MD
simulations. The total energies as a function of time, obtained from MD simulations, for LiFSI and
LiTFSI systems are observed to be 50,000eV and 200,000eV as shown in SI Figure S14. The
higher total energy in LiTFSI system compared to LiFSI system correspond to large dissociation
energy requirement to break free Li" ions from the clustered phase. Likewise, a lower dissociation
energy is needed for Li" to hop from cluster to cluster in LiFSI system. This explains why Li"
exhibits higher diffusivity (Figure 5) and conductivity (Figure 2) in LiFSI system compared to

LiTFSI system.
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Figure 7. Comparison of the long term galvanostatic cycling of the (a, b) LiFSI and LiTFSI
electrolytes and (c, d) LiTFSI and LiTFSI composite filled with 7 wt% Al-LLZO at 60 °C and

50 pA/ cm™,

Striping/plating experiments were performed to compare the electrochemical stability of
the electrolytes. Comparison plots of the long-term galvanostatic cycling at 60 °C and 50 pA cm’
2 current density for the PEQ/LiFSI, PEO/LiTFSI, and PEO/LiTFSI/AI-LLZO 7wt% are shown in
Figure 7. Although the LiFSI electrolytes are more conductive compared to the LiTFSI electrolytes
(Figure 2), the overpotential values in Figure 7a and b show the opposite dependence. The

PEO/LiTFSI overpotential values are less than half compared to those of the PEO/LiFSI. This
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behavior can be associated with the formation of the solid electrolyte interface (SEI) due to the
electrolyte/salt degradation during the galvanostatic cycling. As can be seen from Figure S15 the
initial surfaces of the PEO/LiFSI, PEO/LiFSI/AI-LLZO 7wt%, PEO/LiTFSI, and PEO/LiTFSI/Al-
LLZO 7wt% differ. More specifically, the PEO chemical composition derived from the Cls
spectra (Figure S15a) shows that the PEO/LiFSI and PEO/LiFSI/AI-LLZO have C-Li bonds. The
salt composition derived from the Lils spectra (Figure S15b) are similar for the LiTFSI and LiFSI
based samples with only the PEO/LiTFSI/AI-LLZO causing an increased lithium carbonate
content on the surface. These initial different chemical states may result in the formation of
different SEIs or may thermally degrade differently. Impedance measurements during
galvanostatic striping/plating provide information on the interfacial electrolyte-Li metal resistance
and its variation during the EIS formation. Impedance measurements were performed after 70
striping/plating cycles at 60 °C with a 50 pA cm™ current density. The spectra are summarized in
Figure S18 in the Supporting Information. The interfacial resistance was higher for the PEO/LiFSI
electrolyte (~370 Ohm) and was found to decrease systematically for the PEO/LiTFSI (~294 Ohm)
and the PEO/LiTFSI/AI-LLZO 7 wt% (~87 Ohm). The investigation of the SEI formation and the
decomposition of the electrolytes is ongoing. The voltage time measurements showed the
formation of polarization peaks (Figure 7b) for the PEO/LiFSI electrolyte. Such polarization
effects relate to gradients in the local electric field due to heterogeneities in the distribution of
charge carriers in the bulk structure of the electrolyte. Such heterogeneities and concentration
gradients were evident in the SAXS measurements (Figure 4) and MD simulation (Figure 5)
studies. The LiFSI molecules were found to be more susceptible to the formation of cluster
domains whereas, the LiTFSI showed a better miscibility (solvation) and dispersion in the PEO

matrix. The Al-LLZO platelets further improved the electrochemical stability of the PEO/LiTFSI
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electrolyte and an additional decrease of the overpotential values was observed compared to the
PEO/LIiTFSI electrolyte (Figure 7c, d). These results are in good agreement with the additional
electrochemical measurements in Figures S7 — 9. The critical current densities of the pristine and
composite LiFSI electrolytes are significantly lower than those of the respective LiTFSI
electrolytes and the long-term cycling of the LiFSI composite electrolyte failed much sooner than
the LiTFSI composite electrolyte indicating a poor resistance to the dendrite formation. The
synergistic effects between multi-length scale properties such as the good solvation properties of
the LiTFSI in the nanoscale, and the altered conductivity mechanism due to the incorporation of
micrometer sized AI-LLZO platelets can be utilized toward tailoring the macroscopic

electrochemical properties of composite electrolytes against a Li metal anode.

CONCLUSION

The nanoscale Li" ion transport in ceramic-polymer composite electrolytes was correlated
with the polymer segmental dynamics, the nanoscale structure and functionality and the
macroscopic electrochemical stability of the electrolyte. PEO filled with LiTFSI or LiFSI salts was
used as the polymer matrix and a garnet electrolyte Al-LLZO with planar geometry was used for
the ceramic phase. The dissociation of the Li" ion conduction mechanism from the slow polymer
segmental dynamics was synergistically enhanced through ion-hopping mechanism that was
facilitated tangentially along the surface of the AI-LLZO platelets and by controlling the size of
the ionic cluster domains. The ion transport was described by a bimodal distribution of relaxation
processes attributed to the less mobile Li" ions that are strongly bound to the PEO and to the more
mobile dispersed Li" ions. An increased ratio between the number density of the more mobile and
the less mobile ions was evident in the more conductive composite electrolytes compared to the

pristine electrolyte due to the interfacial conduction of the Li" ions through the less tortuous Al-
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LLZO/PEO interface. The chemical structure of the Li" salt was correlated with the size of the
ionic cluster domains. Analysis of the SAXS patterns for the LiTFSI and LiFSI electrolytes showed
about three times larger cluster size for the LiTFSI while the volume fraction was about two times
less. The lower volume fraction of LiTFSI than LiFSI implied that LiTFSI solvated more than
LiFSI did and diffused into the PEO phase indicating that it is percolated within the PEO phase
compared to LiFSI. The experimental results are corroborated with MD simulations that exhibited
the diffusivities of Li" and FSI of LiFSI are closer to each other compared to Li" and TFSI of
LiTFSI representing more agglomerated Li"/FSI clusters with doublet structure as confirmed by
RDF and SAXS. The calculated dissociation energies of Li" ions as a function of time for LiFSI
and LiTFSI showed that the lower dissociation energy for Li" helps these ions hop from cluster to
cluster in LiFSI system, while the four times higher dissociation energies tightly bind the Li" ions
within the cluster in LiTFSI system. Therefore, it is evident that Li" would exhibit higher
diffusivity and conductivity in LiFSI system compared to LiTFSI system. Although the LiFSI
electrolytes are more conductive, they were found to be more susceptible to the formation of cluster
domains whereas the LiTFSI showed a better percolated structures with PEO matrix. The better
Li" ion solvation in nanoscale domains and the incorporation of AI-LLZO platelets resulted in

improved critical current densities and long-term cycling of the LiTFSI electrolytes.

EXPERIMENTAL

Sample Preparation and Electrochemical Measurements. Electrospinning techniques
were used for the synthesis of the AI-LLZO platelets. The precursor solutions and the experimental
setup are summarized in our previous studies.** Electrolytes were prepared by dissolving lithium
bis(trifluoromethanesulfonyl)imide (LiTFSI, Sigma Aldrich) or lithium bis(fluorosulfonyl) imide

(LiFSI, Sigma Aldrich) and polyethylene oxide (PEO, MW 400,000, Sigma Aldrich) (ethylene
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oxide to Li molar ratio, EO:Li = 19.6:1) in acetonitrile (ACN). The solution was stirred overnight
before it was cast onto Teflon plates. Composite electrolytes with 7 and 15 wt% in AI-LLZO were
prepared by adding proportionate amounts of AlI-LLZO in the PEO/salt/ACN solution and stirring
until most of the solvent was evaporated. The thick AlI-LLZO suspension was cast onto Teflon
plates. The retrieved electrolytes (approximately 60 mm thick) were dried in vacuum overnight at
80 °C. Striping/plating experiments at several current densities and long term galvanostatic cycling
were performed on a Biologic VSP potentiostat at 60 °C. Coin cells were assembled using Li metal
discs for the electrodes. Broadband dielectric relaxation spectroscopy (DRS) measurements were
carried out on a Novocontrol Alpha analyzer connected to a Quatro Cryosystem for regulating the
temperature (temperature stability: 0.1 °C). Measurements were performed isothermally in broad
frequency (102 to 107 Hz) and temperature (120 to -30 °C) ranges. A Zeiss Merlin VP SEM/STEM

was used for the scanning electron microscopy (SEM) imaging.

Typical Characterizations. Small-angle X-ray scattering (SAXS) measurements were
carried out on a Xenocs Xeuss 3.0 instrument equipped with D2+ MetalJet X-ray source (Ga K,
/= 1.3414 A). The samples in were aligned perpendicular to the direction of the X-ray beam
(transmission mode) and the scattered beam was recorded on a Dectris Eiger 2R 4M hybrid photon
counting detector with a pixel dimension of 75 x 75 um?. The collected 2-dimensional (2D) SAXS
images were circularly averaged and expressed as intensity versus O, where QO = (4 sin 6)/4 after
subtraction of background scattering. The sample-to-detector distance was 1800 mm and the
exposure time was 600 s. An ESCALAB Xi+ (Thermo Fisher Scientific) spectrometer fitted with
a monochromatic Al Ka source and operating at a power of 200 W was used to obtain the X-ray
Photoelectron Spectroscopy data. The samples were introduced into the ultra-high vacuum (1071°

mbar) chamber of the instrument. The survey spectra were recorded with a pass energy of 150 eV
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and the high-resolution spectra with 20 eV. All spectra were corrected for charging, where
necessary, with regards to the C-C peak with a binding energy of 284.8 eV. In molecular dynamics
simulations, atomistic MD simulations were carried out using LAMMPS MD package® on
Summit supercomputer. The PEO molecules were generated with 12 repeat units of ethylene oxide
(EO) monomers for computational efficiency. There are fractional charges on the PEO backbone
atoms. The TFSI and FSI each contain -1 charges precisely placed at nitrogen atom site, and the
Li ions are point particles with +1 charges. The polymer and LiTFSI/LiFSI molecular architectures
are shown in the top panel of SI Figure (S1). Two different systems, PEO/FSI/Li as System I,

PEO/TFSI/Li as System II were build using Moltemplate package.*®

Force field parameters. The interactions for the different atoms in the molecular dynamics
(MD) simulation are governed by force-field (FF) parameters that are based on DFT calculations
and are readily available from various database and published literature. For PEO, we used
GROMOS-54a FF,* a common FF use in polymers and biopolymers. This FF is particularly
optimized for long-chain alkanes and polyether compounds. The FF consists of Lennard-Jones
(L)) interactions and Coulombic interactions for charged atoms. For the Li* salt, optimized
potential for simulation all atom (OPLS-AA) force-field*®* was used. The cross interactions are

modelled with LJ and Coulomb potentials for charged atoms.*

Initial System Setup. A single PEO molecule was built with Moltemplate and an energy
minimization on the single PEO molecule were performed. The single PEO chain was replicated
to build a 3 PEO system. The FSI/TFSI and Li" are added for the two different systems. The whole
system is then replicated to build a large box of ~26x22x23 nm?. This low-density box of PEO
and FSI/TFSI with Li ions are then compressed to build high density composites. For System I the

system size was 13.6x13.6x13.6 nm® at a density 1.26 g cm™, and for System II the system size
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was 14.7x14.7x14.7 nm? box at a density of 1.3 g cm™. Finally, these two initial systems were

equilibrated for 3 nanoseconds before doing the production runs.

Permittivity Data Analysis. The permittivity data were fitted using two HN expressions

and a power law contribution,

ex(w)=¢e,+ X2, A - _B,—i@w_s (2)
[1+(iwze,) T ®

The imaginary part of the complex permittivity function can be expressed as,

€'(@) = Xiea A [1+2(w1:0’i)1—ai si:(gi[:j))f(mo,i)2(1—ai)]ﬁi/2 + i:_zw_s (3)

where,

0, = arctan| (@To) " %cos(ain/2) : @

1+(wTgy )t~ %sin(a;m/2)

In Egs. 2 and 3, w = 2mf is the angular frequency, the power law exponent s < 1 defines the slope

of the conductivity contribution (s = 1 for dc conductivity), the dielectric relaxation strength is
defined as Ade = g5, — &, = % fooo e"(w)d Inw where & and &, are the low (static) and high
frequency values of the real part of permittivity, respectively. &, is the vacuum permittivity, the
slopes (or broadening) of the peak at high and low frequencies is associated with the shape

parameters a, b (0 < (1 —a)f <1,and 0 < a < 1). The characteristic time 7, = 1/27f, is

associated to the maximum frequency, fmax, of the relaxation process,

_ sin[(A-apm/2+2B9] 11/(1-a;)
fmax,l - fo,l [sin[(l—ai)ﬁiﬂ/(2+2ﬁi)]] (5)
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SAXS data analysis. The two-phase lamellar model to account for the semicrystalline PEO

phase structure can be written as follows,>!

27T

Ilamella(Q) = T_QZ |Flamella(Q)|2|Z(Q)|2 (6)

where, |Figmeuq(Q)]? is the form factor of the lamella with the average lamellar thickness 477

given by Equation (7),
2(Ap)? _ 2
|Fiamena (@)% = % [1 —cos(QT)e QZGT/Z] (7

where, gy is the Gaussian standard deviation of the lamellar thickness, 7 with polydispersity, pr =
or/T. |Z(Q)|%s the lattice factor for the three-dimensional lamellar stack with infinite stack

height given by Equation (8),

_ 1+H(Q)
2(Q) = Re [{558 (®)

where, Re|| stands for real number and H, (Q) is the one-dimensional Fourier-transform of h; (L).

The choice for h; (L) in this study is a shifted Gaussian,

hu(L) = (o) V2exp |- 4| ©)

207

where, (L) is the average distance of adjacent lamellae layers (i.e., long spacing) in the stacks over

the Gaussian distribution of L with polydispersity, p; and standard deviation, o; , defined as p; =

O'L/L

The scattering from concentrated sphere with Schulz distribution can be expressed as,*>
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Isphere(Q) = |(Fsphere(Q))|ZS(Q)
where, the form factor, |(Fsphere (Q))|2 is given as,
|<Fsphere(Q))|2 = UOOO Fsphere (Q)h(R)dez

Here, h(R) is Schulz distribution of sphere radius, R*” and Fyppere (Q) is defined as,

sin(QR)—QRcos(QR)
(QR)3

Fsphere(Q) = 3Vsphere(Ap)

In Equation (10), the structure factor, S(Q) is written as,

1
14241 55G(2QR)/2QR

5(Q) =

where, G (x) is,

sin(x)—)zccos(x) n ,[)) 2xsin(x)+(2—x2)cos (x-2) n
x

Gx)=a

x3

—x* cos(x)+4[(3x%2-6) cos(x)+(x3—6x) sin(x)+6]
%5

With these definitions for a, B, v:

_ (1+2nh5)? | g = 6n1s(1+1Hs/2)? _ NHs/2(1+21Hs)?
A-nus)*’ A-nus)* '’ (1-nps)*

The Guinier-Porod model is given by,

2p2
-Q Rg
3—

=1 for Q < Q1 (Guinier term)

Iop(Q) = Zexpl

I;p(Q) = Qim for Q = Q, (Porod term)

(10)

(1D

(12)

(13)

(14)

(15)

(16)

(17
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where, /(Q) is the scattered intensity, Q is the scattering variable, Ry is the radius of gyration, m is
the Porod exponent, s is the dimension variable, and G and D are the Guinier and Porod scale
factors, respectively. For the Guinier and Porod terms to be continuous at Qi the following

relations are derived:

1

o =R (22) (18)
D =G exp (—3@_2{5) im—s) _ R(rcnl_s) exp (_ mz—s) ((m—s;(3—s))(m—5)/2 19)

9

Power-law model is read as,

Ip, = Q7™ (20)

where, f; is a scale factor, and m is the Porod exponent.
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