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Additive manufacturing of materials with controlled microstructure demands knowledge of atomic 
scale properties near the solid-liquid transition state.  Many of these properties are not affordable 
by experimental techniques and computer modeling is the possible solution to the problem. In this 
paper, we present the results of an extended atomistic study of intrinsic atomic transport due to 
vacancy diffusion in FCC and L12 solid phases and diffusion in the liquid phase of Al-Zr alloys. 
A deceleration of the overall self-diffusion was observed when Zr was added to Al. The effect was 
stronger in the solid and weaker in the liquid. Additionally, the effect was strongly temperature 
dependent in the solid phases, but not in the liquid. Atomic transport was chemically biased: 
transport of Zr atoms was significantly slower than that of Al atoms, and this bias effect was 
stronger in the solid phases. The overall diffusion and chemical ordering processes in the liquid 
state were five to six orders in magnitude faster than in the solid. Chemical short-range order 
parameters in the liquid saturated at values close to those in the ordered L12 structure of Al3Zr. 
Chemical and structural ordering in the solid phases was negligible over the modeled microsecond 
time scale. The results are discussed in view of optimizing additive manufacturing parameters for 
the controlled formation of metastable L12 precipitates. 
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1. Introduction

Ni-based superalloys have an exceptional combination of high temperature mechanical 

properties due to the formation of a high volume-fraction of coherent L12-type Ni3Al precipitates 

in the FCC (Face Centered Cubic) matrix [1]. Despite the presence of similar L12 phases in many 

aluminum alloy systems, the formation of such microstructures in light-weight Al based alloys 

remains a challenge. While some Al-M systems such as Al-Sc and Al-Er alloys can form L12-type 

precipitates within the FCC crystal lattice [2], most other Al3M compounds do not have 

thermodynamically stable L12 phase. Additionally, because of the characteristically low solubility 

of many Al3M forming elements in Al, even Al-Sc and Al-Er alloys do not produce the high 

volume-fractions of precipitates that lead to improved performance in Ni-based alloys.

A promising method for increasing the volume fraction of dispersive tri-aluminide 

precipitates is therefore to increase the amount of the solute content in the Al FCC solid solution 

through non-equilibrium solidification. Such an effect is well known from the research of rapid 

solidification processes [3,4], during laser melting [5] and melt spinning [6]. Recent advances in 

additive manufacturing (AM) suggest an approach for achieving high solidification rates in the 

bulk structures, motivating a renewed focus on the development of high-performance aluminum 

alloys [5], including those with strengthening L12 precipitates [8-10]. High solidification rates are 

effective for extending solubility because solute partitioning between liquid and solid varies with 

increasing cooling rates. Most conventional casting methods operate in a regime between the lever-

rule and Scheil solidification modes where the liquid-solid interface compositions follow the 

equilibrium liquidus and solidus lines [11]. With increasing solidification rates, the interface 

departs from local equilibrium and follows non-equilibrium solidus and liquidus lines. Complete 

solute trapping occurs when the liquidus and solidus lines converge [12]. The degree of solute 

trapping depends on competition between solute diffusion in the liquid and the solid/liquid 

interface growth velocity. The resulting supersaturated solutions have a large driving force for 

precipitation upon subsequent aging, which also depends on thermodynamic and kinetic 

considerations such as solubility and diffusivity of the solute in the solid solution. As a result, it is 

of great interest to qualify the diffusion mechanisms and quantify their parameters for Al3M 

forming solutes in both the liquid and solid phases at elevated temperatures.
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Zr is a common element added to Al alloys to form Al3Zr which presents advantages via 

two mechanisms. First, primary Al3Zr particles form from the liquid and act as potent nucleation 

inoculants for FCC Al, resulting in the formation of refined equiaxed grains and reducing the 

susceptibility to the formation of solidification cracks. Second, Zr in solution within the FCC 

aluminum matrix can form dispersive nano-scale L12 particles [13,14] during a post-process heat 

treatment, which promotes precipitation strengthening for enhanced mechanical properties. While 

the equilibrium structure of Al3Zr is tetragonal (DO23), diffusional decomposition [15, 16, 17] of 

supersaturated Al–Zr solid solutions occurs initially by the formation of metastable nanometer-

scale Al3Zr precipitates with the cubic L12 structure [13, 14]. Al3Zr L12 precipitates are coherent, 

structurally stable, and provide hardening even after long times of heat treatment (400 h) at ~700 

K. Al3Zr precipitates present a series of different morphologies and structures depending on 

processing conditions, including spheroidal, rod-like, petal-like, cauliflower, cellular, and disk-

like (see [18] and references there). Formation of L12 Al3Zr precipitates in rapidly solidified alloys 

with 5-15 at.% Zr and the subsequent transformation towards DO23 precipitates during annealing 

at the temperature range 573-773K was observed in [19]. The solubility limit of Zr in Al is low in 

both solid (~0.08 at.%) and liquid (~0.03 at.%) phases and weakly increases at higher temperatures 

[17, 20]. Recent studies on Zr in Al-Cu-Ce and Al-Ni-Ce alloys show beneficial role in improving 

strength through precipitation hardening [10]. Greater strengthening is anticipated if the 

concentration of Zr in the FCC solid solution is increased beyond the thermodynamic equilibrium 

conditions using additive manufacturing. Significantly increasing the supersaturation of Zr in the 

Al FCC structure requires an accurate understanding of Zr diffusion in solid FCC and liquid phases 

and its relationship to the velocity of the liquid/solid interface and local thermal gradient. 

Unfortunately, the information on diffusion mechanisms and diffusion parameters in the 

Al-Zr system is very limited. The literature reports mainly observations of precipitation in 

annealing experiments [15, 16] and thermodynamic treatment of CALPHAD [21] or kinetic Monte 

Carlo models with some rough assumptions on the diffusion mechanisms sometimes based on ab 

initio obtained defect energetics [22, 23]. Recent theoretical, atomistic, and mesoscale simulations 

have demonstrated that the defect diffusion and atomic transport in alloys can be characterized by 

strong correlations and specific effects associated with the so-called chemically biased diffusion 

[24,25]. Important factors include temperature-related fluctuations of the potential, kinetic and free 

energy, atomic vibrations and their dependence on the local microstructure and composition, 
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dynamic changes in the local free energy landscape, etc. All these depend on the ambient 

temperature, defect nature, distribution of constitutive elements and/or microstructural features. 

Due to rapid thermal cycles characteristic of additive manufacturing, non-equilibrium 

microstructures are frequently observed. Thus, phase transformations, chemical and structural 

ordering, segregation and precipitation follow non-equilibrium mechanisms for which parameters 

are difficult to measure experimentally. Atomistic modeling provides the ability to decouple defect 

formation and dynamics and study them separately under controlled conditions. Diffusion in 

chemically complex alloys is an example where atomistic modeling may clarify the governing 

mechanisms (see e.g. [24, 25]). No detailed atomistic study of diffusion in the solid or liquid phases 

of the Al-Zr system was found in literature and the present article aims to fill up this gap. We 

describe here the results of an extensive atomistic study of diffusion in solid and liquid phases of 

pure Al and some Al-Zr alloys. The main aim is to understand diffusion and atomic transport 

mechanisms, alloy ordering processes, and obtain diffusion parameters in Al-Zr systems. This 

information is necessary for understanding and predicting higher-level processes during additive 

manufacturing of alloys with controlled microstructures. 

2. Modeling approaches, interatomic potentials, and results treatment.

Molecular dynamics (MD) modeling is the most accurate technique to study thermally 

activated diffusion in materials. Two main parameters affect the accuracy of MD for studying 

diffusion: interatomic potentials (IAPs) and modeling time. IAPs [26, 27] used here were 

thoroughly tested and the results on defect properties and thermal expansion presented below allow 

us to conclude that the IAPs used here [27] are qualitatively and in many cases quantitatively 

accurate in describing properties of Al-Zr system relevant to the current study. Accurate estimation 

of diffusion coefficients demands long-time modeling to provide sufficiently long defect/atom 

trajectories for accurate diffusion approximations. The method applied for estimating the proper 

modeling time to ensure accurate calculations is described here. 

2.1 Interatomic potentials: properties and testing.

The potentials used in this study [27] were fitted to the basic properties of the pure 

elements and some binary compositions such as lattice parameters, cohesive energies, bulk 
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modulus, and elastic moduli. Some additional properties relevant to diffusion in the Al-Zr system 

were tested here via directed modeling using these IAPs and density-functional theory (DFT) 

[28]. For DFT modeling we used the generalized gradient approximation (GGA) and the Perdew-

Burke-Ernzerhof [29] parametrization of the electronic exchange-correlation functional. The 

energy of pure Al and Al-Zr mixtures for perfect and defected crystals were calculated using the 

plane-wave basis projector augmented-wave approach [30] as implemented in the Vienna Ab-

initio Simulation Package (VASP) [31]. A plane-wave energy cutoff of 350 eV and 2 × 2 × 2 k-

mesh were used to obtain defects formation energy in 4 × 4 × 4 supercell containing 256 lattice 

sites. Initially in the perfect system, the shape, volume, and atomic positions were relaxed until 

the total pressure dropped below 0.1 kBar and forces acting on atoms did not exceed 10-5 eV/Å. 

Defects, e.g., vacancies, Zr substitution, and their combinations, were then modeled by inserting 

in the above perfect crystal and optimizing only atomic positions with the same accuracy. 

Properties obtained with this approach are presented in Table 1 together with the available 

experimental data.

The IAPs were found to accurately describe the properties of pure Al, except of the vacancy 

formation energy, which is overestimated by the IAP: 0.94eV versus 0.65 from VASP calculations 

and 0.67-0.72 measured in experiments [32-36]. There are no experimental data for properties of 

Zr solute in Al, so we can compare these IAPs only with our VASP modeling. The energies 

calculated by DFT and with IAPs [27] are presented in Table A1 and are in good agreement with 

a few exceptions. Thus, the binding energy of Zr substitution with Al vacancies in the nearest 

neighbor site, 𝐸𝑏
𝑉―𝑍𝑟_1, is almost zero with IAPs (0.004eV), but is strongly negative with VASP (-

0.352eV). The binding energy with a vacancy in the second neighbor site, 𝐸𝑏
𝑉―𝑍𝑟_2, are positive in 

both approaches although it is lower with IAPs than with VASP i.e., 0.061eV vs 0.195eV. Zr 

substitution dimer interaction energies in the Al matrix are very close for both IAPs and VASP 

calculations. 

Cohesive energy per atom, 𝐸𝐴𝑙3𝑍𝑟
𝐶𝑜ℎ , for Al3Zr compounds was according to : 𝐸𝐴𝑙3𝑍𝑟

𝐶𝑜ℎ = (3

𝐸𝐴𝑙
𝑎𝑡𝑜𝑚 + 𝐸𝑍𝑟

𝑎𝑡𝑜𝑚 ― 𝐸𝐴𝑙3𝑍𝑟
𝑚𝑜𝑙𝑒𝑐𝑢𝑙𝑒)/4, where 𝐸𝐴𝑙

𝑎𝑡𝑜𝑚 and 𝐸𝑍𝑟
𝑎𝑡𝑜𝑚 are cohesive energy in perfect fcc Al and 

hcp Zr, and 𝐸𝐴𝑙3𝑍𝑟
𝑚𝑜𝑙𝑒𝑐𝑢𝑙𝑒 is the energy of perfect Al3Zr molecule in DO23 or L12 structures.  The 

cohesive energy for the intermetallic Al3Zr reproduced by the IAPs are somehow above the data 

obtained by VASP modeling and experimental study as seen in Table A1.  The difference in 𝐸𝐴𝑙3𝑍𝑟
𝐶𝑜ℎ  
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for DO23 or L12 phases is also slightly overestimated with IAPs compared to VASP results: 

0.014eV/atom vs 0.002eV/atom.   This mean that the corresponding phase transformations should 

be somehow enhanced in modeling with these IAPs.  However, it is unlikely may have any effect 

at the time-scale of MD modeling approach.  

Table 1. Properties of some Al-Zr compounds and defects.

IAP DFT Exp.

Al

𝐸𝑐𝑜ℎ 3.392 3.747 3.386 [32]

𝑎0 4.050 4.050 4.049 [32]

𝐸𝑓
𝑣𝑎𝑐 0.941 0.654 0.67-0.77 [33-36]

Zr in Al

𝐸𝑠𝑢𝑏𝑠𝑡𝑖𝑡𝑢𝑡𝑖𝑜𝑛
𝐴𝑙―𝑍𝑟 -5.014 -5.889

𝐸𝑏
𝑉―𝑍𝑟_1 0.004 -0.352

𝐸𝑏
𝑉―𝑍𝑟_2 0.046 0.195

𝐸𝑏
2𝑍𝑟_1 -0.308 -0.200

𝐸𝑏
2𝑍𝑟_2 0.084 0.116

Al3Zr

DO23
-0.571 eV/atom -0.509 eV/atom [37]

-0.489 eV/atom
5.241 [42]

𝐸𝑐𝑜ℎ

L12 -0.557 eV/atom
-0.464 eV/atom [37]

-0.462 eV/atom

DO23 3.996
4.009 [37]

4.021

4.001 at 12K

4.008 at 300K [44]

4.007 [45]

𝑎0

L12 4.065 4.110

Intermetallic Al3Zr in the DO23 phase was found to be slightly more stable than in the L12 

with the difference in cohesive energy 0.025eV whereas in DFT calculations resulted in smaller 
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difference in cohesive energy 0.009eV. Note, that earlier results [37] reported the cohesive energy 

difference between DO23 and L12 to be equal to 0.028 eV. We assume that this energy difference 

is too negligible to distinguish phase stability difference in MD modeling and produce qualitative 

difference in of defects diffusion and alloy ordering. 

The subject of the present study is thermally-activated diffusion and atomic ordering in 

solid and liquid phases. A direct and accurate technique to study the atomic transport via thermally-

activated processes is molecular dynamics (MD) (see [25, 38]). The MD approach for studying 

diffusion has clear advantages, such as: a) the possibility to follow, and trace any atom, group of 

atoms, or components, b) the complete monitoring of the defect motion, c) the ability to consider 

a wide range of compositions, microstructures, and external variable parameters temperature, 

stresses, etc., and d) self-consistent consideration of vibrational and chemical potential effects. The 

most accurate approach is the ab initio MD that, however, demands large computational resources 

and so far, has been applied only to interstitial atom mechanisms in solids and some liquid systems 

in small, ~100 atoms, systems [24, 39, 40]. The usage of empirical IAPs allows classical MD to 

extend diffusion studies to µs time- and a few nm spatial- scales. These scales are important for 

modeling alloys and provide high statistics of defect jumps, when the defect visits a large number 

of non-equivalent configurations, and, thus, high accuracy in estimating diffusion parameters, e.g., 

diffusion coefficients, as well as diffusion and ordering mechanisms. We applied the MD by 

modeling the constant-temperature, constant-pressure (NPT) ensembles at different temperatures 

in crystalline and liquid phases. All modeled systems were cubes with size 10a, where a is the 

composition and temperature dependent lattice parameter that provides zero pressure in the 

modeled crystal. The system contained 4000 lattice sites, and 3999 and 4000 mobile atoms when 

modeling vacancy and liquid phase diffusion, respectively. Periodic boundary conditions were 

applied in all directions. The crystal size provided accurate modeling even for the lowest alloy 

concentration used here, that is 2at.% Zr, corresponds to only 80 impurity atoms. Due to a very 

large difference in atomic masses Al and Zr, i.e., 27 and 92 correspondingly, MD modeling is very 

sensitive to the value of the time step, 𝑡0, used for integration of the motion equation via the 

velocity Verlet algorithm. Depending on the temperature we used 𝑡0 = 0.5 ― 1.0 femtoseconds 

(fs) for modeling solid state and 𝑡0 = 0.0025 ― 0.025 fs for modeling the liquid state. 
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Using this approach, we performed a preliminary study to ensure that the IAPs accurately 

reproduce thermodynamic properties such as thermal expansion. For this, we modeled equilibrium 

states of perfect FCC, L12 and liquid phase of pure Al and Al3Zr systems at different temperatures. 

The results of the temperature dependence of equilibrium atomic volume are presented in Fig.1, 

and compared with the corresponding treatment of the available experimental data. Experimental 

data for liquid Al were derived from the temperature dependence of density obtained in [40], data 

for FCC Al were derived from the lattice expansion results reported in [41]. Comparison in Fig.1 

demonstrates a good agreement between modeled and experimental data for both quantitative data 

and the coefficient of thermal expansion, derived as 𝛼 = 1
𝑉

∂𝑉
∂𝑇 𝑃

. Thus, IAPs reproduce 𝛼 equal to 

7.72x10-5 K-1 and 9.45x10-5 K-1 for the FCC and liquid Al, respectively. The corresponding 

treatment of experimental data results in slightly higher values of 𝛼, e.g., 8.09x10-5 K-1 for FCC 

and 11.0x10-5 K-1 for liquid Al. For the Al3Zr L12 phase, the value of 𝛼 were estimated by linear 

interpolation of temperature dependent equilibrium volume modeled with IAPs results in 4.2x10-

5 K-1. We did not find experimental data for the thermal expansion of the Al3Zr intermetallic. In 

estimating the thermal expansion in ZrB2 /Al3Zr /AA5052 composites in [42] the value 1.25x10-

5K-1 was used; however, the source was unclear. The DFT modeling of thermal expansion in [42, 

43] reported that the thermal behavior of 𝛼𝐴𝑙3𝑍𝑟 in both L12 and DO23 is very similar. At 300K the 

value 3.87×10-5K-1 was reported in [42] and 𝛼𝐴𝑙3𝑍𝑟~3.9x×10-5K-1 in [43] for the L12 phase. These 

values are very close to 𝛼𝐴𝑙3𝑍𝑟=4.2x10-5K-1 estimated here for the L12. 

Fig.1 Equilibrium volume as function of temperature for melted (diamonds) and FCC 
(circle) pure aluminium and L12 phase of the Al3Zr alloy (square). Solid symbols are 
modeling results, crossed symbols are treatment of published experimental data [40, 41]. 



9

The results on defect properties and thermal expansion presented in Sections 2.1-2.2 allow 

us to conclude that the IAPs used here [26, 27] are qualitatively and in many cases quantitatively 

accurate in describing properties of Al-Zr system relevant to the current study. We would like to 

mention that the IAPs energy parameters published in [26, 27] lost the conversion coefficient from 

joules to electronvolts. To fix this, the coefficients presented in ref. [27] (Table 1) were corrected: 

A1 and A1m divided by 1.6022, and coefficients A2 and A2m divided by 1.60222. 

2.2 Research approaches and treatment techniques.

 In this research, we studied the diffusion and atomic transport in the solid and liquid 

phases of pure Al and Al-based alloys with 2, 5 and 25 at.% Zr, which further will be denoted as 

Al-2Zr, Al-5Zr and Al-25Zr alloys, respectively. The main parameter characterizing the atomic 

diffusion process is the tracer diffusion coefficient, D, that in MD modeling can be obtained with 

sufficient precision using the Einstein equation:

𝐷 = < 𝑅2 >
2𝑛𝑡

. (1)

Here < 𝑅2 >  is the mean atomic square displacement of tracer atoms over time t, n is the 

dimensionality of atomic jumps (n=3 for the three-dimensional diffusion). The average is 

performed over the ensemble of M tracer atoms, each displaced by a vector ri: 

< 𝑅2 >= ∑𝑀
𝑖=1 𝑟2

𝑖 /𝑀. 

Liquid phase diffusion can be simulated correctly in systems of typical size for MD studies 

(a few hundred to few thousand atoms) without considering defects and/or particular diffusion 

mechanisms. In this case eq.(1) directly results in the value of tracer diffusion coefficient per atom. 

In contrast, solid state diffusion occurs due to thermally-activated vacancy hops, where the 

thermally-equilibrium concentration 𝑐𝑣, is very low, ~10-4, near the melting temperature, and 

exponentially decreases at lower temperatures. In practice, it is common to introduce a vacancy 

into the simulation domain to create a vacancy concentration equal to N-1 (N is the total number of 

atoms in the system). In this case, eq. (1) results in the value of tracer diffusion coefficient related 

to the modelled vacancy concentration that is N-1D, therefore, to obtain the value of tracer D eq. 

(1) should be multiplied by N.

In eq. (1), the average of atomic square displacements is either over all atoms in the system 

(all atoms are tracers: M=N) to obtain the total tracer diffusion coefficient or over the specific 
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species to obtain the partial tracer diffusion coefficient. Thus, the component A diffusion 

coefficient in the alloy is estimated as: 

𝐷𝐴 = 𝑁 ∑𝑁𝐴
𝑖=1 𝑟2

𝑖

6𝑡𝑁𝐴
=

1
𝑐𝐴

∑𝑁𝐴
𝑖=1 𝑟2

𝑖

6𝑡
, (2)

here we used the definition of the component A concentration: cA=NA/N, where NA is the number 

of A-type atoms in the modelled system. For the Al-Zr binary system, the total tracer diffusion 

coefficient can be represented as a sum of partial diffusivities weighted with the corresponding 

atomic fractions: 

𝐷 = 𝐷𝐴𝑙𝑐𝐴𝑙 + 𝐷𝑍𝑟𝑐𝑍𝑟. (3)

Other diffusion characteristics, such as the defect jump frequency, the correlation factor of defect 

jumps and the defect diffusion coefficients, can be estimated using different approaches (see, e.g. 

[44]), which are applicable here only for the low temperature solid phases. 

Using the D values for different temperatures, one can represent the total and partial 

diffusivities in the form of the Arrhenius relationship with the corresponding pre-exponential 

factor, 𝐷0, and effective activation energy of the modelled process, 𝐸𝑎: 

𝐷 = 𝐷0𝑒𝑥𝑝 ― 𝐸𝑎

𝑘𝐵𝑇
, (4)

where 𝑘𝐵 is the Boltzmann constant and T is the absolute temperature. Here we model only atom 

migration, but no defect formation, and thus the activation energy is, in fact, an effective migration 

energy of the modelled diffusion mechanism.

In estimating self-diffusion coefficient at equilibrium conditions, one should estimate a 

temperature dependent vacancy concentration. In this paper we use the vacancy formation energy, 

𝐸𝑓=0.941eV (see Table 2) in pure Al obtained with IAPs [27], and the mono-vacancy formation 

entropy ~kB (see, e.g. [46]). In this approach, the vacancy concentrations in Al is 𝑐𝑣 ≈ 3𝑒𝑥𝑝

― 𝐸𝑓

𝑘𝐵𝑇
, and the solid state self-diffusion coefficient is 

𝐷𝑆𝐷 ≈ 3𝐷0𝑒𝑥𝑝 ― 𝐸𝑓 + 𝐸𝑎

𝑘𝐵𝑇
. (5)

There are a few uncertainties when comparing the MD results with experiments, the most 

significant being the estimation of the thermally-equilibrium vacancy concentration. First, the 

value of 𝐸𝑓
𝑣𝑎𝑐 is overestimated with the IAPs used (see Table 2). Second, since we modelled here 

a single vacancy, the pre-exponential factor should correspond to the mono-vacancy. Although the 

mono-vacancy is the most probable defect in the system, the possibility of di-vacancy formation 
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was reported in [46], involving more than two-fold higher formation entropy. Correspondingly, 

some experimental studies reported deviations of the diffusion coefficient from the Arrhenius law, 

possibly due to vacancy double jumps [46] and/or di-vacancy diffusion at high temperatures [47, 

48]. While these complications could introduce uncertainty in the solid-state diffusion parameters, 

the MD diffusivity estimation from eq. (1) is reasonable and can be directly used in the liquid state. 

In the present article comparison with the measurements are made only for pure Al in the solid and 

liquid phases. 

Modeling time is an important parameter in MD study of diffusion. In pure metals, a few 

tens of ns may be enough, whereas in alloys microseconds time may be too short. Examples of the 

temporal evolution of ASDs due to vacancy migration in solid and diffusion in liquid phases of 

the Al-5Zr alloy are presented in Fig.2.  The most complicated cases are associated with the lowest 

temperature, i.e. T=400K for FCC and 800K for liquid Al-5Zr alloy. Fig.3 demonstrates how the 

diffusion coefficients converge with the modeling time. It can be seen, vacancy diffusion at 400K 

demands quite a long modeling time, above a microsecond, whereas diffusion in liquid converges 

quite rapidly, just after 0.3-0.4 ns. With the increasing temperature, the convergency improves 

significantly. 

Fig.2 Total atomic square displacements versus modeling time for (a) vacancy migration in the 
FCC and (b) diffusion in liquid phases of the Al-5Zr random alloy.

a b

Fig.3 Convergency of the tracer diffusion coefficient for (a) vacancy migration (T=400K) 
in FCC phase and (b) diffusion (T=800K) in melted Al5Zr alloy as function of MD 
modeling time. Diffusion coefficients are normalized per the corresponding value for the 
longest modeling time in each case, e.g. D*=5.16x10-11m2/s in FCC and D*=1.78x10-9m2/s 
in liquid phases. 

a b
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2.3 Monitoring ordering process.

 During modeling, evolution of chemical ordering of initially random alloys was 

monitored by on-the-fly calculation of the chemical short-range order (CSRO) parameter, 𝛼𝑘
𝑖𝑗, 

using the Warren-Cowley definition [49]:

𝛼𝑘
𝑖𝑗 = 1 ― 𝑝𝑘

𝑖𝑗

𝑐𝑖
 . (6)

Here, 𝑝𝑘
𝑖𝑗 is the conditional probability of finding an i atom around the j atom in its kth nearest-

neighbor shell, and ci is the overall concentration of i atoms. In random alloys, 𝛼𝑘
𝑖𝑗 = 0, since the 

probability of finding i and j atoms corresponds to their concentrations. The case 𝛼𝑘
𝑖𝑗 < 0 suggests 

that i‒j bonds are dominantly present in the system, and when 𝛼𝑘
𝑖𝑗 > 0, i-j bonds are less probable. 

Initially created alloys are fully random with all 𝛼𝑘
𝑖𝑗 ≈ 0. During diffusion, a certain CSRO 

develops, and its level determines the ordering of the corresponding species. Here we were 

interested mainly in 𝛼𝑘
𝑍𝑟𝑍𝑟 related to ordering of Zr atoms. We calculated this through the first 

three coordination spheres, i.e., for k=1-3. We also note that we used the modified CSRO 

parameter for presentation: 𝛼∗ = ― 𝛼𝑘
𝑖𝑗, which simplifies understanding of the plots: positive 

values mean ordering, whereas negative values mean repulsion of the corresponding species. Note 

that the CSRO parameter characterizes only the chemical but not the structural order.

3. Results

3.1. pure Al
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The temperature dependence of the tracer diffusion coefficient in pure Al calculated via 

eq. (1) is presented in Fig.4 together with experimental results reported in [47, 48, 50-55]. 

Modeling results are systematically lower than experimental. The discrepancy is first related to the 

overestimated vacancy formation energy calculated with IAPs that results in an underestimated 

vacancy concentration. However, experimental results have also demonstrated a significant 

scattering in diffusivity and its parameters such as the pre-exponential factor, D0, and the self-

diffusion activation energy, usually taken as 𝐸𝑆𝐷 = 𝐸𝑓
𝑣𝑎𝑐 + 𝐸𝑎. Modeling vacancy diffusion results 

in D0 = 0.45x10-5m2/s and 𝐸𝑎
𝑆𝐷=1.29 eV, whereas experimental data vary as D0 = 1.0x10-5m2/s, 

17.1x10-5m2/s, 4.5x10-5m2/s, and 𝐸𝑎
𝑆𝐷=1.32 eV, 1.47 eV, 1.43 eV reported in [54, 50, 55] 

respectively. One can see that while the self-diffusion activation energy varies weakly, the pre-

exponential factor values vary by more than an order of magnitude. Thus, the uncertainty in the 

value of D0 for the modeled case, associated with the uncertainty in vacancy formation entropy, is 

accompanied with corresponding uncertainty in the experimental data. The only conclusion can be 

made on the value of the self-diffusion activation energy and 𝐸𝑆𝐷=1.29 eV obtained in modeling 

is within the range 1.26-1.51 eV reported in different experiments. An Arrhenius treatment of 

diffusion coefficients obtained directly from eq. (1) resulted in the effective vacancy migration 

Fig.4 Tracer diffusion coefficient obtained in modeling vacancy migration in pure FCC Al 
(blue line and circles) and experimental results (green line and triangles) obtained by 
different techniques such as tracer diffusion [48], annealing of vacancies [50], voids [51], 
and dislocation loops in quenched Al [52], NMR measurements [47, 48, 53, 54] and their 
combinations. 
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energy 𝐸𝑎=0.38 eV (see Table 1). This value is lower than that estimated from experiments for 

vacancy migration energy e.g. 0.49 eV [51], 0.63 eV [47], and 0.61 eV [56]. 

The results of modeling diffusion in the liquid phase are shown in Fig.5 together with the 

available experimental and modeling data. The present modeling results can be described by the 

following Arrhenius parameters: D0 = 8.2x10-8m2/s and 𝐸𝑎=0.23 eV. An Arrhenius treatment of 

the experimentally obtained data results in D0 = 8.6x10-8m2/s and 𝐸𝑎=0.21 eV [57] and 𝐸𝑎=0.28 

eV [58]. DFT MD modeling in [59] can be described with the following parameters D0 = 7.6x10-

8m2/s and 𝐸𝑎=0.22 eV. The results obtained in classical MD modeling with the two “best” EAM 

potentials in [60] can be parameterized with D0 = (13.3-18.8)x10-8m2/s and 𝐸𝑎=0.26-0.31 eV. Our 

results are close to those obtained in DFT modeling and both are about 40% lower than the 

experimental data whereas the effective activation energy 𝐸𝑎 is practically the same for these three 

cases. Other classical modeling results [60, 61] mostly overlap with our results, although they have 

higher activation energies, from 0.26eV to 0.31eV. Unlike vacancy diffusion in FCC Al, in the 

liquid phase there is no uncertainty related to vacancy formation discussed above and the results 

obtained here are more reliable than those in FCC phase.

Fig.5 Self diffusion coefficient obtained in modeling diffusion in melted pure Al (blue 
line and circles). Experimental results obtained in [57, 58] are shown by green symbols, 
ab initio modeling results [59] are shown by gray squares, and some results of classical 
modeling from [60] are shown by red lines. 



15

Fig.6 shows diffusion coefficients obtained here in the liquid and solid FCC Al compared 

to experimental data. Our primary interest is in the temperatures near melting. For the IAPs used 

here for Al the solid/liquid coexistence temperature was estimated as Ts/l 950K which is very 

close to the experimentally obtained melting temperature, Tm934K and near this temperature 

diffusivity in the liquid is about five orders in magnitude faster than in the FCC phase.

3.2. Low Zr alloys

Fig.6 Self diffusion coefficient obtained in modeling diffusion in melted and FCC solid 
pure Al (blue symbols and lines) and some experimental results (green triangles).
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The total tracer diffusion coefficients in FCC pure Al, Al-2Zr and Al-5Zr alloys are 

Fig.7 Tracer diffusion coefficients obtained in modeling vacancy diffusion in FCC 
phases of pure Al (gray circles), Al-2Zr (green triangles) and Al-5Zr alloy (red 
triangles). Parameters of the Arrhenius treatment are indicated at the top. The inset 
shows temperature dependence of the diffusion coefficients ratio 𝐷𝑍𝑟/𝐷𝐴𝑙𝑍𝑟 in 
different alloys.
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presented in Fig.7 together with the corresponding parameters of Arrhenius treatment in the inset 

table. The inset plot in Fig.7 shows the temperature dependence of the ratio 𝐷∗
𝐴𝑙/𝐷∗

𝐴𝑙𝑍𝑟: the tracer 

diffusion coefficient in pure Al over that in Al-2Zr and Al-5Zr alloys. The data show that Zr 

additions decrease the total diffusivity in the alloy: 2at.% Zr reduces it by 20-50% whereas 5at.% 

Zr reduces the total diffusivity by 2-3 times depending on the temperature. Zr atoms also increase 

the effective activation energy for diffusion, 0.38 eV in pure Al and to 0.40 eV in the Al-5Zr alloy. 

Total tracer diffusivities in liquid phases of pure Al and Al-5Zr is shown in Fig.8 together with the 

corresponding parameters of an Arrhenius-type treatment (inset table). Like the solid phase, the 

addition of Zr decreases the total diffusivity. However, the effect is much weaker as seen in the 

inset plot in Fig.8. Also, the effective activation energy for diffusion in the alloy increases from 

0.23 eV to 0.27eV. Like in pure Al, diffusion in the liquid phase is much faster than in the FCC 

phase. This can be seen in Fig.9 where self-diffusion coefficients are shown as a function of the 

reciprocal temperature for solid and liquid phases of the Al-5Zr alloys. Note, that in estimating 

vacancy concentration in the FCC phase (see eq.(5)) we have used the vacancy formation value 

for pure Al (see Table. 1) and mono-vacancy formation entropy from [62]. In MD modeling we 

observed a region ~200K where both phases were stable over the modeling time. In this region, 

Fig.8 Tracer diffusion coefficient obtained in modeling vacancy diffusion in melted 
phase of pure Al (gray circles) and Al-5Zr alloy (red triangles). Parameters of the 
Arrhenius treatment are indicated at the top. The inset shows temperature dependence of 
the diffusion coefficients ratio 𝐷𝑍𝑟/𝐷𝐴𝑙𝑍𝑟. The abscissa scale of the inset plot is the same 
as in Fig.4 for simplifying the visual comparison of diffusion coefficients ratio. 



18

self-diffusion in the melted phase is from four to five orders in magnitude faster than in the FCC 

phase. This is similar to that observed in pure Al (see Fig. 6). 

3.3. Al-25Zr alloy

The Al-25Zr alloy was modeled in three different states. First was L12, a metastable 

intermetallic structure observed in precipitates before transforming into the stable DO23 [19]. With 

the IAPs used [26, 27] it has a high melting temperature, ~1600K, so we studied vacancy diffusion 

over the temperature range 1100-1600K. The second state was a random FCC solid solution that 

may appear after extremely fast solidification and during subsequent aging is expected to 

precipitate L12 or/and DO23 phases. This phase has a much lower melting temperature, ~1000K, 

so we studied vacancy diffusion over the temperature range 400-1000K. Finally, the third phase 

studied is the liquid Al-25Zr modeled over the temperature range 1100-1600K. 

The results for solid phases are presented in Fig. 10 together with Arrhenius plots for pure 

Al, Al-2Zr and Al-5Zr alloys for comparison. The slowest diffusion is in the L12 phase which is 

also characterized by the highest effective activation energy, Ea =0.81 eV. Diffusion in the random 

Al-25Zr alloy, while being about an order in magnitude slower than that in Al and low-Zr alloys, 

has a similar activation energy, Ea =0.41 eV. Note that vacancy diffusion in the random Al-25Zr 

Fig.9 Self diffusion coefficient obtained in modeling diffusion in melted (red squares) and 
FCC solid (blue circles) phases of Al-5Zr alloy
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alloy differs from that in other solid phases. This alloy is unstable, and immediately after its 

construction suffers local structural and chemical ordering that depend on the local distribution of 

Zr atoms and temperature. Such local ordering includes formation of L12 embryos with slightly 

different orientations according to the local distribution of Zr atoms. As a result, the crystal volume 

becomes a nonhomogeneous structure where the local cohesive energy has a wide distribution, 

and some sites act as vacancy traps. This process slows down vacancy diffusion, especially at low 

temperatures. The time necessary to equilibrate the microstructure increases significantly, beyond 

the affordable MD modeling time, and therefore, cannot be taken as steady-state stationary 

diffusion as in the other cases. 

Diffusion in the liquid Al-25Zr phase is also suppressed relative to the pure Al and low-Zr 

alloy (Fig.11). Like in the solid phases, increasing Zr concentration causes an increase of the 

effective activation energy: from 0.23eV in pure Al, through 0.27eV in the Al-5Zr alloy, to 0.49eV 

in the Al-25Zr alloy. 

3.4. Chemically biased diffusion and alloy ordering

Fig.10 Tracer diffusion coefficients obtained in modeling vacancy diffusion in Al-25Zr 
alloys in L12 phase (gray diamonds), and in the FCC random alloy (blue circles). Green 
and red lines are Arrhenius plots for FCC pure Al and Al-5Zr alloy respectively. 
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The formation of Al3Zr layers during the aging of Al-Zr pairs unambiguously demonstrates 

that they are formed due to interdiffusion [15, 16]. The driving force for this transformation is the 

difference in chemical potentials and other parameters along the transformation pathway (e.g. 

vibrational and entropy properties, intefacial energy)  that are minimized in the ordered 

intermetallic structures such as L12 and DO23. The diffusional formation of ordered structures, i.e., 

diffusional phase transformations, should be accompanied by changing local chemical order which 

can be estimated for all atoms via eq. (6). In practice, to obtain a detectable change of the CSRO 

parameter, 𝛼𝑘
𝑍𝑟𝑍𝑟, significant atomic rearrangements should be modeled. Note that this condition 

is satisfied in the liquid phase, where diffusivity is high and all atoms have long trajectories, but 

not in solid phases modelled here, where only one vacancy is migrating and long modeling times 

are required. Therefore, the accuracy of the ordering study in solids is much lower than that in the 

liquid phase. 

Limited experimental data is available for either diffusion or defect energetics in Al-Zr. 

The only source [63] reported Zr impurity diffusion parameters in crystal Al as 𝐷0= 7.28x10-2m2/s 

and Ea=2.51eV and compared Zr with other impurities including Au, Cu, Mg and Zn. Zr has the 

maximum diffusion activation energy and the minimum diffusion coefficient which, even at near 

Fig.11 Tracer diffusion coefficients obtained in modeling diffusion in the melted Al-25Zr 
alloy (red triangles). Black and blue lines are Arrhenius plots for melted pure Al and Al-
5Zr alloy respectively. 
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pre-melting temperature, is about three to four orders in magnitude lower than that of other solutes 

reported in [63]. The vacancy formation contribution to the effective activation energy in Al-Zr is 

unknown. 

Atomic transport occurs via diffusion of Al and Zr atoms and may be characterized by the 

partial tracer diffusion coefficients of solvent Al, 𝐷𝐴𝑙, and solute Zr, 𝐷𝑍𝑟, for a given alloy 

composition, eq.(3). The Al-Zr system is far from an ideal solid solution, and more modeling 

and/or experimental efforts are necessary for complete description of interdiffusion in the Al-Zr 

system (see e.g. [64-66]). Nevertheless, partial diffusion coefficients in different phases and 

temperatures in the Al-Zr estimated here are useful for qualitative analysis of processes near 

solid/liquid transition states. The Arrhenius parameters of partial tracer diffusion coefficients, 𝐷𝐴𝑙 

and 𝐷𝑍𝑟, are presented in Table 2 and Fig.12. 𝐷𝐴𝑙 and 𝐷𝑍𝑟 were found to be strongly dependent 

on the alloy composition and state, as reflected by the difference of Arrhenius parameters, 

suggesting that the Al-Zr system is strongly non-ideal. The effective activation energy for Al 

migration in the FCC structure changes from 0.38eV in pure Al, through 0.40 eV in the Al-5Zr 

alloy, to 0.43 in the random Al-25Zr alloy. In the intermetallic L12 structure the Al diffusion 

activation energy is even higher: 0.81eV. Interestingly, the effective energy for Zr atomic 

Fig.12 Temperature dependence of Zr diffusion coefficients, 𝐷𝑍𝑟, in different alloys and 
structures. Insets indicate the corresponding activation energy. 
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migration in the random FCC Al-2Zr and Al-5Zr alloys and the L12 structure of the Al-25Zr alloy 

is similar, i.e. 1.07 eV, 1.36 eV and 1.19 eV. However the pre-exponential factors differ by orders 

in magnitude: 8720x10-7 m2/s, 720x10-7 m2/s and 7.95x10-7 m2/s for the same cases. 

Correspondingly, the solute diffusion coeffiecient in the random Al-5Zr alloy is about two orders 

in magnitute higher than that in the L12 Al3Zr intermetallic alloy. Slow diffusion of Zr in the L12 

structure of the Al-25Zr alloy is consistent with earlier observations in L12 compounds, for 

example slow Al diffusion was observed in Ni3Al [68]. 

The Al-25Zr alloy having a random FCC structure provides high solute diffusivity with the 

lowest activation energy observed here in all solids: Ea = 0.30 eV. As mentioned above, the random 

FCC Al-25Zr alloy is structurally unstable, diffusion process modeled here is in fact the chemical 

ordeing and diffusional phase transformation towards the L12 structure. Despite the fast Zr 

diffusion, over the modeling time here, we could neither detect clear transformation of the initial 

FCC structure, nor significant chemical ordering. Therefore, we describe this as a slow diffusional 

transfomation and chemical ordering towards the L12 phase. 

Phase Temperature 

range, K

D0 , 10-7 

m2/s

Ea , 

eV
𝐷0

𝐴𝑙 , 

10-7 m2/s

𝐸𝑎
𝐴𝑙, 

eV

𝐷0
𝑍𝑟 , 

10-7 m2/s

𝐸𝑎
𝑍𝑟, 

eV

Vacancy in solid

FCC Al 400 – 1000 15.2 0.38

FCC Al-2Zr 400 – 1000 12.2 0.39 12.5 0.39 8.72x103 1.36

FCC Al-5Zr 400 – 1000 9.26 0.40 9.91 0.40 720 1.07

FCC Al-25Zr 400 – 950 0.633 0.41 0.966 0.43 0.0361 0.30

L12 Al-25Zr 1200 – 1600 19.4 0.81 25.1 0.81 9.75 1.19

Diffusion in liquid

Al 900 – 1200 0.818 0.23

Al-5Zr 800 – 1500 0.897 0.27 0.911 0.27 0.666 0.30

Al-25Zr 1200 – 1600 1.64 0.49 1.73 0.48 1.42 0.51

Note: In solid phases, parameters of the tracer diffusion were calculated via eq.(1), e.g. diffusivity per vacancy. 

In melted phases, tracer diffusion coefficients were normalized per number of modeled atoms (Na = 4000). For 

alloys, three sets of Arrhenius parameters are presented: total tracer diffusion coefficient D0, Al tracers 𝐷𝐴𝑙 and 

Zr tracers 𝐷𝑍𝑟 (see eq.(3)).
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In most cases studied here, 𝐷𝐴𝑙/𝐷𝑍𝑟 > 1, demonstrating that the diffusivity of Al atoms is 

always faster than that of Zr atoms with the exception of low-temperature diffusion in the random 

FCC Al-25Zr alloy. As shown in Fig. 13, the largest ratio, and, correspondingly, the lowest Zr 

mobility, is observed in the Al-25Zr alloy with L12 structure. This result is not surprising as minor 

element diffusion in the stoichiometric L12 structure is generally very slow (see e.g. [68]). The 

temperature dependence of the 𝐷𝐴𝑙/𝐷𝑍𝑟 ratio is different for different phases and structures. In the 

L12 and low-Zr random FCC alloys, this ratio decreases with increasing temperature. However, a 

random Al-25Zr FCC alloy behaves qualitatively differently: 𝐷𝐴𝑙/𝐷𝑍𝑟 increases from ~0.5 at low 

T to ~10 just below the meltimg temperature. This mean at low T, Zr moves faster than Al and it 

can be explained by the intensive chemical ordering discussed above. Despite the small ratio of 

DAl/DZr, the absolute values of DAl and DZr in this alloy are low (see Fig. 12), meaning the growth 

and coarsening of the L12 structure is expected to be slow. For the low-Zr random FCC alloys, Zr 

Table 2 Diffusion parameters in different phases. 

Fig.13 Temperature dependence of ratio of component tracer diffusion coefficients 𝐷𝐴𝑙/
𝐷𝑍𝑟 obtained in modeling vacancy diffusion in the FCC and L12 phases and diffusion in 
the melted phase of Al-5Zr and Al-25Zr alloys. 
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diffusion is negligible compared to that of Al diffusion. For example, at 1000K, 𝐷𝐴𝑙/𝐷𝑍𝑟  100 
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and the ratio increases by a few orders in magnitude at ~400K. A comparison betwen Al-2Zr and 
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Al-5Zr demonstrates that the Zr diffusivity is very different even in these relatively similar alloys. 
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The slow diffusion of Zr in stable FCC solid solution phase should supress the growth and 
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coarsening of L12 Al3Zr or other intermetallic phases such as DO23 Al3Zr. Conversely, Zr diffusion 
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in liquid is: a) weakly temperature dependent, and b) does not depend on the composition. The 
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mean ratio 𝐷𝐴𝑙/𝐷𝑍𝑟 ≈ 2 and, taking into account the factor that Zr atoms is >3 times heavier than 
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Al atoms, one can conclude that Zr diffusion is quite fast in liquid Al-Zr systems. Taking into 



32

account that at comparable temperatures diffusion in the liquid state is a few orders in magnitude 
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faster than in the solid (Figs.11 and 12), and the difference in chemically biased diffusion shown 
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in Fig.13, one may expect that steady state ordering occurs much faster in the melted state. Indeed, 
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this trend was observed when studying the evolution of the CSRO parameters 𝛼𝑘
𝑍𝑟𝑍𝑟 in alloys for 
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different conditions. The CSRO parameters in the liquid Al-5Zr alloy at 800K and 1000K are 
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presented in Fig.14. In both cases a certain order in the Zr distribution was established when 𝛼1
𝑍𝑟𝑍𝑟 
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and 𝛼3
𝑍𝑟𝑍𝑟 are both positive, whereas 𝛼2

𝑍𝑟𝑍𝑟 is negative. This means that the Zr population in the 
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first and third coordination spheres of Zr atoms is higher than that in the random alloy, whereas 
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that in the second coordination is the opposite. These distributions were established quickly with 
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stable oscillations near values: 𝛼1
𝑍𝑟𝑍𝑟 = 0.046, 𝛼2

𝑍𝑟𝑍𝑟 = ―0.041 and 𝛼3
𝑍𝑟𝑍𝑟 = 0.023 at 800K and 
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𝛼1
𝑍𝑟𝑍𝑟 = 0.053, 𝛼2

𝑍𝑟𝑍𝑟 = ―0.034 and 𝛼3
𝑍𝑟𝑍𝑟 = 0.023 at 1000K. These values are slightly higher 
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than the corresponding CSRO parameters estimated for the perfect L12 structure: 𝛼1
𝑍𝑟𝑍𝑟 = 0.030, 
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𝛼2
𝑍𝑟𝑍𝑟 = ―0.011, and 𝛼3

𝑍𝑟𝑍𝑟 = 0.011. Conversely, CSRO established during vacancy diffusion in 
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the FCC random solution was lower (Fig.15): the mean parameters saturate at: 𝛼1
𝑍𝑟𝑍𝑟 = 0.006, 

Fig.14 Evolution of the modified chemical short range order parameters, 𝛼𝑘
𝑍𝑟𝑍𝑟, estimated by 

during modeling diffusion in Al5Zr melted phase at different temperatures. 
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𝛼2
𝑍𝑟𝑍𝑟 = ―0.015 and 𝛼3

𝑍𝑟𝑍𝑟 = 0.011 at 800K, and 𝛼1
𝑍𝑟𝑍𝑟 = 0.019, 𝛼2

𝑍𝑟𝑍𝑟 = ―0.017 and 𝛼3
𝑍𝑟𝑍𝑟

= 0.015 at 1000K. Note that for each state and temperature we compare CSRO created for the 

compatible total atomic square displacements, i.e. the compatible level of atomic rearrangements. 

For the liquid phase, the results are similar for different temperatures (see Fig.10) and 

demonstrated a converged ordering in both cases. In the Al-5Zr random FCC alloy, ordering at 

800K, evolved slower than at 1000K. With the overall compatible atomic displacements, this can 

be explained by the strong temperature dependence of the 𝐷𝐴𝑙/𝐷𝑍𝑟 ratio (Fig.10), i.e., the relative 

diffusivity of Zr increases more than two times when temperature increases from 800K to 1000K, 

which provides faster ordering at 1000K. 

Fig.15 Evolution of the modified chemical short range order parameters, 𝛼𝑘
𝑍𝑟𝑍𝑟, estimated 

during modeling vacancy diffusion in random FCC Al-5Zr alloy.
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3.5 Non-Arrhenius behavior of diffusivity 



48

In the pure Al and Al-Zr alloys, nonlinear behavior of the tracer diffusion coefficient with 

Fig.16 Arrhenius-type plots and the corresponding activation energies for low- and high- 
temperature vacancy regions in pure Al and Al5Zr alloy. 
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reciprocal temperature was observed in the model results. Fig.16 shows examples for pure Al and 
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Al-5Zr with separate Arrhenius parameters for low- and high- temperature regions. Data for the 
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three highest temperatures in the range 800-1000K were treated as high-T, and in the range 400-
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700K as low-T. Fig.16 shows a significant difference in high- and low- temperature slopes and the 
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corresponding activation energies define the level of difference: the effect is stronger in pure Al 
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than that in the Al5Zr alloy. Ea increases in pure Al from 0.37eV to 0.54eV with increasing 
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temperature whereas in the Al-5Zr alloy it increases from 0.39eV to 0.45eV. To elucidate the 
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mechanism for non-linear behavior, defects were analyzed during vacancy diffusion and in the 
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initially perfect Al FCC crystal. At high enough temperatures, short-lifetime pairs of vacancy and 
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interstitial atom, i.e. Frenkel pairs (FP), were formed. For statistical treatment, on-the-fly Wigner-

Seitz cells (WSCs) were evaluated near each lattice site. Empty and two-atom WSCs detected 

simultaneously were used to define FP formation. FPs form due to the large amplitude of vibration 

of Al atoms, and their formation frequencies and lifetimes depend on temperature and composition. 

Most FPs annihilate immediately and may be considered large fluctuations in atomic 

displacements. However, in some cases, interstitials perform a few displacements before 

annihilation thus contributing to additional atomic displacements responsible for non-Arrhenius 

behavior. A recognizable and statistically significant concentration of defects in the perfect Al was 

observed only near the melting temperature, at 950K-1000K, whereas in Al-5Zr alloys FPs were 

observed down to 800K. The frequency and lifetime of individual FPs were not analyzed but their 

average concentration was estimated as a function of temperature (Fig.17). The highest activation 

energy, Eeff=3.00eV was obtained in the initially perfect Al. It decreased to 1.19 eV in the presence 

of a pre-existing vacancy. In the Al-5Zr crystal with a pre-existing vacancy Eeff=1.59 eV. These 

energies are related to formation of unstable objects with short lifetimes but cannot be attributed 

to the formation energy of particular defects. Note that the FPs formed in the studied temperature 

range and modeling time are unstable and annihilate athermally when the crystal is quenched and 

relaxed.

Fig.17 The mean and standard deviation of Frenkel-pair concentration detected during 
evolution of initially perfect Al (blue open circles) and vacancy diffusion in pure Al (red 
diamonds) and Al-5Zr (grey triangles) alloy, their Arrhenius-like treatment (blue, red and 
gray lines) with the corresponding activation energies (in the inset) in pure Al and Al5Zr 
alloy. 
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4. Discussion

The purpose of this research was understanding atomic-level mechanisms that affect 

diffusion-driven transformations at high cooling rates during additive manufacturing. Here, we 

report results on diffusion, atomic transport, and ordering in Al-Zr alloys. Such information is 

necessary to perform even qualitative predictions of phase transformations in practical additive 

manufacturing scenarios. Due to a lack of experimental and other modeling information on Al-Zr 

system, the present results are a unique source of at least part of the necessary information. 

4.1 Specific features of diffusion and atomic transport in pure Al and AlZr alloys

First, we underline the accuracy of the present modeling results. As demonstrated in the 

Section 2.2, the modeling time scale provides good convergence of the diffusional data. 

Convergence of the alloy ordering processes depended on the state: rapid convergence was 

achieved in the liquid, but solid solutions, especially the structurally unstable FCC random Al-

25Zr alloy, demanded longer modeling times. Diffusional ordering and transformations in some 

solid states are still an open challenge. 

Some modeling [47] and experimental [48, 49] studies in Al observed non-Arrhenius 

diffusion behavior at high temperatures and have proposed different mechanisms. MD modeling 

in [47] reported double jumps of a vacancy that accelerated atomic displacements at high T. 

Analysis of quenching and annealing and nuclear magnetic resonance experiments in [48] reported 

estimated energy properties of possible di-vacancies: migration 0.41 eV and binding 0.14eV. 

Modeling of vacancy diffusion in Al and Al-Zr alloys performed here allowed the detection of 

non-Arrhenius behavior near pre-melting temperatures and interrogation of the controlling 

mechanism. Acceleration of tracer diffusivity at high T and the corresponding increase in the 

diffusion activation energy observed in this research is demonstrated in Fig.16. The effect is more 

significant in pure Al than in the Al-5Zr alloy. On-the-fly analysis of Wigner-Seitz cells detected 

formation of Frenkel-pair like defects. We observed that these FPs have a short lifetime for the 

“vacancy” and “interstitial” are not enough separated and mostly recombine just after a short time 

they are formed.  These defects are formed due to large fluctuations in the displacement of certain 



60

Al atoms from their lattice sites that creates a temporal empty size (vacancy) and an “interstitial-

like” defect nearby. Depending on the temperature an “interstitial” may perform a few jumps 

before it recombines with the “vacancy”, thus producing additional atomic displacements that 

contribute to acceleration of the Al tracer diffusivity. The effective energy of these defects’ 

formation obtained in pure, initially perfect, Al (3.00eV, Fig.17), is close to 3.17eV - the formation 

energy of a stable Frenkel pair: a vacancy and <100> dumbbell separated by ~8a as modelled in 

pure Al. Addition of a pre-existing vacancy decreases Eeff  down to 1.19 eVn in pure Al and to 1.59 

eV in Al-5Zr. The separation of “vacancy” and “interstitial” is short, just one-two interatomic 

distances, and during quenching, they always recombine. This is the feature of Al and Al-rich 

alloys where, due to the low mass of atoms, such fluctuations can occur at relatively low 

temperatures, well below the melting. In the perfect Al lattice the obtained value of Eeff 

demonstrates a clear similarity with Frenkel pairs formation. A significantly lower value in non-

perfect Al and alloys suggests that the observed defects, created near vacancies and/or impurities 

with much lower formation energy, cannot be attributed to conventional Frenkel defects. More 

complicated mechanisms involving locally correlated atomic displacements around defects occur 

here. We did not investigate these mechanisms in details but assume that some of them are similar 

to recently observed atomic chains and displacement loops reported in [69]. Above the melting 

temperature, vacancies and interstitials forming these defects can be separated enough to initiate 

homogenous melting. 

4.2 Zr effect to diffusion and atomic transport in AlZr alloys

As was demonstrated unambiguously here, the addition of Zr reduces the total diffusivity 

and slowdown atomic transport in Al-based alloys. The effect is stronger in solid than liquid 

phases. Addition of 5at.% Zr decreases the tracer diffusivity in FCC alloy by 2-3 times and only 

~1.5 times in its liquid state. The applied IAPs underestimate vacancy - Zr solute interactions 

compared to DFT modeling. DFT reports strong repulsion in the first coordination: binding energy 

𝐸𝑏
𝑉―𝑍𝑟_1=-0.352eV, whereas IAPs reproduce practically no interaction with 𝐸𝑏

𝑉―𝑍𝑟_1=0.004eV 

(see Table 1). Weaker repulsion means that the current IAPs most probably underestimate the 

decelerating effect of Zr solute in the overall diffusion in Al-Zr solid solutions. Nevertheless, in 

all studied Al-Zr alloys and phases, we have observed deceleration of the total tracer diffusivity 

and slow diffusion of Zr atoms. An especially large ratio of the component’ tracer diffusion 
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coefficients, 𝐷𝐴𝑙/𝐷𝑍𝑟, was observed in all structurally stable solid states. Thus, in the FCC Al-5Zr 

alloy this ratio was between ~104 and ~100 for the temperature range 400 - 1000K. In the same 

liquid alloy, 𝐷𝐴𝑙/𝐷𝑍𝑟 ≈ 1.5 and was almost constant over the temperature range 900-1500K. In 

the more concentrated alloy, Al-25Zr, Zr diffusion was minimal in the L12 phase (Fig.12), and the 

ratio is maximal (Fig.13). However, the effect was weaker in the FCC random alloy : 𝐷𝐴𝑙/𝐷𝑍𝑟  

0.8-8 over the temperature range 400-1100K. Therefore, in this alloy Zr diffusion can be even 

accelerated at low temperature, and just slightly decelerated above ~450K. The random FCC Al-

25Zr alloy was structurally unstable and suffered chemical ordering and structural transformation 

towards the more stable L12 and/or DO23 phases. During vacancy diffusion in the initially random 

Al-25Zr alloy, we observed significant atomic transport and intensive local transformations, when 

a few tens of atoms created a domain with a slightly different chemical order and orientation 

relative to the initially random matrix. However, complete transformation towards any of the 

intermetallic phases was not observed at any temperature because the diffusional transformation 

needs a much longer time than the microsecond scale in this study. 

Qualitative effects of slow Zr diffusivity in Al solid solution were also observed 

experimentally. The comparison of solute diffusivities in Al presented in [63] demonstrates that 

Zr diffusivity by a few orders in magnitude is lower than any other considered cases. Quantitative 

comparison of diffusivities of Sc and Zr in Al was made in [70] and the conclusion made that at 

723K Sc is ~1000 times faster than Zr, is consistent with the data presented in [63]. Taking into 

account that Sc is much slower than Al, as was stated in [63, 70], the ratio 𝐷𝐴𝑙/𝐷𝑍𝑟  300-2000, 

obtained here at T=800K in Al-2Zr and Al-5Zr alloys, appears very reasonable. 

The component tracer diffusivities, 𝐷𝐴𝑙 and 𝐷𝑍𝑟, can be used in estimating the chemical 

diffusion coefficient, 𝐷, in Darken’s formulation [65, 66]: 

𝐷 = (𝐶𝑍𝑟𝐷∗
𝐴𝑙 + 𝐶𝐴𝑙𝐷∗

𝑍𝑟)Φ, (7)

where Φ = 1 +
∂ln (𝛾𝐴𝑙)
∂ln (𝐶𝐴𝑙)

 is a thermodynamic factor and 𝛾𝐴𝑙 is the activity coefficient of the solute 

(Zr) in matrix (Al), that defines how far is the Al-Zr system from the ideal solution. 𝛾𝐴𝑙 is structure, 

composition and temperature dependent and usually obtained by fitting theory or modeling to 

experimental diffusion profiles. An example of 𝛾𝐴𝑙 values for some transition metals in Al is 

presented in [71]: 𝛾𝐴𝑙―𝐹𝑒=0.24-0.90 (T<1173K), 𝛾𝐴𝑙―𝑁𝑖  0.5 (400K<T<1500K) and 𝛾𝐴𝑙―𝑇𝑖=0.25-

0.89 (T<1700K). 𝛾𝐴𝑙 values for the same liquid alloys are usually below 1.0 at T<2000K [72]. We 
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did not find any published data on the activity coefficients for the solid Al-Zr system.  As fas as 

the diffusion in liquid Al-Zr systems is concerned, we have found only one ab initio MD study 

[73] where compositions several AlZr cmpositions were modelled.  The closest composition to 

ther studied here Al3Zr, in [73] was Al3Zr2 for which the activation energies for Al and Zr diffusion 

were where found to be equal to ~0.56 eV and ~0.59 eV corresppondingly.  These values are rather 

close to 0.48 eV and 0.51 eV defined here for Al3Zr (see Table 1).  The ratio DAl / DZr ~1.75 

obtained in [73] in Al3Zr2 is also close to the value ~1.5-2.0 obtained here in Al3Zr (see Fig.13). 

4.3 Chemical ordering by diffusion in AlZr alloys

Specific diffusion behavior of Zr in AlZr alloys defines the features in the chemical 

ordering process and its rate occurring in different phases. Zr diffusion is suppressed in all 

structurally stable solid Al-Zr phases compared to diffusion in the liquid state. This, together with 

the fact that self-diffusion in the liquid state is a few orders in magnitude faster than that in solid 

states (Figs.8-10), leads to significantly faster ordering in the liquid state in the Al-Zr system. This 

effect is reproduced by atomistic modeling and can be seen by comparing plots for the evolution 

of chemical short-range order parameters, 𝛼𝑘
𝑍𝑟𝑍𝑟 (Figs. 11 and 12) for the Al-5Zr alloy. Chemical 

ordering in the melted Al-Zr alloys occurs quickly and the ordering level weakly depends on the 

temperature. That means that at a wide range of conditions at the melting stage during the additive 

manufacturing process one may expect a clear order in the Al-Zr alloy before its solidification. 

These are not compact Zr-precipitates but loose clouds with a few atomic percent excess in local 

concentration of Zr. For example, Fig.15 demonstrates that at 1000K among the first neighbors 

there are about 3% more Zr atoms than in the random state. Among the second neighbors, the 

situation is the opposite and these are depleted in Zr by ~4%. However, all three neighbor spheres 

are overall enriched with Zr at about 3% over the random state. During fast cooling and 

solidification, the chemical order will be kept in the undercooled state ahead of the moving solid-

liquid interface, as we observed during modeling diffusion at temperatures below the melting point 

in the considered here systems (e.g. Fig.15 at 800K). It is important to note that this is chemical 

short order, but not structural for it is related to the liquid phase. Zr-rich regions, having higher 

solidification temperature, should solidify earlier to form L12 or DO23 precipitates which may 

serve as nucleation sites for FCC dendrites. Experiments show that L12 Al3Zr precipitates formed 
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first in rapidly solidified alloys with 5-15 at.% Zr and the consequent transformation towards DO23 

precipitates during annealing at the temperatures 573-773K [19]. Ageing Al-Zr couples, see e.g. 

[15-18], does not proceed through the solidification stage but evolves under more 

thermodynamically stable conditions. This evolution misses nucleation of L12 phase and DO23 

nucleates and grows directly due to its higher stability. 

4.4 Diffusion mediated evolution of AlZr alloys in crystal and liquid states

The results on atomic transport and ordering obtained here allow us to suggest the 

following scenario when L12 can be stabilized in low Zr-concentration alloys. Fast cooling in 

additive manufacturing conditions stabilizes the FCC structure with a certain CSRO formed 

already in the liquid phase. Just after solidification, diffusional phase transformation towards a 

structurally ordered phase occurs heterogeneously depending on the local chemical composition 

and order. The simplest ordered Al3Zr phase is L12 which is completely coherent with the FCC 

matrix and is just slightly less stable than the ground state DO23 phase (see Table A1). A certain 

chemical order achieved in the liquid phase needs to be diffusionally transformed into structural 

order of the stable intermetallic phases. The corresponding diffusion rate can be very high due to 

several specific phenomena. For example, a) local excess free volume due to lower equilibrium 

volume after solidification (see Fig.1) provides a high vacancy concentration, b) accelerated 

diffusion due to increased defect concentration near pre-melting temperatures (non-Arrhenius 

effects considered in Section 3.5), and c) structural instability of random FCC alloys with high Zr 

concentration (see Sections 3.3 and 3.4). These mechanisms affect the local diffusion and 

structural transformation towards compact intermetallic structures just after solidification. The L12 

phase, being coherent with FCC, has a higher probability of formation first via chemical reordering 

within the existing FCC phase. Further transformation towards DO23 requires additional atomic 

displacements due to more complicated chemical order and lattice structure, but the driving force 

for this transformation is low due to a small difference in cohesive energy (see Table A1). 

Moreover, this transformation occurs under fast cooling conditions. If the temperature drops fast 

enough below the mobility of Zr atoms, already formed L12 precipitates can be stabilized. Fast 

cooling is therefore necessary to stabilize coherent L12 and prevent their further growth and 

diffusional transformation towards DO23 (e.g., as was observed in [19]). In high Zr-concentration 

alloys, L12 precipitates can formed directly during solidification [74]. Subsequent evolution 
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depends on the cooling rate, diffusion rate and driving force for L12-to-DO23 transformation, that, 

in turn depends on their relative stability. In the Al-Zr system, where DO23 is just slightly more 

stable than L12 and the diffusion rate is low, L12 can be stabilize over a wide range of AM 

conditions. 

The distribution and size of L12 precipitates are expected to be controlled by the cooling rate for 

it affects the distribution of chemically ordered regions at the liquid phase just before 

solidification and nucleation and the growth of the structurally ordered phase just after 

solidification.  Comparing to the cooling rate of conventional casting in the range of 1~100K/s, 

the cooling rate of additive manufacturing can go as high as 107K/s. The specific thermal 

conditions at the solid-liquid interface are heavily influenced by parameters during the AM 

process, such as the laser power and speed. Composition gradients that form in front of the 

liquid/solid interface and which affect the nucleation and growth of crystalline phases from 

liquid and subsequent microstructure evolution, are dependent on the kinetics of diffusion in the 

liquid near this interface. Therefore the current study on the diffusion in liquid provides a critical 

parameter to simulate the concentration profile in front of solid/liquid interface, which is 

essential to understand the solidification microstructure relevant rapid solidification of AM.  

Further modeling activity towards more precise control of these processes during additive 

manufacturing is focused on the understanding of the distribution of chemically ordered phases 

in the liquid state and liquid/solid interface, their solidification and structural transformation, and 

how cooling condition affect these phenomena.  

5. Conclusions

- An extended atomistic modeling of diffusion and atomic transport has been performed in 

solid random and ordered alloys and liquid phases of Al-Zr system with different compositions. 

Total and partial diffusion coefficients were obtained in different states. 

- A strong decelerating effect of Zr in Al-based alloys was observed that accompanied with 

a chemical bias effect: depending on temperature Zr diffuses ~102-104 time slower than Al.

- Deceleration and chemical bias effects are much weaker in the liquid state, where they are 

also practically temperature independent.



65

- Chemical ordering saturates very quickly in the liquid state. Microsecond modeling scale 

did not lead to a significant ordering in solid phases. 

- The results are discussed in view of optimizing the additive manufacturing parameters for 

the controlled formation of metastable L12 precipitates. 
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