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ABSTRACT

Forced mixing to a single-phase or supersaturated solid solution (SSS) and its prerequisite microstructure
evolution in immiscible systems has been a focus of research for fundamental science and practical ap-
plications. Controlling the formation of SSS by shear deformation could enable a material design beyond
conventional equilibrium microstructure in immiscible systems. Here, a highly immiscible Cu-50 at.% Cr
binary alloy (mixing enthalpy of ~20 k] mol-!) was employed to investigate the microstructure evolution
and localized tendencies of SSS during severe shear deformation. Our results demonstrate the dislocation
mediated microstructural refinement process in each phase of the binary alloy and the mechanisms as-
sociated with localized solute supersaturation as a function of shear strain. Pronounced grain refinement
in the softer Cu phase occurs owing to the strain localization driving the preferential dynamic recrystal-
lization. The grain refinement of the Cr phase, however, is enabled by the progressive evolution of grain
lamination, splitting, and fragmentation as a function of shear strain. The solute supersaturation is found
to be strongly dependent on the local environments that affect the dislocation activity, including the level
of microstructure refinement, the interfacial orientation relationship, the mechanical incompatibility, and
the localized preferential phase oxidation. Ab initio simulations confirm that it is more favorable to ox-
idize Cr than Cu at incoherent Cu/Cr interfaces, limiting the mass transport on an incoherent boundary.
Our results unveil the mechanism underpinning the non-equilibrium mass transport in immiscible sys-
tems upon severe deformation that can be applied to produce immiscible alloys with superior mechanical
properties.

1. Introduction

Solid-phase processing (SPP), including ball milling [1], equal-
channel angular extrusion [2], wire drawing [3], high-pressure tor-
sion [4], friction stir processing [5], and shear-assisted processing
and extrusion [6], has attracted considerable attention as it can be
employed to develop bulk nanostructured materials with desired
properties economically. SPP often results in non-equilibrium mi-
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crostructures with extraordinary physical properties which are oth-
erwise rarely attainable [6]. For example, SPP can produce the su-
persaturated solid solution (SSS) with refined grain structure along
with the hierarchical distribution of nanoscale second phase parti-
cles, exhibiting exceptional mechanical properties [7-9]. Neverthe-
less, due to the dynamical nature of SPP, how the microstructure
evolution upon severe deformation affects the mass transport pro-
cess is still not well understood, especially for immiscible alloys
with high mixing enthalpy. Gaining insights into this deformation-
mass transport-coupled process down to atomic scale is crucial to
predict, control, and optimize the microstructures during SPP, the
basis for successful fabrication of high-performance nanostructured
alloys.
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To enhance supersaturation and homogenization of microstruc-
tures in immiscible alloys, suppress phase separation and precip-
itation induced by thermally activated diffusion, high deforma-
tion rates and low temperatures are often desired during SPP [10].
While simulation studies have reported complete mixing at the
atomic scale in immiscible systems even with large positive heat
of mixing and substantial lattice mismatch [11], experimental re-
sults only observed rather limited solubility extension or mixing

in alloy systems such as Cu-Nb [10], Cu-Mo [12], Ag-Fe [13], and

Ag-Ni [14], even under high-strain and low-temperature deforma-
tion. The underlying mechanisms governing the extent of forced
mixing are still a subject of experimental exploration. Generally,
the two accepted mechanisms for intermixing and nanoscopic ho-
mogenization in immiscible alloys are either mediated by inter-
faces/grain boundaries [15-17] or by dislocation transfer processes
[15, 16]. During SPP, an increase in lattice strain, pile-up of dis-
location at the phase interfaces, and refinement of grain can re-
sult in a significant increase in interfacial energy, that can serve
as the main driving force for non-equilibrium mixing in immis-
cible alloys [15-18], such as Cu-Ag [16]. The critical crystal size
required for non-equilibrium mixing may vary depending on the
difference in enthalpies of the constituent elements [19, 20]. Nev-
ertheless, in most of the immiscible alloys with moderate-to-high
mixing enthalpies, besides the high interfacial energy accumulated
by grain refinement, dislocation transfer from one phase to an-
other plays a key role in forced mixing [15]. One of the impor-
tant mechanisms for grain refinement assisted chemical mixing in-
duced by dislocation-shuffling and shear banding has been sys-
temically analyzed by Raabe et al. [9] in a Cu-Ag-Nb alloy. There
are demanding criteria for this hetero-phase slip transfer to oc-
cur, i.e., the resolved shear stress of the dislocations approaching
the heterointerface should be a maximum on the activated system,
the active slip planes on either side of the interface should be al-
most parallel, and the configuration at the interface should be one
of minimum energy [9, 21]. In addition, it is challenging to keep
continuous dislocation transfer across hetero-phase interface dur-
ing solid-phase processing. The continuous grain refinement and
rotation, lattice mismatch, strain accumulation, and localized ox-
idization can highly influence the crystallographic coherency and
mechanical compatibility of the interfaces for dislocation to trans-
fer across. Therefore, understanding the evolution of the local en-
vironment of various hetero-phase grains during SPP will facilitate
a better understanding of the coupling between deformation and
mixing of immiscible alloys.

Binary metal matrix composites with Cu as a matrix have at-
tracted attention because of their remarkable work hardening com-
bined with excellent electrical conductivity [22, 23]. Here, a high
mixing enthalpy (~20 k] mol~! [24]) Cu-50 at.% Cr binary alloy
was employed to reveal the nanoscopic evolution and forced mix-
ing mechanisms of Cu and Cr during severe shear deformation and
to explore optimal alloying configurations.

2. Experimental
2.1. Sample preparation and tribological testing

As-cast Cu-50 at.% Cr binary alloy was annealed at 800 °C for
24 h for homogenization. The sample surface was metallographi-
cally polished and then shear-deformed using an Anton Paar pin-
on-disk tribometer [6]. A 6 mm diameter stainless-steel sphere
with a load of 1 N and linear speed of 50 mm/s was used in
the reciprocating mode for 1/2 (single pass of tribometer pin) and
10 cycles, with a stroke length of 5 mm and a width of 400 pm
(Fig. 1(a)). The directions along with the sliding, normal to the slid-
ing surface, and perpendicular to the sliding direction were defined
as SD, ND, and TD, respectively (Fig. 1(b)).

2.2. Plastic strain estimation

Plastic shear strain (PSS, ¢) in the Cr phase (Fig. 1(c)) was esti-
mated by observing the shape change of the Cu nanoparticles that
are dispersed in the initial Cr grains (Fig. 2(a, b)) observed in the
ND-SD sample, ie., ¢ =D/+/3c (D> c) [25], where D is the av-
erage diameter of the initial spherical Cu nanoparticles in the Cr
grains and c is the average thickness of the sheared Cu nanopar-
ticles. The PSS of the scratch surface was estimated by exponen-
tial fitting of the experimental data (Fig. 1(c)). Due to severe shear
deformation, the Cu nanoparticles close to the scratch surface (<
~1 pm) cannot be identified clearly. The maximum PSS of the sam-
ple under unidirectional wear scratch (1/2 cycle) was estimated by
dividing the PSS of the scratch surface after 10 cycles by 20. The
shear strain level in the Cu phase was not evaluated due to the lack
of microstructural markers inside. To facilitate understanding, the
refined Cu grains are termed as Cu nanograins (Cu NGs), whereas
the Cu particles in the initial big Cr grains are Cu nanoparticles (Cu
NPs), hereafter.

2.3. Microstructure characterization

Scanning electron microscopy (SEM), energy dispersive spec-
troscopy (EDS), and electron backscatter diffraction (EBSD) were
performed using a JEOL JSM-7001F-field emission gun (FEG) SEM
instrument with a Bruker xFlash 6060 energy dispersive X-ray
spectroscopy and Bruker eFlash high-resolution EBSD (HR-EBSD)
detector. A standard focused ion beam (FIB) site-specific lift-
out procedure was employed to prepare transmission electron
microscopy (TEM) and atom probe tomography (APT) wedge-
shaped samples by a gallium (Ga)-based FIB-SEM (Helios NanoLab
600i, Thermo Fisher Scientific, USA) outfitted with an Oxford In-
struments Aztec X-Max 80 mm? EDS detector operated at 2-
30 kV. TEM samples were prepared along ND-SD and ND-TD
cross-sections (Fig. 1(b)) and lifted out from the center posi-
tions of the scratch width (the white boxed area in Fig. 1(b)).
An aberration-corrected environmental transmission electron mi-
croscope (ETEM, Thermo Fisher Scientific, USA) was employed
at 300 kV for bright-field (BF), selected area electron diffraction
(SAED) pattern, and high-resolution TEM (HR-TEM) images. An-
other aberration-corrected TEM (JEM-ARM200CF from JEOL, Japan)
equipped with annular bright-field (ABF) and high-angle annu-
lar dark-field (HAADF) detectors, an EDS system, and a precession
electron diffraction (PED, NanoMEGAS, UAS) device was employed
at 200 kV for ABF-STEM, HAADF-scanning TEM (STEM), composi-
tion analysis, inverse pole figure (IPF), and grain boundary (GB)
misorientation analysis. The electrons from 8 mrad to 34 mrad and
from 68 mrad to 280 mrad were collected for ABF-STEM imag-
ing and HAADF-STEM imaging, respectively. APT analysis was per-
formed using LEAP 4000XHR (CAMECA, USA) under pulsed-laser
assisted mode at a pulse laser energy of 20 pJ, a pulsed frequency
of 125 kHz, a specimen temperature of 50-60 K, and a detection
rate of 0.4% (four evaporation events per 1000 pulses). The average
Vickers hardness (9247 Hv) of the alloy was measured using 500 g
load and 12 s of dwell time. The value was obtained by averaging
20 different locations.

2.4. Ab initio simulation

Vienna Ab initio Simulation Package (VASP) [26,27] was used
for all density functional theory (DFT) [28] calculations. The
exchange-correlation potential was described using the Perdew-
Burke-Ernzerhof (PBE) functional [29,30] with the projector aug-
mented wave potential (PAW) [31]. The plane-wave basis set with
400 eV energy cutoff was used for all calculations. The gamma
centered 1 x 1 x 1 k-mesh was used for all systems, except for
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Fig. 1. Tribometer test and calculation of plastic shear strain (PSS). (a) Coefficient of friction (COF)-time curve recorded by the instrument (COF is estimated to be 0.6). (b)
Wear track from the top view. The directions along the sliding direction, normal to the sliding surface, and perpendicular to the sliding direction are defined as SD, ND, and
TD, respectively. (c) Relationship between the equivalent PSS (&) and distance from the scratch surface after 10 cycles of shear deformation. Scale bars in (c) are 200 nm.

the KS system, where a 7 x 1 x 1 k-mesh was applied. For all en-
ergy minimizations, the convergence criteria were 10> eV. Bader
charge analysis [32] was performed to analyze the charge distribu-
tion in selected systems.

3. Results and discussion
3.1. Starting microstructure of Cu-50 at.% Cr

The as-cast Cu-50 at.% Cr binary alloy consists of the Cu matrix
(grain size >200 pm, Fig. S1(a) in Supplementary Information) and
the Cr dendritic grains (~11.8 + 6.1 pm size, separated and em-
bedded in the Cu matrix, Figs. 2(a) and S1(a)). In addition to those
coarse Cu matrix grains, profuse spherical Cu NPs (average particle
size: 54.2 + 37.4 nm) were also observed in the Cr dendritic grains
(Figs. 2(b), S1(c-e), and Movie S1). However, no Cr nanoparticles
were detected in the Cu grains. The APT compositional analysis
(Fig. 2(c) and (d)) corroborates that the mutual solubility between
Cu and Cr is negligible in the starting immiscible Cu-50 at.% Cr al-
loy (see also the equilibrium phase diagram in Fig. S2). The average
composition of Cr dissolved in the Cu matrix is 0.09 at.% + 0.002
at.%, while the Cu dissolved in the Cr grain is 0.02 at.%+ 0.004 at.%
based on APT analysis. In addition, to probe the difference in the
hardness of the two phases in the binary alloy, we performed mi-
cro indentation testing. The average micro indentation hardness of
Cr grains (consisting of Cu NPs) is 7.2 + 1.2 GPa, which is signifi-
cantly higher than that of Cu grains (2.6 + 0.2 GPa). This relatively
higher hardness of Cu grains, compared with that of the previously
reported pure Cu (~1 GPa [33]), is supposed to be associated with
the effect of the surrounding Cr/Cu interfaces and/or the Cr grains.

The inverse pole figure (IPF) map (Fig. 3(a) and its inset) sug-
gests that the Cr dendrites in large Cu grains have preferred ori-
entations with respect to their Cu matrix. For example, the inset
in Fig. 3(a) shows that [001]c, dendrites and [111]c dendrites are
nearly parallel to the surrounding [101]c, matrix, coinciding with
the Nishiyama-Wasserman (N-W) relation (<001>pcc//<110>pcc)
and the Kurdjumov-Sachs (K-S) relation (<111>pgcc//<110>pcc), Te-
spectively [34-36]. Quantitative analysis of the IPF map shows that
N-W and K-S relations (72% combined in Fig. S1(a, b)) dominate
the orientation relationship (OR) between the Cu matrix and the
inside Cr dendrites. Similarly, the N-W OR (Fig. 3(b, c)) and the K-
S OR (Fig. 3(d, e)) are observed between the Cu NPs and the sur-
rounding Cr dendritic grains via HR-TEM and their Fourier trans-
form in the reciprocal space.

Therefore, the three representative microstructure features that
were observed in the starting microstructure are (1) dendritic Cr
grains, (2) coarse Cu grains, and (3) Cu-rich nanoparticles within

Cr dendritic grains. These three features would undergo distinctive
microstructure evolution and mass transport between Cr and Cu
as a function of the imposed shear strain, which are detailed by
site-specific observations in the present study.

3.2. Disparate refinement in Cu and Cr phases under co-deformation

Fig. 4(a-c) shows a typical microstructure obtained after 10 cy-
cles of tribological shear deformation. The PSS values associated
with Cr grains are labeled on the left side of Fig. 4(a) at the cor-
responding depths. The maximum PSS at the scratch surface was
estimated to be ~2.3, see also experimental. In the top-most layer
(0 ( depth < 2 ym and PSS ) ~1.0 in Cr dendritic grains), Cu
NGs and Cr lamellae structures are formed after severe deforma-
tion (Figs. 4(a-d) and S3). Moving to the sub-surface layer (depth
> 2 pm in Fig. 4(a)), both Cu and Cr phases are primarily com-
posed of equiaxed grains (excluding two Cr lamellae denoted by
cyan arrows in Fig. 4(a)) in Cu. Grain size reduction becomes in-
creasingly prominent in Cu and Cr phases when approaching the
top surface, i.e., increasing PSS (Fig. 4(d)). Notably, the actual Cr
grain size is presumably even larger because only the short dimen-
sion of the elongated Cr lamellae is considered in the measure-
ment along ND. It is safe to conclude that the Cu grain size is finer
than Cr at the observed depth (< ~8 um), which is influenced by
the tribological shearing, although the starting grain size of Cu (>
200 pum) is larger than that of Cr (11.8 4+ 6.1 um). We observed that
the Cu underwent a higher grain refinement than Cr at a similar
depth below the scratch (Figs. 4(d) and S4(f)). The soft material (Cu
here) can be expected to experience a much larger shear strain due
to the preferential strain localization during deformation [37]. The
PED results (Fig. 4(e-j)) show that Cu GBs are primarily of high-
angle character (lines 1 and 3), suggesting that the grain refine-
ment in Cu is driven by dynamic recrystallization (DRX) [38,39]. In
contrast, Cr GBs are dominated by low-angle GBs (lines 2 and 4 in
Fig. 4(e-j), see also Fig. 5(e)). Another view of the deformation is
provided in Fig. S4, where a TEM sample was lifted out at a 90° ro-
tation (ND-SD direction) compared to that in Fig. 4 (ND-TD direc-
tion). The combined observations from both orthogonal directions
conclude that most Cu is indeed equiaxed grains (Figs. 4(a), S3, and
S4(a-c)). Notably, a few voids were detected at Cu GBs (Fig. S5) and
at Cu/Cr interfaces (Fig. S6), similar to observations of other metals
during solid-phase deformation [40].

3.3. Recrystallized grains in Cu and Cr

The PED data in Fig. 4(e-j) confirm that the DRX occurred in Cu,
especially in the top-most layer, but a pronounced DRX is rarely
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Fig. 2. Microstructure of the Cu-50 at.% Cr binary alloy before deformation. (a) Scanning electron microscopy back scattered electrons (SEM-BSE) image and EDS mapping
showing Cr dendritic grains distributed in the Cu matrix. (b) HAADF-STEM image and EDS mapping showing profuse Cu NPs in a Cr grain. (c) 3D atomic map showing the
Cu/Cr interface highlighted with 15 at.% Cu isoconcentration surface. (d) Compositional change across the Cu/Cr interface.

seen in Cr phase. As discussed above, this is closely associated with
the strain localization in the softer Cu phase [37]. To reveal the
difference between Cu and Cr nanograins in the top-most layer,
microstructures in nanograins were further analyzed using atomic
HAADF-STEM imaging. Extensive twin lamellae in the Cu grain and
stacking faults on the top Cu GBs/twin interfaces (highlighted by
yellow arrows in Fig. 5(a)) were detected in the top-most layer
(~800 nm below the surface). Stacking faults mainly formed near
the top GBs/twin interface (Fig. 5(a)) are associated with relatively

high shear strain close to the scratch surface. Stacking faults initi-
ating at GBs or twin interfaces facilitate the growth of secondary
twin lamellae and the subsequent grain refinement [41,42]. Apart
from twin lamellae and stacking faults, almost no perfect disloca-
tion was observed in Cu grains in the top-most layer (Fig. 5(b)),
consistent with the PED analysis above (Fig. 4(e-g)), i.e., misorien-
tation angles are negligible inside Cu grains. Nevertheless, profuse
edge dislocations were detected in a Cr lamella in the top-most
layer (Fig. 5(c, d)), resulting in severe lattice deformation. This is
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Fig. 4. Microstructures after 10 cycles of severe shear deformation. (a) ABF-STEM image. Inset red boxes show the estimated PSS. (b) HAADF-STEM image and EDS mapping.
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diffraction. (f, i) IPFs of areas (e) and (h), respectively. (g, j) Misorientation along lines 1 and 2 in (f) and lines 3 and 4 in (i), respectively.

also verified by dark strain contrast in the Cr lamella (Fig. 5(c))
and misorientation angles inside Cr grains (Fig. 4(e-g)). Besides the
formation of Cr lamellae surrounded by Cu in the top-most layer,
many low-angle GBs Cr equiaxed grains were detected in the sub-
surface (~2.7 pm below, grain size: ~230 nm, Fig. 5(e)), which is
also consistent with the observations made by PED in Fig. 4(h-j).
In addition, Cr equiaxed grains with profuse dislocations (grain size
> ~400 nm, Fig. 4(a)) were also detected at ~6 pm below the
scratch surface. Therefore, twins and stacking faults are more fa-
vorable modes of deformation in Cu NGs (formed by DRX) in the
top-most surface. Nevertheless, grain refinement of Cr lamellae and
equiaxed grains is still dominated by dislocation slip in both the
top-most layer and the sub-surface, i.e., Cr is still in the early stage
of DRX or insignifically observable.

Unidirectional wear scratch (maximum shear strain: ~0.12,
Figs. 1(c) and 6) was carried out to further verify the preferen-

tial deformation of Cu. The ABF-STEM image (Fig. 6(c)) shows a
gradient dislocation density in the Cr grain from the scratch sur-
face (dislocation area density ~6.9 x 10> m ~ 2) to the sub-
surface (~2.5 pm below, dislocation density ~4.6 x 102 m ~ 2),
This suggests that the influence of deformation depth is ~3.0 pm
from the scratch surface in the Cr grains after half-cycle deforma-
tion (Fig. 6(a-c)). The microstructure difference between Cu and
Cr after half-cycle shear deformation further verifies that defor-
mation in Cu is more pronounced than in Cr. The differences are
detailed as follows: (1) Profuse new dislocation cells and/or sub-
grains (~1-2 pm, denoted by white arrows in Fig. 6(a)) were de-
tected in the Cu matrix, but relatively fewer dislocations were de-
tected in the Cr grain (Fig. 6(a)). (2) A dislocation pile-up (denoted
by the white arrow in Fig. 6(d, e)) and a dislocation cross-slip (de-
noted by the yellow arrow in Fig. 6(e), see also Movie S1) were
detected in the Cu particle (~2.1 pum below), although few disloca-
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tions were detected in the surrounding Cr grain. (3) Several dark-
contrast regions (supposed to be induced by defects/large lattice
deformation) were detected on the side of the Cu grain (denoted
by orange arrows, Fig. 6(f-h)). Notably, the high-magnification EDS
mapping (~0.5 um below, Fig. 6(f)) verifies that the Cu/Cr interface
is straight and Cu/Cr interface migration can be ignored after half-
cycle deformation. All these results suggest that there is strain lo-
calization in the Cu grains and the Cr/Cu interface acts as a barrier
to prevent dislocation motion from Cu to Cr at low shear strains
[9, 37] due to the substantial mechanical incompatibility between
Cu and Cr with their initial large grain sizes. This strain localization
in the Cu grains presumably drives DRX and the substantial mi-
crostructural refinement [6], i.e., dislocation mode dominates the
initial deformation of Cu grains.

Therefore, taken as a whole, deformation of Cu is dominated

by dislocation mode in the sub-surface (PSS ( ~1.0, grain size )
~180 nm) and by stacking faults and twinning in the top-most

layer (PSS > ~1.0, grain size < ~180 nm). For Cr, deformation
is dominated by dislocation mode in all observed regions. Conse-
quently, in the top-most layer, Cu underwent DRX, while the Cr
phase did not.

3.4. Lamination, splitting, and fragmentation of Cr grains

After 10 cycles of tribological shear deformation, many Cr nano
lamellae formed in the top-most layer (Fig. 4(a-c)). Fig. 7 shows
the evolution process of Cr lamella with increasing shear strain.
As presented in Fig. 7(a), Cr lamellae (~10 nm x 52 nm with an
aspect ratio of 5.2, denoted by cyan arrows) and small particles
(8.5 &+ 2.5 nm, denoted by red arrows) formed a hybrid microstruc-
ture near the scratch surface (~150 nm below, PSS: ~2.0). Those
Cr lamellae consisted of several nanograins (Fig. 7(c, d)) are com-
posed of pure Cr according to TEM-EDS results (Fig. 7(b)). Cr lamel-
lae were also detected in the locations below ~1 um (Fig. 7(e)) and
~400 nm (Fig. 8(a)). These lamellae are single crystals (Fig. 7(e-g)).
We note that such single-crystal Cr lamellae are also observed at a
depth of 5.1 pm (Fig. 7(h)). Another important difference between
the Cr lamellae at different depths is their aspect ratio. Cr lamel-
lae in the sub-surface have a larger aspect ratio (~17 in Fig. 7(i)),
while those close to the scratch surface have an aspect ratio closer
to 5 (Fig. 7(a)). The observed variation in Cr lamellae aspect ratio
as a function of depth is further illustrated in Fig. 7(h). The dis-
tinct characteristics in Cr lamellae in the top-most layer and the
sub-surface reveal the important role of shear strain in the evo-
lution of Cr dendritic grains surrounded by the Cu phase. At low
shear strain in the sub-surface region, those Cr grains are domi-
nated by equiaxed grains (Figs. 4(a) and 5(e)). As shear strain grad-
ually increases towards the surface, the Cr lamellae form (Fig. 4(c))
and are further deformed to form sub-grains inside, giving rise to
the polycrystalline lamellae at the top-most layer (Fig. 7(a-d), also
see Fig. S3(d)). At the same time, some sub-grains are further de-
tached from the parent lamellae due to the severe shear deforma-
tion, i.e., breakage of Cr lamellae (Figs. 7(a) and S7(c)). Therefore,
Cr lamellae become closer to equiaxed progressively as shear strain
increases. Our observation of hard Cr lamellae and particles in the
soft Cu matrix is similar to the report of periodic harder Cu vor-
tices formed in Ag/Cu and Al/Cu metallic multilayers during ultra-
high shear strains [8]. The shared observation is that the harder
phase always evolves into small particles in the soft matrix prior
to the further inter-mixing at an even smaller scale.

To further delineate the formation process of Cr lamellae un-
der high shear strain, we take a closer look at and propose an
observation-based microscopic mechanism that involves effective
shear slips and a debonding process. Fig. 8(a) shows a parent Cr
lamella in the top surface layer (~400 nm below), where par-
allel low-angle grain boundaries (LAGBs) with lattice misorien-

tation of ~6.5° are found (Fig. 8(a-d)). This special microstruc-
ture is likely the prerequisite configuration for the formation of
Cr lamella. Given the proximity to the [110] zone of the Cr grain
along the view direction (low tilting angles during TEM obser-
vation, « = 1.81° and B = 2.97° in Fig. 8(b-d)) and the crys-
talline orientation of the lamella (FFT in Fig. 8(d)), it can be in-
ferred that the applied shear stress (i.e., maximum resolved shear
stress [MRSS] ~1) is parallel to the [110] zone axis on (112) plane.
Additionally, considering that both ends of a LAGBs terminate in
the parent Cr grain (denoted by two red arrows in Fig. 8(b)), a
relative slip of Cr at different depths along the SD direction (de-
noted by cyan arrows in Fig. S4(a)), and formation of single-crystal
lamellae in a big parent Cr lamella (Figs. 7 and 8(a)), the LAGBs
are presumed to be associated with shear slip along the SD di-
rection (closed to [110]) on (112) planes (Fig. 8(c) and (e)). This
shear is mainly associated with the MRSS plane and gradient shear
strain from the top scratch surface to the bottom, although (112)
is also one of the general slip planes ({110}, {112}, and {123}) in
BCC crystals at room temperature [43]. Notably, the slips on (112)
(Fig. 8(e)) cannot be induced by a single %(111){112} screw dis-
location [44], because the only slip direction ([111]) on (112) is
perpendicular to the [110] direction of MRSS. Nevertheless, these
slips can be realized by the interactive slip-on planes experienc-
ing the same or similar RSS along the [111] and [111] slip direc-
tions (the resultant vector direction is [110]). Accordingly, the slip
planes can be (112), (101), (011) and (101), (112), (011), respec-
tively. Wherein, the screw dislocations 1[111](011) (RSS: ~0.82)
and 1[111](101) (RSS: ~0.82) are the most possible group result-
ing in the formation of the slips on (112) planes along [110], sim-
ilar to the reported {110} slip with {112} slip traces in BCC tung-
sten [45]. Around the tip region of the upper LAGBs segment (yel-
low box in Fig. 8(e)), a nearby screw dislocation is identified by
the local strain contrast without net lattice mismatch (zero pro-
jected Burgers vector) in Fig. 8(f). The Burgers vector nature of
this screw dislocation could be presumed to be 1/2<111>{110} [44,
46]. In addition, HR-TEM images (Fig. 8(e-g)) reveal there also are
edge dislocations with extra half-planes on (110) (such as the edge
dislocation 1[111](101)) and (002) (such as the edge dislocation
%[111](011)) around the slip trace induced by RSS. The tilt angle
(7.2°, Fig. 8(g)) induced by the edge dislocation on (002) is con-
sistent with the measured tilt angles of the LAGBs (~6.5°, Fig. 8(c,
d)). These edge dislocations can weaken the bond strength of the
slip interfaces. Furthermore, with increasing cumulative shear de-
formation, i.e., continuous advancing of the shear slip and relative
tilt of the Cr lamellae, the resolved shear stress perpendicular to
the original [110] zone axis could be increased correspondingly and
hypothetically translated to the incremental debonding of the slip
interface. Then Cu can shear into the Cr block along the LAGBs
(Fig. 8(a)), resulting in the splitting of the Cr lamellae from the
block Cr grain (Figs. 8(h) and S5).

Considering the local shear geometry and the crystallography
of the Cr grain around the LAGB tip, the formation of Cr lamella
is schematized in Fig. 8(i). The entire evolution of Cr lamella in
the top-most layer can be summarized as follows. First, Cr lamella
is formed by shear slip and grain tilt induced debonding process.
Then, the lamella is split from the Cr block due to the continuous
shear deformation. Concurrently, the surrounding softer Cu phase
is plasticized and flows into the space between the Cr lamellae. Fi-
nally, further fragmentation of the parent Cr lamella and formation
of finer Cr particles is seen under the high shear strain.

3.5. Localized supersaturation of Cu nanoparticles and Cr nanograins

Supersaturation is significantly affected by grain refinement [19,
20], interface relationship [15], the difference in hardness [37], and
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distance below the scratch surface.

other factors. Indeed, the dissolution tendencies of Cu NPs in Cr
(Fig. 9(a-d)) and those of the Cr nanograins in Cu were observed
to be remarkably different (Fig. 9(e-1)). As presented in Fig. 9(a-c),
there is relative solute enrichment of Cr in the Cu NPs (~20 at.% Cr
in the Cu particles). This forced mixing is induced by dislocations
shearing from Cu/Cr coherent/semi-coherent interfaces, i.e., dislo-
cation transfer induced mixing processes [15,16]. [so-concentration
surfaces of the Cu NPs (Fig. 9(d)) show that the selected area for
composition analysis (Fig. 9(b, ¢)) is almost perpendicular to the
front edge of the Cu NP. This corroborates the assertion that the
concentration variation in the tip area of the Cu particle (Fig. 9(c))
comes from the mixing, rather than the projection of the inclined
interface. Supersaturation was also detected around Cr nanograins
based on APT analysis of seven nanoparticles in the top surface
(Fig. 9(e-1)). But observations for Cr nanograins vary from parti-
cle to particle (Fig. 9(j-1), see also Fig. S9) and the highest con-
centration of Cu in Cr nanograins is ~10 at.% (Fig. 9(1)), relatively
lower than that of Cr in Cu nanoparticles (~20 at.%, Fig. 9(c)) with
a similar thickness (~4 nm), i.e., the mixing kinetics appeared to
be asymmetric. In addition, supersaturation (if considering that the
average Cu concentration in Cr is higher than 5 at.%) was detected
in three out of the seven Cr nanograins in Cu in the top-surface
(Figs. 9(e-1) and S9). Meanwhile, oxidation of Cr nanograins was

also detected in the top surface, especially at the upper half of the
particles (Fig. 9(f, g)). This means that Cr nanograins (particles 3-6,
Fig. 9(e-g)) react with ambient oxygen during deformation prefer-
entially. Notably, nanoparticles 3 and 5 were not employed for the
line profile composition analysis, due to their severe oxidation.

3.5.1. Effect of grain refinement

Generally, grain refinement is considered a key step for subse-
quent forced chemical mixing [16]. As discussed above, DRX pre-
vails Cu preferentially due to the strain localization (Figs. 4-6).
DRX facilitates grain refinement of Cu, especially within Cu NPs in
Cr observed in the initial microstructure (Figs. 4(d) and S4(f)). This
is further verified by the formation of nano-domains in an initial
Cu NP after severe shear deformation at the sub-surface (~2.9 pm,
PPS: ~0.9, Fig. 10). The formation of the Cu nano-domains (Fig. 10)
results from the dislocation shuffling process [9]. Notably, Cu NPs
with a “diffuse” Cr/Cu interface contrast were detected in the top-
most surface, especially in the area near the scratch surface (<
1 pm, PSS > ~1.6, Fig. S8(a, b)), indicating these Cu NPs were
further sheared into the surrounding Cr grains compared with
the Cu NPs in the sub-surface. In addition, no voids can be de-
tected around these Cu nano-domains. Nevertheless, only a few
Cr nanograins (length < 100 nm) were detected in the top-most
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the formation process of Cr lamellae in the Cu matrix.

layer (Figs. 7(a) and S7), which is very close to the scratch sur-
face (Figs. 7(a) and S7(c)). Therefore, a relatively larger Cr grain
size compared with that of Cu NPs embedded in Cr after similar
deformation delays the mixing process.

3.5.2. Effect of interfacial relationship

Interfacial relationships of the nanoparticles with the surround-
ing grains are also crucial for mixing. Similar to the observed
ORs between the Cu NPs and the surrounding Cr before defor-
mation (Fig. 3), the deformed Cu NPs maintained an excellent N-
W relationship with the surrounding Cr, although numerous Cu
nano-domains formed after severe shear deformation at the sub-
surface (~2.9 pum, PPS ~0.9, Fig. 10). This verifies that the N-W
OR presents excellent stability during deformation [47]. Besides
Cu NPs in Cr, some Cu NPs were also detected at GBs after de-
formation. Nevertheless, the surrounding Cr grains are dominated
by low-angle GBs (Fig. 5(e)). The interfacial relationships facilitate
strain/dislocation transfer from Cr to Cu, i.e., massive dislocations
can shear into Cu from the coherent/semi-coherent interfaces, in-
ducing forced mixing. On the contrary, Cr nanograins are incoher-
ent with the surrounding Cu grains (Fig. 7(c, d)), which are refined
by DRX. Consequently, it is difficult for dislocations to transfer from
Cu to Cr through the incoherent Cu/Cr interfaces [48], resulting in
insignificant mixing in Cr nanograins. The formation of voids along
the Cu/Cr interfaces in the top-most layer (Fig. S6) is supposed to
be partially associated with a pile-up of dislocations and aggrega-
tion of numerous vacancies at the incoherent Cu/Cr interfaces dur-
ing severe deformation.

. (h) HAADF-STEM image showing the formation of many Cr lamellae at the top-surface (~100 nm below) of a Cr block. (i) Schematic illustration showing

3.5.3. Effect of mechanical incompatibility

The mechanical incompatibility between Cu and Cr also signifi-
cantly affects the mass transport at the phase interface. In princi-
ple, the smaller the hardness difference between the two phases,
the less strain localization in the softer phase facilitates forced
mixing [37]. After deformation, the grain size of Cr is about two
times of that Cu at similar depths (Figs. 4(d) and S4(f)), i.e., the
Cu grains were refined more in comparison with that of Cr grains
under similar deformation conditions. Nevertheless, the Hall-Petch
coefficient of Cr (1380-2561 MPa pm%> [49-51]) is significantly
larger than that of Cu (316 MPa pm®> [52]). This means that the
grain refinement will result in further hardness disparity between
Cu and Cr (Fig. S10). Therefore, the initial small Cu NPs (a small
grain size: 54.2 + 37.4 nm, the estimated hardness is ~4 GPa, Fig.
$10) surrounded by Cr (a large dendritic crystal size: 11.8 + 6.1 um,
the hardness is ~7.2 GPa) is the optimal condition for forced mix-
ing in the experiment according to Hall-Petch relationship related
to hardness evolution between Cu and Cr.

3.5.4. Effect of selective oxidization

Given the complex crystal structure of oxides and hardness dif-
ference between the oxides and the Cr nanoparticles, we propose
that the oxide skin layer formed around Cr nanoparticles prevents
further mass transport by suppressing movement of dislocations in
the surrounding Cu matrix. Severe oxidation of small Cr particles
(Fig. 9(f, g)) also remarkably reduces alloying process dominated by
increasing the interfacial free energy of small particles [20], such
as observed at the tip regions of the Cu NPs (Fig. 9(a-c)).
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3.5.5. Ab initio simulation of selective oxidization

To investigate the origin of the Cr oxidation at the incoherent
Cu/Cr interface and an apparent lack of oxygen at the coherent in-
terface, we quantified the stability of interstitial oxygen impurity
(0;) at selected locations at Cu/Cr interfaces as well as in Cu bulk
and Cr bulk. The O atom incorporation energy was calculated as
EOi = Ecucro - Ecucr - E02/2, where ECuCrO and Ecucr were the to-
tal energies of the Cu-Cr system with and without O, respectively,
and Eg, was the energy of the gas-phase O, molecule. The mod-
eled Cu-Cr systems mimicking the experimentally observed inter-
faces (Fig. 9) are shown in Fig. S11(a-c): the coherent interface was
represented using a Cu/Cr slab with KS interfacial orientation rela-
tionship (model A); incoherent interfaces were modeled using a Cr
cluster of ~70 atoms embedded into the bulk Cu (Model B) and by
a similar size Cu cluster embedded into the bulk Cr (Model C).

We found that O; is significantly more stable at the Cu/Cr in-
terfaces than in the Cu or Cr bulk lattices (Fig. 11(a)). Since the KS
Cu/Cr interface is ordered, the O; incorporation energy is the same
for all interfacial sites. In contrast, incoherent interfaces (Model B
and C) feature variability of the local structural environments, re-
sulting in a spread of the O; incorporation energies. We analyzed
the O-M distances and M-O-M (M=Cu, Cr) angles (see Model Cu-

Cr systems in Supplementary Information) and found that Cr atoms
form an ordered incomplete octahedral environment for O;, while
the most stable O; configurations correspond to larger O-Cu dis-
tances. Further from the incoherent interfaces, e.g., inside the Cr
inclusion in Model B and inside the Cu inclusion in Model C, the O;
is also significantly more stable than in the ideal bulk (by 1.07 eV
and 1.15 eV, respectively), pointing to the stabilizing role of the lat-
tice distortions that can take place at these interfaces. We attribute
these distortions to the excess volume (78 A3 and 159 A3 for mod-
els B and C, respectively) associated with incoherent interfaces.
Furthermore, we note that volume per Cr in o-Cry03 (Vc03/ncr)
is about twice that in Cr metal (V¢ /n¢). Hence, excess volume is
critical to accommodate the lattice expansion due to Cr oxidation.
According to our estimates (see Model Cu-Cr systems in Supple-
mentary Information), there is approximately 3 times more excess
volume associated with our models of incoherent interfaces.
Finally, analysis of the electron charge distribution at the Cu/Cr
interfaces (Fig. 11(b)) points to the charge disproportionation be-
tween Cr and Cu, which become positive and negative, respectively.
The charge disproportionation is significantly larger for the inco-
herent interfaces (Fig. 11(b)) than for the coherent ones. In the
presence of O; at the Cu/Cr interface (Fig. 11(c)), Cu tends to re-
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tain its negative charge, while Cr becomes even more positively
charged, consistent with the prevalence of ionic Cr-O bonds.

To summarize, the larger charge disproportionation and higher
excess volume at the incoherence interfaces allow for the forma-
tion of stronger ionic Cr-O bonds, relaxation of the lattice upon
trapping O; and a larger amount of trapped oxygen. While KS in-
terfaces also can trap O;, the lack of free volume needed for the
lattice relaxation for oxide layer growth suppresses O; accumula-

tion there. These conclusions are consistent with the experimental
observations of the oxygen distribution in the vicinity of incoher-
ent interfaces (Fig. 9).

4. Conclusions

Here, a high mixing enthalpy binary alloy (Cu-50 at.% Cr) was
employed as a model system to investigate microstructure evolu-



tion, mass transport, and SSS tendencies due to forced mixing be-
tween Cu and Cr phases after severe shear deformation. The major
results are summarized as follows:

(1) During severe shear deformation, grain refinement was de-
tected in both Cu and Cr grains as a function of shear strain.
However, the grain sizes of Cu are smaller than those of
Cr after undergoing a similar extent of deformation, due to
preferential DRX of Cu.
Cu NPs embedded in Cr maintain excellent coherent rela-
tionships with the surrounding Cr grains after deformation,
even though the microstructure of Cu NPs was modified sig-
nificantly, by the formation of nano-domains (~2-5 nm). Cr
nanograins were mainly detected in the top-most layer (<
~200 nm below the scratch surface).
(3) Cr nanograins are formed by refinement of Cr lamellae,
which are split from block Cr grains by plastically flowing
Cu after the bond strength between lamellae is weakened
significantly by continuous shear slip and grain tilt during
severe shear deformation.
(4) A distinct supersaturation difference between the Cu NPs
(evolved by the initial Cu NPs embedded in Cr) and Cr
nanograins (surrounded by Cu and formed by continuous
grain refinement) was detected by APT analysis. A relatively
higher level of supersaturation was found in the Cu NPs than
in the Cr nanograins, due to preferential DRX of Cu, excel-
lent Cu NPs/Cr orientation relationships, and relative small
hardness difference between the initial Cu NPs and the sur-
rounding Cr grains.
Incoherency of Cr with the surrounding Cu grains impedes
dislocations transmission from Cu to Cr and results in the
formation of voids at the Cu/Cr interfaces and relative low
mixing in the Cr nanoparticles.
Oxidation of Cr was detected in the top surface, especially
for the tiny nanoparticles, the tip areas of the Cr nanograins,
and the upper half of the Cr nanograins. Ab initio simula-
tion verifies that Cr presents a higher tendency to be oxi-
dized by O than Cu at the incoherent Cu/Cr interfaces. The
formation of oxide may prevent the further dissolution of Cr
nanograins as well.
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These findings suggest that the coherent Cu NPs in the Cr
grains facilitate forced mixing during shear deformation, provid-
ing a better understanding of the coupling between severe shear
deformation and mass transport in the immiscible Cu-50 at.% Cr
alloy.
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