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Abstract 

Dislocation, playing a crucial role in the plastic deformation of metals, can be 

significantly affected by introducing solute elements. Hydrogen (H) embrittlement is 

one such example, while the underlying mechanism for H affected dislocation 

structural stability and mobility remains unclear and the role of H has been 

controversial. Here, using first-principles calculations, we demonstrate that the effect 

of H on screw dislocation in bcc tungsten (W) is H concentration-dependent, signified 

by a H-induced transition of SD core structure. At low concentrations of H segregation, 

dislocation maintains the intrinsic easy-core structure, and H atoms are attached to the 

“periphery” of dislocation to enhance dislocation motion. In contrast, at high H 

concentrations, dislocation transforms into a hard-core, metal hydride-like structure, 

as H atoms become the “body” of dislocation to significantly reduce the dislocation 

mobility in W. Further, such local easy-to-hard transition can also be induced by the 

other solutes, including helium, carbon, nitrogen and oxygen. Our work sheds new 

light on the H-dislocation interactions in bcc W, having broad implications in the 

interstitial solute-related phenomena. 
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1. Introduction 

As primary carrier of plastic deformation, dislocation plays a dominant role in 

affecting many properties of crystalline materials [1-4]. The presence of solute 

elements, either naturally existing or intentionally added, can interact strongly with 

the dislocation and drastically alter its properties such as mobility [5-7]. One 

prominent example is hydrogen embrittlement (HE), which is one of the most 

important problems in materials science and engineering because almost all metals 

and their alloys suffer to some extent from the H-induced brittleness [8-11]. Despite 

decades of enormous research effort, there is no consensus on HE mechanisms and 

controversies abound in literatures [12-18]. Among the proposed mechanisms, the 

H-dislocation interaction is considered critically important, because it plays a key role 

in determining the mechanical properties of materials, such as facture formation and 

crack growth [17-20]. Therefore, fundamental understanding of the nature of 

H-dislocation interaction, especially the effect of H on dislocation structural stability 

and mobility, is of crucial importance. 

Like other solutes [21-23], H is known to segregate into dislocations to relieve local 

stress [24]. However, how H segregation will affect the dislocation structure, stability 

and hence mobility remains a very challenging and highly controversial problem. For 

example, two opposite influences of H on dislocation mobility have been proposed. 

On the one hand, Cottrell put forward an early theory which suggests mobile foreign 

atoms segregate into to the dislocation to form a Cottrell atmosphere surrounding the 

dislocation core [25], to inhibit dislocation motion. It has been supported by some 

experiments [20] and atomistic simulations [17, 26, 27]. On the other hand, other 

experiments have demonstrated that introduction of H may reduce the flow stress and 

increase the velocity of dislocations in metals [28-31]. The H-enhanced dislocation 

motion was rationalized by H-shielding of elastic interaction between dislocations and 

H-modified atomic bonding in the dislocation core [19, 32, 33]. Making the matter 

even more complicated, both pinning and enhancing effects of H on dislocation 

mobility have been suggested based on first-principles calculation employing 
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semi-empirical models [34, 35], which simply considers the interaction between only 

one H and the screw dislocation (SD) core. Since the binding energy of H with 

hard-core structure (approximated as the saddle point of SD movement) is higher than 

that of easy-core configuration (i.e., ground state), the H segregation reduces the 

energy barrier of dislocation motion but the SD remains the easy-core structure [34]. 

More recently, using the segregation energies of a single H in the vicinity of SD as 

input, a kinetic Monte Carlo simulation proposed an easy-to-hard core transformation 

induced by H segregation in bcc Fe, which is associated with SD mobility and 

identified as “30 appm anomaly” [36]. In that work, H segregation was shown to 

always increase dislocation velocity, despite hard core formation [36]. However, such 

single-H induced SD core transformation contradicts with other atomic simulations 

showing single H segregation to easy-core SD in both Fe and W [22, 27, 32, 34, 37].  

Here, using SD in bcc W as a prototypical example, we demonstrate that the effects 

of H are strongly dependent on H concentration, highlighted by a H-induced 

dislocation core reconstruction beyond single H segregation, based on comprehensive 

first-principles calculations. Our focus on SD is made since low-temperature 

microstructure of bcc metals are predominantly controlled by the screw components. 

At low concentrations of H segregation, less than one H per period, H atoms are 

effectively attached to the “periphery” of SD, without changing the original intrinsic 

easy-core structure. The one H can occupy multiple local energy-minimum positions 

next to the SD core, tending to enhance the dislocation mobility by moving along with 

SD in a concerted fashion via the local minima. In contrast, at high H concentrations, 

more than two H within any period, the SD core will transform either locally or 

globally into a hard-core structure, where H atoms become the “body” of the SD 

forming a metal hydride-like core, tending to pin dislocation motion in W. 

Calculations of maximum Peierls stress, which about tripled in the H-rich hard-core 

configurations, confirm the expectation on dislocation mobility. Furthermore, the 

segregation of most other solutes, such as He, C, N and O, will induce a local 

easy-to-hard transition and appear to pin the SD motion in W.  
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2. Computational method 

2.1 First-principles calculations 

Based on the density functional theory (DFT), our first-principles calculations were 

performed using the VASP code [38, 39] with the projector augmented wave (PAW) 

method [40]. The exchange-correlation functional is described by the 

Perdew-Burke-Ernzerhof (PBE) form within generalized gradient approximation 

(GGA) [41]. 5d/6s electrons for W, 1s for H/He and 2s/2p for C/N/O were included as 

valence electrons. In all calculations, the atomic positions and lattice parameters were 

fully relaxed according to the Hellmann-Feynman force (less than 0.01 eV/Å for all 

atoms), and the kinetic-energy cutoff for plane wave functions was set to 400 eV.  

A 128-atoms supercell (4a0×4a0×4a0) was employed to model interstitial solutes in 

bulk W, with the k-point grid of 3×3×3 in the Monkhorst-Pack scheme [42]. To model 

the 1/2<111> screw dislocation, we employ the periodic dislocation dipole approach, 

with two dislocations of antiparallel burgers vector (���) included in the super cell 

(135-atoms per burgers vector). Generally, there are two different dislocation 

arrangements in the dipole approach [43, 44]. The first one is a triangular periodic 

array of dislocation dipoles, which leads to the three-fold symmetry of the crystal in 

the <111> direction. The second arrangement is equivalent to a square-like periodic 

array of quadrupoles. As discussed previously [43, 44], the quadrupole arrangement, 

which we used, converges the dislocation core energy faster than the triangular array. 

To simulate the interstitial solutes, the supercell was extended along the dislocation 

line, using 270- (2b) and 405-atom (3b) supercells for treating the number of H atoms 

(n) in the SD with n < 3 and n ≥ 3, respectively. The Brillouin zone was 

correspondingly sampled with 1×2×16, 1×2×8 and 1×2×6 k-points grids for the 

supercells of 1b, 2b and 3b length along the core, respectively. The interstitial solutes 

are introduced at both SDs to extract energy per SD. Furthermore, the climbing 

image-nudged elastic band (CI-NEB) method [45, 46] with five intermediate replica 

images was employed to determine the H diffusion barriers and Peierls barriers of SD 

in W. For the SD motion, two dislocations move into adjacent stable sites 
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simultaneously and their distance remains constant. 

2.2 Calculation of Peierls stress 

Similar to previous studies [47, 48], the Peierls stress of SD was calculated in a 

strained supercell, in which the cell vectors were modified gradually until the 

dislocations start to move as ���,� = ��� + 
���[


]. ���,� and ��� are the cell vectors 

before and after, respectively. 
 is the applied strain and ���[


] is the basis vectors 

connecting two atoms along the [111] direction. The strain-induced stress (���) exerts 

a Peach-Köhler force on the dislocation, driving it to move along the [112] direction. 

Usually, the applied strain (
��) induces not only stress components ��� but also 

���, but the latter was verified to be negligible in our cases with ���/��� < 0.08. To 

ensure the accuracy of this calculation, we use a very small step size in 
, to generate 

a stress variation of ~ 0.01 GPa close to the Peierls stress. 

Since the periodic dislocation dipole approach was employed, the Peierls stress 

obtained from DFT calculations differs somewhat from that of the isolated dislocation 

and should be corrected by considering the elastic interaction between dislocations. 

Employing a supercell with a dislocation dipole, the energy increase (∆�) relative to 

bulk has two parts, the linear-elastic interaction energy between dislocations (���) and 

the dislocation core energy (�����), i.e. ∆� = ��� + 2�����. Hence, the Peierls stress is 

obtained directly from DFT calculations as ����� = 

� 

!∆"
!# $#%#∗ , where '  is the 

dislocation distance and '∗ is the distance for the highest derivative, i.e. '∗ = 7') 

(') being the distance between two nearest Peierls valleys). Accordingly, the Peierls 

stress of an isolated dislocations is �* = 

� 

!"+,-.
!# $#%#∗ and ��� = 


� 
!"./
!# $#%#∗  is the 

correction term that arises from the elastic interaction between dislocations. Thus, the 

Peierls stress of an isolated dislocation can be calculated by �* = ����� − ���. Here, 

adopting an approach proposed by Cai et al. [49, 50], we calculated the elastic energy, 

as obtained from a Madelung summation 

(http://micro.stanford.edu/~caiwei/Forum/2004-08-08-MadSum) using the experimental elastic 
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constants and crystal parameters [51], with the cutoff ratio set at the Burgers vector. 

Since the concentration of interstitial solutes in W is extremely low (~ 103 appm), their 

effects on the elastic constants and long-range stress field of SD are neglected, so the 

addition of correction will not change the variation trend of Peierls stress. 

2.3 Calculation of kink-pair formation enthalpy 

Specifically in the line tension model [52, 53], the dislocation is considered as a 

line defect moving in the Peierls potential 12�3, with 1 being the energy per unit 

length of a straight SD at a distance � displaced from the equilibrium position and a 

line tension energy 4#  penalizes the length increment relative to a straight 

dislocation. Then, the kink-pair enthalpy is calculated by the energy difference 

between a kinked and a straight dislocation as [54] 

56*2�∗3 = 2224#3
/� 8 [12�3 − 12�93 − 2� − �93��∗]
/�'�:%:;<=:%:> ,        (1) 

where �  is burgers vector and �9  denotes the saddle point position of a straight 

dislocation under applied stress �∗, i.e. 
#?
#:$:%:> = ��∗. �@A�is defined as 

12�@A�3 − 12�93 = 2�@A� − �93��∗.                       (2) 

Here, the Peierls stress (��) is the maximum value that the applied stress can attain to 

move the dislocation without thermal activation, i.e. �� = 

� 2#?

#:3@A�. Assuming the 

Peierls potential of W with a sinusoidal shape (which is confirmed by ours and previous 

DFT calculations [55]), it can be expressed as 

12�3 = #B�CD
�E [1 − cos 2�E:

#B 3].                       (3) 

Then, the kink-pair enthalpy without external stress (�∗ = 0) can be obtained as 

56*2� = 03 = L')M24#')��*,                      (4) 

where L is a constant related to the shape of Peierls potential (L = 4/OP/�  for a 

sinusoidal shape). The line tension of an isolated SD can be calculated as 4# =
Q� 

2RE3 STU V
-+W + �����, including the elastic energy (X/Y) the outer/inner cut-off radius of 

dislocation stress field) and the core energy. The elastic energy can be estimated from 
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the prefactor Z, a combination of elastic constants [49], and ln2]
�+3, typically assumed 

to be ~ 4 [54]. The core energy can be extracted directly from DFT calculations. 

Note that this model have been shown to successfully reproduce the kink-pair 

nucleation enthalpy in pure bcc metals and describe the effects of substitutional alloys 

with high concentration in a mean-field approximation [48]. This is different from the 

case in present work, in which the influences of interstitial H with low concentration 

are determined. Accordingly, there are two prerequisites for the application of this 

model. The first prerequisite is that the H concentration in the dislocation region is 

high enough so that a mean-field approach is justified; this point will be discussed in 

detail in Section 3.3. The second one is that the timescale of H diffusion should be 

much shorter than that of the migration of SD, thus the H atoms can catch up with the 

moving SD in W. This is the case in W-H system, because the migration rates of SD 

are much lower than that of an interstitial H in W, as demonstrated in previous studies 

[56, 57]. Therefore, this model was used in present work to show the influence of 

interstitial H on the kink-pair formation in W. 

3. Results and discussion 

3.1 Interaction between SD and a single H atom 

Specifically, we investigate atomistic interactions between H and a SD with 

1/2<111> Burgers vector, whose structure in bcc W is illustrated in Fig. 1(a). It has a 

three-fold screw rotation symmetry along the core (chosen as c-axis) [58], _̂ =
{�P|2b

P3} . There are three core atoms per period [dark grey spheres in Fig. 1(a)], 

relatively displaced along the core at (0, c/3, 2c/3) positions. A pair of dislocation 

dipoles having opposite chirality are used to construct a supercell with periodic 

boundary condition. Since H atomic radius is only ~ 1/4 of that of W, it energetically 

prefers to occupy the tetrahedral interstitial site (TIS), as in most bcc metals [59]. 

Similarly, H is found to also occupy TI-like sites in the vicinity of SD, as shown in 

Fig. 1(b) [site A through G, see also Fig. 1(c)]; but with lower energies than in the 

bulk, as shown in Fig. 1(d). This provides a thermodynamic driving force for H 
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segregating into the SD, similar to other dislocation induced solute segregation. 

Specifically, H is “attracted” to the SD from ~ 5.5 Å away (G site) and then “attached” 

to the periphery of SD core within 2.26 Å (A, B, C sites). The most stable A, B and C 

sites have a segregation energy of -0.51 eV, -0.45 eV and -0.50 eV, respectively, as 

shown in Fig. 1(d). Figure 1(e) shows the down-hill diffusion path of H from G site 

(close to bulk TIS energy) to C site, with an energy barrier of ~0.20 eV in the first 

step (G to F), same as in the bulk, and of ~0.24 eV in the rest steps.  

 
Fig. 1. Segregation of a single H atom from bulk to a 1/2<111> SD in W. (a) Perspective view of 

the 1/2[111] SD with the easy-core structure in W along the [111] direction chosen as c-axis (out 

of the page). To create a SD, atomic rows are shifted along [111] direction, creating a chiral 

structure of choice, as denoted by § sign. (b) One optimal migration pathway for a H (small blue 

spheres) segregating into the SD core (dark grey spheres), from G to A site. (c) Concerted motion of 

one H within one period accompanying the movement of SD. The core atoms before SD motion is 

represented by milk white balls with black frame. Note that the dashed red arrow indicates a 

spontaneous (barrier-less) relaxation process of H upon SD motion. (d) H segregation energy as a 

function of the distance between H and SD core. (e) and (f) Energy barriers at every step of H 

segregating from site G to C and from site C to A, respectively. 

It is noted that there are three equivalent A sites and six each equivalent B/C sites. 

As a H atom is attached to the SD, it may jump in between these stable sites easily 

with very low barriers, i.e. 72, 128 and 35 meV for C�B, B�A and A�A, 

respectively, as shown in Fig. 1(f). Interestingly, our simulation results suggest that as 

the SD moves, H may first relax locally in a concerted fashion with neighboring W 
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atoms, then move along and remain attached to the SD by jumping among these stable 

sites. For example, Fig. 1(c) illustrates one such case where as the SD moves from left 

to right (indicated by the curved arrow), one H atom moves first spontaneously from 

A to C (dotted straight arrow), and then jumps from C to B and B to A (solid straight 

arrows). This process provides a unique mechanism for H to promote the mobility of 

SD, by moving concertedly along with all the W atoms involved with the SD motion. 

This hypothesis is further supported by calculations of the Peierls barriers/stresses. 

 
Fig. 2. Visualization of SD motion with a single H atom (blue sphere) with one H attached at (a) A 

site and (b) B site initially. Solid blue arrows represent the potential migration direction of the SD, 

and open blue circles and arrows denote the equivalent H positions and SD migration directions, 

respectively. (c) The Peierls barrier of SD motion with and without H. The atomic structures 

illustrating the relative H and neighboring W atom positions at the initial state, saddle point and 

final state of dislocation motion are shown in (d) and (e) with initial A and B site H, respectively. 

Gray and white spheres represent core and other W atoms, respectively. The dash red lines in (d) 

and (e) show the H-W bonds, and the purple arrows show the direction of W displacements along 

the [111] direction during the dislocation motion. 

The Peierls energy barrier of SD in pure W is calculated to be 91 meV/b, isotropic 

along six <112> directions, in a good agreement with previous studies [27, 60]. When 

a H attached to the SD, e.g., at A or B site, the Peierls barrier becomes anisotropic, as 

displayed in Figs. 2(a) and 2(b). Importantly, the largest component of Peierls barrier, 
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indicating the preferred direction of SD motion, is reduced to 57 meV/b and 51 

meV/b for the A- and B-site H attached SD, respectively, i.e., by 63% and 56% 

relative to that of SD without H, as shown in Fig. 2(c). This is also verified by 

examining the generalized stacking fault energy, as the unstable stacking fault energy 

(γus) of a 1/2<111>{110} slip system in W is found to decrease with the introduction 

of a TIS H in the slip plane (see Fig. S1). 

To further shed light on the influence of a single H on the dislocation mobility, the 

atomic configurations of dislocation core for initial state, saddle point and final state 

of dislocation motion are examined. The case for the initial state with A-site H is 

shown in Fig. 2(d). Initially, the four H-W bonds are almost equivalent with a bond 

length of 1.85~1.89 Å. At the saddle-point, W atoms are shifted along the [111] 

direction, while H still resides at the center of a distorted tetrahedron. The H-W bond 

length increases only slightly to 1.90~2.00 Å, relative to the initial state. At the final 

state, the SD core moves to the neighboring position resuming the original symmetric 

core structure, while simultaneously H position is “changed” to the C site relative to 

the new SD position, which is at the center of a pyramid. It is important to realize that 

the movement of SD is achieved by concerted motion of multiple W atoms in and 

around SD core predominantly along the c-axis, as indicated by the purple arrows in 

the lower panels of Fig. 2(d). The presence of H promotes such SD movement by 

moving along with these W atoms, in a converted fashion relaxing locally, so that 

there will be relatively smaller increase of W-H bonding energies (see small changes 

of W-H bond lengths mentioned above) from the initial state to the saddle point, 

resulting in a reduced Peierls barrier. Similar process is observed for the initial state 

with B-site H, as shown in Fig. 2(e), where upon the SD movement the H “changes” 

to a different B site. In this case, H resides at the center of a tetrahedron at both the 

initial and final states (four H-W bonds ~ 1.95 Å) and of a prism at the saddle point 

(six H-W bonds ~ 2.12 Å), respectively.  

3.2 Segregation of multiple H atoms into the SD core 
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So far, we have considered one single H segregated to the SD, where the SD 

maintains noticeably the original easy-core structure with the H attached. However, 

our simulations demonstrated that this physical picture is applicable only when less 

than one H per period is present along the SD core, which can be defined as the upper 

limit of low concentration for H segregation. Strikingly, a totally different story 

happens at high H concentrations. Whenever there are two H present within any given 

period, at least the core structure within this period will locally transform into a 

different hard-core configuration, and at high enough H concentration the whole SD 

globally transforms into the hard-core configuration. For example, using a large 

supercell containing a core length of three periods, the first and second H will prefer 

to occupy among nine possible A sites and diffuse along the core almost “freely” with 

a very low barrier of ~35 meV as shown in Fig. 1(f), while the SD remains the easy 

core structure. However, when a third H is added, the A-site occupation becomes 

metastable; instead, it prefers to occupy B or C site along with another A-site H within 

the same period, and consequently, the local core structure within two periods tend to 

reconstruct into the hard-core structure [see Figs. S2(a-c) and S3(a-c)]. Adding one 

more (4th) H, a complete hard-core structure with three H within the same period will 

be formed [see Figs. S2(d) and S3(d)]. In general, the SD core is infinite long, one 

may expect that initially at low concentrations, H predominantly occupy and diffuse 

easily among A sites, while maintain the easy-core structure. With increasing H 

concentration, the hard-core structure starts to emerge locally first with two or three H 

within a period, and finally with high enough H concentration, the whole SD core 

becomes hard-core configured with three H per period. Roughly, the transition likely 

occurs at a H concentration less than one H per period, as illustrated in Fig. 3(c); 

however, the determination of the exact transition point requires the simulation of an 

“infinitely” long core with statistical average, which is beyond the scope of the 

current work.  

We note that with three H per period, the hard-core structure looks locally like a 

monohydride phase with three core W atoms bonded with three H, as shown in Figs. 

3(a-b) and Figs. S2(e-f). Interestingly, local formation of nano-hydride phase around 
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edge dislocation has also been reported in fcc Ni in a multiscale simulation [61], which 

is attributed to the H-H attraction and dislocation core relaxation. Here, the H 

segregation energy per H in the easy-core SD is found to decrease with the increasing 

H concentration, indicating a repulsive H-H interaction associated with the easy core, 

similar to their behavior in other defects like vacancies [62], dislocations [63], 

surfaces [64] and grain boundaries [65]. It indicates that if the SD had kept the 

easy-core structure, continued H segregation would be prohibited with the increasing 

H concentration. Interestingly, this scenario is avoided by the H-induced easy-to-hard 

core transition, as discussed below. 

 

Fig. 3. Schematic illustration of a locally formed hard-core structure, i.e., W3H3 hydride-like phase, 

(a) perspective view and (b) side view. (c) The incremental segregation energy for every additional 

H in the Hn-SD core. Note that when there are more than three H atoms, the easy-core structure 

(open blue square) is metastable and easily transfers to the hard-core structure. The segregations of 

multiple H atoms into the SD core in bcc Mo and Cr are provided in the Supplementary Materials. 

In the hard-core configuration, the second and third H occupy B/C-type sites, to 

form a monohydride-like phase with strong and highly symmetric W-H bonds [Figs. 

3(a) and 3(b)]. Surprisingly, as soon as one such local hard-core structure is formed, it 

may grow rapidly with newly arrived H in a cascade fashion because the subsequently 
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arrived H has a lower segregation energy than the previous one, indicating effectively 

attractive interaction between H associated with the hard core. For example, the 

segregation energy of the fifth H is -0.65 eV calculated in a three-period core, notably 

lower than that of the first H (-0.51 eV). This indicates that the formation of hard-core 

structure induces an unusual H self-trapping mechanism, in sharp contrast to the H 

behavior in the easy-core structure and other defects [62-65].  

The H-induced transition of SD core structure may be understood via the concept 

of defactant [66-68], by regarding the hard-core SD as a special “defect” in the 

easy-core dislocation. In pure W, the formation energy of the “hard-core” defect in 

the easy core SD is positive. However, with H segregation it becomes negative, 

leading to a spontaneous easy-to-hard transition. This can be attributed to the strong 

attraction between H and hard-core. Our calculations show that H segregation 

significantly lowers the hard-core formation energy by ~80 mV with one single H per 

period and makes it be negative with two H per period, providing a thermodynamic 

driving force for the easy-to-hard core transition (the interactions between a single H 

and hard-core SD are given in the Supplementary Materials). 

Note that the structure of hard core is significantly different from that of easy core. 

In the easy core, W atoms form a trigonal helix with H atoms located at the center of a 

tetrahedron (see Figs. 1 and 2). In the hard core, W atoms form a trigonal prism with 

H atoms located at the edge of the prism [see Figs. 3(a) and 3(b)]. Accordingly, five 

neighboring W atoms are arranged in two shells: the first shell having one H-W bond 

of 1.94 Å and the second shell having four H-W bonds of 2.04~2.05 Å, which are 

slightly longer that in the easy core (1.85~1.89 Å) but with one more W-H bond.  

3.3 Equilibrium concentration of segregated H in SD 

Similar to previous studies [23, 37], we employ a mean-field model to evaluate the 

concentration of the segregated H in the SD in W. The equilibrium concentrations of 

interstitial H in the SD (d#) and bulk (d�:�6) can be estimated as 

�e

f�e = �gh/i


f�gh/i exp 2f"m.n2�e3
6o� 3,                 (5) 
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where �p�q2d#3 is the segregation energy of interstitial H in the SD, which can be 

expressed as 

�p�q2d#3 = r �p�qsf"t     uv 0 ≤ d# < 0.5 
�p�qsf"t + 22d# − 0.53{�p�qsfst − �p�qsf"t|   uv 0.5 ≤ d# ≤ 1,  (6) 

where �p�qsf"t and �p�qsfst are the segregation energy of a single H in the easy core and 

average segregation energy of H in the hard core (e.g., the case of SD+3H per period in 

Table 1), respectively. Namely, when the concentration of interstitial H in the SD is 

lower than 0.5, it is assumed that the SD remains the easy-core structure and the 

interaction of H-H is neglected. Moreover, if the H concentration in the SD reaches up 

to 1, the whole SD globally transfers into the hard-core structure. Then, the 

H-dislocation interaction can be described by the average segregation energy of H in 

the hard-core SD (corresponding to the case of SD+3H per period in Table 1). 

Specifically, when the H concentration in the SD ranges from 0.5 to 1, we employed a 

linear interpolation to approximate the H segregation energy. Note that this is a rough 

approximation of H-dislocation interaction, but it will not affect the discussions in the 

following (since the variation of H segregation energy is less than 0.11 eV). 

Also, the interstitial H concentration in the dislocation region and bulk are related to 

the nominal concentration of H atoms per W, namely, }~d�:�6 + }#d# = }�d), where 

}~  and }#  are the number of interstitial sites for H occupation in the bulk and 

dislocation core with volume �, respectively. Apparently, }~ = 12�/�)P (there are 

six TISs per W atom and �) is the lattice parameter) and }# = 3��/� (there are three 

interstitial sites for H per burgers vector and � is the dislocation density). }� is the 

number of W atoms in the bulk for the same volume, i.e. }� = 2�/�)P. The above 

equations can be solved self-consistently to obtain the temperature-dependent 

concentrations of H in the SD (d#) as a function of the dislocation density and the 

nominal H concentration. 
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Fig. 4. Temperature dependence of the H concentration segregated in the SD core for three different 

nominal concentrations of H and two typical density densities, (a) 1012 m-2 and (b) 1014 m-2. 

Figure 4 shows the equilibrium concentration of H in the dislocation core as a 

function of temperature for two different dislocation densities (1012 m-2 and 1014 m-2) 

and for three different nominal H concentrations (10 appm, 100 appm and 1000 appm). 

It is clear that the concentration of H in the SD increases with the increasing nominal H 

concentration and decreases with the increasing dislocation density and temperatures. 

Importantly, even though the nominal concentration of H is extremely low (~ 10 appm) 

and/or the dislocation density is very high (~ 1014 m-2), the equilibrium concentration of 

H in the dislocation core is still higher than 50% at room temperature due to segregation. 

These results suggest that the dislocation cores can be easily saturated by interstitial H 

atoms, leading to the formation of a hard-core configuration. 

3.4 Influence of H segregation on SD motion 

Naturally, the reconstructed hard core is expected to drastically affect the SD 

mobility [47, 69, 70], and likely to pin its motion because the whole “hydride phase” 

has to move together. To verify this speculation, we determine the critical Peierls 

stress for the motion of the SD in W with and without H atoms. As shown Fig. 5 and 

Table 1, the Peierls stress of an isolated SD is 2.78 GPa in pure W without H, 

consistent with previous studies [47, 69]. The introduction of H has a drastic influence 

on the Peierls stress, which is strongly related to the H-induced reconstruction of core 

structure and hence H concentration. As shown in Table 1, with a single H, the Peierls 
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stress (~1.59 GPa) is reduced to about the half of that in pure W (see Table 1), which 

is consistent with the reduced Peierls energy barrier shown above (see Fig. 2). Also, 

the reduction of Peierls stress is observed in the cases of two and three H atoms 

attached to the easy-core structure. However, when more than three H atoms are 

presented, the easy-to-hard core transition occurs spontaneously. The corresponding 

Peierls stress reaches 3.14 GPa and 5.90 GPa in the presence of three and six H atoms, 

respectively, which is much higher than that in pure W. These results suggest that at 

low H concentrations, one or less H per period, the SD will remain in the easy-core 

configuration with enhanced mobility, while at higher H concentration, an 

easy-to-hard core transition occurs for H to suppress the SD mobility. In general, the 

mobility of hard core is much lower than that of easy core. For example, if one 

constrained the SD into a local metastable hard-core configuration with two H, the 

Peierls stress is calculated to be 3.17 GPa, as seen in Table 1, which is much larger 

than the easy core with 2H. With the increasing amount of H segregation, more 

segments (periods) of SD and then the whole SD will transform into the hard-core 

structure, to continuously further suppress its mobility. With three H per period, the 

Peierls stress reaches a very high value of 7.41 GPa (see Table I). 

 
Fig. 5. The DFT calculated shear stress as a function of strain for SD in W with and without H 

segregation. The dash black line in (b) is the critical shear stress in pure W. Note that the Peierls 

stress obtained from DFT calculations differs somewhat from that of the isolated dislocation and 

should be corrected by considering the elastic interaction between dislocations. 
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Table 1. Interaction of interstitial solutes with the SD in W and its influences on the dislocation core 

structure and the corrected Peierls stress. Easy and hard core configurations are denoted as Ec and 

Hc, respectively. The ratio of Peierls stress (�~��� ) with interstitial solutes to that in pure W (��:�6� ) is 

also provided. The system of SD+3H per period corresponds the infinite dislocation line that every 

period looks like a monohydride phase with three core W atoms bonded with three H, as displayed 

in Figs. 3a and 3b.  

System Trapping energy Core structure Peierls stress �~��� /��:�6�  

Pure SD / Ec 2.78 1 

SD+1H -0.51 Ec 1.59 0.57 

SD+2H -1.03/-1.02 Ec/Hc 1.12/3.17 0.40/1.14 

SD+3H -1.48/-1.59 Ec/Hc 0.98/3.14 0.35/1.13 

SD+6H -3.53 Hc 5.90 2.12 

SD+3H per period / Hc 7.41 2.67 

SD+1He -1.33/-1.39 Ec/Hc 2.31/3.00 0.83/1.08 

SD+1C -1.79 Hc 5.91 2.13 

SD+1N -1.90 Hc 5.85 2.10 

SD+1O -1.92 Hc 4.32 1.55 

The above calculations explicitly demonstrated the H-induced easy-to-hard 

transition of SD core and the corresponding changes of Peierls stresses, which have 

important implications on the role of H on dislocation mobility. Next, we further 

illustrate this point by a line-tension model analysis [52, 53] to quantitatively estimate 

the effect of H segregation on SD mobility in W via the kink-pair formation enthalpy 

(56*) without external stress. Using our DFT calculated Peierls stresses, segregation 

energies and known parameters, 56* in pure W is calculated to be ~1.61 eV, which 

agrees well with previous theories (1.54 eV [60], 1.60 eV [48] and 1.63 eV [71, 72]) 

and experiments (1.75~2.06 eV [54]). The H addition can significantly affect the 56*, 

which is strongly dependent on the dislocation core structure. As listed in Table S1, 

when the SD maintains the easy-core structure, the 56* is reduced to 1.20 eV, 1.00 

eV and 0.93 eV with the segregation of one, two and three H atoms, respectively, 

implying the enhancing effect on dislocation motion. However, if the SD transforms 

into a hard-core and metal hydride-like structure, the corresponding 56* can reach 
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up to 1.65 eV and 2.17 eV in the presence of three and six H atoms (see Table S1), 

respectively, indicating the suppressing effect on dislocation motion.  

It is interesting to note that the H-induced easy-to-hard core transition has also been 

proposed in bcc Fe from a recent kinetic Monte Carlo simulation, but in that work H 

segregation was shown to always increase dislocation velocity, despite hard core 

formation [36]. This difference may be rooted in the different hard-core structure in 

that the hard core proposed in [36] contains only one H at the center of the trigonal 

prism, while the hard core we found here contains three H atoms decorating the 

outside faces of the trigonal prism, like a metal hydride phase. 

3.5 Effects of other interstitial solutes on the stability and mobility of SD   

Furthermore, we have considered other interstitial solutes, including He, C, N and 

O, which are known to strengthen the matrix metals even at extremely low 

concentrations [6, 73-76]. Strikingly, their segregation behavior in W is different from 

H. As listed in Table 1, they all tend to segregate to the SD core with a negative 

segregation energy, which increases with the increasing atomic number, from 

-1.33/-1.39 eV for He, -1.79 eV for C, -1.90 eV for N to -1.92 eV for O, respectively. 

Most notably, only one single C/N/O atom segregated into the SD (2b) would trigger 

the local easy-to-hard core transition, similar to recently observed C/N/O/B in Fe [23, 

77] and C/O in W [78-81]. The segregated C/N/O solute occupies the center of the 

trigonal prism in the hard core [see Fig. 6(a), left], independent of the initial C/N/O 

atom position surrounding the dislocation core. Accordingly, the six solute-metal 

bonds are almost equivalent with a bond length of 2.15~2.16 Å, 2.13~2.15 Å and 

2.15~2.18 Å for C, N and O, respectively. When the second C/N/O atom is added, it 

tends to stay next to the first C/N/O atom along the dislocation line [see Fig. 6(a), 

right] to minimize the total distortion required for the easy-to-hard transition. As 

expected, the resulting hard core exhibits very high Peierls stresses, which are 5.91, 

5.85 and 4.32 GPa for C, N and O, respectively [see Table 1 and Fig. 7(a)]. Therefore, 

these solutes will likely always pin the SD motion, as long as they are present in the 

SD, which is different from prediction by GSFE calculations (see Fig. S1).  
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Fig. 6. Local atomic environment of solute (small red spheres) segregation to the SD core in W. The 

small red spheres denote (a) C/N/O and (b-c) He. Here, two different structures of He segregation 

are illustrated in (b) and (c) with easy-core (with segregation energy of -1.33 eV) and hard-core 

(with segregation energy of -1.39 eV) configuration, respectively. 

 
Fig. 7. The DFT calculated shear stress as a function of strain for SD in W with C/N/O/He 

segregation. For comparison, the critical shear stress in pure W (dash black lines) is also presented. 

Note that the Peierls stress obtained from DFT calculations differs somewhat from that of the 

isolated dislocation and should be corrected by considering the elastic interaction between 

dislocations, as discussed in Sec. 2.2. 

As for He segregation to the SD, we found two contrasting scenarios of close 

segregation energies. If a He atom is placed at the core center initially, the SD 

remains the easy-core configuration with a segregation energy of -1.33 eV. In this 

case, similar to H, He is located at a TI-like site in the vicinity of SD and the four 
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shortest He-W bonds are 2×1.85 Å and 2×2.20 Å [see Fig. 6(b)], and the Peierls stress 

is reduced to ~ 2.31 GPa [see Table 1 and Fig. 7(b)]. However, if He is initially 

located outside adjacent to the core center, it triggers an easy-to-hard core transition 

with a segregation energy of -1.39 eV [see Fig. 6(c)], and then the Peierls stress is 

notably increased to 3.00 GPa [see Table 1 and Fig. 7(b)], to pin the SD motion. 

Accordingly, six He-W bonds are formed with the lengths of 2×1.84 Å, 2×2.35 Å and 

2×2.56 Å, respectively. Since the energy only differs by less than 5% for the two 

cases, one expects that He will likely pin the SD motion, showing a very weak or no 

concentration dependence.  

It is important to note that the largest supercell employed in present work only 

contains 3 units of repetition (i.e. 3×b) along the dislocation line. Thus, there is a 

concern that if the length of dislocation line becomes longer, the easy-to-hard core 

transition may not occur upon segregation of a single He/C/N/O into SD in W. 

However, previous DFT studies [79, 81] showed that the opposite is true. The local 

reconstructions of dislocation cores remain to be present in larger supercells (up to 

10×b in [81] and 8×b in [79]) upon the segregation of one solute atom. For example, 

Bakaev et al. [79] investigated the interaction of a single C with SD in W using large 

simulation boxes with the dislocation length up to 8×b. It is found that the dislocation 

core has a hard-core structure next to the C atom, while at the distance of 4×b the core 

structure reverts back to the easy-core configuration. Therefore, even in an “infinitely” 

long dislocation line, the segregation of a single He/C/N/O atom can still locally, 

albeit not completely, convert the core structure into the hard-core configuration. 

Similarly, based on the line-tension model, calculated Peierls stresses and 

segregation energy, we further calculate the 56* of SD in W with the segregation of 

C/N/O/He. As expected, the 56* is increased to 2.21 eV, 2.19 eV and 1.88 eV for C, 

N and O segregation, respectively (see Table S1), which is much higher than that of 

pure W (~ 1.61 eV). For the segregation of a He atom, the corresponding 56* is also 

related to the dislocation core structure, in which the 56* of easy-core structure is 

much lower than that of hard-core structure (see Table S1).  
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4. Conclusions 

We discover theoretically an interesting effect of easy-to-hard core transition of SD 

induced by H segregation in bcc W, based on first-principles calculations. Such 

H-induced core reconstruction is concentration-dependent, i.e., occurring only above 

a critical concentration. Before transition, owing to multiple local energy-minimum 

positions for H in the easy core, the H atoms are attached to the “periphery” of 

dislocation and effectively reduce Peierls barrier/stress and hence kink-pair formation 

enthalpy, tending to enhance the dislocation mobility by moving along with SD in a 

concerted fashion. In contrast, after transition, the hard-core adopt a metal 

hydride-like phase, as H atoms become the “body” of dislocation to significant 

increase the Peierls stress and kink-pair formation enthalpy, tending to pin dislocation 

motion in W. Differently, the segregation of just one solute of other elements, such as 

He, C, N and O, in a three-period core (i.e. 3×b) will induce the local SD hard-core 

formation and appear to always pin the SD motion. Our findings advocate that the 

solute-induced structural transition of dislocation core can be a common mechanism 

to drastically modify many dislocation properties, notably shedding new light on 

understanding the effect of solute on dislocation mobility. Such transition may even 

occur at very low solute concentration independent of metal-solute bond strength, and 

thus should be accounted for in many phenomena related to solute-defect interactions. 
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