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Abstract

FeTi-based hydrides have recently re-attracted attention as stationary hydrogen storage materials due to
favorable reversibility, good sorption kinetics and relatively low costs compared to alternative intermetallic
hydrides. Employing the OpenCalphad software, the thermodynamics of the (FeTi)1−xHx (0 ≤ x ≤ 1) sys-
tem were assessed as a key basis for modeling hydrogenation of FeTi-based alloys. New thermodynamic data
were acquired from our experimental pressure-composition-isotherm (PCI) curves, as well as first-principles
calculations utilizing density functional theory (DFT). The thermodynamic phase models were carefully se-
lected based on critical analysis of literature information and ab-initio investigations. Key thermodynamic
properties such as dissociation pressure, formation enthalpies and phase diagrams were calculated in good
agreement to our performed experiments and literature-reported data. This work provides an initial per-
spective, which can be extended to account for higher-order thermodynamic assessments and subsequently
enables the design of novel FeTi-based hydrides. In addition, the assessed thermodynamic data can serve
as key inputs for kinetic models and hydride microstructure simulations.
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1. Introduction

Binary intermetallic compounds with the gen-
eral formula ABn carry envisaged thermodynamic
and kinetic properties for a variety of hydrogen
storage scenarios [1]. Elemental hydrides of early5

(A) and late (B) transition metals generally pos-
sess high negative and positive formation enthalpies
(∆Hf ), respectively [2]. However, it is often ob-
served that combining A and B in certain ratios
(e.g. n = 1, 2, 3, 5) promotes the formation of stoi-10

chiometric compounds ABn together with a reduc-
tion of ∆Hf of their correspondent ternary hydrides
[3]. This reduction can improve hydrogenation re-
versibility in scenarios close to ambient conditions,
and consequently provide a safer operational hydro-15

gen storage medium when compared to molecular
state hydrogen tanks [2, 3].
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Moreover, these intermetallics exhibit large vari-
ability of the thermodynamics and kinetics of hy-
drogenation when partially substituting other suit-20

able metallic elements for their base components.

Among these compounds, FeTi is recognized as
a key material due to the possibility of large-scale
production owing to its relatively low cost com-
pared to other intermetallics.25

FeTi has gravimetric and volumetric capacity of
1.87 wt. % and 105 kgH2

/m3 [2], respectively, and
combines good sorption kinetics and reversibility
within operating conditions near room temperature
and atmospheric pressure. The reversible volumet-30

ric capacity of FeTi (83.7 kgH2
/m3) [4] as well as

many other metal-hydrides (MHs) even surpasses
cryogenically liquefied hydrogen (71.42 kgH2

/m3 at
20 K) [5]. Therefore, they represent an excellent
storage option when weight of the system is not a35

concern, e.g. hydrogen supply for residential envi-
ronments, emergency power supply and for heavy-
weight means of transportation like trains, ships,
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long-haul trucks etc. [6, 7].

Despite these promising properties as a hydrogen40

storage medium, the widespread adoption of FeTi
has been hampered by difficulties in initial activa-
tion for hydrogenation. As recently reviewed by
Dematteis et al. [2], this issue may be overcome
by partial chemical substitution of the alloying ele-45

ments. The authors provided the lists of substitut-
ing elements for improving properties required for
in-service performance, as well as elements to avoid
for economical or environmental reasons. They in-
dicated the importance of in-depth systematic stud-50

ies to elucidate synergistic effects of multicompo-
nent substitution on the thermo-kinetic properties
of FeTi-based hydrides. However, comprehensive
studies and understanding of the associated mech-
anisms are still noticeably lacking.55

In this context, the Calphad (Calculation of
phase diagrams) method has been recognized as
an effective tool to predict thermodynamic prop-
erties of multicomponent materials solely based on
descriptions of their lower-level unaries, binaries60

and ternaries that make up the higher-order sys-
tem [8, 9]. Therefore, the development and/or im-
provement of MHs systems for hydrogen storage
may greatly benefit from computational thermody-
namics at the design and simulation stages, since it65

offers excellent flexibility and significant time sav-
ings. In particular, the computational thermody-
namic approach allows us to interrogate the ther-
modynamic properties of new materials with vary-
ing chemistry in-silico before performing real-life70

synthesis and testing in the laboratory.

The present work aims at modeling the thermo-
dynamics of the FeTi alloy hydrogenation focusing
on its structural and thermodynamic features. The
reported crystal structures of the relevant phases75

were used as a starting point for the thermody-
namic modeling as well as to guide ab-initio cal-
culations of thermochemical properties of FeTi hy-
drides. Newly measured experimental pressure-
composition-isotherm (PCI) curves supplemented80

the available information on hydrogen solubilities.
The literature review and the acquired data in this
work provided the key information to perform the
Calphad assessment. The calculated phase dia-
grams and thermodynamic properties are discussed85

and compared with the reported data.

2. Literature review

In this section, we review the relevant thermody-
namic and crystallographic properties of MHs and
FeTi-hydrides that informed the thermodynamic90

modeling performed in the present work.

In subsection 2.1, important properties of Fe and
Ti for hydride formation are presented. In sub-
section 2.2, crystallographic features of the FeTi-
hydrides are reviewed. Subsection 2.3 introduces95

the para-equilibrium concept as a basis for multi-
component hydrides formation. Finally, in sub-
sections 2.4 and 2.5, the hydrogenation process
and equilibrium phase diagrams of FeTi-H system
are revisited. Subsection 2.6 contains summarizing100

remarks and implications for the thermodynamic
model.

2.1. FeTi alloy

Both Fe and Ti metals show a temperature range
in which the bcc structure is stable. Nonetheless,105

they have a distinguished affinity to hydrogen and,
therefore, different behavior upon hydrogenation.
The calculated hydrogen enthalpy of solution in the
bcc lattice of iron is 24.12 kJ/mol·at1, whereas in
the bcc lattice of titanium it is -59.82 kJ/mol·at110

[10].

Although hydrogen diminishes the temperature
range where bcc iron is stable, it widens the bcc
solid solution field in the Ti-H phase diagram.
Herewith, iron hydride (FeH) forms only under se-115

vere hydrogen pressure, above 6 GPa at 523 K
[11, 12], yet titanium hydride (TiH2) is very sta-
ble and can form even below atmospheric pressure
(< 105 Pa) at 576 K [13, 14, 15].

The absorption of hydrogen in solid metals is120

known to occur interstitially, especially for the bcc
metals hydrogen preferentially occupies tetrahedral
sites [16]. Iron and titanium follow this trend, as
evidenced by crystallographic and thermodynamic
analyses [10, 17, 18, 13, 19, 14].125

When Fe and Ti mix in equimolar quantities,
the system’s energy reduces by ordering the unlike
atoms in a bcc-like structure where the Ti atoms po-
sition in the corners and the Fe atom in the center of

1Note that the utilized unit for the enthalpy (kJ/mol·at)
refers to a mole of any element in the respective formula,
not only hydrogen (moles of H or H2) as sometimes encoun-
tered in literature about thermodynamics of metal hydride
systems.
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the cube, as the interposition of two primitive cubic130

sublattices of Fe and Ti (CsCl-type structure).
The ordering of the metallic elements gives rise

to two distinguished configurations of octahedral
interstices, Ti4Fe2 and Ti2Fe4, with Fe and Ti as
nearest neighbors, respectively. Because Ti has a135

larger atomic radius compared to Fe, the Ti4Fe2
interstices (≈ 0.31 Å) are noticeably enlarged com-
pared to Ti2Fe4 (≈ 0.09 Å) [16].

2.2. FeTi-hydrides

Reilly and Wiswall were the first to study the140

hydriding properties of FeTi [20]. Hydrogen ab-
sorption in FeTi yields ternary hydrides and is
associated with symmetry reduction correspond-
ing to considerable distortions of the CsCl-type
metal structure. At room temperature, the FeTi-145

hydrogenation leads to the solid solution region
(α) up to the composition FeTiHx≈0.1, the mono-
hydride FeTiH1.04/x/1.22 (β) and the dihydride
FeTiH1.71/x/1.93 (γ). Examples of each phase from
the perspective of the bcc-like frame are shown in150

Fig. 1.

Figure 1: Example of ternary hydride structures from the
bcc-like unit cell framework including first neighbors iron
atoms. a) B2 (purely metallic FeTi), b) β (monohydride)
and c) γ (dihydride). Ti: grey, Fe: white, H: black.

For each FeTi-hydride phase, neutron diffrac-
tion (ND) experiments have been performed and
indicate that hydrogen atoms occupy octahedral
interstices [21, 22, 16, 23, 24, 25]. Transmission155

electron microscopy (TEM) and X-ray diffraction
(XRD) analysis show that the FeTi-H system is
isostructural with FeTi-D [23, 26, 24, 27], i.e.
the isotopic effect is negligible concerning crystal

structure and thus it can be assumed that there160

is a corresponding hydride for each deuteride. For
this reason, in the next subsections we refer to
hydrides even though some structural experiments
were carried out using deuterides.

165

In the following we compile the experimental
findings for the α-, β- and γ-hydrides that are the
basis for our thermodynamic model.

2.2.1. α-hydride

The α hydride forms via hydrogen dissolution in170

the interstitial sites of the CsCl-cubic lattice with
H being more likely to enter into the octahedral
sites of the B2 phase (Fig. 1 a). Density func-
tional theory (DFT) calculations [28] demonstrated
that the Ti4Fe2 octahedral configuration has a more175

negative hydrogen absorption energy compared to
Ti2Fe4 and thus is more likely to host a hydrogen
atom, which agrees with ND experiments [16]. The
order parameter (Q) indicates the ordering of Fe
and Ti in the bcc-like lattice. A perfect ordered180

crystal has Q calculated to be unity. Fischer mea-
sured Q of the α phase and found that the order
parameter reduction diminishes only slightly even
after several cycles of hydrogen sorption and cor-
responds mostly to surface effects [25], which in-185

dicates that the α hydride has an ordered metal
structure analogous to the FeTi-B2 phase with en-
larged lattice parameter (aα = 2.979 Å) and H ran-
domly occupying the available Ti4Fe2 octahedral
sites [16, 24].190

2.2.2. β-hydride

Additional hydrogen insertion increases the dis-
placement of nearest Fe atoms causing anisotropic
variation on lattice parameters and leading to sym-
metry reduction. As consequence, β has an or-195

thorhombic structure [21] with space group P2221.
The indexation of the β phase finds lattice param-
eter bβ ≈ 4.3 Å, corresponding to the diagonal of
the CsCl cube of FeTi, as well as aβ ≈ 4.5 Å and
cβ ≈ 2.98 Å. Two Ti4Fe2 octahedral sites, H1 and200

H2, can be identified in the β structure, which are
partially occupied.

The β hydride presents two distinguished forms,
β1 and β2 [23, 29, 27]. They have a similar struc-
ture, except for the hydrogen distribution in the H1205

and H2 sites. Schäfer et al. [30] discussed this for
the cases when the interstitial atoms are evenly oc-
cupied, i.e. H1/H2 = 0.50/0.50, or distributed in
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a 0.90/0.10 ratio. Despite this, experimental inves-
tigations show an ordered hydrogen occupation in210

the sublattices of both forms of β [21, 29, 26].
The occupation ratio of β1 was observed to be

0.88/0.12 [29, 30], while β2 has it as 0.92/0.45, cor-
responding roughly to the FeTiH and (FeTi)3H4

formula units, respectively.215

The volume expansion of β upon hydrogenation
reaches 4.5% with experimental evidence suggesting
that the β1 ⇀↽ β2 transition is a discontinuous trans-
formation at room temperature. However, to a cer-
tain extent it might actually be rather described as220

a continuous single-phase process with both sites si-
multaneously being enriched with hydrogen [23, 29].

2.2.3. γ-hydride

The analysis of the γ hydride crystal structure
(x > 1.74) is still under debate due to its demanding225

synthesis that requires hydrogen pressures above
5 MPa. Moreover, the presence of strain and re-
maining amounts of β phase complicate an in-depth
study even further.

After its first X-ray diffraction detection suggest-230

ing a cubic structure [20], Fischer et al. reported
that ND indicated rather an orthorhombic struc-
ture [25]. Shortly after, ND and TEM studies cor-
related the γ structure with the orthorhombic β

[29, 22], leading to conclusions that γ forms from235

the full insertion of hydrogen in the previously ob-
served Ti4Fe2 sites of β and in an additional Ti2Fe4
octahedral site, pushing towards the formation of
a monoclinic P2/m structure, losing orthogonality
and degrees of symmetry.240

Schefer observed that the analogous hydride com-
pound also shows such a transformation [29] and
Schäfer et al. [24] identified an increase of monocli-
nic distortion of γ over decreasing temperature.

Fischer et al. [31] concluded that the Ti2Fe4 sites245

are energetically much less favourable and possibly
the last to be filled by hydrogen, reaching a partial
occupation with 91% at large hydrogen concen-
trations. It was assumed that the orthorhombic
Cmmm structure better suits ND data than the250

monoclinic P2/m, agreeing with later observations
by Thompson et al. [32] and DFT calculations of
the fully hydrogenated γ (FeTiH2).

2.3. Calphad modeling of MHs & para-equilibrium255

Special care should be taken when Calphad mod-
eling is applied to multicomponent MHs because

peculiar thermodynamic features are often present
in these systems. As metallic atoms (M) signifi-
cantly differ from hydrogen atoms (H), especially260

in mass and size, M atoms establish the main lat-
tice of the crystal structure while H atoms enter the
bulk and partially occupy the interstitial sites.

In stark contrast to the low mobility of metal
atoms, hydrogen atoms have a much higher mo-265

bility at room temperature. As a consequence, H
responds to its chemical potential (µH) by quickly
diffusing into the interstitial sublattice forming hy-
drides.

When this situation is attended, the hydrogen270

chemical potential equalizes in each of the co-
existing phases, while this doesn’t happen for the
metallic elements that keep the alloy composition
constant. Reaching complete equilibrium is hin-
dered by the sluggish diffusion kinetics of metallic275

elements, causing a meta-stable thermodynamic
equilibrium of the phases. Such an internal meta-
stable state is considered a para-equilibrium.2

Under this perspective, the Calphad framework
have been applied to model a number of metal-280

hydrogen systems. Joubert [34] comprehensively
reviewed the application of the Calphad method to
model MHs and documented the main challenges
he encountered.

285

As mentioned in subsection 2.2 and will be seen
later in the text, the higher stability of TiH2 in re-
lation to the FeTi ternary hydrides ensures that the
hydrogenation of FeTi can be considered as a para-
equilibrium process. Subsequently, the analysis of290

the phases’ stability and the application of the Cal-
phad framework to model the para-equilibrium of
the FeTi-H system in this work is presented.

2.4. FeTi-hydrogenation

The in-situ investigation of the hydrogen stor-295

age properties for hydride systems is generally per-
formed at different isothermal cycles of repeated
absorption and desorption by carefully equilibrat-
ing hydrogen gas with the metallic sample in small
pressure increments utilizing a Sieverts-type appa-300

ratus. The trace of the pressure over hydrogen sorp-
tion during the cycles results in so-called pressure-
composition-isotherm (PCI) curves that are used

2Flanagan and Oates [33] reviewed the various degrees of
equilibria related to two-phase co-existence regions of M-H
systems to which we refer for a more detailed explanation.
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for material characterization regarding temperature
dependent hydrogen absorption/release. With in-305

creasing H2 pressure, the hydrogen content in the
solid system grows. Inflections of the PCI curves in-
dicate the formation of new phases and, in an ideal
scenario, the co-existence of two solid phases results
in a completely flat plateau pressure. The initial310

and final points of the plateau correspond to the
onset and termination of the solid phase transfor-
mations and indicate their equilibrium composition.
Since the stability of solid phases has negligible de-
pendence on pressure, a temperature-composition315

phase diagram of metal hydrides correlates to the
solubility limits extracted from PCI curves.

Many authors studied the hydrogenation of the
FeTi intermetallic [35, 20, 36, 37]. Recently, Sujan
et al. reviewed FeTi hydrogenation and process-320

ing, whereas Dematteis et al. reviewed the substi-
tutional effects on hydrogen storage properties of
FeTi [38, 2].

For FeTi, there is a consensus that the hydro-
genation around ambient temperatures involves at325

least three hydride phases, α, β, and γ. Initially,
hydrogen is dissolved in the ordered B2 phase form-
ing the solid solution α phase. The increase in H2

pressure leads to the saturation of α after which
the external thermodynamic conditions maintain330

while hydrogen is absorbed, forming a new phase β.
This phenomenon corresponds to the co-existence
of these phases in equilibrium with the gas.

The completion of the H2 + α ⇀↽ β transfor-
mation accompanies the cessation of hydrogen ab-335

sorption at constant pressure. At this point, with
constant temperature hydrogen is further absorbed
only by incrementing its pressure. The precise solu-
bility range of β and the mechanisms of transforma-
tions it undergoes upon hydrogenation are not yet340

fully understood but seem to be highly dependent
on the sample history, temperature and sorption
path [27].

After complete formation of β, at lower temper-
atures the increment in hydrogen pressure results345

in a smooth inflection of the pressure-composition
curve, particularly visible in the logarithmic scale
as a slopped plateau. At higher temperatures, the
slope increases and the inflections become less evi-
dent. Above a critical temperature, there is no clear350

evidence of this phenomenon, and the exact point is
difficult to determine since the transition is narrow
and quite gradual.

The formation of the γ phase occurs at maximal
hydrogenation, and experimental evidence shows355

that it may be a highly stable structure in the sys-
tem, whilst the formation of β2 is possibly only a
metastable process. This is for example indicated
by Reidinger et al. [27] by the fact that anneal-
ing at 800 °C followed by activation facilitates the360

formation of γ, which could then be detected in co-
existence with α at FeTiH1.12. Another hint is the
observations by Goodell et al. [39] showing that
by increasing the number of sorption cycles, the
second plateau fades out and higher hydrogen pres-365

sure is required to reach the same level of hydrogen
absorption, although the first plateau pressure re-
mains unaffected.

Both pieces of evidence give rise to the possibility
that once γ forms, it remains in the system, block-370

ing the formation of the intermediate β2 phase when
a certain threshold amount of γ is present.

We want to note that even though correspond-
ing deuterides and hydrides in the FeTi-H/D sys-
tems are isomorphic [24], their lattice parameters375

[26] and the equilibrium pressure [25] slightly vary.
Some transition points observed in deuterides might
slightly shift in comparison to corresponding hy-
drides and thus our hypotheses have to be taken
with a grain of salt.380

2.5. The FeTi-H phase diagram

The first proposed phase diagram for the FeTiHx

system [20] indicates that the solubility limit of
α and the equilibrium composition of β with α

would be constant at least up to 70 °C. It also385

shows the existence of a critical temperature be-
tween 55 °C and 70 °C above which a discrete coex-
istence of β and γ can no longer occur and the trans-
formation should become continuous (indicated by
dashed lines in Fig. 2). This phenomenon was as-390

sumed based on the lack of evidence of a second
plateau for the 70 °C isotherm curve and the vesti-
gial plateau trace at 55 °C.

Later, Bowman et al. [40] extended the phase
diagram by compiling higher-temperature PCI sets395

from Reilly [20, 41] and Yamanaka [37]. Despite
some uncertainties, there was a good agreement
with respect to α to β phase limits. Bowman’s
NMR study revised the FeTiHx diagram (includ-
ing some range of uncertainty for low-temperature400

lines), extended the α+β phase limits to a higher
temperature and showed an absence of the critical
temperature for the β+γ two-phase region below
127 °C [40]. He also suggested a γ-β transforma-
tion at 117 °C either because of a critical stability405

temperature or due to some release of hydrogen.
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Figure 2: Adaptation of the schematic FeTi-H phase dia-
gram from Schober and Schaefer [26] superimposed to the
one proposed by Reilly and Wiswall [20]. See text for de-
tailed explanation.

In light of calorimetric and structural data in the
range between 1–72 °C, Lebsanft [42] proposed a
variation of the α-β solubility limit, indicating that
somehow they would converge to a critical point at410

higher temperatures and that the limit of stabil-
ity of β should be much closer to FeTiH2, showing
that γ is possibly only stable as a quasi stoichio-
metric compound. Even though not mentioned by
Lebsanft in his thesis, Schefer et al. [29] claimed415

that an additional plateau was visible in the low-
temperature curves from Lebsanft and thus that the
β2 phase could be forming.

Soon after, Schober analyzed the system by TEM
at varying temperatures. Cooling of the samples420

confirmed that β and γ could be kept in cryogenic
temperatures, while sample heating revealed a peri-
tectoid transition γ ⇀↽ α + β above 60 °C [23].
An additional phenomenon was later observed by
Schober and Schäfer upon cooling under 35 °C [26].425

They found that plate-like phases precipitate in
hydrogen-rich β regions, agreeing with the previ-
ous evidence [29] of an existing ordered β2 in equi-
librium with β1. Their published schematic phase
diagram suggested another peritectoid reaction β2430

⇀↽ γ + β1 around 35 °C at FeTiH1.33, as shown by
dash-point lines in Fig. 2.

More recently, Endo et al. [43] used in-situ
synchrotron radiation X-ray diffraction (SR-XRD)
analysis under severe hydrogen fluid pressure of435

5 GPa at 600 °C and observed a hydrogen-induced
order-disorder transition from the α-like ordered

FeTi solid solution into a bcc hydride. Under these
harsh conditions, the α-like phase presented higher
hydrogen solubility and transformed into the bcc440

hydride, which underwent a lattice expansion of
21% at its maximal hydrogenation stage. After
some time, the bcc hydride decomposed into TiH2

and Fe2Ti.
We conclude this subsection by noting that the445

FeTiHx phase diagram is essentially metastable
since the hydrogenation of FeTi occurs under para-
equilibrium conditions. Thus, there is no confirma-
tion that the kept metallic equimolar quantity of
the hydrides in the two-phase regions is in their450

thermodynamically most stable form. However,
since the alloy keeps its composition due to the slug-
gish diffusion kinetics of metal elements at lower
temperatures and because the enthalpies of forma-
tion of TiH2 and Fe2Ti are much lower compared455

to those of the ternary hydrides [37], the system
tends to disproportionate to eventually reach com-
plete equilibrium, as observed by Endo et al. [43].

2.6. Implications for the thermodynamic model

We finish the literature review of the FeTi hydro-460

genation by concluding that from a technical per-
spective, the α↔ β transformation appears to have
the highest relevance for hydrogen storage applica-
tions and therefore will be the core of our thermody-
namic model presented in this work. Nevertheless,465

in the future the γ-hydride should to be taken into
account as well due to its role in limiting reversibil-
ity of the (de)hydrogenation processes.

3. Experimental & computational methods

3.1. Measurement of PCI curves470

Fe foil (99.5% purity, purchased from Sigma-
Aldrich) and Ti foil (99.7% purity, purchased from
Alfa Aesar) were placed into an arc melter and
samples with a total of 4 g were melted together.
The resulting ingot with an atomic ratio of 1:1 was475

re-melted at least five times to ensure homogene-
ity, and then suction-cast into a rod-shaped copper
mold with dimensions of 3 mm diameter and 30 mm
length.

The FeTi rod was transferred into an argon-filled480

glovebox, with a circulation purifier controller to
keep O2 and H2O levels lower than 1 ppm to min-
imize oxidation and degradation of the material.
The alloy was hand crushed and then sifted through
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a 125 µm sieve. The fine powder material was ac-485

tivated at 90 °C under dynamic vacuum for 15 h,
after that 10 cycles were used to further activate
the sample. The cycling conditions were 50 bar and
50 °C for absorption followed by 1 bar and 50 °C for
desorption. A sample of approximately 1.8 g was490

used for the PCI measurements.

PCI curves were recorded at 40, 50, 60, 70,
and 100 °C under ultra-pure hydrogen gas atmo-
sphere using the Sieverts method (employing Se-
taram PCT-Pro 2000 & Hy-Energy) [44]. The pres-495

sure was controlled so that an increment step was
performed when the absorbed hydrogen content did
not change within 10 min in mono-phase regions.
For the points near and on the plateau, the wait-
ing time at constant pressure was about 120 min500

for absorption and 180 min for desorption to allow
enough time for equilibration.

3.2. First-principles calculations

Spin-polarized DFT calculations for the known
and hypothetical bulk phases in the pseudo-binary505

FeTi-H system were carried out with the Vienna
ab-initio simulation package (VASP) version 5.4.4
[45, 46, 47, 48]. For the description of exchange
and correlation effects, the revised version of the
Perdew-Burke-Ernzerhof functional for solids and510

surfaces (PBEsol) [49] within the generalized gra-
dient approximation (GGA) was used.

Long-range dispersive (van der Waals) interac-
tions were incorporated with the DFT-D3 cor-
rection method including Becke-Johnson damping515

[50, 51]. We made use of the projector augmented-
wave method (PAW) [52] implemented in VASP
and included all plane waves within a kinetic en-
ergy cut-off of 450 eV for the calculations.

All structures were fully optimized (ISIF=2)520

until the residual atomic forces were less
than 0.01 eV·Å−1 with an energy tolerance of
1×10−5 eV. A Monkhorst-Pack scheme k-point
spacing of 0.4 Å−1 was used for the calculations.
In order to account for the strong electronic525

correlations of the localized orbitals, an on-site
Hubbard U correction [53, 54, 55] of 4.0 and 4.3 eV
was applied to Ti and Fe, respectively.

The total energy of hydrogen (necessary to com-
pute the respective formation energies) was ob-530

tained at the same level of theory by placing H2

in a large unit cell with sufficiently large vacuum
space around the molecule to avoid self-interactions
caused by the periodic boundary conditions.

3.3. Optimization of thermodynamic parameters535

The optimization of the thermodynamic model
parameters was carried out with the OpenCalphad
software version 6.25 [56]. The data relating solu-
bility limits over temperature were taken from the
measured PCI curves. The calculated DFT ground-540

state formation energies of each end-member of
the phase models were assumed to be a reason-
able approximation to the enthalpy of formation
at room temperature (298.15 K) and therefore em-
ployed as experiments during the optimization of545

the model parameters. For the α phase solubility
limits, the experimental data came from absorption
curves where α is in equilibrium with the H2 reser-
voir.

Neither absorption nor the desorption pressure-550

composition curves represent the true equilibrium
[33]. Despite the high level of hysteresis, the av-
erage pressure between absorption and desorption
plateaux were used to represent the three-phase
equilibria. The solubility limits for the β phase were555

taken from desorption curves.
Plausible initial values for the model parame-

ters were chosen based on experience and physico-
chemical intuition and evaluated while giving se-
lected pieces of data certain weights in order to560

achieve satisfactory description of the system. In
general, higher weights were attributed to equilibria
involving three phases, and lower weights to data
containing some discrepancies and inconsistencies.

4. Thermodynamic modeling565

4.1. Para-equilibrium description

To account for the para-equilibrium, we merged
Fe and Ti into a hypothetical element ’FT’ and
set up the utilized models accordingly. The sec-
tion FeTi-H of the ternary system correlates to the570

pseudo-binary metal-hydrogen system FT-H. This
description permits the evaluation of hydride pa-
rameters under para-equilibrium since it avoids in-
cluding the more stable binary phases that compose
the complete equilibrium. I.e., instead of predict-575

ing the decomposition of the hydrides into Fe2Ti
+ TiH2, the equilibrium calculation describes the
metastability of the ternary hydrides with the gas.

4.2. Calculation of formation energies

As mentioned before, the crystal structure of the580

γ phase is still under debate. Therefore, the cal-
culated lowest-energy dihydride structure predicted
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by “Materials Project”developed by Jain et al. [57]
was employed in this work to represent γ. Based
on the α, β, and γ structures, new compounds were585

produced by permuting hydrogen and vacancy in
the sites that are known to allow solubility.

As an initial comparison, the DFT ground-state
formation energy (∆EφFeTiHn

) for each compound
was calculated in relation to the stable-element ref-590

erence (SER) as shown in Eq. 1:

(1)∆EφFeTiHn
= EφFeTiHn

− (Ebcc
Fe + Ehcp

Ti +
n

2
E0K
H2

) .

Hydrogen gas is approximated via the DFT en-
ergy of an H2 molecule in vacuum at 0 K (see
method section), neglecting its entropic term.

4.3. The gas phase595

The gas phase was considered to have an ideal be-
havior within the temperature and pressure range
of interest [58]. In principle, the ternary gas can
contain Fe, FeH, Fe2, H, H2, Ti and Ti2. In our
study, only FT and H2 were chosen to constitute600

the gas phase because these species are the most
likely to be encountered in the temperature regime
of hydrogen storage materials. Since H2 is much
more stable in H-rich regions and because allowing
a solubility of FT supports numerical convergence605

during the equilibrium calculations, we adopted FT
as a species in the gas phase. The total Gibbs en-
ergy of one mole of “formula unit” (FT, H2) of the
gas phase is then given by:

Ggas =
∑
i

yi[
0Ggas

i +RT ln(P/P0)] +RT
∑
i

yi ln yi ,

(2)

where 0Ggas
i is the standard Gibbs energy of con-610

stituent i in the gas state from the SGTE database
[59], which is based on the JANAF thermochemi-
cal tables [60], P0 stands for the atmospheric pres-
sure of 101325 Pa, yi is the constituent fraction of
species i, and R is the universal gas constant. The615

vapor Fe parameters were chosen to account for the
hypothetical FT species in the gas phase.

4.4. The α phase

Since the B2 structure has three octahedral sites
per metallic atom, a two-sublattice (2SL) model620

(FT)(vac, H)3 was used to describe the α phase
accounting for a 1:3 ratio of substitutional to inter-
stitial sites keeping consistency with most models

describing bcc-like structures [9]. The first SL ac-
counts for metallic sites, while the second SL rep-625

resents the octahedral sites where vacancies (vac)
and hydrogen (H) mix. The Gibbs energy per mole
of formula unit is expressed as follows:

(3)

Gα = oyvac
0GαFT:vac + oyH

0GαFT:H

+ 3RT (oyH ln oyH + oyvac ln oyvac)

+ oyvac
oyH

n∑
υ=0

υLαFT:H,vac(
oyH − oyvac)υ .

The oyi variables represent the fraction of species
i placed in the octahedral sites. The last term630

of Eq. 3 is the Redlich-Kister polynomial [61],
where υLFT:H,vac accounts for the υth-order bi-
nary interaction between hydrogen and vacancy in
the interstitial lattice. This can be expressed as
υLαFT:H,vac = υAα + υBαT , where A and B are op-635

timized model parameters (see Tab. 2).

The 0GαFT:vac and 0GαFT:H terms are the Gibbs
energies of the end-members of the α phase.

0GαFT:vac represents the Gibbs energy of the FeTi-
B2 phase. The value was obtained by analyti-640

cally solving the bcc order-disorder model from
Santhy and Kumar [62] assuming perfect order-
ing. Because the ordering is a second-order transi-
tion, the order-disorder description of the bcc phase
enforces the treatment of the ordered and disor-645

dered state within the same Gibbs-energy expres-
sion. In this case, a 2SL model (Fe,Ti)(vac)3 rep-
resenting a solid solution of Fe and Ti in the bcc
metallic lattice (disordered phase) and a 3SL model
(Fe,Ti)(Fe,Ti)(vac)3 to represent the partitioning650

of the metallic site into two different sites (ordered
phase) are used.

The disordered state of the ordered phase is given
when each element fraction in each partitioned sub-
lattice is equal to the overall mole fraction. The re-655

duction of the Gibbs-energy due to ordering is cal-
culated by the difference between the properly or-
dered phase and the ‘ordered phase as disordered’.
The reader is referred to [9] for a more detailed ex-
planation.660

Using this model, the maximum ordering contri-
bution in the FeTi bcc phase occurs when each par-
titioned metallic sublattice is fully occupied by un-
like metallic atoms (see Fig. 1 a), i.e. when the ther-
modynamic model possesses (Fe)0.5(Ti)0.5(vac)3 or665

(Ti)0.5(Fe)0.5(vac)3 configuration and equimolar
quantities:
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(4)
0GαFT :vac = 0.5GSER

Fe + 0.5Gbcc
Ti + 0.250GFeTi

+ 0.25Gxs
dis − 0.25Gxs

ord .

The parameter representing the perfect ordered
bcc phase includes the formation energy of the
FeTi-B2 phase referenced in the pure metals in their670

bcc form, and terms coming from the excess contri-
butions of the equimolar disordered phase and the
‘ordered phase as disordered’ (see Eq. 4 and Tab. 2).

0GαFT:H is the Gibbs energy of formation of the
hypothetical compound FeTiH6 with metallic B2675

structure and all available octahedral sites occupied
by H (α6). It can be expressed as:

(5)0GαFT :H = 0GαFT:vac +
3

2
GSER

H2
+ ∆Hα6

f + ∆Sα6

f T .

The enthalpy and entropy of formation for the
FeTiH6 compound (∆Hα6

f and ∆Sα6

f , respectively)
were evaluated using the results in the present work680

(see Tab. 2). The formation energy of FeTiH6 in the
α structure was obtained through Eq. 1 and used
to represent the experimental value of ∆Hα6

f .

4.5. The β phase

Experimental evidence shows that the β phase685

has at least one hydrogen per formula unit and that
hydrogen occupies the first octahedral site, which is
why we used a 3SL model (FT)2(H)(vac, H) for the
phase description.

The first SL represents the substitutional posi-690

tions of the metallic sites, while the second and
third SLs represent the H1 and H2 interstitial sites,
respectively. Such a model allows additional hy-
drogen to enter and mix with vacancies only in H2.
When the H2 sites are empty or occupied by hy-695

drogen, the model gives rise to two end-members in
the frame of β, FeTiH and FeTiH2, related to the
β1 and β2 structures, respectively.

The mixing in the H2-SL allows the description of
the miscibility gap between β1 and β2 and its depen-700

dence on temperature permits the reproduction of
the observed critical temperature above which the
transformation appears as a continuous process.

The Gibbs energy of β per mole of formula unit
is given as:705

Gβ = H2yvac
0GβFT:H:vac + H2yH

0GβFT:H:H

+RT (H2yH ln H2yH + H2yvac ln H2yvac)

+ H2yvac
H2yH

n∑
υ=0

υLβFT:H:H,vac(
H2yH − H2yvac)υ ,

(6)

where H2yi is the fraction of component i in the
H2 octahedral sites.

Analogous to the α phase, the last term of
Eq. 6 is the Lβ Redlich-Kister polynomial with
υLβFT:H:H,vac = υAβ + υBβT.710

The 0GβFT:H:vac and 0GβFT:H:H terms are, respec-
tively, the Gibbs energies of formation of β1-FeTiH
and β2-FeTiH2 compounds referenced to the FeTi-
B2 and H2-gas phases:

0GβFT :H:vac = 20GαFT:vac +
1

2
GSER

H2
+ ∆Hβ1

f + ∆Sβ1

f T

(7)

0GβFT :H:H = 20GαFT:vac +GSER
H2

+ ∆Hβ2

f + ∆Sβ2

f T .

(8)

∆H∗
f and ∆S∗

f are evaluated parameters (see715

Tab. 2).
For the end-members of the β phase, the DFT

formation energies were calculated in reference to
the B2 phase and the H2 molecule, as stated in
Eqs. 9 and 10:720

(9)∆Eβ1

FeTiH = Eβ1

FeTiH − (EB2
FeTi +

1

2
E0K
H2

)

(10)∆Eβ2

FeTiH2
= Eβ2

FeTiH2
− (EB2

FeTi + E0K
H2

) .

5. Results and Discussion

5.1. Ground state analysis

The ground state formation energies of the an-
alyzed compounds are summarized in Tab. 1 and
shown in Fig. 3.725

Table 1: Compound models, DFT ground state forma-
tion energies (∆Ef ) and calculated enthalpies of formation
(∆Hf ) per mole of atom at 298 K.

Compound Space
group

Thermodynamic
model

∆Ef
[kJ/mol]

∆Hf
[kJ/mol]

α−FeTiH6 Pm3m (FT)(H,vac)3 43.8 43.7
β1−FeTiH –20.0 –20.1
β2−FeTiH2

Pmma (FT)2(H)(H,vac)
–12.4 –12.5

γ−FeTiH2 Cmmm — –27.3 —

Even though the mole fraction solubility limit of
hydrogen in α is around 0.047, H may occupy any
of the available six octahedral sites. However, note
that the addition of a single H atom into the α

unit cell already surpasses the experimentally ob-730

served solubility limit. Consequently, the generated
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Figure 3: DFT ground state formation energies of α, β and
γ structures obtained via hydrogen-vacancy permutations in
the octahedral sites. The large spread of values for α result
from the combination of low hydrogen solubility in this phase
and the large number of possible occupation sites for H in
this structure.

α structures containing hydrogen correspond to hy-
pothetical and unstable compounds with positive
energies of formation.

Due to symmetry, there are only two options735

for adding a single hydrogen to the α-phase unit
cell: the Fe2Ti4 and the Fe4Ti2 octahedral sites.
The permutation of distributing up to six H atoms
in both octahedral sites produces 20 distinguished
compounds. Our calculations (see Table S1 in the740

Supporting Information) show that the lowest for-
mation energy for adding a given number of H
atoms into the α unit cell lattice is obtained when
the H atoms are the furthest apart from each other
as possible and preferentially located in Fe2Ti4745

sites, agreeing with the findings from Nong et al.
[28].

The construction of β structures involved the per-
mutation of two H atoms and vacancies in the H1
and H2 Fe2Ti4 interstitial sites, which are known to750

permit some H solubility. The β-FeTiH structure
with the lowest energy agrees to that provided by
“Materials Project” [57]. Interestingly, all the an-
alyzed β-structures containing H have lower molar
energy of formation at 0 K than the pure α-FeTi.755

As mentioned in section 2.4, there is some ex-
perimental evidence regarding competing stability
between γ and β2. Our ab-initio results suggest
γ to possess highest thermodynamic stability as it
has the lowest calculated molar formation energy760

among all analyzed hydrides in the FeTi-H system.

Moreover, our DFT calculations reveal that upon

removal of one H per formula unit from the γ unit
cell, including those located in Fe4Ti2 octahedral
sites, the structure tends to relax, recovers orthog-765

onality and approaches cell shape and formation
energy of β1.

On the other hand it is interesting to note that
the β dihydride formation energy is also negative,
suggesting that a dihydride with β structure may770

form as a metastable state in the system. By using
the calculated β2 formation energy to represent the
end-member of β, we were able to reproduce the
experimental PCI data more closely. Thus, it ap-
pears to be a more realistic description and we hy-775

pothesize that the formation of β during the hydro-
genation might be a metastable process inside the
frame of para-equilibrium. For this reason, we chose
not to include a γ phase model in the thermody-
namic description at this point as our approach al-780

ready reproduced the underlying physico-chemical
processes relevant for technical application of FeTi
as a storage material faithfully with respect to ex-
perimental observations. However, a more detailed
description including a γ phase model will follow in785

the near future.

We can further assume that upon hydrogenation,
the formation of β facilitates the hydrogen atoms to
first diffuse into the Fe2Ti4 sites, forming β2. Sub-
sequently, if sufficient external conditions are given790

to surpass the activation energy for the hydrogen to
jump into Fe4Ti2 sites, β2 transforms into γ. This
mechanism supports the explanation of why β2 is
observed during absorption, in contrast to β1 that
appears only during desorption [27] as well as the795

high hysteresis level upon absorption-desorption cy-
cles [39].

5.2. Thermodynamic evaluation

The auxiliary functions and assessed parameters
optimized from the experimental data are listed in800

Tab. 2.

The calculated phase diagram of the FeTi-H sys-
tem comparing the experimental data from this
work and Reilly [20] is shown in Fig. 4 . The data
describes the solubility limits and the miscibility805

gap within the β phase region. The estimated crit-
ical point is calculated at xH = 0.415, Tc = 336 K
in good agreement with estimates by Reilly and
Wiswall [20].

The calculated pressure-composition phase dia-810

gram at 313 K superimposed with experimental
data from this work is shown in Fig. 5. Good
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Table 2: Assessed thermodynamic parameters of the FeTi-H
system.

Model parameters Reference

Gxs
dis = −68448 + 23.825T [62] and this work

Gxs
ord = −10953− 6097 [62] and this work

0GFeTi = −76147−46.603T+8.663T ln(T )−
7.151E−3T 2 + 1.121169E−6T 3

[62]

0GB2
Fe:Ti:vac = 0.50GFeTi [62] and this work

0GαFT:vac = 0.5GSER
Fe + 0.5Gbcc

Ti +

0.250GFeTi + 0.25Gxs
dis − 0.25Gxs

ord

[62] and this work

0GαFT:H = 0GαFT:vac+ 3
2G

SER
H2

+200000+130T This work

0GβFT:H:vac = 2 0GαFT:vac+ 1
2G

SER
H2
−11160+

46.7T

This work

0GβFT:H:H = 2 0GαFT:vac+GSER
H2
−721+35.8T This work

0LαFT:H,vac = −346135 This work
1LαFT:H,vac = −149824 This work
0LβFT:H,vac = −20563 + 63.3T This work
1LβFT:H,vac = −35321 + 95T This work
2LβFT:H,vac = −27123 + 68.7T This work

Figure 4: Calculated FeTi-H phase diagram at 50 MPa. Ex-
perimental data from this work as well as from [20] is shown
for comparison.

agreement is also obtained in the analyzed pressure
range, especially for the α solubility limits.

In Fig. 6, the calculated equilibrium pressure is815

plotted together with values obtained during ab-
sorption and desorption, as it is known that the
true equilibrium plateau pressure may lie between
absorption and desorption curves [33]. Fig. 7 shows
calculated partial enthalpies as a function of hydro-820

gen fraction at temperatures below and above the
miscibility gap compared to experimental data.

Figure 5: Calculated pressure-composition diagram in the
FeTi-H system at 313 K. Superimposed is correspondent ex-
perimental PCI data from this work.

Figure 6: Calculated first plateau pressure as a function of
the inverse temperature in the FeTi-H system in comparison
with experimental data from this work. As to be expected,
the true equilibrium plateau pressure lies between absorption
and desorption curves [33].

Although the plotted data of partial enthalpies
were not taken into account during optimization,
the calculated values lie in the expected range.825

From Wenzl and Pietz [63], the heat capacity at
constant pressure (CP ) of Fe0.49Mn0.01Ti0.5H0.47

(corresponding to β1 composition), is measured to
be 18.3 J/mol·K at 280 K and may be compared to
our calculated CP value of 20.5 J/mol·K of the β1-830

FeTiH phase at the same temperature. Since phase
transformations occurring at high hydrogenation
level (surpassing β1 composition) may not reach
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Figure 7: Calculated partial enthalpy at low temperatures
as a function of composition in the FeTi–H system. Experi-
mental data from [36] is shown for comparison.

the complete equilibrium, data in this composition
range is scarce and may depend heavily on the his-835

tory of the sample (phase constitution). For this
reason, we conclude by stating that our calculations
agree well with the available experimental data and
show that the developed models can describe the
most relevant thermodynamic aspects for design840

and optimization of intermetallic materials for hy-
drogen storage.

6. Conclusions

We successfully assessed the thermodynamics of
the FeTi-H system by properly selecting phase mod-845

els and optimizing associated parameters based on
a combination of

1. Experimental data on the solubility limits ac-
quired from new PCI measurements

2. DFT calculations of ground state formation en-850

ergies.

The thermodynamic description of the FeTi-H
system was represented by modeling the Gibbs en-
ergies of individual phases. Our thermodynamic
assessment of the system reproduces most thermo-855

dynamic quantities that are of technological impor-
tance for development of metal hydride-based hy-
drogen storage materials, even though only the α

and β hydrides were considered in the model.
860

Additional key findings include:

• Our ab-initio calculation results show that hy-
drides with β and γ structures have negative
formation energy when hydrogen atoms are
permuted in the octahedral sites and thus are865

likely to be formed during hydrogenation.

• The noticeably lower ground state energy of
formation of γ dihydride compared to β dihy-
dride suggests that the γ phase may emerge
under certain conditions, which in turn hinders870

the reversibility of the hydrogenation of FeTi.

The present work is expected to serve as a key ba-
sis for modeling hydrides involving the FeTi system.
In addition, the assessed thermodynamics can pro-
vide necessary input parameters for kinetic models875

and hydride phase microstructure simulations [64].
Note here that we assessed the thermodynamics of
the FeTi-H system employing the freely available
OpenCalphad software, which to our knowledge is
the first instance it was used for a complete ther-880

modynamic assessment.
In our subsequent work, we plan to extend these

pseudo-binary models to account for full ternary
systems, allowing for more detailed hydrogenation
simulations for FeTi and other MHs.885
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