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Despite of the ubiquitous presence of passivation on most metal surfaces, the microscopic-level 

picture of how surface passivation occurs has been hitherto unclear. Using the canonical 

example of the surface passivation of aluminum, here we employ in situ atomistic transmission 

electron microscopy observations and computational modeling to disentangle entangled 

microscopic processes and identify the atomic processes leading to the surface passivation. 

Based on atomic-scale observations of the layer-by-layer expansion of the metal lattice and its 

subsequent transformation into the amorphous oxide, it is shown that the surface passivation 

occurs via a two-stage oxidation process, in which the first stage is dominated by intralayer 

atomic shuffling whereas the second stage is governed by interlayer atomic disordering upon 

the progressive oxygen uptake. The first stage can be bypassed by increasing surface defects to 

promote the interlayer atomic migration that results in direct amorphization of multiple atomic 

layers of the metal lattice. The identified two-stage reaction mechanism and the effect of surface 

defects in promoting interlayer atomic shuffling can find broader applicability in utilizing 

surface defects to tune the mass transport and passivation kinetics, as well as the composition, 

structure and transport properties of the passivation films. 
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1. Introduction

Nearly all metals spontaneously form a passivating film due to oxidation in their

functioning environments. This naturally formed oxide skin governs the real-world interactions 

of the metal with outer environment and plays a pivotal role in a vast array of technologically 

important processes ranging from corrosion resistance,[1] catalysis,[2] electrochemistry[3] to 

fabrication of gate oxides for electronic devices.[4] Therefore, surface passivation has been a 

topic of intensive interests for both fundamental science and practical technologies.[5] Perhaps 

the most utilized description of low-temperature passivating film formation is the 

phenomenological model by Cabrera and Mott, noting that virtually all metals show a similar 

behavior under ambient conditions.[6] That is, metals display an initial stage of rapid oxide 

growth, followed by a stage of significantly slower growth to a limiting thickness in the 

nanometer range.[7] Cabrera-Mott theory stipulates that such self-limiting oxide growth results 

from a self-generated electric field,[6] where the field-enhanced ionic transport accelerates the 

initial oxidation but is rapidly attenuated with increasing thickness of the oxide film.[5a, 8] 

However, the atomic-level and microscopic mechanism underlying such a self-limiting oxide 

growth behavior has been a longstanding unsettled question since the development of the 

Cabrera-Mott theory back in 1940s.[6] This is because the formation of a passivating layer 

requires atomic exchanges between the surface and subsurface regions and directly 

investigating passivation-induced structure dynamics at the atomic scale has been a major 

challenge for difficulties in atomically and concurrently resolving the structure evolution in 

both the surface and subsurface regions. Understanding passivation phenomena has also been 

complicated by the presence of surface defects and the challenge in directly probing the surface-

subsurface interactions at the defective sites.  

Directly probing the atomic processes governing the oxygen uptake induced structural 

transformation of the metallic lattice into a passivating layer of amorphous oxide has not been 

achieved. This is because the insulating nature of the oxides prohibits the use of many surface-

sensitive techniques based on the detection of charged particles such as electrons and ions to 

both spatially and temporally monitor oxide growth at the buried oxide/metal interfaces and 

across the entire oxide film. The ultrathin nature of the passivating oxide film also hinders the 

use of bulk materials science tools to probe the surface and interface regions because of the 

close proximity. Transmission electron microscopy (TEM) is not subject to such limitations 

and is capable of providing atomic-scale information for both the surface and subsurface 

regions at the same time.[9] Particularly, the developments in TEM have allowed temperature-, 

pressure-, and time-resolved imaging of gas-solid reaction dynamics.[10] By employing a 



4 

dedicated environmental TEM equipped with an image corrector and a differential pumping 

system, here we report an in situ study of the surface passivation reaction by flowing O2 gas in 

the sample area while simultaneously monitoring the structural dynamics from the outermost 

surface to deeper atomic layers under the reaction conditions. The in situ atomic-scale imaging 

is complemented by density-functional theory (DFT) calculations and reactive force-field 

molecular dynamics (ReaxFF MD) simulations. Aluminum (Al) is chosen as a model system 

because of its wide applications where corrosion-resistance is required (see more details in Figs. 

S1, S2). We herein uncover the microscopic mechanism of the self-limiting oxide growth and 

demonstrate that the surface passivation is a two-stage process starting with the intralayer 

atomic disordering upon the incorporation of oxygen into both the surface and subsurface 

regions of the metal lattice, followed by interlayer disordering that results in the full 

amorphization of the oxide layer. 

2. Result and Discussion

Fig. 1 presents in situ high-resolution TEM (HRTEM) images, in cross-sectional view

along the [11̅0] zone axis, of the Al(111) surface at pO2 = 7.310-3 Pa and 298 K. As shown in 

Fig. 1(a), the freshly created Al(111) surface is atomically flat and the interplanar spacing 

matches Al(111) planes. Fig. 1(b) is a HRTEM image of the surface after 2.7 s of O2 exposure 

and shows weakened lattice contrast in some areas of the topmost layer (as marked by the 

dashed white rectangle in Fig. 1(b)). This indicates that the oxygen attack results in the 

extraction of Al atoms from the topmost Al surface, consistent with the prediction from 

atomistic simulations.[11] The O adsorption induced extraction of surface atoms becomes more 

obvious upon the continued O2 exposure, as shown in Figs. 1(c-e), where the increasingly 

weakened lattice contrast in the areas marked with the dashed white rectangles indicates the 

gradual loss of Al atoms from the outermost surface layer. The extraction of Al atoms from the 

outermost layer opens up channels for the incorporation of O atoms into the subsurface region, 

resulting in the observed lattice expansion in the areas marked by the dashed cyan rectangles in 

Figs. 1(d, e). The interplanar spacing of these oxygenated regions undergoes expansion from 

0.23 nm of the pristine Al lattice to 0.28 nm. Such O incorporation induced lattice expansion 

can be termed as paracrystalline (or semicrystalline) disordering,[8, 12] where the intralayer 

atomic order is lost (as evidenced by the loss of the image contrast of individual atom columns 

within the individual atomic planes) whereas the interlayer order is still largely maintained (as 

evidenced by the well resolved interlayer lattice fringes). As seen from the image sequence 

shown in Figs. 1(d-g), the O incorporation induced paracrystalline disordering propagates both 
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laterally and vertically, but at a much faster rate along the lateral direction, which results in 

layer-by-layer oxygenation of the metal lattice planes in the subsurface. The region marked by 

the dashed line in Fig. 1(f) is the remaining Al lattice that soon transforms into the 

paracrystalline disorder within ~ 1.5 s (Fig. 1(g)). Upon continued O2 exposure, the image 

contrast of interlayer lattice fringes becomes less resolved (Fig. 1(h)) and transforms into an 

amorphous state within ~ 6 s (Fig. 1(i)). This corresponds to the transition from the initially 

intralayer disordering to interlayer disordering, thereby resulting in full amorphization of the 

oxide. 

This interlayer disordering also transforms the relatively flat oxide/Al(111) interface to be 

atomically rough. As marked by the dashed boxes in Figs. 1(d, e), the oxide/Al(111) interface 

is first observed to exhibit a relatively wide and flat shape, with the presence of atomic ledges 

during the paracrystalline oxide growth. As the oxidation progresses, the paracrystalline oxide 

transforms into an amorphous state and the oxide/Al(111) interface becomes atomically rough 

(Figs. 1(h, i)). The oxide/Al(111) interface maintains the microscopically rough morphology 

and displays an overall normal movement toward the metal. Figs. 1(j, k) show that the 

amorphous oxide layer thickens by inward migration of the atomically rough interface, by 

which arriving O atoms can directly incorporate into the metal lattice at any site of the interface, 

leading to the continuous oxide growth (such oxide growth with the atomically rough 

oxide/Al(111) interface is confirmed at multiple places and samples, as shown in supplementary 

Fig. S3). Detailed tracing of the movement of the oxide/Al(111) interface is depicted in Fig. 

1(k), where the relative positions of the interface at 24.9 s and 51 s are given for comparison 

and show that the interface moves toward the metal by ~ 0.25 nm within an elapsed time of 

26.1 s. By contrast, the thickness of the oxide layer increases by ~ 0.32 nm during the same 

period. Fig. 1(l) shows further measurements of the thickness evolution of the oxide film and 

the coordinated oxide/interface displacement as a function of time, both of which display an 

initial rapid increase followed by significantly slower growth to a self-limiting regime. This 

self-limiting growth behavior can be fitted well with the logarithmic growth law of the Cabrera-

Mott model. The difference between the oxide film thickness and the oxide/metal displacement 

is caused by the oxide formation induced volume expansion (as evidenced by the oxygenation 

induced lattice expansion in the paracrystalline oxide (Fig. 1(d)) and new oxide formation at 

both the oxide/Al(111) interface and the outer surface. That is, the oxide film growth is both 

inward and outward: inward because of the movement of O atoms toward the oxide/metal 

interface and outward because of the movement of Al atoms toward the oxide surface. The 

inward and outward oxide growth requires the interlayer atomic shuffling and differs from the 
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paracrystalline disordering stage that is dominated by intralayer atomic shuffling of Al atoms 

along with the inward movement of O atoms, as further observed from our ReaxFF MD 

simulations shown later. 

Fig. 2 depicts in situ TEM images illustrating the passivation of Al(100). The freshly 

created (100) surface is atomically flat and oxide-free (Fig. 2(a)). Upon the exposure to pO2 = 

7.310-3 Pa at 298 K, the O attack first results in the abstraction of Al atoms from the outermost 

surface layer, as indicated by the weakened lattice contrast in the regions marked by dashed 

white rectangles in Figs. 2(b-d). The extraction of Al atoms from the outermost layer facilitates 

O incorporation into the deeper layers. This results in the intralayer disordering, for which the 

image contrast of individual atom columns in the oxygenated layers becomes increasingly 

indistinguishable, as marked by the dashed cyan rectangles in Fig. 2(c-e). This paracrystal 

disordering propagates laterally and vertically upon the continued O attack, and the interlayer 

spacing expands from 0.20 nm of the pristine Al lattice to 0.26 nm in the oxygenated region 

(Fig. 2(e, f)). Upon further O incorporation, the image contrast of interlayer lattice fringes in 

the oxygenated region becomes increasingly less resolved (Fig. 2(g)) and gradually transforms 

to the amorphous appearance within ~ 12 s (Fig. 2(h)), indicating the interlayer disordering 

induced amorphization in the oxide layer.  

In contrast to the oxide/Al(111) interface that remains atomically rough during the 

amorphous oxide growth (Fig. 1), the oxide/Al(100) interface consists of atomically flat (100) 

terraces and monoatomic ledges (steps). We observe that the oxide growth occurs via lateral 

flow of ledges along the interface and theses ledges are supplied by repeated nucleation at the 

oxide/metal interface. As marked by the cyan line in Fig. 2(g), the oxide layer embeds locally 

into the metal lattice by one atom layer, presumably through an interface O embedment process. 

This results in the nucleation of two new ledges that subsequently propagate laterally. Fig. 2(g) 

shows three ledges (numbered 1-3) residing at the oxide/metal interface. Within ~ 12 s of O2 

exposure, step 1 grows out of the field of the TEM view via the ledge flow along the interface 

(Fig. 2(h)). At the same time, two new interfacial steps (numbered 4, 5 in Fig. 2(h)) are 

nucleated via the same interfacial O embedment process. All the ledges are observed to sweep 

laterally, resulting in the coordinated ledge-flow growth of the amorphous oxide along the 

interface (Figs. 2(h-k)). In the subsequent 21 s, ledges 2 and 3 also grow out of the field of the 

TEM view (Fig. 2(j)). Fig. 2(k) shows the migration distance of the five ledges over time, 

illustrating a linear time dependence with a similar ledge velocity of ~ 0.26 nm/s except ledge 

3 that has a more defective interface terrace and thus a faster ledge velocity (~ 0.51 nm/s). The 

more atomic defects in the interface terrace associated with ledge 3 is evident from the much-
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weakened image contrast of some atom columns of the metal lattice at the interface (Fig. 2(g)). 

This indicates that interface terraces are still randomly attacked by arriving O although interface 

ledges are more favorable for O incorporation, as confirmed from the observed ledge-flow 

oxide growth. The in situ TEM observations show that most of the interfacial ledges have the 

similar flow velocity, the monatomic ledges propagating in the same direction tend not to merge 

and form higher steps. Figs. 2(i, j) show that all the terraces maintain atomically flat without 

nucleating new ledges, indicating that the inward interface migration toward the metal depends 

on the nucleation frequency of atomic ledges by the O attack to the interface (such oxide growth 

with the wide and flat oxide/Al(100) interface is confirmed at multiple places and samples, see 

supplementary Fig. S4). Despite of the absence of nucleating new interface ledges in Figs. 2(i-

k), however, the oxide film thickness between the outer surface and the interface terrace as 

defined by ledges 4 and 5 still increases by ~ 0.35 nm upon the lateral flow of the two existing 

ledges. This further confirms the interlayer atomic shuffling by the inward movement of O 

atoms and outward migration of Al atoms, which results in new oxide formation at both the 

oxide/metal interface and the outer surface, irrespective of crystallographic orientations ((100) 

vs. (111)). Similar to the (111) oxidation, both the thickness evolution of the oxide film and the 

oxide/Al(100) interface displacement can be fitted well with the logarithmic growth law of the 

Cabrera-Mott model, as shown in Fig. 2(l). 

The in situ TEM observations above show that the passivation of both the Al(111) and 

(100) surfaces occurs via a two-stage oxidation process. Namely, the first stage is dominated

by intralayer disordering whereas the second stage is governed by interlayer disordering that 

results in the full amorphization of the oxide layer. Fig. 3 illustrates time-sequence HRTEM 

images demonstrating that the first stage can be largely bypassed by increasing the surface 

density of atomic defects (mainly atomic steps) to promote the interlayer atomic disordering, 

where the increased atomic-scale surface roughness is produced in situ using a condensed 

electron beam inside the TEM to bombard clean Al surfaces. Figs. 3(a-d) show the oxidation 

of a stepped (111) surface. The surface consists of three relatively wide terraces separated by 

two monatomic steps. Upon the O2 exposure, the two step regions are first attacked, resulting 

in the weakened lattice contrast, as indicated by the dashed white circles in Fig. 3(b). This trend 

becomes more apparent with the continued O2 exposure. As shown by the yellow circles in Figs. 

3(c, d), the step regions are directly transformed into the amorphous oxide whereas the 

subsurface regions of the terraces as marked with dashed cyan rectangles in Figs. 3(c, d) still 

adopt the paracrystal feature with the resolved lattice fringes and the expanded lattice spacing 

of 0.28 nm. Such a difference in the oxide formation between the steps and adjacent flat terraces 
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illustrates the pronounced effect of surface defects in promoting the interlayer disordering and 

direct amorphization in the stepped regions.  

Figs. 3(e, f) show in situ HRTEM images illustrating the passivation of a highly stepped 

surface with the direct formation of the amorphous oxide upon the O2 exposure. As marked by 

the white line in Fig. 3(e), the pristine surface consists of a highly stepped region and less 

stepped regions with relatively wider (111) terraces. The O2 exposure results in the direct 

formation of the amorphous oxide in the highly stepped region but the paracrystalline oxide in 

the less stepped region, as marked by the dashed white oval and dashed cyan boxes, respectively, 

in Fig. 3(f). Upon the continued O2 exposure, the entire surface transforms into a continuous 

oxide layer and the oxide/metal interface maintains atomically rough during the oxide growth 

(Figs. 3(g, h). Figs. 3(i-l) show another example illustrating that the further increased density 

of surface defects can completely suppress the paracrystal disordering. In the beginning, the 

pristine surface contains a high density of atomic steps with the overall surface orientation along 

the [11̅0] direction (Fig. 3(i)). Upon the O2 exposure, an amorphous oxide thin film develops 

instantly across the entire surface (Fig. 3(j)). As shown in Figs. 3(j-l), no paracrystal feature of 

interlayer lattice fringes is visible during the oxide growth, confirming the absence of the 

intralayer disordering prior to the amorphous oxide formation.  

Fig. 4 illustrates that the paracrystalline Al oxide is relatively O-deficient compared to the 

amorphous Al oxide films. Fig. 4(a) is a scanning TEM (STEM) high-angle annular dark-field 

(HAADF) image of a corner region at the intersection of two oxidized surface facets. The outer 

oxide layer has darker contrast because of its relatively lower average atomic mass compared 

to the Al substrate. Fig. 4(b) is a HRTEM image obtained from the area marked by the dashed 

white rectangle in Fig. 4(a), showing the amorphous nature of the oxide layer. By contrast, the 

HRTEM image (Fig. 4(c)) obtained from the intersecting surface as marked with the dashed 

red rectangle in Fig. 4(a) shows the paracrystalline nature of the oxide layer, as indicated by the 

presence of interlayer lattice fringes. Such a difference in the oxide growth is related to the 

nature of the as-prepared pristine surfaces. That is, flat surfaces favor the paracrystal 

disordering in the first stage of the passivating oxide film growth whereas the rough surfaces 

result in the direct formation of the amorphous oxide, as has already been shown from the in 

situ TEM image sequences in Figs. 1-3. Fig. 4(d) shows an O elemental map from electron 

energy loss spectroscopy (EELS) acquired from the region that covers both the amorphous and 

paracrystalline oxide regions, as marked with the green square in Fig. 4(a). The EELS mapping 

reveals that the amorphous oxide layer has stronger O intensity than the paracrystalline oxide 

layer, suggesting that the paracrystalline oxide layer is relatively O-deficient compared to the 
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amorphous oxide layer. This is further confirmed by spectrum profiles of EELS measurements, 

showing the stronger peak intensity of the O-K edge from the amorphous oxide layer than that 

of the paracrystalline oxide layer (Fig. 4(e)). Fig. 4(f) shows EELS Al-K edge spectra from the 

paracrystalline Al oxide, amorphous Al oxide and the bulk Al, respectively. It can be seen that 

the EELS Al-K edge spectrum obtained from the paracrystalline oxide resembles more of the 

metallic Al than the amorphous Al oxide, indicating that Al atoms in the paracrystalline Al 

oxide film are only partially oxidized because of the deficiency of O. This difference in the 

oxide composition is further cross-validated by X-ray photoelectron spectroscopy 

measurements of the surface oxidation of an Al(111) single crystal, showing the increased O/Al 

atomic ratio of the surface oxide upon the continued O2 exposure induced paracrystalline → 

amorphous transformation in the oxide film (supplementary Fig. S5). 

The above TEM results and analysis are drawn from various experiments conducted on 

different regions of various samples. The TEM electron-beam irradiation has a negligible effect 

on the observed oxide film growth to the limiting thickness of ~2.5 nm after ~ 300 s of the O2 

exposure (more details in SI-5). This is confirmed with “comparison experiments” at multiple 

surface locations by un-blanking and blanking the electron beam (Figs. S6, S7). In addition, the 

effect from the possible presence of any background gas molecules (mostly hydrogen, water 

vapor, carbonyl) in the TEM column is found to be negligible on the observed Al oxide film 

growth. This is confirmed by in situ TEM observations, showing that the Al surfaces maintain 

oxide-free for a relatively long period of time inside the environmental TEM before flowing O2 

gas in the sample region (Fig. S8). 

To further elucidate the microscopic processes underlying the observed paracrystalline and 

amorphous oxide growth, we performed ReaxFF MD simulations of surface oxidation on flat 

and stepped Al surfaces. Figs. 5(a-f) show the simulation snapshots illustrating the atomic 

displacements taken at different O2 exposure times of the flat Al(100) surface. Figs. 5(c, d) 

depict the displacement vectors of O and Al atoms between 1 ps and 80 ps, corresponding to 

the early stage of the oxide film growth. As can be seen, the displacement vectors of O atoms 

show both components parallel to the oxide surface and toward the metal, indicating the 

intralayer movement and inward migration towards the Al substrate. By contrast, the 

displacement vectors for most of the Al atoms are approximately parallel to the oxidized surface, 

revealing the intralayer shuffling of Al atoms. This simulation duration corresponds to the 

experimentally observed paracrystal disordering stage (Figs. 1, 2), in which the interlayer lattice 

planes are still maintained but intralayer atomic order is lost. Fig. 5(b) illustrates a snapshot of 

the simulation at 200 ps, and Figs. 5(e, f) show the displacement vectors of O and Al atoms 
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between 101 ps and 200 ps, at the relatively later times of the O2 exposure. The movements of 

O atoms still show the intralayer and inward migration components. Meanwhile, we also 

observe the increased component of the displacement vectors for Al atoms along the direction 

from the metal towards the oxide surface, indicating the enhanced outward migration of Al 

atoms. This simulation duration corresponds to the experimentally observed amorphization 

stage (Figs. 1, 2), in which both the interlayer and intralayer migration of Al atoms take place. 

The enhanced interlayer mobility of Al atoms can be attributed to the increased O concentration 

in the oxide film upon the continued O2 exposure, for which the stronger attractive interactions 

between O and Al atoms act as the driving force in the interlayer disordering process. This is 

also corroborated by our experimentally measured higher O content in the amorphous oxide 

film than that in the paracrystalline oxide (Fig. 4 and Supplemental Fig. S5). Our MD 

simulations of the oxidation of the stepped surface (Fig. 5(g)) further confirm the effect of 

higher O content on promoting the interlayer mobility of Al atoms. Figs. 5(h, i) show the MD 

snapshots taken between 1 ps and 80 ps of the O2 exposure (same as those in Fig. 5(b, c)). As 

marked by the dashed magenta circle in Fig. 5(h), the subsurface of the step region shows 

locally deeper penetration and higher concentration of O atoms than that in the subsurface of 

the terraces, indicating that surface steps open fast channels for subsurface O incorporation. As 

a result, the interlayer shuffling of Al atoms is effectively promoted in the vicinity of the step. 

This is evidenced in Fig. 5(i), where a higher component of the displacement vectors of Al 

atoms along the vertical direction is observed in the subsurface of the step than that in the 

subsurface of the terrace. This is consistent with our in situ TEM observations (Fig. 3) showing 

the direct formation of the amorphous oxide in the stepped region by bypassing the 

paracrystalline oxide formation. It is worth mentioning that the above MD simulation results 

from the Al(100) surfaces are also valid for both the flat and stepped Al(111) surfaces, which 

exhibits a similar behavior (Supplementary information Fig. S9).  

Furthermore, we discuss our results on the oxide growth at the oxide/metal interfaces. Our 

in situ TEM observations and MD simulations above have shown that the oxide growth involves 

inward migration of O atoms towards the metal for both the (111) and (100) surfaces, which in 

turn drives the outward motion of Al atoms. However, a dramatic difference exists for the oxide 

growth at the oxide/Al(111) and oxide/Al(100) interfaces. That is, the oxide/Al(111) interface 

is atomically rough and the interface advances towards the metal by random attack of the metal 

atoms across the interface (Fig. 1). By contrast, the oxide/Al(100) interface is relatively 

atomically flat and the interface advances through lateral oxide growth by the flow of 

monatomic interfacial ledges (Fig. 2). To elucidate this difference in the oxide growth between 
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the two interfaces, DFT calculations were performed to evaluate the adsorption energies for the 

interfacial incorporation of atomic O into the subsurface of the metal lattice. DFT modeling of 

the interfaces between an amorphous Al oxide layer and the Al substrate is challenging due to 

the lack of accurate information about the composition and atomic positions in the amorphous 

oxide. To avoid such uncertainty in constructing the oxide/metal interfaces, we introduce a 

monolayer of adsorbed O on the stepped Al(111) and Al(100) surfaces. The DFT structural 

relaxation results in slightly distorted geometry configurations (Supplementary Fig. S10), 

which bear a resemblance to a thin layer of Al oxide with the resulting oxide/metal interfaces. 

We then performed the DFT calculations to compare the adsorption energies for the 

incorporation of an extra on-surface O atom through the oxide layer into two distinct interstitial 

sites, one adjacent to the interfacial ledge and the other beneath the interfacial terrace, as marked 

in Figs. 5(j, k). For the (111) interface, we find that the adsorption energies for the extra O 

incorporation through the interfacial ledge and terrace are -3.78 eV and -4.21 eV, respectively. 

Their relatively small difference (0.43 eV) in the adsorption energies suggests the similar 

reactivity of the interfacial ledge and terrace for O incorporation. Therefore, arriving O atoms 

can be received across any site of the interface and result in the oxide growth with the atomically 

rough interface, consistent with our in situ TEM observations (Fig. 1). For the (100) interface, 

by contrast, the adsorption energies for the extra O penetration through the interfacial ledge and 

terrace are calculated to be -4.79 eV and -3.90 eV, respectively. Their larger difference (0.89 

eV) indicates that the interfacial ledge is much more favored for O incorporation than the 

interfacial terrace. This therefore results in the lateral oxide growth by the ledge mechanism of 

the interfacial motion, as observed from our in situ TEM imaging (Fig. 2). 

The Cabrera-Mott theory is commonly cited and employed to explain the passive oxide 

film growth. However, the microscopic mechanism underlying passive oxide-film formation 

remains as an outstanding question. A key assumption in the Cabrera-Mott model is that the 

oxide film grows in a uniform, layer-by-layer fashion. As shown above, our in situ HRTEM 

observations demonstrate that the passivating oxide film occurs via the nucleation and growth 

of paracrystalline domains induced by the oxygenation of both the surface and subsurface 

regions of the metallic Al lattice and subsequent transformation of the paracrystalline regions 

into the amorphous oxide, which represents a critical departure from the uniform, layer-by-

layer oxide film growth assumed in the Cabrera-Mott model. This microscopic insight cannot 

be obtained with the traditional oxidation studies that have been devoted to the kinetics of 

growing continuous oxide film by measuring the weight gain and oxygen consumption using 

thermogravimetric analysis without providing structural information. Many recent studies have 
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employed a wide range of surface science tools to measure the ultrathin amorphous Al oxide 

film formed from the surface oxidation of Al and its alloys, including composition and chemical 

state, structural ordering[12b, 13] and the relative stability of amorphous versus crystalline Al 

oxide films.[7c, 14] However, directly monitoring the microscopic processes of the transformation 

of a pristine metallic lattice into an amorphous state upon the progressive oxygen uptake has 

not been achievable. Addressing this issue requires not only resolving the buried oxide/metal 

interface with the crystal-lattice resolution, but also the capability to capture the structure 

dynamics of the oxygenated crystal lattice as the surface passivating reaction proceeds. This is 

not attainable with most surface science tools that are either limited to the topmost layer (such 

as by scanning tunneling microscopy, low energy electron diffraction) or prone to averaging 

errors (e.g., XPS or XRD) arising from the temporal and spatial superposition of detected 

signals originating from several atomic layers of the surface and subsurface region.[7d, 7e, 13a] 

The in situ atomic-scale TEM observations and analysis bring the detailed insight pivotal 

to understand the microscopic mechanisms of surface passivation by probing the propagation 

of the oxygen-uptake induced atomic structural evolution from the surface to deeper atomic 

layers. Our results show that the oxygenation of the metal lattice induces intralayer disordering 

with the formation of a paracrystalline oxide that subsequently transforms into an amorphous 

state by the interlayer disordering driven by increased O uptake. The presence of surface defects 

provides fast channels for subsurface O incorporation and thus promotes the interlayer 

disordering for direct amorphization of multiple atomic layers of the metal lattice.  

Along with early microscopy and diffraction experiments, evidence has accumulated 

showing that in systems resistant to corrosion, such as Al,[13b] Ta,[15] Nb,[16] Fe-Cr,[17] Ge,[18] 

and Si,[4a] native surface films tend to have an amorphous morphology although the microscopic 

mechanisms of the surface passivation process remain similarly unclear. The effectiveness of 

the amorphous oxide films as passivating layers is associated with their conformal nature and 

the lack of defective regions such as grain boundaries and dislocations that exist in 

polycrystalline films which would enhance the transport of metal and oxygen ions.[16, 19] The 

atomistic mechanisms of Al oxide film growth observed here provide insight into the 

microscopic processes underlying the surface passivation reactions. Particularly, the identified 

two-stage reaction mechanism and the effect of surface defects in promoting interlayer atomic 

shuffling can find broader applicability in utilizing surface defects to tune the passivation 

kinetics and the composition, atomic structure and transport properties of the resultant 

passivation films. 
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3. Conclusion

In summary, we have used operando electron microscopy to atomically monitor the

dynamic process governing the surface passivation of Al. Our in situ observations demonstrate 

that the surface passivation occurs via a two-stage process starting with the intralayer atomic 

disordering upon the incorporation of oxygen into both the surface and subsurface region of the 

metal lattice, followed by interlayer disordering that leads to full amorphization of the oxide 

layer. The presence of surface defects can promote the interlayer disordering for direct 

amorphization of multiple atomic layers of the metal lattice. The identified two-stage reaction 

mechanism and the effect of surface defects in promoting interlayer atomic shuffling can find 

broader applicability in utilizing surface defects to tune the composition, structure and transport 

properties of the passivation films. 

4. Experimental and Computational Section

Al thin foils with an average normal thickness of ~ 50 nm were prepared using a

combination of Focused Ion Beam (FIB) lift-out techniques and low-energy milling. To 

minimize potential structure damage and Ga contamination, a lower voltage (5 kV) and current 

(9 pA) of the Ga ion beam was used to trim the surface of the sliced sample in the final stage 

of the FIB process. The Al slice was loaded on a Mo Omniprobe Lift-out grid and further 

polished by a NanoMill TEM specimen preparation system with a low voltage (900 V) and 

current (80 pA) of Ar+ ions to remove surface damage and contamination. The as-prepared Al 

thin foils were then examined by HRTEM imaging and EDS analyses, confirming that the 

structure damage and contamination from the FIB process is negligible (Fig. S1). In situ TEM 

experiments were performed using a dedicated differential pumping environmental TEM (FEI 

Titan 80-300) equipped with an image aberration corrector. The microscope has a spatial 

resolution of 0.8 Å in the high-resolution TEM mode. Atomically clean Al surfaces were 

obtained using a condensed electron beam inside the TEM to sputter off the air-formed native 

oxide (Fig. S2) and generate holes with well-defined facets.[12a] These freshly generated facets 

are oxide-free and ideal for in situ TEM observations of surface passivation from the beginning. 

Complete removal of the native oxide and surface cleanliness were confirmed by HRTEM 
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imaging, electron diffraction and electron energy loss spectroscopy. High-purity O2 (~ 

99.9999%) was introduced into the sample area through a leak valve to oxidize the Al foils at 

a given temperature and pressure. In situ TEM observations of the oxidation process were made 

in the cross-section views, by imaging along Al edges of empty holes created in situ. EEL 

spectra of the O K-edge were acquired from the intersection region of two oxidized Al facets 

using Talos (FEI F200X) equipped with a Gatan EELS detector. The spectra were obtained in 

the HAADF-STEM mode. Spectra were aligned with reference to the zero-loss peak position.  

We performed MD simulations of Al oxidation using the LAMMPS code[20] to corroborate 

the in situ TEM observations. The bonding between Al and O atoms was described using the 

Reactive Force-Field Method (ReaxFF),[21] in which force field parameters were developed by 

Hong and Van Duin.[22] All MD calculations were carried out at a constant temperature of T= 

298 K in the canonical (NVT) ensemble employing a Nosé–Hoover thermostat.[23] The equation 

of motion was integrated using a timestep of 0.1 fs to accurately capture the adsorption, 

dissociation and diffusion of O2 molecules on aluminum surface as suggested by Hong and Van 

Duin.[23] The scheme of simulation box applied in this study was similar with that previously 

used by Hasnaoui et al.[24] The Al(100) and (111) surfaces were represented by slab models 

with the approximate dimensions of 4.05×4.05×3.07 nm3
 and 4.05×4.01×2.60 nm3, 

respectively. The vacuum volume was added to the top of each slab, and periodic boundary 

condition was imposed in all three dimensions. O2 molecules, with the density of 0.2 gram/cm3, 

were randomly distributed in the vacuum volume. To avoid the unphysical overlapping of O2 

molecules, the interatomic distance of O atoms in two separate molecules was kept greater than 

three times of the O-O bond length. The MD simulations were performed with a maximum 

simulation time of 0.1 ns to investigate the initial oxidation mechanism of Al(100) and (111) 

surfaces under oxidation conditions. In addition, individual surface atomic steps were 

introduced to the slab model in order to compare the dynamic oxidation behaviors with or 

without surface defects.  
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Density-functional theory (DFT) calculations were performed using the Vienna ab-initio 

simulation package (VASP)[25] with the Perdew-Burke-Ernzerhof (PBE) generalized gradient 

approximation (GGA) and projector augmented wave (PAW) potentials.[26] Previous studies 

have confirmed that a cutoff energy of 400 eV is sufficient for well converged system energy. 

Interfacial steps were modeled using k-point sampling based on the (4×4×1) Monkhorst-Pack 

mesh.[25–27] Interfacial O incorporation was modeled with stepped Al(100) and (111) surfaces 

covered by a monolayer of adsorbed O. Stepped Al surfaces were constructed by cleaving 

supercells made from bulk Al. Successive slabs with five atomic layers were separated by a 

vacuum region of 12 Å. The positions of the atoms in the two bottom layers were fixed, while 

the positions of the atoms in the top three layers were allowed to relax until all force components 

on each of them were less than 0.02 eV/Å. The lattice parameters of Al were calculated to be 

4.04 Å, which is in good agreement with previous calculations[28] and the experimental values 

of 4.05 Å.[29] 

We investigated the O adsorption energies and structure evolution by sequentially 

adsorbing a single O atom for each calculation. The O adsorption energy 𝐸𝑎𝑑𝑠  was calculated 

as 

𝐸𝑎𝑑𝑠=𝐸𝑂 𝐴𝑙⁄
𝑡𝑜𝑡 -𝐸0-

𝑁𝑜

2
𝐸𝑂2

, (1) 

where 𝐸𝑂 𝐴𝑙⁄
𝑡𝑜𝑡  and 𝐸0  are the total energy of the whole Al-O system and the energy of the most 

stable configuration with one fewer adsorbed O atom compared with the system, respectively. 

𝐸𝑂2
 is energy of an isolated O2 molecule, and 𝑁𝑜 is number of the adsorbed O. The atomic

structures are visualized using the Visualization for Electronic and Structure Analysis 

(VESTA). 

Supporting Information 

Supporting Information is available from the Wiley Online Library or from the author. 
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Figure 1. Passive oxide film formation on Al(111). (a-l) Time-sequence HRTEM images 

(Supplementary Movie 1) showing O adsorption induced extraction of Al atoms from the 

outermost surface of pristine Al(111), followed by the layer-by-layer oxidation of the metal 

lattice planes in the subsurface into a paracrystalline oxide layer that gradually transforms into 

an amorphous Al oxide layer upon the continued O2 exposure at 298 K in pO2  7.3×10-3 Pa. 

The dashed white and cyan rectangles mark the extracted topmost layer and the paracrystalline 

oxide regions, respectively. The solid white lines mark the oxide/metal interface. The pseudo 

color is applied to the oxide layer to guide the eye. The solid cyan line in (l) is the superimposed 

trace of the position and profile of the oxide/metal interface at t=24.9 s in (i), showing the 

inward movement of the interface toward the metal. Scale bar, 2 nm.
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Figure 2. Passive oxide film formation on Al(100). (a-k) Time-elapse sequence of HRTEM 

images (Supplementary Movie 2) showing the two-stage oxide-film formation on Al(100) at 

298 K in pO2  7.3×10-3 Pa. The dashed white rectangles correspond to the weakened lattice 

contrast regions upon the O adsorption induced abstraction of Al atoms from the topmost 

surface region. The dashed cyan rectangles mark the paracrystal oxide regions. The cyan lines 

mark the oxide/metal interface and lateral flow of interfacial ledges 1-5. Scale bar, 2 nm. The 

pseudo color is applied to the oxide layer to guide the eye. (l) Measured ledge positions versus 

time for five independent monoatomic interfacial ledges, the error bars represent standard 

deviation uncertainties based on multiple measurements at different interfacial locations. The 

solid lines correspond to a linear fit to the experimental data points. 
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Figure 3. Promoting passive oxide film formation by surface defects. (a-d) Time-sequence 

HRTEM images (Supplementary Movie 3) showing the oxidation of an Al(111) surface 

consisting of terraces and well-separated monatomic steps. Dashed white ovals mark the 

preferential oxidation at the surface steps. Dashed yellow circles and cyan rectangles mark the 

direct formation of amorphous Al oxide at the step edges and paracrystal Al oxide at the terraces, 

respectively. (e-h) Time-sequence HRTEM images (Supplementary Movie 4) showing the 

oxidation of an Al surface consisting of highly stepped regions and relatively wide terraces. 

The dashed white oval marks the direct formation of amorphous Al oxide in the highly stepped 

region. Dashed cyan rectangles outline the formation of the paracrytal oxide that subsequently 

transforms into the amorphous Al oxide in the terrace regions. (i-l) Time-sequence HRTEM 

images (Supplementary Movie 5) showing the oxidation of a highly stepped Al surface. The O2 

exposure results in the direct formation of an amorphous Al oxide film across the entire surface. 

All the in situ TEM images were captured at 298 K and pO2  7.3×10-3 Pa of O2 gas flow. Scale 

bar, 2 nm. The pseudo color is applied to the oxide layer to guide the eye.
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Figure 4. Composition analysis of the paracrystalline and amorphous Al oxide films. (a) 

HAADF-STEM image of an intersection region of two oxidized facets. (b) HRTEM image 

obtained from the surface marked by the dashed white rectangle in (a), showing the presence 

of an amorphous Al oxide layer. (c) HRTEM image obtained from the adjacent surface marked 

by the dashed red rectangle in (a), showing the presence of a paracrystalline Al oxide layer. (d) 

STEM EELS O map of the corner region marked by the green rectangle in (a). (e) STEM EELS 

O K-edge spectra obtained from the amorphous (black) and paracrystalline (red) Al oxide films, 

respectively. (f) STEM EELS Al K-edge spectra obtained from the amorphous Al oxide, 

paracrystalline Al oxide, and the bulk Al, respectively. 
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Figure 5. ReaxFF MD and DFT simulations of oxidation of Al surfaces. (a, b) Snapshots of 

MD simulations of the oxidation of a flat Al(100) surface at 0 ps and 200 ps of O2 exposure 

(Supplementary Movies 6, 7). (c, d) Displacement vectors of O and Al atoms between 1 ps and 

80 ps of O2 exposure. (e, f) Displacement vectors of O and Al atoms between 101 ps and 200 

ps of O2 exposure. (g-i) MD simulations of the oxidation of a stepped Al(111) surface and 

displacement vectors of O and Al atoms between 1 ps and 80 ps of O2 exposure (Supplementary 

Movie 8). The dashed magenta circles in (h, i) mark the stepped region, showing the locally 

promoted interlayer displacement of O and Al atoms. (j, k) DFT calculations of O incorporation 

into distinct subsurface sites of stepped Al(111) and Al(100) surfaces with a monolayer of pre-

adsorbed O. For the (111) interface, the subsurface of the interfacial terrace is slightly more 

favorable than that of the interfacial ledge for O incorporation. By contrast, the subsurface site 

of the interface ledge is pronouncedly more favorable than that of the interfacial terrace for O 

incorporation by the Al(100) surface. The blue and red balls stand for Al and O atoms, 

respectively.
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SI-1. TEM EDS analysis of the as-prepared Al thin foil specimens 

The Al thin foils prepared with a combination of FIB and NanoMilling were 

examined by energy-dispersive X-ray spectroscopy (EDS). The EDS analysis was 

performed with Talos (FEI F200X) equipped with a four-quadrant EDS detector. Fig. 

S1 shows a representative EDS spectrum, in which the Mo and Cu signals are from the 

Mo Omniporbe grid and the Cu spacer, respectively, the weak O signal from the native 

Al oxide. The absence of the signal in the Ga region confirms negligible Ga 

contamination from the FIB process. 

Figure S1: EDS collected from an Al thin foil specimen prepared by a combination of 

FIB and NanoMilling. The Mo and Cu signals are from the Mo Omniporbe grid and the 

Cu spacer, respectively, the weak O signal from the native Al oxide. The absence of the 

intensity in the Ga region (marked in red) indicates negligible Ga contamination from 

the FIB process. The insets are an SEM image of the Al thin foil specimen, and the 

composition quantification of the elements present in the EDS spectrum.  
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SI-2. Characterization of the air-formed native Al oxide

The native air-formed Al oxide on the as-prepared Al thin foils was characterized 

by HRTEM and EELS. Fig. S2(a) illustrates a HRTEM image, showing an amorphous 

nature of the Al native oxide with a thickness of ~ 4.3 nm, which is thicker than the 

limiting thickness of the oxide film (~ 2.5 nm) formed from the in situ oxidation at the 

low O2 gas pressure inside the ETEM. Fig. S2(b) shows the STEM EELS O K-edge 

mapping. Fig. S2(c) shows the corresponding EELS line-scan acquired along the 

direction from the vacuum region toward the oxide layer and the Al substrate of the 

same region, as marked with the white arrow in Fig. S2(b). This native oxide layer can 

be sputtered off inside the TEM with the use of a condensed electron beam, thereby 

resulting in a freshly cleaned Al surface for in situ oxidation. 

Figure S2. Characterizations of the native air-formed oxide on an as-prepared Al thin 

foil. (a) HRTEM image illustrating the amorphous nature of the native Al oxide layer 

formed in the ambient air. (b) STEM EELS O mapping. (c) Corresponding EELS line-

scan of the same region along the direction marked with the white arrow in (b).  
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SI-3. In situ TEM observations performed on various Al samples 

Figure S3: Passive oxide film formation on Al(111) (a-i) Time-sequence HRTEM 

images (Supplementary Movie 9) showing the two-stage oxide film formation. The 

oxygenation first results in the layer-by-layer formation of the paracrystalline oxide that 

gradually transforms into an amorphous Al oxide layer upon the continued O2 exposure 

at T=298 K in pO2  9.3×10-3 Pa. The dashed cyan rectangles mark the paracrystalline 

oxide regions. The solid white lines mark the oxide/metal interface. Scale bar, 2 nm. 

The pseudo color is applied to the oxide layer to guide the eye. 
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Figure S4. Passive oxide film formation on Al(100) (a-i) Time-sequence HRTEM 

images (Supplementary Movie 12) showing the layer-by-layer oxidation of the metal 

lattice into a paracrystalline oxide layer that subsequently transforms into an amorphous 

Al oxide layer upon the continued O2 exposure at T=298 K in pO2  9.3×10-3 Pa. The 

dashed white and cyan rectangles mark the weakened lattice contrast regions upon the 

O adsorption induced abstraction of Al atoms from the topmost surface region. The 

cyan lines mark the oxide/metal interface and lateral flow of interfacial ledges 1-4. 

Scale bar, 2 nm. The pseudo color is applied to the oxide layer to guide the eye. 



31 

SI-4. XPS measurements of the passive oxide film formation on Al(111) 

For cross-validating the in situ TEM results, complementary X-ray photoelectron 

spectroscopy (XPS) was employed to obtain the global information on the passive oxide 

film formation on Al. XPS measurements were performed with in an ultrahigh vacuum 

system. The system is equipped with an XPS spectrometer (SPECS Phoibos 100 MCD 

analyzer), low-energy electron diffraction, and an Ar-ion sputtering gun. The chamber 

has a base pressure of 2.710-8 Pa. Al-K x-ray radiation was used for the XPS 

measurements. The Al(111) single crystal is a “top-hat” disk (1 mm thick and 8 mm in 

diameter), purchased from Princeton scientific Corp., cut to within 0.1 to the (111) 

crystallographic orientation and polished to a mirror finish. The crystal was cleaned by 

cycles of Ar+ bombardment at 298 K and annealing to 700 K. Oxygen gas

(purity=99.9999%) was introduced to the system through a leak valve and the sample 

was oxidized at 298 K and pO2  1.3×10−3 Pa. Fig. S5 shows the representative XPS 

spectra of the O 1s and Al 2p peaks obtained from the Al(111) after 5 min and 70 min 

of the O2 exposure, respectively. The O 1s spectra with the binding energy (BE) of 

532.3 eV correspond to the O in Al−O bonds due to the Al oxide formation. This 

corroborates with the Al 2p spectra that can be deconvoluted into the metallic (Al0) 

component (BE = 72.8 eV) and the oxide component (Al3+) (BE = 75.6 eV). The longer 

O2 exposure time not only resulted in the increased intensity of both the O 1s and Al3+ 

2p peaks but also the binding energy (BE) shift of the Al3+ 2p peak from BE=75.1 eV 

to 75.5 eV. Quantification of the XPS spectra shows that the area ratio of the O 1s and 

Al3+ 2p peaks increases from 7.3 (5 min of O2 exposure) to 10.3 (70 min of O2 

exposure), indicating the enrichment of the O content in the oxide layer upon the 

continued O2 exposure. This is further confirmed with the observed shift of the Al3+(2p) 

peak toward the higher BE side, constant with previous XPS studies showing that a 

higher BE energy of the Al3+ 2p peak is induced by the increased O concentration in 

the aluminium oxide film.[1] Because the XPS has a much larger probed surface area (≈ 

100 m) than ETEM, prolonged periods of O2 exposure were used in the XPS 
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experiment to fully oxidize the Al surface, thereby ensuring that the measured XPS 

signal is from the oxidized surface other than from any un-oxidized Al areas. 

Figure S5. XPS measurement of the passive oxide film formation on Al(111). 

Photoemission spectra of the O 1s and Al 2p core-level regions obtained from the O2 

exposure at T=298 K and pO2 = 1.3×10-3 Pa for 5 min and 70 min, respectively.
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SI-5. Excluding electron beam irradiation effects on the TEM observations of the 

oxide film growth 

One of the major concerns for in situ TEM experiments is the potential electron 

beam irradiation effects. Nguyen et al.[2] examined electron beam effects on Al 

oxidation and a safety zone, where the continuous electron beam observations do not 

induce noticeable differences to the oxide growth compared with the beam-blank 

oxidation experiments, has been identified to be an electron flux of < 12,000 e Å-2s-1. 

In our experiments, a highly condensed beam (dose rate ≥ 56000 e Å-2s-1) was used to 

sputter off the native oxide and obtain pristine surfaces while a significantly lower 

electron beam flux of ~ 6790 e Å-2s-1 was used to minimize the electron beam effect 

during the in situ TEM observations. Furthermore, potential TEM electron beam 

irradiation effects on the observed oxide film growth were carefully evaluated to ensure 

that an intrinsic behavior of the oxidation kinetics was studied. We performed 

“comparison experiments” at multiple surface locations by un-blanking and blanking 

the electron beam. This is also consistent with previous surface science experiments 

showing the negligible effect from the high-energy ion beam bombardment on the Al 

oxide film growth on Al(111).[3] 

The Al oxide film growth is observed to reach a limiting thickness of ~ 2.5 nm after 

~ 300 s of the O2 exposure from our in situ TEM observations (Fig. S6). Figs. S6(a-e) 

present snapshot TEM images of Al oxidation with the continuous electron beam 

observation. Fig. S6(f) illustrates the average thickness of the oxide film as a function 

of oxygen exposure time, showing the oxide film growth to a limiting thickness over 

the extended period of the oxygen exposure. The growth curve measured from the in 

situ TEM imaging can be well fitted with the Cabrera-Mott model. The oxide film was 

then removed by condensing the e-beam to sputter off the oxidized region and thus 

restore the surface to the pristine state (Fig. S6(g)). The electron beam was then blanked 

off and the cleaned surface was thus oxidized “in the dark” under the same oxidation 

condition. During the oxidation, the electron beam was unblanked about every 60 s for 
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taking TEM images (Figs. S6(g-l)). As shown in Fig. S6(f)), the thickness of the oxide 

film measured with the electron beam off is in good agreement with that observed with 

the continuously imaged surface. Additionally, Fig. S7 displays the formation of 

paracrystal oxide layer followed by the transformation into the amorphous oxide “in 

the dark” with the progressive O incorporation. This is consistent well with the 

observed two-stage oxidation process under the continuous electron beam irradiation. 

These comparison experiments confirm that the e-beam irradiation effect on the oxide 

growth is negligible in our in situ TEM observations, which is also consistent with other 

in situ TEM work of Al oxidation.[2, 4]  

It is also worth mentioning that previous work showed the enhanced Al oxidation 

by electron bombardment.[3a-3c] Such enhancement is attributed to the low energies (up 

to 100 eV) of incident electrons that can be effectively trapped by the oxide film formed 

on the bulk crystal, thereby resulting in the excitation of adsorbed gas molecules (O2, 

H2O, etc.) and the enhanced electrostatic field across the oxide film to promote the ion 

mobility. By contrast, our in situ TEM experiments use a much higher electron energy 

(300 KeV), for which the scattering cross-section (i.e., the effective area for collisions 

of the electrons with atoms in the TEM specimen) is much smaller. The mean-free path 

for 200-KeV electrons was measured using electron-energy loss spectroscopy (EELS) 

to be 134 nm and 140 nm for Al and Al2O3, respectively.[3d] In our in situ TEM 

experiments, the higher electron beam energy (300 KeV) gives rise to even greater 

mean-free paths that are much larger than the specimen thickness (~ 50 nm). Therefore, 

the chances for trapping incident electrons and inelastic scattering of the incident 

electrons are negligible. This is consistent with our “blanked-beam” and “unblanked-

beam” experiments, showing the negligible differences in the oxide film thickness. 

Such a negligible effect from the continuous electron beam observations of Al oxidation 

was also confirmed by Nguyen et al.[2] While there are no electrons trapped by the TEM 

thin specimen because the incident electron beam transmits through the specimen, the 

knock-on damage by the high-energy electrons may result in the creation of atomic 
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defects in the oxide film. Previous surface science experiments showed the negligible 

effect from the high-energy ion beam bombardment induced defects on the Al oxide 

film growth on Al(111).[3a] This corroborates well with the results from our “beam-on” 

and “beam-off” experiments and the work by Nguyen et al.[2]  

Figure S6. “Electron beam-on and beam-off” experiments showing the oxide film 

growth to the limiting thickness. (a-e) Time-sequence HRTEM images acquired with 

the continuous electron beam observation of the Al oxidation at T=298 K and pO2  

8.6×10-3 Pa. (f) The average thickness of the oxide film as a function of the oxygen 

exposure time. Superimposed on the experimental data points are theoretical fit to the 

inverse logarithmic growth law of the Cabrera-Mott theory. (g) The surface was 

recovered to the pristine state by sputtering off the oxide film with the condensed 

electron beam. (h, i) The electron beam was then blanked off and the cleaned surface 

was oxidized “in the dark” under the same oxidation condition. During the oxygen 

exposure, the e-beam was only unblanked for taking TEM images. The thickness of the 

oxide film measured with the blanked electron beam is given in (f), where the data 

points marked in red correspond to the thickness of the oxide film grown “in the dark”, 

showing good agreement with that observed with continuously imaged surface. The 

cyan lines mark the oxide/metal interface. Scale bar, 2 nm. 
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Figure S7. “Electron beam-off” experiments showing the two-stage oxide-film 

formation. (a) The formation of paracrystal oxide domains on a freshly clean Al surface 

after a time elapse of ~ 20 s, at T=298 K and pO2  7.3×10-3 Pa, which is a neighboring 

area of the imaged regions. The dashed red rectangles mark the paracrystalline oxide 

regions. The surface was first cleaned by sputtering off the oxide film with the 

condensed electron beam. The electron beam was then blanked off and the cleaned 

surface was oxidized “in the dark”. (b) The transformation of the paracrystal oxide into 

the amorphous oxide occurs “in the dark” upon the continued oxygen exposure, 

consistent with the real time TEM observations with the continuous electron beam 

irradiation. Scale bar, 2 nm. The pseudo color is applied to the oxide layer to guide the 

eye. 
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SI-6. Negligible effects from background gas molecules in the TEM column on the 

oxide formation 

The E-TEM column has a base pressure of 3.610-5 Pa and the possible effect from 

background gas molecules (mostly hydrogen, water vapor, carbonyl) in the sample area 

on the TEM observed oxide film growth was examined. Fig. S8(a) is an HRTEM image 

of an as-prepared pristine Al surface. Fig. S8(b) corresponds to the surface after a time 

elapse of 120 s in vacuum, showing there was barely any oxide formation. In contrast, 

the surface shows obvious oxide growth within ~20 s upon the exposure to 7.3×10-3 Pa 

of O2 gas flow, indicating the negligible effect from the background gas molecules on 

the observed oxide formation. 

Figure S8. Negligible effect of the background gas molecules in the TEM column on 

the passivating oxide film growth. (a) The as-prepared Al surface by sputtering off the 

native oxides. (b) The same surface area after a time elapse of 120 s in vacuum, showing 

barely any oxide formation. Scale bar, 2 nm. 
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SI-7. ReaxFF MD simulations the oxidation of flat and stepped Al(111) surfaces 

Figure S9. ReaxFF MD simulations of the oxidation of flat and stepped Al(111) 

surfaces at T=298 K and pO2 = 0.2 g/cm3. (a, b) Snapshots of MD simulations of the 

oxidation of a flat Al(111) surface at 0 ps and 180 ps of O2 exposure (Supplementary 

Movies 13, 14). (c, d) Displacement vectors of O and Al atoms between 2 ps and 80 ps 

of O2 exposure. (e, f) Displacement vectors of O and Al atoms between 101 ps and 180 

ps of O2 exposure. (g-i) MD simulations of the oxidation of a stepped Al(111) surface 

and displacement vectors of O and Al atoms between 1 ps and 80 ps of O2 exposure 

(Supplementary Movie 15). The dashed magenta circles in (h, i) mark the stepped 

region, showing locally promoted interlayer displacement of O and Al atoms. The blue 

and red balls represent Al and O atoms, and the golden and blue arrows correspond to 

the atomic displacement vectors of O and Al atoms, respectively. 
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SI-8. DFT modeling of the oxygen adsorption on stepped Al(100) and (111) 

surfaces  

Figure S10. DFT-relaxed structure of the stepped Al(100) and (111) surfaces covered 

with a monolayer of pre-adsorbed O. (a, b) Side and projection views of the oxygenated 

Al(100) surface. (c, d) Side and projection views of the oxygenated Al(111) surface. 

The resultant lattice distortion of O and Al atoms in the surface layer bears a reasonable 

resemblance to a thin layer of amorphous Al oxide with the resulting oxide/metal 

interfaces. 
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Caption for supplemental movies: 

Supplementary Movie 1 (the movie from which Figure. 1 is extracted): In situ TEM 

movie showing the oxidation of Al(111 ) at T=298 K and pO2  7.3×10-3 Pa. 

Supplementary Movie 2 (the movie from which Figure. 2 is extracted): In situ TEM 

movie showing the oxidation of Al(100) at T=298 K and pO2  7.3×10-3 Pa. 

Supplementary Movie 3 (the movie from which Figures. 3(a-d) are extracted): In situ 

TEM movie showing the oxidation of an Al(111) surface consisting of terraces and 

well-separated monatomic steps at T=298 K and pO2  7.3×10-3 Pa. 

Supplementary Movie 4 (the movie from which Figures. 3(e-h) are extracted): In situ 

TEM movie showing the oxidation of an Al surface consisting of highly stepped regions 

and relatively wide terraces at T=298 K and pO2  7.3×10-3 Pa. 

Supplementary Movie 5 (the movie from which Figures. 3(i-l) are extracted): In situ 

TEM movie showing the oxidation of a highly stepped Al surface at T=298 K and pO2 

 7.3×10-3 Pa. 

Supplementary Movies 6 and 7 (the movies from which Figures. 5(a-f) are extracted): 

ReaxFF MD simulations of the oxidation of Al(100) at T=298 K and pO2 = 0.2 g/cm3. 

Supplementary Movie 8 (the movie from which Figures. 5(g-i) are extracted): ReaxFF 

MD simulations of the oxidation of a stepped Al(100) surface at T=298 K and pO2 = 

0.2 g/cm3. 
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Supplementary Movie 9 (the movie from which Figure. S3 is extracted): In situ TEM 

movie showing the oxidation of an Al(111) surface at T=298 K and pO2  9.3×10-3 Pa. 

Supplementary Movie 10 (the movie from which Figure. S4 is extracted): In situ TEM 

movie showing the oxidation of an Al(100) surface at T=298 K and pO2  9.3×10-3 Pa. 

Supplementary Movies 11 and 12 (the movies from which Figures. S9(a-f) are 

extracted): ReaxFF MD simulations of the oxidation of Al(111) at T=298 K and pO2 = 

0.2 g/cm3. 

Supplementary Movie 13 (the movie from which Figures. S9(g-i) are extracted): 

ReaxFF MD simulations of the oxidation of a stepped Al(111) surface at T=298 K and 

pO2 = 0.2 g/cm3.
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