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Third-generation silicon carbide (SiC) composites reinforced by SiC fibers (Hi-Nicalon S [HNS]
and Tyranno SA3 [SA3]) are attractive for use in next generation reactors owing to their high
strength and chemical inertness at high temperatures, as well as enhanced radiation tolerance under
neutron irradiation environments. To optimize composite performance, the interfacial mechanical
properties of chemical vapor—infiltrated (CV1) SiC#/SiC composites are investigated in this effort
by using a slant interface micropillar compression testing procedure. The micropillar test
specimens, containing an inclined pyrolytic carbon (PyC) interphase, are prepared using a focused
ion beam. The novel microcompression testing successfully quantified the debond shear strength
and internal friction coefficient of micropillar test samples by using the Mohr-Coulomb
formulation. According to four types of SiC#SiC composite microcompression test results,
interfacial properties and debond mechanisms are significantly affected by the PyC layer thickness,
the local bonding mechanism of the PyC interphase on the SiC fiber surface, and the surface
roughness of fibers. Regardless of PyC thicknesses, SA3-reinforced CVI SiC¢/SiC composites
were found to have much higher debond shear strengths than HNS-reinforced SiC#/SiC CVI
composites. By using this micropillar compression technique alongside analytical methods, we
uncover new understandings of PyC interface properties. Additionally, the micropillar test results
obtained are correlated with macroscopic mechanical properties of neutron-irradiated CVI

SiC¢/SiC composites.
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1. Introduction

Continuous silicon carbide (SiC) fiber—reinforced/SiC matrix composites (SiC#/SiC) have
attracted profound interest for very high-temperature applications because they retain outstanding
chemical, physical, and mechanical properties in this harsh environment [1-4]. Nuclear-grade

SiCs#/SiC composites are generally fabricated via chemical vapor infiltration (CVI) and reinforced
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with third-generation, highly crystalline, near-stoichiometric Tyranno SA3 (SA3) and Hi-Nicalon
S (HNS) fibers [1, 5]. These materials have potential uses in structural components for fission
reactors and in blanket components for fusion reactors because of their low activation under
neutron irradiation [6-9]. Both SA3 and HNS fibers are slightly carbon-rich [10]. The grain size
of SA3 fibers (~200 nm) is approximately four times that of HNS fibers (~50 nm), leading to
surface roughness approximately three times greater for SA3 fibers [10-12]. In the context of
nuclear applications, near-stoichiometric compositions of CVI SiC¢/SiC composites alone have
insufficient mechanical properties to be considered neutron-resistant after high-dose neutron
exposure, despite their highly crystalline nature [13, 14]. Therefore, their interface must be
modified by an appropriate interphase on the fiber surfaces before the CV| fabrication of the matrix

in the fiber preform [15].

The fiber/matrix interfacial domain is crucial to the lifetime and mechanical behavior of
composites because load transfer between matrix and fiber occurs through the interface [16]. The
major contributions to the toughness of SiC#/SiC composites are from fiber pull-out and crack
bridging [17-19]. Thus, fiber/matrix bonding must be tailored depending on the intended end use.
Overly strong bonding allows matrix cracks to propagate to the fibers, and overly weak bonding
results in loss of load transfer from the matrix to the fiber. Therefore, an intermediate level of
fiber/matrix bonding is beneficial to the mechanical properties [11, 12, 20, 21]. Pyrolytic carbon
(PyC) is one of the most widely used interphase materials because it is compatible with SiC at
elevated temperatures with regard to chemistry and coefficient of thermal expansion [5, 22]. SiC
fibers coated with PyC before the CVI process can considerably reduce the wear rate of CVI
SiC#/SIC composites while acting as a fuse to prevent crack evolution and promoting crack
deflection at the interfaces of SiC¢#SiC composites [5, 15, 21-24].

The fiber/matrix coupling strength of SiC¢#/SiC composites depends on their interfacial debonding
properties [15]. The interfacial characteristics and mechanical properties are significantly affected
by fiber surface roughness, PyC thickness, and interfacial interactions between the PyC interphase
and SiC fiber surfaces associated with the chemistry and microstructure of SiC fiber surfaces [10,
11, 15, 16, 25]. Synthetic polymers are generally used to size (i.e., coat) fibers before the textile
forming process. In particular, polyvinyl alcohol (PVA) is used for HNS fiber and polyoxyethylene
(POE) for SA3 fiber [16]. The decomposition of these polymers before PyC deposition may



sometimes result in carbonaceous residues [16], which may remain bonded to the surfaces of the
fibers and influence the interaction between the PyC interphase and fiber surface; this process in
turn would affect the interfacial properties and the resultant mechanical properties [26]. There is
limited research concerning the relationship between PyC bonding and the interfacial properties
of CVI SiC¢/SiC composites in the literature. This study was undertaken to elucidate the local
bonding modes responsible for the strength of the fiber/matrix coupling and the damage

mechanism during crack evolution across the PyC interphase [27-29].

Currently, two different mechanical procedures, tensile mechanical testing and fiber push-out
testing, are widely used to evaluate the interface properties of CVI SiC¢/SiC composites [30-34].
Push-out testing depends on a simple force balance and is employed to determine the shear stress
between the start of push-out and the completion of fiber debonding [35]. The main limitation of
this method is that there is no direct line of sight for indenter tip/fiber orientation. Additionally,
push-out testing does not take into account crack propagation across the interface during the
debonding process [36]. Moreover, even though Poisson’s expansion and frictional effects have a
crucial impact on the results of push-out testing [37], the technique ignores many dissipative
effects that must be accounted for to accurately determine the interfacial shear strength [37].
Accordingly, the quantity found in this method can be considered to be the upper limit for critical
shear stress. Understanding the stress fields at the interface involves additional assumptions to
incorporate dissipative effects in the analysis [35].

In uniaxial tensile testing, samples undergo an unloading-reloading cycle to evaluate the
interfacial shear stress [17, 25]. This method has limited capability to determine individual
interface fracture phenomena while enabling understanding of the statistical fracture behavior at

the interface.

Micropillar compression techniques [15, 23] have been adopted as an alternative to overcome
drawbacks associated with conventional fiber push-out and tensile mechanical testing. The novel
nano-indentation method presented in this work makes the analysis to quantify frictional quantities
and stress distribution more straightforward. In situ microcompression testing alleviates the line-
of-sight barrier to indenter tip/fiber alignment while enabling accurate measurement of the

interface inclination angle, interphase consistency, and uniformity.



The focus of the current work is on understanding the effects of PyC thickness, fiber surface
roughness, and bonding/debonding mechanisms that are responsible for chemical adhesion/crack
propagation at the SiC¢#SiC composite interface. Micropillar samples were prepared from four
types of CVI SiC#/SiC composites. They were mechanically tested with a nano-indentation
apparatus, equipped with a flat punch tip, to assess the debond shear strength and the internal
friction coefficient using the Mohr-Coulomb failure criterion. The results also were correlated to
the mechanical properties of neutron-irradiated HNS- and SA3-reinforced CVI SiC¢/SiC
composites at different irradiation temperatures and dose conditions. This study will constitute a
prime contribution to the understanding of the mechanical degradation mechanism for neutron-
irradiated CV1 SiC¢/SiC and will contribute to the development of advanced irradiation-resistant
CVI SiC#/SiC composites.

2. Experimental
2.1 Materials, preparation of micropillar samples, and microstructural characterization

Four types of SiC+/SiC composites were fabricated using CV1 by Rolls-Royce High Temperature
Composites Inc. All composites were composed of either HNS (Nippon Carbon Co., Takauchi,
Japan) or SA3 fiber (Ube Industries, Ltd., Tokyo, Japan), and a B-SiC matrix and PyC were used
as interface interphase materials. The four composites are denoted as SCF-HNS, JCR-HNS, SCF-
SA3, and JCR-SAS3. (SCF refers to a carbon-free B-SiC matrix and JCR to a B-SiC matrix with
excess carbon after the CV1 process.) Nominal diameters of the HNS and SA3 fibers were 12 and
7.5 pm, respectively. The fibers were deposited with monolayers of PyC, which were measured

by transmission electron microscopy (TEM); the thicknesses are reported in Table 1.

The mini-composites were cut with a diamond saw to obtain three interface angles of 30°, 45°
and 60° and were subsequently mechanically polished with 15 pm, 6 pm, and 3 pum diamond
grinding discs. Micropillars for the present study were prepared by top-down milling using an FEI
Versa Dual Beam scanning electron microscope (SEM) focused ion beam (FIB) with a gallium
source. To reduce FIB damage, decreasing ion currents were employed from the machining of the
structure to the final surface finishing of the pillars. Annular trenches 20 um in outer diameter and
~2 um deep were roughly milled at a current of 15 nA to apply a uniform axial compressive load

to the pillar without interference from the edge of the annulus. To minimize the degree of pillar



tapering, currents of 3 nA, 0.3 nA, and 100 pA were used for slow polishing of the outside of the

micropillar. Final micropillar diameters varied between 3 and 4 um.

The micropillar geometry is schematically presented in Fig. 1. Following the FIB milling
process, freestanding micropillars containing a PyC interphase (indicated by arrow, readily visible)
were produced with three different orientations: 30°, 45°, and 60° (Fig. 2). The diameters of the
finished micropillars were determined using electron beam images from the FIB system. The
micropillar seen in Fig. 2 sits inside a pit with a diameter of 40 um to accommodate the flat-punch
nano-indenter tip (10 um diameter) over a single fiber specimen. Even though maximum care was
taken to minimize the divergence of the ion beam, the micropillar is slightly tapered. Stress
analysis was performed without accounting for the effect of tapering.

Short-length-scale imaging techniques, TEM and high-resolution (HRTEM), were employed to
characterize the microstructures of various types of CVI SiC#SiC composites using a field
emission gun—based JEOL JEM 2100F electron microscope operating at 200 keV. For the TEM
observations, two electron-transparent foils composed of SiC fiber, PyC interphase, and SiC matrix
were prepared for each composite type using an FEI Quanta Dual Beam SEM/FIB mill operating
initially at low voltages with various currents. Before the FIB work, a platinum protection layer
was deposited on the region containing the fiber and matrix to protect it from damage by Ga*ion
milling.

The crystal structure and chemical composition of the fiber and SiC matrix for the four types of
SiC#/SIC composites were examined by using a Horiba Scientific Raman spectroscope. The
spectroscope had 5 mW of output power on samples and a 532 nm laser beam. With a 100x
magnification objective lens, a laser spot size between ~500 nm — 1 um would be predicted. Each
spectrum was obtained within a broad spectral range of 400 to 1800 cm™. The interface orientations
of the pillars, undeformed and deformed micropillars, and surface roughness of the failed
composites were characterized using a Tescan MIRA3 SEM.

2.2 Micropillar compression testing

Micropillar compression experiments were carried out using a Nanomechanics InForce 1000
indenter system with a diamond flat punch cylindrical tip that was placed inside the SEM. The
nano-indenter consisted of a frame on which a motorized microscope specimen stage with an

indented column was mounted. This column enabled nanoscale precision displacement of a



diamond indenter tip, and an indenter with a flat punch tip applied force at a loading rate of 10
nm/s in displacement-controlled mode. The frame was mounted on the SEM stage. The nano-
indenter was then set to run in displacement-controlled mode. Experimental stages for the indenter
consisted of approach, alignment of flat punch tip with respect to top of micropillar,
microcompression, and withdrawal of indenter tip. The resultant interfacial properties were
subsequently extracted from the load vs. displacement curve. After micropillar compression, failed
samples were viewed along the longitudinal direction using SEM to validate the accuracy and

precision of experiment.
2.3 Application of Coulomb-Mohr failure criterion

Because tapering effects as a result of ion milling were neglected, a constant cross-section was
assumed along the pillar length. It is noteworthy that the interface had a curvature as a result of
the cylindrical geometry of the fiber coating. The load, P, applied on top of the pillar, was resolved
into normal stress and shear stress with respect to the cross-sectional area and inclination angle of
the failure plane (Fig. 1). Following Shih and Kabel’s work, a Mohr-Coulomb fracture criterion
was implemented to evaluate interface characteristics [38]. This theory, which describes the
response of brittle materials, is widely used to determine the shear strength of rocks in geotechnical
engineering [38]. At the moment of fracture load, Pr resolved shear stress (teriticar) 1S equal to the
interface debond shear stress (Tdenond) plus resolved normal stress (N), which is multiplied by the
internal friction coefficient (p). The variables taebond and p are inherent material properties. The

equation is expressed as follows:
Teritical = Tdebond T N*|J (1)

Microcompression tests were performed on several cross-sectional areas and interface angles.
By manipulating different stress state variables and applying a linear fit, it was possible to attain
the values for tdenond and p from the strength envelope. To incorporate the angle dependence of the

failure plane, ©, Eq. (1) can be converted to Eq. (2). The stress state is

Pxsin@ P¢xcos6
L 1 = Tdebond + L 1 U 2)
. D2 . .
where Ps stands for applied force at fracture, A = 4*’;05 % denoting the cross-sectional area of the

inclined failure plane. The variable © indicates the plane orthogonal to the loading direction. The



number of microcompression tests performed for each case varied between three and eight—
considerably more than were performed in companion studies [15, 23]. Statistical evaluation of
the data can give a more accurate idea of the effects of interfacial parameters—such as PyC
thickness, chemical bonding mechanism, and surface roughness of fibers—on the interfacial

properties of matrix/fiber coupling.

3. Results
3.1 Initial material properties

Microstructural organization at the interface matrix/fiber coupling was investigated using bright-
field TEM and HRTEM. Fig. 3, 4, and 5 display TEM and HRTEM micrographs of interface
matrix/fiber coupling for SA3 and HNS fiber-reinforced SiC composites. The SiC fiber, SiC
matrix, and carbon phase are clearly distinguishable. Qualitative visualization of the HRTEM
micrographs indicates that the interface has a nonuniform microstructure, consisting of turbostratic
carbon, amorphous carbon, and PyC. A major carbon bonding mode on the extreme fiber surface
was the sp? hybridized C-C, corresponding to turbostratic carbon for both HNS and SA3 fibers.
Turbostratic carbon stacks exceeding a few graphene layers are located solely on the surfaces of
SiC grains. These discontinuous stripes of turbostratic carbon are associated with free carbon in
fibers [39]. Amorphous carbon was found on the SiC fiber surface and remained bonded to the
fiber surface. The volume fraction of amorphous carbon was much larger on HNS fiber surfaces
than on SA3 fibers (Fig. 6). Its spatial distribution was heterogenous across the fiber surfaces. The
amorphous carbon was around 9 and 15 nm thick on the SA3 and HNS fibers, respectively. PyC
deposited on the SA3 and HNS fibers before the matrix CVI processing. It remained bonded to
either the amorphous carbon or the SiC fiber surface and SiC matrix. The majority of the PyC
stacks in both the SA3 and HNS composites developed parallel to the fiber axis, except for the
very first layers that were in continuity with either the amorphous carbon or the fiber surface.
Thickness measurements were conducted from different regions on two unaltered TEM foils for
each case (Fig. 3). Carbon interphase thicknesses of the CV1 SiC¢/SiC composites based on TEM
observation are shown in Table 1. Based on these observations, SCF-SA3 has the thickest and
JCR-SAZ3 the thinnest PyC interphase. JCR-HNS has a slightly larger PyC thickness than SCF-
HNS.



Raman spectroscopy was carried out to examine the crystal structure and phases of the fibers
and matrix. Fig. 7 demonstrates a series of Raman spectra in the range of 400—-1800 cm™ obtained
at the centers and edges of SiC fibers and in the ranges of 400-1800 cm™* and 1700-3000 cm™ for
the SiC matrix. At the centers and edges of fibers, the spectra exhibit two well-defined
characteristic peaks at 1350 (D band), and 1580 (G band) cm™ associated with free carbon and
corresponding to the Aiy and Ezg modes of graphite [40-42]. These characteristic bands are
associated with high-modulus carbon [43]. The existence of carbon lines illustrates that the excess
carbon segregates to generate carbon microcrystals. The D band indicates the disordered structure
of graphite [44, 45]. It increases with a rise in the amount of unorganized carbon. The higher D/G
ratio in the HNS fiber reflects a more highly disordered graphite structure than in the SA3 fibers.
Based on the relative intensities of the two peaks, the edge of the SA3 fiber has a more ordered
carbon structure than its center, whereas the carbon structure is uniform along the HNS fiber

radius.

In addition, there are less intense, poorly defined, sharp SiC bands at 780 and 963 cm™—a typical
fingerprint of 3C-SiC corresponding to transverse optical (TO) and longitudinal optical (LO)
modes, respectively. These Raman spectra confirm that the fiber microstructure consists of 3C-
SiC and free carbon. The ratio of the peak heights cannot be employed to measure the amount of
free carbon and 3C-SiC, because the Raman scattering efficiency for 3C-SiC is only a tenth that
of carbon [42, 46]. Thus, scattering from carbon can mask the scattering from 3C-SiC. In the matrix
zone, the Raman spectra in the JCR-based composites have two carbon bands at around 1350 and
1580 cm™, indicating the structure of graphite in the matrix zone [43]. In contrast, no carbon peaks
exist for SCF-based composites, indicating the absence of a carbon phase. To validate the presence
or absence of a carbon phase in the JCR and SCF matrixes, respectively, the Raman spectrum of
the SiC matrix was also analyzed in the range of 1700 to 3000 cm* (Fig. 7d). The peak in the range
of the 2500-2800 cm™ (2D band) confirms the presence of free graphitic sp? carbon in JCR,
whereas the SCF matrix is seen to be free from carbon. In addition, two strong, intense, sharp, and
well-defined SiC bands at around 780 and 963 cm™ are associated with a 3C-SiC structure,

indicating a well-ordered atomistic structure.

Based on the Raman spectra, it can be concluded that the matrix of the JCR-based composites was
composed of 3C-SiC and graphitic sp?-hybridized carbon, whereas the SCF-based composites



consisted only of 3C-SiC. The peak intensity ratio of B-SiC to carbon hinted that the matrix
contained relatively more SiC and less carbon than the fibers. In neither zone was there any sign
of free silicon in the microstructure, which contains a characteristic peak at around 520 cm™
corresponding to LO phonon vibrations of the Si-Si bond [45].

3.2 Micropillar compression testing

To quantify the resolved shear stress at fracture vs. the resolved normal stress at fracture, the
load at failure was extracted from the load vs. displacement curve for nominal interface angles of
30°, 45°, and 60°. Individual data points from the same inclination angle were then grouped and
averaged. Fig. 8 pictures a number of test specimens prepared from the composite samples and
their corresponding pillar strengths at the 30°, 45°, and 60° incline planes. Individual data points
and their averaged values for the same incline plane are demonstrated, indicating a good level of
reproducibility. For quick visualization (Fig. 9), the average values of resolved shear stress vs.
resolved normal stress are plotted together, along with standard deviations for entire CVI SiC¢#/SiC
composites. (Resolved shear stress acts parallel to the slip direction on the slip plane at interface
angles of 30, 45 and 60°.) Pillar diameter was measured using SEM images before failure.
Resolved shear stress was determined based on pillar diameter, as schematically illustrated in Fig.
1. The values of resolved shear stress at failure, including all inclination angles, fell within the
ranges of 19-74 MPa for SCF-HNS, 90-257 MPa for SCF-SA3, 123-604 MPa for JCR-SAS3, and
41-147 MPa for JCR-HNS. Shin et al. examined the effect of micropillar size on the statistical
behavior of the fracture strength of SiC composites [47]. In their work, the compressive strength
did not indicate a size dependency for pillar diameters varying from 3 to 3.65 um [47]. The present
study consists of pillar diameters ranging from 3 to 4 um; therefore, the size dependency in terms
of pillar diameter was ignored, as comparisons of pillars with similar inclination angles but

different diameters demonstrated similar values of resolved shear stress at failure.

To correlate the resolved shear stress and resolved normal stress to the intrinsic debond shear
strength and internal friction coefficient in the SiC¢/SiC composites, the Mohr-Coulomb failure
criterion was applied to interpret data by performing linear regression through the points in the
plot (Fig. 10). In the Mohr-Coulomb approach, resolved shear stress is correlated with resolved
normal stress through a linear fit, in which resolved normal stress times internal friction coefficient

plus debond shear strength is equal to resolved shear stress. Individual data points from three



different inclination angles confirmed that the Coulomb failure criterion could successfully capture
experimental data in a microcompression test, and then use it to relate resolved shear stress to
resolved normal stress by using two empirical parameters, debond shear strength and internal
friction coefficient. The reason this method was deemed successful is explained in Section 4.
Based on the Mohr-Coulomb criterion, the comparison of the microcompression test results
revealed that the four SiC#/SiC composites had distinct interface characteristics, with different
debond shear strengths but comparable internal friction coefficients (Fig. 10). The JCR-SA3
specimens demonstrated a debond strength of 152 MPa, which was 4.2, 3.8, and 1.6 times larger
than those observed in the SCF-HNS, JCR-HNS, and SCF-SA3 interfaces, respectively (Table 1).
Comparable internal friction coefficients were obtained for all CVI SiC#/SiC composites with
different PyC layer thicknesses. The disparities in the interface characteristics are discussed in
Section 4.

3.3. Post-mortem analysis

Fig. 11 exhibits SEM images before compression testing and after pillar failure. Failure of a
pillar always occurred at the matrix/fiber interface, where pieces of the top were removed from the
pillar. There are two main types of fracture mechanisms; adhesive and cohesive. Adhesive failure
is an interfacial bond failure between the PyC interphase and either the fiber or the matrix; cohesive
failure occurs when part of the PyC interphase remains on both the matrix and fiber surfaces after
fracture [48]. To understand which mechanism played a dominant role in the fracture, SEM
analysis was performed on the failed pillars for the four composite types (Fig. 12). SEM
micrographs of the cross-sections of the failed samples highlight the topology: the surface of the
SA3 composite looks fairly rough, with valleys and peaks, whereas the HNS surface looks
relatively flat and smooth. As noted earlier, SA3 fiber has greater surface roughness than HNS
fiber. The Rrus (root mean square) of the SA3 fiber was 8 nm and that of the HNS fiber was 2 nm
[11]. The Rmax (maximum peak amplitude) of the SA3 fiber was found to be 56 nm, significantly
larger than the 15 nm reported for HNS [11]. The greater surface roughness of the failed SA3-
reinforced composite hinted that sliding occurred near the fiber surface during mechanical loading
(Fig. 13).
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4. Discussion

In this section, experimental results for microcompression tests, along with microstructural
characterizations, are presented and discussed in terms of PyC layer thicknesses, microstructure of

the fiber/matrix coupling interface, and surface roughness of SiC fibers.
4.1 Effect of PyC layer thickness on the interfacial properties SiC«/SiC composites

The differences in PyC interphase thickness of the four composite types are clearly
distinguishable in the TEM images (Fig. 3). Fig. 14 displays the resolved shear stress at failure as
a function of PyC thickness, which was measured using SEM images before mechanical loading
(Fig. 11). Both TEM and SEM thickness measurements confirmed that JCR-SA3 had the thinnest
PyC interphase SCF-SA3 the thickest. SCF-HNS had a thicker PyC interphase layer than JCR-
HNS. The thickness of the PyC interphase in each composite type did not vary significantly from
fiber to fiber; the standard deviation of the average thickness was about +50 nm for all types.
Statistical evaluation of the data afforded an understanding of the effect of PyC interphase
thickness on resolved shear stress at failure. Comparing the debond shear strengths revealed that
the SA3-reinforced and HNS-reinforced composites had very distinct interface characteristics
when the Mohr-Coulomb failure criterion was applied. JCR-SA3 had the highest debond shear
stress and SCF-HNS the lowest, which made directly correlating the PyC interphase thicknesses
and interface characteristics difficult. Instead, interpreting data for the same fiber types proved to
be a better approach. JCR-SA3 with a thinner PyC interphase exhibited greater debond shear
strength than SCF-SA3, and JCR-HNS with a thinner PyC interphase had greater debond shear
strength than SCF-HNS. These results indicate that the debond shear strength decreased as the PyC
interphase thickness increased for the same fiber type. The thinner the PyC interphase, the more
load was needed to shear the interface. This result agrees well with Kabel’s micro-mechanical
evaluation of SiC+/SiC composites [15] and Katoh’s fiber push-out testing for PyC layer thickness
dependence [49]. However, further study is needed to clarify the disparities in debond shear

strength. Fiber type may account for the property disparities demonstrated.

4.2 Effect of carbon bonding mechanism on the fiber/matrix debonding behaviour

As mentioned earlier, the composite interfaces consisted mainly of turbostratic carbon,
amorphous carbon, and PyC. Turbostratic carbon may have formed in the fibers as a result of the

chemistry of the fiber precursors; it demonstrated a relatively more highly ordered carbon structure
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[39]. To improve weaving and handling capability, SiC fibers are coated with a polymer-derived
sizing [50]. Although the type of sizing used in the present study was not known, PVA and POE
presumably were presumably used for the HNS and SA3 fibers, respectively, based on Fellah’s
study [16]. Amorphous carbon showing relatively high structural disorder may result from
incomplete decomposition and evaporation of the sizing polymer [16]. The thermal decomposition
of sizing polymers may leave carbon residues bonded to fiber surfaces, making the structure close
to that of amorphous carbon (Fig. 4a). Fast Fourier transforms of HRTEM images (Fig. 4a) of
amorphous carbon and PyC regions confirm the presence of two distinct phases in the interface.
PyC appears to be highly textured [51]. Both HNS and SAS3 fiber surfaces contained an amorphous
carbon layer (Fig. 6); however, the desized SA3 surface contained a lower volume fraction of
amorphous carbon than the HNS surface (Fig. 6). The amorphous carbon phase bonds to either
turbostratic carbon or SiC grains on the extreme surfaces of the fibers [16]. During PyC deposition,
PyC planes are bonded to the amorphous carbon covering the turbostratic carbon or SiC grains. In
the absence of amorphous carbon, the PyC bonds directly to the turbostratic carbon or SiC grains,

following the orientation of the turbostratic carbon ribbons.

The fracture surface of the SA3-reinforced composite was rough, whereas the surfaces of the
HNS composites were smooth (Fig. 13). This observation, along with Fellah’s [16] TEM analysis
of failed SA3- and HNS-reinforced composites, hints that cracks formed locally at amorphous
carbon layers (Fig. 4a), subsequently propagated, and were deflected at the interface between the
amorphous carbon layer and the PyC. The amorphous carbon layer/PyC interface appears to be the
weakest region of CVI SiC¢/SiC and potentially responsible for partial fiber/matrix debonding.
Presumably, amorphous carbon residue remaining after thermal decomposition of the sizing
polymer also partially governed matrix/fiber debonding [16]. These results highlight that cracks
evolved adhesively when an amorphous phase was present on the fiber surface (Fig. 15).
Nevertheless, the distribution of amorphous carbon on the fiber surface was fairly random with no
significant dependence; therefore, cracks also propagated cohesively in the absence of amorphous
carbon, as shown in Kabel’s TEM investigation of failed SiC composites [15]. Thus, the fracture
mode was likely a combination of both adhesive and cohesive modes (Fig.15), and the
predominant fracture mode depended on the volume fraction of amorphous carbon on the fiber

surface. Thus, HNS fiber-reinforced composites predominantly leaned toward adhesive failure,
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whereas a higher degree of structural order in the interfaces in the SA3 fiber-reinforced composites

promoted cohesive failure.

A weakly organized amorphous carbon layer probably has a large role in the damage mechanism.
Our observations agree well with that of Fellah et al. [16]; the only difference is the presence of
amorphous carbon layers in the SA3 fibers investigated herein. The HNS and the SAE composites
had different damage mechanisms, possibly because of dissimilar volume fractions of amorphous
carbon on the fiber surfaces. The debond shear strength was greater in SA3- than in HNS-
reinforced composites because the SA3 composites contained smaller volume fractions of
amorphous carbon. Weak interfaces debond easily: interfacial shear stresses range from 40 to 100
MPa in weak interfaces and from 120 to 400 MPa in strong ones. Cohesive failure involves
stronger fiber/coating bonds, whereas adhesive failure involves poorly debonded interfaces [21].
All the composite types had a comparable internal friction coefficient, which does not depend
greatly on the PyC thickness or the surface roughness of fibers because crack evolution occurs

within either PyC or amorphous carbon (Fig. 15).

Multiple studies of the mechanical properties of multilayer interphase CV1 SiC¢/SiC composites
have revealed that failure always occurs at the innermost PyC layer [14, 15, 22, 52-54]. The current
study indicates that the first layer of multilayer SiC composites fails during mechanical loading

because of amorphous carbon on the fiber surfaces, which results in lower-density areas.

4.3 Effects of surface roughness on the microcompression test results

As seen in Fig. 14, the resolved shear stress in JCR-SA3 at failure was roughly five times as high
as in SCF-HNS, four times as high as in JCR-HNS, and two times as high as in SCF-SA3 at failure.
In addition, the resolved shear stress in SCF-SA3 was three times larger than in SCF-HNS despite
the larger the larger PyC interphase thickness of SCF-SA3. Fig. 12 compares the fracture surfaces
of failed pillars of the four composite types, and Fig. 13 demonstrates the fracture surfaces of SCF-
HNS and JCR-SA3 fibers removed from the matrix. The differences in the surface roughness of
the failed samples are clear. The crack path resulting from surface propagation in HNS composites
appears flat and smooth, whereas the fracture surface topography in the SA3 composites is
relatively rough. Significant differences in grain size lead to differences in the surface roughness
of samples (Fig. 3), and a higher grain size results in greater surface roughness. Thus, SA3

composites had a larger surface roughness amplitude than HNS composites. In the present study,
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the total clamping stress was considered to be a combination of stresses caused by fiber surface
roughness and stresses resulting from mechanical interlocking (Fig. 15c¢). In the absence of effects
from mechanical interlocking, SA3 fibers exhibited a higher clamping stress than HNS fibers
during sliding because of the associated greater surface roughness.

As can be seen in Fig. 3d and schematically in Fig. 15 (c), a critical situation was encountered
in JCR-SA3, in which the PyC layer thickness was close to peak amplitude. Clamping stresses as
a result of mechanical interlocking built up locally and exerted compression, depending on the
PyC interphase thickness vs. the fiber surface roughness peak amplitude. Thus, the failure of JCR-
SAS3 presumably was governed by the probability of high peaks and the occurrence of events in
the interface peaks. A nonuniform PyC layer thickness contributes to erratic behavior when the
PyC layer thickness is close to peak amplitude. Therefore, JCR-SA3 exhibited the largest resolved
shear stress at failure. Mechanical interlocking vanished when the PyC interface thickness
exceeded the critical peak amplitude of the surface roughness. The greater thickness reduced the
total clamping stress caused by the disappearance of mechanical interlocking, so SCF-SA3 had
lower resolved shear stress at failure. However, the resolved shear stress at failure of JCR-HNS
was two times smaller than that observed in SCF-SA3 although SCF-AS3 had a thicker PyC
interphase. The higher surface roughness of SCF-SA3 can be assumed to have resulted in higher
clamping stress, which contributed to the resolved shear stress at failure. In addition, a quantitative
analysis of the fracture surface roughness, in addition to several studies of crack propagation at the
interfaces of CVI SiC#/SiC composites [55, 56], hint that a higher debond shear strength in SCF-
SA3 reflected a higher density of short debond cracks and stronger fiber/matrix interfaces.
However, debond cracks in the SCF-HNS propagated over the longer distances associated with
smooth fiber surfaces, indicating weak interfaces. This finding also explains why higher debond
shear strength was observed in SCF-SA3 than in SCF-HNS or JCR-HNS. Based on these
observations, it can be deduced that the debond shear strength depends not only on the PyC
interphase thickness and the bonding mechanism of the carbon interphase but also on the fiber

surface roughness.

This study has proved the reliability of microcompression testing to provide insight into interface
failure mechanisms compared with push-out and push-in testing and tensile loading/unloading

hysteresis loop analysis [49]. It successfully accounted for the effects of PyC thickness, the carbon
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local bonding mechanism, and fiber surface roughness on the debond mechanism and interfacial

properties of CV1 SiC¢/SiC composites.

4.4 Data scattering dependency

Because most of samples were prepared at an interface angle of 45°, the coefficient of variation
at that angle was chose to better represent the bulk properties. Coefficients of variation were found
to be 15%, 21%, 28%, and 32% for SCF-HNS, JCR-HNS, SCF-SA3, and JCR-SA3, respectively.
Three factors are assumed to affect data scatter: fiber surface roughness, fiber/matrix interface
microstructure, and mechanical interlocks induced because the PyC interphase thickness is locally
smaller than the fiber surface roughness. When the entire fiber surface is covered with an
amorphous carbon phase, matrix/fiber sliding may occur with relatively constant resolved shear
stress. However, when the matrix/fiber interface microstructure is nonuniform because the carbon
has different degrees of structural order, the resolved shear stress at failure scatters more. HNS
fiber-reinforced composites had a larger volume fraction of amorphous carbon phase than did SA3

fiber-reinforced composites (Fig. 6). Thus, less data scatter was expected in HNS composites.

Interpretation of the test results suggested that variation in the data increased as the volume
fraction of amorphous carbon decreased and the surface roughness increased. Thus, JCR-SA3
exhibited the highest coefficient of variation. Matrix/fiber sliding became difficult for JCR-SA3
because of the high sliding resistance induced by mechanical interlocking, indicating that surface
roughness had a catastrophic impact when the PyC thicknesses was smaller than the surface
roughness amplitude of the fiber, which in turn led to large data scatter (Fig. 15). SCF-SA3
exhibited relatively lower data scatter than did JCR-SA3 because of its larger PyC interphase
thickness. Despite its greater PyC thickness, the data scatter for SCF-SA3 was higher than in the
HNS-reinforced composites. This finding can be attributed to a lower volume fraction of
amorphous carbon and larger surface roughness of SCF-SA3. Fig. 15 indicates that the crack
propagation path is flat for HNS-reinforced composites, whereas it is wavy for SA3-reinforced
composites because of the relatively rougher fiber surfaces. Because of the retardation of crack
propagation, greater data scatter was observed for SCF-SA3 than for HNS-reinforced composites.
These results suggest that unlike the PyC interphase thickness, the matrix/fiber coupling interface
microstructure and fiber surface roughness are highly effective in determining the coefficient of

variation.
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A comparison of the coefficients of variability for the HNS samples in this study with those
reported in a study by Kabel indicated remarkable similarity; Kabel reported a 21% coefficient of
variability at the inclination angle of 43° for HNS samples [15]. However, the coefficient of
variation found in the present study was three times as large as that in Shih’s study of HNS (6% at

55°). The larger coefficient may be the result of limited testing performed in the Shih study [23].

The results in this study prove the efficiency of the novel nano-indentation test in quantifying
the interfacial properties of SiC+#SiC composites. The compression testing method successfully
accounted for the effects of interfacial interactions—including physical adhesion, mechanical
interlocking, and chemical bonding that are hard to observe in conventional tensile
loading/unloading tests and fiber push-out and push-in test.

4.5 Relationship between interface characteristics and mechanical properties of SiC#/SiC

composites

Another significant objective of this study was to relate the interfacial properties of unirradiated
SiC¢/SiC composites to the mechanical properties of neutron-irradiated composites. The materials
used for micro-compression testing were previously neutron irradiated and exhibited different
mechanical properties following neutron irradiation [14, 57]. For this purpose, two papers were
selected: Koyanagi et al. [57] investigated the mechanical properties of SCF-HNS and SCF-SA3
CVI SiC4/SiC composites following neutron irradiation, and Nozawa et al. [14] evaluated JCR-
HNS and JCR-SA3 composites under similar conditions. Table 2 lists the ultimate flexural
strengths of JCR- and SCF-based SiCs/SiC composites, along with those from other work, at
different neutron doses and irradiation temperatures. Interestingly, JCR-based composites
experience significant degradation in mechanical properties, whereas SCF-based composites
maintain their structural integrity when both composite types are subjected to comparable neutron

irradiation doses and irradiation temperatures.

Disparities between SCF- and JCR-based composites can be linked to many parameters;
however, the present study discusses a limited number of parameters. The fiber/matrix interface
microstructures for the SCF and JCR systems were similar and thus were not considered to cause
disparities in mechanical properties. The differences also did not lie in the PyC thickness, since
the JCR-HNS and SCF-HNS composites had similar PyC thickness. A loss of strength is
commonly observed in irradiated SiC¢/SiC with older-generation fibers because the reinforcing
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fibers are degraded when the free carbon reacts with oxygen, causing carbothermal reduction
following neutron irradiation [58, 59]. However, a similar scenario may not be applicable to the
JCR-based composites in this study, because Raman spectroscopy detected no oxygen within the
matrix. The loss of strength seen in this study probably resulted from the different matrix types
used. Raman spectroscopy detected free carbon in the JCR matrix, whereas the SCF matrix was
carbon-free (Fig. 7d). The presence of impurities presumably led to different irradiation-swelling
behavior for JCR-based composites that engendered stresses [60]. Thus, radiation-induced
swelling stresses may account for a loss of flexural strength in JCR-based composites. Despite
lack of direct correlation between interfacial properties and mechanical properties of SCF and HNS
based composites following neutron irradiation, there exists good relationship for unirradiated
case. Flexural stress vs. flexural strain was extracted from two prior studies for unirradiated
conditions (Fig. 16). HNS fiber-based composites demonstrated quasi-ductile fracture behavior,
SA3-based composites tended to exhibit brittle fracture accompanied with less flexural strain. In
addition, flexural strain of JCR based composites are relatively lower than that of SCF based
composites. Thus, higher level of degradation of mechanical properties for JCR based composites
can be associated with relatively limited failure strain, which can induce higher debond shear
strength as seen in the case of JCR-SAS.

At high neutron doses ranging from 38 to 74 displacements per atom, Katoh et al. [61] and Perez-
Bergquist et al. [13] reported substantial degradation of mechanical properties but no progressive
evolution in swelling in HNS-reinforced SiCs/SiC composites with a PyC thickness of 20 nm,
which is very close to the Rmax 0f 15.2 nm. A very severe degradation in mechanical strength was
attributed to either a very thin PyC layer for crack arresting/deflection or severe PyC interface
damage induced by high-dose neutron irradiation [61]. At a low neutron dose (up to 6
displacements per atom), Katoh et al. [53] reported insignificant or minor modification of the
mechanical properties of neutron-irradiated SA3 and HNS fiber-reinforced SiC¢#SiC composites
at nominal temperatures of 800 and 1300°C. Two different PyC interphase thicknesses, 50 and
150 nm, were used for both composites [53]. Excellent mechanical properties and no progressive
evolution in swelling were attributed to either the strong irradiation resistance of the fiber/matrix
interface under a low level of irradiation exposure, or a sufficient PyC thicknesses for crack

deflection and arresting. These results suggest that the PyC interphase thickness can be tailored
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depending on the Rmax Of the fiber to improve the neutron irradiation stability of SiC#/SiC

composites.

The results for neutron-irradiated SiC+/SiC composites in the present study suggest that the
optimum PyC interphase thickness range is 50-100 nm for HNS-reinforced SiC#SiC composites
and 100-150 nm for SA3-reinforced SiC#/SiC composites. In addition, optimum thermal or
chemical treatment conditions for SA3 and HNS fibers before PyC deposition must be identified
to fabricate neutron-resistant CVI SiC¢/SiC composites, as amorphous carbon residue on fiber

surfaces engenders weaker interfaces.
5. Conclusions

This paper presents an overview of a novel microcompression test method, which was
successfully adopted to evaluate the interfacial properties of SiC fiber-reinforced SiC composites.
Pillar-shaped, micro-sized specimens with inclined fiber/matrix interfaces were mechanically
tested. The reliability of the small-scale mechanical testing can be deduced from the precise and
accurate measurement of interfacial properties such as debond shear strength and internal friction
coefficient. Extensive microstructural characterization and complementary investigation of
matrix/fiber interface characteristics enabled the elucidation of some operative mechanisms. SA3
fiber- and HNS fiber-reinforced composites had distinct interface microstructures. HNS-reinforced
composites contained a larger volume fraction of amorphous carbon. Fiber type appeared to be the
most effective factor in determining the interfacial properties of CVI SiC¢/SiC composites.
Microstructural features such as PyC layer thickness, fiber surface roughness, and degree of the
structural order of carbon accounted for the disparities in the interfacial properties of both SA3
and HNS fiber-reinforced CVI SiC¢/SiC composites. The results suggest that no single
microstructural parameter dominated the micropillar sample testing results. SA3 fiber-reinforced
composites possessed higher resolved shear stress at failure than did HNS composites, regardless
of PyC thickness. The higher stress presumably was due to a larger volume fraction of ordered
carbon structure (PyC) that favored cohesive fracture, as well as higher clamping stresses
associated with the greater surface roughness of SA3 fiber. JCR-SAS3, with the thinnest PyC layer,
exhibited the highest debond shear stress as a result of mechanical interlocking during frictional
sliding. Depending on the fiber surface roughness amplitude vs. the PyC layer thickness, additional

forces built up locally. The amorphous carbon phase on the fiber surface conduced to a lower
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resolved shear stress at failure. Therefore, control of the fiber surface and/or the initial CVI
deposition process may be a way to tailor the fiber/matrix bonding in HNS- and SA3-reinforced
CVI SiC#/SiC composites. The presence of amorphous carbon on the fiber surface may explain
why failure always occurred in the first PyC layers in multilayer PyC/SiC composites. SEM
observations at different inclination angles revealed that failure of pillar-shaped samples always
occurred along a fiber/matrix interface containing a PyC interphase. SCF-based composites
exhibited outstanding neutron irradiation resistance, whereas JCR-based composites experienced
severe mechanical degradation at the same levels of neutron dose and temperature. Loss of strength
in JCR-based composites may be attributable to the presence of carbon in the JCR matrix, which
induces radiation-induced swelling stresses. Test results generated by microcompression testing
and application of the Mohr-Coulomb failure criterion demonstrated that small-scale mechanical
testing is unambiguous, reproducible, and effective for determining interfacial properties such as
interfacial debond shear stress and internal friction coefficient, which are significant for the

understanding and evaluation of mechanical properties of CV1 SiC¢/SiC composites.
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Fig. 1. (a) Schematic illustration of micropillar preparation for microcompression testing and (b) resolved
shear and resolved normal stress at fiber/matrix interface during loading.
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Fig. 2. Representative CV1 SiC¢#SiC composite micropillar, fabricated by FIB milling, at various angles
of the failure planes (a) 30°, (b) 45°, and (c) 60°. The dark line between fiber and matrix indicates the
pyrocarbon interphase (PyC).

SCF-HNS JCR-HNS

Fig. 3. Bright-field TEM images containing SiC matrix, pyrolytic carbon (PyC) interphase, and SiC fibers;
(@) SCF-HNS, (b) JCR-HNS, (c) SCF-SA3 and (d) JCR-SA3.

25



F.G. Graphite

Amorphous Carbon

SA3 Fiber

Fig. 4. (a) HRTEM images of the interface of (a) PyC/HNS fiber with corresponding fast fourier
transforms of amorphous carbon and PyC; (b) PyC/SA3 fiber.
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Matrix

Fig. 6. Comparison of fraction of amorphous carbon in the matrix/fiber interface for (a) SCF-HNS and
(b) JCR-SA3. The bright regions in the PyC interphase are amorphous carbon.
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Fig. 7. Raman spectroscopy analysis of undeformed CVI SiC+/SiC composites (a) at the center SiC fiber,
(b) fiber edge, and (c) SiC matrix. (d) Combination bands from 1700 to 3100 cm* for SiC matrix.
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Fig. 8. Resolved shear stress at failure vs. resolved normal stress at failure in Mohr’s space at different
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Fig. 9. A comparison of average resolved shear stress and resolved normal stress at failure for four types
of CVI SiC4/SiC composites. The error bars were obtained based on companion microcompression tests
performed for each case.

10004 S CF NS
JCR-HNS y=152+0.39x
SCF-SA3 n
m JCR-SA3

[ X
[ ]

[)
y=95+0.31x
100 ® (4

Resolved Shear Stress at Break (MPa)

8
E M
4 [t
4 y=36+0.26x
104
’ 2 3456 2 3456
10 100 1000

Resolved Normal Stress at Break (MPa)

Fig. 10. Comparison of intrinsic debond shear strength and internal friction coefficient for four types of
CVI SiCi/SiC composites. The Mohr-Coulomb failure criterion was applied to extract intrinsic interface
characteristics.
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Fig. 11. Comparison of fabricated pillars: (a) CVI SiC«/SiC composite undeformed and (b) CVI SiC+/SiC
composite after compression.

Fig. 12. Top-view SEM micrographs of the fracture surfaces of the SiC matrix for (a) SCF-HNS, (b)
JCR-HNS, (c) SCF-SA3, (d) JCR-SA3 following failure after nano-indentation tests.
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Fig. 13. Side-view SEM micrographs of the fracture surfaces of SiC fibers removed from the pillar for (a)
SCF-HNS and (b) JCR-SAZ3 following failure after nano-indentation tests.
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Fig. 14. Resolved shear stress at failure as a function of PyC interphase thickness for CVI SiC4/SiC
composites. PyC thickness measurement was performed based on SEM images of micropillar before
mechanical loading.
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Fig. 15. Schematic diagrams indicating potential crack propagation along PyC interphase for (a) SCF-
HNS and JCR-HNS, (b) SCF-SA3, (c) JCR-SA3 with smaller PyC thickness. SA3 fiber-reinforced
composites display a more tortuous path owing to a higher surface roughness amplitude.
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Fig. 16. Flexural stress vs. flexural strain response of (a) Hi-Nicalon S [HNS] fiber reinforced CVI
SiC+/SiC composites, (b) Tyranno SA3 [SA3] fiber reinforced CVI SiC#SiC composites.

Table 1. PyC thicknesses of four types of CVI SiC#/SiC composites, obtained by TEM, and their
corresponding debond shear strength and internal friction coefficients extracted from load vs. displacement

curve. Nominal PyC thickness and corresponding interfacial properties were also included from studies by
Kabel et al. [15] and Shih et al. [23] for comparison purposes.

SCF-HNS JCR-HNS SCF-SA3 JCR-SA3  SA3[15] HNLS HNS

[15] [23]

PyC thickness 113+17 91+19 248+30 51426 50 50 50

(nm)

Debond shear 3614 4048 95+15 152+26 145 266 100
stress (MPa)

Internal friction 0.26 0.39 0.31 0.39 0.15 0.25 0.73
coefficient
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Table 2. Compilation of ultimate flexural stress and swelling for near-stoichiometric Hi-Nicalon Type S
(HNS) and Tyranno SA3 fiber-reinforced CV1 SiC+/SiC composites following neutron irradiation.

Numbers in parentheses stand for one standard deviation. For details of SCF and JCR matrix types, see

the experimental part of the paper. N/A: not applicable; N/D: no data.

Ref. Fiber type Irradiation conditions PyC Thickness Ultimate Swelling (%)
(nm) flexural stress
(MPa)
Koyanagi et al. SCF-HNS Unirradiated 50-150 412 (35) N/A
[57] 280-340°/2.0 dpa 509 (49) 0.6
230-280°/11.8 dpa 486 (72) 0.7
SCF-SA3 Unirradiated 200-350 331 (91) N/A
280-340°/2.0 dpa 300 (40) 0.6
230-280°/11.8 dpa 344 (85) 0.5
Nozawa [14] JCR-HNS Unirradiated 80—120 363 (170) N/A
11 171 (38) 0.4
44 88 (16) 0.3
JCR-SA3 Unirradiated 50-80 463 (66) N/A
11 206 (3) 0.5
44 195 (19) 0.4
Katoh et al. [61] HNS Unirradiated 20 444 (34) 0
600°/40 dpa 304 (43) 1.6
400°/38 dpa 152 (27) 1.3
Unirradiated 335 (66) 0
300°/71 dpa 91 (21) 1.9
500°/74 dpa 202 (34) 1.4
Katoh et al. [53] SA3 Unirradiated 150 278 (22)
830°/5.9 dpa 150 304 (38)
1270°/5.8 dpa 150 274 (28)
Unirradiated 50 287 (16)
830°/5.9 dpa 50 269 (-)
1270°/5.8 dpa 50 279 (7)
HNS Unirradiated 150 343 (4) N/D
830°/5.9 dpa 150 309 (14)
1270°/5.8 dpa 150 290 (17)
Unirradiated 50 306 (15)
830°/5.9 dpa 50 306 (15)
1270°/5.8 dpa 50 300 (13)
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