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22 Deformation mechanisms of a friction stir processed FesgMnyCo,0Cr;sSis transformative high
23 . . . . .
24 entropy alloy using three different process parameters were studied to explain the microstructural
;Z dependence of tensile response in these specimens. The relative strain hardening contribution
27 due to transformation and twinning effects was different for the three different microstructural
28
29 conditions and thus resulted in different magnitude of work hardening. Crystal plasticity
g(l) simulations confirmed that synergistic activity of face centered cubic and hexagonal close
32 packed slip and twin mechanisms resulted in sustained work hardening and enhanced uniform
33
34 elongation. The non-uniform ductility and extent of void nucleation and growth in these
35 . .. . .
36 specimens were limited. Nevertheless, fractography and X-ray microscopy of fractured tensile
g; specimens verified that microstructural flexibility induced different propensities for void growth
39 and ductile fracture mode. Thus, alloy design induced phase stability, adaptive phase evolution
40 . . . o . .
41 due to friction stir processing, extent and kinetics of martensitic transformation and related work
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1. Introduction

Extensive research in recent years established that during tensile deformation, high entropy
alloys with transformation induced plasticity (TRIP-HEAs) show exceptional work hardening
behavior, which thus accounts for superior strength-ductility combination [1-5]. These previous
studies proved that the enhanced tensile properties can be attributed to the activation of multiple
plastic deformation mechanisms. Our earlier studies discussed the tensile behavior of various
transformative HEAs, wherein microstructural tailoring through alloy design and
thermomechanical processing resulted in enhanced tensile strength-ductility response [6—8]. The
TRIP effect in our HEAs is based on face centered cubic (f.c.c.) y to hexagonal close packed
(h.c.p.) e-martensite phase transformation [1-2], although other studies have also discussed
TRIP-HEAs involving body centered cubic (b.c.c.) to h.c.p./orthorhombic martensitic
transformation [9—10].

This study was a systematic investigation to compare and contrast the deformation
mechanisms that ultimately result in different degrees of work hardenability for a particular
TRIP-HEA. In order to perform a systematic study, we selected a specific transformative HEA
with processing-dependent microstructural flexibility. One of our earlier studies discussed
Fe4oMn,(Co,0Cr;5Sis alloy (CS-HEA), processed by friction stir processing (FSP) using different
tool rotation rates [6]. FSP with different tool rotation rates (S350, S150 and D-pass, described in
Table 1) led to different phase evolution. Subsequently, these specimens exhibited different
tensile response, which was reported in our earlier study [6]. Our aim in the present study was to
compare quantitatively the work hardening behavior of the three different microstructural
conditions of CS-HEA (responsible for their respective uniform ductility).

Additionally, studies on fracture behavior of TRIP-HEAs are limited. Recently, Wei et al.
investigated the fracture mechanisms in a metastable FessMn3sCo;oCrip HEA [11]. Still, the
scope for investigating the fracture mechanisms of TRIP-HEAs is wide. Key to our inquiries is
the realization that although transformative HEAs exhibit large uniform ductility due to sustained
work hardening response, their non-uniform ductility is quite limited. Such non-uniform ductility
represents strain for growth of voids and ductile fracture. Clearly, the ductile failure mechanisms
must be distinguished from the deformation mechanisms that contribute to work hardening in the
uniform elongation regime. In line with this, Luo and Huang discussed three different types of
ductile fracture surfaces: (i) quasi-cleavage (i1) void sheet and (ii1) large dimples [12].

Ductile failure can occur by two generic modes, namely plastic instability and void

coalescence. Different materials exhibit different mechanisms of ductile fracture by void
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nucleation/growth in the absence or presence of necking. Twinning induced plasticity (TWIP)
steels undergo failure by localized plastic shear without necking; 304 stainless steel fails by
localized plastic shear after necking, while Interstitial Free (IF) steel shows failure by void
coalescence with obvious necking [12]. The strain for nucleation and growth of voids has been
described based on Considere criterion for plastic instability. Several researchers proposed
ductile fracture criteria based on the original or modified Brown and Embury model [13—16] to
describe the nucleation and growth of voids. Investigation of void nucleation and growth
characteristics is important in elaborating the ductile failure behavior of transformative HEAs.
Therefore, we performed a detailed investigation of the ductile fracture mechanisms of CS-
HEA using fractography and X-ray microscopy (XRM). This study seeks to provide a
comprehensive overview of the factors contributing to large uniform ductility as well as the

reasons for low non-uniform ductility and mode of failure.

2. Experimental

The material used in the present investigation was FesoMnyoCo,0Cr;sSis HEA (CS-HEA).
The alloy was produced by vacuum arc-casting in a cold copper crucible using pure metals and
ingot dimensions of 300 x 100 x 6 mm”’. The chamber was backfilled with argon to 1 atm. prior
to each melt.

FSP of as-cast CS-HEA sheets was performed using a W-Re tool with shoulder diameter of
12 mm with tapered pin and root diameter, pin diameter and tool length of 7.5 mm, 6 mm and

3.5 mm, respectively. The FSP parameters are listed in Table 1.

Table 1: FSP parameters used in the present study

o Rotational  Traverse speed Plunge .
Condition Pass rate (rpm) (mm /milll).) Depth (%nm) Tilt Angle (°)
S350 Single 350 50.8 3.65 2.0
S150 Single 150 50.8 3.65 2.0
D-pass Pass 1 350 50.8 3.65 2.0
Pass 2 150 50.8 3.70 2.0

Rectangular dog-bone shaped mini-tensile specimens with gage length, gage width and
thickness of 5 mm, 1.25 mm and 1 mm, respectively, were machined out using a mini computer
numerical control (CNC) machine from 1 mm below the surface within the nugget region of the

FSP specimens. Room-temperature tensile tests to failure were performed on a mini-tensile tester
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using an initial strain rate of 10” s™. To check the reproducibility of results, three tests were
carried out for each condition.

Electron backscatter diffraction (EBSD) characterization of microstructure was done on a
FEI Nova Nano SEM 230 equipped with Hikari Super EBSD detector at an operating voltage of
20 kV. TEAM™ software for EBSD data acquisition and TSL OIM 8 software for EBSD data
analysis were used. The EBSD scans of FSP specimens were done at higher magnification than
the as-cast condition due to finer grain size in the former. The typical scan area and step size of
the EBSD scans for as-cast material were 150 um x 120 um and 0.5 um, respectively. The
corresponding values for the FSP specimens were 39 um x 20 pm and 0.1 pm, respectively.
Phase fractions reported from EBSD were obtained by averaging three or more scans.
Fractography of the fractured tensile specimens were performed using FEI Nova Nano SEM 230
and FEI Quanta 200 ESEM.

X-ray microscopy (XRM) of fractured mini-tensile specimens of CS-HEA was
accomplished using a Zeiss Xradia Versa 520 microscope. For each specimen condition, a full
field-of-view scan at lower magnification (4X objective) and an interior tomography at higher
magnification (20X objective) were carried out to image the fractured half-tensile specimen and
detailed fracture surface, respectively. The parameters used for the XRM scans are detailed in
Table 2. Voltage and power, exposure time and source to detector distances were optimized
depending on the objective, so as to obtain intensity of at least 5000 counts per second. In each
case, the filter was selected by checking the transmittance at the angular position of 45°. First,
the transmittance with air filter was recorded. Based on that transmittance, the appropriate filter
was then selected to increase transmittance in the range of 20-35%. XRM data analysis was

carried out using Dragonfly software.

Table 2: XRM parameters used to study fracture behavior of CS-HEA

Specimen S350 D-pass S150
Objective 4X 20X 4X 20X 4X 20X
Voltage (kV) 80 80 120 120 120 100
Power (W) 7 7 10 10 10 9
Filter LES LE6 LES HE3 HE1 LE6
Binning 2 4 2 4 2 4
Exposure(s) 5 10 1 10 1 10
Source Position (mm) -30.07 -14.55 -30.60 -16.39 -30.05 -14.57
Detector Position (mm) 30.07 21.75 30.61 25.25 30.05 21.75
Angular range (°) 360 360 360 360 360 360
Number of Projections 1601 3601 1601 3601 1601 3601
4
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3. Computational
3.1. Theoretical calculation of dislocation and geometrical hardening

The experimental stress-strain responses for S350, D-pass and S150 specimens were
compared with calculated hardening contributions based on dislocation hardening [17-21] and
geometrical hardening [22-23]. The original Taylor equation for dislocation hardening is given
as,

T =1, + aGhVp (1)

where T is shear flow stress, Ty is shear resistance to dislocation motion when p = 0, a is a
dimensionless material parameter, G is shear modulus and p is dislocation density. Also, the
relationship between shear flow stress t and uniaxial flow stress ¢ of a polycrystal is 0 = Mt
where M is the Taylor factor. Using these, the Taylor equation can be expressed in the alternate

form as,

o =0"+MaGb(\Jp —/p") )
where 6* and p* are flow stress and dislocation density at the point where the material first
becomes plastic. Differentiating Eq. (2) to get the stress evolution with dislocation density yields

do/dp = MaGb/2p. (3)
A linear Taylor dislocation hardening can be obtained by considering a constant slope
(do/dp)eonst- An initial estimate of peonst = 10'%/m? was used to calculate the (do/dp)const- The
values of M = 3.1, a = 1.16 [24], G = 78 GPa (G = E/(2(1+v)) where E = Young’s modulus =
205 GPa and v = Poisson ratio = 0.3) and b = 4.3321 A (corresponding to <c+a> system) were
applied to calculate (do/dp)const- Then the experimental values of stress ¢ and (do/dp)const Were
used to obtain values of p (dislocation evolution according to a linear Taylor hardening model).
Finally, the stress o according to a linear Taylor hardening model (that is, the MaGbvVp
contribution as described by Eq. (2)) was calculated using the calculated values of p. The value
of peonst used to calculate (do/dp)const Was refined by iteration until the MoGbV, p* was equal to
experimental o* (at the yield stress) up to 3 decimal places.
Similarly, the geometric hardening contribution due to crystal lattice rotation with strain was
calculated by applying the equation for glide shear strain t given as [25],
T = (P/A)sinyg,[1 — {sin*Ao/(L;/Lo)}]"* “
where P and A are the applied load and area that specify the applied stress, y, and A, are the
angles specifying the initial orientations of the slip plane and slip direction with respect to the

tensile (loading) axis, Li and L, are the instantaneous and original gage lengths, respectively;

5
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hence, Li/L represents the engineering strain. A range of values of y, and A, based on a
theoretical range of possible Schmid factors (e.g., from 0.01 to 0.45) enabled calculating the

theoretical geometric hardening contribution.

3.2. Visco-plastic self-consistent (VPSC) simulations

The VPSC model simulates the plastic deformation of polycrystalline aggregates based on
physical shear mechanisms of slip and twinning and accounts for grain interaction effects [26-
27]. Each grain is considered as an ellipsoidal inclusion in a homogeneous medium, where both
the inclusion and medium properties are anisotropic. VPSC predicts the macroscopic stress-strain
response, thereby accounting for hardening, reorientation and shape change of individual grains
to predict the hardening and textural evolution of the material with plastic deformation.

Deformation occurs by slip or twinning when the resolved shear stress reaches a critical
value. The extended Voce law [28] given by Eq. (5) describes the evolution of critical stress with
deformation,

% =15 + (11 + 0; 1) (1 — exp(=T[65/71]) 3)
where I' = ) Ay*® is the accumulated shear in the grain, and 1o, 8¢, 61, (TotT1;) are the initial
critical resolved shear stress (CRSS), initial hardening rate, asymptotic hardening rate and back-
extrapolated CRSS, respectively. Additionally, self and latent hardening are allowed by defining
coupling coefficients (h*) to account for the interactions between slip/twin systems.

In the present study, VPSC simulations of uniaxial tensile deformation of S350, S150 and
D-pass conditions of CS-HEA were performed to obtain insight into the relative propensities of
slip and twin modes, to explain the differences in work hardening behavior. The initial textures
(in the form of Euler angles (@1, ¢, ¢2)) of as-FSP condition of S350, S150 and D-pass specimens
obtained from EBSD were used as input for the VPSC simulations. Phase fractions of y (f.c.c.)
and € (h.c.p.) derived from EBSD were also specified as input (S350: 5% vy + 95% ¢, S150: 65%
v + 35% ¢, D-pass: 31% v + 69% ¢€). To obtain appropriate Voce parameters (to, 11, 89, 0;) to
model the hardening behavior, initially we started with hardening parameters reported for TWIP
steels for the y (f.c.c.) phase [29] and conventional h.c.p. metals like Mg/Ti for the € (h.c.p.)
phase [30-33]. The Voce parameters were changed and refined by comparing the simulated
stress-strain response for each specimen condition with the corresponding experimental curves
(with every new set of (1o, 1, 89, 81)). This refinement was repeated until a reasonably good
match was obtained between experimental and simulated curves for each specimen condition

(S350, S150 and D-pass). Then, VPSC simulations were performed for all three conditions using
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the Voce and latent (h*) hardening parameters listed in Table 3. Note that the y (f.c.c.) phase is
assumed to be softer than the ¢ (h.c.p.) phase (Table 3) because previous researchers showed
through first-principles calculations [34] and experimental micro-hardness measurements [35]

that the f.c.c. phase is softer than the h.c.p. phase in HEAs.

Table 3: Voce and latent hardening parameters used in the present study

T1 90 91

Specimen Mode (1\/;10321) (MPa) (MPa)  (MPa) h*!' h** hp** h** pe® gl
1 275 200 300 50 1 1.4 - - - -
2 370 200 300 100 1 1.4 - - - -
3350 3 470 40 340 60 - - 1 1 10 2
4 490 50 390 80 - - 1 1 10 2
5 540 60 1200 40 - - 1 1 2 2
6 530 60 1000 20 - - 1 1 10 16
1 275 200 300 50 1 1.4 - - - -
2 370 200 300 100 1 1.4 - - - -
3150 3 730 100 900 80 - - 1 1 10 2
4 750 110 1000 100 - - 1 1 10 2
5 800 50 2500 40 - - 1 1 2 2
6 790 50 2000 60 - - 1 1 10 16
1 275 200 300 50 1 1.4 - - - -
2 370 200 300 100 1 1.4 - - - -
D-pass 3 450 60 330 100 - - 1 1 10 2
4 470 70 380 120 - - 1 1 10 2
5 520 80 1200 80 - - 1 1 2 2
6 510 80 1000 60 - - 1 1 10 16
Description of modes Initial grain shape (initial ellipsoid ratios)
1: FCC {111}< 110 > Slip S350: 5:1:1 for fcc and 1:1:1 for hep
2: FCC {111}< 112 > Twin S150 and D-pass: 1:1:1 for both fcc and hep
3: HCP {1010}<1120> Prismatic Slip Phase fractions
4: HCP {0001}<1120> Basal Slip $350: 5% fee + 95% hep
5: HCP {1011}<1123> Pyramidal <c+a> Slip S150: 65% fec + 35% hep
6: HCP {1012}<1011> Extension Twin D-pass: 31% fee + 69% hep
4. Results

4.1. Uniform ductility and work hardening mechanisms

CS-HEA has ¢ (h.c.p.) dominant dual-phase microstructure in the as-cast condition (Fig. 1
(a)). The phase evolution in as-FSP specimens is different for the different FSP parameters
(S350, S150 and D-pass), and results in three different microstructures (Fig. 1 (a)). S350 yields
almost single-phase & (h.c.p.) microstructure, S150 has y (f.c.c.) dominant dual-phase

microstructure, while D-pass specimen displays € (h.c.p.) dominant dual-phase microstructure.

7
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The corresponding tensile and strain hardening curves are included in Figs. 1 (b) and (c),
respectively. Note that the comparison of the tensile response of as-FSP specimens with that of
as-cast specimen was discussed in our earlier study [6]. Among the as-FSP specimens, D-pass
condition exhibits the highest tensile elongation, while S150 shows the lowest ductility. The
higher elongation to failure of D-pass specimen is attributed to higher, sustained strain hardening
due to TRIP and twinning [6].

Figure 1 (d) presents a comparison of the ¢ (h.c.p.) fraction change from as-FSP to deformed
condition for the three processing conditions (S350, S150 and D-pass), and the corresponding
uniform elongation (which also corresponds to the void nucleation strain related to the onset of
plastic instability). Clearly, the uniform elongation is dependent on the interplay between the
amounts of ¢ (h.c.p.) already present in the as-FSP microstructure and ¢ (h.c.p.) formed due to
transformation, as well as the work hardening characteristics of deformed ¢ (h.c.p.). The fact that
the D-pass specimen shows the highest uniform elongation indicates that the y (f.c.c.) phase
stability is an important factor. Conceptually, if the alloy is more metastable, the TRIP stress
would be lower and backstresses would not be able to hinder transformation. CS-HEA is highly
metastable due to alloy design. Now, considering that S350 has a higher €/y ratio than the D-pass
in the as-FSP condition (Fig. 1 (d)), we can infer that pronounced TRIP effect in D-pass
condition contributes to highest work hardening and uniform ductility. Also, the high work
hardening in D-pass condition is due to the ductile nature of the € (h.c.p.) phase itself. S150
condition has y (f.c.c.) dominant microstructure in the as-FSP condition, and exhibits significant
e (h.c.p.) phase formation during deformation (value for the ratio of & increase during
deformation and ¢ in as-FSP as shown in Fig. 1 (d)). Yet, S150 shows lowest work hardening
and uniform elongation. This is because the kinetics of transformation also influences the
deformation capability of the phases. The relative activity of slip modes and amount of twinning
of the y (f.c.c.) and ¢ (h.c.p.) phases are important and will be discussed later from VPSC
simulation results. First, we must distinguish among the three specimen conditions based on the
extent of work hardening. Even though TRIP/twin effects contribute to work hardening in all
three specimen conditions, the degree of work hardening in these specimens is different. Clearly,
the relative contribution from TRIP/twin effects is different for each specimen condition. The
following discussion seeks to explain the difference in hardening contributions for S350, D-pass

and S150 specimens to justify the different extents of work hardening observed.
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Fig. 1. (a) EBSD phase fraction maps, (b) tensile curves [6], (c) strain hardening curves [6], and
(d) comparison of & (h.c.p.) phase fraction change during deformation and uniform
elongation of CS-HEA for the various FSP conditions.
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The predicted curves based on the sum of linear Taylor dislocation hardening and
geometrical hardening are plotted along with the experimental curves for S350, S150 and D-pass
conditions in Figs. 2 (a), (b) and (c), respectively. Figure 2 (d) illustrates the common features of
Figs. 2 (a)~(c) to explain the difference between experimental and theoretical hardening
contributions. Clearly, the small geometrical hardening contribution explains why the predicted
curves of dislocation plus geometrical hardening almost overlap with the dislocation hardening
line in Figs. 2 (a)—(c). Interestingly, the additional hardening contribution from TRIP/twin effects
(corresponding to the region shaded by golden dotted lines in the schematic Fig. 2 (d)) is
different for the different specimen conditions in Figs. 2 (a)—~(c). The calculated linear Taylor
dislocation hardening simply represents what would be the hardening arising solely out of the
evolution of dislocation content. Similarly, the geometrical hardening estimates the theoretical
hardening possible due to lattice reorientation with strain. On the other hand, the additional work
hardening (difference between experimental and calculated curves) arises from strain induced by
f.c.c. to h.c.p. transformation, backstress generated in the dual-phase microstructure and load
partitioning to the martensite phase, thus accounting for the microstructure and stress-state
dependence of the work hardening behavior. Figs. 2 (a)—(c) clearly show that the D-pass
specimen exhibits the highest additional hardening contribution from TRIP/twin (~ 500 MPa at
the UTS). The corresponding values for S350 and S150 specimens are ~ 300 MPa and ~ 200
MPa, respectively. Thus, the relative work hardening contributions from TRIP/twin effects are
quantified for the different specimen conditions. The lowest TRIP/twin hardening contribution
for S150 specimen is due to the fact that kinetics of TRIP is very fast whereas the S350 deforms
completely with different preferential strain accommodation mechanisms. Also, it must be
mentioned that the stored dislocation density and grain size of the y (f.c.c.) phase in S150 and D-

pass conditions alter the kinetics of TRIP.

10
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Fig. 2. Calculated hardening contributions in comparison with experimental curves for (a) S350,
(b) S150, and (c) D-pass specimens of CS-HEA. (d) A schematic to explain the various
hardening contributions and the gap that needs further discussion.

4.2. VPSC simulations of stress-strain response

S350, S150 and D-pass conditions of CS-HEA exhibit different degrees of work hardening
due to the synergistic effect of alloy chemistry induced phase stability, adaptive phase evolution
due to FSP parameters and propensity and kinetics of y (fic.c.) to & (h.c.p.) martensitic
transformation. Various factors like phase ratio in the as-FSP state, TRIP stress, rate of phase
transformation, stored dislocation content and grain size of y (f.c.c.) influence the deformability
of the y (f.c.c.) and € (h.c.p.) phases. Therefore, quantifying the relative activity of f.c.c. and
h.c.p. deformation mechanisms in each specimen condition is necessary to get a holistic
overview of the factors contributing to the different work hardening behaviors.

VPSC simulations were performed to quantify the relative contribution of deformation
modes in S350, S150 and D-pass specimens. Figs. 3 (a)—(c) show the VPSC simulated stress-
strain curves for S350, S150 and D-pass specimens along with corresponding experimental

curves. The activity of a deformation mode refers to the sum over all grains of shear rates
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contributed by that mode, weighted by grain volume fraction [36-37]. The sum of all mode
activities is the total activity. Thus, the relative activity of each slip/twin mode can be obtained
by the ratio of activity of each mode to the total activity. Since the relative activity of slip and
twin modes cannot be directly measured experimentally, crystal plasticity simulations were used
to predict the same. It is worth mentioning here that, interrupted tensile tests supplemented with
EBSD at different strain levels or in-situ tensile-EBSD experiments could provide valuable
insight to validate some features, such as the changes in dislocation density or crystal textures.
Figures 3 (d), (e) and (f) show the variation of relative activities of all f.c.c. and h.c.p. slip and
twin modes for S350, S150 and D-pass specimens, respectively. The activity curves confirm that
the f.c.c. slip activity decreases with progressive strain, while the h.c.p. pyramidal <c+a> slip
activity increases significantly with increasing strain. S350 has predominantly higher activity for
h.c.p. pyramidal <c+a> slip than all the other modes (Fig. 3 (d)). S150 shows the highest activity
for f.c.c. slip, and h.c.p. pyramidal <c+a> slip is the second most significant mode (Fig. 3 (e)).
Interestingly, in the D-pass specimen, f.c.c. slip and h.c.p. pyramidal <c+a> slip activities are
comparable (Fig. 3 (f)). Also, the activities of these two modes are relatively closer to the other
modes like h.c.p. basal and prismatic slip, compared to S350 or S150. For example, S150 shows
much higher f.c.c. slip activity than h.c.p. modes (Fig. 3 (e)), but fails to produce significant
work hardening. S350 features high activity of h.c.p. pyramidal <c+a> slip but f.c.c. slip activity
is low even at low strain (Fig. 3 (d)), because the as-FSP volume fraction of y (f.c.c.) phase is
low in this condition (Fig. 1 (a) and Table 3). As a result, work hardening of S350 is better than
S150, but lower than the D-pass specimen. Only the D-pass specimen shows synergistic activity
of f.c.c. and h.c.p. deformation modes (Fig. 3 (f)). This confirms that dual-phase strain
partitioning is effectively achieved in the D-pass condition, thereby resulting in a sustained work
hardening response. In an earlier study, we sought to estimate the relative hardness of y (f.c.c.)
and € (h.c.p.) phases in CS-HEA from nanoindentation measurements [38]. That study showed
that both the phases in a dual-phase microstructure have similar hardness and modulus. While a
thorough independent investigation is required to truly differentiate the intrinsic deformability of
the two phases in this alloy, the similarity in nanoindentation response of both phases indicated
synergistic hardening/softening of the two phases in the microstructure, depending on thermo-
mechanical processing or deformation state. This further strengthens our hypothesis that the
synergistic hardening effect of the y (f.c.c.) and € (h.c.p.) phases is the key to sustained work
hardening response in CS-HEA.

12
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Figure 3 (g) displays the average active systems per grain (AVACS) as a function of strain
for the f.c.c. and h.c.p. phases in all three specimens. The f.c.c. phase in all three specimens
shows an initial increase in AVACS followed by saturation of AVACS at higher strain. The
initial increase in AVACS is attributed to y (f.c.c.) twinning, while at higher strain, twinning
activity saturates and hence, there is saturation in AVACS [39]. On the other hand, initially the
h.c.p. phase decreases in AVACS after which it increases with increasing strain. Since € (h.c.p.)
twinning and pyramidal <c+a> slip are operative at higher strain to accommodate strain
according to von Mises criterion, AVACS increases for € (h.c.p.) phase at high strain. The key
observation here is that AVACS increases most steeply for the S350 condition in the case of
f.c.c. phase and for the S150 condition in the case of h.c.p. phase. In other words, the less
dominant phase in each case undergoes rapid increase in AVACS. This is because the strain in
the less dominant phase is mostly determined or imposed by the majoritarian phase to fulfill
compatibility, therefore requiring higher AVACS consistent with a Taylor-like behavior. This
also confirms that the metastability based alloy design induced phase evolution can alter the
individual deformation responses of the two phases and the deformability of the phases is not
just dependent on crystal structure.

Figure 3 (h) shows the f.c.c. and h.c.p. twin volume fractions as a function of strain for
S350, S150 and D-pass conditions. D-pass specimen has the highest € (h.c.p.) twin fraction,
while S350 specimen also exhibits y (f.c.c.) and € (h.c.p.) twinning. Therefore, the twin fraction
evolution from VPSC confirms the contribution of twinning to work hardening response (Fig. 1
(¢)). The good work hardening capability of S350 is due to twinning-induced increase in strain
hardening. The highest work hardening capability of D-pass specimen is attributed to the
combination of TRIP and ¢ (h.c.p.) twinning. The VPSC simulations confirm that D-pass
condition has the highest propensity of € (h.c.p.) twinning. In line with this, stacking fault energy
(SFE) is an important factor that influences the ease of twinning. In the present case, we are
comparing three different microstructural states of the same alloy (CS-HEA). The SFE of our
CS-HEA alloy was determined to be ~6.31 mJ/m” using in-situ neutron diffraction in another
study by Frank et al. [40]. This level of SFE is designed to favor e-martensite transformation,
while the typical SFE range for twinning is slightly higher than that of transformation. We can
predict that there was some variation in the SFE between the S350, D-pass and S150 conditions
of CS-HEA due to the microstructural diversity. As a result, the phase fractions in as-FSP state

and the amount of y (f.c.c.) — ¢ (h.c.p.) transformation occurring upon tensile deformation are
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different. Similarly, the ease of twinning was also different for the three different specimen
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Fig. 3. VPSC simulation results. Simulated stress-strain curves in comparison with experimental
curves for (a) S350 (b) S150 (c) D-pass conditions. Corresponding activity of all
deformation modes as a function of strain for (d) S350 (e) S150 (f) D-pass conditions.
Evolution of (g) average active slip systems (AVACS) and (h) twin volume fractions
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with strain for f.c.c. and h.c.p. phases in all the three conditions.

4.3. Non-uniform ductility and fracture mechanisms

Despite large uniform elongation, the CS-HEA specimens have very little non-uniform
ductility (post-necking). Figure 1 (b) confirms very small non-uniform ductility region in S350
and S150 specimens, while the D-pass condition contains no non-uniform ductility at all. While

uniform elongation depends on work hardening behavior, non-uniform ductility corresponds to
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the growth of voids and fracture mechanisms. Therefore, the failure mechanisms of these CS-
HEA specimens were investigated separately by fractography and X-ray microscopy.

Figure 4 shows the fractography of S350, D-pass and S150 specimens of CS-HEA. S350
specimen exhibits mixed mode failure, wherein ductile regions are interspersed with brittle
faceted regions throughout the fracture surface (Fig. 4 (a2)). While Fig. 4 (al) shows a higher
magnification image of a ductile region, Fig. 4 (a3) displays a brittle faceted region. The ductile
regions contain characteristic dimples, with voids within the dimples. The typical size of
voids/dimples is of the order of 1.2 = 1.0 um. Unlike mixed mode fracture in S350 specimen,
both D-pass and S150 specimens show only ductile failure features. The fracture surface of D-
pass specimen consists of coarse dimpled region and fine dimpled region demarcated clearly by
the surface along which the two halves of the tensile specimen separated (Fig. 4 (b2)). Fine
voids/cavities are observed within both the regions containing fine dimples (Fig. 4 (b1)) as well
as the coarse dimpled region (Fig. 4 (b3)). S150 specimen is characterized by formation of large
cavities within the surface consisting of dimples/voids (Figs. 4 (c1-c3)). This indicates a higher
propensity for cavity-driven failure. The average size of dimples/voids is 4.4 £+ 2.7 um, while the

characteristic elongated (near elliptical) cavities are 9.1 = 2.6 um long and 3.7 £ 1.2 um wide.
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Fig.4. Fractography of CS-HEA tensile specimens, (al-a3) S350 condition, (b1-b3) D-pass
condition, and (c1-c3) S150 condition.

Figures 5 (a)—(c) are SEM images of the fractured tensile specimens of S350, D-pass and
S150 conditions of CS-HEA. Distinct necking is not observed in these specimens due to the
absence of significant non-uniform ductility. Figures 5 (d), (el) and (f) are low magnification
XRM images of the failed tensile specimens. S350 specimen has a dimpled fracture surface
interspersed with faceted regions (Fig. 5 (d)), similar to that observed from SEM fractography.
The distinct separation of the two tensile halves of D-pass specimen is indicated clearly by the
XRM image in Fig. 5 (el). Low magnification SEM fractography of both halves (Figs. 5 (e2)—
(e3)) also indicates that the initiation of necking led to immediate failure in the D-pass specimen,
thus creating a distinct separation interface between the two halves. Therefore, clearly, although

the D-pass specimen showed highest uniform ductility due to sustained work hardening, the
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sudden failure at post-necking was due to the inability to accommodate non-uniform strain.
Figure 5 (f) confirms that some cracks along the gage length are observed in the S150 specimen.

Higher magnification XRM images (Figs. 5 (g)—(i)) reveal the dimpled rupture
characteristics of the fracture surface. The inclined surface of S350 specimen with bigger
dimples suggests that the separation of the two tensile halves occurred along the surface profile
of the dimpled surface. In comparison, D-pass and S150 specimens show relatively flatter
surfaces with smaller dimples. The dimpled fracture surfaces of each specimen were extracted as
a mesh (green surfaces in Figs. 5 (g)—(1)) to quantify the dimple characteristics of each specimen.
The quantitative dimple characteristics plotted for the three specimen conditions appear in Fig. 6
(a). Dimples with height of the order of 20—30 pum are observed in S350 specimen, while D-pass
and S150 specimens have smaller dimples typically of the height of 5-10 pum. On the other hand,
D-pass specimen shows the highest dimple density (~107824 / mm?); and corresponding to the
highest dimple frequency, the average area covered by each dimple is lower (~9.3 pm?) than
S350 and S150 specimens.
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Fig. 5. (a), (b), (c) SEM images of fractured tensile specimens, (d), (el), (f) low magnification
XRM images, (e2) and (e3) SEM images of fracture surface of both halves of D-pass
tensile specimen, and (g), (h), (i) higher magnification XRM images with superimposed
mesh extracted for dimple analysis (CS-HEA specimen conditions labeled on each
image).

Vertical 2D slices obtained from XRM were used to observe the void characteristics beneath
the fracture surface. Some representative slices for each specimen condition are displayed in
Figs. 6 (b)—~(d), while the void area fraction obtained from these slices is plotted in Fig. 6 (a). The
S350 specimen shows void formation beneath the fracture surface (Fig. 6 (b1)—(b2)). Such voids
as observed in several 2D slices confirm the occurrence of void nucleation and some void growth
during the ductile fracture process. In contrast, only one significantly large void was observed
beneath the fracture surface in the D-pass specimen (slice no. 220 in Fig. 6 (c2) out of 472
slices). Moreover, the fracture surface of this specimen also showed much finer voids without
void growth/coalescence. Therefore, void growth was clearly inhibited in the D-pass specimen,
consistent with the total absence of any non-uniform ductility and immediate failure after
initiation of necking. XRM 2D slices of S150 specimen (Fig. 6 (d1)—~(d2)) displaying several
elongated cavities even beneath the fracture surface confirm the cavity-driven failure propensity
of this specimen. Overall, S350 specimen showed highest void area fraction (~2%), while D-pass
specimen showed lowest void area fraction (Fig. 6 (a)). Correlating void formation with starting
microstructure, we can conclude that the D-pass specimen with e-dominant dual-phase
microstructure nucleates fine voids without scope for void growth; the S350 specimen with
almost single-phase € (h.c.p.) phase shows void growth, while large cavities are formed in the
S150 specimen with y-dominant dual-phase microstructure.

With regard to mechanisms driving the nucleation of voids, ductile rupture initiation by void
nucleation at inclusions or precipitates and second-phase particles is well known [13-14]. Noell
et al. discussed a mechanism of nucleation of voids in pure Ta by vacancy condensation at
deformation-induced boundaries such as cell block boundaries and mentioned that this
mechanism is not restricted to pure metals, but is also possible at microstructural features in two-
phase materials [41]. They also observed that some incipient subsurface voids nucleated by this
mechanism. Therefore, the possible void nucleation sites are the phase interfaces, grain
boundaries or deformation-induced boundaries such as cell block boundaries, triple junctions or
twin intersections [41].

The fracture behavior study completes the analysis of the overall tensile response of S350,

S150 and D-pass specimens of CS-HEA. D-pass specimen has the best uniform elongation due
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to sustained work hardening by TRIP/twin effects. However, failure initiates soon after necking
without any non-uniform ductility. The failure occurs by ductile fracture characterized by high
dimple density but with limited scope for void growth. The absence of void growth explains the
total absence of non-uniform ductility. In contrast, SI150 specimen has inferior work hardening
response because high TRIP kinetics inhibits the work hardening capability due to TRIP effects.
Also, S150 has a high propensity for cavity-driven failure. This is also attributed to significant
amount of y (f.c.c.) to € (h.c.p.) transformation with high TRIP kinetics. Higher frequency of y/e
interfaces result in more cavity nucleation sites and large cavities are formed at sites where fast
TRIP kinetics does not allow sufficient time to accommodate the strain mismatch between the
phases. As a result, the overall tensile response of S150 condition is inferior compared to S350
and D-pass. The reasonably good twinning-induced work hardening of the S350 specimen
accounts for higher uniform elongation than S150. However, mixed mode failure occurs
characterized by traditional cleavage brittle fracture regions as well as ductile regions with large
dimples. The dominance of brittle cleavage fracture regions limits the non-uniform ductility
although this specimen manifests some capability for accommodating non-uniform strain
characterized by void growth. Thus, the overall tensile response of S350 is better than S150 but
inferior to D-pass condition.

In summary, the present study revealed that the D-pass specimen of CS-HEA exhibited the
best strength-ductility combination due to sustained work hardening based on the synergistic
effect of f.c.c. and h.c.p. deformation. From a materials design point of view, the study provides
the following generic insight. For sustained work hardening by synergistic deformation, the
microstructure must be tailored to obtain a dual-phase nanocrystalline microstructure where the
usually harder phase between the two is the dominant phase, yet there is a significant fraction of
the intrinsically softer phase. This microstructural variant can be achieved by tuning the alloy
chemistry as well as thermo-mechanical processing. When the fractions of both phases are
comparable (not near single-phase before tensile deformation), the dual-phase strain partitioning
and strain compatibility requirements enable the simultaneous work hardening of both phases.
Although one phase is supposed to be intrinsically softer than the other, the hardness/modulus
and work hardenability/deformability of the phases in such a microstructure are more
compatible. Also, the mechanism of transformation induced plasticity due to deformation-
induced phase transformation and increase in work hardening induced by multiple deformation
twinning and slip mechanisms are integral to obtain such sustained work hardening response.

Again, this is to be achieved by combining alloy design with thermo-mechanical processing;
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wherein, alloy design is used to modulate the stacking fault energy to favor transformation and
subsequent twinning, while the constituent phases must deform by multiple mechanisms whose
hardening propensity could be influenced by prior thermo-mechanical processing. At the same
time, the transformation kinetics must allow sufficient time to accommodate the strain mismatch
between the phases; otherwise the propensity to nucleate cavities would increase. For the same
reason, the transformation product phase must be the dominant phase of the dual-phase
microstructure and not the other way round. If the transformation parent phase fraction is higher
in the initial microstructure (before tensile deformation), that would increase the frequency of
phase interfaces that would act as potential cavity nucleation sites during tensile deformation
when the transformation kinetics is too fast to allow the accommodation of the strain mismatch

between the phases; and significant cavity nucleation could limit the ductility.
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5. Discussion
5.1. Orientation dependence of resolved shear stress

The results in Section 4.1 proved that the amount of transformation/twinning induced work
hardening significantly contributes to the strength-ductility response of CS-HEA. Therefore, an

important question that follows is what causes a y (f.c.c.) grain to transform to ¢ (h.c.p.) during
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deformation. This is fundamentally based on the fact that in f.c.c. metals, perfect dislocations
dissociate into Shockley partials leaving a stacking fault (SF) between them [42]. The effect of
applied stress on the separation distance between partials is as strong as the effect of SFE [42].
Deformed microstructures of austenitic stainless steels often show SF ribbons with 1 pm
separation between the two partials [42].

Polatidis et al. discussed that when the leading partial dislocation (LPD) has higher Schmid
factor (m) than the trailing partial dislocation (TPD), the separation between the partials
increases due to applied stress, resulting in local formation of & (h.c.p.) martensite phase [43].
Additionally, resolved shear stress (RSS) or Schmid factor depends on vy (f.c.c.) grain orientation
with respect to the applied stress direction. Hence, the first step to calculate RSS on LPD and
TPD is to map the orientation dependence of ‘m’.

Figure 7 (a) shows the orientations of various f.c.c. crystallographic directions on the
stereographic inverse pole figure (IPF) triangle. Schmid factors were calculated for the {111} <
110 > slip system for various grain orientations whose tensile axes are along the directions in
Fig. 7 (a). Figs. 7 (b-1) exhibit the tensile axis IPFs mapping Schmid factor distribution for
different variants of the slip system {111} < 110 > (e.g. (111)[110], (110)[101] etc.). Note
that, ‘m’ distributions of 8 wvariants are mapped in Figs. 7 (b-i). The remaining 4
variants,(111)[011], (111)[101), (111)[011] and (111)[101], have negative/zero ‘m’ values
for all orientations contained in Fig. 7 (a). The highest Schmid factor is obtained for [102] tensile
axis for the (111)[011] slip system variant (outlined by black rectangle in Fig. 7 (h)).
Interestingly, y (f.c.c.) grains in the D-pass specimen of CS-HEA (that showed the highest TRIP
induced work hardening (Fig. 1 (c)) exhibit a tensile axis IPF with maximum intensity at [102],
as depicted by Figs. 7 (j) and (k).

The corresponding glide shear strain distribution was also obtained as a function of IPF
orientation of tensile axis. Fig. 7 (1) maps a shear strain distribution on IPF that was calculated
from Eq. (6) using the assumption that the axial strain is same for all the orientations.

€=ym (6)
where ¢ is the axial strain, y is the shear strain and m is the Schmid factor. Thus, the contours on
Fig. 7 (j) are an exact replica of the ‘m’ distribution IPF Fig. 7 (h), except that the relative
intensities are inversely related. Thus, [102] orientation shows lower strain level than the other
orientations, because ‘m’ (and hence, RSS) was highest for [102] in Fig. 7 (h). In reality, the

axial strain is also different for the different orientations. Therefore, a more appropriate way to
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calculate shear strain dependence of crystallographic orientation is from Eq. (7) [25], using a
certain value of global strain,

Yy = {1/(sin x0)}[{(Li/Lo)? — sin®Ap}'/? — cosh] (7
where, y, and A, are the angles specifying the orientations of the slip plane and slip direction
with respect to the tensile (loading) axis and Li/L represents the macroscopic engineering strain.
The glide shear strain distribution thus obtained for (111)[011] slip is plotted on the IPF triangle
in Fig. 7 (m). The corresponding axial strain distribution calculated from the shear strain in Fig.7
(m) is plotted in Fig. 7 (n). Figs. 7 (m-n) indicate higher strain concentration on the ‘hard
orientations’ (e.g. [112] or [111]) than ‘soft orientations’ that exhibit high Schmid factor in Fig. 7
(h) (e.g. [102]). In short, the quantitative analysis of IPF orientation dependence of ‘m” reveals
that the RSS is highest for {111} < 110 > slip when the grain is oriented such that its <012>
direction is parallel to the tensile axis. Next, we obtained the RSS on LPD and TPD for the

various <012> directions.
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distributions of 8 variants are mapped in (b-i), while the remaining 4 variants(111)[011],
(111)[101), (111)[011] and (111)[101] have negative/zero ‘m’ values.

5.2. Resolved shear stress on partial dislocations and probability of martensitic transformation

The tensile axis orientations of <012> family are superimposed on a 001 stereographic
projection of f.c.c. crystal structure in Fig. 8 (a). Note that Fig. 8 (a) is not a pole figure in the
true sense of the word. However, since the f.c.c. crystal structure consists of three orthogonal
axes that are equal in magnitude, the normal to a plane (pole of the plane) lies along the direction
with the same Miller indices. For example, the pole of the (111) plane is the [111] direction.
Therefore, we can conclude from Fig. 8 (a) that the orientation with the highest RSS is when the
tensile axis is perpendicular to one of the planes of {012} family. A pole figure representing the
texture with highest RSS would look like Fig. 8 (a). Fig. 8 (b) shows the multiplicity of the
tensile axis directions with highest RSS on a 3D Wulff net (since the bottom hemisphere is not
revealed in Fig. 8 (a)). The RSS on LPD and TPD for [102], [012], [012] and [102] directions
were obtained as a function of the applied tensile flow stress (Figs. 8 (c-f)). Due to symmetry, the
RSS on LPD/TPD for the directions in the bottom hemisphere of Fig. 8 (b) are same as the
direction of opposite sense in the top hemisphere. The difference in RSS between LPD and TPD
increases with applied stress for [102], [012], [012]; only [102] shows the same RSS for LPD
and TPD because both have the same Schmid factor in the latter case. [012] shows the highest
increase in the difference between RSS of LPD and RSS of TPD with increase in applied stress
(Fig. 8 (e)). Hence, grains oriented with [012] along the tensile axis would have the highest
tendency for separation of partials due to applied stress. Thus, we conclude that y (f.c.c.) grains
oriented with [012] // tensile axis would favor deformation induced y (fc.c.) — ¢ (h.c.p.)
transformation.

The elastic force per unit length between two parallel partial dislocations, Fap, is given
by [44],

Fap = K(a)/x=Gb3(2— v)[1={2vcos2a/(2— v)}/8rnx(1— v) (8)
where K(a) is the elastic force between the partial dislocations, x is the separation distance
between the partials, G is the shear modulus, b, is the Burgers vector of the partial dislocation, v
is the Poisson ratio and a is the angle between the Burgers vector of the total dislocation. The
equilibrium separation between the partial dislocations is given by [44],

Xeqom = K(@)/y ©)
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where v is the stacking fault energy. This means that for applied stress to increase the separation
of the partials, the condition specified by Eq. (9) must be broken so that the leading partial
moves farther away from the trailing partial. To restore the equilibrium while the partial
dislocation moves, Eq. (10) must be satisfied [44],

—K(a)/x+v+ (0.b,).n=0 (10)
where ¢ is the dyadic representing the applied stress and n is the unit vector normal to the slip
plane. Since (6.by).n = 1b, (T being the shear component of the applied stress on the slip plane in
the direction of bp). Eq. (10) can be written as,

—K(a)/x +y + b, = 0. (11)
Thus, we can calculate the critical value of shear component of applied stress required to
increase the separation of partial dislocations from Eq. (11). This calculation was performed
assuming a partial separation distance of 1 pm and using a SFE of 15 mJ/m? because the range of
SFE for TRIP is 10-20 mJ/m? [45-46]. The critical value of the shear component of applied stress
(Terit) to increase the partial separation was estimated as 100 MPa. When we plot 1. on the RSS
on LPD/TPD graph (black dotted lines in Figs. 8 (c-f)), we get an estimate of the threshold
applied tensile flow stress (ow) at which y (f.c.c.) to € (h.c.p.) transformation can be triggered by
increasing the partial separation for the different <012> tensile directions discussed. The applied
stress corresponding to the intersection of 1. with the RSS on LPD gives oy,,. The values of Gy,
obtained for [102], [012] and [012] directions are 1312 MPa, 1313 MPa and 731 MPa,
respectively (Figs. 8 (c), (d) and (e), respectively). The experimental engineering stress-strain
curves for S350, S150 and D-pass specimens were shown in Fig. 1 (b) and the corresponding
experimental flow stresses were plotted in Figs. 2 (a), (b) and (c) for S350, S150 and D-pass
specimens, respectively. Since the oy, values obtained from Figs. 8 (c-e) correspond to flow
stresses, they should be compared with the experimental flow stresses in Figs. 2 (a-c). The
experimental true yield stresses for S350, S150 and D-pass specimens are 777 MPa, 723 MPa
and 657 MPa, respectively (Figs. 2 (a), (b) and (c), respectively). This implies that
transformation can be triggered in vy (fc.c.) grains oriented with its [012] crystallographic
direction parallel to the tensile loading axis (with oy, = 731 MPa) at stresses very near to the
yield point in these specimens. Further, the engineering plastic strain corresponding to the hump
in the strain hardening curve of D-pass specimen is in the range of 0.15-0.2 (Fig. 1 (¢)). Taking
the engineering plastic strain value of 0.175 within this range, the corresponding engineering
stress is 995 MPa for D-pass specimen (Fig. 1 (b)). This corresponds to a true flow stress of 1169

MPa (Fig. 2 (c)). When applied tensile flow stress is increased from oy, of [012] orientation
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(731 MPa) to 1169 MPa, the difference between RSS of LPD and RSS of TPD increases from
100 to 160 MPa (Fig. 8 (e)). Thus, we have quantitatively established through this study that y
(f.c.c.) grains with [012] parallel to the tensile loading axis are favorable for undergoing v (f.c.c.)
to & (h.c.p.) transformation and the threshold value of applied tensile flow stress for this

orientation is 731 MPa.
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Fig. 8. (a) 001 stereographic projection of f.c.c. with superimposed tensile axis orientations with
highest resolved shear stress for (111)[011] slip, and (b) multiplicity of the tensile axis
orientation in (a) shown on 3D reference sphere. Resolved shear stress on leading and trailing
partial dislocations as a function of applied tensile flow stress for (c) [102], (d) [012], (e) [012],
and (f) [102] tensile axes.
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6.

Summary

The following conclusions were drawn from the present study of deformation mechanisms

and fracture behavior of FesoMnyyCo,0Cr5Sis HEA (CS-HEA) processed by FSP using different
tool rotation rates (S350: single pass at 350 rpm; S150: single pass at 150 rpm; and D-pass:

consecutive overlapping passes at 350 and 150 rpm).

1.

All three conditions (S350, S150 and D-pass) showed significant uniform elongation but
limited non-uniform ductility in quasi-static tensile test. Therefore, a strong microstructural
dependence of work hardening behavior due to the additional contribution of TRIP/twin
effects differentiates the strength-ductility response of these specimens. Microstructural
dependence of fracture initiation is less significant; nevertheless, some differences in the
capacity for void nucleation and growth contribute to their propensity for ductile failure after
necking.

Among the three conditions, D-pass specimen showed the highest additional hardening
contribution (~ 500 MPa at UTS) from TRIP/twin effects over and above the contributions
of linear Taylor dislocation hardening and geometrical hardening. The crystallographic
orientation dependence of resolved shear stress on leading and trailing partial dislocations
was quantified to reveal that theoretically, y (f.c.c.) grains with[012] // tensile axis are
favorable for y (f.c.c.) to € (h.c.p.) transformation and the threshold value of applied tensile
flow stress for this grain orientation is 731 MPa.

Crystal plasticity simulations using VPSC model confirmed that synergistic activity of f.c.c.
and h.c.p. deformation modes enabled sustained work hardening by dual-phase strain
partitioning in the D-pass specimen, thereby accounting for highest uniform elongation in

this specimen.
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