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Abstract

Al alloys have widespread applications but often suffer from low yield strength. Recently,
nanotwinned Al-Fe solid solution alloys have shown high flow stress (> 1.5 GPa), ascribed to
nanograins with abundant incoherent twin boundaries and solute-stabilized 9R phase. However,
the high temperature mechanical behaviors of high-strength twinned Al-Fe alloys remain
unknown. In this study, we show that nanotwinned microstructures are stable up to 280 °C,
followed by recrystallization at 300 °@h-situ uniaxial compression tests in a scanning electron
microscope show that the nanotwinned Al alloys retain their high flow stress of ~1.3 GPa when
tested up to 200 °C, and substantial softening occurs at a test temperature of 300 °C. This work
reveals the superb thermal stability and high temperature mechanical behaviors of the
nanotwinned Al-Fe alloys, and offers a new perspective to design future strong and thermally

stable nanostructured Al alloys.
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1. Introduction

The significant interest in development of higreagth, ductile Al alloys is driven by the
industrial needs for high strength, fuel efficiematerials. Al alloys, however, have been
outdistanced by the development of advanced higimgth steels with flow stress of 1-2 GPa [1,
2]. A majority of commercial Al alloys have yieltrsngth of ~ 700 MPa or less [3, 4]. Grain
refinement has been proven effective in strengtigeAl alloys. However, the strength of
nanostructured Al alloys rarely exceeds 1 GPa. Méda it has been shown that when grain
sizes of nanocrystalline (nc) metals reduce tcagesalues, softening, as opposed to Hall-Petch
strengthening effect, often occurs [5-7]. In additinc metals often have diminished tensile

ductility due to limited dislocation activities manograins [8-10].

Certain nanotwinned (nt) metals with an average spiacing of 100 nm or less have a
combination of high strength, ductility and gooédrtnal stability [11-15]. Most prior studies of
nt metals focused on systems with low stackingt fankrgy (SFE), such as Cu, Ag, and stainless
steels [11, 16-18]. In comparison, twin formatianAl is very difficult due to its high SFE4¢ =
120-144 mJ ), the high ratio of SFE over unstable SF&.s) [15], and a large disparity
between perfect and twin nuclei size during physiepor deposition (PVD) [17, 19]. There are
limited successes in introducing twin boundarig¢e il via thin film growth [20-22], quasi-
static and high strain rate deformation [23-26]aonealing [27]. Recent studies show that Fe
solutes promote the formation of high-density tivoundaries and 9R phase in Al-Fe solid
solution alloys with flow stress exceeding 1.5 GE&. However, the thermal stability and high
temperature mechanical behavior of these high-gtinemt Al-Fe alloys remain largely unknown.
Al alloys with strength > 1 GPa have been repoimel-TM (transition metal)-RE (rare earth

metal)-based amorphous/nanocrystal composites §2d]complex alloys of AINi-GdsCos



with > 50 vol.% of intermetallics [30]. In parall& the scientific findings, high-strength and
multifunctional metallic materials prepared by fesm-equilibrium processes, such as
electrodeposition and PVD, have been adopted iticapipns, including aluminideB¢AINi)
coatings on turbine blades [31], Al alloy-basedtighéight regulator [32], and micro- and
nanoelectromechanical systems (MEMS/NEMS) thatirequanometer/atomic-level
smoothness. For instance, amorphous/nc Al-Mo ilimsfwith > 30 at.% Mo for MEMS/NEMS

resonators had a hardness > 5 GPa [33, 34] andismadaces.

Various Al-Fe alloys have been synthesized withca8 range of Fe compositions (0-40
at.%) using both equilibrium and far-from-equililom approaches. Equilibrium processing
routes, such as casting, mostly generated sizgbiél@ium phasei.e. Al;3Fe,, that has
insignificant strengthening effect and causes stisgfine in ductility [35, 36]. Some far-from-
equilibrium processing methods, such as mechaailmling [37-39] and e-beam evaporations
[40], would produce nc alloys with non-equilibriyshase, such as &le and AdFe, [41], and
excessive Fe addition would lead to amorphous pHdsel2]. The coarse-grained and nc Al-Fe

alloys investigated previously often have a meatedrstrength of ~ 0.2 to 1 GPa.

Many nc metals have poor thermal stability as tteess free energy of GBs serves as the
driving force for grain coarsening. A series ofaifine grained (ufg) Al alloys processed
through severe plastic deformation experienceanoft after heat treatment to less than ~ 200
°C due to dislocation recovery, grain growth andlissociation of Guinier—Preston (G—P) zones
[43-45]. Rapidly solidified and cryomilled Al allgyowders also went through grain coarsening
during hot extrusion [46, 47]. With the assistantempurity, two routes have been proven
effective to stabilize nc metals, including therrmoamic (GB energy relaxation) and kinetic

(Zener pinning) stabilizations. The thermodynangpraach relaxes excess GB enevigyGB



segregation, and has been applied in nc W-Ti [B&JZr [49], Cu-Ta [50], Ni-P [51, 52], Ni-W
[53], Ni-Mo [54] and Al-Pb alloys [55]. The kinetapproach uses the pinning effect of
particulate second phase precipitation to resBBtmigration. A§Sc and AdZr precipitates have

been applied to kinetically stabilize grains in,ufig Al and Al-Mg alloys [56-58].

In this study, we report on the thermal stabiligdnigh temperature mechanical
behavior of high-strength nt Al-F®lid solutionalloys. The hardness of Al-Fe alloys remains
exceeding 5 GPa when the annealing temperatur@&§<C. Recrystallization occurs when
annealing was performed at 300 °[.situ micropillar compression tests in a scanning edectr
microscope show that the flow stress of Al-Fe alogmains greater than 1 GPa when tested at
200°C, and significant softening takes place at 300ExXensive transmission electron
microscopy (TEM) studies were performed to invesighe temperature dependent evolution of

microstructures.
2. Experimental techniques

Al-xFe (x=1-10 at.%) alloys were co-sputtered byngl (99.999%) and Fe (99.98%)
targets onto HF etched Si (111) wafers in an AJACAR200-UHV sputtering system with a base
pressure of 0.5-1 x Forr. Ar pressure was kept at 2 mtorr during sury. The sputtered
films have a thickness of 3—4 um. Annealing offitmes were performed in the same AJA

chamber at 100 - 400 °C for 1 hour with a rampitg 1of ~ 20 °C/min.

X-ray diffraction (XRD) profiles were acquired orPanalytical Empyrean X'pert PRO
MRD diffractometer with a 2 x Ge (220) hybrid mohoamator to select Cudl. TEM
specimens were prepared by mechanically grindimgplthg and low-energy Ar ion milling

using a Gatan ion milling machine. An FEI quantaF3G dual beam SEM/FIB microscope



equipped with an Omniprobe manipulator was usdift tout and thin cross-section TEM
samples (2kV low energy G#on beam polishing was eventually carried out toimize ion
damage). TEM and EDS experiments were conductad FEI Talos 200X microscopes
operated at 200 kV, equipped with Fischione uligitiesolution high angle annular dark field

(HADDF) detectors and supper X electron-dispergivay spectroscopy (EDS) detectors.

Hardness and reduced moduli of the Al-Fe alloyssweeasured on a Hysitron Tl
premier with a diamond Berkovich indenter. The maxn indentation depth was kept below ~
15% of the sample thickness to avoid substrateeffd least 20 indents were conducted on
each sample. The elastic modulus was deduced fremetiuced modulug;, collected in

nanoindentation measurements, using the equation:

2
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whereE andv stand for elastic modulus and Poisson’s ratio,aet$yely, and their subscript
ands denote indenter and sample, respectiviéhyor to in-situ compression experiments,
micropillars with a diameter-to-height aspect ratid:3 — 1:2 were fabricated by FIB and a
series of concentric annular milling/polishing wittogressively de-escalated currents were
adopted to minimize the tapering effect. The faddran parameters were carefully chosen to
avoid any involvement of Si substrate as part efrtticropillarsln situ compression tests were
performed up to 300 °C inside the FEI quanta 3D & beam SEM/FIB microscope on
micropillars by using a Hysitron Pl 88 Picolndenter with a 5 um diamond flat punch tip
mounted to a piezoelectric actuator on the capacitansducer. Moreover, the mechanical
response was synchronized with the spontaneouspiliar morphology evolution during

deformation. The influence of elastic complianairSi substrate and the diamond indenter on



the displacement was estimated by taking the pdessstic half-space into account. The valid

displacement is defined by Sneddon equation as [59]

_p2 1-1v2;
u= = 2 - 2R @
whereunandF are the measured displacement and force, respbctivandd, are the top and

bottom diameter of pillars, arieldenotes the elastic modulus. The subscrtdS denote

diamond indenter and Si substrate, respectively.

For high temperature compression tests, a cerambepheater and stage heater were
used. The two heating terminals were heated coactlyrat a rate of 10 °C/min to the
designated temperatures, and held isothermallg famimum of 30 min prior to compression
experiments to minimize thermal and image drifts thutemperature disparity between the two
terminals. An average drift rate of 0.2 — 0.7 nmés measured in advance within preloading
contacts and a 45 s preloading could compensdteadsociated displacement errors. A strain
rate of 5 x 16/s was used throughout this study. The force noaemeasured to be + 5 pN on

average.
3. Results
3.1. Microstructural and chemical characterizations

The XRD profiles of the as-deposited nt Al-5t3% Fe (denoted as Al-5.5Fe hereafter)
and the samples annealed at different temperatmeeshown in Fig. 1a. The as-deposited
specimen shows a strong (111) texture. In spigegdight (111) peak shift, the structure remains
the same for samples annealed at less than ~ 300Kén the annealing temperaturei300 °C,

a small broad peak betweet2 40° to 41° arises due to convolution of multigi#fractions of



AlgFe (Fig. 1b), consistent with the annealed Al-Feyalreported previously [37, 60]. Itis

worth mentioning that the annealed specimens re(ddih) textured.

The plan-view and cross-section TEM micrographg.(Ea-b) of the as-deposited Al-
5.5Fe specimen show that the average columnar gizg@ns ~ 4 nm. The inserted selected area
electron diffraction (SAED) patterns in Fig. 2adnérm the (111) texture of the film. The
SAED pattern of the cross-section TEM specimen éxadhalong <110> zone axis indicates the
formation of twins. The diffraction spots refleaifl11), €11) and(200) evolve to arc shape,
suggesting that the specimens undergo slight eptasfe rotation among columnar structures.
Fig. 2c-f show the formation of abundant diffusethtboundariesi.e. 9R phase, in columnar

grains. Furthermore, no Fe segregation is obs€iigdS1).

The microstructural evolution of Al-3Fe and Al-5é&nnealed from 100 to 400 °C for 1
h is similar and hence only the microstructurethefannealed Al-5.5Fe will be presented here.
As shown in Fig. 3al-a4, after annealing at 200R€ average columnar grain size is ~ 4 nm
and the intermingled 9R and narrow twin columnssa@mingly identical to that of the as-
deposited samples. Within some columns, coheresteMst, and low-angle grain boundaries
(LAGBs) with Frank partials are frequently obser{Ey. S2). At 280 °C, the precipitation first
took place from the free surface of the films, wthe matrix remains fcc structure with 9R
phases as shown in Fig. 3b1-b4, and EDS mappingeshthat Fe-rich particles formed close to
free surface (Fig. S3). HRTEM micrograph in Fig33hows that that the precipitate has
superlattice structure with interplanar spacing@6 nm, and Fig. 3b4 displays a classic 9R
phase bounded by matrix and twin columns. Sevez@tation and recrystallization occurred
at 300 °C, in good agreement with the XRD resl& intermetallic precipitates and resultant

Fe-deficient fcc Al crystals are equiaxed graingwain average grain size of 46 + 13 and 50 + 18



nm, respectively (Fig. 3c1-c3), and they alterweith no obvious structural hierarchy according
to the STEM and EDS compositional maps in Fig. % HRTEM image in Fig. 3c4 shows an
AlgFe precipitate with orthorhombic cmem structurggrained along <001>, and their (220)
diffraction spots superimposed on the fcc (111).ddeanwhile, excessive superlattice
structures, a majority of which are adjacent torteely formed AdFe, are identified with an
average interplanar spacing of 0.44 to 0.55 nm. @68, 3 and Fig. S5). Except for the

superlattice, it is expected that various transistructures exist concurrently.

The plan-view HADDF-STEM micrographs alongside EmM&ps suggest that the Fe
distribution remains homogeneous at 200 °C as showiy. 4a, and a transformation took place
at ~ 280 °C in Fig. 4b. Fe segregation accountthiefaceted cellular contours and the curly
diffusion paths within cells as evidenced by Fig24nd b3. In the meantime, micron-size
particles were protruded out of free surface asvaha Fig. S6, and the linear EDS scan of SEM
shows that these particles are Fe deficient (lems 8 %). TEM-EDS analysis was conducted to
confirm the Fe concentration of ~ 1.5 % in protousi (Fig. S7). The crystallite size has not
undergone apparent increment after annealing at 300 °C, but secondary recrystallization
made the fcc Al(Fe) solid solution further decongzbto tiny nanoprecipitates and the grains
became elongated at comparably high temperatuge 4Eiand 4d). After 400 °C annealing, the
Fe concentration in fcc Al-Fe grains mostly apphasczero according to compositional analyses

(Fig. 4d), and the precipitated second phase isgily AlgFe.
3.2 Mechanical behavior s of annealed specimenstested at room temperature

To unveil the real-time mechanical response ofAlEe alloys, systematim situ
micropillar compression tests have been conducteide a scanning electron microscope

(Movie S1-S4), as demonstrated in Fig. 5a. Usingstamt strain rate tests at 5 x°19at room



temperature, the representative engineering sstesist curves of Al-5.5Fe annealed at different
temperatures are plotted in Fig. 5b alongside SE;bshots of the deformed pillars at different
strain levels (Fig. 5c¢-f). Note that no true strsgin curves are presented due to the difference
in spontaneous contact area variation among diftes@mples. Two partial unloading segments
were deliberately incorporated to verify the indesgillar alignment. The Al-5.5% Fe specimens
after 100 and 200 °C annealing have a respective stress of ~ 1.67 and 1.63 GPa (when

5%), slightly lower compared to ~ 1.73 GPa for éisedeposited sample. A significant drop of

flow stress to ~ 0.88 GPa £ 5%) occurred for the alloys annealed at 300 °C.

3.3 Temperature-dependent in situ compr ession experiments

Engineering stress-strain curves obtained fnoisitu compressions at elevated
temperature up to 300 °C are compared in Fig. Bgside the SEM snapshots at various strains
(Movie S5-S7). In Fig. 6a, results of compressiongillars with diameters of 0.5 and 1.3 um
are overlaid to rule out the size effect on meaterproperties tested at room temperature. The
flow stress (a& = 5%) of the deposited Al-5.5Fe tested at roonpenature, 100 and 200 °C is ~
1.73, 1.5 and 1.3 GPa, respectively. A significtréss drop to 0.1-0.15 GPa was observed for
the sample tested at 300 °C, indicating a drabtft af deformation mechanism despite the
strength reduction related to microstructure cadrgg For pillars tested at 200 °C and below,
the preferential dilation near pillar tops and ftugent downward propagation of deformation
zone were observed. However, SEM snapshots ir6Big.reveal globules that were extruded
from deformation zones for specimens tested atah@0200 "C. While the globules were
sporadic at 100 °C, their quantity considerably@éased as the testing temperature rose to 200

°C.



4. Discussions
4.1. Theinfluence of Fe solute on lattice parameters of Al alloys

Fe has limited equilibrium solid solubility (~ GaB%) in Al at room temperatures [37].
At an equilibrium state, Fe often exists in thg&aneedle- or rod-shaped intermetallic
precipitates in Al, and consequently has insigaificstrengthening effect in Al alloys [35].
What's more, the ductility of Al-Fe alloys afterstang steeply declines as a consequence of
cracks at phase boundaries as Fe concentratioedxdeit.% [61]. Hence, Fe is often
considered as a harmful addition in the castedrandght Al alloys. On the other hand, at a
constant solute composition, Al-Fe has a loweritiga temperature than Al-Sc, Al-Ti and Al-Cr,
and thus a higher supersaturation of Fe solid isolutan be accomplished in Al-Fe at a fixed
guenching rate [62]. Prior studies also suggestrtiiaute Fe solutes appear to significantly

strengthen Al, although the mechanism for such ahous strengthening is unclear [63].

The probability of forming supersaturated Al-Feogdl is enhanced by magnetron
sputtering, a rapid quenching process. It has Beewn that the ratio of solubility at real
quenching rateC,, over the solubility at equilibrium stat@, C,/Cyof Fe in Al is 0.1-0.2 at 10
K/s, and increases to ~9.6 at’ ¥0s [62]. Therefore, the formation of supersatedafl-5.5Fe
solid solution alloys benefited frothe high quenching rate (=10 10° K/s) of sputtering

process [64-66]. Amorphous phase is identifiedsideposited Al-9.9Fe (Fig. S8).

In several supersaturated binary alloy systemd) asAIl-Mo [34], Al-Mg [67] and Cu-
Ta [68], abundant solute segregation occurs attGBsnimize free energy and excess doping
could produce amorphous phase. Consequently, ttielaonstant in grain interiors stays

constant or has a tendency to remain constanghaehimpurity concentrations. Intriguingly, the

10



excess addition of Fe into Al increases latticestamt as Fe exceeds ~ 2.5 % despite Fe
possessing comparably smaller atomic radips<0.124 nmvs. ry = 0.143). The lattice
constants deduced from (111) peaks on XRD profiagld represent the average lattice
constants since the (111) texture allows mostlgtidal magnitude of Cauchy stress tensors on
three facets of the fcc cube. We adopted an eigsticlusion model [69] that takes the
electronic interactions at outermost quantum sleélolute and solvent atoms into account to

interpret the lattice constant variation with Feacentration and the model is described as

w(RFe_RAﬂ 1/3 (3)

/.3 3
a = (ay +4nR;cy Py R

where R is the atomic radius of solute or solvens, Fe concentration, ard= 1,y = 4 for

cubic lattice. The variable = 1 + %, that makeyy, = 1 + %, where the effective bulk
Fe

1- _ 4 . . .
modulus, k = (- +C4u + - C+4,L) ' — =% uis the effective shear modulus, and can beireirta
Al 3T FeT—5~

by employing the Hill's self-consistent method [70]

1-c 1-c 1-c c
Tran/3ky | Trapirs 5 <1—L T 1_L> +t2=0 (4).

HFe Hal

Fig. 7a shows that the lattice parameter variatiofl-Fe in the regime of e < 2.5 %
agrees well with the elasticity inclusion modelyBed 2.5 %, the addition of Fe raises the
lattice parameter of Al-Fe alloy linearly.was reported that severe plastic deformation akas
to extend the Fe solubility in Al up to ~ 1 at.%d[/Multiple prior studies suggest that
mechanically alloyed nc Al-Fe alloys experience positional fluctuation, and the excess Fe
atoms above ~ 2.5 % transfer the alloy to an anmrplphase or lead to #de segregation [37,
60]. However, the sputtered Al-5.5Fe remains adssiution alloy, and amorphous

heterogeneity emerges in Al-9.9% Fe (Fig. S8). &ess Fe solutes (beyond 2.5%) may

11



unusually occupy interstitial sites and thus leathttice expansion in sputtered Al-Fe alloys.

Consequently, the lattice parameter of Al-Fe insesawith Fe solute concentration.

The influences of annealing temperature on theageelattice parameter and elastic
modulus show two distinct regimes. Fig. 7b shoves the lattice parameter of Al-Fe increases
from 0.4052 nm to 0.4057 nm upon annealing untl Z8, and decreases prominently thereafter
with some fluctuations up to 400 °C. The tempemfar sudden decrease of lattice parameter
coincides with the formation of precipitates, ahdg it is likely that the reduction of lattice
parameters results from precipitation that driveerstitial Fe solutes out of Al lattice. It is vilor
mentioning that the lattice parameter of samplesated at 400 °C is 0.4035 nm, smaller than
0.4049 nm of pure Al, for which we speculate tiwt tesidual substitutional Fe solutes in the

matrix and stress state between intermetallic aodjfains may account.
4.2 The evolution of microstructures after annealing

The equilibrium width of a SF in Al is typically 98 than 1 nm [72]. 9R phase is a
complex stacking fault with a period of 9 repeatiapmic layers. Although 9R has been
observed in metals with low SFEs, such as Ag [A38],[74] and Cu [72, 75], it is rare in Al
DFT calculations show that Fe solute significamtigreases the energy barrier for SF recovery.
Hence 9R phase, once formed by rapid quenchingtésmg), cannot recover as a consequence
of large kinetic energy barriers [28]. The curretutdy shows that 9R and nanotwinned columnar
grains are stable up to an annealing temperatur280f°C, ~ 0.6 {. In contrast, ultrafine
grained Al alloys prepared by mechanical alloyingsevere plastic deformation experienced
grain growth with dislocation recovery from 100280 °C [44, 45, 76]. It is known that the
activation energy for grain growth of Al is complaisa low (around 40 kJ/mol) at low

temperature [77]. The good thermal stability of @R and nanotwins in nt Al-Fe may be

12



attributed to several aspects. First, Fe solutailtes the extended ITBs.e. 9R. As discussed
previously, Fe solute increases the energy bdiorethe removal of stacking faults. Second, it
has been shown the driving force for detwinningoieportional to 2./t, wherey; is twin
boundary energy antlis twin spacing [16]. Nt Al-Fe alloys with long I'EBresulted in less
pronounced driving force for detwinning. Molecuthmamics (MD) simulations show that ITBs
are thermodynamically stable, but some of otheesypf GBs dissociate into terraced interfaces
[78]. Third, the highly {111} textured film contasnabundant LAGBs, which are more stable
than conventional high-angle GBs [7@Qur prior MD simulations show that the dissociated
ITBs in nt Al-Fe alloys are stable at ambient cdiodi, and partially survive after compression
[28].

Fig. 7c (and Fig. S9) clearly marks two microstunat regimes upon annealing. The
average columnar grains size of fcc matrix remhias than 5 nm up to 280 °C, at which
precipitation occurs. The average grain sizesoffatrix and precipitates increase rapidly
thereafter and become ~ 60 and 40 nm, respectiaef0 °C. Note that at such a high
annealing temperature, 0.%,Talthough grain coarsening has taken place, teatren of grain
size below 100 nm is still remarkable. The retamtbd nanograins is presumably due to the
pinning of grain boundaries by Fe solutes. Furtlmeanas both Al rich matrix and &e phase
appear to have similar volume fraction and are wércalated and separated from one another,

each phase retains its nanograins.
4.3 Thetemperature and grain size dependent evolution of mechanical properties

The addition of Fe dramatically strengthens thealid solution alloys. The hardness of
as-deposited nt Al-5.5Fe is ~ 5.7 GPa (Fig. 8aletieat treatment to 250 °C, the hardness

declines slightly to 5.3 GPa, and reduces furtber.75 GPa at 280 °C (~ 0.6, ®f pure Al; or ~

13



0.5 Ty, according to the Al-Fe phase diagram). The haidesps sharply to 2.5-3 GPa after
annealing at 300-400 °C. The hardness of Al-3Fe éVolves in a similar way with temperature,
although annealing at 280 °C induces significaftesing. The retention of high hardness is
associated with the stability of nanotwins. Fe sadisignificantly improve the thermal stability
of fine microstructures and extended ITBs. It i®fasting to see that the hardness of fully
recrystallized Al-Fe remains high, at 2.5-3 GPanpared to a majority of crystalline and
metallic glass Al alloys. The high hardness ofystallized Al-Fe may arise from nc grains (40-

60 nm).

Fig. 8b shows the as-deposited Al-5.5Fe has aled¢cliYoung’'s modulus of 107 £ 4
GPa, higher than 76 GPa of (111)-textured Al. Uponealing up to 280 °C, the modulus of Al-
5.5Fe gradually decreases to 99 + 3 GPa, an indiicaf weaker interatomic bonding. The
increase in modulus beyond an annealing temperafi#80 "C may be attributed to

precipitation of A§Fe.

Two major mechanisms are responsible for the Higimgth of nt Al-Fe, namely solid
solution strengthening and Hall-Petch strengtherBadid solution strengthening arises from the
resistance of stress fields (around solutes) tochsion propagation and can be expressed by

Fleischer formulation as [80]:

AT =y - e3' - 12 (5)

whereo is a material-dependent factdr, is the shear stress increment derived from selffiéet
andes is the interaction factor considering relationsloéar modulus and lattice constant with

solute concentration, which can be estimated by

14
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a value is 1/700 for fcc Cu, whereas it was fourat the empirical value af for nc Ni-W alloys

is 0.0235 [81], more than one order of magnitudgéi than Cu. AbCoso and Al-Mo alloys

havea values of 1/240 and 1/120, respectively [34, 8Rls, thex value is in the range of
1/700-1/100 for nt Al-Fe solid solution alloys. Bahodulus and lattice constant are assumed to
vary linearly with solute concentration [81, 83pr@dequently, the maximum stress increment
from 5.5 % Fe solutes is estimated to be ~ 303 MRer a Taylor factor of ~ 3 is applied. It
should be emphasized that the validity of Fleis@tpration needs further study as it is generally
applicable for solid solution systems with dilutepurity, and perhaps not all Fe solutes occupy

the substitutional sites in the current study

The Hall-Petch strengthening is expressed as:

K
Oup = 0p t+ % (7)

whered, op denotes grain size (the transverse dimensionlofrotar grains) and lattice friction
stress in single crystal, akge stands for Hall-Petch slope reflecting the barsteength of GBs
against dislocation transmission. TBs in nt Al #&id~e alloys induce prominent strengthening,
and TB-induced strengthening also follows the HPateh relationship [20, 21, 83]. THgp for

nt Al-Fe alloys is estimated to be ~ 7.3 an@l.65 GPas/nm before and after the contribution of
solid solution strengthening is subtracted [Z8].r previous study shows that Fe plays a much
more pronounced role in grain refinement, compaveather solutes, such as Ag, W, Mo and Cr

[28]. The nanoscale grain size may play a sigmificale in achievement of ultrahigh strength.

The barrier strength of GBs for single dislocatitansmission can be predicted using

15



K&pm(1-v)

*
5= ( b

) (8),

where b is the magnitude of Burgers vector. Thepaaido of the equation assumes that the
vertically aligned ITBs strengthen materials, sanilo layer interface and horizontal TBs [84,
85]. Givenv = 0.35,u = 26 GPab = 0.286 nm an&up = ~ 2 GP&a/nm and after a Taylor factor
of 3 is appliedz™ is estimated to be ~ 1.1 GR&ence the peak strength is estimated to be ~ 3

GPa after solid solution effect is subtracted

A combination of the solid solution and grain boandstrengthening mechanisms
predicts aheoretical peak strength of ~ 3.3 G&tan Fe composition of 5.5 %. This is greater
than but comparable to the measured flow stresd4e8;1.7 GPag(= 5%), from in situ
micropillar compression tests on as-deposited sasnpllso by using the Tabor equation,

o = H/2.7, the measured maximum hardness of ~ 5.7 GPadanttAl-Fe alloys corresponds to
a flow stress of ~ 2.1 GPa, in agreement with ftkess measured from situ micropillar
compression tests. Also the flow stress of 1.7 (&er bound) is ~ 46 % of the theoretical

strength of Al [86].

Recrystallization induced grain coarsening at 3D@xplains the degradation of
mechanical properties based on the Hall-Petchioelas shown in Fig. 8c. The flow stress of
fully recrystallized Al-Fe measured at room tempamiaremains high, 0.9 — 1.1 GPa. The
mechanical behaviors of recrystallized Al-Fe agwgl Hall-Petch relation and the strength of

nt Al-Fe outperforms other nanostructured Al aneF&lalloys [37, 87-91].

4.4 Plasticity of pillarsdeformed at various temperatures

16



Shear bands accompanied by drastic load-drop @stthss-strain curve) have been
frequently observed in deformed single-crystal oypdiars [92, 93], metallic glass [94], high
entropy alloys [95] and nanocrystalline grains [36pwever, all the nt Al-Fe samples deformed
up to 15 % strain showed no shear bands or sliggand no dislocation burst appears on the
stress-strain curves of nt Al-Fe as shown in Fign8 Fig. 6. The plastic deformation of as-
deposited and annealed pillars caused preferefil@gtion near the upper portion of the Al-Fe
micropillars, and more importantly, the deformatend dilation can propagate gradually
downwards, distinct from the highly localized shieestability and catastrophic softening
observed in some multilayers [97, 98]. Our priosteoompression microscopy studies of the as-
deposited Al-Fe alloys show grain coarsening dusress-induced partial dislocation migration

[28].
4.5 High temper ature mechanical properties

Fig. 9a shows the impacts of annealing on room-&gatpre mechanical behaviors of the
nt Al-Fe as well as its stance in comparison wegbresentative Al alloys. The upper and lower
bound flow stresses are measured by using the eightand top diameters of micropillars, and
the upper bound values are consistent with the fitvess converted from nanoindentation
hardness measurements. The strength of nt Al-Fainsnhigh up to 280 °C due to the thermal
stability of nanotwinned columnar structure with pRase. Hardening derived from intermetallic
formation is overshadowed by softening resultedhfgyain coarsening upon annealing above

280 °C. The fully recrystallized Al-Fe still showshigh flow stress of ~ 1 GPa.

Al-Fe micropillars tested at elevated temperattn@ashigh flow stress, ~ 1.3 GPa, up to
200 °C, among one of the strongest reported ta &ateh a high strength derives from the

stability of nanotwins and Fe effects during higmperature mechanical testing. For
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micropillars tested at elevated temperatures (f0and 200 °C), the formation of particles was
observed. It should be noted tleatsitu studies also showed large Fe-deficient partictestcAl-

Fe surface when annealed at 280 °C (Fig. S6 andt33)ikely that deformation accelerated the
diffusion and subsequent formation of particleslavated temperatures in the supersaturated Al-
Fe alloys. However, the micropillars deformed ichéefly uniform fashion at 300 °C. It is worth
noting that significant softening occurs at 3003€ gvidenced by the precipitous reduction of
flow stress to ~ 0.13 GPa, much lower in comparieon 0.88 GPa of Al-Fe annealed at the
same temperature but tested at room temperaturieAsanocrystalline grains remain when
tested at 300 °C, it is likely that significant ®sfing occurs due to substantial reduction of
elastic modulus of Al-Fe alloys, evidenced by tkerdase of apparent modulus (Fig. S10), and

possible involvement of other deformation mechasissnch as grain rotation and sliding.
5. Conclusions

The thermal stability and temperature dependenhar@cal properties of high-strength
nt Al-Fe alloys were investigated throughsitu compression tests. Annealing studies clearly
identify two regimes: 1) Fe solutes effectivelylsliae the 9R phase and nanotwins in nt Al-Fe
up to 280 °C, and 2) recrystallization and phaggesmtion occur at 300 °C, leading to the
formation of nanocomposite. The room-temperatwe #tress of the Al-Fe alloys remains > 1.6
GPa after annealing at 200 °C, and is ~ 1.3 GPawdsted at 200 °C. A drastic softening occurs
at a test temperature of 300 °C, presumably dtlestsubstantial reduction of elastic modulus.
The superb thermal and mechanical stability of lREé alloys may promote their applications at
elevated temperatures. The strategy of using sotatetabilize nanotwins and 9R phase offers

an opportunity to design nanotwinned metals fohhegmperature applications.
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Figure captions

Figure 1. (a) XRD profiles of Al-5.5Fe annealed up to 400 (b) The corresponding magnified XRD
profiles showing Al (111) peak shift and the forioatof intermetallic phase, &fe at higher annealing
temperatures.

Figure 2. Plan-view and cross-section TEM (XTEM) studiegtom microstructure of as-deposited Al-
5.5Fe. Low maghnification (a) Plan-view and (b) XTHhcrographs with corresponding selected area
electron diffraction (SAED) patterns. (c) The imtediate magnification XTEM and the corresponding
fast Fourier Transform (FFT) showing diffuse ITBg, 9R phase. (d, e, f) High resolution TEM
(HRTEM) images show columnar and twin structure nghibe 9R phase is bounded by matrix and twin
variants. The 9R phase boundaries are marked leyadntows; some low-angle grain boundaries are
marked by white arrows.

Figure 3. XTEM micrographs of Al-5.5Fe annealed at (a) 20),280 and (c) 300 °C. (al-a4) XTEM
images showing the retention of nanoscale columgrans, twin boundaries and 9R structure after
annealing at 208C. (b1- b2) XTEM images of specimens annealed @f@&howing the formation of
precipitates adjacent to free surface and fineraphr structure remains underneath free surfacen4p3
TEM micrographs showing the twin structure adjaterdne precipitate survives and the precipitate ha
superlattice structure with ~ 0.46 nm interplariatashce. (c1-c3) XTEM images showing a complete
recrystallization of the alloy annealed at 300¢@htaining abundant superlattice angF&l precipitates.
(c4) An HRTEM image confirms the precipitate ofPé with orthorhombic structure.

Figure4. STEM micrographs and corresponding EDS compositioraps of Al-5.5Fe annealed at (a)
200, (b) 280, (c) 330 and!) 400 °C

Figure 5. Room temperaturié-situ compression tests on Al-5.5Fe specimens annetlediaus
temperatures: (a) An SEM image demonstrates adhipisitu experiment on the Al-Fe micropillars. (b)
Representative engineering stress-strain curvéé-oHFe treated at different temperatures. (c-f)
Corresponding SEM snapshots captured at diffetesins duringn-situ tests of as-deposited and
annealed specimens. Partial unloading segmentsdedéiberately incorporated at low strains to probe
apparent elastic moduli and alignment conditions sNear bands were observed for all casgand T
stand for annealing temperature and testing terhpetaespectively. (See supplementary Movies S1-S4
for details).

Figure 6. Elevated temperatura-situ compression tests on Al-5.5Fe specimens. Engimgpstress-

strain curves and corresponding SEM snapshotsriatugastrains of pillars tested at (a) room tempeea
(data of pillars with ~ 500 nm and ~ 1300 nm imaiéer are coupled), (b) 100, (c) 200 and (d) 3Q0 °C
Flow stresses remain greater than 1 GPa when tas2a0°C or less, and reduce substantially to ~ 0.13
GPa at 300C. Particles were extruded from walls of micropalat 100 and 200 °C. At 300 °C,
micropillars deform in a homogeneous mode and éxiliface wrinkles. (See supplementary Movies
S5-S7 for more details).

Figure7. (a) Lattice parametesersus iron composition. (b) Lattice parameter evolutitattice parameter
of fcc phase in annealed Al-5.5Fe specimens asdifun of annealing temperature. The lattice corista
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calculated using elasticity inclusion model arespre as dotted lines. (¢) Temperature dependent
evolution of grain sizes of fcc phase and predegan Al-5.5Fe specimens.

Figure 8. (a) Nanoindentation hardnesses of Al-3.0Fe an8.Blke remain largely unchanged up to 250
°C, followed by precipitous softening thereaftel). Bastic moduli of Al-3.0Fe and Al-5.5Fe decrease
gradually up to 256C, followed by increment at higher annealing terapees. The moduli of Al(111)
and AkFe are shown as horizontal dotted lines as refegerfc) The Hall-Petch plot for the as-deposited
Al-5.5Fe and specimens annealed at 200, 280, 3W0aBd 400C. The selected cg, ufg and nc pure Al
and Al-xFe alloys processed by different technicarescollected from literature [53, 76-80].

Figure9. Evolutions of flow stresses of Al-5.5Fe at differ@annealing and elevated temperatures. (a)
Flow stress (at 5 % strain) of Al-5.5Fe remain >G&Ba up to annealing temperature of 200and
decreases to ~ 1 GPa after annealing af@0fy greater. (b) Variations of flow stress at S#in for
alloys tested at elevated temperatures. Flow stsasfsAl-5.5Fe remain 1.5 GPa at 200 and then drop
drastically to ~ 130 MPa at 30Q. The upper and lower bound flow stresses weritzkd by taking
the contact and middle height diameters into actcdtiow stress was also converted from
nanoindentation hardness divided by the Tabor faxfta.7.

Captionsfor supplementary figuresand movies

Figure S1. Plan-view and cross-section STEM micrographs amtesponding EDS maps of as-deposited
Al-5.5Fe specimens show no indication of phaseegggions.

Figure S2. Microstructure of Al-5.5Fe annealed at 200 "C. T low-to-intermediate magnification
XTEM micrographs taken along <110> direction. (bTEM image and filter image show that the
vertical boundaries are low angle grain bounddtiés$sBs) decorated with Frank partials.

Figure S3. STEM micrograph and the corresponding EDS mapl¢f.BFe annealed at 280 °C show that
precipitation initiated at free surface of specimand fine columnar grains were preserved unddrneat
the free surface.

Figure $4. STEM micrograph of Al-5.5Fe annealed at 300 “Caghequiaxed nanograins after
recrystallization. (b) The corresponding EDS majeads the existence of Fe-rich and -deficient negio
(c) Linear scan shows the alternating distributdfre. The Fe concentration is lower than stoicletio
Fe concentration of ~ 14.3 % ingRk.

Figure S5. Microstructure of Al-5.5Fe annealed at 300 °C.X@EM image exhibits ordering pattering.
superlattice, a majority of which is parallel tamgth direction. The superlattice structure hasrpigsmar
distance of ~ 0.44 to 0.55 nm. (b) TEM image showihre formation of AfFe intermetallic precipitates
after recrystallization. (c) The intermetallic dispoid is determined to be &k with an orthorhombic
cmcm structure, which were frequently found adjatenhe superlattice structures. (d) HRTEM image
showing fcc phase, which is Fe-deficient.

Figure S6. SEM images show surface protrusion of particlemfmatrices takes place as annealing
temperature reaches 300 °C or greater for Al-3fefdsb.5Fe specimens. Linear scans indicate trat th
extruded particles have lower Fe composition in ganson with the one in matrix, indicating Al
diffusion dominates the diffusion process at eledaemperature.

Figure S7. STEM and corresponding EDS map of Al-5.5Fe spegiamealed at 280 °C present the
cellular structure in matrix and surface protrusiéfre-deficient giant particles from the matrix.
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Figure S8. XTEM images of Al-9.9Fe specimen showing heteregesly distributed amorphous phase
marked by white circles.

Figure S9. Statistic distribution of grain sizes of (a) agpdsited Al-5.5Fe and specimens annealed at (b)
200, (c) 280, (d) 300, (e) 330 and (f) 400 °C. Gsize evolutions of both fcc phase and precigstate
presented.

Figure S10. Apparent modulus of Al-5.5Reersus testing temperatures. The apparent modulus derived
from partial unloading segments of in-situ compiresstress-strain curves.

Movie S1. In situ compression video showing Al-5.5Fe michapicompressed at room temperature.

Movie S2. In situ compression video showing Al-5.5Fe miclapj annealed at 100 °C, compressed at
room temperature.

Movie S3. In situ compression video showing Al-5.5Fe miclapj annealed at 200 °C, compressed at
room temperature.

Movie $4. In situ compression video showing Al-5.5Fe miclapj annealed at 300 °C, compressed at
room temperature.

Movie S5. In situ compression video showing Al-5.5Fe michapicompressed at 100 °C.
Movie S6. In situ compression video showing Al-5.5Fe michapicompressed at 200 °C.

Movie S7. In situ compression video showing Al-5.5Fe miclapicompressed 300 °C.
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Figure 1. (a) XRD profiles of Al-5.5Fe annealedtaglt00°C. (b) The corresponding magnified XRD
profiles showing Al (111) peak shift and the forioatof intermetallic phase, &fe at higher annealing
temperatures.
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Figure 2. Plan-view and cross-section TEM (XTEMjdées on the microstructure of as-deposited Al-
5.5Fe. Low magnification (a) Plan-view and (b) XTEMcrographs with corresponding selected area
electron diffraction (SAED) patterns. (¢) The imtediate magnification XTEM and the corresponding
fast Fourier Transform (FFT) showing diffuse ITBs, 9R phase. (d, e, f) High resolution TEM
(HRTEM) images show columnar and twin structure ighibe 9R phase is bounded by matrix and twin
variants. The 9R phase boundaries are marked leydntows; some low-angle grain boundaries are

marked by white arrows.
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Figure 3. XTEM micrographs of Al-5.5Fe annealegat200, (b) 280 and (c) 300 °C. (al-a4) XTEM
images showing the retention of nanoscale colurgrans, twin boundaries and 9R structure after
annealing at 208C. (b1- b2) XTEM images of specimens annealed @f@&howing the formation of
precipitates adjacent to free surface and finernohr structure remains underneath free surfaceb4p3
TEM micrographs showing the twin structure adjaderdne precipitate survives and the precipitate ha
superlattice structure with ~ 0.46 nm interplanatahce. (c1-c3) XTEM images showing a complete
recrystallization of the alloy annealed at 300¢@htaining abundant superlattice angF&l precipitates.
(c4) An HRTEM image confirms the precipitate of¢ with orthorhombic structure.



Tanneal =200°C Tanneal =280°C Tanneal =330°C

W

Secondary
recrystallization Cluster of st_a_copdarm,
) L fecrystallization

Fe-deficient fcc Al

Cell-shaped Fe-deficient fcc Al
diffusion contour Precipitate
Precipitate

Secondary

% Sy Eluster.8f secandary
R. reerystallization

recrystallization
Fe=rich contour

L qoliam i 0

Figure 4. STEM micrographs and corresponding EDSpasitional maps of Al-5.5Fe annealed at (a)
200, (b) 280, (c) 330 and (d) 400 °C.
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Figure 5. Room temperatue-situ compression tests on Al-5.5Fe specimens annetiediaus
temperatures: (a) An SEM image demonstrates adhipisitu experiment on the Al-Fe micropillars. (b)
Representative engineering stress-strain curvésdHFe treated at different temperatures. (c-f)
Corresponding SEM snapshots captured at diffetegins duringn-situ tests of as-deposited and
annealed specimens. Partial unloading segmentsdeéiberately incorporated at low strains to probe
apparent elastic moduli and alignment conditions sNear bands were observed for all caseand T
stand for annealing temperature and testing tertyreraespectively. (See supplementary Movies S1-S4
for details).
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Figure 6. Elevated temperaturesitu compression tests on Al-5.5Fe specimens. Engimgstress-strain
curves and corresponding SEM snapshots at varimiasof pillars tested at (a) room temperatusdgd

of pillars with ~ 500 nm and ~ 1300 nm in diametex coupled), (b) 100, (c) 200 and (d) 300 °C. Flow
stresses remain greater than 1 GPa when test@@ &€ 2r less, and reduce substantially to ~ 0.13 GPa a
300°C. Particles were extruded from walls of microp#lat 100 and 200 °C. At 300 °C, micropillars
deform in a homogeneous mode and exhibit surfagikies. (See supplementary Movies S5-S7 for more

details).
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Figure 7. (a) Lattice parametaarsus iron composition. (b) Lattice parameter evolutitaitice parameter
of fcc phase in annealed Al-5.5Fe specimens asdifun of annealing temperature. The lattice carista
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Figure 8. (a) Nanoindentation hardnesses of Al-8.akd Al-5.5Fe remain largely unchanged up to 250
°C, followed by precipitous softening thereaftel). Bastic moduli of Al-3.0Fe and Al-5.5Fe decrease
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gradually up to 256C, followed by increment at higher annealing terapees. The moduli of Al(111)

and AkFe are shown as horizontal dotted lines as refegerfc) The Hall-Petch plot for the as-deposited
Al-5.5Fe and specimens annealed at 200, 280, 3W0aBd 400C. The selected cg, ufg and nc pure Al

and Al-xFe alloys processed by different technicarescollected from literature [53, 76-80].
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Figure 9. Evolutions of flow stresses of Al-5.5Faldferent annealing and elevated temperaturgs. (a
Flow stress (at 5 % strain) of Al-5.5Fe remain >G&Ba up to annealing temperature of 20P0and
decreases to ~ 1 GPa after annealing a’GQfy greater. (b) Variations of flow stress at S#ain for
alloys tested at elevated temperatures. Flow stsasfsAl-5.5Fe remain 1.5 GPa at 200 and then drop
drastically to ~ 130 MPa at 36Q. The upper and lower bound flow stresses weriltzdkd by taking
the contact and middle height diameters into accdtiow stress was also converted from
nanoindentation hardness divided by the Tabor faxfta.7.
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