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Abstract. Ferroelectric domain walls in single-crystal complex oxide thin films are found to be 

orders of magnitude slower when the interfacial bonds with the heteroepitaxial substrate are 

broken to create a freestanding film. This drastic change in domain wall kinetics does not 

originate from the alteration of epitaxial strain, rather it is correlated with the structural ripples 

at mesoscopic length scale and associated flexoelectric effects induced in the freestanding films. 

In contrast, the effects of the bond-breaking on the local static ferroelectric properties of both 

top and bottom layers of the freestanding films, such as domain wall width and spontaneous 

polarization are modest and governed by the change in epitaxy-induced compressive strain. 
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Single-crystal complex oxide ferroelectric (FE) thin films exhibit high spontaneous 

polarization, coherent switching and low coercive field – a unique set of properties ideal for the 

manufacture of energy-efficient, beyond-CMOS logic and memory components, [1] as well as 

future quantum computing devices. [2] One of the primary bottlenecks in this field stems from 

the great difficulty in producing high quality interfaces between these single-crystal oxides and 

the single-crystal silicon - the prevalent substrate in microelectronics, hindering their 

widespread use. Recent developments in complex oxide layer transfer techniques (LTTs), 

however, may make the monolithic integration of not only FE materials possible [3,4] but also 

other single-crystal functional oxides such as half-metals, high Tc superconductors and 

multiferroic materials - even down to monolayer thickness. [5-10] As such, LTTs offer an 

extremely promising alternative to direct growth techniques [11] in terms of novel device 

fabrication. In most LTTs, complex oxides are epitaxially grown on a lattice-matched substrate, 

are made freestanding, and are then interfaced with a different material. Although proof-of-

concept, electrostatically-controlled transistors and two-terminal memory devices have already 

been demonstrated using such transferred complex oxide FE layers, [3,4] much remains unknown 

regarding their ferroic properties, particularly at the mesoscopic length scale. This is a necessary 

step towards integration of these unique materials into microelectronic devices which often 

utilize sub-100 nm functional features. 

Recent studies have reported that freestanding complex oxide thin films exhibit physical 

properties significantly different from the original, as-grown films. For instance, the collapse 

of crystalline order has been reported in ultrathin, freestanding STO layers, induced by the 

electron-volt-level energy of bond breaking that is released from the interfacial layer during the 

transfer process. [5] How such an energy landscape and bond rearrangement in one layer would 

necessarily affect the other layers of a single crystal complex oxide thin film, i.e., in a three-

dimensional object, is poorly understood. Unlike 2D materials such as graphene, the complex 

oxides have strong interlayer bonds, which allows for long range, three-dimensional mechanical 
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energy propagation. [12] The interfacial bond energy in typical complex oxide heterostructures 

is quite high and therefore, atomistic changes at the interface will alter the properties of all the 

layers, resulting in a very different mechanical and electrostatic energy landscape in the entirety 

of the material. 

In this work, we study the effect of interfacial bond-breaking on the dynamic and static 

behavior of FE domain walls, as well as the local structural properties. In particular, we probe 

the bottom surface of the transferred films (denoted as bottom layers) that were interfaced with 

the substrate during growth. We investigate domain wall (DW) motion and width, local 

capacitance, spontaneous polarization and structural properties using piezoresponse force 

microscopy (PFM),[13] electrostatic force microscopy (EFM),[14] microwave impedance 

microscopy [15] and synchrotron X-ray nanodiffraction[16]. The nominal radii of both the 

scanning probe microscopy (SPM) and X-ray probes used here range from 20-30 nm, allowing 

the determination of material properties on a length scale relevant to DW motion. From these 

studies, we make two key findings: 1) interfacial bond-breaking reduces the DW velocity by 

2–3 orders of magnitude, and 2) interfacial bond-breaking allows the compressively-strained 

layers to attain the strain-free bulk state but introduces subtle structural “ripples” within the 

layers. We claim that the induced structural inhomogeneity affects DW motion more strongly 

than the change in strain. However, the static properties, even at the bottom layers, are found to 

be minimally changed and mostly governed by the reduction of compressive strain. 

Figure 1a-c show schematics of the complex oxide layers and measurement setup. The 

as-grown samples are 40 and 100-nm-thick PbZr0.2Ti0.8O3 (PZT) films, epitaxially synthesized 

by pulsed laser deposition onto a 10-nm-thick La0.7Sr0.3MnO3 (LSMO) / SrTiO3 (001) substrate. 

The same samples were used to derive the transferred layers using the LTT. The freestanding 

samples were transferred in an upside-down fashion onto a similar LSMO/STO substrate, 

allowing the scanning probe micrsocope (SPM) to probe the DW velocity and static ferroic 

properties of the bottom layers.  
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To measure the DW velocity, we switched domain polarities in a pre-poled area using 

the SPM tip as the top electrode and the LSMO film as the bottom electrode. A pulsed electric 

field was applied across the FE layers, resulting in circular-domains with 40-180 nm radius (𝑅) 

(Figure 2a, b). As the pulse duration was increased (𝑡 = 2 - 2×105 μs), the DWs moved laterally, 

and domain size increased in a semi-logarithmic fashion. The domain sizes in the transferred 

samples were much smaller than those in the as-grown samples for the same duration of pulse. 

Furthermore, the DWs in the transferred samples needed slightly longer pulses to initiate 

movement compared to the as-grown samples, which suggests the presence of an additional 

energy barrier in the transferred samples.  

We estimate the lateral velocity of the walls from the correlation between the time 

difference between two successive pulses and resulting increment in domain size. [17] As shown 

in Figure 2d and Figure 2e, the wall velocity scales logarithmically with inverse electric field 

(𝐸) along the direction of DW motion, as expected from the Merz’s law of DW creep.[17-21] We 

find that the presence of the additional energy barrier in all of the transferred samples hinders 

DW movement and results in orders of magnitude smaller velocity compared to the as-grown 

samples. Similar DW kinetics are observed in the top layers of the freestanding film, indicating 

that interfacial bond-breaking affects the DW kinetics throughout the thickness of the PZT 

(Figure S1a,b, Supporting Information). Interestingly, the bond-breaking results in stronger 

impedance to DW motion in thinner films than the thicker films, as reflected in Figure 2d and 

Figure 2e. 

The energy barrier that the DWs need to overcome to move depends on the energy 

density of both the wall and the nucleated domain. This activation energy is mainly determined 

by spontaneous polarization density (𝑃𝑠), DW width (𝑊) and lattice spacing (𝑏) of the material. 

[22,23] We measured 𝑃𝑠 by monitoring the electrostatic interaction between a DC-biased 

oscillating probe and the surface charge density, which results in phase shift (Δ𝜙) proportional 

to the polarization.[24] We find that 𝑃𝑠 reduces by only 3 ± 2 𝜇𝐶/𝑐𝑚2 (2–10%) after transferring 
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the PZT layers (Figure 3a-c and S2, Supporting Information). Such a small difference in the 

spontaneous polarization density corresponds to negligible FE dead layer at the bottom surface 

of the PZT film. This suggests that intrinsic dead layers [25,26] may not be a limiting factor for 

utilizing transferred epitaxial layers in electrostatically-controlled devices. From the PFM 

measurement, we also find that the DWs in the transferred samples are slightly wider than in 

the as-grown films (Figure 3d and Figure S2 and section S4 ofSupporting Infomation). A 

broader wall is an indication that the order parameter can fluctuate easily with a lower energy 

cost, and therefore the susceptibility, which is a measure of the softness of the order parameter, 

is expected to be high in the transferred PZT. Simulated susceptibilities considering strain 

change in the films are in agreement with this prediction (S4, Supporting Information). 

Due to the small tip-sample contact area and ambient electromagnetic interference, 

measurement of and comparison between local susceptibilities of different samples is beyond 

our instrumentation capability. Nevertheless, we probed the qualitative behavior of local 

capacitance changes during polarization reversal process using a scanning microwave 

impedance microscopy (SMIM) technique with sweeping dc voltage. This provides information 

about the electronic energy landscape of the material through which the DWs move. Figure 3e 

and 3f show the change in capacitive current (∆SMIM-Im) at different bias voltages. For both 

types of films, as the dc voltage is swept, ∆SMIM-Im increases and once polarization switching 

is complete, it starts decreasing. We observed two major differences between ∆SMIM-Im 

responses of the as-grown and transferred samples. Firstly, a sharp drop in ∆SMIM-Im is 

observed in the as-grown film, which is absent in the free-standing film. Secondly, ∆SMIM-Im 

during switching is higher in the as-grown film than the free-standing film.  

The SMIM results suggests possible presence of strong inhomogeneous internal field 

distribution in free-standing films. This would cause a wide distribution of effective coercive 

voltages in FE unit cells. During polarization switching, a slight change in voltage (𝑑𝑣) creates 

large change in charge (𝑑𝑞), resulting in high capacitance (𝑑𝑞/𝑑𝑣). Before and after switching, 
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capacitance becomes low. Due to the difference of coercive voltages in FE cells, some switch 

early and some switch late. Therefore, at a certain dc voltage, only few cells under the probe 

provide large capacitance. Since these cells’ capacitances act in parallel, effective change in 

total capacitance (~∆SMIM-Im) is low. On the contrary, internal fields in the as-grown films 

are more homogeneous and therefore, FE cells switch more coherently, providing large change 

in the ∆SMIM-Im signal. Due to the same reason, a sharp drop in ∆SMIM-Im is observed only 

in as-grown films.  

We now consider the effect of interfacial bond-breaking on the structural properties such 

as lattice spacing, which is governed by the strain state of the material. During growth, PZT is 

under biaxial compression due to the lattice misfit with STO. Once released from the substrate, 

the elastic strain tends toward zero with respect to bulk PZT. Using the X-ray nanoprobe, we 

scanned a 2𝜇𝑚 × 2𝜇𝑚 area, examining the line shapes of 002 Bragg reflections from the as-

grown and transferred films. The average 2𝜃 peak position is larger in the as-grown than the 

transferred film indicating a smaller c-axis lattice parameter – this is consistent with the 

expectation of a Poisson effect from an in-plane expansive release (Figure 4a). From this, we 

determine that the transferred films are 0.44% less compressively strained (in-plane) than the 

as-grown films. This corroborates with the slight reduction of 𝑃𝑠 observed in the EFM studies 

(S4, Supporting Information). 

Using these experimentally evaluated and simulated local FE properties in the Miller-

Weinrich model [22] of DW motion, we evaluate that the nominal DW energy density in the as-

grown films should be larger than that in freestanding films (S4, Supporting Information). Since 

DWs with lower energy density should require less energy to move, the velocity is expected to 

increase – in direct contrast with our experimental observations. Therefore, it is clear that the 

variation in DW velocity between the as-grown and transferred samples cannot be attributed to 

the substrate-imposed epitaxial strain state modification and the associated change in FE 

properties. Other possibilities such as a modified electronic interface, change in epitaxy-related 
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strain graient or simply increased pinning site densities are also improbable (S5, Supporting 

Information). 

In order to further understand the local structural environment that the DWs traverse, 

we measured the angular dispersion of the diffraction patterns acquired near the 002 Bragg peak 

of PZT across a 1.5 μm × 1.5 μm area, using the procedure described in the Methods section 

and Ref. 27. The angular shift represents tilts (τ) in the atomic planes of PZT, whose spatial 

distribution is plotted in Figure 4b. Within a spatial lengthscale of 200 nm, the angular 

displacements are found to be as large as 0.16°. Since the X-ray nanoprobe samples a volume 

of the film, the crystalline tilts are presumably present throughout the thickness of the film. 

Hence, a structural ripple with 0.5 – 1 nm height variation is possible in the freestanding films. 

However, this lies within the range of surface roughness of films and therefore remains 

undetectable in the atomic force microscope images. The tilt distribution in the transferred 

sample has a full-width at half-maximum of 0.096°, a factor of two larger than that for the as-

grown film (Figure 4c). Similar increased tilt variation is also observed in the thicker 

freestanding films, confirming its origin related to the interfacial bond breaking (S6, Supporting 

Information).  

We speculate that there is a correlation between the interfacial bond-breaking and the 

energy barrier for DW motion. The sudden release of the interfacial energy and strain relaxation 

during the transfer process can create distortion in elastic energy landscape across the thickness 

of the freestanding film. Unlike in Ref. 5, the thickness of the transferred layer in our case is 

too high for a complete melting of the crystalline order. Nevertheless, the elastic energy 

redistribution leaves its footprint, creating crystalline tilt and structural ripples. Figure 4d shows 

a representative line trace across the crystalline tilt map of the transferred sample, revealing a 

continuous tilt variation of different lengthscales and signs. The tilt gradient (𝜕𝜏
𝜕𝑥⁄ ) is a 

signature of local nanoscale bending and wrinkle in the atomic planes of PZT layers, while its 
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sign change indicates the presence of both concave and convex-type bending. As such, a local 

strain difference between the bottom and top layers of PZT is developed creating a flexoelectric 

effect [28-30]. According to the linear elastic theory [S7, Supporting Information], for a 1-D ripple 

with 200 nm wavelength and 0.55 nm height, the strain difference between the top layer and 

mid-plane of the film is 7×10-3. [31,32] Assuming the strain gradient – electric field coupling 

coefficient in PZT is ~75,[33] we find that an additional local flexoelectric field [34] of ~0.25 

MV/cm can be generated in freestanding films – comparable to the coercive field of the PZT 

film.[35] In fact, the ripples in freestanding films are two dimensional in space, and therefore, 

the strain difference between the peak and valley and the additional flexoelectric field could be 

much larger than what we have estimated here.  

It is instructive to note that the actual flexoelectric effects at the domain walls can be 

more complicated than this simple scenario due to the gradual change of the order parameter. 

Nevertheless, such a strong flexoelectric effect in the freestanding films can increase the energy 

barrier for DW motion by at least a factor of two when compared to the as-grown film, as 

suggested by the tilt variation statistics shown in Figure 4c. As a wall moves through this highly 

inhomogeneous local energy landscape, it remains strongly pinned at places where the 

flexoelectric field is in opposite direction to the applied field. Such inhomogeneous internal 

field is induced in the epitaxial layers only after the transfer process, as also evident by the 

SMIM-Im data. This causes slowing down of the overall motion of DWs in the freestanding 

film. Since the DW velocity is exponentially related to the energy barrier height, a two-fold 

increase in flexoelectric field can lead to orders of magnitude change in velocity, particularly 

at the applied field range used in our experiments [S7, Supporting Information].  

The flexoelectric field would be weaker in thicker freestanding films, since the 

wavelength of ripples linearly scales with thickess, [36,37] which in turn should reduce the strain 

gradient [S7, Supporting Information]. This is why at a certain applied field, velocity difference 

between the as-grown and free-standing film is smaller in 100 nm thick films than that in 30 
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nm thick films. Therefore, DW velocity data in 100 nm thick samples further support our claim 

that flexoelectric effect results in the velocity difference between the as-grown and free-

standing films. 

In summary, this work demonstrates that the time dependent characteristics of FE DWs 

drastically change when epitaxially grown single-crystal complex oxide materials are made 

freestanding. We attribute this effect to the induced structural inhomogeneities and tilts and 

associated flexoelectric effects caused by the bond-breaking at the interfacial layers. In contrast, 

the effect of bond-breaking on the static ferroic properties, even at the bottom layers of 

transferred film, is very small. This is inspiring, particularly for creating electrostatically 

controlled devices using heterostructures containing transferred compex oxides and epitaxy-

incompatible materials such as Si.  
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Figure 1. Scanning probe microscopy (SPM) and X-ray nanodiffraction characterization of as-

grown and transferred PZT films. a) Schematic of as-grown PZT layers on sacrificial LSMO 

buffered STO substrate. Interfacial bonds between PZT and LSMO are broken by selectively 

etching LSMO layers. b) PZT layers being released from the substrate and flipped. c) 

Freestanding, flipped PZT layers transferred on an identical STO/LSMO substrate. Flipping the 

PZT layers provide direct access for characterization of bottom layers of the transferred sample. 

The PZT layers are scanned by SPM tip and X-ray beam, which reveal ferroelectric and 

structural properties with ~20-30 nm spatial resolution.  
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Figure 2. Domain growth and wall velocity. The scalebar is 400 nm. a, b) PFM phase contrast 

images captured by same probe after applying 2 ms switching pulses on pre-poled areas of the 

40 nm thick as-grown film and the bottom surface of the transferred film derived from the same 

sample, respectively. c) Domain radius as a function of the applied electric field pulse width. d, 

e) Wall velocities in 40 nm and 100 nm thick as-grown and transferred films as a function of 

the inverse electric field. Solid lines are the fits to the law of DW creep: 𝜈(𝐸) ∝ 1/exp (
𝐸𝑎

E
)

𝜇
. 

[21,37,38] Fitting parameters are: creep exponent 𝜇 = 1, effective activation field 𝐸𝑎 =

1.87 × 107 V/cm and 3.18 × 107 V/cm in 30 nm thick as-grown and transferred samples, 

respectively. In 100-nm thick samples, 𝐸𝑎 = 4.4 × 106 V/cm (as-grown) and 6.7 × 106 V/cm 
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(transferred). Note that these activation fields are derived from pulsed electric field and 

significantly higher than bulk static coercive field of ~ 0.2-0.7 MV/cm. [17]  

 

 

Figure 3. Static ferroelectric properties of domains and walls. The scalebar is 400 nm. a, b) 

EFM phase contrasts of unpoled (Ⅰ), positively (Ⅱ) and negatively (Ⅲ) poled areas of the 

transferred (red) and as-grown (black) samples, respectively. c) EFM phase contrast across 

these three regions, averaged over different points parallel to the wall axis. For ease of 

comparison, signals at the unpoled areas are vertically shifted to align at the same level. d) DW 

widths estimated from the piezoresponse across 40 different walls (each 4-5 μm long). A total 

of approximately 12500-line scans have been analyzed (S3, Supporting Information), which 

demonstrate a tendency of widening of the DWs due to the freestanding nature of the film. e, f) 

SMIM (Im) signals representing change in local capacitance under dc sweeping voltage. 
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Figure 4. Nanodiffraction data from the as-grown and transferred films. a) 𝜃 − 2𝜃 line scans 

around the (002) reflection averaged over 2×2 μm2 area. b) Map of crystallographic tilts in a 

1.5×1.5 μm2 area of the transferred PZT. Arrows indicate local tilt directions. Continuous 

variation of crystallographic tilt represents local nanoscale bending of atomic planes and the 

presence of inhomogeneous, built-in electric field due to the flexoelectric effect. c) Histograms 

representing the variations in tilt magnitudes. After PZT is made freestanding, the tilt variation 

is significantly enhanced. d) A line profile of the crystallographic tilt map, showing both 

concave and convex-type bending are present. Places with opposite flexoelectric field directions 

are colored in red and green. 
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Experimental Section 

Sample preparation: 40 nm thick Pb0.8Zr0.2TiO3 films are epitaxially grown at 700 °C on 10 nm 

thick La0.7Sr0.3MnO3 (LSMO) buffered SrTiO3 substrate using pulsed laser deposition 

technique. LSMO acts as a sacrificial layer, which is wet etched using KI solution to make the 

PZT layers freestanding. The layers are subsequently collected using Polymethyl (PMMA) 

stamps, flipped over and transferred onto another identical LSMO/STO substrate. The PMMA 

stamp is then removed by acetone Flipping of the PZT/PMMA assembly provides direct access 

to the interfacial layers and facilitates imaging of these layers using SPM techniques. More 

details about the sample preparation can be found in Ref. 3 and Ref. 4. 

 

Scanning Microwave impedance microscopy: A 3 GHz signal of 100 μW (-10dBm) is 

delivered to the sample through a metallic AFM probe.[15] The same probe is used to capture 

reflected signal amplitude and phase. The real (SMIM-Re) and imaginary (SMIM-Im) part of 

the reflected signal correspond to the resistive and capacitive behavior of the tip-sample 

complex admittance. A sweeping (±10 V) dc voltage was superimposed with the microwave 

signal to bias the ferroelectric material. 

 

X-ray nanodiffraction: Comparison of c-axis strain observed using the Bragg diffraction line 

shape from the 002 reflection of as-grown and freestanding thin films was made using focused 

9keV x-rays at the CNM/APS Hard X-ray Nanoprobe. The spot size of the focused x-ray beam 

was 20-30 nm full width at half-maximum. The outgoing diffraction signal was resolved in 

scattering angle (2𝜃) by a pixel array detector with 55 μm × 55 μm pixels positioned 800mm 

away from the sample/beam intersection giving 0.004° angular sampling. This signal was 

summed over a 2° rocking curve (sample rotation made relative to the incident beam) in 0.1° 

steps about the observed maximum intensity. Such data were taken from different places of a 2 

μm × 2 μm area and the averaged results are shown in Figure 4a. The local crystalline tilt is 
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mapped by varying the position of the beam on the sample under a fixed 2𝜃 angle and observing 

the shift of the center of mass in the axes parallel (𝑋 − 𝑡𝑖𝑙𝑡) and perpendicular (𝑌 − 𝑡𝑖𝑙𝑡) to the 

scattering plane. In Figure 4b the arrows indicate an angle corresponding to 𝑡𝑎𝑛−1(𝑌 −

𝑡𝑖𝑙𝑡 / 𝑋 − 𝑡𝑖𝑙𝑡) and the magnitudes represent √(𝑋 − 𝑡𝑖𝑙𝑡)2 + (𝑌 − 𝑡𝑖𝑙𝑡)2. In all cases the 

synchrotron x-ray beam was focused onto the sample using a Fresnel zone plate optic creating 

a common 0.3° angular divergence observed in each line shape.  

 

Estimation of DW velocity: We have estimated the lateral velocity of the walls as 𝜈(𝐸) =

𝑅(𝑡1)−𝑅(𝑡2)

𝑡1−𝑡2
 and lateral electric field as 𝐸 =

𝑉

𝑅(𝑡1)−𝑅(𝑡2)
.[17] Here, 𝑅(𝑡) is the domain radius, which 

is a function of the pulsewidth (𝑡). As the wall velocity strongly depends on the characteristic 

timescale of the measurement, [38] it has been calculated from two successive pulses with widths 

of similar order of magnitude (
𝑡2

𝑡1
~3 − 5).  

 

Supporting Information  

Supporting Information is available from the Wiley Online Library or from the author. 
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S1. Domain wall motion in the top layers of transferred PZT 

Figure S1 shows the domain size and estimated domain wall velocity evaluated at the top 

surface of the transferred sample. Same tip was used to collect all the data of Figure S1. To 

avoid any effect of longer pulses on the probe size and associated artifacts, separate probes were 

used for the experiments on the as-grown and transferred sample. However, all data on one type 
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of sample were taken by the same tip. Moreover, same sequence of pulse width increment was 

used for all samples. In addition, same applied force was used for all measurements.  

 

  
Fig S1. a, b) Domain sizes and velocity at the top surface of the transferred PZT sample. 

 

 

S2. Estimation of surface charge density:  

To measure surface charge density (𝑃𝑠), we created up- and down-polarized regions using ±8 

V and measured the electrostatic force microscopy (EFM) phase contrast in those areas. The 

phase shift between two oppositely poled areas is 𝜑 and the difference between 𝜑 in 

transferred sample and as-grown sample is 

∆𝜑 ∝ 𝑠𝑖𝑛−1{𝐴. (𝑉𝑡𝑖𝑝 − 𝑉𝑠𝑢𝑟𝑓𝑎𝑐𝑒)2} 

Here, 𝐴 is a constant that depends on the tip parameter and imaging configuration such as, tip-

sample height difference and stray capacitances, which remained same throughout the EFM 

experiments. ∆𝜑 = 0.4°, 𝑉𝑡𝑖𝑝 = 1 V, tip diameter = 20 nm and tip-sample distance = 50 nm. 

From these values we determine the ratio of surface charge densities (
𝑃𝑆−𝑡𝑟𝑎𝑛𝑠.

𝑃𝑆−𝑎𝑠−𝑔𝑟𝑜𝑤𝑛
) in the 

transferred and as-grown samples as 0.9412. Since the relationship between 𝑃𝑠 and strain is 

quadratic, ( 𝑠𝑡𝑟𝑎𝑖𝑛 (𝑋) = 𝑄. 𝑃2), and from X-ray diffraction we know a 0.44% change in 

strain occurred due to transfer process, theoretically, 
𝑃𝑆−𝑡𝑟𝑎𝑛𝑠.

𝑃𝑆−𝑎𝑠−𝑔𝑟𝑜𝑤𝑛
 is expected to be around 
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0.89, which is very close to the value obtained from the EFM studies. Here, 𝑄=0.08 is the 

electrostrictive coefficient, calculated from the empirical relationships [1] with Ti:Zr ratio. 

 

S3. Domain wall (DW) width: 

To characterize DW widths (𝑊), we measured piezoforce microscopy (PFM) amplitude across 

30 separate, artificially written (each 3-4 𝜇𝑚 long) DWs in each type of sample. The PFM 

amplitude goes to near zero in the middle of the DW. We took the spatial distance between two 

points on the two sides of the DW where PFM amplitude reaches 80% of the saturation value. 

We note that the DW width measured by the PFM could be exaggerated due to the tip-surface 

convolution effect. However, a comparative study can be performed when statistically averaged 

data from the same tip are used. [2] We have analyzed approximately 12500 line scans across 

40 different DWs and plotted the percentage of walls with certain width (Figure 3d in main 

text). Clearly, the peak of the percentage of walls vs. DW width curve shift towards right after 

the transfer process. This has led us to the claim that there is a tendency of slight increase in the 

DW width after transfer process. The mean DW widths from these analyses have been found to 

be 56 and 72 nm in the as-grown and transferred samples, respectively. Although these values 

could be one order higher than that obtained from the transmission electron microscopy 

experiments, thos does not alter our main claim that the change in strain and possible change in 

DW energy density are unable to explain DW velocity reduction in freestanding films.  
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Figure S2. Piezoresponse across a domain wall.  

 

S4. DW and domain energy densities: 

DW energy consists of two terms – one stems from the ferroic ordering and the other is related 

to the gradient of order parameter.[3] The total energy density of a DW is: 

𝜎𝑊 = 2𝑘
𝑃𝑆

2

𝑊
+

1

6
𝜒−1𝑃𝑆

2𝑊.  Here, 𝐾 = 1 × 10−10 Coul-2.m4.N is the gradient coefficient for 

PZT, [4] 𝑃𝑠 is polarization, 𝑊is DW wall width and 𝜒 is susceptibility. Since𝑊 ∝ √𝜒, we can 

easily deduce a wall energy expression independent of the wall width: 𝜎𝑊 ∝ 2𝑘
𝑃𝑆

2

√𝜒
+

1

6

𝑃𝑆
2

√𝜒
 . 

 

Since measurement of the local susceptibity is beyond our instrumentation capability, we 

estimate it using its theoretical dependence on the experimentally evaluated strain information. 

The constants and formula used here can be found in the Supporting Information references 

1,5,6. For PbZr0.2Ti0.8O3, assuming that the freestanding layers are nominally strain free, using 

empirical relationship with Ti:Zr ratio, we can calculate the Curie-Weiss coefficient  

𝐶0 =
2.8339

1 + 126.56(0.8 − 0.5)2
+ 1.4132) × 105 = 1.642 × 105 

Change in 𝑇𝑐 due to the change in strain ∆𝑇𝑐 = 2𝜖0𝐶0
𝑄11+𝑄12

𝑆11+𝑆12
. ∆𝑆𝑡𝑟𝑎𝑖𝑛 (𝑖𝑛 − 𝑝𝑙𝑎𝑛𝑒) 

𝑄𝑖𝑗 and 𝑆𝑖𝑗 are electrostrictive coefficients and elastic compliances, respectively. 

𝑄11 =
0.029578

1 + 200(0.8 − 0.5)2
+ 0.0428 × 0.8 + 0.045 ≈ 0.081 𝐶𝑜𝑢𝑙−2. 𝑚4  

𝑄12 =
0.026

1 + 200(0.8 − 0.5)2
+ 0.012 × 0.8 − 0.01 ≈ −0.002 𝐶𝑜𝑢𝑙−2. 𝑚4 

𝑆11 = 8.2 × 10−12 𝑚2/𝑁 

𝑆12 = −2.6 × 10−12 𝑚2/𝑁 

In-plane strain change: 
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Δ𝑐

𝑐
= −

2𝜐

1 − 𝜐
.
Δ𝑎

𝑎
 

𝑐 and 𝑎 are out-of-plane and in-plane lattice constants, respectively. 𝜐=0.46 is the Poisson 

coefficient. From experimentally evaluated out-of-plane lattice constants we can estimate 

change in in-plane strain is 4.4×10-3. Therefore, difference between 𝑇𝑐 of the as-grown and 

freestanding film is 179.1 K. 

Since the freestanding film is close to strain-free state, we calculate 𝑇𝑐 for this case using 

empirical formula (𝑥 = 0.8):  

𝑇𝑐1
= 462.63 + 843𝑥 − 2105.5𝑥2 + 4041.8𝑥3 − 3828.2𝑥4 + 1337.8𝑥5 = 729.53K 

𝜒1 =
𝜖0

𝐶0
2⁄

−𝑇 + 𝑇𝑐1

= 1.69 × 10−9 

In the as-grown film, 𝑇𝑐2
= 908.6 𝐾, 𝜒2 = 1.19 × 10−9. 

Experimental results show that the spontaneous polarization in the freestanding films is 3 ±

2 𝜇𝐶/𝑐𝑚2 lower than the as-grown films. Since in freestanding films, polarization reduces and 

susceptibity increases, DW energy must be reduced. 

According to the Miller-Weinrich model, DW velocity ∝ 𝑒𝑥𝑝 − (
8𝑏

3√3
.

𝜎𝑊

1
2 .𝜎𝑝

3
2

𝑃𝑠𝐸𝐾𝑇
). Here, 

 𝜎𝑝 =
4𝑃𝑠

2𝑏𝑙𝑛(
2𝑎∗

𝑒𝑏
)

𝜖𝑟
 is the energy of new domain, 𝑎∗ =

2

3
.

𝜎𝑊

𝑃𝑠𝐸
 , 𝐸 is the applied field and 𝐾 is the 

Boltzman constant. Clearly, 𝜎𝑝 should also reduce in the freestanding film. All together, 

considering possible changes in DW and domain properties, the wall velocity in the 

freestanding film should be increase, which is opposite to the experimental observations. 

 

S5. Alternative explanations of DW velocity reduction: 

A possible explanation of the DW velocity change might be the presence of a constant voltage 

drop due to the modified electronic interface between the bottom layer and the substrate or an 

additional built-in voltage due to the substrate-induced homogeneous strain gradient. However, 
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we discard these possibilities since according to Merz’s law such a constant additional voltage 

drop would result in a parallel shift in the 𝑣 vs. 1/𝐸 characteristics, whereas we observe a slope 

change. Moreover, substrate induced strain-gradient should result in a voltage with polarity 

opposite to the applied voltage, and hence lower the DW velocity in the as-grown samples 

compared to the transferred samples, which is in contrast to the experimental observation. 

In addition, DW motion is strongly correlated to atomic-scale disorder and defects that creates 

random pinning potentials for a moving interface. A measure that provides statistical 

information about such pinning sites is the scaling behavior analysis of static DW surfaces. [7,8] 

At equilibrium, DWs can be treated as elastic manifolds immobilized at randomly distributed, 

quenched pinning centers originating from two universal classes of disorders- random field and 

random bond type. The strength or density of pinning sites is reflected by the DW surface 

roughness 𝐵(𝐿) = 𝐿2𝜉 where 𝐿 is the spatial length scale and 𝜁 is the roughness exponent. From 

fitting of this power law relationship, we estimate the average 𝜁 for the as-grown and 

freestanding samples to be 0.23±0.05 and 0.21±0.05, respectively (Figure S5). The insignificant 

variance of DW roughness between the as-grown and transferred films indicates that the defect 

densities remain in the same order and cannot be responsible for the huge difference of DW 

speed between the two types of samples.  

 



     

25 

 

Figure S3. Displacement correlation function B(L) as a function of lengthscale L for a, b) the 

as-grown film and c, d) the transferred film. DW roughness exponents are found by fitting the 

linear portions of B(L)-L data. 

 

S6. Crystalline tilt variation: 

 

 
Figure S4. a) Map of crystallographic tilts in a 2.5×10 μm2 area of the 40 nm thick, as-grown 

PZT. b) A representative line profile of the crystallographic tilt map. 
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Figure S5. a) Map of crystallographic tilts in a 1×1 μm2 area of the 100 nm thick as-grown 

PZT. b) Histograms representing the variations in tilt magnitudes. 
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Figure S6. a) Map of crystallographic tilts in a 1×1.8 μm2 area of the 100 nm thick transferred 

PZT. b) Histograms representing the variations in tilt magnitudes. 

 

S7. Estimation of flexoelectric field due to strain gradient and its effect on DW velocity: 

 

Maximum strain that can be generated at the top of a wrinkled free-standing thin film is: 

𝑆 =
𝜋2ℎ𝛿

(1−𝜗2)𝜆2 ≈7×10-3. [10] 

Here, 

𝛿 = Maximum height of a wrinkle = 0.55 nm (Assuming maximum tilt of 0.16° and 

𝜆 = width of the wrinkle.= 200 nm) 

ℎ = Free-standing film thickness = 40 nm 

 

Considering top and bottom layers have concave and convex bending respectively, estimated 

strain gradient ∇𝑆 is 3.5×105 /m. The generated flexoelectric field can be estimated as: 

𝐸𝐹𝑙𝑒𝑥 = 2Φ12 × ∇𝑆=5.25×105 V/cm. 

Here, strain gradient-electric field coupling coefficient (V) Φ12 ≈ 75 V [11]. This is the 

excess internal electric field that can be generated by making the films freestanding.   

Since the DW velocity is an exponential function of the
𝐸𝑎

𝐸⁄ .ratio, it strongly depends 

on the applied electric field range and can be changed by orders of magnitude by a two-fold 

change of 𝐸𝑎 in an appropriate range of 1 𝐸⁄ . This is also evident by the fact that at a certain 

field, DW velocity is orders of magnitude higher in thicker films compared to the thinner 

films, whereas activation energy in two cases differ by only 2-3 times (Main text Figure 2d 

and Supplementary Ref.12). 
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