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ABSTRACT: The crosslinking of conjugated polymers has been demonstrated to be an effective strategy to improve its elastic 
properties to give deformable semiconductors for plastic electronics. While there have been extensive studies on the struc-
tural requirements of the polymer host for good film ductility, no work to date has focused on the relevance of the structural 
design or chemistry of these crosslinker additives. In this study, urethane groups and tertiary carbon atoms are inserted to 
the alkyl backbone of perfluorophenyl azide-based crosslinkers to investigate the importance of crosslinker crystallinity on 
polymer morphology and hence mechanical and electrical properties. Linear crosslinkers with hydrogen bonding from ure-
thane groups readily phase separate and recrystallize in the polymer network to form crosslinked domains that obstruct 
strain distribution of the polymer film. Branch crosslinkers with tertiary carbon on the other hand forms an evenly cross-
linked network in the polymer blend stemming from excellent miscibility and shows a 4-fold increase in fracture strain. Fur-
thermore, a stable hole mobility of 0.2 cm2 V-1 s-1 is achieved up to ε = 100% and 0.1 cm2 V-1 s-1 after 2,000 cycles of ε = 25% 
on fully stretchable organic field-effect transistors.  

1. Introduction 

The evolution of intrinsically stretchable polymer semi-
conductors for wearable and implantable electronics has 
gained much traction in the past few years.1–7  Not only have 
ductile semiconductive films8,9 been achieved but also bio-
degradable,10–12 healable13,14 and solution processable15,16 
materials that are suitable for low-cost plastic bio-electron-
ics. Thus far, much attention has been invested in the better 
understanding of the structural requirements of polymer 
semiconductors such as side-chains and backbone for next 
generation deformable electronics.17–20 Introducing branch-
ing to alkyl side-chains and inserting individual aromatic 
rings to polymer backbones were shown to improve back-
bone flexibility and reduce overall crystallinity relative to 
polymers with linear side-chains and extended fused 
rings.21,22 Similarly, incorporation of soft non-conjugated 
segments could elevate deformability by phase separa-
tion8,9 or introduce additional functionalities.13 These stud-
ies have provided the basis for our current understanding 
of morphological requirements for ductile electronics.  

Aside from structural alterations, others have focused on 
post-polymerization modification strategies to optimize the 
mechanics of known polymer semiconductors. These meth-
ods include physical blending of elastomers23–27 and small 
additives,28,29 as well as chemical crosslinking.30 In our pre-
vious study, we developed a stretchable diketo-
pyrrolopyrrole (DPP)-based polymer system through cova-
lently crosslinking the polymer with oligo-siloxane.30 The 
crosslinked film displayed an increase in yield strain along 

with fatigue resistance. Contrary to our expectations, a de-
crease in elastic modulus and an increase in fracture strain 
was also observed due to a plasticizing effect from the soft 
siloxane crosslinker.  

Here, we wish to investigate the importance of cross-
linker “hardness” on the mechanical properties of cross-
linked polymer semiconductors through systematic tuning 
of the crosslinker’s crystallinity. While there has been ex-
tended literature on the effects of polymer crystallinity on 
its charge transport and mechanical properties, this study 
presents a first look at the influence of additive crystallinity 
on the mechanics of crosslinked semiconductors. This is 
done by synthesizing a series of four alkyl crosslinkers with 
various amounts of branching and urethane linkages to dis-
rupt and promote crystallization, respectively (Figure 1). A 
sp3 carbon backbone is selected for its excellent miscibility 
with the alkyl side-chains of conjugated polymers. Previ-
ously, the siloxane crosslinker and DPP polymer mixture 
had to be partially crosslinked in solution prior to deposi-
tion due to its poor wettability stemming from poor misci-
bility between crosslinker and polymer network.30 Ure-
thane groups are added in this study to introduce hydrogen 
bonding (H-bonding) units to encourage self-assembly31,32 
and potentially provide an energy-dissipative mechanism 
for better stretchability.13 On the other hand, tertiary car-
bons with ethyl groups are added to introduce “kinks” and 
steric hinderance to the crosslinker which suppresses crys-
tallization and aggregation.33 

 



 

  

Figure 1. Chemical structure of the four crosslinkers and the DPP-based polymer used in this study. The crystallinity of the cross-
linkers increases with urethane groups and decreases with branching introduced. The simplified scheme of perfluorophenyl azide 
(PFPA) crosslinking reaction is displayed.  

In addition, the crosslinkers are end-capped with per-
fluorophenyl azide (PFPA) groups which releases nitrogen 
gas and forms a singlet nitrene upon thermal or photo-acti-
vation. The singlet nitrene then attacks available sp3 C-H 
bonds on the alkyl side-chains to form covalent crosslinks 
(Figure 1).34 As the crosslinking reaction is catalyst-free and 
non-specific relative to our previous system which required 
alkene groups and a platinum catalyst for crosslinking by 
hydrosilylation, the PFPA are “universal” crosslinkers that 
does not require custom-made polymers with specific func-
tional groups. Furthermore, PFPA crosslinkers have been 
demonstrated to efficiently crosslink and photo-pattern 
conjugated polymers without significant degradation in 
their electronic properties.35 However, the use of PFPA 
crosslinkers to modify the mechanical properties of poly-
mer networks has yet been investigated. We anticipate 
crosslinker crystallinity to have a profound impact on film 
morphology and hence the deformability and optoelec-
tronic properties of polymer semiconductors. Lastly, DPP-
10C5DE (Figure 1) was selected as the polymer semicon-
ductor used in this study and synthesized following previ-
ous procedure.33 It was selected for its long alkyl side-chains 
and flexible linker in the backbone which ensures good sol-
ubility and high density of active sites for efficient crosslink-
ing while maintaining excellent charge transport proper-
ties.  

2. Results and Discussion 

In order to examine the effects of branching and H-bond-
ing on crosslinker crystallinity, a linear alkyl crosslinker 
with ester linkages was synthesized as control. The syn-
thetic route is presented in Scheme 1. A similar PFPA cross-
linker with different alkyl length was previously synthe-
sized by our group and used in the fabrication of stretchable 
transistors array.36 Commercial 1,5 pentanediol (1a) was 
first mono-functionalized with 4-azido-2,3,5,6-tetrafluoro-
benzoic acid by Steglich esterification to give 2a which was 
subsequently reacted with sebacoyl chloride to yield our 
control Linear crosslinker. Hexamethylene diisocyanate 
was reacted with 2a in place of sebacoyl chloride to give 
Linear-H crosslinker which has the same length as our con-
trol crosslinker but contains urethane linkages as supposed 
to ester groups. To introduce branching without altering the 
length of the crosslinkers, 1a was replaced with 2,4-diethyl-
1,5-pentanediol (1b) to give crosslinkers Branch and 
Branch-H. 1b contains two chiral centers and is a mixture 
of S-S, S-R and R-R isomers which was used previously to 
produce benign solvent processable conjugated polymers.33 
The detailed crosslinker synthesis and purification proce-
dures are available in the Supporting Information.  

Scheme 1. Synthetic pathway toward the different crosslinkers 
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2.1. Crosslinker characterization 

The physical appearance of the crosslinkers were notably 
different. Linear was a waxy solid, Linear-H was a solid 
powder whereas Branch and Branch-H were viscous oils 
(Figure S6). To quantitatively determine the crystallinity of 
the crosslinkers, differential scanning calorimetry (DSC) 
and grazing-incidence X-ray diffraction (GIXD) were per-
formed. Both Linear and Linear-H exhibited an intense 
melting peak in their DSC heating traces at 40 °C and 117 °C, 
respectively, indicating crystalline packing in the bulk ma-
terial at room temperature (Figure 2b). Linear-H had a 
higher melting temperature (Tm) and enthalpy of fusion 
(∆Hfus) suggesting larger crystalline domains and higher de-
gree of crystallinity due to H-bonding from the urethane 
groups (Table 1). Branch and Branch-H on the other hand 
appeared to be fully amorphous with no Tm; a glass transi-
tion temperature (Tg) from the amorphous chains was rec-
orded at -44 °C and -22 °C, respectively. Branch-H required 
higher energy for molecular motion (higher Tg) due to the 
additional non-covalent interactions. Notably, Linear also 
had a Tg at -57 °C revealing the crosslinker’s semicrystalline 
nature with both crystalline and amorphous fractions. A 
cold crystallization peak was also observed at -23 °C despite 
a 5 °C min-1 cooling rate, implying the longer time-scale re-
quired for crystallization relative to Linear-H. Similar con-
clusions could be drawn from the GIXD measurements of 
the crosslinkers in thin-film. As shown in Figure 2a, Linear-
H is highly crystalline with clear diffraction patterns. Linear 
displayed some weak diffraction peaks indicating low level 
of crystallinity, whereas the branch crosslinkers were com-
pletely amorphous with no observable diffraction patterns. 

Thermal stability of the crosslinkers was studied by ther-
mal gravimetric analysis (TGA) (Figure S7) and the results 
are summarized in Table 1.  An initial decrease in mass was 
first observed around 172 °C which was the activation tem-
perature of the azide crosslinkers to form singlet nitrene 
and release nitrogen gas. Decomposition was observed 

above 350 °C indicating good thermal stability of the link-
ages in all crosslinkers.  

Table 1. Physical properties of crosslinkers 

Cross-
linker 

Tg  
(°C)a 

Tm  
(°C)b 

∆Hfus  
(J g-1)c 

Ta (°C)d Td (°C)e 

Linear -56.9 40.0 60.3 169.8 390.9 

Linear-H / 116.5 91.1 174.2 368.6 

Branch -44.4 / / 173.6 394.7 

Branch-H -21.9 / / 172.6 361.5 

aGlass transition temperature. bMelting temperature. cEnthalpy 
of fusion. dActivation temperature for PFPA as measured by 
thermal gravimetric analysis (TGA) at 10 °C min-1. eDecompo-
sition temperature.  

To further investigate the nature of H-bonding in the ure-
thane groups of the crosslinkers, attenuated total-reflec-
tance Fourier transformation infrared spectroscopy (ATR-
FTIR) was performed. All crosslinkers exhibited strong az-
ide stretch around 2150 cm-1 and carbonyl (C=O) stretch 
around 1750 cm-1 which are distinctive from semiconduc-
tor DPP-10C5DE (Figure 2c). Furthermore, both Linear-H 
and Branch-H showed characteristic N-H stretching in the 
3300- 3500 cm-1 region from the amide groups. Linear-H 
had a sharp N-H peak around 3350 cm-1 suggesting the oc-
currence of N-H--O=C H-bonding, whereas Branch-H dis-
played both bonded and free N-H peaks around 3350 cm-1 
and 3450 cm-1, respectively, indicating partial formation of 
H-bonding between crosslinkers (Figure 2c).37 Notably, the 
N-H stretch is sharp for Linear-H in comparison to the 
broad peaks of Branch-H; revealing the respective crystal-
line and amorphous nature of the H-bonded N-H. This im-
plies that the amide groups in Branch-H could overcome 
the sterics introduced through branching to still form H-
bonds.  

2.2. Crosslinked Film Characterization 

 

Figure 2. Evaluation of crosslinker crystallinity. (a) 2D grazing-incidence X-ray diffraction (GIXD) patterns of crosslinkers. The cross-
linkers were dissolved in chlorobenzene at 25 mg mL-1 and spun on Si substrates for measurements. All images were scaled for 
exposure time and illuminated volume for qualitative comparison across samples. (b) Differential scanning calorimetry (DSC) heat-
ing and cooling traces of the crosslinkers. (c) Attenuated total reflectance Fourier transform infrared (ATR-FTIR) spectroscopy of 
neat polymer and crosslinkers. Right spectra show N-H stretch from urethane groups in Linear-H and Branch-H.  
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Figure 3.  Evaluation of crosslinking efficiency. (a) Attenuated total-reflectance Fourier transform infrared (ATR-FTIR) spectroscopy 
of pristine and cured polymer-crosslinker films with 5 wt. % of Linear-H. Middle spectra show N-H stretch from urethane groups. 
Right spectra show azide and carbonyl peaks from the crosslinker. (b) Photograph of neat semiconductor, pristine 5Linear-H and 
cured 5Linear-H (left to right) thin films soaked in chloroform. 5Linear-H remains insoluble after thermal crosslinking.   

The crosslinked films were prepared by mixing the neat 
polymer semiconductor solution (10 mg mL-1) with 5 wt. % 
of crosslinker (25 mg mL-1) and spin-coating on SiO2 sub-
strate or glass to give 50 nm-thin films. The films were then 
cured at 150 °C for 30 min under nitrogen to give 5Linear, 
5Linear-H, 5Branch and 5Branch-H. Despite yielding an 
activation temperature around 172 °C by TGA for the bulk 
crosslinkers, ATR-FTIR revealed that 150 °C was sufficient 
to fully cure the thin films. As shown in Figure 3a, the pris-
tine film of polymer-Linear-H blend (red spectrum) 
showed clear peaks at 2150 cm-1 and 1750 cm-1 correspond-
ing to the crosslinker’s azide and carbonyl stretch. How-
ever, after curing (black spectrum) the azide peak com-
pletely disappeared whereas the carbonyl peak remained 
present, indicating that the crosslinker was still in the film 
but its azide groups were fully activated. The efficiency of 
the crosslinking was subsequently tested by soaking the 
crosslinked films in chloroform, which were insoluble (Fig-
ure 3b). On the other hand, the neat polymer and pristine 
polymer-Linear-H blend instantaneously dissolved once 
immersed in chloroform to give a light green solution.  In 
addition, once cured the N-H peak of crosslinked 5Linear-
H broadens and exhibit both H-bonded and free N-H stretch 
(Figure 3a) similar to that previously observed for Branch-
H. As the curing temperature is above the Tm of Linear-H, 
the crystalline crosslinker melted prior to crosslinking but 
could not recrystallize once cooled back to room tempera-
ture due to the constraints of the newly formed covalent 
bonds. This resulted in an amorphous crosslinked network 
like the other crosslinkers.   

2.2.1. Crosslinked Film Morphology 

A good grasp of the crosslinker additive’s impact on film 
morphology is crucial for the understanding of their me-
chanical and electrical behavior. UV-vis of the polymer-
crosslinker mixture did not exhibit any observable differ-
ences in both solution (Figure S8) and film state, indicating 
no electronic interactions between the two species.  Yet 
upon annealing, a significant reduction in the 0-0 vibronic 
transition near 800 nm was detected for the crosslinked 
films indicating a decrease in polymer aggregation (Figure 
4). A similar trend was observed for the crystalline region 
of the polymer films based on GIXD. As shown in Figure 5a, 
a weakened out-of-plane (h00) alkyl diffraction and (010) 

π-π stacking peak was observed for the crosslinked film, re-
vealing a reduction in polymer crystallinity. The meridian 
linecut plots (Figure 5b) further indicate a lower level of 
crystallinity for the branched crosslinkers as well as a slight 
shift in peak position for all crosslinked films. Table 2 pre-
sents the calculated crystallographic parameters of the 
crosslinked films, which showed an increase of ~0.6 Å in la-
mellar spacing for all crosslinked films relative to the neat 
polymer film. On the contrary, negligible change in π-π spac-
ing was recorded, suggesting that the semiconductor crys-
talline regions were mostly disrupted in the lamellar stack-
ing direction, likely due to the favored interaction between 
the alkyl side-chains and crosslinkers. However, a change of 
0.6 Å is small relative to the length and size of the crosslink-
ers hence the insertion of the crosslinkers into the polymer 
crystalline region is highly unlikely. Instead, the distortion 
of neighboring amorphous regions by crosslinking may lead 
to small changes in crystalline packing.  

  

Figure 4. Normalized UV-vis absorption spectra of crosslinked 
polymer films spin-coated on glass before (left) and after 
(right) curing. 
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Figure 5. Grazing-incidence X-ray diffraction of crosslinked 
polymer. (a) GIXD diffractogram of neat polymer (left) and 
5Branch (right). (b) Polarization-corrected meridian (qxy ≈ 0) 
linecuts of all crosslinked films. Polymer films were spin-
coated from 10 mg mL-1 chlorobenzene solution on Si sub-
strates with annealing at 150 °C under nitrogen for 30 min. All 
images were scaled for exposure time and illuminated volume 
for qualitative comparison across samples. Diffractogram of re-
maining crosslinked films could be found in Figure S12 of the 
Supporting Information.  

To further investigate whether the crosslinkers were in-
serted into the polymer crystallites, DSC was performed to 
check for co-crystallization and evaluate polymer-cross-
linker miscibility. In agreement with GIXD, no additional 
signal was observed for the crosslinked films other than the 
side-chain Tg from the neat polymer (Figure S9). Interest-
ingly, for the pristine polymer-crosslinker blends, the Tm of 

the linear crosslinkers (Linear and Linear-H) could be ob-
served (Figure 6a). Co-crystallization typically leads to a 
shift in Tm,38 however the Tm observed for the pristine 
blends were almost identical to that recorded for the cross-
linkers. This suggests that pure crosslinker crystalline do-
mains were spontaneously formed initially in the linear 
crosslinker blends prior to thermal annealing. The 
branched crosslinker blends on the other hand did not re-
veal any additional signal from the crosslinkers, suggesting 
good miscibility with the semiconductor host. The recrys-
tallization of pure crosslinker crystalline domain upon film 
deposition was further confirmed by GIXD of pristine poly-
mer-Linear-H blend, which showed unique diffraction pat-
tern originated from the crosslinker (Figure 6b). These fea-
tures were especially apparent when comparing the merid-
ian linecuts of pure Linear-H and the polymer-crosslinker 
blend (Figure 6c). These features however disappeared 
upon curing, due to the melting of the crosslinker crystals 
and formation of amorphous crosslinked network as hinted 
by ATR-FTIR earlier. No crosslinker diffraction pattern was 
recorded for pristine 5Linear possibly due to the lower 
crystallinity of the crosslinker (Figure S11).  

Table 2. Crystallographic parameters of crosslinked 
polymer films 

 

Lamel-
lar 

spacing  
(Å)a 

Lamellar 
peak  

FWHMb  
(Å-1) 

π-π  
spacing  

(Å)c 

π-π 
peak 

FWHM  
(Å-1) 

Neat 24.3 0.05 3.5 0.10 

5Linear 24.9 0.05 3.6 0.12 

5Linear-H 24.8 0.06 3.6 0.11 

5Branch 24.9 0.06 3.6 0.13 

5Branch-
H 

25.0 0.06 3.6 0.14 

aExtracted from fitting the (200) diffraction peak. bFull width at 
half maximum. cExtracted by fitting the (010) diffraction peak. 

 

Figure 6. (a) DSC heating traces of pristine polymer-crosslinker blends compared with their respective crosslinker. (b) GIXD diffrac-
tograms and (c) meridian (qxy ≈ 0) linecuts of pristine and annealed 5Linear-H compared with Linear-H. All images were scaled for 
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exposure time and illuminated volume for qualitative comparison across samples. Red circle and arrow in diffractogram indicate 
diffraction features from pure Linear-H. Diffractogram of remaining polymer-crosslinker blends could be found in Figure S11 of the 
Supporting Information.  

 

Figure 7. Bright field optical microscope (top) and atom force microscope (AFM) (bottom) of crosslinked polymer films. Left panel 
of 5Linear-H displays the morphology of the pre-cured film, whereas the right panel shows the crosslinked film morphology. Dark 
field was applied for 5Linear-H microscope image to better reveal the crosslinker domains.  Scale bars in microscope images are 20 
µm. Scale bars in AFM images are 500 nm, except for 5Linear-H which is 1 µm.

The formation of pure crosslinker crystals in pristine 
5Linear-H as revealed by the presence of diffraction and 
melting similar to the pure crosslinker in GIXD and DSC, re-
spectively, implies phase separation in the polymer-cross-
linker blend. Optical microscopy and atomic force micros-
copy (AFM) were performed to confirm this. Indeed, as dis-
played in Figure 7, clear phase separation and re-crystalli-
zation of Linear-H was observed on the film surface by op-
tical microscopy. Upon thermal curing, smaller domains 
were formed. By AFM, the size of these crosslinker domains 
were shown to have shrunk from around 1 µm to 0.1 µm in 
size. On the contrary, smooth films with no observable 
phase-separation were recorded for 5Linear, 5Branch and 
5Branch-H by both optical microscope and AFM. The sur-
face roughness of the films was also much lower with a max-
imum of 10 nm in height difference in comparison to that of 
5Linear-H which exhibits a height difference of 70 nm.  

Thus far, we have revealed two vastly different film mor-
phology upon thermal crosslinking our DPP polymer with 
the newly synthesized PFPA crosslinkers. The first is from 
the amorphous crosslinkers Branch and Branch-H, which 
demonstrated good miscibility with the polymer host, lead-
ing to an evenly crosslinked network in the amorphous re-
gion. The second is from the semicrystalline and crystalline 
crosslinkers Linear and Linear-H, respectively, which ex-
hibited spontaneous phase separation and re-crystalliza-
tion upon film deposition according to DSC, GIXD, optical 
microscopy and AFM measurements. These crystalline do-
mains then melt and form localized crosslinked domains 
upon thermal annealing as illustrated in Figure 8. The 
crosslinked domains are likely in an amorphous state, since 
broadened N-H peaks were observed by ATR-FTIR, and no 
pure crosslinker diffraction or change in polymer spacing 
was observed by GIXD. DSC also did not reveal any crystal-
line peaks or evidence of co-crystallization.  Notably the 
Linear crosslinker recrystallized at a smaller scale due to 
its’ semicrystalline nature and could only be detected by 
DSC. The next step is to investigate how these two different 
morphologies may lead to different mechanical and electric 
properties.  

 

Figure 8. Schematic summarizing the proposed morphological 
difference between the crosslinked films and the near polymer 
film.  

2.2.2. Crosslinked Film Mechanical Properties 

 The polymer thin films were first transferred to a PDMS 
elastomer for crack-onset (COS) assessment. As pointed out 
in previous studies, the monitoring of cracks by optical mi-
croscopy at increasing strains is only a qualitative assess-
ment of thin film ductility due to its high dependence on 
substrate moduli and surface energies.2,39 Nonetheless COS 
measurement is an effective method to observe trends. The 
microscope images of the strained polymer films could be 
found in Figure S14 & S15 of the Supporting Information. 
Indeed, an increase in COS was observed for all crosslinked 
films from ε = 25% for the neat polymer film to around ε = 
100% for the crosslinked films (Table 3). 5Linear-H 
showed the least improvement with a COS of ε = 75%, this 
was likely due to the rough surface it had and the formation 
of crosslinked domains which led to imbalanced stress dis-
sipation across the film and acted as defects.  

Pseudo-free standing tensile test measurements were 
performed by suspending polymer films on water (FOW) 
for a more quantitative evaluation of the crosslinked films’ 

5Linear 5Branch-H5Linear-H 5Branch

: crystalline crosslinker

: amorphous crosslinker

OR

+
amorphous

region

crystalline 
region/ aggregates

(Neat)

annealed

(5Linear-H, 5Linear) (5Branch-H, 5Branch)

evenly crosslinkedcrosslinked domains
phase separation &

re-crystallization



 

mechanics following previous procedure.17,39–42 In agree-
ment with COS measurements, a clear enhancement in pol-
ymer ductility was observed upon crosslinking. The stress-
strain behavior of the maximum fracture strain obtained for 
each crosslinker are presented in Figure 9a, and the aver-
age elastic modulus and fracture strain are summarized in 
Table 3. As shown in Figure 9a, the fracture strain of the lin-
ear crosslinked films was improved by 2-folds, whereas the 
branch crosslinkers showed an increase of 4-folds. This may 
originate from the good miscibility of the branched cross-
linkers with the neat polymer which gave a more uniform 
crosslinked network as discussed earlier. Based on FOW 
measurements, the presence of amide groups in the cross-
linkers did not significantly impact the mechanical behavior 
of the crosslinked films in comparison to the alkyl branch-
ing introduced, as the crosslinkers with H-bonding exhib-
ited identical mechanical behavior as their respective cross-
linkers with ester linkages.  

Table 3. Mechanical Properties of Polymer Films 

 condi-
tion 

E 
(MPa)a 

fracture 
strain (%)b 

COS 
(%)c 

Neat pristine 225 ± 
25 

1.2 ± 0.5 25 

 an-
nealedd 

225 ± 
20 

2.5 ± 1.0 25 

5Linear pristine 205 ± 
25 

1.3 ± 0.4 50 

 annealed 234 ± 
30 

6.0 ± 1.5 100 

5Linear-H pristine 234 ± 
15 

1.1 ± 0.7 50 

 annealed 230 ± 
30 

6.0 ± 2.0 75 

5Branch pristine 236 ± 
20 

2.0 ± 0.6 75 

 annealed 204 ± 
30 

9.0 ± 2.0 100 

5Branch-H pristine 200 ± 
25 

1.3 ± 0.4 75 

 annealed 215 ± 
35 

8.0 ± 2.0 >100 

aAverage elastic modulus of polymer thin film as measured by 
film-on-water experiments. bAverage fracture strain of poly-
mer thin films as determined by film-on-water experiments. 
cCrack-onset strain of polymer film measured on 20:1 PDMS. 
dThermally annealed at 150 °C for 30 min under nitrogen.  

Additionally, the elastic modulus (E) of each polymer film 
could also be extrapolated from the FOW measurements. As 
shown in Table 3, the E of all the polymer films were essen-
tially the same (considering the error involved) despite 
showing a reduction in aggregation and crystallinity by UV-
vis and GIXD for the crosslinked films. This is in contrary to 
our previous study using siloxane crosslinker which re-
vealed a suppression of E upon crosslinking.30 Furthermore, 
no change in E or fracture strain was recorded when com-
paring the pristine films to each other. This suggests that no 
plasticizing effect from the crosslinker additives took place. 
It was only after curing that an enhancement in thin film 
ductility was observed.  

It is however noteworthy that the COS was improved for 
the pristine polymer-crosslinker blends even prior to ther-
mal curing. Also, the FOW measured fracture strain values 
were significantly lower than the COS from optical measure-
ments, even though a similar trend was obtained. This may 
be due to the crosslinkers covalently binding to the elasto-
mer for enhanced adhesion for the COS samples. FOW meas-
urements on the other hand did not have any thin film pol-
ymer-elastomer interface with available sp3 C-H groups for 
crosslinking, therefore no improvement in fracture strain 
was observed for the pristine films. Substrate effects are 
also minimized in FOW measurements due to the low ten-
sion between the hydrophobic polymer films and water. 
Furthermore, FOW samples were spincoated on a layer of 
water-soluble dextran layer which is rougher than SiO2 sub-
strates and hence introduced more defects.   

To assess the morphological changes of the polymer films 
upon strain, their dichroic ratio R was evaluated; which was 
defined as the UV-vis peak absorbance (A) of the film with 
polarized light parallel to the strain direction divided by 
that in the perpendicular direction (R = A‖/Aꓕ). An increase 
in R typically implies polymer chain alignment in the strain 
direction since the internal charge transfer peak has a tran-
sition dipole moment along the backbone direction.43 As 
shown in Figure 9c, R increased initially for the neat semi-
conductor but started to plateau after ε = 25%. This was due 
to the formation of cracks that began to appear at ε = 25% 
according to COS measurements. The formation of cracks 
dissipates energy upon strain, allowing the polymer film to 
relax and cease further alignment. Figure 9b clearly shows 
the AFM images of the large cracks formed at ε = 50% and 
100%. On the contrary, the crosslinked films showed a 
steady linear increase in R with strains up to 100%. A max-
imum R of 2.9 was achieved by 5Branch at ε = 100%. The 
polymer crystalline alignment was further confirmed by 
cross-polarized images which displayed clear birefringence 
(Figure S16) and GIXD which showed clear (010) π-π dif-
fraction peak in the parallel to strain direction but none in 
the perpendicular direction (Figure S13). The steady con-
tinuous increase in alignment rose from the enhanced duc-
tility of the polymer films, which allowed polymer chains to 
align at increasing strain as opposed to form cracks. As 
shown in Figure9b, no cracks were observed by AFM up to 
ε = 100% for 5Branch.  

To evaluate the elasticity of the crosslinked films, the R of 
the polymer films were remeasured at ε = 0% after relaxing 
from ε = 100%. A fully elastic film exhibits reversible defor-
mation hence should return to its original morphology with 
R = 1. For the neat polymer film R ≈ 1 upon relaxation, which 
was expected as the neat film failed prior to yielding accord-
ing to FOW measurement (Figure 9a). The polymer started 
to form cracks at ε = 25% prior to yielding, allowing the 
strained film to fully recover upon relaxation. The cross-
linked films on the other hand yielded prior to fracture. A R 
≈ 0.75 was recorded for all the crosslinked films upon relax-
ation from ε = 100%, indicating chain alignment in the per-
pendicular to strain direction. This suggests in-plane wrin-
kling of polymer chains as a result of yielding.  

 



 

   

Figure 9. Mechanical and electric properties of crosslinked polymer thin films. (a) Stress-strain curve of pristine polymer-cross-
linker blends (left) and cured polymer films obtained by film-on-water (FOW) technique. Each sample was tested at least 5 times, 
the curve with the maximum fracture strain is displayed. (b) Atom force microscope (AFM) images of neat semiconductor (top) and 
5Branch (bottom) films at ε = 50%, 100% and 0% after 1,000 cycles of 25% strain. Scale bar is 1 µm. (c) Dichroic ratio (R) of cross-
linked films under different strain. (d) Schematic representation showing device structure of fully stretchable organic field-effect 
transistor (OFET) with PDMS dielectric and carbon nanotubes electrodes. (e) Average mobility of strained polymer films in the par-
allel to strain direction. Mobility in the perpendicular to strain direction could be found in the Supporting Information. Transfer 
curves of relaxed (f) neat semiconductor and (g) 5Branch after various stretching cycles of ε = 25%. (h) Average mobility of relaxed 
polymer films after various stretching cycles. 

2.2.3. Crosslinked Film Electric Properties 

Organic field-effect transistor (OFET) measurements 
were performed to evaluate the effect of crosslinker addi-
tives on the charge transport properties of the polymer film. 
Device performance data in bottom-gate-top-contact 
(BGTC) configuration on both n-octadecyltrimehtoxysilane 
(OTMS) and benzocylobutene (BCB) modified SiO2 sub-
strate are summarized in Table 4. OTMS devices typically 
exhibit superior mobility but also non-ideal transfer with 
double-slope behavior (Figure S18).44 A decrease in field-ef-
fect hole mobility (µh) from 1.27 cm2 V-1 s-1 to 0.48 cm2 V-1 s-

1 along with a significant shift in threshold voltage (Vth) from 
14.2 V to -1.9 V were recorded for OTMS devices upon cross-
linking. Interestingly, for BCB devices an average µh ≈ 0.2 
cm2 V-1 s-1 and a Vth close to 0 V was measured for both neat 
and crosslinked films (Figure S19), suggesting the observed 
behavior of OTMS devices maybe affected by traps at the ac-
tive layer- substrate interface than possible doping interac-
tions with the crosslinker additives. BCB devices further 
demonstrated that the polymer films could be readily cross-
linked without significant degradation in charge transport 
properties. Notably, 5inear-H exhibited a lower µh = 0.14 
cm2 V-1 s-1 due to the film roughness as a result of cross-
linker recrystallization.  

To assess the charge transport properties of the polymer 
films under strain, fully stretchable BGTC OFETs were fab-
ricated following previous procedures13,23,36and subjected 
to monotonic loading (Figure 9d). PDMS was used as the 
polymer dielectric and device substrate. Conductive carbon 
nanotubes (CNTs) were used as both source/drain and gate 
electrodes. Each layer was either directly spin-coated or 

spray-coated. Only a single transfer was required in the pro-
cess, leading to smooth interfaces between the layers. A 
PDMS-based tough elastomer that we developed was used 
to embed the gate CNT network to prevent damages to the 
soft dielectric during cyclic loading.45 The devices showed 
ideal transfer characteristics with low hysteresis (Figure 9f 
and g). An initial µh around 0.25 cm2 V-1 s-1 was achieved for 
all polymer films comparable to BCB devices. The detailed 
fabrication procedure for the fully stretchable devices is 
available in the Supporting Information. As shown in Figure 
9e, the µh of the neat polymer decreased with increasing 
strain. The crosslinked films on the other hand displayed 
stable µh > 0.2 cm2 V-1 s-1 up to ε = 100% in the parallel to 
strain direction. Interestingly µh in the direction perpendic-
ular to strain decreases significantly to values comparable 
to that of the neat polymer film (Figure S21). This phenom-
enon could be explained by the strain-induced polymer 
alignment investigated earlier by R measurement and po-
larized optical microscopy. As the polymer chains aligned in 
the strain direction, charge transport in the direction per-
pendicular to strain occurs predominantly via inter-chain 
hoping leading to lower µh.43,46 Also Poisson’s effect leads to 
buckling in the perpendicular to the strain direction which 
could be another factor leading to lower µh.  

The straining of the stretchable OFETs could lead to thin-
ning of the polymer dielectric as well as distortion of the 
CNT source/drain dimensions which would affect µh meas-
urements. The correct capacitance and channel dimensions 
at different strain were therefore measured using Poisson’s 
ratio (Figure S21) and used to correctly extract µh values. To 
confirm the observed µh trends without the complications 
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of a distorted dielectric layer and source/drain electrodes, 
rigid OFETs were fabricated. Semiconductor films were first 
strained on PDMS substrates then transferred onto a BCB 
modified SiO2 substrate following previous methods.13,18,21 
Au electrodes were subsequently evaporated on the 
strained films to give BGTC OFETs. As displayed in Figure 
S20, a similar trend with crosslinked films showing stable 
µh in the parallel to strain direction was observed. 

Table 4. OFET Device Characteristics of Crosslinked 
Films in BGTC Configurationa  

 sub-
strate 

µh (cm2 V-1 s-1) 
b 

Ion/Ioff c Vth 

(V) d 
avg. max. 

Neat OTMSf 1.06 1.27 >105 14.2 

 BCBg 0.24 0.27 >105 0.2 

5Linear OTMS 0.45 0.59 >105 -1.6 

 BCB 0.19 0.20 >105 1.8 

5Linear-H OTMS 0.79 1.14 >105 0.6 

 BCB 0.14 0.15 >105 1.6 

5Branch OTMS 0.39 0.48 >105 -0.8 

 BCB 0.22 0.24 >105 -1.2 

5Branch-H OTMS 0.52 0.64 >105 -1.9 

 BCB 0.18 0.22 >105 -4.1 

aAll polymer thin films were thermally annealed at 150 °C for 
30 min under nitrogen before measurement. All values are av-
eraged and extracted from at least six devices. The source-
drain voltage was set to be -60 V for all measurements (L =50 
µm, W = 1000 µm). bField-effect hole mobility. cOn-off ratio of 
the device. eThreshold voltage of the device. fn-Octadecyltri-
methoxysilane monolayer on 300 nm SiO2 substrates. hBenzo-
cyclobutene layer on 300 nm SiO2 substrates.  

So far, we have only investigated the crosslinked films’ 
ductility. As pointed out in our previous study, one major 
advantage of crosslinking semiconductor films is the im-
proved elasticity leading to better device cyclability. The 
stretchable device of each polymer film was subject to vari-
ous cycles of ε = 25% up to 5,000 cycles and evaluated. Fig-
ure 9h summarizes the average µh of each polymer film at ε 
= 0% after different number of cycles in the perpendicular 
to strain direction. µh in the parallel to strain direction could 
be found in the Supporting Information. Contrary to what 
was observed for the strained devices, the direction perpen-
dicular to strain consistently gave higher µh for the relaxed 
films (Figure 9h). This may be due to the partial alignment 
in the perpendicular direction upon relaxation as shown in 
dichroic ratio measurements. Focusing on the µh in the per-
pendicular direction, the crosslinked and neat polymer 
films showed comparable performance up to 500 cycles 
with minimal drop in µh. However, at 1,000 cycles, 5Linear-
H began to show compromise in performance dropping to a 
µh ≈ 0.01 cm2 V-1 s-1. Similarly, for the neat film, the device 
began to degrade at 2,000 cycles. Surprisingly, despite 
showing a higher ductility, 5Linear-H was less robust in 
comparison to the neat film. This may be due to its high sur-
face roughness, which led to easy delamination between de-
vice layers as well as strain localization in thinner regions 
leading to local fracture. The neat polymer film had smooth 
interfaces but started to form cracks due to fatigue after 

1,000 cycles. Figure 9b shows the AFM image of a trans-
ferred neat polymer film after 1,000 cycles of ε = 25%, 
which clearly showed cracks and wrinkles leading to µh de-
cay. 5Linear, 5Branch and 5Branch-H on the other hand 
recorded stable µh up to 5,000 cycles of ε = 25%. 5Branch 
and 5Branch-H were clearly more robust compared to 
5Linear, with µh > 0.1 cm2 V-1 s-1 at 2,000 cycles. Figure 9f 
and g shows the evolution of the transfer curves of the neat 
polymer and 5Branch with increasing number of cycles of 
ε = 25%. The good cyclability of 5Branch is apparent, show-
ing a slower decay in charge transport.  

3. Conclusion 

In summary, we synthesized four perfluorophenyl azide 
(PFPA) alkyl crosslinkers with different amounts of branch-
ing and H-bonding units; and revealed the importance of 
crosslinker crystallinity in tuning polymer semiconductor 
thin film morphology. GIXD and DSC of the crosslinkers 
showed that the insertion of amide bonds could promote 
crosslinker crystallization by H-bonding, whereas more 
highly branched tertiary substitution could suppress crys-
talline packing. ATR-FTIR studies revealed that while both 
Linear-H and Branch-H contained H-bonded amide 
groups, Linear-H was in a crystalline state whereas 
Branch-H remained in an amorphous state. The high crys-
tallinity of Linear-H led to the spontaneous phase separa-
tion and recrystallization of the crosslinker upon mixing 
with polymer semiconductor DPP-10C5DE, as revealed by 
DSC, GIXD and ATR-FTIR experiments. Some recrystalliza-
tion was similarly detected by DSC for the 5Linear cross-
linker-polymer blend. Driven by their difference in crystal-
linity, two uniquely different crosslinked film morphologies 
were obtained as confirmed by AFM and optical micros-
copy. UV-vis and GIXD revealed a suppression of polymer 
aggregation and crystallization upon crosslinking for all 
crosslinkers, and that they resided in the amorphous re-
gions of the polymer film as the insertion of crosslinkers in 
polymer crystalline region was highly unlikely. Due to the 
initial phase separation of pure crystalline crosslinker do-
mains for Linear and Linear-H in the pristine crosslinker-
polymer blend, upon thermal curing the crystalline addi-
tives melted and crosslinked neighboring polymer chains to 
form concentrated crosslinked domains. This led to an une-
ven distribution of stress during loading and hence limited 
ductility as measured by COS and FOW experiments. The 
rough surface of 5Linear-H further led to poor adhesion in 
stretchable OFET and therefore low cyclability. Branch and 
Branch-H on the other hand, as a result of their low crystal-
linity and excellent miscibility with the neat semiconductor, 
obtained smooth and evenly crosslinked film morphologies. 
The evenly crosslinked network allowed stress to evenly 
distribute throughout the film which led to greater device 
ductility and cyclability. Aside from the importance of cross-
linker crystallinity to thin film deformability, this work fur-
ther illustrates the complexity of introducing energy dissi-
pation mechanism through H-bonding units in polymer 
films. Despite exhibiting amorphous H-bonded amide peaks 
by ATR-FTIR in both 5Linear-H and 5Branch-H films, no 
significant change in mechanical properties was observed 
possibly due to the strength and location of the H-bonds.  
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