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ABSTRACT: Conceiving strong interfaces represents an
effective direction in the development of superhard nano-
composite materials for practical applications in protective
coatings. In the pursuit of engineering strong nanoscale
interfaces between cubic rock-salt (B1) domains, we
investigate using density functional theory (DFT) coherent
interface models designed based on hexagonal (HX) NiAs and
WC structures, as well as experiment. The DFT screening of a
collection of transition-metal (M = Zr, Hf, Nb, Ta) carbides
and nitrides indicates that the interface models provided by the
HX polymorphs store little coherency strain and develop an
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energetic advantage as the valence-electron concentration increases. Our result suggests that harnessing the polymorphism
encountered in transition-metal (M = Zr, Hf, Nb, Ta) carbides and nitrides for interface design represents a promising strategy

for advancing superhard nanomaterials.
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N anocomposites involving interfaces of transition-metal
carbides and nitrides, in the form of nanoscale multilayers
and nanograins surrounded by a second tissue phase,' ™
synthesized, for example, by reactive magnetron sputtering
(Scheme 1, left), are finding important industrial applications
such as superhard protective coatings on bearing, cutting, and
machining tools.>* The high hardness of these nanomaterials,
in excess of 40 GPa, is directly linked to not only the strength
of the chemical bonding, which varies with the valence-electron

Scheme 1. Reactive Magnetron Sputtering (Left) Synthesis
of Transition-Metal Carbide and Nitride Nanocomposites
with Coherent Interfaces (Right)
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concentration,” but also their nanostructures.”* As the size of
the nanolayers and nanograins decreases below the critical size
for dislocation activity, the creation of strong connecting
interfaces becomes an important focus because the material
hardening is due to atomic interactions at the interface.®
Interestingly, the thickness of the interface also matters, and
interfacial layers close to a monolayer are most desirable
because they diminish the misfit dislocations associated with
interfaces.” While heterogeneous interfaces are well-known,">*
homogeneous interfaces have also been identified experimen-
tally, including stacking fault interfaces in transition-metal
nanoneedles (Scheme 1, right)® and nanolamellar phases.” To
advance the search for new superhard materials, scientists strive
to couple experimentation with rational designs. In fact, since
the pioneering work of Helmersson et al.' on nanoscale
multilayer coatings, nanostructural design has been proven to
be an effective path for the development of superhard coatings.’

Nowadays, computational techniques based on density
functional theory (DFT) represent powerful tools to be
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exploited for the design of superhard materials.””"® Because

atomistic models of interfaces are essential for understanding
and guiding the design of superhard nanocomposites,”'* DFT
calculations are frequently used to investigate various interfacial
models, such as SiN and BN, which exhibit bond strengthening
by charge transfer from the transition-metal structure.”'®~>'
Focusing on homogeneous (within the same material)
interfaces, in this paper, we explore an alternative way for
developing strong interfaces, namely, by designing coherent
interfaces with small lattice misfits. This direction is motivated
by the fabrication using reactive magnetron sputtering of
ZrBCN nanocomposites with crystalline nanoneedles and
coherent interfaces (Scheme 1).” The experimental space tied
to this technology includes the choice of bombarding species
(such as N, and Ar) and target materials (such as Zr with strips
of Si and B,C). This versatility calls for an understanding of
coherent interfaces across the materials space. Here, we screen
by DFT simulations a collection of interface models in
technologically important transition-metal (M = Zr, Hf, Nb,
Ta) carbides and nitrides and make predictions about the
formation energies and ideal strength. As in experiment, we
investigate coherent interfaces between cubic rock-salt (B1)
domains. Our predicted interface models are based on
hexagonal (HX) NiAs and WC structures. As the interface
observed in the nanoneedles, the HX phases can be viewed as
variations of the stacking sequences of metal and nonmetal
planes found in the B1 phase. We also compare the stacking
fault interface models experimentally identified in the nano-
needles with the theoretically proposed models.

In the crystalline form, one of the most common structures
of transition-metal monocarbides and mononitrides, such as
ZrC and ZrN, is the cubic rock salt (B1; Figure la). In this
arrangement, both the metal and nonmetal atoms are
octahedrally coordinated (coordination number 6). Never-
theless, the complexity of bonding, which presents a mixture of
covalent, metallic, and ionic contributions and a general trend
of enhancement of the covalent metal d—nonmetal p bonding

0

Figure 1. Crystal unit cells for (a) a face-centered-cubic rock-salt B1
structure, space group Fm3m (No. 225), (b) a hexagonal HX1 NiAs-
type structure, space group P6;/mmc (No. 194), and (c) 1 X 1 X 2
supercell of a hexagonal HX2 WC-type structure, space group P6m2
(No. 187). Side (top) and lateral (bottom) views are shown for the
orthorhombic cells in (d) the B1 phase along the [111] direction, (e)
the HX1 phase along the [001] direction, and (f) the HX2 phase along
the [001] direction. Large (green) and small (red) balls are the
transition-metal and nonmetal atoms, respectively.

with the increasing number of valence electrons per
stoichiometric unit (n,),” makes it possible for them to exist
in a variety of polymorphs, including hexagonal (HX) NiAs and
WC structures (Figure 1b,c)."’"* Compared to the B1 phase,
the coordination of atoms in the HX phases is significantly
changed. In the HX1 NiAs structure (Figure 1b), only the
nonmetal atoms remain octahedrally coordinated, while the
transition-metal atoms are surrounded by a trigonal prism of
nonmetal atoms. The other possible distinct arrangement of the
HXI1 NiAs, in which the transition-metal and nonmetal atoms
are simply interchanged in positions (not shown), was
predicted to be less stable.'”'” In the HX2 WC structure
(Figure 1c), both the metal and nonmetal atoms display a
regular trigonal-prismatic (6-fold) coordination. The interface
models proposed here are based on HX structures connecting
B1 domains.

Prior to the interface DFT studies, we performed a series of
calculations to resolve the structure and energetics of the BI,
HX1, and HX2 phases across the transition-metal (M = Zr, Hf,
Nb, Ta) carbides and nitrides. To enable interfacial formation,
these phases in their original lattice settings were transformed
into the corresponding orthorhombic settings (Figure 1d—f).
The results of these screening calculations are summarized in
Table 1. Small differences are found in the lattices a and b of
the orthorhombic cells, although relatively large differences
exist in ¢ between the B1 and HX phases. For each phase, the
reported ground-state energies were normalized per stoichio-
metric unit so they can be directly compared. The energy
comparison shows that the HX phases for carbides are always
less favorable, where the energy differences SE with respect to
B1 exhibit a decreasing trend with n,. This trend is accentuated
in nitrides, which exhibit an interesting stability crossover, with
HXI1 followed by HX2 being the most stable structures at the
largest n,. We note that the reported lower ground-state energy
of the NbN HX phases is in agreement with previous DFT
calculations.'” The stability crossover found here is in line with
the fact that NiAs- and WC-type structures were successfully
made and characterized for (Nb,Ta)N only (Table S1). The
bonding, mechanical, and dynamical stabilities for most of the
structures listed in Table 1 have previously been demonstrated
with total energy, lattice dynamics, and ab initio molecular
dynamics methods.'"~'*** This information can be found in
the Materials Project Database (MPD)'” and the Inorganic
Crystalline Structure Database (ICSD),”’ by following the
identifier numbers listed in Table SI.

On the basis of the bulk structures obtained, we next
examined their coherent interfaces. As can be seen from Figure
1d, the orthorhombic cell in the B1 phase can be considered to
be a sequential stacking of three close-packed metal layers
(“ABC”) along the [111] direction. Similarly, the orthorhombic
cell in the HX1 phase shown in Figure lef is equivalent to a
sequential stacking of two different layers (“AB”), while that in
the HX2 phase is a sequential stacking of two identical layers
(“AA”), both along the [001] direction. Bringing together these
cells by stacking them on top of one another along the ¢
direction creates a nanoscale HX interface connecting Bl
domains. We model the resulting interfaces as heterostructures,
such as those shown in Figure 2a—c. As a comparison, Figure
2d shows the interface model derived from the high-resolution
transmission electron microscopy (HRTEM) image of
crystalline nanoneedles of ZrBCN nanocomposites.” Simply
put, these heterostructures appear as variations in the stackjn%
sequences of metal (with connected nonmetal) planes.”"
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Table 1. Calculated Lattice Parameters (nm) for the Orthorhombic Cells Shown in Figure 1d—f and Ground-State Energies
(eV) per Stoichiometric Unit for Transition-Metal (M = Zr, Hf, Nb, Ta) Carbides and Nitrides in the B1, HX1 (NiAs), and HX2

(WC) Phases

ZxC (8%) HfC (8%) NbC (9)
a (nm) 0.333 0.329 0.319
b (nm) 0.577 0.569 0.552
¢ (nm) 0.815 0.80S 0.780
Eg, (eV) —19.465 —21.051 —20.252
a (nm) 0.337 0.332 0.314
b (nm) 0.584 0.575 0.543
¢ (nm) 0.529 0.524 0.537
L —0.024 —0.020 0.032
Epp (eV) —19.129 —20.658 —20.047
6Buxip; (eV)© 0.336 0.393 0.205
a (nm) d d 0.307
b (nm) d d 0.532
¢ (nm) d d 0.578
Ep1-im0’ d d 0.072
Eipg (eV) —18.017 —-19.519 —19.448
SExap1 (eV)° 1.448 1.532 0.804

TaC (9°) ZrN (9%) HIN (9%) NbN (107) TaN (10%)
0317 0.325 0.321 0316 0314
0.549 0.563 0.555 0.546 0.541
0.775 0.796 0.785 0.768 0.762

—22.207 —20.377 —21.763 —20.165 —21.837
0311 0.320 0315 0.300 0.297
0.538 0.544 0.545 0.520 0.514
0.536 0.549 0.544 0.561 0.564
0.039 0.049 0.036 0.096 0.101

—21.993 —20.283 —21.711 —20.497 —22.266
0214 0.094 0.052 —-0.332 —-0.429
0305 0314 0.309 0.298 0.295
0.529 0.543 0.536 0.516 0511
0.576 0.584 0.580 0.580 0.580
0.073 0.068 0.070 0.109 0.113

-21.383 —19.601 —20.993¢ —20.578 —22.454
0.824 0.776 0.770 —0.413 —0.617

“The number of valence electrons per stoichiometric unit n, is listed for each material. The lattice misfit factor ¢ is calculated between the B1 and
HX1 phases and between the B1 and HX2 phases by € = (A, — Ayyx)/Ag,, where A = ab is the contact area at each interface. “The energy difference
OE is calculated between Eg; and Eyx, and between Eg; and Eyy,. “HX2 WC phases of ZrC and HfC cannot maintain the orthorhombic lattice after
structural optimization. “Spin-polarized calculation produced a spin magnetization of 0.435 yg.

Figure 2. Four atomistic models of interfaces (yellow) sandwiched
between B1 domains (gray). (a) Connecting two orthorhombic “ABC”
cells in the Bl phase with one orthorhombic “AB” cell in the HX1
phase. (b) Simple swap of the transition-metal and nonmetal positions.
(c) Connecting two orthorhombic “ABC” cells in the B1 phase with
one orthorhombic “AA” cell in the HX2 phase. (d) Atomistic model
derived from the HRTEM image of crystalline nanoneedles of ZrBCN
nanocomposites.” Large (green) and small (red) balls represent the
transition-metal (M = Zr, Hf, Nb, Ta) atoms and nonmetal C or N
atoms, respectively.

When viewed in this way, the stoichiometry-preserving stacking
fault models created here by the incorporation of HX phases
are different from the stacking fault models proposed for
transition-metal nanolamellar phases, characterized, for exam-
ple, by nonmetal depletion (removal of the connected
nonmetal planes) and Shockley shear.® Note that a high
density of stacking fault interfaces characterizes the nano-
lamellar phases of transition-metal carbides and nitrides.® These
planar defects are nanostructuring elements, and thus they
define the mechanical properties.

The HX interface models should contain only a small
contribution from the chemical energy because the nonmetal
atoms located on the right face of the left B1 domain will
complete their optimal octahedral coordination (coordination
number six) with the “A” sequence of metal atoms at the HX-
phase-based interface. Similarly, the nonmetal atoms at the
right face of the HX-phase-based interface will complete their
trigonal-prismatic coordination when the “A” sequence of metal

atoms of the right Bl domain is attached. In addition to
complementary coordination, the interfaces can be stabilized by
the small lattice misfit, as indicated by the comparable lattices a
and b. To quantify the amount of misfit at the interfaces, we
computed the quantity € = (Ag; — Apy)/Ag;, where A = ab is
the contact area at each interface. On the basis of the obtained
values listed in Table 1, we conjecture that the coherency strain
is overall small, but it might play a negative role for NbN and
TaN. Note that ¢ is a representative measure of the interface
stability across the material space because its magnitude
correlates with the amount of stress accumulated in the
interfaces. This can be seen in Table S2, which reports the
calculated stress developed in the orthorhombic HX cells when
the a and b lattice constants are constrained to those of the B1
phase. Stress buildup can often lead to failure through localized
mechanisms, including stress-induced cracking, buckling, and
delamination.”* These effects are not captured by DFT-based
studies, which are limited, because of their high computational
costs, to the size of the systems under consideration.

With the understanding of interface constructions, next we
performed full (atomistic and lattice) DFT relaxation
calculations on a collection of supercells formed by connecting
one ideal HX orthorhombic domain with two orthorhombic B1
domains, in the orientation relationship described in Figure
1d—f. Although the DFT methods entertaining periodic
boundary conditions are ideal for bulk materials, they are also
applicable to the interfaces of nanomaterials by studying
heterostructure constructions.”® In our calculations, we
considered all of the materials listed in Table 1 but under the
restriction of homogeneous interfaces. Because of the presence
of periodic boundary conditions, the two B1 domains can also
be considered to be connected together. As an example, parts
a—c of Figure 2 show B1-HX-B1 (or 2B1—-HX) hetero-
structures of M (N 4. To assess the thermodynamic stability, we
extracted from our DFT calculations the interface formation
energies E and E¢, where Eg = (E,,, — nEg;)/ab and E’ = (Eq,
— nEg,)/n are defined as the total energy difference, measured

DOI: 10.1021/acsanm.8b00227
ACS Appl. Nano Mater. XXXX, XXX, XXX—=XXX


http://pubs.acs.org/doi/suppl/10.1021/acsanm.8b00227/suppl_file/an8b00227_si_001.pdf
http://dx.doi.org/10.1021/acsanm.8b00227

ACS Applied Nano Materials

Table 2. Calculated Lattice Parameters 4, b, and ¢, Ground-State Energies E,,, and Interface Formation Energies E; and E¢ for

Three Different Types of ZrN and HfN Heterostructures

a (nm) b (nm) ¢ (nm) E (eV) E¢ (eV) Ey¢ (J/m?)
2B1-HX1
Zr1gN,=2Z1Ng(B1) + Zr,N,(HX1) 0.323 0.560 2.147 —325.682 0.089 0316
N, Zr,¢=2NgZr¢(B1) + N,Zr,(HX1) 0.324 0.560 2.164 —323.536 0.626 2211
Hf, N, ¢=2Hf,N4(B1) + Hf,N,(HX1) 0.319 0.552 2.120 —348.071 0.036 0.130
N HF,=2NHf(B1) + N,HFf,(HX1) 0319 0.552 2.140 —345.738 0.619 2253
2B1-HX2
Zr1N,=2ZrNg(B1) + Zr,N,(HX2) 0.322 0.558 2.182 —323.252 0.697 2483
Hf, N, (=2Hf,N4(B1) + Hf,N,(HX2) 0318 0.550 2.159 —345.590 0.656 2406
HRTEM 2B1
Z1,N,=2Z1N4(B1) + Zt,N, 0.327 0.566 2.166 323973 0.515 1.788
Hf,(N,(=2Hf,N,(B1) + Hf,N, 0.322 0.559 2.138 —346.356 0.463 1.654

Table 3. Calculated Lattice Parameters a, b, and ¢, Ground-State Energies E,,, and Interface Formation Energies E;; and E;;’ for

Two Different Types of (Zr,Hf,Nb,Ta)C Heterostructures”

a (nm) b (nm) ¢ (nm) Byt (eV) Eyf (eV) E¢ (J/m?)
B1-HX1
Zr1oCro=27rsCqs(BL) + Zr,C,(HX1) 0.333 0.578 1.357 —192.985 0416 1.386
Hf,,C,,=Hf,C4(B1) + Hf,C,(HX1) 0.329 0.570 1.340 —208.568 0.486 1.664
Nb,,C,;=Nb,C4(B1) + Nb,C,(HX1) 0316 0.548 1.317 —201.842 0.170 0.623
Ta,oCio=TasCs(B1) + Ta,C,(HX1) 0314 0.544 1315 —221.359 0.178 0.668
B1-HX2
Nb,(C,i=Nb,C4(B1) + Nb,C,(HX2) 0314 0.545 1.356 —200.241 0.570 2.128
Ta,oCio=TasCs(B1) + Ta,C,(HX2) 0313 0.541 1.351 —219.952 0.530 2.009

“The heterostructures of Zr;,C,;="2r¢C¢ + Zr,C,(WC) and Hf,,C,,=Hf,C, + Hf,C,(WC) cannot maintain the orthorhombic cell after structural
optimization, which may be caused by the tendency of the orthorhombic cells of HX2 ZrC and HfC to undergo distortions, as revealed in Table 1.

Therefore, their results were not tabulated.

per interface area ab and per the number of stoichiometric
units, respectively, between a configuration that includes an
interface E, and the other configuration that exists only in the
bulk Bl environment and contains the same number of
stoichiometric units n. This definition captures both the
coherent strain and chemical contributions.

In all of the investigated carbides and nitrides, the proposed
HX interfaces were structurally stable and maintained their
symmetry without distortions except for the B1-HX2
heterostructures of ZrC and HfC. For instance, the Zr¢N
and HIf;(N,s heterostructures, as summarized in Table 2,
demonstrate the seamless structural coupling of the B1 and HX
phases. These relaxed heterostructures maintain their orthog-
onal orientation, while the a and b values turn out to be very
close to their initial bulk values. Perpendicular to the interface
plane, the relaxed ¢ values are practically equal with the sum of
the ¢ values of the individual components, as listed in Table 1.
Additionally, Table 3 summarizes the data including E
calculated for transition-metal (M = Zr, Hf, Nb, Ta) carbides.
By a comparison of the Ej values shown in Tables 2 and 3 with
the corresponding OE values listed in Table 1, it follows that the
relative stability of the HX interfaces can be largely explained
via the relative stability of the HX phases.

For the interfaces formed by HX1, we made an important
distinction between the interfaces formed with the B1 nonmetal
faces (Figure 2a) and those with B1 metal faces (Figure 2b).
Because the metal and nonmetal atomic positions are
equivalent in B1 but not in HXI, the two heterostructures
shown in Figure 2ab are different and thus were both
considered. The large Ej for the structure of Figure 2b can
be explained by the large energy differences between the NiAs-

and AsNi-like phases of carbides and nitrides.'"”'* For this
reason, this alternative type of HX1 interface shown in Figure
2b will not be explored further. Likewise, interchanging the
metal and nonmetal atomic positions would alter the nonmetal
faces to metal faces for the interfaces formed by HX2 (Figure
2¢). However, these heterostructures turn out to be of the same
energies because the metal and nonmetal atomic positions are
equivalent in both the B1 and HX2 phases.

Next, we examined the dependence of E; on the supercell
size. As can be expected from the quantification of the misfit
strain between the Bl and HX phases, the NbN and TaN
heterostructures display a weak size effect in both the BI-HX1
and BI-HX2 combinations (Figure 3). The slight increases in
E¢ with increasing supercell thickness come from the penalty of
the lattice misfit £ (Table 1). In contrast, the E; values of ZrN
and HIN converge much more quickly in both the HX1 and
HX2 phases. Although not calculated, the convergence of E for
the four HRTEM-based interface models should be reached
quickly based on our previous studies of Zr(B,C,N) materials."'
As can be further seen in Table 4, the Ej values for the largest
heterostructures remain negative because they reflect the
energetic advantage of the HX over Bl arrangements for
these materials (documented in Table 1).

To compare the energetic stability of the proposed interface
models with experiments, we considered an alternative
coherent interface candidate in which the atomic structural
model for connecting the B1 domains contains a stacking fault
(missing the “C” layer), as derived from the HRTEM image of
crystalline nanoneedles of ZrBCN nanocomposites.” For
nitrides, the relaxed heterostructure cells for this candidate,
shown in Figure 2d, are structurally stable. Note that this
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Figure 3. Interface formation energies Ej as a function of lattice ¢ for
(a) nB1-HX1 (n = 1-6), (b) nB1-HX2 (n = 1—6), and HRTEM-
derived transition-metal nitride heterostructures. The increase of
lattice ¢ results from the increasing thickness of the B1 domains only
while the thickness of the nanoscale HX interfaces remains constant.

heterostructure model has the same number of atoms and
stoichiometry as the B1-HX cells, and the created interface
should contain no coherence strain. The large E; obtained for
this interface, as tabulated in Tables 2 and 4, must originate in
the chemical contribution because in this model the interfaces
of metal and nonmetal atoms (located at the same elevation)
are only 4-fold-coordinated. Remarkably, we find that, for ZrN
and HIN, the E; values of the HRTEM-derived interfaces are
larger than those for the interface provided by the HX1 models.
For NbN and TaN, both HX1 and HX2 interface models have
lower E; than the HRTEM-derived ones (Figure 3).

To demonstrate the benefit of the proposed interface for the
design of superhard structures, we have performed additional
ab initio investigations, which considered applied tensile strains
along the c¢ direction. In Figure 4a, the stress—strain curves of
the stretched ZrN B1-HX1 and HRTEM-derived interfaces
overlap at small strains. However, as the strain is further
increased, the latter structure exhibits a more pronounced
weakening. By monitoring the Zr—N bond lengths during
stretching (not shown), we identified that the deformation
mainly localizes on the c-aligned bonds of the interface. At the
peak stress of 36 GPa (right before decohesion), these bonds
are elongated from 0.206 to 0.226 nm. In the subsequent

calculation under 0.13$ strain (Figure 4b), a lack of electronic
charge between these atoms was observed. In comparison, our
calculations showed that the B1-HXI1 structure can sustain
much higher stress values, up to 59 GPa. Remarkably, analysis
of the stretched atomistic structure indicates that the interface
is no longer the weakest link of the stretched heterostructure.
As can be seen in the electron localization map (Figure 4c),
decohesion at 0.225 strain occurs via breaking of the Zr—N
bond in the B1 region. The comparison performed for ZrN is
representative for all other materials, although quantitative
values will differ.

It is well established that transition-metal carbides and
nitrides exhibit a large number of vacancies, which can influence
the interface charge distribution and mechanical properties.””
Thus, we have also considered the HX1 interface with a N
vacancy/supercell (ie, a 6.25% vacancy concentration). As
could be expected, the stretched BI-HXI1 heterostructure with
vacancy fails earlier and at the defect location (Figure 4d), and
therefore the failure stress and strain values for the ideal
structures can be viewed as upper limits. Nevertheless, the
highest possible failure stress value remained similar to that
calculated for the HRTEM interface with no vacancies at
slightly higher strains, as can be seen in Figure 4a. It is
interesting to note that both the ideal and investigated defected
models lack the strength-limiting Friedel oscillations encoun-
tered in heterogeneous interfaces.’

In conclusion, we have carried out extensive ab initio
screening of the nanoscale interface models based on the
prototype HX polymorphs. Relative to B1, the bulk HX phases
of nitrides exhibit a crossover in the energetic stability and
misfit strain and develop a monotonic energetic advantage with
increasing number of valence electrons. Affected by this bulk
behavior, the nanoscale HX interfaces store little coherency
strains and develop an energetic advantage as the valence-
electron concentration increases. Some of the interfaces were
found to be favored over the model interfaces developed based
on the experimental HRTEM studies of crystalline nanoneedles
of ZrBCN nanocomposites.” The superior mechanical strengths
of the HX1 interfaces demonstrated in the case of ZrN indicate
that the proposed interfaces will have a positive impact on the
nanocomposite hardness. It is also worth noting that, in
contrast with the amorphous interfaces, such as amorphous
Si;N, monolayers connecting TiN nanograins,” the crystallo-
graphic coherency at the interfaces proposed here will

Table 4. Size Effects in NbN and TaN Heterostructures As Indicated by the Calculated Lattice Parameters g, b, and ¢, Ground-

State Energies E,, and Interface Formation Energies E; and E;¢

a (nm) b (nm) ¢ (nm) AQY) Ey¢ (eV) E¢ (J/m?)
nB1-HX1 (n = 1 and 6)
NbyNo=NbNg(B1) + Nb,N,(HX1) 0.307 0.531 1350 —202.479 ~0.209 —0.819
Nb,oN,;=6NbeN,(B1) + Nb,N,(HX1) 0313 0.542 5204 —807.159 ~0.145 —0.547
TayoN,y=TagNg(B1) + Ta,N,(HX1) 0.303 0.524 1358 —219.486 -0278 ~1.119
TayN=6TagNg(B1) + Ta,N,(HX1) 0.310 0.536 5.196 —874.161 —0.165 —0.637
nB1—HX2 (n = 1 and 6)
Nb,oN,;=NbeNg(B1) + Nb,N,(HX2) 0.306 0.528 1375 —202.769 —0.281 —1.115
Nb,oN,;=6NbeN,(B1) + Nb,N,(HX2) 0312 0.540 5244 —807.216 ~0.159 ~0.603
TayoN,y=TagNg(B1) + Ta,N,(HX2) 0299 0.521 1396 ~200.075 —0.425 —1.746
TayN,y=6TagNg(B1) + Ta,N,(HX2) 0.309 0.534 5244 —874.521 —0255 —0.990
HRTEM B1
NbjoN,;=NbeNg(B1) + Nb,N, 0.316 0.548 1328 ~200.833 0.203 0.751
TaN,y=TagN(B1) + Ta,N, 0313 0.542 1331 —218.181 0.048 0.183
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Figure 4. (a) Tensile stress versus strain and the electron localization function just before (i.e., the cliff positions in part a) and after decohesion (the
strain value is indicated under each picture) for the (b) HRTEM-derived and (c) B1—HX1 interfaces and (d) the B1—HXI interface with one N
vacancy at the interface. The horizontal arrows point to the broken bond (blue) regions. Note the change of the aspect ratio from part b to part c due

to the much larger strains in part c.

introduce an additional impediment for plastic deformation,
which means an additional way to increase hardness. While the
theoretical search of nanoscale interfaces can be extended to
other polymorphic prototypes,'® our current results already
suggest an alternative direction for conceiving stable and strong
interfaces in nanoscale multilayers and nanograins surrounded
by a second phase, which could lead to advanced nano-
composite materials with practical applications as protective
coating layers for machining tools. Future ab initio quantum
molecular dynamics simulations will be needed to predict the
applicability of the proposed interfaces for high-temperature
coating applications.

B COMPUTATIONAL METHODOLOGY

First-principles DFT calculations were performed by using the Vienna
Ab Initio Simulations Package (VASP).***” The Kohn—Sham
equations were solved using the projected-augmented-wave (PAW)
method,*** along with standard PAW potentials for the Zr, Hf, Nb,
Ta, C, and N elements. On the basis of the validations of a gamut of
DFT functionals (see Table S3) and our previous work,'' the
Perdew—Burke—Ernzerhof*® exchange-correlation functional was
selected for structural optimization. The Brillouin-zone integrations
were sampled on a ['-centered 12 X 8 X m grid, where m (=4—10)
depends on the supercell’s ¢ dimension. The kinetic energy cutoff for
plane waves was set to 800 eV, the convergence criterion for electronic
self-consistency was set to 107 eV, and the “accurate” precision setting
was adopted to avoid wrap-around errors. For the structural
optimization of the interfacial heterostructures, both lattice vectors
and atoms were fully relaxed until the force components on atoms
reached 1072 eV/A. The mechanical calculations were conducted in
the same manner as that in ref 6. Starting from the relaxed
heterostructures, the mechanical strengths were studied by applying
a uniaxial tensile strain along the ¢ direction shown in Figure 2, while
the lattice parameters along the a and b directions were allowed to
relax by considering the Poisson effect. To reduce the computational
cost, we adopted a lower precision setting with a I'-centered 6 X 4 X 2
k grid, S00 eV kinetic energy cutoff, and 10~ electronic self-
consistency criteria for the strain studies. No significant difference was
found beyond a few percent according to convergence tests. The
stretching tensile stress—strain dependence was calculated with a
constant deforming rate of 0.015.
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