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Abstract

Lightweight and miniaturized weapon systems are driving the use of new materials in
design such as microscale materials and ultra low-density metallic materials. Reliable
design of future weapon components and systems demands a thorough understanding of
the deformation modes in these materials that comprise the components and a robust
methodology to predict their performance during service or storage. Traditional
continuum models of material deformation and failure are not easily extended to these
new materials unless microstructural characteristics are included in the formulation. For
example, in LIGA Ni and Al-Si thin films, the physical size is on the order of microns, a
scale approaching key microstructural features. For a new potential structural material,
cast Mg offers a high stiffness-to-weight ratio, but the microstructural heterogeneity at
various scales requires a structure-property continuum model. Processes occurring at the
nanoscale and microscale develop certain structures that drive material behavior.

The objective of the work presented in this report was to understand material
characteristics in relation to mechanical properties at the nanoscale and microscale in
these promising new material systems. Research was conducted primarily at the
University of Colorado at Boulder to employ tightly coupled experimentation and
simulation to study damage at various material size scales under monotonic and cyclic
loading conditions. Experimental characterization of nano/micro damage will be
accomplished by novel techniques such as in-situ environmental scanning electron
microscopy (ESEM), 1 MeV transmission electron microscopy (TEM), and atomic force
microscopy (AFM). New simulations to support experimental efforts will include
modified embedded atom method (MEAM) atomistic simulations at the nanoscale and
single crystal micromechanical finite element simulations.

This report summarizes the major research and development accomplishments for the
LDRD project titled “Atomistic Modeling of Nanowires, Small-scale Fatigue Damage in
Cast Magnesium, and Materials for MEMS”. This project supported a strategic
partnership between Sandia National Laboratories and the University of Colorado at
Boulder by providing funding for the lead author, Ken Gall, and his students, while he
was a member of the University of Colorado faculty.
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1 Introduction

This report summarizes the major research and development accomplishments for the
LDRD project titled “Atomistic Modeling of Nanowires, Small-scale Fatigue Damage in
Cast Magnesium, and Materials for MEMS™. This project supported a stratcgic
partnership between Sandia National Laboratories and the University of Colorado at
Boulder by providing funding for the lead author, Ken Gall, and his students, while he
was a member of the University of Colorado faculty.

Lightweight and miniaturized weapon systems are driving the use of new materials in
design such as microscale matcrials and ultra low-density metallic materials. Reliable
design of future weapon components and systems demands a thorough understanding of
the deformation modes in these materials that comprise the components and a robust
methodology to predict their performance during service or storage. Traditional
continuum models of material deformation and failure are not easily extended to these
new materials unlcss microstructural characteristics are included in the formulation. For
example, in LIGA Ni and Al-Si thin films, the physical size is on the order of microns, a
scale approaching key microstructural features. For a new potential structural material,
cast Mg offers a high stiffness-to-weight ratio, but the microstructural heterogeneity at
various scales requires a structure-property continuum model. Processes occurring at the
nanoscale and microscale develop certain structures that drive material behavior.

The objective of the work presented in this report was to understand material
characteristics in rclation to mechanical properties at the nanoscale and microscale in
these promising new material systems. Rescarch was conducted primarily at the
University of Colorado at Boulder to employ tightly coupled experimentation and
simulation to study damage at various material size scalcs under monotonic and cyclic
loading conditions. Experimental characterization of nano/micro damage will be
accomplished by novel techniques such as in-gitu environmental scanning electron
microscopy (ESEM), 1 MeV transmission elcctron microscopy (TEM), and atomic force
microscopy (AFM). New simulations to support experimental efforts will include
modified embedded atom method (MEAM) atomistic simulations at the nanoscale and
single crystal micromechanical finite clement simulations.

The content of this report consists of selected articles that describe research performed
for this project, and that have been published in peer-reviewed, technical journals.
Chapter 2 presents the article “In-Situ Observations of High Cycle Fatigue Mechanisms
in Cast AM60B Magnesium in Vacuum and Water Vapor Environments” by K. Gall, G.
Biallas, H. J. Maier, P. Gullet, M. F. Horstemeyer, D. L. McDowell, and J. Fan,
published in the International Journal of Fatigue, vol. 26, no. 1, pp. 59-70, 2004. Chapter
3 presents the article “Creep of Thin Film Au on Aw/Si Microcantilevers” by K. Gall, N.
West, K. Spark, M. L. Dunn, and D. Finch, published in dcta Materialia, vol. 52, no. 8,
pp. 2133-2146, 2004. Chapter 4 presents the article “The Strength of Gold Nanowires” by
K. Gall, J. Diao, and M. L. Dunn, published in Nanoletters, vol. 4, no. 12, pp. 2431-2436,
2004. Chapter 5 presents the articlc “Atomistic Simulations of the Yielding of Gold



Nanowires” by J. Diao, K. Gall, M. L. Dunn, and J. A. Zimmerman, published in Acta
Materialia, vol. 54, pp. 643-653, 2006. Finally Chapter 6 presents the article “Incipient
Yielding Behavior During Indentation for Gold Thin Films Before and After Annealing”
by D. C. Miller, M. J. Talmage, and K. Gall, which has been accepted for publication in
the Journal of Materials Research.

A complete list of papers that were written and/or published while Ken Gall was
supported by the LDRD funding for this project is as follows:

D. C. Miller, W. L. Hughes, Z. L. Wang, K. Gall, and C. R. Stoldt (2006) Mechanical
Effects of Galvanic Corrosion on Structural Polysilicon. In Press Jouwrnal of
MicroElectroMechanical Systems.

M. Haftel and K. Gall (2006) Density Functional Theory Investigation of Surface-Stress
Induced Phase Transformations in FCC Metal Nanowires. In Press Physical Review B.

D. C. Miller, M. J. Talmage, and K. Gall (2006) Incipient Yielding Behavior During
Indentation for Gold Thin Films Before and After Annealing. In Press Journal of
Materials Research.

M. K. Tripp, C. Stampfer, D. C. Miller, T. Helbling, C. F. Herrmann, C. Hierold, K. Gall,
S. M. George and V. M. Bright (2006) The mechanical properties of atomic layer
deposited alumina for use in micro- and nano-electromechanical systems. In Press
Sensors and Actuators A

D. Miller, C. F. Hermann, H. J. Maier, S. M. George, C. Stoldt, and K. Gall (2006)
Thermo-Mechanical Stability of Thin Film Multilayers: Part IT Microstructure Evolution.
In Press Thin Solid Films.

D. Miller, C. F. Hermann, H. J. Maier, S. M. George, C. Stoldt, and K. Gall (2006)
Thermo-Mechanical Stability of Thin Film Multilayers: Part I Mechanical Behavior of
Aw/Cr/Si Microcantilevers. In Press Thin Solid Films.

C. P. Frick, K. Spark, T. Lang, and K. Gall (2006) Stress-Induced Martensitic
Transformations and Shape Memory at Nanometer Scales. Acta Materialia, vol. 54, pp.
2223-2234.

H. S. Park, K. Gall, and J. A. Zimmerman (2006) Deformation of FCC Nanowires by
Twinning and Slip. Journal of The Mechanics and Physics of Solids, vol. 54, pp. 1862-
1881.

J. Diao, K. Gall, M. L. Dunn, and J. A. Zimmerman (2006) Atomistic Simulations of the
Yielding of Gold Nanowires. Acta Materialia, vol. 54, pp. 643-653.

H. S. Park, K. Gall, and J. A. Zimmerman (2005) Shape Memory and Pseudoelasticity in
Metal Nanowires. Physical Review Letters, vol. 95, 255504.
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K. Gall, J. Diao, M. L. Dunn, M. Haftel, N. Bernstein, and M. J. Mehl (2005) Tetragonal
Phase Transformation in Gold Nanowires, Journal of Engineering Materials and
Technology, vol. 127, pp. 417-422.

K. Gall, G. Biallas, H. J. Maier, M. F. Horstemeyer, and D. L. McDowell (2005)
Environmentally Influenced Microstructurally Small Fatigue Crack Growth in Cast
Magnesium. Materials Science and Engineering A, vol. 396, pp. 143-154.

D. Miller, C. F. Hermann, H. J. Maier, S. M. George, C. Stoldt, and K. Gall (2005)
Intrinsic Stress Development and Microstructure Evolution of Au/Cr/Si Multilayer Thin
Films Subject to Annealing. Scripta Materialia, vol. 52, no. 9, pp. 873-879.

K. Gall, J. Diao, and M. L. Dunn (2004) The Strength of Gold Nanowires. Nanoletters,
vol. 4, no. 12, pp. 2431-2436.

J. Diao, K. Gall, and M. L. Dunn (2004) Yield Strength Asymmetry in Metal Nanowires.
Nanoletters, vol. 4, no. 10, pp. 1863-1867.

J. Diao, K. Gall and M. L. Dunn (2004) Surface Stress Driven Reorientation of Gold
Nanowires. Physical Review B, vol. 70, 075413.

J. Diao, K. Gall and M. L. Dunn (2004) Atomistic Simulation of the Structure and Elastic
Properties of Gold Nanowires. Journal of the Mechanics and Physics of Solids, vol. 52,
no. 9, pp. 1935-1962.

G. Biallas, H. J. Maier, M. Essert, and K. Gall (2004) In-Situ Studies of Short Crack
Growth Behavior in Cast AM60B Magnesium. Materialpriifung (Materials Testing), vol.
46, no. 7-8, pp. 384-388

K. Gall, N. West, K. Spark, M. L. Dunn, and D. Finch (2004) Creep of Thin Film Au on
Au/Si Microcantilevers. Acta Materialia, vol. 52, no. 8, pp. 2133-2146.

M. F. Horstemeyer, N. Yang, K. Gall, D. L. McDowell, J. Fan, and P. Gullet (2004) High
Cycle Fatigue of a Die Cast AZ91E-T4 Magnesium Alloy. Acta Materialia, vol. 52, no.
5, pp- 1327-1336.

K. Gall, G. Biallas, H. J. Maier, P. Gullet, M. F. Horstemeyer, and D. L. McDowell
(2004) In-Situ Observations of Low-Cycle Fatigue Damage in Cast AM60B Magnesium
in an Environmental Scanning Electron Microscope. Metallurgical and Materials
Transactions A, vol. 35, no. 1, pp. 321-331.

K. Gall, G. Biallas, H. J. Maier, P. Gullet, M. F. Horstemeyer, D. L. McDowell, and J.
Fan (2004) In-Situ Observations of High Cycle Fatigue Mechanisms in Cast AM60B
Magnesium in Vacuum and Water Vapor Environments. International Journal of
Fatigue, vol. 26, no. 1, pp. 59-70.
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2 In-Situ Observations of High Cycle Fatigue
Mechanisms in Cast AM60B Magnesium in Vacuum and
Water Vapor Environments |

We present in-situ scanning electron microscopy (SEM) observations regarding the
formation and propagation of small fatigue cracks in cast AM60B magnesium. Using an
environmental SEM, observations were made in vacuum and in the presence of water
vapor at 20 Torr. In the vacuum environment, fatigue cracks in the magnesium formed
preferentially at pores, sometimes precluded by observable cyclic slip accumulation. At
higher cycle numbers in the vacuum environment, additional cracks were discovered to
initiate at persistent slip bands within relatively large magnesium dendrite cells. The
propagation behavior of small fatigue cracks (a < 6 to 10 dendrite cells) was found to
depend strongly on both environment and microstructure. Small fatigue cracks in the
magnesium cycled under vacuum were discovered to propagate along interdendritic
regions, along crystallographic planes, and through the dendrite cells. The preference to
choose a given path is driven by the presence of microporosity, persistent slip bands, and
slip incompatibilities between adjacent dendrite cells. Fatigue cracks formed more
rapidly at certain locations in the water vapor environment compared to the vacuum
environment, leading to a smaller total number of cracks in the water vapor environment.
The majority of small cracks in magnesium cycled in the water vapor environment
propagated straight through the dendrite cells, at a faster rate than the cracks in the
vacuum. In the water vapor environment, cracks were observed to grow less frequently
through interdendritic regions, even in the presence of microporosity, and cracks did not
grow via persistent slip bands. The propagation behavior of slightly larger fatigue cracks
(a> 6 to 10 dendrite cells) was found to be Mode I-dominated in both environments.

2.1 Introduction

Ongoing interest in the use of cast magnesium (Mg) alloys in the auto industry [1,2] has
recently triggered substantial research effort focused on the structural properties of this
metal. The very low density (1.8 g/cm’), excellent castability, and easy machinability of
Mg [2] make it a strong candidate for intricate lightweight components. One drawback
of Mg-based castings is their sensitivity to various urban and industrial environments
[3,4]. However, recent studies have linked the corrosion mechanisms in cast Mg to the
microstructure, indicating that significant potential exists to improve their performance in
corrosive environments [5-7]. Alternatively, coatings for Mg [8, 9] may be used to
eliminate surface reactions and circumvent corrosion altogether. In parallel with these
fundamental studies to model and prevent corrosion in cast Mg, it is necessary to
examine the fatigue behavior of this class of materials. In the absence of corrosion,
fatigue inevitably emerges as the dominant failure mode for Mg castings under cyclic
loading conditions.
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Compared to other lightweight wrought and cast materials such as aluminum and
titanium alloys, very little work has been performed to characterize the fatigue
mechanisms operating in cast Mg alloys. Initial studies examined the low and high cycle
fatigue of cast Mg alloys to determine parameters for traditional fatigue life prediction
methodologies [10-12]. The authors in [10-12] concluded that traditional fatigue life
prediction tools were sometimes inaccurate for cast Mg alloys. Fatigue crack growth
studies have shown that the propagation behavior of large fatigue cracks in Mg is
strongly dependent on the environment [13-14]. Higher humidity environments have a
tendency to reduce fatigue crack growth thresholds and increase fatigue crack growth
rates. More recent studies have begun to examine the relationship between the
microstructure and fatigue mechanisms in cast Mg alloys [15-18]. As observed in other
cast materials, several studies have linked the formation of fatigue cracks in cast Mg to
large pores [15-17]. In addition, several preliminary efforts have related the fatigue crack
growth behavior to the microstructure of cast Mg using fracture surface observations [17]
or specimen replication techniques [18]. Although preliminary studies have uncovered
the basic microstructural aspects of the fatigue of cast Mg alloys, they have not provided
detailed information on the mechanisms of crack formation and small crack propagation.
In order to successfully develop microstructure- and mechanism-based models of fatigue
in cast Mg alloys, it is imperative to understand these early stages of fatigue.

In the present paper we employ in-situ fatigue tests conducted in a scanning electron
microscope equipped with a small-scale load frame (in-siftu SEM) to examine the early
stages of the fatigue process in cast AM60B Mg. The SEM has an environmental
chamber and is capable of imaging at various humidity levels. Here we compare fatigue
mechanisms in cast magnesium observed in a vacuum and under water vapor at 20 Torr.
We focus on the formation and growth of small fatigue cracks within the microstructure
in these different environments. Previous investigators [19-23] have demonstrated that
in-situ SEM is a useful tool for investigating the behavior of small fatigue cracks. One
drawback of earlier in-situ SEM studies has been the limitations imposed by the high
vacuum required for imaging. With the advent of environmental SEM a few years ago,
this is no longer an issue. In principle, it is possible to determine quantitative aspects of
formation and growth behavior such as cycles to initiation, growth rates, and crack
opening levels. However, in this paper we will focus on qualitative observations of
operative crack formation and small crack growth mechanisms. Future investigations
will consider quantitative aspects of formation and growth, although the present
observations are sufficient to motivate initial micro-mechanical fatigue models for better
quantification of the relevant phenomena.

2.2 Materials and Experimental Methods
A plate of AM60B magnesium with dimensions of 10 cm by 15 cm by 3 mm was cast in

a permanent mold by high-pressure die-casting. The nominal composition of AM60B
Mg is provided in Table 2.1.
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Table 2.1. Chemical composition of AM60B Mg alloy. Values in weight percent.

Mg Al Mn Si In Fe Cu Ni Other
Bal. 5.5-6.5 | 0.25 0.10 0.22 | 0.005 | 0.010 | 0.002 0.003
min max max max max max | max (total)

Flat dog-bone shaped specimens with a 8 mm gage length and a 3 mm by 1-2 mm gage
cross section were machined from the plate at various spatial locations. Results will be
presented here from in-situ tests on two specimens from similar regions of the plate
where there is low overall porosity due to high cooling rates. One of the samples was
cycled in high vacuum while the other sample was cycled in water vapor at 20 Torr. A
third specimen was also extracted from a low porosity region to determine yield and
tensile strength under monotonic loading. Numerous other samples have been tested to
develop appropriate visualization parameters for in-situ fatigue testing of Mg. In
addition, several different samples were tested to verify the generality of the present
observations. Samples cycled under identical conditions all showed the same qualitative
behaviors reported here.

In order to minimize the area that needs to be inspected during testing, small stress
concentrations were employed in order to elevate the stresses and favor crack formation
in a local region. One stress raiser, used in both fatigue samples, was a dimple with a 3
mm diameter and 120 wm maximum depth placed in the center of the specimen using a
dimple grinder which produces low residual stresses. A small spot weld placed in the
center of the dimple was used as an additional stress raiser in the sample to be cycled in
the vacuum environment. In the sample with the spot weld, cracks were still observed to
form away from the artificial defect. Clearly, this indicates that microstructural
heterogeneities such as pores cause severe stress concentrations, and/or exist at locations
with diminished material fatigue resistance. It should be made clear that the stress
concentration in the sample cycled in high vacuum (dimple plus spot weld) was more
severe than the stress concentration in the sample cycled in water vapor (dimple).

For in-situ observation, the surface of the Mg samples must be polished to successfully
detect and track small-scale fatigue damage. A mild etching procedure, either during or
after polishing, can be used to remove polishing-induced artifacts and highlight the cast
Mg microstructure.  However, over-etching of the cast Mg results in a deep
microstructure that is unsuitable for in-situ observations. Due to the reactivity of Mg,
numerous attempts were made to achieve the optimal surface for in-situ observations.
The optimal preparation was achieved by first grinding with a 4,000 grit (5 um) SiC
abrasive and a 1:3 glycerine-ethanol solution. The sample was then subsequently
polished with a series of 3 um and 1 um diamond pastes with excessive lubricant. The
final polish was performed with a SiO, suspension (OPS), which serves as a combined
mechanical polishing and chemical etching solution.

Mechanical tests were performed using a small-scale load frame fixed within an

environmental SEM. The load frame has a maximum load capacity of 10 kN and a
displacement range of 50 mm. The SEM was operated at an accelerating voltage of 20
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kV and with two different environments during fatigue testing (a) a relatively high
vacuum of p < 10” Pa (7.4 x 10 Torr) and (b) water vapor at 2.7 x 10° Pa (20 Torr). The
water vapor at 20 Torr corresponds to 100% relative humidity at ambient room
temperature conditions. Local chemical composition was determined with Energy
Dispersive X-ray (EDX) analysis. In-situ tests conducted in the SEM do not provide
significantly more resolution as compared to other techniques such as replica methods
[18], but allow both EDX analysis and imaging using backscattered electrons that can
provide additional microstructural information. Completely reversed (R = Gpmin/Omax = -1)
fatigue tests were performed at a displacement rate of 20 pwm/s. Gross tensile and
compressive load limits were imposed and the machine was programmed to reverse the
loading at these limits. The tensile test was performed at a displacement rate of 0.5 pm/s
until complete fracture of the specimen. The yield and tensile strengths of the AM60B
specimen machined from a low porosity region were measured to be 150 MPa and 285
MPa, respectively.

At the maximum displacement rate, the machine is capable of applying approximately
5,000 cycles per day, so a fatigue test lasting 10° cycles would take 200 days. In order to
accelerate the fatigue process and enhance the possibility of multiple crack formation
sites, a nominal cyclic stress amplitude of 135 MPa (Amplitude 1) was applied until the
first cracks could be detected. At this amplitude, the first cracks could be observed after
preloading to 100 and 130 cycles in water vapor and high-vacuum environments,
respectively. Following this pre-cycling, the nominal stress amplitude was decreased to
90 MPa (Amplitude 2) and kept constant during further cycling. We should mention that
the pre-cycling procedure at higher amplitude will elevate local cyclic plastic strain
levels, which may influence the fatigue processes operating at the subsequent lower
amplitude. Extensive SEM observations were made in irregular intervals depending on
the progression of fatigue damage. All SEM imaging was performed at the maximum
tensile load to accentuate crack opening. The holds were conducted in displacement
control, and a minimal amount of stress relaxation (1% — 2 % of max stress) occurred
during the hold. In all images presented here, the loading axis is vertical on the page.

2.3 Experimental Results

The undeformed microstructure of the cast AM60B Mg is shown in Figure 2.1. For this
image the material has been deeply etched to highlight different material phases and the
dendritic structure. The slightly blurry appearance of the surface is an artifact of the deep
etching and the enhanced contribution of backscattered electrons to the overall signal
used to better reveal the microstructure. As highlighted in Figure 2.1, and confirmed by
local EDX measurements, three different phases are present in the AM60B
microstructure. In Figure 2.1a, two AIMnSi particles are indicated. The AIMnSi
particles are dispersed throughout the microstructure and they appear brightest on the
SEM micrographs due to their elevated position on the surface. A higher magnification
image in Figure 1b, shows the next brightest phase, 3-Al;2Mg;7, which occurs in the form
of particles decorating the interdendritic regions. The darkest phase is the HCP a-Mg
dendrite cells, which contain only trace amounts of Al, and are preferentially polished
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and etched (Figure 2.1b). The interdendritic regions are revealed by the brightness
contrast between the p and « phases. In these regions, the Al content was found to be
greater than in the a phase but less than in the f phase. The average dendrite cell size
(DCS) in the material is approximately 10 microns.

- Mg f- Al Mg, 10pm

(b)
Figure 2.1. SEM image of the undeformed microstructure in AM60 Mg at (a) low and (b)
high magnification. Phases are identified in the main text.

Figure 2.2 shows the fracture surfaces of samples cycled (a) in vacuum and (b) in water
Vapor.

Region1 SpolWeld Region 2 Region 3
(a) S00pm (b) S00pm

Figure 2.2. SEM images of the fracture surface from the tests in (a) vacuum and (b)
water vapor. Several positions that were inspected in-situ during fatigue are indicated
below the respective images.

The dimple and the spot weld are visible on the sample cycled in vacuum (Figure 2.2a),
while only the dimple is present in the sample cycled in water vapor (Figure 2.2b). The
dimple is observed as the gradual rounding of the specimen on the bottom of the fracture
surface in Figures 2.2a and 2.2b. [n-situ observations were made a several locations on
the surface of the samples during cycling. As indicated in Figure 2.2, several of the
observed locations contained cracks that ultimately linked with the final fracture path. In
the sample that was cycled in a vacuum, two regions of observation are distinguished,
Region 1 and Region 2. In the sample that was cycled in water vapor, a region of
observation is labeled as Region 3. Several observations will be presented from other



regions of the sample that did not ultimately link with the final crack that created the
fracture surface. The lives of the samples cycled in vacuum and water vapor
environments were 35,541 and 14,970 cycles, respectively. These numbers are not meant
for direct quantitative comparison since the stress concentration in the sample cycled in
vacuum was more severe that the stress concentration in the sample cycled in water
vapor. However, the longer life of the sample cycle in vacuum, despite the larger stress
concentration, does show that the environment has a considerable influence on the fatigue
life.

Figures 2.3-2.5 present observations of the formation of fatigue cracks away from the
spot weld during cycling of the sample at 90 MPa in the vacuum environment.

S0pm S0pm

(a) (b)
Figure 2.3. Fatigue crack formation in Region I in the sample tested in a vacuum at (a)
3,200 and (b) 7,300 cycles.

After 3,200 cycles at 90 MPa (plus the pre-cycling at 135 MPa), the first cracks appeared
near larger pores. In Figures 2.3a and 2.3b we observe the formation of three different
cracks in the vacuum environment between cycles (a) 3,200 and (b) 7,300 in a region
with a rather high volume fraction of microporosity (small black spots) surrounding a
large pore (Region 1). In the lower left of Figure 2.3a, a small crack has initiated on the
right side of the pore by cycle 3,200. The pore in the center also has a small crack on its
left side by 3,200 cycles. Also note that the large a-Mg dendrite cell in the upper right
has a few persistent slip bands, but no cracks at 3,200 cycles (Figure 2.3a). At 7,300
cycles (Figure 2.3b), a rather large crack has formed on the right of the center pore, and
the pore on the lower left also has cracks emanating from both sides. The intersection
point between the persistent slip band in the large dendrite on the upper right and some
local porosity has also formed a small crack sometime before 7,300 cycles. None of these
features existed after the pre-cyvcling history of 130 cyeles at 135 MPa.

In Figure 2.4 we examine another crack formation event under vacuum in a porous region
(Region 2) with a smaller volume fraction of porosity at the surface. At 3,200 cycles
(Figure 2.4a) the crack is not seen at the scale of observation, but numerous persistent
slip bands are evident in adjacent dendrite cells. Approximately 800 cycles later (Figure
2.4b), a small crack has formed in the interdendritic region by linking small pores at the
surface. After 7,300 cycles (Figure 2.4c) the crack has grown to an appreciable size.
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Clearly, the driving force for the formation of the crack in Figure 2.4 is the strong slip
incompatibility between adjacent grains as marked by the presence and absence of
persistent slip bands. Under vacuum, cracks were also observed to form in the base Mg
material rather than at a pore or within the interdendritic region. In Figure 2.5 we track
the development of a fatigue crack at persistent slip bands within a rather large dendrite
cell. The persistent slip bands coarsen as a function of cycling until a crack is distinctly
formed between 11,000 (Figure 2.5¢) and 15,700 cycles (Figure 2.5d). The precise cycle
at which the crack formed is vague, but it is certain that the crack in Figure 2.5¢ took
longer to initiate (between 11,000 and 15,700 cycles) compared to the cracks at the pores
in Figures 2.3 and 2.4 (between 3,200 and 7,300 cycles).

(a) - (b) - (c) -
20 pum

Figure 2.4. Fatigue crack formation in Region 2 in the sample tested in a vacuum with
porosity at (a) 3,200, (b) 4,000, and (c) 7,300 cycles.

20pum

Figure 2.5, Fatigue crack formation within a large dendrite cell in the sample tested in a
vacuum at persistent slip bands at (a) 3,200, (b) 7,300, (c) 11,000, and (d) 15,700 cycles.
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Figures 2.6-2.8 present observations of the propagation of small fatigue cracks during
cycling at 90 MPa in the vacuum environment. Figure 2.6 shows a series of images
tracking the progression of the crack formed at the center pore in Figure 2.3 (Region 1).
In only 11,000 cycles, the crack has progressed through the region of high microporosity
(Figure 2.6b). Following initial propagation through the porosity-laden interdendritic
network, by a distance of about 6-10 times the average dendrite cell size, the crack grows
straight in a direction roughly perpendicular to the loading axis on both sides (Figures
2.6¢c-2.6e). The crack on the left of the pore ultimately takes a significant turn only to
merge with a region containing a microcrack.

(e)

50pm

Figure 2.6. Propagation of a small fatigue crack from a pore in Region 1 in the sample
tested in vacuum at (a) 7,300, ¢b) 11,000, (c) 19,300, (d) 22,600, (e) and 34,813 cycles.

A slightly different growth pattern is observed for the small crack formed in Region 2, as
shown in Figure 2.7. The crack in Figure 2.7b is considerably smaller than the crack in
Figure 2.6b at equivalent cycle numbers. Although the crack in Figure 2.7 does not have
an extensive micro-porosity network to travel through during the initial stages of growth,
the crack still meanders significantly through the microstructure. The meandering 1s
linked to propagation along persistent slip bands in dendrite cells and in interdendritic
regions. In fact, multiple observations of small and large fatigue cracks following
persistent slip bands ahead of the crack tip were made in the vacuum environment.
Figure 2.7 also indicates that propagation occurs in part along interdendritic regions
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between misoriented cells (PSBs in different directions or PSBs occurring in one cell and
not its neighbors), again likely due to incompatibility of slip for the low symmetry HCP
lattice.

20um

Figure 2.7. Propagation of a small fatigue crack through the microstructure in Region 2
in the sample tested in vacuum at (a) 7,300, (b) 11,000, (c) 19,300, (d) 22,600 cycles, and
(e) 34,813 cycles.

Figure 2.8 presents images from the specimen tested in vacuum, i.e. the left half of the
crack seen in Figure 2.6 from Region 1. The image in Figure 2.8a was created using
secondary electrons, while high-contrast backscatter electron imaging created the image
in Figure 2.8b. The purpose of Figure 2.8b is to generally show the location of
microstructural features relative to the crack path, while Figure 2.8a shows a duplicate
high-resolution image of the crack. Although the crack initially follows the interdendritic
region with microporosity, it eventually propagates through the dendrite cells when it has
a half-length roughly 3-5 times the average dendrite cell size. Small kinks in the crack
growth direction seen in Figure 2.8a are linked to the impingement of the crack on
interdendritic boundaries, the bright areas in Figure 2.8b. However, crystallographically
favored crack paths cause larger changes in the growth direction of the cracks (Figure
2.7). Figure 2.9 presents a final set of images from Region 1 showing (a) the fracture
surface top-view and (b) an in-situ view after final fracture. Aside from the major pore
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and surrounding micropores that promoted crack formation, minimal porosity was
detected on the fracture surface in Region 1. Similarly, minimal porosity was discovered
on the fracture surface in Region 2. Consequently, we can eliminate the possibility that a
large pore hidden underneath the surface formed the crack that was examined in-situ at
the surface.

B)
Figure 2.8. Higher magnification view of the left half of the crack in Figure 6d in Region
1 in the sample tested in vacuum. The crack was imaged using (a) secondary and (b)
hackscatter electrons.

50um

Figure 2.9. Post-mortem view of the crack in Region [ in the sample tested in vacuum
[from the (a) fracture surface and (b) in-situ viewing plane.

In-situ SEM mages from the sample fatigued in the water vapor environment are shown
in Figures 2.10 through 2.13. Figure 2.10a shows a small crack that formed within a
dendrite cell in the cast Mg after 100 cycles at 135 MPa. Similar cracks were not found
in the sample cycled in vacuum after 130 cycles at 135 MPa. Figure 2.10b shows the
same crack after 11,000 cycles at 90 MPa, with a slightly shifted field of view. The small
crack follows a predominant Mode | growth pattern through the dendrite cells, changing
direction only when encountering an AlMnSi particle (Fig. 2.10b). Figure 2.11 shows a
small crack formed by the linking of microporosity at (a) 353 cycles and (b) 11,000
cycles at 90 MPa in Region 3 (Figure 2.2b).
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(b)

20pum

Figure 2.10. Cracks in the specimen cycled in water vapor after (a) precycling and (b)
11,000 cycles.

Figure 2.11. Cracks in the specimen in cveled water vapor in Region 3 after (a) 353
cycles and (b) 11,000 cycles.

(a)|

(b)

504um

Figure 2.12. Comparison of crack profiles in a cast magnesium alloy under the following
conditions (a) vacuum at 34,000 cycles and (b) water vapor at 11,000 cycles.

The crack is initially formed in a region of microporosity, and it grows both through the
dendrite cells and in the interdendritic regions. The crack does not closely follow the
micropores in adjacent dendrite cells. Figure 2.12 compares a typical crack in the cast
magnesium alloy cycled in (a) vacuum and (b) water vapor environments, at 34,000 and
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11,000 cycles, respectively. The crack in Figure 2.12a is about 300 mm long, while the
crack in Figure 2.12b has a total length of about 250 mm. Despite similar
microstructures, the fatigue crack in the magnesium cycled in vacuum interacts more
strongly with the microstructure, as evidenced by its prolonged meandering, compared to
the crack in the magnesium cycled in water vapor. Figure 2.13 is an image of the fracture
surface from Region 3 (Figure 2.2b and Figure 2.11). The fracture surface shows
negligible porosity away from the initiation site and highlights different regions of crack
growth behavior (note the semicircular crack path).

50 um

Figure 2.13. Image from the fracture surface of the specimen in Region 3 from the
sample tested in water vapor.

Figure 2.14 presents crack size as a function of cycle number for various cracks in water
vapor and vacuum.

350 , ,
300 = » =
—@- Water vapor f ;

250 - =@~ Vacuum ~ a =
= 200 s -
i) ; .

5 s i AN =
o o s o
100 - e -
- -""#.r :
50 - et -
o | I 1
0 5 10 15 20

Cycle number, N (x 107)
Figure 2.14. Snapshot of crack size as a function of cvcle number for several cracks
grﬂh'fﬂ'g in vacuum versus water vapaor.
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The purpose of Figure 2.14 is to demonstrate the difference in “average” crack growth
rate of cracks growing in water vapor versus vacuum. For all cracks observed, on
average, the cracks grow faster in the water vapor versus vacuum. The details of this
observation will depend on the applied loading conditions, absolute crack size, and local
microstructural conditions. In the present work, we have not tracked the cracks at
frequent cycle intervals as needed to report more detailed crack growth rate data.
However, the data in Figure 2.14 is sufficient to demonstrate that the average crack
growth rate of cracks in water vapor is higher than those in water vapor for the crack
sizes examined.

2.4 Discussion

The purpose of this paper is to provide a qualitative assessment of the fatigue
mechanisms in cast AM60 Mg using in-situ environmental SEM microscopy. Particular
empbhasis is placed on examining the early stages of fatigue, including crack formation
and microstructurally small crack propagation. In this discussion we will first assess the
observed mechanisms in the context of relevant literature, then will consider the impact
of the observations on micro-mechanical modeling of fatigue mechanisms. Before
discussing the results we note that caution should be exercised when interpreting surface
observations in terms of fatigue mechanisms. It is always possible that the observed
damage may only be present at the surface. In all cases we have attempted to find cracks
with relatively large opening displacements at maximum load, such that they likely
extend reasonably into the bulk microstructure. Nearly all of the results presented here
represent significant cracks that contributed to the final fracture path. For example, the
crack monitored in Region 3 showed a relatively fast surface growth rate (Figure 2.11),
but also showed proportional penetration into the bulk material via post-mortem
fractography (Figure 2.13).

In the present study we have observed in-situ the formation of fatigue cracks at casting
pores in a vacuum environment (Figures 2.3 and 2.4) and a water vapor environment
(Figure 2.11). In the vacuum environment, some cracks formed after very few cycles at
10-20 micron pores without appreciable accumulation of cyclic plasticity, via persistent
slip band formation, in the surrounding dendrite cells (Figure 2.3). However, we also
observed crack formation under vacuum in a region with smaller micropores (2-4
microns) that was preceded by an observable accumulation of cyclic plasticity in the
surrounding dendrite cells (Figure 2.4). The existence of Jocal plastic strain
accumulation via persistent slip bands in the relatively small dendrite cells in Figure 2.4
was uncommon. However, the cyclic plasticity was clearly linked to the presence of
porosity coupled with the favorable shearing orientation of primary slip systems in the
dendrite cells with respect to the loading axis (approx. 45° angle to the applied loading
direction). It is important to note the significant slip incompatibility observed in adjacent
dendrite cells near the crack initiation site in Figure 2.4. The presence of slip in some
cells and the absence of slip in others, leads to strong plastic strain mismatches and high
stresses in the interdendritic regions. All of these factors contributed to the formation of
a fatigue crack in this interdendritic region. A previous study [24] has also observed slip
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features near sites of crack formation in extruded Mg via a post-mortem fracture analysis.
In the water vapor environment, cracks started near pores without observable persistent
slip band formation (Figure 2.11).

Fatigue cracks were also found to form within large, relatively soft a-Mg dendrite cells in
vacuum (Figures 2.5) and water vapor (Figure 2.10) environments. In the vacuum
environment, the crack formation was evident at persistent slip bands within relatively
large dendrites that are favorably oriented with respect to the loading axis. The large
dendrite cell in Figure 2.5 is nearly 60 mm in diameter, compared to an average cell size
of 10 mm near the nucleation site in Figure 2.4. Persistent slip band formation and
subsequent local surface roughening, as a function of cycles, was frequently observed in
large dendrite cells. The extrusions and intrusions at the surface eventually lead to
fatigue crack formation as typical for wrought materials. It is interesting that once
formed, the crack rapidly reaches the size of the dendrite cell by spanning the weakened
shear zone (Figure 2.5). In the vacuum environment, the crack formation life for this
mechanism is significantly longer than the formation life near pores. However, if the
maximum pore size in a highly stressed region is reduced below a critical level, this
traditional persistent slip band mechanism may dominate if large dendrite cells are
present.

In contrast to observations in the vacuum environment, crack formation in the water
vapor environment was relatively rapid in selected regions without noticeable influence
of surrounding porosity. Figure 2.10 shows an example of a fatigue crack that formed in
the water vapor environment during precycling. Several similar cracks rapidly formed in
the Mg cycled in water vapor that were not connected with porosity or observable
persistent slip bands. Apparently, the water vapor accelerates the fatigue crack formation
process in the Mg in specific locations. This acceleration of fatigue crack formation does
not occur at all microstructural features in the sample, as evident from the smaller total
number of cracks growing in the sample cycled in the water vapor environment.
However, in selected locations, cracks formed faster in the water vapor environment. We
note that relatively large pores, which usually exist in the interior of a larger component,
might still facilitate early crack formation compared to traditional surface mechanisms.
However, such pores did not exist in this die-casting, and in addition these pores will not
be subject to the environmental effects noted here.

Based on crack tip stresses, cracks should preferentially grow in a Mode I direction.
However, particularly for microstructurally small cracks, variations in the microstructure
can alter the direction of crack growth in an effort to avoid an obstacle or link with a
weakened material zone. In the water vapor environment, microstructurally small surface
fatigue cracks in the cast magnesium alloy preferentially propagated straight through the
dendrite cells. Some crack meandering through the microstructure was discovered when
the cracks would propagate through interdendritic regions. However, the meandering of
the cracks growing in the water vapor environment was minimal compared to the
meandering of the cracks in the vacuum environment. In the presence of the harsh
environment, nominally Mode I growth through the dendrite cells was accelerated. The
cracks formed in the water vapor environment were only noticeably deterred from
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straight Mode I growth patterns by interdendritic regions (Figure 2.11) or second phase
particles (Figure 2.10). In addition, small fatigue cracks did show some meandering to
link with other micro cracks in the near vicinity (Figure 2.11). Meandering is evident
from the linkage of the main crack (Figure 2.11b) and a small crack to the lower right of
the formation site (Figure 2.11a). ‘

In the vacuum environment, microstructurally small fatigue cracks grew through the
dendrite cells, persistent slip bands, and interdendritic regions. Fatigue cracks growing in
the vacuum generally grew much more slowly, i.e., more cyclic damage was required to
accumulate ahead of the crack tip (Figure 2.14). Previous studies have shown that long
fatigue cracks grow more slowly in lower humidity environments [13, 14]. The small
fatigue cracks in the vacuum environment were found to propagate preferentially through
persistent slip bands formed ahead of the crack tip as has been previously observed in
cast Mg [18] and other alloys [25]. Fatigue cracks prefer to propagate along the
persistent slip bands because these regions have been weakened by intense dislocation
activity and cracking. Fatigue cracks prefer to grow along interdendritic regions when
micropores are present to help create a weak crack path (Figure 2.6). In addition, small
cracks can propagate in or near the interdendritic regions when slip incompatibility
between cells generates high stresses in the interdendritic regions (Figure 2.7).

In previous work we have observed that a fatal internal crack, as observed post-mortem
on the fracture surface, prefers to propagate through the Mg dendrite cells at small sizes
[17]. Based on the present observations in vacuum and water vapor, we see that this
tendency is amplified in the presence of environmental effects. The rationale is that
small cracks have a relatively more difficult time propagating through interdendritic
regions which contain b particles within a Mg matrix with high levels of Al in solid
solution that is relatively stronger then the interior of the dendrite cells. The small fatigue
cracks, with very small crack tip plastic zones, prefer to propagate through the relatively
soft a-Mg cells. However, the presence of microporosity in the interdendritic regions
amplifies the crack tip driving force and cracks in vacuum have been observed to move
along interdendritic regions, propagating through these micropores. In addition, the crack
tip driving force may be significantly amplified near the interdendritic regions by slip
incompatibility between the a-Mg cells. This amplification can cause small cracks to
propagate in or near the interdendritic regions where incompatibility of slip is highest.

Micro-mechanical modeling of these phenomena using the finite element method will
provide more quantitative information for larger scale modeling efforts and casting
design guidelines. Any model that hopes to capture the relevant physics of the problem
should account for the low symmetry slip anisotropy in HCP Mg and the effects of the
periodic interdendritic regions. Fatigue crack formation and small crack propagation,
without environmental influence, is highly dependent on preferential basal slip in a-Mg.
This preferential slip can lead to slip incompatibilities between cells and persistent slip
bands within cells, both of which are critical for crack formation and small crack
propagation. The influence of the environment on the formation and growth of surface
cracks also appears to be of significant importance. Based on the present results,
introduction of a water vapor environment reduces the resistance to fatigue crack

27



formation and growth in cast Mg. Because of this, rapidly propagating cracks do not
meander onto crystallographic planes as often as cracks that are slowly propagating
without environmental influence. The presence of the environment weakens the dendrite
cell material’s inherent resistance to fatigue crack propagation. One possible rationale
for this would be hydrogen embrittlement due to the reaction of water vapor with freshly
exposed material at the crack tip. However, at present this mechanism is speculative and
needs more study. Modeling of this environmental effect may involve a relative
weakening of the fatigue resistance of the dendrite cell as a function of environment.

The effect of different local cyclic plasticity levels in the Mg grains near pores needs
quantification. Cyclic plastic strain levels necessary to form a fatigue crack may depend
on the orientation of the grains near the pores, and the relative size of the dendrite cells
and pores. Both large dendrite cells and large pores elevate local cyclic plasticity levels.
Similarly, the effect of the interdendritic regions on crack propagation needs further
quantification with modeling. In the presence of porosity or slip incompatibility, the
cracks seem to select the interdendritic regions for growth. However, in some situations,
the cracks avoid these regions and grow through the dendrite cells. Clearly, accurate
micromechanical models are needed to examine the effect of the Al-rich and b particle-
laden interdendritic architecture on small crack growth driving forces. However, more
experimental work is required to shed light on the relative strength of these regions as
barriers to small crack growth. This could come from quantitative small crack growth
studies supplemented by large crack studies on Mg materials with different Al contents,
and perhaps nanoindentation.

2.5 Conclusions

1. The presence of a water vapor environment significantly alters the nucleation and
small crack propagation characteristics and rates in cast AM60 Mg compared to a
vacuum environment.

2. In a vacuum environment, surface fatigue cracks formed rapidly at larger pores,
sometimes preceded by observable cyclic slip accumulation. At higher cycle
numbers in the vacuum environment, additional cracks were discovered to form at
persistent slip bands within relatively large dendrite cells.

3. In a vacuum environment, microstructurally small fatigue cracks were found to
follow interdendritic regions in the presence of a high level of microporosity and
crystallographic planes in the presence of persistent slip bands ahead of the crack tip.
In the absence of these weak microstructural paths, small cracks propagated straight
through the dendrite cells and in, or near, interdendritic regions, depending on the
local cell arrangement.

4. In a water vapor environment, isolated surface cracks formed rapidly within the Mg

cells and at pores. Small cracks in the magnesium cycled in water vapor grew
significantly faster than in the vacuum. Small fatigue cracks in the magnesium cycled
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in water vapor often propagated straight through the dendrite cells in a Mode I
manner. The cracks in the water vapor environment sometimes propagated in, or
near, interdendritic regions, but less often compared to cracks growing in the vacuum
environment.

Small fatigue cracks in the magnesium avoided second phase particles in both
vacuum and water vapor environments. The interdendritic regions also caused
perturbations in fatigue crack paths in both water vapor and vacuum environments.

The effect of porosity on the fatigue mechanisms in cast Mg depends on the relative
size and distribution of the pores. Distributed microporosity (1-2 microns) caused a
preferential path for small fatigue cracks. Slightly large micropores (10-20 microns)
served as crack formation sites.

The growth pattern of small cracks (a < 6-10DCS, where DCS is the average dendrite
cell size) was more sensitive to microstructural features in the cast Mg compared to
the predominantly Mode I growth pattern of cracks longer than about 6-10 DCS.
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3 Creep of Thin Film Au on Bimaterial Au/Si
Microcantilevers

We examine creep of thin film Au on curved bimaterial Aw/Si microcantilevers. Time-
dependent inelastic strains in the Au film lead to gradual changes in the microcantilever
curvature over time. Curvature-temperature-time experiments are used to examine the
effects of hold temperature and maximum annealing temperature on the inelastic
response of the Au films. Experiments reveal inelastic strains in the Au films due to
creep, recovery, and microstructural coarsening. At moderate hold temperatures, 30 °C <
T < 175 °C, inelasticity in the Au films is observed to be a competition between creep
and recovery. Creep strains are driven by tensile stresses in the film and serve to
decrease the microcantilever curvature towards the equilibrium curvature of the
underlying Si beam. Strains due to recovery of the metastable Au cause contraction of
the film and the development of intrinsic tensile film stresses. At higher hold
temperatures T > 175 °C, the response of the film is dominated by microstructural
coarsening which leads to an expansion of the film, the development of intrinsic
compressive film stresses, and hillock formation. The recovery and microstructural
coarsening both lead to ‘anomalous’ changes in microcantilever curvature since the
curvature gradually increases or decreases away from the equilibrium curvature of the
underlying Si. The inelastic behavior of the Au film is shown to depend on annealing
temperature through changes in initial film stress after thermo-elastic cooling and degree
of recovery.

3.1 Introduction

Bimaterial microcantilever beams are a critical component in numerous Micro Electro
Mechanical Systems (MEMS). Emerging MEMS applications utilizing bimaterial
metal/ceramic microcantilevers include infrared light detection [1-3], biohazard detection
[4], chemical sensing [5, 6], microelectronic switching [7, 8], photo-thermal
sensing/actuation [9, 10], optics [11-13], micromanipulation [14], and microcooling
devices [15]. The aforementioned MEMS utilize the bending displacement of a
bimaterial microcantilever (Figure 1) to facilitate transduction for sensing or actuation.
The means to induce bending in bimaterial microcantilevers depends on the particular
MEMS application [1-15]. Although numerous innovative applications depend on
bimaterial microcantilevers [1-15], the reliability of these transducers has not been
examined in detail.

A two-dimensional schematic of a dual bimaterial cantilever beam is presented in Figure
3.1. The beam length is given as L, while the radius of curvature of the beam is denoted
as R. The curvature in the beam, k, is calculated as the inverse of the radius for a perfect
circle. The maximum gap height above the substrate, at the tip of the cantilever, is the
summation of the post height and the tip displacement, 8. A contraction of the Au, either
due to a differential thermal expansion between Au and Si or a time-dependent inelastic
strain in the Au, leads to an increase in curvature of the bimaterial beam (Figure 3.1). On
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the other hand, an expansion of the Au leads to a decrease in the curvature of the
bimaterial beam. Regardless of the MEMS application, it is critical for bimaterial
microcantilevers to exhibit consistent and predictable displacements over time.
Superfluous displacements of the cantilever alter the gap height between the cantilever
and the substrate (Figure 3.1) and can significantly change voltages required for actuation
or capacitive sensing values.

- Au

mm Si

R, Curvature (x) = 'Il{

2 + Ax, Au Contraction

For d << L, 8~K-§I-‘ +

' ' Substrate

Figure 3.1. Schematic of a bilayer microcantilever beam used for sensing and actuation
indicating the implications of dimensional changes in the Au layer.

Bimaterial cantilevers containing a metallic layer may be vulnerable to creep and/or
stress relaxation. Several researchers have observed creep and stress relaxation in
metallic materials for MEMS including freestanding thin films and bimaterial
microcantilevers [16-27]. In bimaterial microcantilevers, moderate creep strain in the
metallic layer can lead to a significant change in the position of the transducer over time
(Figure 3.1). One recent study discovered that at low stress values, the creep rate of 3.0
um freestanding thin film copper was three orders of magnitude larger than bulk copper
at the same temperature and applied stress [16]. Such extreme creep rates pose a serious
reliability concern to bimaterial microcantilevers since they operate at relatively low
stresses and their displacements are very sensitive to small inelastic strains in the metallic
layer. Although several studies have noted the importance of creep and stress relaxation
in metallic MEMS materials, the thermo-mechanics of creep in bimaterial
microcantilevers is not fully characterized or understood. As will be further discussed in
this introduction, and shown in this paper, fundamental knowledge acquired from
previous studies on the thermo-mechanical behavior of thin films does not completely
transfer to thin metallic films in microcantilevers.

The deformation of thin films on relatively thick substrates has been extensively studied,
motivated by microelectronics applications. The evolution of curvature and stress in thin
metallic films on thick Si substrates can occur during film deposition or subsequent
thermal holding/cycling [28]. Stresses generated during film growth are typically
referred to as “intrinsic stresses” [28]. During film growth, intrinsic tensile stresses are
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created by the coalescence of expanding grain islands on the deposition substrate [29-32].
Subsequent to island coalescence, the tensile stresses in the film relax via a diffusion-
based mechanism at relatively high deposition temperatures [29, 30]. After deposition,
the film/substrate are cooled to room temperature and thermal mismatch between the
metallic and ceramic layers results in the generation of tensile stresses in the as-deposited
films. The as-deposited films often exist in a metastable state since their grain size,
defect structure, and crystal structure may be far from equilibrium. High temperature
thermal annealing is often employed to obtain a more stable film structure, which is
typically the result of recovery, grain growth, and/or crystallization [28].

Numerous researchers have examined stress-relaxation and creep in thin metallic films on
thick substrates [33-41]. Most of the studies of thin film creep and stress-relaxation have
focused on understanding the complex shape of the stress-temperature curve for
film/substrate systems [34, 36-41]. Fewer studies have tracked the evolution of
stress/strain in thin films on substrates as a function of time during a temperature hold
[36]. In either case, researchers have laid a rather solid foundation for understanding the
mechanisms responsible for creep and stress relaxation in thin metal films on thick
ceramic substrates. One approach to understanding the mechanisms responsible for creep
and stress relaxation in thin metallic films relies on matching experiments and
mechanism-based modeling predictions [25, 26, 34, 36, 39]. Models incorporating both
diffusion and dislocation creep mechanisms have been successfully employed. One key
factor in determining the dominant creep mechanism, aside from loading factors such as
stress and temperature, is the presence of a surface passivation layer [34, 36, 39]. A
ceramic passivation layer suppresses surface diffusion and results in a thermo-mechanical
response that can be reasonably predicted with a power-law (dislocation) creep model
[39]. Predicting the creep response of unpassivated thin films generally requires models
that capture both diffusion and dislocation mechanisms [39]. It should be noted that in
contrast to self-passivating Al, metals such as Cu, Ag, Pt, Au do not form stable oxide
films and must be passivated by an externally applied capping layer [35].

Several recent studies have utilized Transmission Electron Microscopy (TEM) to perform
direct observations of the mechanisms controlling creep and stress relaxation in thin films
on substrates [41] and free-standing thin films [17]. In free-standing Au thin films,
Harris and King [17] concluded that diffusion of atoms along grain boundaries and
surfaces controlled material creep in a similar manner as described in [42, 43]. In
addition, the complete absence of observed dislocation activity in the small grain Au
films, coupled with the relatively high zero-creep stress, led the authors to conclude that
dislocation processes were not controlling creep rates. A related study on free-standing
fine grained Au concluded that dislocation (power-law) creep was the active mechanism
based on a stress exponent of approximately 6 ~ 7 in creep tests [26]. A complimentary
study demonstrated that coarse-grained thin Au films did not exhibit creep for equivalent
stresses and temperatures [25]. Recent in-situ TEM observations in Al films determined
that both dislocation and diffusion mechanisms can control the thermo-mechanical
response of the thin films [41]. The as-deposited Al films contained high dislocation
densities and a relatively small grain size. Initial thermal annealing resulted in both
recovery (dislocation annihilation) and grain growth. Diffusional processes were

33



determined to play an increasingly important role as dislocation processes were
exhausted during thermal exposure [41]. In summary, prior studies have shown that the
active deformation mechanism in metallic thin films primarily depends on stress,
temperature, time, grain size, film thickness, material, and passivation.

Thin metallic films deposited and pattered onto microcantilevers often share the same
initial material structure as thin films deposited onto thicker substrates. However, in
released microcantilevers, the ceramic substrate thickness is comparable to the thickness
of the metallic layer. Owing to the comparable layer thicknesses, the distribution and
magnitude of stresses in the microcantilever’s metallic layer is much different than in thin
films on thick substrates [44]. For example, the Si layer in the microcantilevers carries a
finite fraction of the stresses resulting in stresses as much as 70 % lower in the metallic
layer for an equivalent temperature change [44, 45]. It is also important to recognize that
bimaterial microcantilevers in MEMS often cannot be thermally annealed to high
temperatures typically employed in microelectronic thin film studies, T >> 200 °C. High
temperature exposure greatly alters the microcantilever initial position and can render it
dysfunctional for sensing and actuation. Since the microcantilevers are typically
subjected to a low temperature annealing process (T < 200 °C) prior to use, the deposited
thin metallic film exists in a metastable state during operation. The lower operating
stresses and metastable material structure are two key factors differentiating the study of
creep and stress relaxation in bimaterial microcantilevers from traditional studies of thin
films on thick substrates. Recent work on free-standing metallic thin films is more
applicable to bimaterial microcantilevers since the films have been studied in the as-
deposited state at lower temperatures and stresses [16, 25, 26].

Previous studies have examined the nonlinear thermo-elastic behavior [44], thermo-
mechanical cyclic response [27, 45], and creep behavior [18, 19] of Au/Si
microcantilevers and microplates. Prior creep and stress relaxation studies on Au/Si
microstructures have examined creep in plates and beams after an annealing temperature
of 190 °C and a hold temperature of 120 °C [18, 19]. The effect of different annealing
temperatures or hold temperatures was not considered. A power-law creep model was
shown to provide reasonable short-term creep and stress relaxation predictions for
bimaterial structures with the same thickness of Si [18]. However, when the thickness of
the Si was changed, which alters the stress distribution and magnitude in the Au layer, the
power-law model was incapable of predicting the creep response using the same Au
material properties. A surface passivation layer, in the form of an Atomic Layer
Deposition (ALD) coating, was shown to suppress creep and stress relaxation in the
Av/Si microcantilevers [19].

In the present study we examine creep in Au films on Au/Si microcantilevers. In order to
better understand the fundamental thermo-mechanics of creep, we focus on the effects of
hold temperature and initial annealing temperature on creep behavior. Along with
companion microstructural observations, the experiments provide insight into the
mechanisms controlling creep and stress relaxation in bimaterial microcantilevers.
Although the work only considers Au/Si microcantilevers, the results deliver a general
framework for understanding the thermo-mechanics of creep and stress relaxation in
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other metastable micrometer scale metallic films subjected to relatively low stresses and
temperatures. We mention that all results are presented using curvature as the basic
parameter. Although film stress is the preferred metric, the film stress and curvature are
not uniquely linked via the Stoney equation since the film and substrate thicknesses are
comparable. “

3.2 Materials and Methods

The gold/polysilicon (Auw/Si) beam structures were fabricated using the commercially
available Multi-User MEMS Process (MUMPS) [46]. The surface micromachining
process consists of a series of lithographic, thin-film deposition, and etching processes
standardized in the microelectronics industry. The relevant steps of the complete process
consist of first doping an n-type (100) silicon wafer with phosphorous from a POCl;
source. The doped wafer is then coated with a 600 nm Si3Ny4 layer through Low Pressure
Chemical Vapor Deposition (LPCVD), a process used for all subsequent depositions with
exception to the Au layer. This deposition is followed by the deposition, patterning, and
etching of a 500 nm Si layer (Poly 0). Subsequently, a 2 wm thick sacrificial film of
phosphosilicate glass (PSG) is deposited. Then, a 2 um thick polysilicon film (Poly 1) is
deposited on the PSG, patterned, and etched. A second 200 nm thick PSG film is then
deposited and the wafer is annealed at 1050 °C for one hour to dope the polysilicon with
phosphorus from both PSG films, and to reduce the residual stress in the polysilicon film.
The 200 nm PSG and 2 um polysilicon films are lithographically patterned and etched to
produce the desired microcantilever beam sizes. Another 0.75 um thick PSG film is then
deposited, followed by a second 1.5 um thick polysilicon film (Poly 2), and another 200
nm PSG film to serve as a mask for patterning and etching the Poly 2 layer to conform to
the desired beam shapes. This is followed by another annealing process to minimize
residual stresses and stress gradients in the polysilicon layers. Finally, a 99.999% 0.5 um
gold film is e-beam evaporated over a 20 nm chromium layer and lift-off patterned. The
substrate temperature is in the range of 70 °C to 110 °C during the deposition of the Au.
Finally, the Auw/Si microcantilevers are released from the substrate by etching away the
sacrificial PSG films in a 49% hydrofluoric acid solution.

Figure 3.2 is a SEM image of Au/Si bimaterial beams that are each 20 micrometers wide
with aspect ratios for cantilevers on each side ranging from 1:4 to 1:14. Support posts
connecting the beams to the substrate are visible in the center of each beam, creating free-
standing cantilever sections on each side of the posts after the release of the beams from
the substrate. The center beams consist of 3.5 wm thick polysilicon layers (Poly 1 + Poly
2) coated with a 0.5 um gold film. The beams on the left and right consist of 1.5
um thick polysilicon layers (Poly 2) coated with a 0.5 um gold film. In the present study,
we focus on the center beams, which show more moderate displacements as a function of
changes in temperature and time. The beam aspect ratio was found to have a negligible
influence on the creep behavior, other than facilitating possible premature contact with
the substrate for long beams curved in the negative direction. In this paper, results are
presented from relatively longer, higher aspect ratio microcantilevers that did not contact
the substrate during negative curvature excursions.
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Figure 3.2. FE-SEM images of Aw/Si bimaterial microcantilever beams suspended over a
Si substrate. The beams in the center have 0.5 wm Au on 3.5 um Si, while the beams on
the left and right have 0.5 um Auon 1.5 um 5i.

Entire MEMS chips with the bimaterial microcantilevers (Figure 3.2) were placed in a
thermal chamber capable of 0.1 °C temperature stability and a temperature range of —160
°C to 600 °C, The chamber has PID feedback controlled heating and cooling rates. Full-
field displacement measurements were made in-sifi as a function of temperature and time
with an interferometric microscope. Each measurement takes approximately 2 minutes in
order to stabilize the temperature and to obtain two repeat measurements. Measurements
were made through a small quartz window in the chamber. The full-field displacements
were converted to curvature by fitting a second order polynomial to one-dimensional
displacement profiles and then taking the second derivative of the function. The
curvature was basically uniform along the beam, justifying a second order polynomial fit.
All SEM work was performed using a field emission microscope operated at 10 keV
using an in-lens detector for extremely high-resolution imaging (1.6 nm @ 10 keV)
before and after thermal holding.

3.3 Experimental Results

Prior to presenting the results of thermal holding studies, we first discuss the initial
thermo-mechanical cycle of the Au/Si microcantilevers (Figure 3.3) [44, 45, 52]. After
release at room temperature, the beams have an initial curvature denoted by “As
Released” in Figure 3.3. During initial heating, the curvature in the beams decreases due
to the larger thermal expansion rate in the Au layer relative to the Si layer. The decrease
in curvature follows a linear thermo-elastic loading line until a critical temperature is
reached. At this critical temperature, the relationship between the curvature and
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temperature becomes non-linear and the rate of change in curvature as a function of
temperature rapidly decreases. The relatively flat curvature-temperature relationship
continues until a maximum temperature, Tmax, is reached and beam cooling is initiated.
The cooling response of the beams follows a linear thermo-elastic loading line dictated
by the thermal expansion coefficient mismatch between the Au and Si [44, 45].

A

Curvature

As Released

Hcating\\

Temperature
Figure 3.3. Schematic illustrating the initial curvature versus temperature response of a
released Au/Si beam.

Cooling is continued until a specified holding temperature, Thow, is reached. The values
Of Tmax and Thoig Will depend on the particular MEMS application. Often, Tholq is room
temperature, and T is chosen to tailor the final curvature value at the anticipated
operating temperature. In the creep and stress relaxation studies, Tmax is the “annealing”
temperature, while Thoiq is the creep “testing” temperature. All beams were held at Tmax
for 2 minutes unless otherwise noted.

Experimental data for the first thermal cycle of the Au/Si microcantilevers is shown in
Figure 3.4 [45]. In Figure 3.4 the solid dots represent incremental in-situ measurements
during heating and cooling. In creating Figure 3.4, the temperature was increased to a
respective Tpax value and then decreased to room temperature (25 °C). The value of Tax
was progressively increased by 25 °C each loading cycle. From a microcantilever design
perspective, the plot in Figure 3.4 forms a design space whereby the final curvature of the
microcantilever can be can be tailored by adjusting Tmax. Coupled with a particular beam
length, the curvature dictates the gap between the beam and the substrate as well as the
tip displacement during actuation. The linear loading and unloading lines can be
predicted by considering the thermo-elastic nature of the bimaterial microcantilever [52].
The transition from the initial linear curve during heating and the non-linear flattening of
the curvature-temperature response occurs precisely in the temperature range for Au film
deposition, 70 °C to 110 °C. It is also worthwhile to note that just past the onset of the
nonlinear curvature-temperature response, the curvature rises above zero. In later
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experiments, the curvature is observed to rise as high as 35 1/m during the initial heating
cycle, depending on temperature and hold time. We also conducted a thermal cycling
experiment between 25 °C and 190 °C on a bare 3.5 um polysilicon microcantilever. As
expected, the curvature did not change during the thermal cycle, but remained at a
constant value of 5 1/m. Consequently, the relaxed curvature of the bare polysilicon
layer, with equilibrated stresses, is expected to be approximately 5 1/m.

350 T T T T T
3m - —

250 -

150

Curvature (1/m)

100 I~

0 50 100 150 200 250 300
Temperature (°C)

Figure 3.4. Curvature versus temperature as a function of progressively increasing
maximum temperature values.

The initial thermal cycle of four duplicate chips is shown in Figure 3.5. The purpose of
this plot is to highlight the chip-to-chip variation in the results. The different data points
correspond to curvature-temperature measurements on chips all brought to Tyax = 190 °C
to be subsequently cooled to various Theig values. Since the chips show nominally similar
responses up to their respective hold temperatures, any variation in the hold behavior is
an artifact of the hold conditions. Note that the overall behavior of the chip brought to
Tmax = 190 °C and cooled to Thoq = 30 °C envelopes the response of the beam in Figure 4
which includes intermittent thermo-elastic heating and cooling.

Plots of curvature versus time for Tpax = 190 °C and various Theg values ranging from 30
°C to 150 °C are presented in Figure 3.6. The two different graphs in Figure 3.6 show the
results of identical experiments on duplicate chips, showing the same overall trends. The
curvature-temperature plots in Figure 3.6 show a decrease in curvature over time up to a
hold temperature of approximately 150 °C. The curvature of the beam held at 150 °C
decreases a small amount at the beginning of the test and then slowly increases during the
remainder of the testing period. Even the beam held near room temperature exhibits a
fairly large change in curvature over the 200 hour time period. The different curvature
values at the onset of the tests are consistent with the thermo-elastic cooling response of
the chips brought to different Ty values in Figure 3.5. In general, the curvature drop
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over time does not change dramatically with an increase in temperature. Several other
experiments were conducted to explore the trends in Figure 3.6, particularly the unique
behavior of the beam held at 150 °C.
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Figure 3.5. Repeatability of the initial curvature versus temperature response in four
duplicate chips used in thermal holding experiments.
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Figure 3.6. Curvature versus time for a maximum temperature of 190 °C and various
hold temperatures. The two different graphs show the results of identical experiments
conducted on duplicate chips.

Since the beam held at 150 °C did not exhibit a curvature drop at longer times, a
complimentary test was conducted with a 400 minute hold at Tmax = 190 °C rather than
the 2 minute hold employed for other measurements (Figure 3.7). During the 400 minute
hold at Tmax = 190 °C the curvature increased approximately 20 1/m, as evident from the
different initial curvature values for the two tests in Figure 3.7. The beam subjected to
the longer annealing time at 190 °C shows a steady curvature drop during the test, in
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contrast to the beam given a two minute hold at 190 °C. Towards the end of the test
(Figure 3.7) the curvature of the two beams intersects.
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Figure 3.7. Curvature versus time for a hold temperature of 150 °C and two different
hold times at 190 °C.

Two other experiments were conducted to explore the effect of Tmax on the subsequent
curvature drop in the beams during creep tests. In Figure 3.8, results are presented for
two different Tyax and Tyoq values.
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Figure 3.8 Curvature versus time for two different hold times and two different maximum
femperatures.
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The rate of curvature drop is higher for the beams brought to the higher Tmax, for both
hold temperatures. This result may be expected during the early stages of holding since
the curvature, and the thermo-elastic Au film stresses, are higher in the beams brought to
a higher Tpax value. However, at longer hold times, the curvature in the beams brought to
Tmax = 190 °C passes the beams brought to Tpax = 160 °C. The beams brought to Tpax =
160 °C only show creep at the very beginning of the thermal hold; for the remainder of
the hold, the curvature slightly increases or is or stable. The response of the beams
brought to Tmax = 160 °C in Figure 3.8 is very similar to the beam held at 150 °C in
Figure 3.6. The crossing of the creep curves in Figure 3.8 is a repeatable result
confirmed on several duplicate chips and beams. Apparently, from the results in Figure
3.8, the annealing temperature, Ty, has an effect on the thermal holding behavior aside
from increasing the initial Au film stress and microcantilever curvature.

In Figure 3.9, the experiments presented in Figure 3.8 are tested in the limit where Tpay is
equal to Thold.
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Figure 3.9. Curvature versus time for a hold temperature of 120 °C and two extreme
maximum temperatures.

In one experiment, a beam was brought to a Tmax value of 190 °C and then cooled to a
Thoia value of 120 °C. In a companion experiment, a beam was brought to a Tmax value of
120 °C and then held at 120 °C. One of the beams shows a gradual decrease in curvature
as a function of time while the other beam shows a gradual increase in curvature as a
function of time (Figure 3.9). The beam showing the increase in curvature is particularly
interesting since the increase brings the beam away from the equilibrium curvature of the
polysilicon layer and thus results in an increase in average tensile stress in the metallic
layer. The increase in curvature for beams held under Tpax = Thod conditions is further
explored in Figure 3.10 for extreme temperatures of 90 °C and 190 °C. From Figure
3.10, one observes that the increase in curvature occurs in the same manner, but at
dramatically different rates at 90 °C and 190 °C. At 190 °C, an equivalent curvature
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increase can be realized more than an order of magnitude faster than at 90 °C. This
anomalous increase in curvature, which is operating at all relevant temperatures, plays an
important role in the creep and stress relaxation of the bimaterial microcantilevers.
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Figure 3.10. Curvature versus log time at two extreme temperatures. At both extremes,
the maximum and hold temperatures are equivalent.

This observation is in contrast to traditional thin film-thick substrate thermal cycling
studies where inelastic strains typically bring the curvature towards a zero curvature point
from either the tensile or compressive film stress side, but does not result in the
generation of stress [34-36].

Figure 3.11 is a final experiment comparing the hold behavior at Thoa = 150 °C and 180
°C, for Tmax = 190 °C. The behavior of the beam held at 180 °C is much different than
beams held at lower temperatures. The beam initially experiences an increase curvature
followed by a rapid drop in curvature at longer hold times. Interestingly, the curvature
drops below the equilibrium curvature in the Si, well into the negative curvature realm.
The development of negative curvatures is again anomalous since this requires average
tensile stress generation in the nominally flat Si layer (5 1/m) and average compressive
stress generation in the Au layer. By definition, creep and/or stress relaxation in the Au
layer cannot drive these stress increases.

Surface observations were performed with a FESEM on as-released and thermally treated
Au cantilevers. Figure 3.12 is an image of the e-beam evaporated Au surface after
release. The microstructure contains grains with an approximate size of 500 nm (Figure
3.12a) and a sub-grain texture with a size on the order 10-50 nm (Figure 3.12b). The two
different magnifications are essential for elucidating the surface structure at different size
scales. We also would like to note that preliminary cross-sectional Transmission
Electron Microscopy (TEM) studies on as-released Au films on the microcantilevers have
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revealed a grain size on the order of the film thickness, an abundance of twins,
dislocations, and a pore free structure beneath the surface layer.
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Figure 3.11. Curvature as a function of time for a beam held at 180 °C compared to a
beam held at 150 °C. The maximum temperature was 190 °C in both experiments.

Figure 3.12. FE-SEM images of the as-released Au surface at (a) low and (b) high
magnification,
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Figure 3.13 presents SEM images of an Au surface on microcantilevers after being
exposed 10 Trax = 190 °C and subsequently held at Tyq = 150 °C for 200 hours. For a
hold temperature 150 °C and T.. = 190 °C, the surface structure of the material is
basically unchanged from the as-released state (Figure 3.12) at the resolution of the FE-
SEM. Images from beams held at temperatures lower than 150 °C also showed no
detectable change in surface structure.

(1] — | (L] — | mm
Figure 3.13. FE-SEM images of the Au surface after a 200 hour hold at 150 °C at (a) low
and (b) high magnification. The beam was brought to a maximum temperature of 190 °C
prior to holding.

Figures 3.14 and 3.15 present SEM images from the Au surface of microcantilevers held
at 180 °C for 100 and 200 hours, respectively.

Figure 3.14. FE-SEM images of the Au surface after 100 hours at 180 °C at (a) low and
(b) high magnification. The beam was brought to a maximum temperature of 190 °C
prior to holding.

In the case of the higher temperature hold, the sub-grain texture coarsens and grooving
occurs at the grain boundaries. In addition, hillocks grow out of the Au film, as seen at
the top of Figure 3.15a. The appearance of observable microstructural changes in the Au
films held at 180 °C is consistent with the anomalous curvature evolution in the beams
held at 180 °C (Figure 11). Figure 3.16 presents tilted side view images from (a) an as-
released beam and (b) a beam brought to Tpya, = 190 °C and subsequently held at Tyoq =
180 °C for 200 hours. These images highlight the formation of regular hillocks at the Au
surface,
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Figure 3.15. FE-SEM images of the Au surface after 200 hours at 180 °C at (a) low and
(h) high magnification. The beam was brought to a maximum temperature of 190 °C
prior to holding.
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Figure 3.16. Side view FE-SEM images of the beams (a) as-released and (b) after 200
howrs at 180 °C. The Au laver is on the tops while the two different polysilicon layers are
apparent. The samples are tilted at slightly different angles so the film thicknesses
appear different.

3.4 Discussion

The curvature evolution of bimaterial microcantilevers as a function of time is likely
dominated by inelastic strains in the Au film. The Si layer is assumed to be relatively
inactive during temperature holds since it has a relatively higher melting temperature and
ceramics typically posses a much higher creep resistance compared to metals — recall the
Si was annealed at 1050 °C. The accumulation of inelastic tensile creep strains in the Au
layer results in an overall expansion of the Au, a decrease in curvature (Figure 3.1), and
stress relief in both the Si and Au layers. As a consequence, the creep behavior of
bimaterial cantilevers is self-limiting since the accumulation of creep strains decreases
the stresses in the Au layer, reducing the driving force for creep. In fact, the active creep
mechanism depends on the relative combination of stress and temperature experienced by
the material as evident in deformation mechanism maps [47]. Therefore, it is possible for
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the creep of bimaterial beams to be driven by different deformation mechanisms if the
stresses in the Au film sufficiently relax.

To help understand the creep results, it is critical to quantify the relative magnitude of the
film stresses in the bimaterial beams. Since the film stresses are not uniquely related to
curvature, these stresses are only used as a relative guide rather than for presentation of
the results as is commonly done in thin film — thick substrate studies. In Table 3.1 we
present an overview of the temperatures and approximate stress values in the Au layer of
the beams at the onset of the creep tests, time = 0. The melting temperature (T, = 1338
K) and shear modulus (u = 32 GPa) for bulk Au were used in all normalizations. The
average tensile stress in the Au film, 0.y, at the onset of the creep tests was calculated by
assuming no stress at zero curvature and a temperature of Tmax = 190 °C. The stress was
then estimated at a given hold temperature by assuming the accumulation of stress during
cooling at a rate of 1 MPa/°C from recent calculations [44]. The stress value employed is
an average value even though a stress gradient exists in the Au film [44]. The average
stress is converted to deviatoric stress, 0, by dividing by V3.

Table 3.1. Homologous temperatures, estimated initial stress values, and normalized
shear stress values in the Au film for the various hold tests.

Thota (°C) Thotd/ T (K/K) Oave (MPa) @ time =0 os/W
30 0.23 160 29x10”
60 0.25 130 2.3x 107
90 0.27 100 1.8x10”
120 0.29 70 1.3x10”
150 0.32 40 72x10%
180 0.34 10 1.8x 107

Recently, a creep deformation mechanism map has been constructed for freestanding thin
film FCC Cu with a 3 um grain size [16]. On this map [16], the data in Table 3.1 closely
follows the constant creep rate contours for the freestanding Cu films. This overlay of
the present stress-temperature data and previous work on freestanding Cu thin films may
explain why the curvature changes in Figure 3.6 are not strongly dependent on T for
30 °C < Thoa < 120 °C. The overall curvature drops at 200 hours for the four
experiments at Tpog = 30 °C, 60 °C, 90 °C, and 120 °C were 31 1/m, 55 1/m, 35 1/m, and
37 1/m, respectively (Figure 6). From this data it is reasonable to conclude the effects of
stress and temperature on creep and stress relaxation balance each other over the ranges
experienced by the Au in Table 3.1. On the other hand, the behavior of the beams held at
150 °C and 180 °C deviates from the curvature evolution trends seen in beams held at
lower temperatures. In particular, the beam held at 150 °C shows almost no curvature
drop while the beam held at 180 °C shows a drastic drop in curvature (Figure 3.11).
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The unique curvature evolution of the beams held at 150 °C and 180 °C are the result of
intrinsic stress development from microstructural changes (different mechanisms for both
hold temperatures). For the beam held at 180 °C, this conclusion is drawn from the large
changes observed on the Au surface (Figures 3.14 — 3.16) coupled with the tendency of
the beam to pass the equilibrium curvature value of the Si (5 1/m) and generate stresses
(Figure 3.11). If extrinsic stresses, such as those induced in the Au and Si by thermal
mismatch, drove the curvature drop in the beam held at 180 °C, the curvature would not
be expected to become negative, but to approach 5 1/m. The driving force to bend the Si
in a negative direction must come from microstructurally forced expansion of the Au.
The higher resolution FESEM image of the Au surface (Figure 3.15b) reveals the
apparent removal of atoms in the grain boundaries close to the surface. These “corner”
atoms are either migrating towards the Au/Si interface or towards the surface of grains.
Migration of Au atoms towards the interface would effectively lengthen the Au film and
result in the development of negative curvature. The driving force for the diffusion of the
atoms in the boundaries is currently unclear. Side view images of the beams after the
high temperature hold showed the formation of Hillocks in addition to the
aforementioned microstructural coarsening mechanisms (Figure 3.16). Hillock formation
generally occurs in an effort to relive compressive film stresses [37, 38]. In this sense,
the hillocks are helping to relieve the compressive stresses generated by the
aforementioned microstructural coarsening mechanisms during the thermal hold.

The beams held at 150 °C show no curvature drop after a few hours, and even begin to
show a gradual increase in the curvature. This experiment, along with others to be
discussed, reveals a counterbalancing effect to the creep and stress relaxation of the Au
films. This counterbalancing process acts to generate curvature and stress away from the
equilibrium curvature of the Si, consequently, it is likely driven by thermally activated
microstructural changes.  Moreover, the microstructural changes occur without
observable evolution of the grain structure (Figure 3.13), in an apparent effort to lower
the metastable energy state of the Au. Based on these observations, the process is
considered a microstructural thermal “recovery” process. The thermal recovery process
is most evident when creep and stress relaxation effects are minimized by lowering
curvature and film stresses (Figure 3.9, 3.10), but is presumably active to some degree
during all tests. The degree of recovery depends very strongly on the temperature and
time (Figure 3.10), and is not likely strongly dependent on stress. At relatively low
temperatures (T < 175 °C) and hold times, we propose that the time dependent inelastic
strain, €;,, of the Au films on the microcantilevers is governed by:

en=¢.(0, T, t) — (T, t) 3.1

In Equation 3.1, . is the creep strain while ¢, is the recovery strain. The creep strain will
change sign based on the applied stress, o, but the recovery strain will always be
subtracted from the total inelastic strain since it acts to spontaneously contract the film
and generate positive curvature (Figures 3.1, 3.10). The form of Equation 3.1 is
consistent with internal state variable plasticity [48] and temperature dependent
constitutive laws that consider a hardening minus recovery format for bulk FCC metals
[49]. We will now explain some of the experimental observations based on the above
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partitioning of the inelastic strain into creep and recovery components. Following this
discussion we will present results from a finite element model of the microcantilever
beams that uses a constitutive relationship for the Au based on Equation 3.1.

During an isothermal hold experiment, both the creep and recovery terms will be active.
The curvature evolution as a function of time will depend on the relative dominance of
one inelastic deformation mechanism over the other. At low temperatures and high stress
values, creep rates are relatively high and will dominate over recovery rates. On the
other hand, at low stress values and high temperatures, recovery rates will dramatically
increase and can potentially overcome creep rates. For example, experiments on as-
released Au/Si microcantilevers held at room temperature, Tax = Thoia = 25 °C, showed a
gradual and significant increase in curvature over time, presumably due to recovery, for a
hold period of a year [50]. Microcantilevers held at room temperature (Tpoq = 25 °C)
after a thermal annealing at Tp.x = 180 °C, showed a creep response over the year hold
period, consistent with the results here [50]. The curvature increases (decreases) that can
be caused by creep (recovery) in the Au films during 200 hour holds have similar orders
of magnitude (Figure 3.9). Therefore it is reasonable that recovery in the Au film could
serve to counter balance creep for a given combination of stress and temperature. As an
example, in Figure 3.7, the beam held at 150 °C shows a very slight overall recovery
response after being brought to 190 °C for 2 minutes but an overall creep response after
being brought to 190 °C for 400 minutes. According to Figure 3.10, at 190 °C, 2 minutes
is enough time to recover a curvature of 8 1/m while 400 minutes is enough time to
recover a curvature of 36 1/m. The more complete exhaustion of the Au recovery,
coupled with the increase in the average tensile Au film stress during recovery, leads to
creep in the beam held for the longer time at Tmax = 190 °C (Figure 3.7). The results in
Figure 3.7 help to show the importance of Au recovery in determining the overall
curvature change during hold experiments. However, the change in recovery in the
experiment in Figure 3.7 is accompanied by a change in initial stress during holding so it
is not obvious which change is driving the different response of the beam held at a higher
Tmax‘

We believe that recovery in the Au layer dominates the deviation from linear thermo-
elasticity observed during the initial thermal heating cycle (Figures 3.4 and 3.5).
Recovery initiates near the substrate temperature during deposition (around 70 °C to 100
°C) and progressively increases as the temperature is raised to about 200 °C. At
temperatures above 200 °C, such as 225 °C in Figure 3.4, the curvature-temperature
response begins to move downwards, marking the end of the recovery period (Figure
3.4). The total amount of recovery due to inelasticity in the Au can be estimated by the
difference in the curvature at a given temperature during the first thermal cycle and the
curvature assuming thermo-elastic deformation during heating. With this, the amount of
recovery expended during the first thermo-mechanical cycle will depend on the
maximum temperature, and time at that maximum temperature. For example, if a beam
is only brought to 160 °C, then the curvature expended due to recovery is smaller than the
recovery expended for a beam brought to 190 °C. Based on the above, another advantage
of the inelastic strain partitioning in Equation 3.1 is the potential to predict the initial
thermo-mechanical cycle in addition to the creep behavior during subsequent holds.
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The importance of the competition between creep and recovery in the Au film is most
obvious in Figure 3.8. Since the results in Figure 3.8 are qualitatively the same for the
two different hold temperatures, we focus here on the beams held at 120 °C. One of the
beams was brought to 160 °C prior to cooling while the other was brought to 190 °C prior
to cooling. The two maximum annealing temperatures will result in two differences in
the beams. First, according to Figure 3.4, the initial curvature (average Au film stress) of
the beam brought to a higher temperature will be higher, as is seen in Figure 3.8.
Secondly, the beams brought to the higher temperature will experience more recovery in
the Au, partially expending this deformation mechanism for the subsequent creep test.
During the thermal hold (Figure 3.8) the beam brought to 190 °C experiences more
overall creep compared to the beam brought to 160 °C. The curvatures even pass each
other around 50 hours, and the beam brought to 190 °C creeps faster despite a smaller
stress level. The results in Figure 3.8 decisively demonstrate that recovery in the beam is
very critical to determining the overall curvature response during a thermal hold.

The final experimental results to be discussed are presented in Figure 3.11. In Figure
3.11, the curvature evolution at 180 °C demonstrates the rapid exhaustion of recovery in
the Au and the subsequent dominance of yet another mechanism dictated by different
microstructural evolution. Prediction of the curvature evolution for the 180 °C hold
would require the creep and recovery terms in Equation 3.1, along with another term to
account for the drop in curvature below the equilibrium Si curvature resulting in the
generation of average compressive Au film stresses. The incorporation of numerous
inelastic strain terms to account for various competing microstructural mechanisms is
addressed in the framework of internal state variable theory for metals [48, 49]. Based on
the current experiment, it is not certain if the new mechanism operating in the beams held
at 180 °C will activate during long holds in beams held at moderate temperatures.
However, the curvature response of the beam held at 180 °C does prove that the beams
showing a relatively flat curvature time response, can expend the Au recovery and may
begin to experience curvature changes during longer hold periods.

The present results provide some insight into the mechanisms controlling both creep and
recovery in the Au. From preliminary studies on Au/Si microcantilevers, we know that a
ceramic passivation layer will completely suppress creep [19] but have less effect on
recovery [45] in the Au layer. The suppression of creep by the passivation layer may
imply either a mitigation of surface diffusion or a decrease in dislocation mobility due to
surface drag and repelling dislocation image forces. Recent results on thin film Cu [39]
concluded that power-law dislocation based creep, by itself, could predict the thermo-
mechanical response of passivated films. On the other hand, they revealed that predicting
the thermo-mechanical response of unpassivated films required both grain boundary and
surface diffusion coupled with a model accounting for dislocation activity. In the Au/Si
microcantilevers, it is possible that a combined surface diffusion and dislocation creep
model is necessary for predicting the evolution of creep strain, &.. Such a combined
model seems particularly important since the normalized temperature and stress values lie
near the border of power law and diffusional creep regimes on a deformation mechanism
map for FCC films [16].
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The mechanism responsible for recovery in the Au is linked to the metastable as-
deposited structure of the Au. Possibilities for intrinsic stress development due to
‘recovery include grain growth [29-32, 41], dislocation annihilation [41], or possibly twin
boundary motion (twins were discovered in the as-released Au film). Currently,
transmission electron microscopy (TEM) studies are being performed to ascertain the
active deformation mechanism during recovery. Recent TEM studies [41] have show
that during thermal exposure, dislocation annihilation rate decreases and diffusional
processes become dominant. This observation is consistent with our concept of the
recovery being exhaustible for a given exposure to temperature and time. Moreover, a
very new study has observed yielding and flow in thin Cu films near zero stress during
the first thermomechanical cycle, similar to the curvature-temperature response observed
here [51]. The authors in [S1] attributed the anomalous thermo-mechanical behavior to
the recovery of misfit dislocations.

3.5 Conclusions

1. Bimaterial Au/Si microcantilevers subjected to an isothermal hold experience
changes in curvature as a function of time. The curvature of the microcantilever
is observed to increase, decrease, and/or remain stable depending on hold time,
hold temperature, and maximum annealing temperature. Creep, stress relaxation,
recovery, and microstructural coarsening (with hillock formation) in the metallic
Au layer control the complex curvature evolution in the bimaterial
microcantilevers.

2. Atrelatively low hold temperatures, 30 °C < T < 175 °C, the inelastic response of
the Au film is a combination of creep and recovery. Tensile creep strains in the
Au film, at relatively low temperatures and high stresses, results in a drop in
positive curvature and a decrease in tensile film stresses. Due to thermo-elastic
cooling of the Au/Si bimaterial structures, the stress in the Au layer is larger
(smaller) for creep tests performed at lower (higher) temperatures. Consequently,

the creep rate of the beams is rather independent of hold temperature up to 120
°C.

3. Recovery in the Au film serves to contract the Au, increase curvature, and result
in increased intrinsic tensile stresses in the film. The recovery process is
controlled primarily by temperature and time, and recovery becomes significant at
moderate hold temperatures (120 °C < T < 175 °C). The amount of recovery in
the Au depends on the maximum annealing temperature and recovery can be
expended during initial thermal exposure. The relative amount of recovery
expended prior to and during a creep test influences the overall curvature
evolution in the beams. For particular combinations of thermal annealing
treatment and thermal holding, recovery balances the creep and minimal change
in curvature is observed over time.
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4. At relatively high hold temperatures (T > 175 °C), recovery is rapid and the
curvature evolution is dominated by observable microstructural coarsening and
hillock formation. The microstructural coarsening is marked by the depletion of
the atoms from the region where the grain boundaries intersect the surface. The
aforementioned process results in an effective lengthening of the Au film and
significant negative curvature development.
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4 The Strength of Gold Nanowires

Atomistic simulations are used to investigate the yield strength of experimentally
observed atomic and nanometer scale gold wires. The atomistic predictions of strength
are quantitatively consistent with discrete experimental measurements and they reveal the
mechanisms for increasing nanowire strength with decreasing dimensional scale.
Distinct transitions in yield strength and yield mechanism are discovered. At nanometer
scales (diameter > 1 nm), the mechanism for strengthening involves the scarcity and low
mobility of dislocations coupled with constraint from tensile surface stresses. As the
wires approach the atomic scale (diameter < 1 nm), an increase in strength occurs
concurrent with a surface-stress-induced change in the stable structure of the nanowires
and the absence of dislocation-mediated yield. The results constitute a new fundamental
understanding of strength in metallic nanowires spanning technologically relevant
dimensional scales.

4.1 Introduction

Strength is one of the most fundamental and significant mechanical properties of a
material; it measures the basic capacity to bear load. The yield, or fracture, of a material
results in a decrease, or complete loss, of load bearing capacity and, in most cases, loss of
functionality. Throughout history, the implementation of stronger materials in technology
has assisted the development of smaller, lighter, faster, and more robust devices. Recent
advances in experimental tools have facilitated strength measurements in metal
nanowires and nanostructures down to single atomic chains''®. The fledging field of
nanotechnology provides motivation for a comprehensive understanding of the strength
of materials down to nanometer and atomic scales. The realization of devices with
nanometer scale elements hinges on the ability of low-dimension materials to sustain
mechanical loads during fabrication, assembly, and operation.

For quite some time, theoreticians have opined that smaller is stronger'. That is, as the
dimensional scale of a material is reduced, yield strength should increase accordingly. A
collection of experimental yield strength measurements on 99.99% pure gold (Au) is
presented in Figure 4.17'°. In Figure 4.1, stress, the basis for measuring strength, is
defined as force per unit cross sectional area''. Figure 4.1 reveals a substantial and
systematic increase in measured strength with decreasing dimensional scale. Figure 4.1
includes classical and atomistic theoretical predictions of the “ideal” yield strength of
bulk single crystal Au in the absence of crystalline defects”'”. The classical and ideal
theoretical strength is considered an upper bound on yield strength since it is based on the
coordinated shearing of two adjacent atomic planes in the absence of defect nucleation
from surfaces or structural inhomogeneities'”.

In light of ideal strength predictions, the strength increase observed traversing the
micrometer size scale is readily explained based on dislocation mechanics. Drawn
microwires and deposited nanofilms both exhibit yield under applied stress’?, and
possess yield strengths below ideal theoretical predictions for bulk single crystal Au
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(Figure 4.1). In polycrystalline drawn metal whiskers or deposited thin films, the tiny
grain size and small lateral dimensions restrict dislocation activity, driving an increase in
yield strength relative to normal bulk materials. However, nanofilms and microwires
ultimately experience dislocation-governed plasticity and thus their yield strength values
are below the ideal theoretical values for bulk materials. As the dimensional scale of the
Au samples approaches the nanometer range, processing techniques usually result in
single crystal structures that demonstrate quantized plasticity or discrete yielding events™

The measured yield strength of the nanowires undergoing quantized plasticity is
typically above theoretical predictions predicated on a seemingly more difficult
coordinated shearing of atomic planes’’.
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Figure 4.1. Ideal predictions’* and experimental measurements’ '’ regarding the yield
strength of 99.99% pure Au as a function of lateral specimen dimension. The data shows
a systematic trend towards stronger materials as the lateral specimen dimension is
reduced towards the atomic scale. At discrete experimental length scales, the materials
in the nanometer to micrometer range all demonstrate yielding, while single atom chains
undergo atomic separation. The relative sizes of various natural substances are included
for reference.

The transition from the nanometer to atomic scale provokes another increase in strength
and ultimately the departure of quantized yield behavior. As may be expected, single
atom chains do not undergo yield per se, but rather experience ideal tensile atomic
separation. Previous experimental'>'*?' and theoretical'>'®'®*?2* studies have examined
the formation of a single atom chain through the necking of an atomic point contact.
However, prior studies have not analyzed variations in stable nanowire strength with
systematically decreasing cross sectional area approaching the single chain wire. As a
result, yielding and strength in nanometer and atomic scale wires is not understood from
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a universal perspective. In particular, it is critical to understand the transition from
experimentally observed quantized plastic flow in nanowires to perfect atomic separation
in single atom chains.

We study the initial yield of atomic and nanometer scale Au wires using computational
atomistic simulations. We focus on initial yield behavior since nanowires experience an
instantaneous drop in load carrying capacity>® and functionality, e.g. conductance®'"?!,
upon yielding. The aforementioned behavior contrasts that of bulk materials, which
typically experience strain hardening after initial yield up to their ultimate tensile
strength. In this sense, the initial yield point of nanowires is analogous to the ultimate
tensile strength of bulk materials, both of which occur concurrent with geometric
instability (necking). We consider three classes of Au wires which are stable at lateral
dimensions spanningig individual atoms to nanometers: (1) Atomic wires consisting of
single atom chains”'*'%!? (2) Multishell wires with cylindrical or helical packing 528
and (3) Face-centered-cubic (fcc) <110> wires with a rhombic cross section and {111}
transverse surfaces’”’. As indicated by respective references, the structural stability of
the various wires has been confirmed by experimental observations. However, a
seamless understanding of the mechanical behavior and yielding mechanisms for wires

spanning these size scales does not exist.

4.2 Materials and Methods

With exception to the single atom chain predictions, all simulations were performed
using the Embedded Atom Method (EAM)*°. Simulation of a single atomic chain with
EAM is questionable unless potentials are fit to properties relevant to these extreme low-
coordination systems. Results for single atomic chains were extracted from a prior study
using ab initio simulations'®. In the EAM framework, the total energy of the atomic
system is comprised of a pair potential term and an embedding energy term. The
embedding energy is based on the energy required to place a host atom into the
background electron density of surrounding atoms. The background electron density in
EAM is composed of spherically averaged contributions from neighboring atoms. The
EAM framework facilitates computation of relatively larger wires while still capturing
electron density coordination effects critical to free surfaces and small wires. The EAM
potentials for the present simulations were parameterized to fit the sublimation energy,
equ3i01ibrium lattice constant, elastic constants, and vacancy formation energy in bulk
Au™.

The <110> nanowires were created by initially placing atoms in positions representative
of a bulk fcc lattice. We then anneal the nanowires in a molecular dynamics framework
by gradually raising the temperature from 2 K to about 300 K, holding, and then
gradually lowering the temperature to 2 K. We then further relax the nanowire using an
energy minimization method. Larger <110> nanowires retain their fcc structure during
the entire process, while smaller nanowires form the experimentally observed multishell
structure. The multishell structures generated this way are generally not uniform
throughout the length. We examined the shell structures and then created wires with
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uniform shell structures. Finally, we annealed the wires to determine their equilibrium
configurations.

Starting from the equilibrium configurations of the nanowires, we performed uniaxial
tensile loading on the nanowires until yield. Specifically, we displaced all the atoms in
accordance with a prescribed uniform strain in the length direction, fixed the length and
then dynamically relaxed the nanowires at 2 K for 200 ps with a 0.004 ps per time step to
obtain the equilibrium configurations of the nanowires at the prescribed strain. The
equilibrium state of the nanowires was determined by allowing the stress to saturate as a
function of time. The nanowires typically reach equilibrium after 100 ps and the stress
averaged over the second 100 ps is used as the stress of the nanowires. We use the virial
stress for a system of atoms, which is equivalent to the Cauchy stress in the average
sense’ ', Atoms in the fee structure were visualized according to the slip vector, which
locatcg atoms that have sheared relative to one another, marking dislocations and stacking
faults .

4.3 Results and Discussion

Three-dimensional perspective images of representative rhombic and multishell Au wires
are shown in Figures 4.2a and 4.2b, respectively.

(a) (b)
Figure 4.2. Equilibrium structures for two representative Au nanowires with different
lateral dimensions: (a) Relaxed atomic positions of a 2.2 nm rhombic wire with a <110>
axis orientation and {111} side surfaces. (b) Relaxed atomic positions of a 0.7 nm
multishell wire. The tensile stress-strain responses of the nanowires in (a) and (b) are
presented in (c).

Consistent with experimental observations, the wires in Figure 4.2 represent stable
structures for respective sizes determined by “annealing”™ the wires, followed by energy
minimization using embedded atom method potentials for Au®. The multishell wire in
Figure 4.2b was predicted by annealing an original structure resembling a small <110>
fce wire. Although the rhombic wire in Figure 4.2a was created by initially placing
atoms in their fec positions with appropriate orientations, the atomistic model also
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predicts the formation of the low-energy rhombic wire in Figure 4.2a from a <100> wire
through surface-stress-driven reorientation?’. The rhombic and multishell structures are
both highly stable configurations for nanowires because they minimize the total wire
energy, which consists of a significant surface energy contribution.

Tensile stress-strain curves for the representative wires in Figures 4.2(a,b) are presented
in Figure 4.2c. The rhombic and multishell wires show an elastic loading stage,
characterized by monotonically increasing stress with increasing applied strain, followed
by a yield point marked by a sudden stress drop. The elastic modulus (slope of the stress-
strain curve) for the <110> wire is lower than the modulus of the multishell wire. The
calculated elastic modulus of the <110> wire is consistent with continuum mechanics
predictions at small strains for this orientation aside from differences due to the existence
of the free surfaces and edges. At larger strains, both materials demonstrate nonlinear
elasticity as predicted by the curvature in the atomic potential functions at larger atomic
separations.

The incipient yield points in the nanowire stress-strain responses (Figure 4.2c) are
defined as the yield strengths of the wires. Following yield, and the sudden stress drop,
the wires undergo elastic deformation followed by additional yield events or so-called
quantized plastic flow®. Based on the results in Figure 4.2¢c, the multishell nanowire is
considerably stronger than the fcc rhombic nanowire. Figure 4.3 presents simulation
predictions of nanowire yield strength as a function of lateral wire dimension.
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Figure 4.3. Experimental measurements and simulation predictions of tensile yield
strength as a _function of size scale. All simulation predictions are from an embedded
atom model” with exception to the single atom chain predictions, which are from ab

initio simulations’. Experimental measurements and the atomistic ideal strength
prediction are the same as shown in Figure 4.1 >

Relevant experimental measurements and ideal strength predictions from Figure 4.1 are
included in Figure 4.3, and the stable wire structure is indicated along the top of the
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figure. The simulation results in Figure 4.3 represent predictions since the potentials
were parameterized to bulk properties of Au rather than nanowire specific properties or
dislocation properties. The agreement between discrete experimental measurements and
modeling predictions is remarkable and supports the utility of semi-empirical atomistic
calculations. ~ Experimental strength measurements are currently not available at
intermediate wire sizes, particularly the size range where the multishell wires are stable.

For the <110> rhombic nanowires, the simulations predict strength values commensurate
with experimental observations (Figure 4.3). Detailed investigation of the simulation
results reveals that tensile surface stresses from the {111} side surfaces inhibit nanowire
yield. The {111} surfaces naturally contract relative to the nanowire core due to the
existence of tensile surface stress. Without any externally applied force, the tensile
surface stresses generate an “intrinsic” compressive stress in the wire core’’. At
equilibrium, the tensile forces on the surface balance the compressive forces in the
interior of the wire. Although this intrinsic stress exists in all solid materials, its
magnitude increases with decreasing dimensional scale and is significant only for
nanometer scale materials. For example, the intrinsic compressive stress in a 7 nm
<110> nanowire with {111} side surfaces is on the order of 1 GPa based on a {111}
surface stress of 1.8 J/m”. Intrinsic stresses on the order of GPa can alter the yield
strength of a nanowire relative to ideal classical or atomistic theories. The surface stress
induced intrinsic stress in macroscopic solids, averaged over the large core cross section,
is on the order of Pa, a negligible value.

During tensile loading, the stress in the interior of the wire changes from a compressive
to a tensile state, and ultimately the wire yields under tension. Thus, the applied tensile
force must overcome the surface-stress-induced intrinsic compressive stress in the wire
core. The effect of surface stress constraint is not considered in ideal theoretical strength
predictions for bulk materials (Figure 4.3). For example, classical and atomistic ideal
yield strengths for bulk Au are 1.48 GPa and 3.56 GPa, respectively (Figure 4.1). The
classical and atomistic tensile strength values increase by 67% and 28%, respectively,
with consideration of an opposing 1 GPa intrinsic compressive stress. Furthermore, the
predicted increase in the strength of the <110> rhombic wires, with a decrease in size
from 6 nm to nearly 1 nm (Figure 4.3), is caused by an increase in the intrinsic
compressive stress, which scales with 1/d, where d is the lateral dimension of the wire.
In fact, at very small wire sizes, a properly oriented wire can experience compressive
yield under the exclusive influence of surface stresses”. Experimental measurements of
asymmetric strength in nanowires (lower strength in compression versus tension)®
partially support the existence of intrinsic compressive stresses in nanowires, although
the nucleation of unidirectional partial dislocation systems can also contribute to strength
asymmetry. The intrinsic stress effect is only critical at very small nanowire sizes (less
than 10 nm in diameter) and other size dependent mechanisms, which alter resistance to
plastic flow, are clearly operating as size scale spans nanometers to microns (Figure 4.1).

A somewhat auspicious agreement is discovered between the atomistic predictions of

nanowire strength and the ideal strength calculated using bulk atomistic simulations. In
particular, Figure 4.3 shows quantitative agreement between the ideal strength from
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atomistics and the predicted strength of nanowires in the size range of 1-2 nm. In reality,
the predicted strength of the nanowires, relative to ideal theoretical predictions (Figure
4.3), is a counterbalance of strength enhancement from intrinsic surface stress constraint
and strength reduction due to the availability of free surfaces and corners for defect
nucleation. The free surfaces and corners act as favorable sites for heterogeneous defect
nucleation, resulting in a lower predicted strength value relative to homogeneous slip
assumed in ideal strength predictions for bulk materials. On the other hand, as wire size
increases, the surface-stress-induced intrinsic compressive stress diminishes and the
predicted nanowire strength gradually falls below the ideal theoretical value. Additional
surface features, such as ledges and steps, can further lower the barrier to dislocation
nucleation and decrease the strength of nanowires.

A distinct transition in yield strength is discovered traversing the 1 nm size scale. The
strength values for wires smaller than 1 nm are under-predicted by ideal strength theories
based on the fcc structure. The drastic increase in yield strength occurs concurrently with
a change in wire structure from a fcc thombic <110> wire to a non-fcc multishell wire.
The embedded atom model predicts this structural change in line with experimental
observations”?®. The systematic strength increases in the multishell nanowires heads
towards the strength of the single atoms chain (Figure 4.3). The 1.0 nm multishell wire
contains two shells surrounding a single atom chain, while the 0.7 nm multishell wire
contains one shell surrounding a single atom chain (Figure 4.2b). Smaller multishell
structures are not possible because removing the final outer shell results in a single atom
chain (Figure 4.2b). The strength level of single atom chains has been previously
examined using ab initio simulations, which account explicitly for electronic degrees of
freedom in calulations'®. These first principal calculations have reasonable agreement
with experimental measurements for single atom chains (Figure 4.3). At present, ab
initio simulations are impractical for the larger wires in the present study due to
computational limitations.

To explain the dependence of strength on wire size, we examine the yield mechanisms in
representative nanowires. Figure 4.4 provides a series of images during the initial yield
of the <110> rhombic wire in Figure 4.2a. Only a portion of the wire is shown and the
wire is viewed edge-on (Figure 4.4a). Blue atoms correspond to atoms that have not been
sheared, while colored atoms correspond to slipped atoms. Yielding in the rhombic
<110> nanowire is controlled by the nucleation and sudden propagation of partial
dislocations from near the wire edge. Figure 4.4b shows the wire at the onset of yield
where a small group of edge atoms (colored in green) begin to slip. Almost
instantaneously, two leading {111}<112> partial dislocations nucleate and propagate
across the wire cross-section on {111} planes leaving stacking faults (Figure 4.4c).
Following the onset of yield, a few adjacent planes undergo slip (Figure 4.4d). During
the yielding, the sample experiences a reduction in cross-sectional area (necking), evident
in Figures 4.4(c-f). Ultimately, stacking faults remain on only one of the initial slip
planes (Figure 4.4f). Rhombic <110> nanowires with other sizes studied here yield via
the same mechanism presented in Figure 4.4. The yield mechanisms in the <110>
rhombic nanowires are fundamentally the same as observed plastic flow mechanisms in
bulk fcc Au. However, the nanowire yield is controlled by the nucleation and
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propagation of a few partial dislocations, and the wires yield under the combined
influence of applied forces and surface-stress-induced intrinsic stresses. The nucleation
of dislocations in a perfect <110> nanowire occurs near the edge of the wire, an
unavoidable geometrical feature attributed to the faceted nature of small single crystals.
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Figure 4.4. Yield mechanism in the 2.2 nm <110> rhombic nanowire. (a) indicates the
viewing direction for images in (b-f). Atoms are colored according to their slip vector”,
which is equal to 1.67 for partial <112> dislocations and 2.89 for perfect <110>
dislocations. Yield occurs by the sudden nucleation and propagation of leading <112>
partial dislocations on {111} planes.

The yield mechanisms in the multishell nanowires are illustrated in Figure 4.5 for the
smaller multishell nanowire (one shell and single atom core). Yielding in the multishell
nanowire is controlled by local tensile bond fracture at the wire surface, followed by
relative shear of surrounding atoms. Figure 4a shows the atomic positions in the
multishell nanowire just prior to yielding. Yield nucleates at an atomic triple junction on
the wire periphery near the center of the wire (Figure 4.5b). The local tensile fracture of
the atomic bond between the three surface atoms results in stress relief along the
fractured chain, a reduction in cross sectional area, and the formation of a point-like
defect at the wire surface (Figures 4.5(b-¢)). Subsequent yield occurs through the
shearing of adjacent atoms leading to further wire necking (Figures 4.5(f-j)). Larger
multishell nanowires (two shells and single atom core) yield by a similar two-staged
mechanism depicted in Figure 4.5. The yield mechanism in the multishell nanowire
represents a noteworthy departure from dislocation plasticity observed in bulk fec solids
and larger fcc nanowires. In fact, the yield mechanism in the multishell wires 1s an
intriguing compromise between perfect atomic separation forced in single atom chains
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and dislocation plasticity in larger fcc nanowires. The unique yield mechanism in the
multishell nanowires explains the transitional strength values predicted in this nanowire
relative to larger and smaller nanowires (Figure 4.3).

MNucleation Point

Figure 4.3. Yield mechanism in the 0.7 nm multishell nanowire. Yield occurs by the

nucleation of local tensile fracture in an atomic triple junction on the wire periphery

(see center of images a-e). Subsequent shearing of adjacent atoms propagates yield
across the cross section of the nanowire (f-f).

In closing, we mention that our simulations have only considered perfect single crystal
nanowires in a limited size range. It is still necessary to examine nanowires larger than
10 nm as significant size scale effects are observed as wire size traverses the 10 nm to
1000 nm range (Figure 4.1). Additionally, the effect of pre-existing defects and
|mpur1t1cs on nanowire strength merits study. Owing to their small ovcrall volume,
nanowires are extremely sensitive to defects such as stacking faults™®, pre-existing
dislocations, surface ledges, and impurities. For example, Au nanowires are often
chemically grown in solution and may contain impurity atoms in their core or on their
surface. Knowing the significant influence impurity atoms have on bulk materials, it
seems absolutely critical to understand the effect of impurities on the strength of
nanowires. It is possible that the aforementioned structural features may change the
nanowire yield response significantly from what is predicted herein.

4.4 Conclusions
We have presented a fundamental understanding of the strength of nanometer scale Au

wires, Nanowire strength is considerably higher than bulk materials, depends on wire
size, and cannot be predicted by ideal bulk strength theories. Atomistic simulations
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reveal that size-dependent nanowire strengths for wires under 10 nm in diameter, are
influenced by wire structure, surface stress, and defect formation mechanism. Free
surfaces are critical to the mechanical behavior of nanowires because they lead to
intrinsic compressive stresses and dislocation resistant wire structures, both of which
drive increases in tensile yield strength consistent with experimental measurements. Free
surfaces also serve as favorable nucleation sites for defects in perfect nanowires, driving
analogous decreases in tensile yield strength. The quantitative and qualitative agreement
between experimental measurements and atomistic predictions highlights the utility of
semi-empirical atomistic tools for examining the mechanical behavior of nanometer scale
materials.
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5 Atomistic Simulations of the Yielding of Gold
Nanowires

We performed atomistic simulations to study the effect of free surfaces on the yielding of
gold nanowires. Tensile surface stresses on the surfaces of the nanowires cause them to
contract along the length with respect to the bulk fcc lattice and induce compressive
stress in the interior. When the cross-sectional area of a <100> nanowire is less than 2.45
nm x 2.45 nm, the wire yields under its surface stresses. Under external forces and
surface stresses, nanowires yield via the nucleation and propagation of the {111}<112>
partial dislocations. The magnitudes of the tensile and compressive yield stress of <100>
nanowires increase and decrease, respectively, with a decrease of the wire width. The
magnitude of the tensile yield stress is much larger than that of the compressive yield
stress for small <100> nanowires, while for small <l11> nanowires, tensile and
compressive yield stresses have similar magnitudes. The critical resolved shear stress
(RSS) by external forces depends on wire width, orientation and loading condition
(tension vs. compression). However, the critical RSS in the interior of the nanowires,
which is exerted by both the external force and the surface-stress-induced compressive
stress, does not change significantly with wire width for same orientation and same
loading condition, and can thus serve as a “local” criterion. This local criterion is
invoked to explain the observed size dependence of yield behavior and
tensile/compressive yield stress asymmetry, considering surface stress effects and
different slip systems active in tensile and compressive yielding.

5.1 Introduction

Metal nanowires are of technological importance due to their potential applications in
miniaturized electrical, optical, thermal and mechanical systems. Nanowires have a very
large surface-area/volume ratio as compared to bulk materials and their structures and
properties can be quite different than those of bulk materials [1-17]. The use of
nanowires in emerging technologies demands a thorough understanding of their
structures and properties.

Mass production of nanowires has been made possible by electrochemical methods using
physical templates [18] or by self-assembly [19]. At the same time, advances in the
development of the experimental tools have made it possible to evaluate nanometer scale
properties and materials. For example, researchers [20-26] have studied the formation of
gold nanowires through the necking of atomic point contacts. Marszalek et al. [27]
measured the quantized plastic deformation in gold nanowires under tension and
compression caused by individual slip events using atomic force microscopy. They also
identified an asymmetric yield behavior of gold nanowires, i.e., the magnitude of the
tensile yield stress is much larger than that of the compressive yield stress in very small
nanowires, but did not provide a mechanistic explanation for this yield stress asymmetry.
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Atomistic simulations have been used to study the inelastic deformation mechanisms in
nanometer scale materials. Horstemeyer [28] studied the length and time scale effects on
the plastic flow of fcc metals under a simple shear loading. Liang and Zhou [29] studied
the size and strain rate effects in tensile deformation of Copper nanowires. Sorensen [30]
demonstrated that for nanometer-scale materials, slip can take place by (at least) two
distinct mechanisms: the glide of a dislocation and the homogeneous shear of one plane
of atoms over an adjacent plane. These two slip mechanisms are also observed in the
atomistic simulation of Kang and Hwang [31]. Liang ef al. [32] revealed an increase in
the tensile yield stress of Copper [100] nanowires with a decreasing cross-sectional area.
They qualitatively attributed this size dependence to the initial compressive stress state in
the interior of nanowires.

Although various researchers have uncovered interesting phenomena regarding the yield
of nanometer scale materials, a comprehensive understanding of the mechanisms leading
to the observed behaviors is lacking, especially the quantitative understanding of the
surface stress effect. Free surfaces play two important roles in the yielding of nanowires:
(i) free surfaces act as preferential nucleation sites for defects; (ii) and surface stresses
exist on the surfaces of nanowires. The latter effect of surface stress on the yielding of
nanowires can be appreciated by examining the magnitude of the intrinsic compressive
stress in the interior of the nanowires induced by the surface stress (Figure 5.1).
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Figure 5.1. Magnitude of the surface-stress-induced intrinsic compressive stress, |£J J,.-| . in
fee gold [100] wires as a function of the wire width.

Tensile surface stress on metal surfaces induces compressive stress in the interior, and at
equilibrium the tensile surface stress and the induced intrinsic compressive stress balance
each other. For a [100] wire, with [010] and [001] side surfaces and a square cross-
section, the induced stress can be given by continuum estimate to be:
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Ooim =| 0 %Gf 0 .1
| 0 0 %of |
with
o, =-4fllA=-4f]l (5.2)

where f is the surface stress, / is the width of the wire, and 4 =/ 2 is the cross-sectional

area. Figure 5.1 was generated using a value of f =1.57 J/m? (Table 5.1), which is

the surface stress in an fcc gold {100} surface calculated using an Embedded Atom
Method (EAM) potential [33].

Table 5.1. Surface stresses on gold surfaces from the EAM potential (see [15] for details
of the calculation), density functional theory (DFT) calculation [41,42], and experiment

[43].

Surface (i) Directions (j) fi EAM  f; DFT  fExperiment
{100} Isotropic 1.57 4.57 1.175
{111} Isotropic 1.76 2.77
{110} (111) 1.32 —

(112) 1.11 —

Shear -0.31 —
{o11} (100) 0.89 —

(0T1) 1.54 —

Shear 0 —
{112} (111) 1.12 —

(170) 1.37 —

Shear 0 —

Regardless of the method used to calculate or measure surface stress (Table 5.1), the
magnitude of the intrinsic stress, ‘0 fl , in wires of nanometer size is significant, on the

order of MPa to GPa, and can alter or drive numerous stress-induced phenomena, such as
plasticity.
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The objective of this work is to use atomistic simulations to quantitatively study the
effect of free surfaces on the yielding of metal nanowires. We will mainly focus on [100]
nanowires with a square cross-section because of the high symmetry they possess, which
makes them amenable for quantitative study. The main results of surface stress effects
apply to nanowires of other orientations and of other cross-sectional shapes. Specifically,
we examine the role of the free surfaces in the nucleation of defects in nanowires, study
the dependence of the yield stress and yield strain on nanowire size, orientation, and
loading conditions (tension vs. compression), and attempt to explain the yielding in terms
of the resolved shear stress (RSS) in the observed slip direction on the observed slip
plane, which is exerted by both the surface-stress-induced compressive stress and
externally applied force. Even though we perform seemingly simple uniaxial loading, the
yielding of nanowires is actually a complicated three-dimensional problem due to the
surface stresses.

5.2 Simulation Methods

We perform atomistic simulations with the embedded atom method (EAM) potential for
fce gold [33], in which the total energy of a system of atoms is given by

i=i)

. 1
U= E[F,.(pm 5 Eqb,,(r,,-)) (53)
where ¢, is the pair interaction between atoms i and j whose separation is given by r;,
F, is the embedding function, which is the energy required to embed an atom of type i
into the background electron density p, at site i, p, is given by a linear supposition of
spherically averaged atomic electron densities. The parameters in the EAM potential are

fit to the sublimation energy, equilibrium lattice constant, elastic constants, and vacancy
formation energy [33].

The slip vector defined by Zimmerman et al. [34] is used to quantify and visualize the
plastic deformation in nanowires:

5 ==L Dt xon) (5.4)

n

s B=a

where 7 is the number of the nearest neighbors of atom o, n, is the number of slipped
neighbors, and x* and X* are the position vector difference of atoms « and § in the

current and reference positions. The slip vector magnitude is 1.67A for a {111} <112>
partial slip and 2.89A for a perfect {111}<110> slip in gold.

The virial stress for a system of atoms is defined [35-37] as
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where Q is the volume of the system, m,and v, are the mass and velocity of particle i,
F; is the force between atoms i and j, and the indices o and B denote the Cartesian

components. The first summation term on the right side of eq. (5.5) is due to the thermal
vibration and is zero in static simulations. The second summation term in the right side
of eq. (5.5) is due to the inter-atomic force and can be identified with the Cauchy stress in
the average sense [36,37]. Since the temperature in our simulations is very low (2 K), the
contribution from the first term is negligible and the virial stress is a reasonable measure
of the average stress state in the nanowires. Eq. (5.5) can be decomposed into

1
n* =—>oa”?, 5.6
G2 (5.6)
with

——{ -myiv; +—-2F“ £y (5.7)

]#l

and 2 w,=Q. Eq. (5.7) can be used as a definition of an atomic level stress associated
with atom i, with @, taken as the effective volume of the atom i.

Throughout this paper, four stress measures are employed:

i) The stress averaged over the whole system (virial stress, II) as shown in
eq. (5.5), which is equivalent to the Cauchy stress. Because we performed
uniaxial loading on the nanowires, only IT''is non-zero and is equal to the
external force divided by the cross-sectional area. We will simply denote
IT" as II since all other components are zero.

(i)  The atomic level stress defined for an individual atom (eq. (5.7)), denoted
as ;.

(ii))  The average of the atomic level stress over a subsystem of atoms and
denoted as . Due to the heterogeneous nature of the nanowires, in
addition to the stress components, 7''and &', other components of the
stress 7 and % can be non-zero even for uniaxial loading.

(iv)  The stress used in continuum modeling, denoted as @.

To calculate the resolved shear stress (RSS) in a slip direction on a slip plane for a
general stress state, we use the Schmidt factor tensor defined as:

a’ = %(nitj +n't) (5.8)
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where n is the slip plane normal (unit vector) and # is the slip direction (unit vector) on
the slip plane. For uniaxial loading, the RSS corresponding to the stress measures (i), (ii)
and (iii) defined above, can be calculated using the Schmidt factor tensor as:

T=Y Yl'a’ =1"a" = mll | (5.9)
i

=Y Yala’ (5.10)
i

t=> Y ala’ (5.11)
i

In eq. (5.9) we have only one term in the summation since virial stress components other
than II'' are zero for uniaxial loading, and m is the uniaxial Schmidt factor. Uniaxial
tensile and compressive Schmidt factors, m, for the most favorable {111}<112> partial
slip systems in the [100] and [111] nanowires with atoms in bulk lattice are shown in
Table 5.2.

Table 5.2. Uniaxial tensile and compressive Schmidt factors, m, for the most favorable
{111}<112> partial slip systems in the [100] and [111] nanowires with atoms in bulk fcc

lattice.
Orientation Compressive Tensile
Lead Trail Lead Trail
{100} 0.47 (4 systems) 0.24 0.24 (8 systems) 0.47
{1 1 1} 0.16 (6 systems) 0.31 0.31 (3 systems) 0.16

Due to the large yield strain of nanowires, the Schmidt factor tensor at the onset of yield
is different than that in the bulk lattice; this is taken into account by using the slip plane
normal and slip direction at the onset of yield in calculating the RSS.

Gold nanowires oriented in [100] direction with a square cross-section and (010) and
(001) side surfaces were created with atoms in bulk fcc lattice. Periodic boundary
conditions (PBCs) are used in the length direction and the periodic length is
approximately three times the width of nanowires. For this aspect ratio, the imposed
PBCs do not affect the yield behavior of the nanowires. Because of the tensile surface
stresses on the {100} side surfaces, the nanowires created in this way are not in
equilibrium and contract upon relaxation; we call the resulting strain in the length
direction, with respect to the unrelaxed configurations, the equilibrium strain, & .
Dynamic relaxations were performed at low temperature (2 K) using molecular
dynamics.

Starting from the equilibrium configuration of the nanowires, we next performed uniaxial

tensile and compressive loading on the relaxed nanowires until yield. We displaced all
the atoms in accordance with a prescribed uniform strain in the length direction, fixed the

72



periodic length in the length direction, and then dynamically relaxed the nanowires at 2 K
for 200 ps with 0.004 ps per time step to obtain the equilibrium configurations of the
nanowires at the prescribed strain. The equilibrium state of the nanowires was
determined by allowing the virial stress, II, to saturate as a function of time. The
nanowires typically reach equilibrium after 100 ps and the stress averaged over the
second 100 ps is used as the stress of the nanowires. For each nanowire, we repeated the
loading process until yield with a varying strain increment at each loading step. A large
strain increment is used in the first several steps, then the step size is gradually reduced,
and the step size is reduced to 0.05% just before yield.

To expedite the simulations, we explored the possibility of using static simulation
(conjugate gradient method) as an alternative in the first a few steps well before yielding.
We compared the exclusive dynamic uniaxial tensile loading with a mixed static/dynamic
uniaxial tensile loading on the 2.65nm x 2.65nm nanowire. In the mixed uniaxial tensile
loading, the nanowire is loaded statically in the first five steps and dynamically in the
remaining steps. The two methods show little difference in both yield stress and yield
strain, so this mixed approach was used for all simulations. We use dynamic relaxation
at low temperature instead of static relaxation in the last a few steps to introduce small
thermal noise to facilitate the yielding of the nanowires, and also to observe the detailed
yielding process.

We also performed simulations on a [111] nanowire with a nearly square cross-section
(4.08 nm x 3.98 nm) with (1 12) and (110) side surfaces, and a [100] nanowire with a
size of 2.74 nm x 2.74nm and (011) and (01 1) side surfaces.

5.3 Resuults
5.3.1 Relaxation of the nanowires

Figure 5.2 shows the strain in the length direction during the dynamic relaxation process,
with respect to the initial unrelaxed configurations as a function of relaxation time for
two nanowire sizes. The 2.65nm x 2.65nm nanowire shows only the development of
elastic strain as a function of time and the saturated strain is the equilibrium strain, €.
Figure 5.3 shows the equilibrium strain, &, of the [100] nanowires as a function of the
width of nanowires. The magnitude of the equilibrium strain, ¢, increases with a
decrease of the nanowire width. However, as the width of an fcc [100] nanowire
decreases below 2.45nm , yield occurs upon relaxation (fig. 5.2). The 2.24nm x 2.24nm
nanowire (fig. 5.2) contracts elastically initially, and when the strain reaches
approximately 7.3%, the wire yields. Elastic contraction and yield occur repeatedly
during further relaxation.

Figure 5.4 shows the slip planes of the 2.24nm x 2.24nm nanowire in the first yield event

(fig. 5.2). Two partial slips occur in the nanowire. Figure 5.5 shows the details of the
nucleation and propagation of a partial dislocation on a slip plane shown in fig. 5.4.
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Figure 5.2. The strain in the length direction during the dvnamic relaxation process, with
respect to the initial unrelaxed configurations as a function of relaxation time for two
nanowire sizes.
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Figure 5.3. The equilibrium strain, € , of the fec gold [100] nanowires as a function of
the nanowire width. The equilibrium strain of the [111] wire and the [100] wire with
{110} side surfaces are also shown. Shown in the inset is the cross-section of a [100]
nanowire.

The slip vector is ]g[il 1] in the (111) plane and the partial dislocation nucleates from an

edge and propagates along the [011] direction into the nanowire, leaving a stacking fault
behind.

The 2.74 nm x 2.74nm [100] nanowire with (011) and (0T1) side surfaces has an
equilibrium strain of a much smaller magnitude (Fig. 5.3) due to the much smaller
surface stress component along the length direction (Table 5.1). The 4.08 nm x 3.98 nm
[111] nanowire also has a much smaller magnitude of equilibrium strain (Fig. 5.3) due to
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the larger modulus in the [111] direction and the smaller surface stress component along
the length direction (Table 5.1). There is also a shear deformation in the [111] nanowire

caused by the shear surface stress component on the [liD] side surfaces (Table 5.1).

I

{a) 13936 ps Ll oA L3 1a 14
{c) 1408 ps

(b} 1395.2 ps

——
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{d) 1408 ps
Figure 5.4. Slip planes in the first yielding event (fig. 5.2) of the 2.24nm x 2.24nm
nanowire upon relaxation, Atoms are colored according to the slip vector magnitude
defined in eq. (5.4) and only the atoms that have slip vector magnitude close to that of the
{111}/ <112= partial slip are shown in (a,b,c), while in (d) all atoms are shown.



) 13952 ps {d) 1408 ps
Figure 5.5. Nucleation and propagation of a {111}<112> partial dislocation on a slip
plane (fig.4) of the 2.24nm x 2.24nm nanowire. Only three adjacent <111> layers are
shown and atoms in different layers are shown in different colors.

5.3.2 Tensile and compressive yielding

Figure 5.6 shows representative stress (IT)-strain curves for the [111] and [100]
nanowires subject to uniaxial tensile and compressive loading. Both wires deform
elastically until a critical point is reached, and the wire yields. This initial yield results in
a significant drop in stress under the displacement controlled loading. The strains in Fig.
5.6 are calculated with respect to the relaxed configurations. Note the significant tensile-
compressive yield stress asymmetry exhibited by the [100] nanowires.

Figure 5.7 shows the tensile and compressive yield strain as a function of the width of the
[100] nanowires. The magnitude of the compressive yield strain decreases as the
nanowire width decreases. Also shown is a measure of the compressive yield strain that
is calculated with respect to (wrt) the unrelaxed nanowire length; it does not change
significantly with the nanowire width. This implies that a smaller nanowire yields at a
smaller compressive strain primarily because it has contracted more upon relaxation to
equilibrium from its unrelaxed length driven by the surface stresses (fig. 5.3).
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Figure 5.6. Representative stress (11 )-strain curves for [111] and [100] nanowires
subject to uniaxial tensile and compressive loading. The nanowire size is approximately
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Figure 5.7. Uniaxial tensile and compressive yield strain as a function of the width of the
[100] nanowires.

The tensile yield strain increases as the nanowire width decreases. However, the
magnitude of the tensile yield strain calculated with respect to the unrelaxed nanowire
length does not change significantly with the nanowire width. This implies that a smaller
nanowire yields at a larger tensile strain primarily because it has contracted more upon
relaxation to equilibrium from its unrelaxed length driven by surface stresses and this
larger contraction has to be overcome in tensile yielding. As shown in Fig. 5.2,
nanowires smaller than 2.45nm x 2.45nm yield under their own surface stresses; in order
to generate their tensile stress-strain curve we did not relax them, but loaded them
directly from their bulk atomic positions. Their tensile yield strains, with respect to the
unrelaxed nanowire configurations, are also shown in fig. 5.7.
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Figure 5.8 shows the uniaxial tensile and compressive yield stress, IT,, as a function of

the wire width. The tensile yield stress increases slightly with a decrease of the nanowire
width, while the magnitude of the compressive yield stress decreases. Again, nanowires
smaller than 2.45nm x 2.45nm yield under their own surface stresses and no external
compressive force is necessary. Note that the tensile yield stress is significantly larger
than the magnitude of the compressive yield stress for all wire sizes considered,
consistent with the representative results in Fig. 5.6.

The yield mechanisms of both the compressive and tensile yielding are the same as in the
surface-stress-induced yielding of the 2.24nm x2.24mm nanowire, i.e., through the
nucleation and propagation of {111}<112> partial dislocations (Figs. 5.4, 5.5) from edges
of the nanowires.
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Figure 5.8. Tensile and compressive yield stress, I1,, as a function of the [100] nanowire

width. Wires smaller than 2.45nm x 2.45nm yield upon relaxation under their own
surface stresses. These of the [111] nanowires and the [100] nanowires with {110} side
surfaces are also shown.

Figure 5.9 shows the tensile yielding of the 2.65nm x 2.65am fcc gold [100] nanowire.
We notice that both partial {111}<112> and perfect {111}<110> slip events occur in the
tensile yielding of the nanowire. The perfect {111}<110> slip is formed by two
sequential (leading and trailing) {111}<112> partial slips that occur on the same {111}
planes. The passage of the trailing dislocation in tensile yielding and not in compressive
yielding is consistent with the higher uniaxial Schmidt factor of the trailing dislocation
under tension, but not under compression (Table 5.2).

The yield mechanism of the [111] nanowire is the same as in the [100] nanowires, i.e. via
the nucleation and propagation of {111}<112> partial dislocations from the edges. In the
tensile yielding of the [111] nanowires, only partial {111}<112> slip occurs. In the
compressive yielding of the [111] nanowires, both {111}<112> and {111}<110> slips
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occur, and the {111}<110> slip is formed by two sequential (leading and trailing)
{111}<112=> slips on the same {111} planes. Again, the trailing slip occurs because the
uniaxial Schmidt factor is larger in the trailing slip system (Table 5.2).

(a) 25.6 ps

(d) 64 ps
ey

12 1§ 16 M 4

(e) 64 ps
L -

(c) 388 ps T T S
Figure 5.9. Tensile yielding of the 2.65nm x 2.65nm foc [100] nanowire. Atoms are
colored according to the slip vector defined in eq. (5.4) and only the atoms that have
slipped are shown in (a,b,c.d), while all atoms are shown in (e).

5.4 Discussion

Table 5.2 summarizes the uniaxial Schmidt factors, m, for the most favorably oriented
{111}<112> partial slip systems in the [100] and [111] nanowires under uniaxial tensile
and compressive loading. Figure 5.10 shows the critical RSS, T, . (just before yield) in
the observed leading slip direction on the observed slip plane as a function of the
nanowire width. The critical RSS, T, has a strong size, orientation, and loading
direction (tension vs. compression) dependence, and thus cannot serve as a criterion for
the yielding of the nanowires. In the pursuit of such a criterion, we next examine the
stress state in the nanowire and RSS distribution on the slip planes during the relaxation
and loading processes.
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Figure 5.10. The critical RSS, T,, in the leading slip direction, on the observed slip plane,

as a function of the [100] nanowire width, along with those for the [111] nanowire and
the [100] nanowire with {110} side surfaces.

5.4.1 Relaxation of the nanowires

Figure 5.11(a) shows the distribution of atomic level stress, &'', on the cross-section of

the unrelaxed (non-equilibrium) 2.65nm x 2.65nm [100] nanowire. The atoms in the
outmost two surface layers are in a tensile stress state and the stress in the interior is
negligible. The stress in the surface layers is the origin of the surface stress and is the
driving force for the relaxation of the nanowires. Upon relaxation, the surface stress
induces compressive stress in the interior, and at equilibrium the tensile surface stress and
the induced intrinsic compressive stress balance each other. Figure 5.11(b) shows the
distribution of the atomic level stress, z'', on the cross-section of the relaxed

(equilibrium) 2.65nm x 2.65nm nanowire. The tensile stress in the outmost two layer
decreases upon relaxation, and interior region is in a compressive stress state. The stress,
7', in the interior of the relaxed nanowire is quite uniform and has an average value of

A" =-2.23GPa in the interior (we hereafter define the interior of a nanowire to be all the
region excluding the outmost two surface layers), well estimated by the continuum model
of eq. (5.1) and (5.2) (0y,, =0, =—4 f /1 =-2.32GPa). From the continuum model (eqs.

,int
5.1, 5.2), the magnitude of the induced compressive stress scales inversely proportional to
the width of the nanowires. The smaller the nanowire, the lager the magnitude of the
induced compressive stress, and the larger magnitude of the equilibrium strain, & (fig.
5.3). In the same manner, tensile surface stress components in the x; and x3 directions
also induce compressive stress in the interior of the nanowires (fig. 5.1).
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(b}
Figure 5.11. Distribution of the atomic level stress, «'', on the cross-section of the (a)

unrelaxed and (b) relaxed 2.65nm x 2.65nm [100] nanowire. Only two layers of atoms
are shown since the stacking sequence is ABAB in the length direction.

5.4.2 Tensile and compressive yielding
If we make the simple assumption that the external uniaxial force is uniformly sustained

across the cross-section of a nanowire, then the stress in the interior of the nanowire at
the onset of yield can be given by continuum estimate to be:

og.+o0, 0 0
O = 0 %ol, 0 (5.12)
0 ﬂ Eﬂf

where o =11, (Fig. 5.8), which is equal to the uniaxial external force divided by the
cross-sectional area. Figure 5.12(a) shows the stress, ', in the interior of the nanowire

Just before compressive yielding and it is very uniform. Figure 5.12 (b) shows the stress,
x'', in the interior of the nanowire just before tensile yielding and it is also quite uniform.
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Note that the sign of the stress in the interior is reversed from compressive to tensile
during the tensile loading, driven by the externally applied tensile force.

BB B W W W WA g

(b)
Figure 5.12. Distribution of the stress, &', on the cross-section of the 2.65nm x 2.65nm
nanowire just before (a) compressive and (b) tensile yielding.

Figure 5.13 shows the average stresses, m'" and &%, in the interior of the [100]
nanowires just before compressive yielding as a function of wire width and the

corresponding continuum estimate (Eq. 5.12): o!', and o},. Figure 5.14 shows the

average stresses, 7' and 7, in the interior of the [100] nanowires just before tensile
yielding as a function of wire width and the corresponding continuum estimate (Eq.
5.12): ' and o . The continuum model (Eq. 5.12) predicts well the average stresses

¥ v, *
in the interior of nanowires except for very small nanowires.
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Figure 5.13. The average stresses, &' and &%, in the interior of the [100] nanowires
Jjust before compressive yielding as a function of wire width and the corresponding
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Figure 5.14. The average stresses, ®'' and &7, in the interior of the [100] nanowires
Jjust before tensile yielding as a function of wire width and the corresponding continuum
estimate (eq. 5.12). , o'\  and o2,
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5.4.3 Resolved shear stress and yield criterion

Figure 5.15 shows the distribution of the RSS, 7, in an observed slip direction on an
observed slip planes of the 2.65nm x 2.65nm nanowire, (a) unrelaxed, (b) relaxed (t,)
and (c) just before compressive yielding (7,), and (d,e,f) during the slip process. The

RSS, 7, is essentially zero in the interior of the unrelaxed nanowire, has an average value
of 7,=0.56GPa in the interior of the relaxed nanowire, and increases to 7, =0.66GPa

just before compressive yielding. Note that the RSS, 7, in the surface layers is negative
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and is thus opposite to the observed slip direction; its magnitude decreases when relaxed
and decreases further during the compressive loading process. This means that the
nucleation and propagation of the partial dislocation is driven by the RSS in the interior,
not by that in the surface layers.

Figure 5.15. Distribution of the RSS, T, in an observed slip direction on an observed slip
planes of the 2.65nm x 2.65nm [100] nanowire, (a) unrelaxed, (b) relaxed (t,) and (c)
Jjust before compressive vielding (t,) and (d.e.f) during the slip process. The slip planes

meet the periodic boundary and start from the opposite side, so only parts of the slip
planes are shown.

Figure 5.16 shows the RSS, 7, in an observed leading slip direction on an observed slip
plane (fig. 5.9) of the 2.65nm x 2.65nm nanowire, (a) unrelaxed ( r,), (b) relaxed, (c) just
before tensile yielding (7,), and (d.e,f) during the slip process. The RSS, 7, in the

interior is essentially zero in the unrelaxed nanowire, has an average value of
7, =-0.28 GPa in the relaxed nanowire, changes from negative to positive during the
tensile loading, and has an average value of 7, =0.80GPa just before tensile yielding.

Note that the RSS, 7, is much larger in the surface layers where the partial dislocation
nucleates than in the interior. Dislocation nucleation involves the dislocation moving
away from its image at the surface and creating stacking fault, which implies that there is
a nucleation barrier at a critical distance from the surface. It is at this distance that the
nanowire must attain a critical RSS. An ill-defined dislocation may easily nucleate at a
surface with high RSS; a full-fledged dislocation nucleates only after the RSS at a
distance from the surface reaches a critical value. Once nucleated, a dislocation will
propagate quickly throughout the nanowire since it is much easier to propagate a
dislocation.
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Figure 5.16. RSS, T, distribution in an observed slip direction on an observed slip plane
(fig. 5.9) of the 2.65nm x 2.65nm [100] nanowire, (a) unrelaxed (1), (b) relaxed, (c) just

before tensile yielding (t,). and (d.e.f) during the slip process. The slip planes meet the

periodic boundary and start from the opposite side, so only parts of the slip planes are
shown.

While the dislocation nucleation criterion is still a topic of considerable study [38,39].
dislocation nucleation in a nanowire seems related to the RSS in the interior for both the
compressive and tensile yielding based on the above reasoning. Since the RSS, 1, in the
interior of a nanowires is quite uniform, its averaged value over the interior of the
nanowire just before yield ( 7,) is calculated and shown in fig. 5.17. The critical RSS, 7,

does not change significantly with the nanowire size and can thus serve as a “local”
yielding criterion. That is, when the RSS averaged over the interior of a nanowire, T,
reaches a critical value 7, the nanowire yields. This local criterion is enhanced by the

fact it also applies to nanowires of different side surfaces; the [100] nanowire with (011)
and (01 1) side surfaces (fig. 5.17) has almost the same critical RSS’, T,, as in the [100]
nanowires with (010) and (001) side surfaces. However, the critical RSS, 7, still

depends on orientation and loading condition (tension vs. compression), suggesting a lack
of a universal Schmidt-law-type criterion for the yielding of nanowires.

Since the average stress in the interior of a nanowire is well predicted by the continuum
model (Eqgs. 5.1, 5.2 and 5.12) except for very small nanowires, so is the average RSS, T,
in the interior. This implies that the local criterion can be of practical use if the critical
RSS, 1, is known. That is, the average RSS, 7. in the interior of a nanowire, which is

exerted by both the surface stress and external uniaxial force, can be estimated from the
continuum model and compared with the critical RSS, i'_ﬁ, to determine if the nanowire

will yield.
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Figure 5.17. The critical RSS, T,, averaged over the interior of the [100] nanowires just

before compressive and tensile yielding. These of the [111] nanowires and the [100]
nanowires with {110} side surfaces are also shown.

In an effort to explain the orientation and loading condition (tension vs. compression)
dependence of the critical RSS, 7, we examined the effect of the normal stress on the

{111} slip plane on the yielding. We displaced one block of atoms relative to another
along a <112> direction on a {111} plane with different normal stresses applied on the
{111} slip plane (see ref. [40] for details of the simulation method). With normal stresses
comparable to these observed in the nanowire simulations applied, the change in the
maximum shear stress is negligible compared to the maximum shear stress itself. So to
first order accuracy, the yielding of the nanowires is not strongly influenced by the
normal stress on the slip plane. The orientation and loading condition (tension vs.
compression) dependence of the critical RSS, 7,, is probably due to the fact that the

structures (lattice spacing) of the nanowires before yielding are very different from each
other. For example, due to the very large yield strain, the lattice spacing in the length
direction of the [100] nanowires just before tensile and compressive yielding is as large
as 15% apart (fig. 5.7).

The local criterion can be invoked to explain the size dependence of the yielding. The
RSS, 7, averaged over the interior of a nanowire has contributions from both the external
forces and surface-stress-induced intrinsic compressive stress. For compressive yielding,
these two contributions have the same sign and enhance each other. The smaller the
nanowire, the larger the contribution from the surface-stress-induced intrinsic
compressive stress, and the smaller external force is required to make the nanowire yield.
When a [100] nanowire is smaller than 2.45nm x 2.45nm, the nanowire yields under its
own surface-stress-induced intrinsic compressive stress and no external force at all is
necessary.

86



For tensile yielding, the two contributions have opposite signs. The external force must
first overcome the surface-stress-induced compressive intrinsic stress to make a nanowire
yield under tension. The smaller the nanowire, the larger the magnitude of the intrinsic
stress that have to be overcome, and the larger external force is required to make the
nanowire yield.

The uniaxial Schmidt factor (Table 5.2) for the most favorable {111}<112> partial slip
systems in the [100] nanowires is larger under compression than under tension, and thus
makes it easier for [100] nanowires to yield under compression. The surface-stress-
induced intrinsic compressive stress also contributes to compressive yielding and has to
be overcome in tensile yielding. The critical RSS, 7, is smaller for compressive yielding

(fig. 5.17) than for tensile yielding. These three factors together explain the significant
tensile/compressive yield stress asymmetry (fig. 5.6, 5.8) in the [100] nanowires.

For the [111] nanowires, the Schmidt factor for the most favorable {111}<112> partial
slip systems is larger under tension than under compression (Table 5.2), thus makes it
easier for [111] nanowires to yield under tension; but the surface-stress-induced intrinsic
compressive stress contributes to compressive yielding. These two factors cancel each
other and the yielding of the [111] nanowires is quite symmetric (Fig. 5.6).

5.5 Conclusions

We have identified two key factors that have to be considered in the yielding of metal
nanowires: (1) intrinsic stress in the wire induced by surface stress, and (2) different
active slip systems for nucleation and propagation of dislocations. The two factors lead
to a much different yield behavior in nanowires relative to bulk single crystal and
polycrystalline materials. Our main conclusions are:

1. The tensile surface stresses on the side surfaces of metal nanowires cause them to
contract along the length with respect to bulk fcc lattice and induce compressive
stress in the interior of the nanowires. Below a critical size, the surface stresses
can induce yielding on its own.

2. Nanowires yield via the nucleation and propagation of {111}<112> partial
dislocations under external forces and surface stresses.

3. A local yield criterion based on the RSS in the interior of the nanowires is
proposed and invoked to explain the observed size dependence of the yielding
behavior.

4. The magnitude of the tensile yield stress is much larger than that of the
compressive yield stress for very small [100] nanowires, due to the effect of
surface stress and different slip systems active in tensile and compressive
yielding. For [111] nanowires these two factors cancel each other and the
yielding of [111] nanowire is quite symmetric.
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6 Incipient Yielding Behavior During Indentation for
Gold Thin Films Before and After Annealing

We study the deformation mechanisms and mechanics during indentation of
polycrystalline gold thin films at depths below 100 nm. The measured material hardness
decreases from 2.1 + 0.1 to 1.7 = 0.1 GPa after annealing for 4 hours at 177 °C. Upon
closer inspection, the hardness trends in the gold thin films were discovered to vary
according to the indentation depth. At nanometer depths, the material hardness was
quantified using multiple parameters, some of which are independent of the area
calibration for the tip. The annealed specimen was very “hard” at low indentation depths,
relatively soft at moderate indentation depths, and finally harder until the grain-size limit
was reached. The as-deposited specimen demonstrated a relatively continuous harness
trend as function of indentation depth, exhibiting monotonic convergence to Hall-Petch
limited behavior. Discrete displacement jump events (excursions or “pop-ins”) were
frequently observed for the annealed specimen, but not for the as-deposited specimen.
Variation in hardness, excursion activity, as well as displacement during the hold at
maximum load was observed according to the applied loading, which was parametrically
varied at constant strain rates. Hardness results are explained in terms of the population
and evolution of defects present within the specimens. The population of point defects is
also influential, and critical thermal fluctuations, as well as the thermally activated
process of diffusion, are believed to influence hardness at the specimen’s free surface and
further into its volume. After converging to a monotonic trend (proper tip engagement),
the modulus of the gold was measured to be 106.0 + 12.9 and 101.3 + 6.0GPa for the
respective Au/Cr/Si specimens. These values exceed predictions from the aggregate
polycrystalline material theory, a representation used to estimate results for anisotropic
single crystals. Exaggerated modulus measurements are explained as the result of the
contribution of modulus mismatch with the substrate, pile-up at the indenter tip, residual
stress in the films, and crystallographic anisotropy of the gold.

6.1 Introduction

Studies of the instrumented indentation of gold thin films include [1,2,3,4,5,6,7,8,9].
Researchers have also examined the indentation behavior of other thin face centered cubic
(FCC) metal films including copper [10,11], aluminum [2], nickel [12], and silver [13,14].
Almost all of these studies demonstrate increased hardness compared to bulk specimens
of the same material. Greater hardness is often seen in association with decreased grain
size in thin film specimens. Because of the association between strength and grain size,
grain size has been systematically altered in studies according to deposition technique [2],
deposition conditions [3,6,9], and through the use of post-deposition annealing
[3,4,9,10,12,13]. In other studies, hardness was altered by maintaining specimens at
clevated temperatures while performing indentation [1,7]. In some instances, the
occurrence of discrete deformation events, i.e. excursions or “pop-ins”’, was observed
during loading [2,5,8,9]. Such aberrant behavior during indentation has been associated
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with dislocation formation [5,15], twinning [14], friction between the tip and specimen
[16], oxide fracture [17], phase transformation [18], film cracking or delamination [4], or
the crushing of surface asperities.

Indentation of polished then annealed single crystals of gold [15,20] or silver [21], for
example, has provided evidence of an “indentation size effect” phenomenon. The
indentation size effect refers to an initially high hardness at small indentation depths,
converging to the bulk value as the indentation into the specimen becomes increasingly
deeper. The effect typically applies to indentation depths in the submicrometer range,
and is distinctly different than a strain gradient-based size effect, i.e. strain gradient
plasticity, which may dominate at a larger scale (micrometers) [22]. Even early on
[15,19], the indentation size effect was explained according to the sudden nucleation and
propagation of dislocations in defect free volumes of material at the specimen’s surface as
opposed to the inhibited motion of dislocations in an increasingly defect rich material at
greater depths within the specimen. It is worth noting that the evolution of dislocations is
not the only potential cause of an indentation size effect at nanometer scales. For
example, the interaction between the indenter tip and surface of the specimen may also
play a role.

Recent work has demonstrated an indentation size effect that is influenced by the
occurrence of excursion activity [9]. This study also illustrated a decrease in excursion
activity (and maximum contact pressure) near grain boundaries as well as an initial
softening of the specimen, followed by hardening in films containing relatively few grains
within the sample volume. Others have recently suggested that incipient plasticity may
be influenced by point defects [23], therefore any associated excursion activity may not
be truly homogeneous in nature. If so, then initial plasticity would always be influenced
by the specimen temperature as well as the applied strain rate, because of the thermally
activated nature involved in the evolution of point defects. Lastly, the recent compression
of ion-milled gold films has suggested the existence of a “dislocation starvation”
mechanism [8], where, for specimens of a certain size, dislocations may escape more
rapidly than they are formed. These recent insights suggest that the indentation of even
basic thin film specimens is not fully understood.

We aim to further understand the deformation of metal films by studying the indentation
of Au thin films. Unlike many previous studies we control the properties of the specimen
(grain size) by annealing specimens made in the same fabrication batch. Also unique to
our study, we investigate the effect of the applied loading, i.e. the strain rate, for very
small sample volumes of material. We also emphasize unique hardness trends at very
small indentation depths and demonstrate that hardness can crossover at small depths
between as-deposited and annealed materials. The various phenomenon we identify and
analyses we perform are critical at very small indentation depths and are useful when it is
not possible to perform indentations in relatively soft metals to depths exceeding 100 nm
due to physical size limitations. The specific goals of our study are to gain insight into the
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incipient plasticity mechanisms at (excursions & aberrant activity, loading profile),
measure expected material property values (hardness and modulus), and evaluate
indentation test procedures (property value convergence, etc.) at sub 100 nm depths.
Finally, our study is unique in this regard because we examine “intermediate”
polycrystals, and not ideal dislocation free single crystals or defect rich polycrystalline
macroscopic materials.

6.2 Experimental Techniques

A series of designated test structures was fabricated using the Multi-User MEMS
Process (MUMPs) provided by the MEMSCAP Corporation [24]. The process is most
often used to create microelectromechanical systems (MEMS) structures. Here, however,
the MUMPs was used to create more traditional thin metal film specimens (of millimeter-
sized square geometry) and not miniaturized structures. In one of the final steps of the
standardized procedure, a 500 nm thick layer of gold (99.999% purity) is deposited using
e-beam evaporation, with the chamber being nominally unheated. After being cut to size,
separate specimens were annealed at room temperature or 177 °C for 4-hours. The
annealing temperatures are sufficiently low such that the 20 nm thick chromium layer,
used to adhere the gold to the polycrystalline silicon underneath, was not observed to
diffuse into the other materials [25].

A Nano DCM (MTS Systems Corp.) was used to indent into the specimens with a
diamond Berkovitch tip at room temperature. When performed in “continuous stiffness”
mode [26], instrumented indentation can be used to obtain the hardness and modulus of a
material at discrete instances (unloading events) throughout its thickness, according to the
Oliver-Pharr method [27]. Once the tip has engaged the material’s surface, the machine is
capable of resolving applied load increments lesser than 1 pN, with displacement
resolution less than 1 nm. Based on knowledge of the methods as well as the standard
deviation of the data sets, instrumented indentation is accurate to within about 5-10% of
the measured values, being most repeatable when the results of multiple indentations are
averaged.

Specifics details of the indentation experiments are as follows: Immediately prior to the
tests, the instrument was calibrated against the elastic modulus of fused silica [27], with
the area coefficients for the tip being chosen to achieve a good fit to the CSM data, even
at shallow depths, i.e. 50 nm. After calibration, the modulus and corrected (Berkovitch)
hardness for the fused silica sample were determined to be 73.6 + 0.8 GPa and 10.5 + 0.2
GPa, respectively. For the measurements, the sink-in parameter, €, was assumed to be
0.75 and the tip geometry factor, B, was assumed to be 1.05, based on recent
investigations [28]. A series of 15 indents was made at a constant (loading) strain rate
[29] of 0.500, 0.100, 0.050, 0.010, or 0.005 s'. A mismatch exists between the modulus
of the gold and that of the silicon, therefore, as proposed in the literature [30], the contact
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depth of ~10% of the film thickness was observed in order to avoid the effect of substrate
compliance. That is, indentation into the specimens was performed no deeper than 60 nm,
with material property values extracted at the maximum depth. The test procedure
consisted of a “trapezoidal” loading profile, which consists of an applied loading, then a
hold at the maximum load for 30 seconds to stabilize the material, then unloading at
constant strain rate, and finally a hold at 10% of the maximum load for 30 seconds to
obtain a thermal drift correction. To ensure isolation between tests, spacing between
indents was at least 75 um. After testing, the precise location of the specimen surface was
manually corrected from the P/h indentation profiles, but was typically already within 3
nm for an automated criterion based on a change in measured stiffness.

Scanning electron microscopy (SEM) was performed using a JEOL 5910 (JEOL Lmtd.).
Comparative pairs of secondary- (SEI) and backscatter- electron images (BEI) were
captured at five different magnifications. An acceleration voltage of 10 keV at the working
distance of 8 mm was used to limit the extent of beam penetration into the specimens,
thereby increasing the spatial resolution of the BEI data. The backscatter detector was set
to favor compositional contrast. A Dimension 3100 (Veeco Instruments, Inc.) Atomic
Force Microscope (AFM) was used to perform surface scans in tapping mode. The
radius of curvature of the RTESP (silicon) tips used is nominally 10 nm. The surface
locations were measured twice using 3A~3 pm scans with 512 pixels in each direction
(i.e., ~6 nm lateral resolution) and then processed using comparative thermal
compensation, plane-fit, and low pass filter routines.

6.3 Data Reduction Models and Methods

Indentation was performed at a constant strain rate according to the applied load, which
can be related to the standard (displacement based) indentation strain rate, Equation 6.1,
[29].

€ip =

=2%=2e',-h (6.1)

a1

In Equation 1, &;, represents the load based strain rate {s™}, P the applied load {N}, h the
nominal tip displacement into the specimen {m}, and &, represents the displacement
based strain rate {s"'}. The advantages of the constant strain rate loading include the
proportionally greater number of data points obtained at lesser indentation depths as well
as ideally constant hardness at greater indentation depths [29,48]. Because the Nano
DCM is load controlled in a closed-loop manner, the measured strain rate was seen to
converge to the specified value before the indenter tip was 2-3 nm into the specimen
surface.
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The effective modulus can be determined from

S+
Eg= ——— ‘ 6.2
! 2ﬁ A[hC] unload , ( )

and is evaluated during the unloading of the indenter tip [27]. In Equation 6.2, Ecs
represents the effective modulus {Pa}, S the unloading stiffness (9P/0h) {N/m}, =t the
mathematical constant (3.14159), A[h.] the area function for the tip {m”}, and h, the
corrected indentation depth {m}.

The effective modulus can be related to the specimen’s elastic modulus, given the elastic
properties of the indenter,

= + . (6.3)

New symbols introduced in Equation 6.3 include v, which represents the Poisson’s ratio
{unitless}, the subscript s, which represents the specimen and the subscript i, which
represents the indenter tip. E; and v; were assumed to be 1141 GPa and 0.07, respectively,
for the diamond indenter tip. Perhaps most noteworthy, the Poisson’s ratio of the
specimen must be known a priori in order to calculate the modulus from the plain strain
modulus, E.s, Equation 3. The modulus of 115.3 GPa and Poisson’s ratio of 0.37 might
be expected for the gold, based on the <111> anisotropic values, i.e. the dominant texture
of the gold films [25,31-33]. The indentation of a single crystal has been studied, even
for the case of highly anisotropic material [34,35]. These studies suggest that the Hill
material property values (the average of the isostress and isostrain conditions) are
reasonable estimates, even when indenting anisotropic single crystals. Furthermore, the
stress distribution beneath an indenter tip is not purely compressive, rather it is multi-
axial. For example, the principle stress magnitudes were seen to vary in a 3:2
proportional for the out of plane relative to the in-plane directions in finite element
analysis of a uniform gold alloy material [36]. The strain field can span several grains
within a polycrystalline material, depending on grain size and indentation contact area.
Therefore, modulus of 77.7 GPa and Poisson’s ratio of 0.43 were assumed for the gold,
based on the polycrystalline aggregate values [37]. Note that the influence of material
anisotropy on hardness has been examined in the literature [38].

The mean contact pressure, sometimes referred to as the “universal hardness”, is given by
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P

U =— 6.4
ALH] (6.4)

instantaneous

In Equation 6.4, H, represents the contact pressure {Pa}, which may be determined at any
instant during indentation from the contact area function. For soft metals, such as gold,
the universal hardness is typically very close to the value of the corrected (Berkovitch)
hardness.

The area function for the tip is given in [27],

8
Alh] = ECn(hC)Z_n = Cohc? + Cihe + Cahct ...+ Cshcé_“. (6.5)

n=0

The function is primarily based on the tip’s projected area of contact [39], with additional
terms included for correction, particularly at shallow depths. In our experiments, the first
five coefficients were determined and then utilized in data reduction.

The Hertzian fit for elastic contact is described in [40],

3
4~+Rh2Ez

3 (6.6)

P Hertz =

The equation may be used to approximate the force present for elastic contact between
the indenter tip and the specimen at very shallow indentation depths, when the blunted
Berkovitch tip typically acts as a spherical indenter. The variable Pyer, represents the
Hertz contact force {N}, and R the tip radius {m}. The tip radius was estimated to be 110
nm, when Equation 6.6 was compared to the CSM indentation of the fused silica
calibration standard. For CSM data, a single term area function, Equation 6.2 and
Equation 6.5, can also be used to determine the tip radius, with the C; value being equal
to the quantity 2xR, and other C, values being zero.

The “Berkovitch fit” for fully developed contact is described by

Psenc = Coh*Hpa . (6.7)
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The equation may be used to estimate the force acting on the tip when it has fully
engaged the specimen and the blunted tip effect is negligible. In Equation 6.7, Pgeri
represents the Berkovitch contact force {N}, Cy the coefficient from the area function at
large depths (here 24.5174), and Hyy the fully developed hardness {Pa}. In this case, a
value of 2.1 GPa was assumed for the gold films based on the maximum (strain
hardened) value observed for the as-deposited film.

The mean stress for the case of Hertzian contact is given in [40],

P 4hEy

OH ,mean = . 6.8
TRh 37[& 68)

In the case of elastic loading, Equation 6.8 may provide a more accurate representation of
the local stress than Equation 6.4. Equation 6.8 is of greatest utility when the tip may be
approximated as spherical, i.e. a good fit for Equation 6.6. Variables used in Equation 6.8
are already defined, except for, Oy mean, Which represents the local mean stress {Pa}.

6.4 Results

Results of SEM characterization of the gold films are shown in Figure 6.1. The
backscattered images demonstrate a nano-scale grain size in the as-deposited material,
with secondary (so-called “abnormal”) grain growth observed as the result of annealing.
During annealing, many grains grow to become sub-micron sized or greater, i.e. > 160
um’. Note that some abnormal grains are seen even in the as-deposited gold, Figure 6.1.
Results for multilayer (Au/Cr/Si) microcantilever structures constructed within the
MUMPs fabrication batch are explored in much greater detail in [25]. Briefly, the films
featured a dominant <111> crystallographic texture with a minor <001> component. The
sub-surface defect structure of the tapered columnar grains contained numerous twins,
with relatively few line defects being observed, even after annealing.
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As-deposited 2um—— Annealed 177 °C 2 um
Figure 6.1. Backscattered SEM micrographs demonstrating the grain size and geometry
for the as-deposited and annealed gold films. Greater detail is shown in the second
(lower) image pair, which was obtained at higher magnification.

AFM surface profiles are shown in Figure 6.2, and are quantified in Table 6.1.

As-deposited Annealed 177 °C
1 pm

Figure 6.2. AFM profiles of the surface of the as-deposited and annealed gold thin film
specimens. The nodular surface texture is virtually identical for both of the specimens.
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Table 6.1 Numerical results for AFM characterization. The roughness values suggest that
the surfaces shown in Figure 6.2 are indeed very similar.

Thermal Treatment
Roughness | )¢ qeposited | 177¢C
{nm}
Ra 3.62 3.74
Rrms 4.52 4.67
Rmax 355 441

The surface profiles demonstrate a uniform nodular surface texture, with some near-
surface porosity, i.e. “dimples”. In Figure 6.2, the surfaces of the two specimens are not
obviously different, despite their different thermal histories and vastly different sub-
surface grain structure, Figure 6.1. The similar nature of the surfaces is also apparent in
Table 6.1, for both the average and rms (standard deviation) roughness. The nodule and
dimple size was found to be 59 + 13 and 55 + 14 nm in diameter, respectively [25]. Note
that grain boundaries were not observed in Figure 6.2 or in prior AFM characterization
[25], where annealing at 225 °C enabled chromium and silicon diffusion and obvious
grain delineation was observed only in SEM. The roughness values observed here are,
however, ~60% less than those measured previously for microcantilevers made in the
same fabrication batch. The difference is attributed to the different instruments used to
characterize the films and the values presented here are believed to be more accurate.

Representative indentation profiles are shown in Figure 6.3. Figure 6.3 compares an as-
deposited specimen to another annealed at 177 °C for 4 hours.
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Figure 6.3. Indentation loading profiles for as-deposited and annealed specimens. Note
that the profiles intersect for indentation depths between 10 and 30 nm but both become
parallel to the Berkovitch fit at deeper depths.

The profiles for the two specimens, both indented at a constant strain rate of 0.050 s, are

observed to consistently intersect between depths of 10 and 30 nm. The slope of each
indentation profile is observed to become parallel to the ideal Berkovitch loading curve at
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greater depths, Figure 6.3. Note that the Berkovitch fit shown in Figures 6.3 and 6.4 is
based on the converged hardness of as-deposited specimen; a second such fit might be
separately applied to the annealed specimen, because of its greater grain size and
corresponding lesser hardness at large indentation depths. However, at low indentation
depths, the Hertzian fit is more appropriate for comparison between the as-deposited and
annealed specimens. Each of the illustrated profiles, Figure 6.3 and 6.4, are typical for
the two specimens, at the various loading rates utilized. Also, all indentation profiles
were observed to occupy the region between the Hertz and Berkovitch fits, which might
be considered the upper and lower bounds for the indentation experiments.
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Figure 6.4. Initial portion of indentation loading profiles, Figure 6.3 for the as-deposited
and annealed specimens. The annealed specimen adheres well to the Hertz fit, until
discrete excursion events are observed in its profile. The as-deposited specimen is more

similar to the Berkovitch fit.

The indentation behavior of the two specimens is drastically different at low depths,
where the annealed specimen is observed to reproducibly emulate the Hertz fit, Equation
6.6, until step-like excursions occur at the depth of 5 nm, Figure 6.4. The as-deposited
sample has a load-depth profile essentially parallel to the Berkovitch fit, Equation 6.7,
although it becomes offset from this curve at low depths due to the imperfect shape
(finite radius) of the experimental indenter tip. For the as-deposited specimen, excursions
are not observed, but the loading profile is somewhat irregular. Aberrant behavior is
summarized in Table 6.2. In the table, the total number of profiles demonstrating
excursions was tallied, taking into consideration events that were (a) occurring at single
force (i.e. horizontal) during loading segment, (b) rapid or discontinuous in nature (few or
no intermittent data points), and (c) greater than 1 nm in depth. For the annealed
specimen, some excursions resulted in sudden 5-10 nm penetrations into the material. It
should be noted that for the annealed specimen, at least 2/3 of the observed excursions
were of the size range between 1-2 nm. For the as-deposited specimen, no excursions
larger than ~1 nm were observed. Table 6.2 demonstrates a significantly greater number
of excursion events in the annealed specimen, particularly for the slower loading rates.
Loading using constant strain rate was particularly helpful in investigating excursion
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activity, since more data points are recorded near the material’s surface, where excursions
most frequently occurred.

Table 6.2. Summary of aberrant behavior for as-deposited and annealed specimens. The
annealed specimen demonstrated a significantly more frequent number of excursion
events, particularly at slower loading rates.

THERMAL STRAIN RATE 4 EXCURSIONS | # TESTS

TREATMENT {Hz}
0.005 1 12
0.010 1 13
AS-DEPOSITED 0.050 0 15
0.100 1 12
0.500 0 9
TOTAL 3 61

PERCENT 4.9

THERMAL ) STRAIN RATE | 4 excURSIONS | # TESTS

TREATMENT {Hz}

0.005 9 12
ANNEALED 0.010 8 13
77 DEG C 0.050 9 15
0.100 5 15
0.500 2 15
TOTAL 33 70

PERCENT 471

Representative modulus and contact pressure (universal hardness) are shown in Figure
6.5 and Figure 6.6 for an as-deposited and annealed specimen, respectively.
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Figure 6.5. Modulus and contact pressure/universal hardness for as-deposited specimen,
characterized to deeper depths. Elastic modulus of the specimen is shown only after it

has converged to a stable behavior trend.
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Figure 6.6. Modulus and contact pressure/universal hardness for specimen, annealed at
177 °C. This specimen demonstrates discrete activities (drops in pressure/hardness) near
its surface. Elastic modulus of the specimen is shown only after it has converged to a

stable behavior trend.

The nomenclature “contact pressure” is used at low indentation depths where hardness is
inappropriate in a classical sense. At larger depths, where permanent impressions will
result from the indentation testing, the nomenclature “universal hardness” is used. The
mean contact pressure and universal hardness are both defined by force divided by
instantaneous contact area, Equation 6.4, although the term hardness can be misleading at
ultra low depths where samples deform only elastically and the force divided by the
projected area approaches at zero as the applied load is decreased towards zero. Both
specimens were indented at a constant strain rate of 0.050 s, however the particular tests
in Figure 6.5 and Figure 6.6 are different than those shown in Figure 6.3 and Figure 6.4.
Upon converging to a stable behavior trend at 30 nm, the tip is thought to be properly
engaged to the surface, after which the modulus of each specimen is observed to steadily
increase (as shown). The measured moduli are nearly identical for both specimens, Figure
6.5 and Figure 6.6. However, differences between the contact pressure/universal hardness
are much more significant. For the as-deposited specimen, Figure 6.5, contact pressure is
seen to increase until a stable behavior trend is observed at 40 nm. At this point hardness
is seen to slightly increase, but remains relatively constant. For the annealed specimen,
Figure 6.6, contact pressure is seen to very sharply increase upon initial surface contact.
At 10 nm, the contact pressure suddenly decreases at the same depth that an excursion is
observed in the loading profile. Contact pressure for the annealed specimen increases
once again, until dropping off suddenly at 45 nm into the surface. Beyond this depth, the
hardness of the material becomes more constant, but is notably lesser than that of the as-
deposited specimen. Note that during the initial contact, Figure 6.6, the universal
hardness, Equation 6.4, might be considered a lower limit of the mean stress, whereas the
Hertzian mean stress, Equation 6.8, might be considered an upper limit of the mean stress
(only universal hardness, Equation 6.4, is shown in Figure 6.6).

Indentation results for all loading rates, Equation 6.1, are averaged and summarized in
Table 6.3.
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Table 6.3 Summary of indentation parameters for the as-deposited and annealed
specimens. Note that modulus and hardness depend on the tip area calibration, whereas
the other parameters do not. Standard deviations are 1 o.

RETAINED | PILE-UP/
HARDNESS C1 n1 Kexp,
THERMAL MODULUS ! ' ' ; ENERGY SINK-IN
TREATMENT UNIVERSAL | LOADING |LOADING |LOADING RATIO RATIO
{GPa} {GPa} {uN} {unitless} {GPa} {%} {%}
AVG 106.0 2.1 0.70 1.54 74.3 85.0 80.7
AS-RE

CEIVED ST DEV 12.9 0.1 0.37 0.12 244 1.3 6.3
ANNEALED AVG 101.3 1.7 0.50 1.56 52.7 89.0 86.7
177 DEG C ST DEV 6.0 0.1 0.19 0.06 9.6 1.4 4.4

The parameters of specimen modulus and hardness are known to depend on the tip’s area
calibration, Equation 6.2 and Equation 6.4, whereas the other parameters in Table 6.3
may be obtained independent of the tip calibration. The power law fit (P=C;h™") and
Kexp values [42] are obtained from the loading profile. The power law and Kexp values
are both influenced by elastic as well as plastic activity occurring during indentation.
Kexp may specifically be utilized to decompose the loading profile between elastic and
plastic contributions. Note that Kexp should not be confused with the specimen- or
machine-compliance. Next, the retained energy ratio and pile-up/sink-in ratio are listed in
Table 6.3. The elastic energy during indentation may be determined from the area under
unloading profile, whereas the total energy of indentation may be obtained from the area
under loading profile. The retained energy ratio is therefore compares the difference
between the total elastic and total energy relative to the total energy. Lastly, the pile-
up/sink-in ratio (h¢hy,) [27] is given in Table 6.3. The values are greater than 0.7,
suggesting that some pile-up may occur during indentation, particularly for the annealed
specimen.

One curious result concerns the tip displacement occurring during the hold at maximum
load, Table 6.4.

Table 6.4. Summary of universal hardness and displacement during the hold at maximum
load at the various applied strain rates. Slightly greater hardness as well as more
obviously increased displacement during the creep hold are seen for faster strain rates.

STRAIN | HARDNESS, DISPLACEMENT,
THERMAL ATE | UNIVERSAL CREEP
TREATMENT R SEGMENT
{Hz} {GPa} {nm}
0.005 1.9 1.9
0.010 2.2 25
AS-RECEIVED 0.050 21 44
0.100 21 5.3
0.500 23 9.1
0.005 18 1.6
ANNEALED 0.010 15 2.0
177 DEG C 0.050 16 4.0
0.100 16 45
0.500 1.8 7.2
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In the table, there is an obvious trend that occurs according to the loading rate. That is,
the displacement occurring during the “creep hold” at maximum load increases as the
indentation loading rate is increased. This trend is true for both the as-deposited as well
as the annealed specimens, being slightly more pronounced for the as-deposited

specimen. For the same data, hardness does not strongly vary according to the loadmg
rate, Table 6.4.

Lastly, the retained energy, Table 6.3, is more fully explored in Figure 6.7. In this case,
sets of 15 indentations were performed to various specified depths, including 60 nm. In
Figure 6.7, a difference between the as-deposited and annealed specimens is seen
between the depths of 10 and 70 nm. In this range, the annealed specimen is “more
plastic” than the as-deposited specimen, i.e. retains a greater amount of the total energy
of indentation. At small indentation depths the trend is reversed, the as-deposited
specimen retains more energy and thus is more plastic. Figure 6.7 also indicates the key
locations for convergence and utility of the various indentation parameters for the Au thin
films. For the annealed specimen, the Hertz fit (Equation 6.6) may be used to about 5-10
nm into its surface. Parameters of modulus, hardness, P/S* [43], retained energy ratio,
pile-up/sink-in ratio, and K converge to stable trends at the indicated depths, Figure 6.7.
Not all of the parameters converge at the same depth. Note that P/S? is another parameter
that is independent of the area calibration for the indenter tip. For both specimens, the
loading profile becomes parallel to the Berkovitch fit, Equation 6.7, at about 45 nm. In
Figure 6.7, the elastic parameters are seen to converge first, while the plastic and then
combined parameters (those depending on both modulus and hardness) converge next. A
similar series of events was observed in the fused silica calibration standard, except that
the series of convergence activities occurred at greater depths in this ceramic material.
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Figure 6.7. Comparison of retained energy, i.e. inelastic deformation, for as-deposited
and annealed specimens. Difference in retained energy is observed between 10 and 70
nm into the specimens. Depth locations at which key parameters converge to stable
behavior trends are indicated at the appropriate depths.
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6.5 Discussion

The experimental results indicate a difference in hardness between the as-deposited'and
annealed specimens, Table 6.3. At the depth of 60 nm, the greater hardness for the as-
deposited specimen might be attributed to its smaller grain size. The grain-size
strengthening phenomenon [44,45] is commonly associated with enhanced mechanical
strength, for example based on dislocation pile-up at grain boundaries. Grain boundaries
are more abundant in smaller grained materials, explaining the greater strength in the as-
deposited material. In the literature [3,4,9,10,12,13] grain size strengthening is used to
explain the enhanced yield or flow stresses for thin film materials, where the grain size
typically falls within the range of the Hall-Petch regime. Based on the Tabor
approximation [46], the flow stress of a metal at 8-10% strain can be taken as 1/3 of its
indentation hardness. Others have since suggested that the Tabor approximation
underestimates the plastic strength, for example when pileup occurs at the indenter tip in
non-work hardening materials [47,48]. Therefore, the values of 700 and 566 MPa might
be considered a conservative (lower bound) estimate of flow stress for the as-deposited
and annealed films, respectively. It should be noted that if the indentation profiles for the
annealed specimen not exhibiting excursions are excluded, then the material hardness
would be ~ 1.4 GPa, i.e. 6,, 10% = 466 MPa. All ¢, values mentioned are notably higher
than that of bulk gold ~ 120 MPa [48], as might be expected from the grain-size
strengthening theory. Note also that the aforementioned o, values are greater than the
thermally induced stresses observed in previous work [25], further suggesting that
dislocation based plasticity was not involved inelastic behavior observed in those thermo-
mechanical microcantilever tests. While the values in Table 6.3 confirm conventional
wisdom regarding grain size strengthening, Figure 6.3 suggests the results are much more
complicated since the hardness values vary according to indentation depth.

Closer examination reveals that, at indentation depths near the specimen surface, greater
contact force is required to deform the annealed specimen than the as-deposited specimen,
Figure 6.4. For the annealed specimen, contact pressure, as well as Hertzian analysis,
Equation 6.8, suggests that the stresses present often increase to within the range from 2
to 7.6 GPa, towards the theoretical limit, i.e. 15.3 GPa [5]. On the other hand, maximum
contact pressure or Hertzian stress is not seen to exceed 2 GPa for the as-deposited
specimen. Therefore, while no plastic flow has yet developed in the annealed specimen, it
might be argued that it has a greater load capacity or is more resistant to permanent
deformation at initial penetration depths than the as-deposited specimen. Furthermore,
the indentation profiles are seen to intersect at 10-30 nm, and beyond this depth the as-
deposited specimen requires greater contact force for equivalent indentation depth. When
the area of the tip is considered, it is seen that there is a drastic decrease in contact
pressure for the annealed specimen between 15 and 20 nm into its surface, Figure 6.6.
Additionally, the retained energy for the annealed specimen is seen to exceed that of the
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as-deposited specimen between a penetration of 10 and 70 nm into its surface, Figure 6.7,
suggesting a greater capacity for inelastic deformation. All sources of information
therefore indicate that the “hardness™ of the annealed specimen has drastically decreased,
being less than that of the as-deposited specimen. It should be noted that at these depths
the contact pressure measurements are subject to the tip area calibration, however the
loading profile (force) and retained energy are not. Lastly, the hardness of the annealed
specimen is seen to increase for continued indentation becoming parallel to that of the as-
deposited specimen as well as the ideal Berkovitch fit, Figure 6.3. In addition, the retained
energy of the annealed specimen is seen to converge and become equal to the as-deposited
specimen at greater depths, Figure 6.7. Therefore, it might be said that at greater depths
the annealed specimen becomes stronger and of more similar hardness to that of the as-
deposited specimen. In summary, the indentation of the annealed specimen is extremely
complicated, as the material is initially very “hard” at low indentation depths, becomes
softened at moderate indentation depths, and finally hardens during large depth
indentation.

Similar evolution of material hardness during indentation was recently reported in the
literature [9]. This study focused on thin gold films, except fabricated in multiple batches
with varying thickness and grain size. This study also considered the indentation location,
relative to the grains boundaries of the material. First, Lilleodden and Nix found that
indentation performed adjacent to grain boundaries resulted in a decrease in the maximum
load prior to excursion activity, i.e. decreased “hardness”. This decrease in sustainable
applied load was attributed to the grain boundaries, which were seen in atomistic
simulations to act as dislocation sources [5]. In our case, no particular attention could be
paid to grain boundaries, since they could not be identified (overt grain boundary grooving
occurs in our films only at more elevated temperatures, and also in conjunction with inter-
diffusion of chemical species [25]). Based on the SEM observations (Figure 1), however,
one can analyze the average number of grains in contact with tip during indentation of the
as-deposited and annealed specimens studied here, Figure 6.8.
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Figure 6.8. Average number of grains in contact with the indenter tlp at various depths
for the as-deposited and annealed specimens. Grain diameter of 0.1 and 1.0 um were

assumed for the respective specimens, representing a typical grain in the as-deposited
specimen and an abnormal grain in the annealed specimen.

To estimate the number of grains in contact with the indenter tip, the area of contact,
Equation 6.5, was divided by the area occupied by a 0.1 or 1 um diameter circle,
representing a typical grain in the as-deposited specimen or an abnormal grain in the
annealed specimen, respectively. A stark difference exists between the two specimens,
where many grains are contacted in the as-deposited film and only 1 grain is typically
contacted in the annealed film. Therefore, while not studied explicitly here, there is a
significantly greater chance that the indenter tip is outside the proximity of grain
boundaries (a defect source) in the annealed specimen.

We show complex depth dependent hardness evolution as well as the advent of excursion
activity using material made from the same fabrication batch given different heat
treatments. The evolution of material hardness can be attributed to the population of
defects in the gold specimens [9]. At first, for the annealed specimen, few (or no)
dislocations are present, but may become generated through applied loading. In this first
regime, Figure 6.9, the material deforms only elastically and may sustain very significant
stress (very high contact pressures) prior to dislocation nucleation.
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Figure 6.9. Data comparison (load- and contact pressure/universal hardness vs. depth)
for annealed specimen, indented again at 0.050 s, In Regime I deformation is purely
elastic, followed by “softening” (defect formation and propagation) in Regime II, defect
accumulation in Regime III, and continued hardening towards the grain size limit in
Regime IV. Briefly resumed elastic loading may occur in Regimes 1I and 111, often
Jfollowed by excursion(s).

Proximity to dislocation sources, such as grain boundaries, surface defects (pores, steps),
and internal defects can limit the depth of the initial elastic loading regime. Regime I may
end suddenly, which is often indicated by an excursion on the load-depth curve. While not
examined explicitly, we believe the aberrant behavior in our study is predominantly
associated with line defects. Once dislocations have formed, few such defects are present
in the material, and the dislocations propagate readily. In Regime II, Figure 6.9,
“hardness” is suddenly diminished or may gradually decrease as defects rapidly advance
into the material, motivated by applied loading, annihilation of oppositely-oriented
defects, or short-range repulsion (strain fields in the lattice between similarly oriented
defects). Depending on the geometry, the material may retain some of its initial hardness
as the result of dislocation starvation [8]. In Regime III, Figure 6.9, defect density
increases, while at the same time defects become impeded by the grain boundaries. For the
third regime, flow stress typically varies in proportion to the square root of dislocation
density, as popularized by Taylor and others [32]. The material is therefore hardened as
the defect density is increased. Lastly, within Regimes II and III, defect evolution may
become less prominent, and the loading may temporarily seem predominantly elastic. For
this “resumed elastic loading”, typically terminated by aberrant behavior, the indentation
(P/h) profile will parallel the Hertzian fit, and the hardness profile will notably increase.

Resumed elastic loading might occur if defects suddenly escape or become annihilated [8].
Perhaps more likely in Figure 6.9, the indenter tip itself or its corresponding and more
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sizeable strain field come to affect fresh, adjacently located grains. Note also that in
Regimes II and II that excursions may occur in association with the spontaneous
generation of defects and not just the resumed elastic loading. In Regime IV, Figure 6.9,
back-stresses, entanglement, or pileup eventually inhibit defect activity. For most thin
films, the defect population becomes limited by grain size, and hardness is achieved as
might be predicted by Hall-Petch!. Note that the applied strain field exceeds the area of
contact, Equation 6.5, therefore the number of grains stressed is underrepresented in
Figure 6.8. In very thin films, defect population might also become limited if dislocations
are forced up against the substrate interface. It is worth noting that in Regime IV the
indentation may affect multiple grains (boundaries) and that the thickness of the film is
finite, therefore strain-gradient indentation size effect common to large single crystals
deformed to large indentation depths is not realized for thin films. The process of
dislocation formation may, however, very much contribute to the indentation size effect
observed in larger specimens, where the process is not as limited by the specimen’s own
volume. Lastly, the effected specimen volume in Regime IV will tend to average out
(minimize) resumed elastic loadings as well as excursions because the relative amount of
fresh material becomes increasingly smaller as indentation is continued.

While the four regimes described above provide a physical explanation for the variation in
hardness observed during indentation, some important details have not yet been
considered. First, the interaction between defects and the free surface have not been
considered. Gold is a material that can sustain little more than a monolayer of native oxide
[50]. A more robust surface oxide may act as a redistributor of the applied load as well as
an inhibitor of defect evolution. It is less clear how factors such as surface free-energy,
surface chemistry/diffusion, or contamination (discrete particles or monolayers) influence
indentation hardness at the small depths performed here, if at all. Surface texture and
defects (pores or steps) may influence indentation hardness, particularly if they affect the
true contact area at the tip. For example, the unevenness in the loading profile for the as-
deposited specimen may result from the crushing of individual surface asperities
(nodules), which should become less influential as the depth (sample volume) of
indentation increases. At shallow depths, the true shape of the tip, convoluted with the
local surface misalignment, may be even more significant than surface morphology. Still,
the (partially) annealed specimen demonstrated excursion activity even though the
specimen itself was not subject to careful surface preparation, i.e. mechanical polishing
followed by annealing, followed by electro-chemical polishing.

In addition to surface features, the influence of point defects has not yet been considered.
Recall that vacancy clusters have recently been linked to incipient plasticity [23]. Thin

! Using the 6,, 10% values as o, and corresponding grain sizes (“d”) for the gold thin film specimens, a
Hall-Petch fit [32] yields o, = 357.8 MPa and k = 108.2 MPa um®’. These values are somewhat different
than o, = 78 MPa and k = 250 MPa um®’, the Hall-Petch coefficients in [41], obtained based on the yield

strength of freestanding tensile specimens.
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films often contain many excess vacancies as the result of their formation process, e.g.
sputtering or evaporation [51,52]. To some extent, our specimens may be dissimilar
because excess vacancies, which contribute to dislocation nucleation, may have been
removed in the annealing process. Lastly, the presence of pre-existing twins was not
considered in the literature [9,23]. From previous work [25], it is known that our
specimens contain multiple through-thickness twins in both the as-deposited and
annealed condition. The interaction between defects and twins or stacking faults is not
well studied in thin film materials. For that matter, the interaction between strain and so-
called “annealing” twins, as well as the twins’ own deformation mechanisms, have not
been studied extensively in the literature. It is unclear, for example, if the twins here will
aid (source) or hinder defect activity. In Figure 6.4, for example, it is possible that
excursions may occur in association with twin boundary motion. Study of the influence of
point defects and twins remains for future work, for example in-situ nanoindentation
microscopy studies.

As in the literature for larger indentation volumes [19], our experiments suggest that the
hardness of very small volumes exhibits a dependence on loading rate, Table 6.4. Based on
the literature [23], the lower applied strain rates might be expected to result in a reduction
in maximum load prior to excursion activity. A lesser initial “hardness” for lower applied
strain rates is expected because the more prolonged loading duration allows more time for
a critical thermal fluctuation (vacancy activity) to occur, facilitating dislocation formation.
Indeed, a greater number of excursions was typically seen in the annealed specimen for
slower indentation rates, Table 6.2, where the greater loading period increases the
likelihood of defect initiation. Once formed, the slower loading rates also allow greater
time for the defects to propagate, which is likewise a thermally activated process.
Therefore enhanced initiation and propagation of defects are both expected to result in a
decreased hardness for slower loading rates. Ignoring the outlying data points at the lesser
strain rates, a slight hardness trend was observed, Table 6.4, although the trends are not
strong. Decreased displacement during the creep hold for lesser strain rates, Table 6.4, is a
more prominent trend believed to be related to thermal activation, which is more likely to
have occurred during more prolonged loading periods. The influence of strain rate upon
hardness may not be as prominent or it simply may be overwhelmed by other factors,
including regions locally populated by many small grains as well as the variability of
measurement. It should be noted that a better distinguished correlation (between strain
rate, hardness, displacement during the creep hold, and even Kexp) of the type suggested
was seen in experiments (not shown here) performed on the near-surface indentation of
silver and nickel single crystals. These results suggest that the effect of strain rate extends
to very small volumes of material.

As opposed to the hardness measurements, the modulus measurements should be more
straightforward. Material modulus is not expected to change in response to annealing
unless considerable inter-diffusion of the AwCr/Si layers occurs or the preferred
crystallographic texture is altered. Therefore the change in the power-law fit parameters
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(Cy, nl) as well as Kexp, Table 6.3, are attributed to change in the inelastic behavior of the
gold specimens. The measured modulus values of 106.0 + 12.9 and 101.3 = 6.0GPa for
the as-deposited and annealed specimens are the same, within the range of error.
However, the values are more similar to that of <111> oriented gold, i.e. 115.3 GPa, than
the value predicted by polycrystalline aggregate theory, i.e. 77.7 GPa, which might be
expected for large sample volumes in single crystals [34]. For comparison, the modulus of
gold thin films measured in the literature is 84.9 [1], 111.3 [3] 115 [4], 99.2 [5], 76.5 [6],
and 88.6 [7]. Several of these values presented in the literature are also outside of the
isostress and isostrain limits (68.4 and 87.0 GPa, respectively [33,37]), and are similar to
our values.

To begin with, the extraction of measured parameters at 10% of the thickness is an
approximation, and more precise techniques exist for extrapolating the modulus to a
material’s surface, thereby decoupling a thin film from its substrate [53]. Because the
modulus does not converge to a monotonic value, Figure 6.5 and Figure 6.6, the modulus
mismatch between the film and substrate is likely present at very shallow depths in both
specimens causing the modulus of the film to be overestimated during indentation.
Second, some pile-up at the indenter tip is expected, as gold is a soft metal and not prone
to work-hardening. Pile-up around the tip would result in a greater area of contact than is
anticipated by the measurement technique, therefore modulus and hardness would be
exaggerated, Equation 6.2, Equation 6.4. Third, consider also that a tensile residual stress
exists within the gold film, which is greatly enhanced by the annealing process [25].
Analysis in the literature suggests the presence of tensile stress in a thin film specimen
will reduce its hardness and modulus [54], counteracting the first two effects. Lastly, the
anisotropic nature of the thin films may influence the modulus measurements. To begin
with, by considering the raw displacement and the lateral space between indents, the
surface of the gold was aligned to the axis of loading by 4.6 + 0.6° and 3.2 = 0.2° for the
as-deposited and annealed specimens, respectively. The <111> primary texture, common
to many FCC thin metals films, is the most elastically rigid of the lower order
crystallographic orientations, whereas the <001> sub-component is the most compliant
[32]. At this point the measured modulus for small indentation volumes has not been
studied in great detail for anisotropic single- or poly-crystals, where for example stress
and strain may be accommodated grain boundaries of differently oriented grains [55]. The
exact contribution of modulus mismatch, pile-up, residual stress, and material anisotropy
remains for future research.

6.6 Conclusions

We have studied the sub 100 nm indentation of Au thin films before and after annealing.
Key results include:
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1.

The nominal material hardness was seen to decrease from 2.1 + 0.1 to 1.7 + 0.1
GPa after annealing. Discrete loading events (excursions, or “pop-ins”) were also
seen as the result of annealing the films. Upon closer inspection, the hardness of
the gold was found to vary in a complex manner, according to the indentation
depth. The depth-dependent variation in hardness (high load capacity, softening,
hardening, then size-limited hardness) for the annealed specimen is explained
according to its defect structure. For the annealed film, defects must first be
generated, then transmitted, until the defect population achieves its limit, based on
the grain size or layer thickness. Interaction with other grains of fresh material
may manifest itself as “resumed elastic loading” activity followed by excursions,
which become less prominent as the sample volume increases. In the as-deposited
film, the defect population limit is more readily achieved because of its much
smaller grain size and the force required to load the indenter tip increases in a more
uniform manner. Also, a greater number of grain boundaries, which may act as
defect sources, are immediately contacted for the as-deposited specimen.

Variation in hardness as well as displacement during the “creep hold” at maximum
load was observed according to the applied strain rate. Also, a greater number of
excursions were seen in the annealed specimen for slow loading rates. This
demonstrates that the importance of loading rate extends to very small volumes.
The prolonged loading period at lesser strain rates statistically favors defect
enabling critical thermal fluctuations. Greater hardness and displacement during
the creep hold was seen for the faster loading rates. This variation is also thought
to be greatly influenced by the population of point defects within the material.
Critical thermal fluctuations influence defect generation, i.e. initial “hardness”,
while thermal activation enables defect propagation, i.e. continued hardness. The
influence of twin defects, regarding depth-dependent hardness or strain rate, is
even less understood than point defects.

The modulus was found to be 106.0 + 12.9 and 101.3 £ 6.0GPa for the respective
specimens. These values are about 33% greater than the value of 77.7 GPa
predicted from the aggregate theory, applicable to large sample volumes.
Measured values may be artificially increased by the modulus mismatch with the
substrate, pile-up at the indenter tip, the anisotropic film texture, as well as the
grain size. Modulus would be expected to be decreased by the tensile stress
present in the gold specimens. The impact of the crystallographic texture as well
as the extent of contribution from each of these factors for small sample volumes
remains for future research.
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